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Preface

The presence of residual stresses in materials and components can have an important influence
on their behaviour. Residual stresses can be introduced during manufacture and/or use by
such processes as mechanical forming operations, welding and heat treatments. Generally
those processes that result in near surface residual compression are beneficial and enhance
resistance to failure whereas those that produce surface tension usually aid the onset of
cracking which can lead to premature fracture.

Certain manufacturing operations, such as machining and welding, can produce undesir-
able surface residual tension. Often it is necessary to apply heat treatments to relax these
stresses prior to use. For high-performance applications in, for example, the acrospace, auto-
motive and chemical process industries where cyclic loading is involved, manufacturing
operations such as shot peening, autofrettage, chemical surface treatment and laser sur-
face hardening are often employed deliberately to introduce beneficial surface compression
to enhance resistance to fatigue failure. In order to predict the influence of residual stress
on material or component behaviour, it is essential to have an accurate knowledge of the
magnitude of the stresses generated.

Residual stresses can be determined by experimental methods or by calculation from
models of the processes responsible for their production. The experimental methods can be
destructive or non-destructive. The destructive methods usually involve cutting or drilling
operations to relax the residual stresses. The residual stresses are then calculated from the
resulting dimension changes. Mostly the non-destructive methods use diffraction techniques.
With this approach elastic strains are measured and residual stresses calculated from the
elastic properties of the materials concerned. Diffraction techniques can employ conventional
X-rays, synchrotron radiation or neutrons. In the former case only surface determinations of
stress, to less than 100 pm deep, can be made unless progressive polishing away of the surface
is used. With synchrotron radiation and neutrons, penetration depths of a few millimetres or
centimetres, respectively, can be achieved in specific materials. The determination of residual
stresses from models requires an accurate understanding of the processes responsible for the
stresses and of the elastic and plastic properties of the materials being investigated. This
book concentrates on the experimental determination of residual stress by the synchrotron
radiation and neutron diffraction methods.

The book consists of individual chapters which are authored by an international collection
of the foremost specialists in the field of residual stress measurement. The book is effectively
split up into four parts dealing with, respectively, the principles of the techniques, how
stresses are extracted from the strain measurements, the measurement procedures employed
and applications to particular fields of study. The main emphasis is on the neutron diffraction
method since this is the most established technique.
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Both methods can only be applied to crystalline materials. Initially each method is dis-
cussed in turn. The theory of the interaction of neutrons with specific crystallographic planes
to produce lattice strains is reviewed and procedures for generating neutrons covered. There
is then a similar presentation of the synchrotron radiation method. It is described how the
process provides a very intense beam of high-energy X-rays which can be used to determine
elastic strains by diffraction in the same way as with neutrons.

Part 2 deals mainly with the factors that have to be taken into account in calculating stresses
from the experimental measurements. It is described how three types of residual stress can be
identified. These are separated into what are commonly called macro residual stresses (type I)
and micro residual stresses (types II and III). The macro residual stresses are those which
exist over the scale of the dimensions of a sample or component and are of most interest
for engineering stress analysis and continuum mechanics applications. The type II stresses
are those which exist across grains as a result of the anisotropy of grains and the constraints
to deformation that occur between them. They can also exist between different phases in
materials or composites. Type III microstresses are those residual stresses that are produced
at the atomic level due to the presence of defects and precipitates in materials. The choice
of crystallographic planes on which to make measurements for particular applications is
discussed. Methods of extracting macro- and microstresses from the data are presented. The
most appropriate elastic constants for use in calculating stresses in mono- and polycrystals
are considered, as is the role of texture. The information needed to determine the full residual
stress sensor is also discussed.

Specific experimental measurement techniques for obtaining residual stresses are exam-
ined in Part 3. Several types of instrument have been developed. Designs which employ a
monochromatic beam of neutrons and those which use a pulsed polychromatic beam are both
described. Detector systems and data analysis procedures are discussed. The principles of
obtaining residual stresses from neutron transmission measurements of Bragg edges are also
presented. Recent advances in the development of the synchrotron radiation technique are
then outlined.

The final part considers a range of applications of the techniques. It is shown that neutron
diffraction can be employed successfully for measuring residual stresses in single crystal
and large grained materials, metals, ceramics and composites. It is demonstrated that it
can also be used to measure stresses close to and through surfaces although precautions
are required to avoid surface aberration effects. Manufacturing processes that are examined
include shot peening and welding. It is noted that with welding, and other situations where
metallurgical changes and/or gradients can exist, considerable care is needed in establishing
the appropriate stress-free crystallographic lattice spacing to adopt when determining strains.
The role of synchrotron radiation for performing rapid area strain scans and for identifying
steep stress gradients is also examined.

Synchrotron radiation and neutron diffraction are complementary non-destructive methods
for measuring residual stresses. The book is particularly timely. It is appearing at a time
when the neutron diffraction technique is becoming established and when an international
standard is to be issued recommending the experimental and data analysis procedures to be
adopted to ensure reliable determinations of residual stress. It is also appearing at a time
when dedicated synchrotron X-ray diffraction facilities are becoming available and more
accessible for making residual stress measurements. The book is timely, particularly, because
of the capability of modern computer analysis procedures. Sufficient computing power now
exists to allow advanced stress analysis and modelling calculations to be carried out. They
can be applied to components to account for the influence of residual stress on performance.
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In addition they can be used in material science studies for predicting the residual stresses that
are generated by different processes and within individual grains in polycrystalline materials.
These stresses can then be compared to experimental measurements to validate the models.

The book should prove to be a valuable reference source for a wide audience. It is relevant
to the fields of engineering and materials science. It is particularly appropriate to all students,
researchers and industrialists with an interest in residual stress.

Prof. George A. Webster
Department of Mechanical Engineering
Imperial College, London SW7 2BX
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Part 1

General applications of
neutron and synchrotron
radiation to materials
research






1 The use of neutrons for
materials characterization

C. H. de Novion

1.1 Introduction and historical background

The neutron was discovered by Chadwick in 1932. The fission of the uranium nucleus, that s,
its splitting in two fragments after having absorbed a neutron, was demonstrated in 1938 by
Joliot-Curie and Hahn. The fission process leads to the emission of a few neutrons, making
a chain reaction possible: nuclear reactors work on this principle.

As any moving particles, neutrons have a wave character (the “matter waves” first put
forward by de Broglie around 1923). Because their mass is close to that of individual atoms,
slow neutrons in thermodynamical equilibrium with a medium at ambient temperature (such
as the moderator in a fission reactor), called “thermal” neutrons, have altogether a wave-
length of the order of interatomic distances in condensed matter (~0.1nm), and kinetic
energies close to atomic vibration energies (~1072eV). They then give rise, like X-rays,
to diffraction by crystalline solids; moreover, within the solid, they also can absorb or emit
quanta of collective vibration energy (“phonons”), raising the possibility of spectroscopic
studies (e.g. measurement of elastic wave dispersion curves) by inelastic neutron scatter-
ing. Both phenomena, diffraction and inelastic scattering, are observed by analysing the
change of direction and speed of thermal neutrons “scattered” by a sample of solid or liquid
matter.

Thermal neutron diffraction and inelastic scattering by crystals, theoretically predicted,
were experimentally discovered in the late 1940s around the reactors built in the frame of
the Manhattan project in the US. The 1994 Nobel prize in physics was awarded to C. Shull
and B. Brockhouse for the development of neutron scattering techniques. Neutron scattering
was found at that time to be a unique method to study lattice dynamics and (because the
neutron bears a “spin” and an individual magnetic moment) to reveal the ordered magnetic
structures of crystalline solids [1]. Dedicated single crystal and powder spectrometers for
elastic (diffractometers) and inelastic (“triple-axis” instruments) scattering were installed on
multipurpose reactors built in the 1950s and the 1960s, the largest of which being those in
Oak Ridge, Brookhaven and Chalk River in North America.

A major progress was reached with the construction of the High Flux Reactor (HFR) of
the Laue-Langevin Institute (ILL) in Grenoble (resulting from a French—German initiative,
rapidly joined by the British), which opened in 1972, entirely dedicated to fundamental
research with thermal neutrons, and specially designed for this purpose. ILL initiated an
external user program, which progressively allowed it to receive a large number (> 1000 per
year) of scientists from many laboratories. The principle of an external user facility was then
applied in several other centers (e.g. the NIST Center for Neutron Research, Gaithersburg,
in the US).
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Very important technical progress was made in the 1960s and 1970s (e.g. “cold” and “hot”
neutron moderators, neutron guides, neutron polarization, etc.), and new neutron scattering
techniques developed: small-angle neutron scattering (SANS), quasi-elastic scattering by
time-of-flight (TOF), backscattering or spin-echo techniques, neutron reflectivity, etc. Pro-
gressively, neutron scattering broadened its applications to larger scientific domains: solid
state chemistry, liquids, soft matter, materials science, geosciences, biology, etc. (for a
general overview, see Ref. [2]).

Neutrons can also be produced by another type of nuclear reaction, called “spallation,”
obtained by hitting a target with protons (see below). Unlike the reactors, which produce
continuous neutron flux, spallation sources generate pulses of neutrons. Spallation sources
for neutron scattering were developed in the 1980s (first in Tsukuba, Japan and in Argonne,
US); presently, the most intense is ISIS, at Abingdon in the UK. Generally, it is estimated
that the potential of progress of pulsed spallation sources is much larger than that of reactors.
Several regional new pulsed spallation sources are either in construction (SNS at Oak Ridge
in the US), decided (in Japan) or planned (in Europe): they should allow major progress in
the structural and spectroscopic study of materials in the coming decades.

1.2 Characteristics of the neutron particle

The neutron is a particle of zero electric charge, of mass m = 1.67 x 10~2* g, of radius
ro = 6 x 1071%m, with a spin of 1/2 and a magnetic moment © = —1.9un (nuclear
magnetons). One may note that the mass of the neutron is practically equal to that of the
hydrogen atom (the proton and the neutron are two different charge states of the “nucleon”),
and its radius is 5-6 orders of magnitude smaller than the average size of an atom (~10~19 m).

The following relationships can be written between the properties of the neutron, consid-
ered either as a particle or as a wave: velocity v, energy £, momentum p, wavelength A,
wavevector k:

1 h? k2
Fk=mv=p, E=-mvV=—"s=—o
2 2mA2 2m

(h = h/2m: reduced Planck constant).

For example, thermal neutrons with a wavelength of 0.4 nm (=4 A) have a speed of 10 m/s
and a (kinetic) energy of SmeV.

It is interesting to note that the wave nature of the neutron has been directly demonstrated
by neutron interferometry experiments, quite analogous to light interferometry [3].

1.3 Production of neutrons

Neutrons are particles difficult and expensive to produce: one reason for this is the necessity
of biological protection and of safety procedures to prevent accidents.

Presently, two types of sources produce beams of thermal neutrons: nuclear fission (steady
state) reactors and neutron spallation (pulsed) sources. They are schematically shown in
Figures 1.1 and 1.2, respectively. The major neutron sources for fundamental research, and
some of their characteristics, are listed in Table 1.1.



“Orphée” reactor

: |

Figure 1.1 Perspective view of a fission reactor for thermal neutron beam production (the Orphée
reactor, located in Saclay, France; note that not all instruments have been drawn, for clarity):
(a), reactor hall: (b), guide hall: (c), computing facilities. (See Colour Plate 1.)
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Figure 1.2 Plan of the ISIS facility (spallation source and instruments), located in Abingdon, UK. (See
Colour Plate 11.)
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Figure 1.3 Wavelength distribution of thermal neutrons for several thermalization tempera-
tures T: (1) T = 1000K (“hot” neutrons), (2) T = 300K (“thermal” neutrons),
(3) T = 20K (“cold” neutrons). The wavelength range of width AA selected by a
monochromator is indicated.

A neutron source contains several components:

e It should produce the highest possible neutron flux (usually expressed in number of
neutrons/cm?/s). The neutrons produced by the elementary nuclear reactions are high
energy (MeV range) particles: the “fast” neutrons.

e They must then be “moderated” to obtain neutrons with energy and wavelength in the
required order of magnitude. In the moderator, which is constituted of light atoms (e.g.
water, heavy water, graphite, beryllium), the fast neutrons are slowed down by successive
collisions, to form a Maxwellian distribution of particles in equilibrium at the temperature
of the moderator: the so-called “thermal neutrons” (see Figure 1.3).

e The various types of neutron spectrometers may require neutrons with different energies
and/or wavelengths; by varying the thermalization temperature, one can displace the
center of the wavelength distribution (see Figure 1.3). High energy (i.e. short wavelength)
neutrons can be obtained with a “hot source” (typically a solid graphite moderator heated
to 1000-2000°C). Low energy (i.e. long wavelength) neutrons are obtained with a “cold
source” (usually liquid hydrogen or deuterium, but can be solid or liquid methane or
liquid helium). The available wavelengths range from 0.05 nm (“hot” neutrons) to 2 nm
(“‘cold” neutrons). Spallation sources allow production of epithermal neutrons as well,
which are interesting for spectroscopy in the eV range.

e  Then, thermalized neutron beams in a given direction are extracted from the source. An
optimized flux-resolution compromise results from the choice of the collimation.

“Cold” neutrons can be transported to large distances (10-100 m), using neutron guides
which are tubes where the neutrons propagate by total reflection along the internal surfaces.
These are generally nickel coated, which have a critical angle of 0.5° for a wavelength
of 0.5nm (the critical angle 6. is proportional to the neutron wavelength). Non-periodic
multilayers (e.g. Ni—Ti), called “supermirrors,” have recently been developed to increase the
critical angle and therefore, the efficiency of the neutron guides.
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The various neutron scattering instruments are installed either as close as possible to the
source (to benefit from the highest possible flux), or at the end or along the guides to reduce
the background due to fast neutrons and y -rays (see Figures 1.1 and 1.2).

1.3.1 Fission reactor (steady state) sources

Most of the present neutron sources are fission reactors (see Table 1.1).

In a modern reactor, optimized to produce the highest neutron flux, the core is a very
compact (e.g. 25 x 25 x 90 cm? for Orphée, Saclay) assembly of uranium alloy plates, highly
enriched in 23U isotope. Belonging to this design are the HFR of ILL in Grenoble (the
world-leading neutron source, built in 1972 and refurbished in 1994); the Orphée reactor in
Saclay (built in 1980, sketched in Figure 1.1); and the FRM-II reactor in Munich, currently
under construction.

Neutron beam tubes point towards the required moderator, tangentially to the core in order
to minimize fast neutrons and y-rays which increase the background. The neutron beams
emitted by the reactor have a broad distribution of wavelengths, according to the temperature
of thermalization (see above and Figure 1.3).

Many of the spectrometers on steady sources require a monochromatic incident beam: this
is obtained by Bragg scattering from a crystal installed in the beam tube or in the neutron
guide, or (in the case of cold neutrons) by a periodic multilayer or by a mechanical velocity
selector. The selected wavelength bandwidth AA depends directly on the monochromator
characteristics (e.g. mosaicity of the crystal, etc.).

Spin-polarized neutron beams, useful for studying magnetic materials, can be obtained
from ferromagnetic monochromators (crystals or multilayers), but also, quite recently, by
transmission through spin-polarized helium-3 filters.

1.3.2  Spallation (pulsed) sources

In aneutron spallation source (see Figure 1.2), sharp pulses of high energy protons accelerated
in a synchrotron hit a target of high atomic mass (Pb, W, Ta or U). As a consequence of the
subsequent nuclear reactions, the target nuclei are put in a highly excited state, and then
decay by “evaporating” neutrons, some of which trigger further reactions on other nuclei.
Because of the pulsed character of the incident proton beam, the spallation (y, n) reaction
produces sharp pulses of neutrons of very high energy (in the MeV range). The spallation
process has the advantage of a much lower heat production in the target, and of a high neutron
brightness in the pulse. The target is surrounded by various thermal or cold moderators in
order to thermalize the neutrons produced.

Typical values for a spallation neutron source are a pulse rate between 10 and S0 Hz and a
proton pulse length in the microsecond range (see Table 1.1). The neutron brightness in the
pulse of an intense spallation source such as ISIS is comparable to that of the highest flux
steady state reactors (e.g. ILL), but of course the average flux is much lower (by approximately
two orders of magnitude).

Presently, steady state and pulsed sources are complementary, in the sense that each is
optimized for different types of experiment. Instruments on pulsed sources generally use a
polychromatic (“white”) neutron beam and are based on TOF techniques; pulsed sources are
therefore very efficient when all the neutrons in the pulse are utilized, that is, for powder
diffraction and TOF inelastic scattering (see below). Steady state reactors are still preferred for
many techniques, such as the use of polarized neutrons, spin-echo, single-crystal diffraction
and spectroscopy.
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It is worth mentioning that the next-generation high intensity neutron sources are all pro-
posed to be spallation sources (SNS in the US, NSRP/JHF joint project in Japan, ESS in
Europe), aiming for the very highest fluxes, one to two orders of magnitude above ISIS.

1.3.3 Other types of sources

There are currently two non-conventional neutron sources in operation: the pulsed fission
reactor IBR-2 in Dubna (Russia), and the new quasi-continuous spallation source SINQ in
Switzerland (which began operation in 1996).

1.4 Interaction between neutrons and matter

The neutron—matter interaction is generally weak, and neutron scattering is very well
described by the lowest-order (“kinematic”) perturbation theory (i.e. the Born approxima-
tion). Higher-order perturbation theory produces multiple scattering corrections. The theory
of neutron scattering by matter can be considered as well established. A complete presentation
is found in the book by Lovesey [4].

The only exceptions to the kinematic theory are scattering by surfaces in grazing inci-
dence (reflectivity near the “plateau” for total reflection), Bragg scattering by very perfect
crystals (neutron topography and interferometry), and very small-angle scattering close to the
transmitted beam. In these cases, important for neutron optics, where the scattered beam is
comparable in amplitude with the incident beam, one should take into account a “dynamical”
theory [5].

1.4.1 Interaction with a single atom

As it carries no electric charge, the neutron has no electrostatic interaction with the electron
cloud of the atom. The atom—neutron interaction potential contains two terms:

(i) A very short-range nuclear interaction between the neutron and the nucleus, via nuclear
forces; this is characterized by a form factor (scattering amplitude) b independent of the
scattering angle 6 (in the case of X-rays, which interact with the electron cloud of the
atom, the atomic form factor f decreases with sin6 /X, see Figure 1.4b). The nuclear
scattering amplitude b has the dimension of length, and a value of the order of 10~ % m.
b can vary strongly between neighboring elements of the periodical table (e.g. Mn versus
Fe) or between different isotopes of a given element (e.g. deuterium versus hydrogen,
or %2Ni versus ®Ni); compared to X-rays, for which f is proportional to the atomic
number Z, neutrons are much more sensitive to light elements (H, D, Li, C, N, O) (see
Figures 1.4a and 1.4c).

For a given element, b depends on the mass number (i.e. on the isotope) and on the
orientation of the nuclear spin relative to the neutron spin. In order to obtain information
on the element from the scattering data, one has to consider the average scattering
amplitude (b): this is called the coherent scattering amplitude (or coherent scattering
length). The fluctuations of b around (b) allow the definition of a quantity 47 ((b%)— (b)?)
called the incoherent scattering cross-section. It has a very high value in the case of
hydrogen (protons).

(i1) A magnetic interaction between the spins of the neutron and of the electrons, which is
important only in strongly magnetic systems; its atomic form factor by, decreases with
sin 9 /A.
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Figure 1.5 Elastic interaction between thermal neutrons and matter. (a) Scattering by an individual
atom. (b) Definition of the scattering vector Q.

If an incident neutron beam (e.g. described by a plane wave of amplitude ¢'¥?) is directed
on a sample in the z direction, each atom re-radiates (“scatters”) the incident radiation in all
directions, that is, as a spherical wave of amplitude (b + by,)e'*’ /r (see Figure 1.5a).

Neutrons also interact with atoms via nuclear reactions (such as '°B +n — B + y-ray).
These can be expressed as imaginary terms in the nuclear scattering length b, and lead to a
true absorption cross-section, which is generally weak. The consequences for bulk materials

are described below.
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A compilation of the bound scattering lengths and cross-sections (coherent and incoherent
scattering, and absorption) for low-energy neutron scattering by the different isotopes of
each element, is given by Sears [6]. The variation of b between different isotopes of a given
element gives the advantage in neutron scattering studies to vary the contrast by the use of
isotopically substituted samples.

1.4.2 The scattering function for an array of atoms

As stressed in Section 1.1, because the wavelength and kinetic energy of thermal neutrons
are comparable, respectively, to interatomic distances and internal excitation energies in
condensed matter, the scattering phenomena are described within the wave vision of the
neutron (and in the Born approximation, because the neutron—matter interaction is very
weak).

Let us consider a parallel and monochromatic neutron beam, incident on a sample. In
this incident beam, the neutrons are defined by thejr momentum or wavevector K; and their
energy Ei. A scattered neutron is then defined by k¢ and Ef. Within the scattering process,
the neutron has exchanged with the sample the momentum Q = k; — Ef and the energy
AE = hw = E; — Es.

The amplitude of the neutron beam scattered by the array of atoms is the coherent super-
position of the amplitudes of the elementary spherical waves scattered by each individual
atom. This leads to interference and diffraction phenomena. The quantity of scattered neu-
trons in the direction k¢ with energy Ey is directly related to the differential cross-section
do(Q, w)/d2 = S(Q, w), called the scattering function, which is a characteristic function
of the sample.

The scattering process can be elastic (no change of the energy of the neutron, AE =
hw = 0), or inelastic (AE = hw # 0).

e In the case of elastic scattering, one has: .
|ki| = |k¢| = 27 /A, with |Q| = |ki —kf| = 47 sin 0 /X (see Figure 1.5b). Q is called the
scattering vector. In the case of a crystalline material, the coherent elastic scattering cross-
section contribution to S(Q, w) corresponds to Bragg diffraction (see below); scattered
intensity is observed only in specific directions 6 given by the Bragg law:

24" sin g = 2

where d"* is the interplanar distance between planes of Miller indices (h k ).

e On the other hand, during their transmission through a solid sample, neutrons can
exchange, for example, a quantum of atomic vibration energy (“phonon”). This is the
case of inelastic scattering, where :

k| # [k¢| and AE = hw = h>(k} —k2)/2m

1.4.3 Absorption

The true absorption of thermal neutrons by matter is due to nuclear reactions: for most
elements, it is weak (in particular for C, O, Al, Fe, Zr, Nb, Pb, etc.). For a bulk material, the
linear absorption coefficient j is usually of the order of 10-100 m~! and varies proportionally
to A. In some cases, the absorption by nuclear reactions is very large (e.g. '°B, '13Cd, Gd).



The use of neutrons for materials characterization 13

Gadolinium

Samarium
Cadmium
Boron
Europium
Dysprosium
Iridium
Indium
Gold

Silver
Fiberglass
Cobalt
Polyethylene
Lithium
Nylon
Inconel 600
Water
Polystyrene
Nickel

HMX

RDX
Tantalum
Tungsten
Platinum
PETN
Manganese
Tetryl

Iron .

0.1 0.2 0.3 0.4 0.5 0.6 0.7
cm

o

Copper [m—
Stainless steel jm—
HNS  |—
Titanium  |re——
Teflon
Magnesium
Silicon
Aluminum

v

o
-
N
[N
S
o
o
~

cm

Figure 1.6 Material thicknesses required to attenuate a thermal neutron beam by 50% (A = 0.18 nm).

The total apparent absorption of neutrons by a material includes the true absorption and all
the scattering processes.

Because the total neutron—matter interaction (scattering 4 absorption) is generally weak,
neutron penetration in condensed matter specimens is large. Contrary to conventional X-rays,
which sample only the region close to the surface (107°~10~% m, depending on the average
atomic number), neutrons allow study of bulk specimens. The typical penetration depth of
thermal neutrons in materials is of the order of several mm to several cm (see Figure 1.6), for
example 10cm in Al and 1 cm in Fe for A = 0.18 nm. This property is particularly useful in
materials and engineering science.

1.5 Measurement and detection equipment

1.5.1 General

In all neutron scattering instruments, an incident (monochromatic or white) beam impinges
on the sample, and the scattered neutrons are counted with detectors (via nuclear reactions
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such as He + 'n — 3H (0.20 MeV) + p (0.55MeV) in helium-3 counters), as a function of
momentum transfer Q and/or transferred energy AE.

Neutron scattering instruments can be classified into two main categories: diffractometers
for structural determinations by elastic scattering, and spectrometers which give information
on atomic motions by inelastic scattering. Typical schematic spectra obtained by the various
scattering techniques are shown in Figure 1.7.
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Figure 1.7 Typical schematic spectra (scattered intensity versus scattering angle 6 or energy transfer
AFE) obtained by the various neutron scattering techniques.
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1.5.1.1 Diffractometers

The scattered intensity is plotted versus the momentum transfer O = 4 sin6/A and gives
information on the time-averaged structure. Neutron diffractometers include:

e powder or single crystal instruments for determination of crystalline and magnetic atomic
structures, residual stresses and crystallographic textures, by elastic Bragg scattering;

e diffuse scattering instruments for determination of correlation functions and local
atomic arrangements in atomically disordered systems (liquids, amorphous materials
and glasses, etc.);
small-angle diffractometers for the study of nanometer-scale heterogeneities;
reflectometers for the study of surfaces, thin films or multilayers.

1.5.1.2  Spectrometers

These include triple-axis instruments (mainly for single crystals), TOF, backscattering or spin-
echo instruments. The scattered intensity is plotted versus the energy transfer A E; it allows
determination of electronic, vibrational or magnetic excitations (in particular dispersion
curves of collective excitations w(q)), and diffusional processes in solids and liquids.

1.5.2 Powder diffractometers and strain scanners

The precise interplanar distances in a crystalline material are obtained from Bragg’s law:
2d" sin @ = A, and the positions of atoms in the unit cell are calculated from the intensities
of the Bragg peaks. Two cases are possible:

(a) Either select amonochromatic incident beam (A fixed) and measure the scattered intensity
versus the scattering angle 8. This is the usual method at a continuous source (reactor).
A typical diffractometer for elastic scattering on a steady state source includes a crystal
monochromator, collimators, a goniometer for the sample and single or position-sensitive
detectors (see Figure 1.8).

(b) Or, send polychromatic (“white”) pulses to the sample, select a given scattering angle (6
fixed), and measure the scattered intensity versus the wavelength A. This is the technique
used on pulsed spallation sources. Practically, one measures the TOF of neutrons: ¢ =
L/v = (Am/h)L, where ¢ is the time for a neutron of mass m and speed v to travel along
the distance L between the moderator and the detector (2 = Planck’s constant).

Strain scanners are particular powder diffractometers devoted to the three-dimensional
(3D) mapping of internal strains and stresses in materials, by measuring very precisely the
local lattice spacing deviations Ad"*! /d"*! induced by these strains and stresses (see below).
For this, use is made of the differentiation of Bragg’s law:

Ad™ @ = (AX/A) — cotO AG.

Constant wavelength strain scanners correspond to AA = 0 and Ad"™! /d"X = — cot 6 A#,
and pulsed instruments to A9 = 0 and Ad"X /d"¥ = Ax/\ = At/t.

1.5.3 Comparison between instruments on steady state reactors and
on pulsed spallation sources

This discussion is delicate and controversial. The situation is very different for the different
types of instruments. A classification has been made by Richter and Springer [7] in terms of
the different ability of the various instrument classes to utilize efficiently all the neutrons in
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Figure 1.8 Schematic diagram of a powder diffractometer on a steady state neutron source
(monochromatic beam).

the incident polychromatic beam propagating in a guide or a beam tube. In summary:

(i) Powder diffractometers and inelastic TOF spectrometers use efficiently all the neutrons
in the polychromatic pulse of a spallation source, whereas the corresponding instruments
on reactors lose the majority of the neutrons by monochromatizing or pulsing the incident
white beam. This is why the instruments of this sort on a pulsed source like ISIS are
competitive with those on the best continuous reactors, although the average flux of the
sources are in the ratio 1 : 100.

(i) On the contrary, the spectrometers for single crystal spectroscopy are only sensitive to
the average flux: therefore, the triple-axis spectrometers on reactors offer much larger
effective flux on the sample. On spallation sources, dynamics of single crystals are
measured by the TOF method and position sensitive detectors; the fixed geometry of these
instruments allows the use of large area detectors to partially compensate for the lack
of incident intensity. In the present state of technology, TOF instruments on spallation
sources are very competitive for mapping single crystal excitations simultaneously in a
wide g-range at high energy, but are much less efficient than triple-axis instruments on
reactors for high g-resolution or low-energy (cold neutrons) measurements.

(iii) Inbetween, one finds SANS, reflectometers and spin-echo instruments, which in areactor
use a broad wavelength band: here, the benefit on pulsing is not very large.

The quality of measurements does not depend only on intensity arguments. In several
aspects, instruments on pulsed spallation sources suffer from drawbacks, which are expected
to be overcome in the future:

instabilities of the source;
more complicated data corrections, because of the polychromatic nature of the inci-
dent beam: extinction for single crystal diffractometry, inelastic effects for small-angle
scattering and diffuse scattering;

e inability to polarize polychromatic neutron beams (this should be resolved by the success
of 3He polarizing filters).
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On the other hand, instruments on spallation sources can obtain a whole spectrum (very
large g range) in a single shot, which is very interesting for kinetic studies, but the rescaling of
the data obtained on the different detector banks is a delicate procedure. Also, because of the
fixed geometry, instruments based on the TOF technique are more favorable for experiments
with complex sample environment (such as high pressures).

Concerning powder diffraction (which is the most favorable case for pulsed sources),
a detailed comparison between instruments of ISIS and ILL was made recently (ILL Work-
shop, Grenoble, 22-23 March 1999). The present leading high-resolution instruments, HRPD
(at ISIS) and D2B (at ILL), were found to have, on average, similar resolution and intensity
(D2B gains flux because of more efficient focussing, but this is compensated because of the
mechanical constraints due to moving detectors). HRPD gives access to a larger ¢ range,
and has better resolution at high ¢; D2B remains better for magnetic studies (low ¢), has
a simpler peak shape and a lower background.

In pulsed instruments, all Bragg peaks are measured simultaneously; therefore, concerning
strain scanning, the technique is favorable when information from several Bragg peaks is
required (textured or multiphase samples).

1.6 Principal applications in materials science

The main applications of neutron scattering and imaging in materials science are summarized
below. An overview of the recent research performed by neutron scattering, in particular in
materials science, and also of instrumentation development, can be found in the Proceedings
of recent International and European Conferences on Neutron Scattering, held respectively
in 1997 in Toronto [8] and in 1999 in Budapest [9]. A detailed review of the industrial and
technological applications of neutrons has been published by Fontana et al. [10].

1.6.1 Bragg diffraction

Conventional powder and single crystal Bragg neutron scattering has many various applica-
tions in materials science [1]. One of the great advantages of neutron diffraction is that it
allows the study of large (~cm?) volumes. Such studies include:

e precise determination of the position of light atoms (H, D, C, N, O) in crystalline
structures, in particular in the presence of heavy atoms;

e crystallographic studies in alloys made of neighbouring elements of the periodic table,
which cannot (or barely) be distinguished by X-rays (e.g. Fe—Cr, Fe—Mn, etc.);

e precise determination of crystalline phase contents or of amorphous/crystalline ratio in
multiphase samples;
determination of residual stresses, which is the object of this book (see below);
quantitative characterization of the bulk crystallographic fextures of large (~1cm?)
samples with a large grain size (102103 m);

e (antiferro-)magnetic ordered structures.

High-temperature in situ studies, owing to the transparency of furnace material to neutrons,
are of particular interest: materials synthesis and processing, phase transformations, texture
modification during recrystallization or annealing, crystallization of glasses, kinetic reactions
(down to time ranges of the order of seconds on the best powder diffractometers), thermal
expansion of lattice parameters, etc.
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Let us mention a few significant recent results in the field of materials science, obtained
by powder neutron diffraction:

e the determination of the precise positions of oxygen atoms in the non-stoichiometric
high-temperature superconducting cuprate YBa;CuzO,, which were shown to form a
layered structure [11] (X-rays simply showed a disordered perovskite); this allowed the
development of the concept of charge reservoirs, and stimulated a successful search for
new layered high-T7; superconductors;

e the determination of the different allotropic crystal structures of solid Cgp, showing
that the individual Cgp molecules are locked into orientationally-optimal configurations,
resulting from a compromise between electrostatic, van der Waals and close-packing
requirements [12];

e the observation by in situ powder neutron diffraction, using a large position sensitive
detector, of new transitory metastable phases (such as stoichiometric “YFe”) with novel
structures and magnetic properties, formed during the crystallization of amorphous
metallic alloys [13];

e the observation at high temperature of the structural evolutions of zircaloy tubes uti-
lized in pressurized water nuclear power plants, that is, precipitation/dissolution of
hydride phases, and variation of the hydrogen content in solid solution in the matrix
(see Figure 1.9).

1.6.2 Residual stresses

Macroscopic internal stresses in polycrystalline materials, which are homogeneous over a
large number of crystalline grains (micrometer to millimeter size), lead to local strains and
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Figure 1.9 Powder neutron diffraction diagrams measured for several Zircaloy samples. One can
observe the increase of the background with hydrogen content, and the weak diffraction lines
of hydride 3-ZrH; and Laves phase Zr(Fe, Cr), (F. Couvreur and G. André, unpublished).
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therefore to displacements of the Bragg peaks. Indeed, the lattice strain g4y, along a general
direction (¢, V) is directly related to the change of interplanar distance d"*' between crystal
planes (4, k, 1) oriented along (¢, ¥). One has:

egy = [d" (@, ¥) — dg"1/dg"!

where d(’}kl is the value of d"* in the absence of internal stresses. To obtain the complete
strain tensor, it is necessary to measure the strain g4y, in several (six) orientations, which can
be made by neutron diffraction. Residual stresses o;; are then calculated from the measured
internal strain tensor by the laws of elasticity (generalized Hooke’s law).

Conventional X-ray diffraction can only measure strains close to the surface (a few micro-
meters); because of absorption, one cannot have access to the complete (¢, V) scanning; the
stress is then calculated by assuming that the hydrostatic component normal to the surface,
033, is equal to 0, to overcome the difficulty of precise knowledge of dp (see Chapter 4).

Neutron diffraction is therefore necessary for in-depth determination of residual
stresses [14]. The method, shown in Figure 1.10, relies on a precise evaluation of Bragg
peak positions. In the present state of the art, neutron diffraction allows mapping of internal
strains (stresses) in bulk samples (several centimeters in size), with the use of slits, trans-
lation tables and goniometers, with a linear resolution of the order of 1 mm (0.3 mm in 1D
problems) (see Chapters 8 and 9). The precision on measured strains is usually 5 x 107%;
that on the residual stresses depends on the studied material and is typically 20 MPa.

Residual stress measurements by neutron diffraction on industrial components is a growing
field. Studies have been made on turbine blades for the aeronautics industry, on brazed or
welded assemblies, on pieces of composite materials, thick coatings, steel and aluminum
sections, etc. (see Part 5 of this book). Most of the neutron scattering centers have now
a diffractometer dedicated to residual stress measurements (see Table 1.1).

For example, Figure 1.11 shows the stress profile measured in an automotive gear, which
had undergone a surface treatment [15].

“Microstresses” (varying spatially on distances of the order or smaller than the grain size)
induce a broadening of the diffraction peaks (see Chapter 5). Little neutron work has been
made in this field, although important information can, in principle, be obtained from the

AN J. constant LRV

- / E
N 7 y

o = =
. : ]
\//: kI (U 4
\ ~ N\ ~
| | AW > 7
17N _ ‘»
DR I AN 3 E
I ';\ Q -E
S S Cds - 3
N> NT O~
- N mask

,///////// e 20, 20

20(°)

ki

Figure 1.10 Principle of strain measurement by neutron diffraction.
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Figure 1.11 Neutron diffraction determination of the stress field in an automotive gear. (a) Photo-
graph showing the gear geometry and the reference principal axes. (b) Evolution of
the three stress components measured by X-ray and neutron diffraction (from Ceretti
etal. [15]).

analysis of the peak profile, such as the shape of the plastic zone and the value of the plastic
strain at the tip of a crack [16].

1.6.3 Elastic diffuse scattering

Liquids or solids with atomic disorder show a continuous distribution of (elastic) intensity
in their diffraction spectra I (Q, AE = 0). The analysis of this “diffuse scattering” gives
important, statistically averaged, structural information. The advantage of performing elas-
tic diffuse scattering studies of structural disorder by neutrons rather than by X-rays, are:
(i) the independence of the scattering length b with sin 6 /A; (ii) the possibility of experimen-
tally separating the thermal diffuse scattering due to atomic motion by energy analysis of
the scattered beam; (iii) the possibility of separating different pair correlation functions in
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polyatomic materials, by studying samples with different isotopic concentrations, displaying
different nuclear scattering contrasts; and (iv) the greater ease to perform high-temperature
measurements in thermodynamic equilibrium conditions.

Such studies with neutrons include:

e The determination of pair correlation functions and therefore of the local atomic arrange-
ments in liquids, glasses and metallic amorphous systems; a good example is the study
of the amorphous alloy Nig3 7Zr36.3, where the use of isotopic substitution allowed deter-
mination of the three partial structure factors Sni-ni, Sni—zr and Szr_zr, and showed that
a hard sphere model was inadequate [17].

e The local environments (chemical disorder) in disordered solid solutions and non-
stoichiometric compounds, for which one determines effective pair interaction potentials
by inverse Monte-Carlo simulation [18]. These pair potentials can be used to cal-
culate theoretically “coherent” equilibrium phase diagrams and various metallurgical
properties, such as antiphase boundary energies.

e The strain field of impurities in metals (down to atomic concentrations of 1072-103
in the most favorable cases, for example, oxygen in niobium [19]). This information is
necessary to calculate impurity—impurity and impurity—dislocation interactions.

e The analysis of local atomic arrangements in complex systems presenting altogether
strong chemical and topological disorders, such as Ca-stabilized cubic zirconia, interest-
ing for its ceramic and ion conductive properties; this requires a combined experimental
and numerical simulation approach (see, e.g. Ref. [20]).

Neutron diffraction allows also quantitative determination of the total hydrogen content
in bulk samples, thanks to the high value of the incoherent scattering cross-section of the
proton: the hydrogen content is proportional to the measured background of the spectrum
(see Figure 1.9).

1.6.4 Small-angle scattering

If a parallel monochromatic incident thermal neutron beam is directed onto a solid sample
containing nanometer-sized particles, the transmitted beam shows a broadening which is
roughly inversely proportional to the average size of the particles (see Figure 1.7).

Small-angle scattering of thermal neutrons (SANS) by solid materials has proven to be
a very powerful technique in the detection and study of fine inhomogeneities or particles
in the nanometer range [21]. For metallic materials, the SANS technique is complementary
to transmission electron microscopy (TEM), in the sense that it gives quantitative statis-
tical information (gyration radius, size distribution, volume fraction, etc.) on particles of
nanometer to micrometer size in a large sample (millimeter size), and can in some cases
provide information at a somewhat finer scale (1 nm) than TEM, in particular in ferromag-
netic materials. Types of SANS studies in the field of materials science are precipitation,
cavities induced by fatigue or irradiation, nanometer size particles in composite materials,
fine powders and sintering, etc. [22].

For example, SANS has given important information on the microstructural evolution
induced by neutron irradiation and subsequent annealing of ferritic steels constituting the
vessel of pressurized water-cooled nuclear reactors (PWR). These materials, which receive
low-level radiation flux over a period of many years, at a temperature of around 300°C,
harden and embrittle, but nothing can be seen using TEM. On the pressure vessel steel of the
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Franco-Belgian reactor CHOOZ-A, SANS showed clearly the appearance of small clus-
ters of radius ~1.5nm. With increasing flux, their size remains approximately constant,
but their number increases nearly linearly with flux [23]. These clusters were subsequently
shown to redissolve by annealing around 450°C (see Figure 1.12): this result gives the
hope that in the future suitable thermal treatments will enable reactors to be used safely for
longer times.

Other important applications of SANS are in the field of soft matter and nanocomposites,
such as reinforced elastomers, in relation with their modes of deformation (see, e.g. Rharbi
et al. [24]).

1.6.5 Reflectometry

Most materials have a refraction index for thermal neutrons slightly smaller than 1. There is
total reflection for an incident angle 6 < 6., where the critical angle 6. has a very small value
(0.4° for Ni at A = 0.4nm). For 6 > 6., the reflectivity decreases rapidly and may show
oscillations due to reflection at internal interfaces in the case of thin films or multilayers (see
Figure 1.7).

Neutron reflectivity is a rapidly growing field, mainly applied to liquid or soft matter
surfaces (e.g. grafted polymers, adhesion between polymers), or magnetic materials. In
the latter case, the use of spin-polarized neutrons and polarization analysis of the scattered
beam has created new investigative possibilities: it allows measurement of vectorial magnetic
profiles in magnetic thin films and multilayers [25].

Structural changes in thin films or multilayers can be monitored by real-time neutron reflec-
tometry measurements of their reflectivity profile. The self-diffusion coefficient of nickel in
special isotope-enriched "™'Ni /%?Ni multilayers of pure nickel or amorphous NissZry4s has
been measured, which is two orders of magnitude smaller and at temperatures 100°C lower
than the minimum values obtained by competing techniques [26].

1.6.6 Inelastic and quasi-elastic scattering

The numerical relationship between the energy E of the neutron and its associated wavelength
X and their order of magnitude makes it an ideal probe to determine completely the dispersion
curves of atomic vibrations (phonons) in crystalline materials. This is usually made on triple-
axis type spectrometers.

For example, low-frequency and strongly damped phonon bands (“soft” modes) found
in the bce high temperature phases of Ti, Zr and Hf, have been interpreted as dynamical
precursors of displacive (martensitic) transformations, and are at the origin of the anomalous
atomic self-diffusion observed in these metals [27].

If diffusional motions occur in a sample, this leads to a broadening in energy of an incident
monochromatic neutron beam. This slightly inelastic scattering, centered at hw = 0, is
called quasi-elastic neutron scattering (QENS) (for a review of principles and applications
of QENS, see Bée [28]). The analysis of this QENS (e.g. with a backscattering spectrometer
which attains energy resolutions of ~1 peV) gives access to diffusion coefficients down to
1078 cm?/s, and (on single crystals) to microscopic information on the atomic jumps, such
as their frequency, their direction and their length. Important information has been obtained
in this way on hydrogen diffusion in metals and intermetallic compounds, and on the role of
trapping by impurities [29].
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Figure 1.12 Study of the annealing of neutron-irradiated steels by SANS (performed on D11,
ILL). (a) Difference intensities of irradiated steels before and after annealing for
different times as a function of momentum transfer. The curves show the SANS
intensities measured in the direction perpendicular to a magnetic field (1.4 T) after
subtraction of that from a non-irradiated reference sample. The scattering contrast
is mainly between the magnetic matrix and less magnetic clusters. (b) Contrast-
weighted volume distribution functions (Fourier transforms of the curves in (a)) of
irradiated steels before and after annealing for different times. The oscillations at
larger dimensions are artifacts caused by the mathematical procedure (S. Miloudi
and R. May, unpublished).

1.6.7 Neutron topography

This technique allows imaging of magnetic and crystalline inhomogeneities (defects,
domains, phases) in single crystals: the defect contrast (due to structure factor, misorien-
tation or lattice distortion) results in an image on the Bragg diffracted beam visualized on
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Figure 1.13 Neutron radiography check of a series of eight paddle turbines. The ribs of the four
lower elements exhibit manufacturing defects (CEA and European Gas Turbine Ltd,
unpublished).

a 2D position sensitive detector. Neutron topography is a unique technique to image directly
antiferromagnetic or helimagnetic (chiral) domains [30].

1.6.8 Neutron radiography

Neutron radiography is a transmission imaging technique for heterogeneous materials, taking
advantage of the scattering and/or absorption contrast between different elements. Because
of the deep penetration of thermal neutrons in metallic structures, and of their specific sensi-
tivities (strong scattering cross-section of hydrogen, strong absorption cross-section of some
elements such as Ag or B), this technique is preferable to X-ray radiography, or even unique,
for some applications such as non-destructive detection and visualisation of hydrogenated
elements embedded in metallic structures (glue, coatings, gaskets, rubber seals, filling with
resin, etc.) or various metallurgical controls (corrosion of Al, silver braze, etc.). High-quality
images (with a resolution attaining £30 m) can be obtained with a few minutes exposure
time in a polychromatic cold neutron beam [31].

A typical image of industrial interest, presented in Figure 1.13, shows manufacturing
defects in several paddle turbine ribs (G. Bayon, unpublished).

3D tomography with thermal neutrons is presently under development at FRM/
Garching [32].

1.7 Conclusions and future prospects

The detailed knowledge of atomic positions and motions in materials is necessary to under-
stand their properties, and even more to “tailor” them in view of specific applications. This
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requires the use of complementary techniques, for example, high-resolution observation
in direct space, diffraction techniques and various spectroscopies, if possible in operating
conditions.

Neutron scattering has been shown to be very powerful for this, because of the unique
properties of the neutron—matter interaction which have been described above, of its easy
interpretation (“kinematic” theory), and of the reliability of the quantitative informations it
provides. A look at the possible future of neutron scattering is found in the Proceedings of
an ESF Exploratory Workshop held in Autrans, 11-13 January 1996, edited by Lander [33].

Indeed, the use of neutron scattering techniques by the scientific community, coming from
many fields of fundamental and applied research, has considerably developed in the last few
decades. The number of neutron beam users worldwide is estimated to about 6000. This
number is still expected to increase, in particular in North America and in the Pacific Region
[7]. It is important to emphasize that for most scientific domains, nearly half of these users
are occasional.

Presently, about 25% of the total number of neutron scattering users come from the fields of
materials science (i.e. understanding of applied materials) and engineering sciences. Among
these, the number of scientists in the field of residual stress measurements regularly or
occasionally using neutrons is probably of the order of 150: permanent staff of the neutron
centers, scientists and students coming from Universities or technical centers, engineers com-
ing from industry (presently mainly from large companies: space and aeronautics, transport,
energy, etc.).

Compared to X-rays, the flux of neutron beams is low (this disadvantage is partially
compensated by the weak absorption and the better signal-to-noise ratio); therefore, and
this is particularly the case of strain scanning experiments, the time of measurement is long
(up to several days), especially if one aims to measure the complete strain tensor. This is
not attractive for industrialists, who will use neutrons only when they are by far the “best”
technique or even the unique one. In residual stress determinations, neutron diffraction is
often utilized as a tool to test the validity of (and to refine) finite element models, which
cannot take into account all the metallurgical complexity (i.e. welds, cracks, coatings, etc.)
and the thermomechanical history of the studied device.

This is why any improvement of the efficiency of existing instruments (neutron optics,
detectors, etc.) is very important. Strain scanning is one of the techniques which should
largely benefit of future high flux pulsed spallation sources. For example, with the European
Spallation Source (ESS), it is planned to have a diffractometer which will be able to perform
simultaneously, 3D mapping of residual strains/stresses, of phase contents (down to 0.1%) and
of textures in materials or engineering components with a gauge volume of 0.1 x0.1x0.1 mm?
[34]; this improvement by a factor 10 of the present linear resolution for residual stress
measurements will have an important technological impact.

Also, increased flux will allow higher angular resolution in neutron diffraction spectra,
and therefore to enter strongly in the field of the study of lineshape and line broadening due
to strains and structural fluctuations at the microscopic scale, Huang scattering by defects,
subjects which are presently in their infancy, compared to X-rays; this is of considerable
potential scientific and technological interest. In situ and real-time studies (e.g. stress relief
mechanisms and procedures) on model samples as well as on large industrial components
will be an important future development.
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2 The use of synchrotron radiation for
materials research

C. Riekel

2.1 Introduction

X-ray photons interact with matter in various ways (Figure 2.1). An analysis of these inter-
actions allows the development of microscopic models, which serve to provide a better
understanding of the physical properties of materials. In the following text, emphasis will
be put on synchrotron radiation (SR) experiments with “hard” X-rays. “Hard” X-rays have,
for the purpose of this text, wavelength of A < 0.25nm, which corresponds roughly to the
spectral cut-off of a beryllium vacuum-window, which separates the SR source (see below)
from the beamline optics. These wavelengths are, furthermore, on the same length scale as
interatomic distances which allows high resolution structural studies.
The specific properties of SR can be summarized as:

high brilliance;'

pulsed radiation with pulse length down to about 0.1 ns range;
extended spectral range;

polarization.

These properties allow experiments which are complementary to experiments at laboratory
X-ray sources.

2.2 Production of synchrotron radiation [1-3]

Synchrotron radiation is generated by bunches of electrons (or positrons) which circulate
at relativistic energies close to the speed of light. In the simplest case, the electrons follow
a circular orbit, which is defined by dipole magnets. As shown in Figure 2.2, the emitted
radiation covers a range from the infrared to y -rays. It is concentrated in a cone with opening
angle W, which is centered on the tangent to the orbit (Figure 2.3). W can be expressed at the
critical wavelength — A, (equation 2) — approximately by the so-called y -ratio:

v~y !l =(1957E)7! 1)

where E is the energy of the electrons (GeV). The critical wavelength, A, (nm), is defined at
the wavelength where half of the total power is emitted according to:

Ae = 0.559(R/E?) )

! Defined as: photons/s/mrald2 /mm?/0.1% bandwidth.
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Figure 2.1 Schematic description of interaction modes of an X-ray photon beam with matter (/o,
incident beam intensity; /, transmitted beam intensity; &, energy; A", ionized molecular
fragment; e~ electron).
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Figure 2.2 Spectral range of SR as compared to other radiation sources. The spectral range of soft
X-rays is considered to start at wavelengths larger than about 0.25 nm, which corresponds
roughly to the spectral cutoff of a Be-window separating the machine vacuum from the
beamline. Conversion: A(nm) ~ 1.24/E (keV).

where R (m) is the radius of curvature of the electrons in the bending magnet. The variation
of A. with energy implies that several GeV of electron energy are required in order to obtain
a sufficiently powerful beam in the hard X-ray regime.

Synchrotron radiation is usually generated in an electron storage ring, which is shown
schematically in Figure 2.4. The polygon shape is characteristic for third generation SR
sources (see Figure 2.8). The electron beam is guided from one straight section into the
next by dipole magnets. Further, correcting magnets (quadrupole/hexapole magnets), are
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Electron orbit

Figure 2.3 Schematic design of SR emission by a beam of electrons circulating at relativistic energies
on a circular orbit. W is the natural opening angle.

Electron injection

Figure 2.4 Schematic design of a SR storage ring. The main radiation sources are insertion devices,
which are installed in the straight sections. Dipole magnets guide the electron beam from
one straight section into the next.

not shown. The straight sections contain so-called insertion devices as principal radiation
sources. Energy lost by the electron beam through SR is compensated by radio frequency
(RF) cavities.

Insertion devices consist of a periodic array of magnets, which force the electrons to follow
an (approximately) sinusoidal path in the orbital plane of the storage ring (Figure 2.5). They
can be characterized by the so-called deflection (or magnetic field) parameter) K:

K =8y = 93.4Byro 3)

where By is the peak magnetic field (Tesla), A¢ the spatial period of the magnet (m) and § the
maximum deflection angle of the electron trajectory (Figure 2.5). Depending on the strength
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Figure 2.5 Periodic magnetic structure (period: Ap) of an insertion device. Each arrow depicts the
orientation of the magnetic field. The electron bunches follow a sinusoidal trace with a
maximum deflection angle 6. Photon emission parallel to the electron path is indicated
schematically at the inflection points. The opening angle of the emission corresponds
toy~
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Figure 2.6 An undulator spectrum corresponds to a series of harmonics (example: undulator A at
Advanced Photon Source). Brilliance: photons/s/mm? /mrad®/0.1% bandwidth.

of the magnetic field, and therefore, on the curvature of the sinusoidal track one can distinguish
two operation regimes of insertion devices which are called wigglers or undulators:

Wiggler: High magnetic field with § > y~!. Only the points at the peak of the curve
contribute to an emission of radiation into the observation direction. The distant
observer will therefore “see” a multiplication of dipole sources.

Undulator: 'Weaker magnetic field with 8§ < y~!. For this case, all points on the curve are
emission points. This results in an interference phenomenon, which implies an
emitted spectrum composed out of a series of harmonics (Figure 2.6).

Synchrotron radiation will also be observed from dipole magnets (not shown). For a dipole
magnet or wiggler, the half-opening angle of the radiation in the vertical direction is y ~!
(equation 1) which corresponds to 85 prad for a 6 GeV source such as the ESRF. In the
horizontal plane, the photon emission has a spread of several milliradians. In contrast, the
emission angle of an undulator is several tenth of microradians in both planes for the ESRF.
Figure 2.7 shows the image of an undulator beam on a fluorescent screen at a distance of
31 m from the source [4]. The small emission angle results in an about 1 mm? spot size.
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Figure 2.7 Image of an undulator photon beam on a fluorescence screen at 30.5 m from the undulator
source point [4] (fifth harmonics; 1y = 46 mm; 35.82 mm gap between magnetic poles).
(See Colour Plate I11.)
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Figure 2.8 Increase of brilliance of X-ray sources since the discovery of X-rays. The principal radiation
sources, which define the brilliance of the source, are indicated.

Figure 2.8 shows the nearly linear increase of brilliance of SR sources with time. Thus,
the radiation from a dipole magnet at LURE is already a factor 10* times more brilliant
than a rotating anode generator. Wigglers and, in particular, undulators have allowed further
increases in the brilliance by a factor of 10°, and the development is not finished as free
electron laser sources are under development which are predicted to be up to a factor 10°
times more brilliant and completely coherent [5].
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2.3 Optics and instrumentation [6, 7]

Most SR experiments are performed with monochromatic, narrow bandwidth radiation.
Wavelength (1) and bandwidth (AA = Amax — Amin) Selection relies on a monochroma-
tor, which is usually made out of one or more perfect crystals of silicon or germanium [8].
Bragg’s law determines the wavelength at the exit of the monochromator:

ni = 2dsin@ “4)

where 7 is the order of a reflection, d the distance between the lattice planes and 6 is the
Bragg angle. Thus, the reflection condition is fulfilled at A = 0.15nm for the (111) lattice
plane of a Si-monochromator withd = 0.313nm at# = 13.9°. The bandwidthis Ax ~ 10~
at this wavelength. One should note, however, that some experiments require polychromatic
radiation with a large bandwidth. Both monochromatic and polychromatic radiations are for
example used in diffraction experiments (Figure 2.9). For experiments with monochromatic
radiation, the detector has to cover a large 20-range. This implies either a zero-dimensional
(OD) detector, which is rotated through the 26-range or a 1D, or 2D detector, which covers the
26 range for a single setting. For polychromatic radiation, all harmonics allowed by Bragg’s
law will be superimposed. A separation is, however, possible by a 0D detector with energy
resolution. Polychromatic radiation is for example of interest for experiments with restricted
access to the sample, such as high-pressure or chemical reaction cells. This compensates the
generally lower order resolution and the limited OD detector counting rate.

In order to increase the flux at the sample position one can focus the beam by a curved
monochromator [8]. Another possibility is to use a mirror, which is curved in 1D (e.g.
cylindrical shape) or 2D (e.g. toroid).

Mirrors reflect X-rays by total reflection below a critical angle ©.:

O. = (20/E)./p(mrad) &)

Monochromatic beam 20 variable

Polychromatic beam 20 fixed

Beamstop

Sample

Figure 2.9 Schematic display of diffraction setup for monochromatic and polychromatic radiation.
The Bragg angle 0 is fixed for the latter case.
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Figure 2.10 (a) SR beamline optimized for flux density. Be corresponds to the beryllium window
separating the machine vacuum from the beamline. (b) SR beamline optimized for beam
stability over an extended spectral range as required for the recording of EXAFS spectra
with monochromatic radiation. (Adapted from [7].)

where E is the radiation energy (keV) and p the surface density (g/cm?). For a glass surface,
®, corresponds to about 2.5 mrad at 0.1 nm wavelength [9]. An advantage of a mirror as
compared to a focusing monochromator is the greater flexibility with respect to different
wavelength and bandwidth.

A large number of combinations of mirrors and monochromators exist for specific applica-
tions. Only two typical examples will be mentioned. Figure 2.10(a) shows a double-focusing
beamline, which has been optimized for flux density at the sample position [7, 10]. It uses a
cylindrical mirror for focusing in the vertical plane and a cylindrically curved monochroma-
tor for focusing in the horizontal plane. Such optics are typically installed at a dipole magnet
in order to capture a large angular range of the photon beam in the horizontal plane. The
scattering pattern is recorded by a 2D detector. Depending on the application this could be a
gas-filled detector, an image plate, or a charge-coupled device (CCD). An ionization chamber
is used to monitor the flux on the sample continuously. Such a beamline can be used, for
example, for protein crystallography [11] or real-time diffraction experiments during polymer
crystallization [12].

Figure 2.10(b) shows a beamline optimized for absorption spectroscopy (EXAFS: extended
X-ray fine structure analysis) [7]. The aim is to determine X-ray absorption for a more or
less extended spectral range. In order to change the wavelength, while keeping the beam
position at the sample constant, a double monochromator is used. A toroidal mirror is used
for focusing in the horizontal and vertical planes. The sample absorption is determined by



The use of synchrotron radiation for materials research 35

two ionization chambers, one upstream and another downstream from the sample. A third
ionization chamber allows measurement of the fluorescence signal.

2.4 Applications of synchrotron radiation in materials research

A number of applications making use of the brilliance and extended spectral range of SR will
be mentioned below. Special emphasis has been put on imaging and real-time experiments
using the hard X-ray spectrum, where the high brilliance of an SR source is of particular
importance. A more complete list of SR applications in materials research can be found in
the Appendix.

2.4.1 Computed microtomography (n-CT) [13, 14]

Computed tomography (CT) with monochromatic radiation permits distinguishing of the
composition and density of an object by the attenuation of an X-ray beam. The “image” of
the object can be spatially reconstructed from measurements performed at different rotation
angles. This method is used in medical applications but also to verify the integrity of structural
materials.

Microtomography (u-CT) extends tomography to high spatial resolution. This becomes
possible by a high brilliance source, which allows use of an intense microbeam. Spatial
resolution at SR sources using a parallel, monochromatic beam is limited by the detector
resolution to about 1 um. One can, in addition visualize selectively certain elements by
making use of their absorption edges. Figure 2.11 shows schematically a u-CT setup, based
on a parallel beam and a 2D detector [13].

An interesting use of u-CT for the petrol industry is visualization of the pore structure
of materials. This gives important information for the modelling of macroscopic properties,
such as the transport of liquids. Figure 2.12 shows the reconstructed image of a Fontainebleau
stone [15]. A 5 x 5 um? beam was used. The resolution is about 10 um. The fluid permeability
calculated from these results agrees quite well with experimental data.

Rotation

¥
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Figure 2.11 Schematic design of a microtomography setup. The beam transmission is measured
for different rotation angles and at different heights. Image reconstruction allows
localizing the feature of interest. (Adapted from [13].)
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P. Spanne 930610

Figure 2.12 Example of image reconstruction based on a microtomography experiment: pore
structure of a Fontainebleau stone [15]. (See Colour Plate VIII.)

2.4.2 Time-resolved diffraction [16]

Time-resolved (or real-time) diffraction provides a method of visualizing a phase transfor-
mation or chemical reaction and, thus, allows development of a microscopic model for the
structural evolution being studied. The temporal length of the photon pulses, which are down
to 60 ps for the ESRF storage ring, determines the ultimate temporal resolution. This resolu-
tion is, for example, required to study fast structural processes in proteins, which are initiated
by a laser flash [17].

The formation of Portland cement, a technologically important material, takes place on
a much slower time-scale. The overall reaction continues for several hours, but a fast onset
reaction takes place within several seconds. This fast reaction could be followed in real
time with a setup shown schematically in Figure 2.13 [18]. The optical system provides a
polychromatic radiation band. Slits in front of the sample and between sample and detector
allow defining the irradiated volume.

The hydration of cement is influenced in particular by the most reactive component
Ca3Al;03. Chemical techniques allow isolating a number of hydrated phases of cement.
Time-resolved diffraction allows in addition determining the succession of crystalline phases.
Figure 2.14 shows a sequence of energy-dependent diffraction patterns recorded during
the rapid hydration phase. Setting aside the phases Ca3zAl,O3 and CazAl,O3(H0)¢, one
observed only one intermediate phase which can be identified as CayAl,O3(H20)g. This
phase acts obviously as nucleation phase for the end product CazAl,O3(H>0O)g. The reaction
involving crystallographic phases can thus be formulated in the following way:

2Ca3Al,03 4+ 27H,0 — CagAlLb,O3(H20) 19 + Cap Al,O3(H,0)g (6)
2Ca3Al,03 + 21H,0 — CagAl,03(H20) 13 + CarAl,O3(H0)g 7)
CayAl,O3(H20) 19 4+ CazAl,O3(H,0)g — 2CazAl,O3(H,O)g + 15H,0 (8)
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Slits

Slits
X-ray beam

Reaction cell
Slits

Figure 2.13 Schematic design of an experimental setup to follow the hydration of cement in real-
time. The lozenge type “observation” volume in the cell is defined by the system of
slits. (Adapted from [18].)

CagAl,03 (H20)g

Figure 2.14 Temporal evolution of crystalline structures during the hydration of Ca3Al,03 as
recorded by energy dispersive diffraction. (Adapted from [18].)

2.4.3 X-ray microdiffraction (u-XRD)

X-ray microdiffraction allows us to study the local structure and orientation of materials or
to investigate microcrystals [19]. Scanning p-XRD is used to map an extended sample and to
record at every position a diffraction pattern with a fast 2D-detector. This allows us to “image”
the variation of the local structure and texture across the sample. Current technology employs
beam sizes down to about 1 um and submicron beam optics is under development [19-21]. A
typical scanning setup is shown in Figure 2.15. In contrast to electron scattering techniques,
the sample is scanned through a stationary beam. In this case a monochromatic beam, which
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Figure 2.15 Schematic design of a scanning ;-XRD setup. The beam size can be defined by a
glass capillary to about 1 um at the sample position. The distance between the video
microscope and beam position is calibrated which allows placing of the sample with
micrometer accuracy in the beam. (Adapted from [19].)

has been focused to about 30 wm by a mirror, is further reduced to about 2 wm by a tapered
glass capillary [19].

The scanning of a single fiber of the synthetic polymer ultrahigh molecular weight poly-
ethylene (UHMW-PE) provides an example. A local area diffraction pattern of a UHMW-PE
fiber is shown in Figure 2.16(a) [19]. The reflections correspond to the two crystalline phases
of polyethylene: the orthorhombic phase and a metastable monoclinic phase. The monoclinic
phase is formed by plastic deformation of the orthorhombic phase [22, 23]. The intensity
ratio of the monoclinic phase (001) reflection and the orthorhombic phase (110) reflection —
Iyo1/17;0 —1s shown in Figure 2.16(b). Assuming cylindrical symmetry, the monoclinic phase
appears to form a band extending along the fiber axis. This information could be obtained
without sectioning the sample as required for electron diffraction techniques.

Scanning u-XRD at high energies (E > 50keV) with depth selection by conical slits has
been developed for texture and strain mapping of bulk materials in volume with a spatial
resolution of 5 x 5 x 50 wm? [24]. Spatial resolution of about 0.1 um and smaller can be
obtained in one direction by X-ray waveguide structures. This has been used to study buried
strain fields in semiconductor devices [25].

2.4.4 X-ray microfluorescence (u-XRF)

X-ray fluorescence (XRF) is based on X-ray photoionization of elements and the detec-
tion of their characteristic fluorescent radiation. Excitation can be done both by white
or monochromatic radiation. In contrast to electron probe microanalysis, XRF allows
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Figure 2.16 (a) Fiber diffraction pattern of a UHMW-PE fiber. The pattern shows reflections of
the monoclinic and orthorhombic phases. (b) Distribution of the ratio monoclinic/
orthorhombic phase calculated from the intensity ratio of a Bragg reflection of each
phase across a single fiber on a mesh of 2 x 2 um?2.

quantitative elemental bulk analysis down to the sub-ppm level [26, 27]. In exceptional
cases, absolute detection limits in the range of <100ag(10~!8 g) can be reached [28]. The
same type of scanning system as used in scanning pu-XRD (Figure 2.15) in combination with
an energy dispersive X-ray detector can be used for scanning p-XRF [26, 29]. One obtains
thus an “image” of the elemental distribution across the sample. Three-dimensional image
reconstruction based on u-XRF data obtained at different sample rotation angles has been
demonstrated [26].

Figure 2.17 shows the result of a 2D scan of spruce wood cells through a 2 x 2 um?
monochromatic beam. X-ray microfluorescence images were obtained with traces of Mn and
Fe in the cell walls at the 100 ppm level [30]. This information is of great interest for products
derived from wood such as the production of pulp where the bleaching process by H>O; can
be influenced by the presence of transition metals. In a related experiment, the orientation of
cellulose fibrils in wood cell walls has been determined by scanning ;-XRD [31]. Combined
u-XRF and p-XRD experiments are, in principle, possible [32].

2.4.5 Extended X-ray absorption fine structure (EXAFS) [7]

X-ray absorption is dominated by the photoelectric effect up to about 0.03nm. The
absorption of a photon with a specific energy by an atom (Figure 2.18(a)) can liberate a
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Figure 2.17 Tmaging of wood cell walls for the Mn- and Fe-fluorescence on a mesh of 2 x 2 jLm?
at A = 0.0984nm. The cell walls of wood can be clearly distinguished. Bright spots
correspond to larger particles containing Fe or Mn [30].

@) (b)

Figure 2.18 Principle of X-ray absorption spectroscopy: (a) after the absorption of a photon by the
atom at the center, a photoelectric wave is created; (b) the reflection of this wave by the
environment of the central atom is at the origin of the observed interference phenomenon.

photoelectron with a characteristic energy. The neighbouring atoms reflect the photoelectron
wave (Figure 2.18(b)). The interference of the two waves creates an absorption spectrum,
which allows extraction of the EXAFS function (Figure 2.19). The oscillations of this func-
tion extend up to 1000 eV beyond the absorption edge (K, L, M, ...). In practice, one can
transform the EXAFS function into real space by a Fourier transformation (Figure 2.19)
[33]. This function is close to the pair correlation function of the central atom with its
environment. A structural analysis allows us in principle to obtain information on the first
coordination sphere of an atom (number of atoms, geometry and distances). The interest in
such an analysis is due to the fact that one can analyze in principle for every atom its sphere
of coordination.

Figure 2.20 shows the EXAFS-spectra at the L3 edge of uranium in a uranium silicate glass
[34]. The patterns were obtained at different incidence angles. For a large incidence angle
the spectrum (a) reflects the bulk environment of uranium. Spectrum (b) was obtained for
grazing incidence and reflects the local structure at the surface. The other spectra correspond
to different degrees of corrosion and can be related to the formation of a gel at the surface.
The increase in U-U correlation at the surface suggests the formation of clusters containing
uranium atoms.
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Figure 2.19 (a) Absorption spectrum at the K-edge of iron (i, linear absorption coefficient; ¢, thickness
of sample). (b) EXAFS function — x (¢) — extracted from the total spectrum. (c) Fourier
transformed EXAFS function. (Adapted from [33].)
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Figure 2.20 Fourier transformed EXAFS spectra of uranium silicate glasses: (a) bulk structure;
(b) surface structure; (c—f) surface structures at different corrosion times [34].

Appendix

Synchrotron radiation applications in materials research
Diffraction [35, 36]

Crystal structures of single crystals, powders and fibers

Time-resolved and in situ diffraction

Structures at high pressures

Distinction of neighbouring elements by exploiting anomalous dispersion
Microdiffraction with beam sizes extending into the submicron range
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Structures of surfaces and interfaces by glancing incidence diffraction
Analysis of textures and strain distribution including experiments with microbeams [37]

Diffuse scattering [38—40]

Small-angle scattering

Defects in metals and alloys

Polymer crystallization

Structures of colloidal systems and emulsions

Extended X-ray absorption Fine structure (EXAFS) [33, 41]

Short-range correlation
Kinetics of phase formation
Local structure of catalysts

Topography [42, 43]
Defects in crystals
Analysis of dislocations and stress

Tomography [13, 14]
Three-dimensional reconstruction of materials based on absorption or phase contrast.

Microfluorescence [26, 44]

Quantitative analysis of elements
Elemental mapping with beam sizes extending into the submicrometer range

Lithography [45]
Production of artificial structures in three dimensions (LIGA process)
Microlithography applications in semiconductor industry
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by diffraction






3 Calculation of residual stress from
measured strain

A. Lodini

3.1 General overview

Residual stress evaluation is an important stage in the improvement of the performance of
materials, the control of the deformation of components and the understanding of indus-
trial processes. In general, residual stress has various origins: mechanical (machining, shot
peening), thermal (heat treatment, laser treatment), thermomechanical (forging, welding) or
thermochemical (carburizing, nitriding).

According to the standard definition [ 1], the residual stresses are the auto-balancing stresses
that exist in a material that is submitted either to no forces or external stresses and that is in
a constant temperature condition.

In general, these residual stresses are caused by an inhomogeneity in deformation, from
some source of local incompatibility which is generated from one or more of three funda-
mental physical origins: plastic flow, volume change, and thermal dilatation. Incomplete
relaxation of the elastic deformation associated with these phenomena leads to residual
stress.

In the solid there are additionally local incompatibilities caused by crystal defects, dislo-
cations, grain boundaries, second phase particles, etc. The exact origin of stress is therefore
going to depend on the scale of observation.

A classification of the residual stresses into three orders or types, related to the scale on
which one considers the material, was proposed by Macherauch and Kloss [2].

e Residual stresses of the first order, or type I residual stresses, are homogeneous over
a very large number of crystal domains of the material. Such stresses are also termed
macrostresses (0112). The internal forces related to this stress are balanced on all planes.
The moments related to these forces are equal to zero around all axes.

e Residual stresses of the second order, or type II residual stress, are homogeneous within
small crystal domains of the material (a single grain or phase). The internal forces related
to these stresses are in balance between the different grains or phases.

e Residual stresses of the third order, or type III residual stress, are homogeneous on the
smallest crystal domains of the material (over a few interatomic distances). The internal
forces coupled to these stresses are in balance in very small domains (such as around
dislocations or point defects). Type II and III residual stresses are collectively termed

: 1l 11
microstresses (og and og').

In the case of real materials, the actual residual stress state at a point comes from the
superposition of stresses of type I, II and III stresses [3-5, 7], as is illustrated in Figure 3.1.
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al

Figure 3.1 Three orders of stresses in two-phase materials.

3.2 Mechanical definition of stress and strain

In engineering science, the mechanical stress state at a point in a material and in a reference
system is represented by a second-order tensor o;;:

IF;
o = oL
YaS;

where F; represents the component of force in a direction x; that acts on the element of
volume characterized by surface dS;, whose normal is in direction x;.
In its complete notation o;; can be written in the referential system (1, 2, 3):

011 012 013
Oij = | 021 022 023
031 032 033

The diagonal elements represent normal stresses on planes normal to the direction of the
chosen axes, the other elements being shear stresses.

The stress tensor is symmetrical (0;; = o;;) and can be diagonalized, which means that
for any point we can choose a system of particular axes called principal axes of the tensor so
that only elements of the diagonal are not equal to zero: that is, an axis system where there are
only normal stresses along the axes, and no shear stresses between them. These components
are the principal components of the stress tensor.

The stress tensor can be transposed to other reference axes using the law of transformation:

/
0jj = QikAjiOkl
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The stress in direction ij of the initial set of axes is equal to the stress in direction &/ of the
new set of axes after the transformation a;xa ;.

While developing the equation in the direction of the plane normal, the stress is given by
the ellipsoid of stresses:

2 2 2
o1y = aj011 + aj,022 + aiz033 + 2annaionn + 2a13ai013 + 2a13ainons
The stress tensor can also be expressed in the matrix notation of Voigt

o011

022

033
20‘12
20]3
2023

The advantage of this notation is that it is sometimes convenient to express the elastic tensor
as a matrix.

In practice, it is not stress that is obtained by a diffraction measurement: it is imprecise to
speak of stress measurement. It is necessary to transform strain in stress.

In a solid, applied external forces deform the structure. It is then necessary to define a
strain field characteristic of the resulting displacements. In any reference sample the state
of strain of a small element of volume is defined by the second-order tensor ¢;;. For small
strains the expression is written:

1 8ui + 814]'
Y2 lax; o

in which u(1, 2, 3) is the vector of displacements.
In its complete notation and for the standard reference system, it can be written as:

€11 €12 €13
gij = | €1 €2 &3
€31 €3 €33

The diagonal elements represent strains along the direction of the chosen axes and the other
elements are the shear strains between the axes.
For tensor ¢;;, the same rules as the stress tensor are applied: it is symmetrical,

&ij = €&ji
it obeys the law of transformation,
/ —_—
€;j = ik i€kl

and, as for the stress tensor, matrix notation can be used for the strain tensor.



50 A. Lodini

Table 3.1 Stress and strain notations

Tensor Matrix  Engineering notation
Normal stress o1l o1 Oy x0y
022 (2} Oyy0y
033 03 02207
Shear sress 023 o4 Oy Ty;
013 o5 OxzTxz
o012 O¢ OxyTxy
Longitudinal strain ¢ £1 ExxEx
€22 &2 EyyEy
£33 €3 €228z
Shear strain €23 (1/2)es €y (1/2)yy;
€13 (1/2)es  ex:(1/2)yxz
€12 (1/2)86 Exy (l/z)yxy

In engineering science, stress and/or strain analysis is done generally by choosing a
Cartesian reference system (o, x, y, z). The relations between the different notations are
given in Table 3.1. However, these definitions are not sufficient to describe the origins of the
stress field in the material. It is necessary to separate clearly the macrostress and macrostrain

from microstress and microstrain.

3.3 Macroscopic and microscopic relations

When a material is submitted to a applied load, it develops a field of microstress o and
microstrain €. By definition, the macrostress ¢ is equal to the average value of the field of

microstress o in the volume V

1
6:—/odV
Vv
v

In the same way, the macrostrain € is written as:

1
5:—/st
\%
1%

If the sample is homogeneous and elastic, there is a linear correlation, on a macroscopic scale

between the two terms € and o:

& =Cs

where C represents the macroscopic elastic constant matrix.
In the same way, on the microscopic scale:

o=Cs

where C is the microscopic elastic coefficients matrix.

In most materials, the polycrystalline values of C cannot generally be used interchangeably
with the average single crystal C because there are very strong interactions between single

crystals (grains).
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3.3.1 Case of a monocrystal

The microscopic relation between the strain and the stress tensor is given by the generalized
Hooke’s law:

&ij = SijkiOkl
or by expressing the stress according to the strain:
0ij = Cijki€ul

Ciji and S;jx are coefficients of stiffness and compliance of the material, respectively, and
are fourth-order tensors.
For any transformation a;;, tensors of compliance and stiffness can be expressed as:

Sijkl = aimajnakoalpsmnop
Cijkl = aimajnakoalpcmnop
These formulas represent nine equations each of nine terms. That gives 81 constants in the
tensors of compliance and stiffness.
However, relations of symmetry of the stress and strain tensor decreases the number of

constants to 36.
We can also demonstrate that:

Cijki = Cuiij
Sijkt = Skiij
This decreases the number of independent constants to 21.
In general, tensors of stiffness and compliance are expressed with the help of the matrix
notation of Voigt.
Sijkt = Smn formandn =1,2o0r3
Sijkl = %Smn formorn=4,50r6

Sijkl = %Smn formorn=7,80r9
In this case, the generalized Hooke’s law is simplified as:

g; :Ciij

& = SijUj

The number of independent constants of the matrix of compliance or stiffness can be reduced
according to these symmetries.

For a cubic monocrystal it is, for example, necessary to know only three independent
constants to deduce its elastic behaviour.
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Matrices of compliance and stiffness are written in the following way:

[S11 Sz S 0 0 0
S Sut Sz O 0 0
S = Sz Sz St O 0 0
A () 0 0 Sy4 O 0
0 0 0 0 Sy4u O
L 0 0 0 0 0 Su
[C11 Cin Cp 0O 0 0
Cpp Cii Cip O 0 0
Co. — Cip Cip Cii O 0 0
Y10 0 0 Cy4 O 0
0 0 0 0 Cq44 O
| 0 0 0 0 0 Cy

If we consider the cubic monocrystal system as isotropic, the elastic constants must be the
same in all directions.

So, the independent constants are St and S12, with Sgq = 2(S11 — S12). In the same way,
C11 and Cip with Cqyq = (C11 — C12)/2; by introducing Lamé constants of A = Cj and
i = Cya, the matrix can be expressed thus:

O+ 240) Y A 0 0 0

A O +2p) A 0 0 0

co A A Oo+21) 0 0 0
= 0 0 0 L 0 0
0 0 0 0 u 0

0 0 0 0 0 pu

Hooke’s law is simplified by the following expression:

1+v v
£ij = —p—0ij = 5ijEkak
E vE

Oij = ijEkk

El‘j— 1)
1+v (1+v)(1 —2v)

with § being the Kronecker delta-function, E the Young’s modulus and v the Poisson’s ratio
of the material or of the cubic crystal variety considered:

1 S
E=— and v=-22
S]] Sll

For a cubic monocrystal, the microscopic relations can generally be used. It is only necessary
to consider the anisotropy of the single crystal.

3.3.2 Elastic constants of the single crystal (cubic system)

A single crystal is an anisotropic system and its elastic properties depend on the direction
which is considered. To determine the Young’s modulus a uniaxial stress oapp, is applied to
the cubic crystal in a direction [hkl].
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In this direction, the €11 strain is given by:

1

€11 = ——Oappl
(EDnk

Since the material is anisotropic, the equation can be written in the generalized form:
/
e = 81111011

It is supposed that the direction [hkl] can also be expressed in terms of the compli-
ance constants S, defined in the reference system of the crystal, with the use of the
transformation law:

1

/
m = S]]]] = almalnalnalpsmnnp

in which a;; are the direction cosines of the direction [Ak/].
By developing the equation:

1
(E) i

= 511 (041‘1 +af + aﬁ) + S12 (a%ﬂ%z +ajai; + 9%1‘1%3)
+ Sua (‘1121‘1122 +ajais + a12]a§3>
Since:
agijajr=1 ifi=j
airajr =0 ifi#j
The equation becomes

1

Sa4
——— =S} =S =251~ S12) — — (0%1‘1%2 +ajjaty ‘Hl%la%s)
(E)nki 2
and according to the Miller indices [3]:

1
(B

= S111 = St — 2ApuS

or

h2k? + h21? + 12k?
(h2 +k2 _|_12)2

S.
s=<sn—slz)—§ and  Apy =

From the equation, we get the Young’s modulus:

1

Epg = ————
S11 —2AnS
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The Poisson’s ratio can be obtained by considering the direction perpendicular to the loading
direction:

1
1 = = Oappl
(ED)wa ™

With the help of the transformation law:

/
S)111 = @iazjaikan Siju = = S1o 4+ 2Anu

(EL)nki
and therefore:

1

(ED = ————
S12 +2Ank

So, the Poisson’s ratio for the plane (hkl) is:

(E))hkt S12 + 2Anu
Wkt = — =
(EDna St —25Anu

3.3.3 Case of one phase in an isotropic polycrystalline material

For a cubic and isotropic polycrystalline material, Hooke’s law is simplified by the following
expression where the micro—macro transformation takes place by knowledge of E (hkl) and
v(hkl):

 E(k) v(hkl) E (hkl)
T = T ok 7 T T kD) (1 — 2v(hkD)

3 being the Kronecker delta-function.

3.3.4 Elastic constants of a polycrystalline material (cubic system)

The behaviour of a polycrystal plane (hkl) in a non-textured sample is generally consid-
ered to be isotropic. However, the material is composed of aggregated monocrystals whose
properties are anisotropic. The elastic behaviour of the polycrystal depends not only on the
elastic constants of the single crystal, but also on the interaction between grains. A rigorous
theoretical calculation of the elastic constants of the polycrystal requires a complete theoret-
ical solution of the influence of the elastic anisotropy of every crystallite and the interaction
between crystallites on the elastic response of polycrystalline material. Since such a precise
solution has not yet been obtained, it is necessary to use coupling models for the interaction
between crystallites. Historically several models have been proposed, such as the models of
Voigt, Reuss and Kroner [8—13].

3.34.1 Model of Voigt

In the approximation of Voigt the field of distortions (strain) is uniform in the polycrystal,
and therefore each grain experiences the same strain. There is a continuity strain on grain
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boundaries. In this hypothesis the elastic constants of the material are calculated from five
stiffness constants of the single crystal and are independent of the crystallographic direction.
For example, for a non-textured cubic material:

2844 +6(S11 — S12)
28511(S11 + S12 + 2844) — 25122812 + Saa)
_ S112811 + 2812 — Sa4) + S123844 — 4512)
2811(S11 + S12 + 2844) — 285122812 + Sa4)

En =

Vhkl =

3.3.4.2 Model of Reuss

In the approximation of Reuss, the stress field in the material is considered to be uniform,
and therefore each crystallite develops a strain that is proportional to the anisotropic modulus
in a particular direction. In this hypothesis, the elastic constants therefore depend on the
crystallographic orientation [hkl].

For example, for a non-textured cubic material:

1
S11 — Api{2(S11 — S12) — Saa}
S12 + Apki{(S11 — S12) — Saa/2}
S11 = Api{2(S11 — S12) — Saa}

En =

Vhkl = —
where Ajy; is the orientation factor of the plane (hkl).

3.3.4.3 The self-consistent model of Kroner

In this extended Eshelby model, the method of Kroner concerns the calculation of the global
elastic properties of a polycrystalline material, from the elastic constants of the single crystal.
This model is based on the treatment of one anisotropic crystallite, spherical or ellipsoidal,
that is embedded in an infinite, elastic and isotropic matrix.

For every crystallite, the distortion is directly proportional to the average stress that exists
in the polycrystal:

&ij = (Sijrr + ijk1(§2)) 0
where S§; j, is the compliance tensor of the single crystal of volume €2, and #; j, is a fourth-order
tensor that describes the interaction between crystallites.

After integration of the equation over all orientations, one gets the macroscopic average
values:

&ij = (Sijk1) BOki

(Sijri) B being the compliance tensor of the material. So

ffijkldD =0

D
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From calculations using the Kroner model, for a spherical, anisotropic crystal and cubic
symmetry, the equation becomes:

G +aG*+BG+y =0

with
_9A; 444,
N 8
(BA; + 12A3)A,

e

| 341424,
V= 8

1 1 1

Aj

= A2 = — A3 =
3(S11 + S12) Sa4 2(S11 — S12)

The solution of G represents the macroscopic Coulomb modulus and enables us to calculate
E and v:

w
I =201 = 5An)t44
2G{l1 + (1 — 5Ap)tan} —
2G{1 = 2w(1 — 5Ank1)ta4}

Epig =

Vhkl = —

where the tensor is composed as:

(G —A2)(BA1 +6G) 9A1G
= WD = —
2G{8G2 + G(9A| + 12A5) + 6A Az} 3A1+ G

T4y

Kroner’s model gives the most realistic value of the elastic constants of a polycrystal, whereas
the models of Voigt and Reuss give lower and upper bounds of these values, respectively. A
simpler procedure, introduced by Hill and Neerfeld, consists of taking the arithmetic average
of values of Reuss and Voigt, and which yields a result which will be closer to the value
of Kroner.

3.3.5 Case of a two-phase polycrystalline material

In a two-phase polycrystalline material, the grains belonging to different phases have different
physical and elastic properties and hence, the second order stresses averaged over one phase
are not equal to zero. It is possible to approximate this problem. The mean value of stress
calculated over one phase is called the phase stress (5P") and it can be subdivided into the
following terms with the formalism proposed by Clyne and Withers [14]:

-ph _ -1 phTh
0;j; =0j; +a.j +0ij

phPl
ij i to

ij

where the superscript I is used for the macro (first order) stress, and the mismatch elastic
thermal and plastic stresses are denoted by E, Th and PI, respectively [6, 14, 15].
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The mismatch stresses are defined as the average value of the second-order stresses over
all grains belonging to one phase; for both phases of the material the second-order stresses
must sum to zero over a large volume of material and we obtain:

1 hl h2
of; = fol" + (1= f)a};

The overall macrostress is simply the summation of two macrostress terms characteristic of
each phase in the material. Some theoretical model (Eshelby or autocoherent) can be used to
complete this evaluation (see Chapter 16).

3.4 Experimental determination of diffraction elastic constants (DECs)

Finally, it is generally necessary to measure the diffraction elastic constants (DECs) in order
to verify model results, or when the parameters are unknown for a particular peak. The
simplest way to measure DECs is to apply a uniaxial stress to a sample of the material and to
measure the strain evolution &4y, for different values of the applied stress. The macroscopic
stress state is the sum of the residual stress and the applied stress.

Generally, we apply a tensile or compressive stress by a stress rig or a four-point bending
device. We consider the effect of the applied stress only, taking any residual stress to be our
reference state. With ¢ = 0, the general formula is:

Ey = %SZEXX Sil’l2 Y+ 810 xx + Eyy)
where (1/2)S, and (1/2)S; are the DECs with:

1 1
=8 = +v; 51=—1
2 E E

where E is the Young’s modulus and v the Poisson coefficient of the plane (hkl).

3.4.1 First method: sin® ¥ method

For different values of the applied load (Gapp, = 0xx) and with different determination of
ey =f (sin? ¥) we have the general result given by Figure 3.2.
If we consider for different o,pp

381/, _ 1

o= —7 SHo
dsinZp 2 P

the slope of the graph gives S»

1 oo
=8 = —
2 00app

and also for different o,pp the origin B (8 = &y =0)) gives S1(S1 = 98/00app).
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Oapp3

Eapp2

Eapp1
/7

Sin?y

Strain

v

Figure 3.2 gy = f (sin? ) for different applied stresses.

Exx

Strain

v

Tapp
Eyy=bzz
Figure 3.3 &y, &y, and &, for different applied stresses.

3.4.2 Second method: 3D method

We measure the three principal strains for different applied stress

Exx = €0,90
Eyy = €90,90
&2z = €0,0

The slope of the graph gives directly E k) and vk (see Figure 3.3).
It is easy to calculate S; and (1/2)S;. This method is used with the neutron diffraction

technique.
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4 Characterization of macrostresses

R. A. Winholtz

4.1 Macrostresses

Residual macrostresses are what have classically been thought of as residual stresses.
Macrostresses arise in considering a macroscopic view where the material is considered
homogeneous. They are the stresses that are revealed by dissection methods of residual
stress measurement such as hole drilling or sectioning. Residual macrostresses are well
known to affect material properties. They can be beneficial or detrimental to a material’s
performance. Fatigue resistance, for example, can be improved or reduced by tensile or
compressive stresses, respectively, near the surface. Macrostresses also inhibit the ability to
maintain dimensional control of components during manufacturing operations because, as
stressed material is removed, stresses redistribute and the remaining material distorts.

For these reasons, the characterization of residual stresses is an important engineering
consideration. Measurement of residual stresses is important both for directly knowing the
stresses produced by various processes and for validating models of residual stress-producing
processes. Diffraction methods are attractive for measuring residual stresses because they are
nondestructive, precise, able to measure stresses both near the surface and in the interior of
materials, and able to give the entire three-dimensional (3D) stress tensor.

4.2 Measurement of stresses with diffraction
Diffraction can be used to precisely measure a lattice spacing utilizing Bragg’s law:

A =2dsin0 (D

Here, A is the wavelength of the radiation used, 6 is one-half the scattering angle, and d is
the average interplanar spacing for a given reflection in a crystalline material. In a stressed
material, the lattice spacing can be used as a strain gauge, giving a measure of linear strain in
the direction of the diffraction vector. If dy and 6y are the lattice spacing and the corresponding
Bragg angle measured for the stress-free material, the strain can be computed as

e=d=do_sino )

do sin 0
The state of strain at some location in a material is a second-order tensor quantity represented
by shear and normal components referenced to a given coordinate system. We can determine
the state of strain in a material using diffraction by measuring the linear or normal strain in
a number of directions and utilizing the rules specifying how the components of a second-
order tensor transform with direction. Having determined the strain components, the stress
components are then computed using Hooke’s law.
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Figure 4.1 Coordinate systems used to measure stresses with diffraction. The X; coordinate axes
are the sample coordinate system. Oriented by the angles ¢ and i with the sample
coordinate system is the X} axis of the laboratory coordinate system.

First, we set up two coordinate systems illustrated in Figure 4.1. The X; coordinate system
is the sample coordinate system. We wish to determine the strain and stress components in
this sample coordinate system. Although we are free to attach this coordinate system to the
material in any way we desire, the geometry of the component will often suggest a natural set
of sample coordinates. For near surface stress measurements using X-rays it is customary to
place the X3 axis normal to the surface. The X’ coordinate axis is in the laboratory system,
which is the reference frame for making the diffraction measurements. The X’ coordinate
axis is oriented with respect to the sample coordinate axes by the angles ¢ and i as shown in
Figure 4.1. By orienting the specimen with respect to the incident and diffracted beams such
that the diffraction vector is along the X /3 axis, we can measure the strain in this direction,
designated €4y . A diffraction peak is recorded and its Bragg angle precisely determined. The
strain is then determined using equation (2).

Next, we relate the strain measured in the laboratory coordinate system to the unknown
strain components in the sample coordinate system. Strain components transform according
to the relation [1]

€1 = CikOjIEkI 3)
where «;; are the direction cosines between the laboratory and sample coordinate systems
defined as

o;j = cos(X;, X) “4)

In equation (3) and in what follows, repeated indices imply summation. The direction cosines
between the laboratory and sample coordinate systems are

3] = COS ¢ sin Y
o3y = sin ¢ sin ()]

o33 = COS Y
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Substituting these into equation (3) we obtain

dpy — d
Epy = % = &1 cos2¢> sinzw + &7 sin2¢ sinzlp + e33 coszw

+ £12 sin2¢ sinzw + €13 cos ¢ sin 2 + €33 sin ¢ sin 2y (6)

This equation relates the quantities we measure with diffraction, dyy and dp, to the unknown
quantities we want to determine, the components of strain in the material ¢;;. There are six
unknown strain components, thus we must measure at least six strains, g4y, at ¢ and v angles
that do not form a singular set of equations. A least-squares solution of equation (6) can be
obtained when more than six diffraction strain measurements are made [2]. This is good
practice, minimizing the effects of a single bad measurement and allowing an assessment of
the quality of the least-squares fit to the experimental data.
Having obtained the strain tensor, the stress tensor is then obtained from Hooke’s law

_ 1 I
%= 1728, [8” 5”(1/2>Sz+3s18”] @

where S7 and (1/2)S, are the diffraction elastic constants [3, 4].

4.3 Least-squares determination of the strain tensor

To facilitate a matrix formulation for computer solution we introduce the following
definitions [2]:

er=¢en  fi(@, ¥) = cos’psin’ y
e2=¢en  fr(@, V) =sin’psin’ ¢
e3=¢e3  f3(p, V) = cos’y

(®)

es=enn  fil¢,¥) = sin2¢sin’y

es=¢€13  [f5(p, ) =cos¢sin2y

ge =623  Jfo(¢, ) =singsin2y
We may then rewrite equation (6) as

6
gy =& =) &, fi(®, V) ©)
j=1
We define the weighted sum of squared error x> as
2
“ (&obs — gcalc)z - 1 ’ ¢
2
X ; var(e;) ; var(e}) ‘i jzl 611 (@0 40 (10

Here, the number of strain measurements collected is n and var(e]) is an estimate of the
variance (squared standard deviation) or uncertainty in the ith strain measurement. The
values of var(e}) are found by propagating the uncertainty in the peak locations to the strains.
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Each var(g;]) provides a weighting factor on each strain measurement’s contribution to %2 so
that those with a smaller standard deviation make a larger contribution. We want to find the
values of the ¢; that minimize x%. A minimum in x? exists when its partial derivative with
respect to each ¢; equals zero. Taking the partial derivatives results in the set of equations

6
i’ _ % | fi @i )
A LU ) —el | T 11
% ; ]; wfi@in v | = e | S0 (1D
Forming the matrix B and the vector E with elements

Bjx = Y fi(¢i, i) fuldi, i) /var(e])

i=1

. (12)
Ej =& fi(¢i, ¥i)/var(e])
i=1
gives the matrix equation
Be =E (13)

This is the set of normal equations for the least-squares solution. It can be solved by matrix
inversion or other methods [5] for the strain components ¢},

e=B'E (14)

4.4 The sin? ¥ method

The sin” ¥ method is the traditional method for measuring near surface stresses with X-rays
[3, 4]. There is a wealth of experience in interpreting diffraction stress data in this form and
much of the anomalous behaviors seen have been studied and interpreted in this context. The
sin® ¥ method utilizes the fact that the d-spacing between any two principal directions will
be linear with the square of the sine of the angle between them. This method has its origins
in graphical solution methods before widespread computer usage and is still very useful for
visualizing and understanding data.

We first substitute Hooke’s law, equation (7), into the fundamental diffraction strain
relation, equation (6), and use cos21p =1- sin21// to obtain

dpy — d . . .
Epy = Wd—oo = (1/2)$2(011 €05’} + 012 5in 26 + 02 sin°p — 033) sin* Y

+ (1/2)82033 + S1 (011 + 022 + 033)
+ (1/2)S>2(013 cos ¢ + 073 sin ¢) sin 2y (15)

In the near-surface region, the stresses o;3 cannot exist as macrostresses [3, 6]. In many
instances microstresses will be zero and these terms will vanish. We define the stress

0p = 011 COS° + 012 5in 2 + 072 sin’ (16)
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as the stress component along the ¢ direction in the sample surface. Equation (15) then
becomes

dyy — d, .
Epy = % = (1/2)S204 sin®y + Sy (011 + 022) (17)

This equation shows that 4y, or dgy, is linear with sinzzﬂ for a constant ¢. The slope of the
measured d-spacings will be proportional to the stress o. Because we have a biaxial stress
state, dy is just a multiplier in the slope and a precise value is not necessary to determine the
stress 0. Any uncertainty in do, easily determinable to a fraction of a percent, is reflected to
the same proportion in the uncertainty in stress and is generally negligible in comparison to
other uncertainties.

The stresses 073 can be present in the near-surface region as microstresses or they may
be present in the interior or materials and measurable with neutrons or high-energy X-rays.
The sin’y method is also applicable for these situations where the stresses o3 are present.
First, consider 033 being present. Examining equations (15) and (16), we see that the slope
of d-spacing (or strain £4y,) versus sin?y is proportional to the difference between stresses

slope o< 04 — 033 (18)

In order to determine the values of these stresses independently, we must also utilize the
intercept of d versus sin’y. To determine the intercept with sufficient precision we must
know the value of dy better than the precision of the strains being measured. This will be
illustrated further in Section 4.8.

Now consider the case where the shear stresses o3 and o»3 are present in the diffracting
volume. Equation (15) shows that these two stress components will cause the d-spacing to be
nonlinear with respect to sin”y. For measurements at a constant ¢, the sin 2y term will have
the same magnitude but opposite sign for positive and negative ¥ value. The d-spacing will
show two branches for positive and negative ¥ forming an ellipse as shown in Figure 4.2.

1.1730

1.1725 4

 positive
1.1720 4

1.1715 4
¥ negative

d-spacing (A)

1.1710 4

1.1700 T T T T
0.0 0.2 0.4 0.6 0.8 1.0

sin?y

Figure 4.2 Tlustration of y-splitting in a d versus sin> ¥ plot. The d-spacings are calculated from
equation (6) with a shear strain €13 present.
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This is known as -splitting. For near-surface measurements one cannot typically get to
sin®y = 1.0 (¥ = 90°) and the ellipse does not close back up. For bulk measurements with
penetrating radiations, however, one can measure out to ¢ = £90° where one is measuring
the same strain in opposite directions. From the centerline of the ellipse, or the average value
between positive and negative 1 branches, one can get the normal stress components from the
slope and intercept as previously done. This works because the averaging removes the shear
components 013 oOr 023 since they have opposing contributions for the positive and negative
Y branches. The height of the ellipse can then be used to obtain the shear stress values. The
deviation of d-spacing from the centerline versus sin 2y will have a slope proportional to the
shear stress. By looking at the deviation from the centerline of the ellipse we have removed
to the contributions of the normal stress components.

Analyzing data in this fashion is known as the Dolle-Hauk method [4, 7, 8]. It should be
noted that the least-squares approach will handle all the stress components automatically and
can give improved precision [2] but does not preclude one from plotting the d-spacings at
constant ¢ sections versus sin’y to inspect it for anomalies.

4.5 Determining the stress-free lattice spacing dj

For the measurement of triaxial stress states a precise value of the stress-free lattice spacing dp
is necessary to obtain the stresses and strains. Determining this value can be problematic [9].
One must measure a stress-free version of the material with the same experimental configura-
tion used to measure the stressed material in order to remove any systematic 26 shifts present.
While such deviations from the absolute d-spacings measured can be made small, strains are
also quite small and one should not try to rely on published values of lattice parameters.
Another reason published values cannot be used is that, for many materials of engineering
interest, the lattice parameter will vary with thermo-mechanical treatment. This can occur
due to the formation of precipitates that can change the composition of phases. Differences
in the stacking fault density can also change the stress-free value, in some materials [9, 10].
Another problem is that the value of dy can vary with location in a material due to differ-
ences in thermo-mechanical treatment with position (which may have produced the residual
stresses).

Several methods can be used to determine the stress-free value at a given location in the
material. First, a stress-free powder can be measured. A powder will be genuinely stress free.
Any internal stresses in a powder particle must balance with each other giving an average
stress of zero in all the particles. Care must be taken in using this method to be sure that
the powder has the stress-free value of interest. The powder may not have the same thermo-
mechanical treatment as the stressed material and hence may be unusable. This presents
a difficulty because the method to produce a powder must be inherently different than the
method used to produce the component of interest. For example, precipitation hardening
aluminum alloys will have a different stress-free lattice spacing when used as the matrix for
a composite than when they are a bulk alloy even with the same heat treatments. The presence
of the reinforcing phase changes the precipitation kinetics, changing the stress-free lattice
spacing [11-13]. Thus, filings from a bulk alloy may be unsuitable for measuring dy.

Second, one may go to an unstressed region of a component to measure the stress-free
lattice spacing. This method works nicely when appropriate because it does not involve any
extra experimental set up. Here, one must be concerned that there is truly an unstressed region
in the component. One must also be sure that dj is independent of position in the material.
For a multiphase material, this method gives a macrostress-free lattice spacing that may still
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contain effects from microstresses. If one wants to determine only the macrostresses and the
microstresses do not vary with position, this is appropriate.

Another method is to take an identical companion component and cut it up into small
stress-free coupons to measure [14]. One must ensure that the cutting operation relaxes the
residual macrostresses without introducing new residual stresses. Metals can often be electro-
discharge machined to produce the coupons. Concerns in using this method include being
sure that the coupons are cut to a small enough size so that macrostresses are substantially
relieved and that the dy variations are captured sufficiently. It is also a disadvantage that
a second component must be sacrificed, giving up the nondestructive nature of the diffraction
stress measurement. This method will again give only macrostress-free values.

If one is confident that it does not vary with location in the component, equilibrium can
be used to determine dy. Any component of stress must integrate to zero over a cross-section
of the component

/O‘,’jdA =0 (19)

A

One may iteratively try dp values until equation (19) is satisfied and then use this value.
Finally, if none of these methods is amenable, one may use an inaccurate value of dy and
report the estimated error. It will be shown in Section 4.8 that an inaccurate value of dj leads
to an error in the hydrostatic part of the stress. In many instances accurate values of the
deviatoric stresses may provide the information necessary for the problem at hand.

4.6 Assuming principal directions

For subsurface measurements of stress with penetrating radiations, there is an incentive to
save time in making measurements because intensities are often quite low, due to absorption
by the sample, and source accessibility can be limited and expensive. If one knows the
directions of the principal strains, time can be saved by measuring only in the three principal
directions instead of trying to measure the general state of strain represented by equation (6).
Geometry or loading can often suggest the principal directions.

Ignoring any shear stresses that are present and measuring three perpendicular strains will
not lead to any error in the three normal components of stress. From equation (6) one can see
that the shear strain components do not make any contribution to the measured strains along
the sample coordinate axes, that is, for (¢, ¥) equal to (0, 90°), (90°, 90°) and (0, 0). The
form of Hooke’s law used for polycrystalline materials, equation (7), has no coupling between
shear and normal stresses and strains. This means that the three normal components of stress
can be determined whether or not they are the principal directions [15]. This can be useful
in simplifying measurements made to compare to a finite element computation or analytic
model where components of stress are sufficient. One should be careful in neglecting the
shear stress components, however. The normal stress components may not accurately reflect
the complete stress state of the material. The principal stresses may be much larger, limited
only by the strength of the material.

The stress equilibrium relation o;; ; = 0 can be helpful in examining assumptions about
the principal stress directions [16]. If one has stress data obtained from measuring strains
in three orthogonal directions in a sample, this relation may be used to prove they are not
the principal directions. If any normal component of stress o;; varies with the direction X;
then the equilibrium relation tells us there must be gradients in the shear stresses as well. For
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example, if we see that o1 has a gradient in the X direction we may use

ad bl 0
o1l 012 93 _ o (20)
X, 090Xy 0X3

to see that there are gradients in the shear stresses in the X,—X3 plane. Since the shear stresses
are varying in this plane, they cannot be zero everywhere in this plane. If there are shear stress
components present, the normal stress components are not the principal stresses. While the
equilibrium relation may confirm that a set of stress measurements are not the principal
stresses, it cannot be used to prove that they are the principal directions. This relation only
deals with gradients so a constant shear stress can be present if 0;; does not vary with X;.

4.7 Error analysis

An error analysis of diffraction stress measurements is important for a number of reasons.
First, elastic strains in crystalline materials are very small and it is easy to have the uncer-
tainties in the measurements exceed the size of the strains due to the stresses. One needs an
estimate of the errors to ensure that the results are meaningful. Second, one can use an error
analysis to examine the feasibility of a proposed measurement. Time considerations may be
important here as well, as higher precision measurements usually take more counting time.
For example, after a preliminary error analysis one might conclude that a proposed set of
measurements can achieve a desired level of uncertainty but the time necessary far exceeds
that reasonably available. One should generally use an error analysis to design an experiment
to achieve a given level of uncertainty in the final results. Third, error analysis can be used
to optimize a measurement strategy. One will want to examine absorption path lengths for
various potential measurement orientations to choose the ¢ and i values used to make the
measurements. One wants to minimize the measurement uncertainties for a given amount
of measurement time. Conversely, one may want to minimize the measurement time neces-
sary to achieve a given level of measurement uncertainty. Access to neutron and synchrotron
sources can be expensive and limited so the best use of the available time should be used.
For a quantity x observed repeatedly n times, the variance is defined as

i — %)

n—1

var(x) = (21)

where x is the average of the observations.

The objective of the error analysis is to identify and quantify the sources of error in the
measurements and propagate them into the final results. Measurement uncertainties or errors
are propagated as follows. Consider a result y calculated from several measured variables x;

y=fxi,x2,...) (22)

For random errors in the measured variables, the variance in y as a function of the variances
in x; is given by [17]

ay 2 ay 2
var(y) = <B_x1> var(xy) + <8_x2> var(xp) + - - -

2 <8_y) (B_y) cov(xy, xo) + - - 23)
dx1 d0x2
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The error in y is then often reported as one standard deviation in y

Error in y = std(y) = +/var(y) (24)

For diffraction stress measurements, the primary source of uncertainty in the stress and
strain tensors is the uncertainties in the locations of the diffraction peaks. These will be
both random and systematic. Random errors in the location of diffraction peaks include the
counting statistics of measuring intensities with a detector, electronic noise and stability in
the detector system, temperature fluctuations during the measurements, and many others. In
many cases, for a properly working system, the counting statistics can dominate the random
errors. We would like to be able to estimate the random errors from a single observation
of a diffraction peak rather than observing it often enough to see the actual variation given
by equation (21). The random error in the peak location is usually estimated by the fitting
program that is used to determine the peak location. This will give an estimate of the variation
expected due to counting statistics if the peak were observed many times.

Systematic errors include diffractometer misalignment, absorption effects and geometrical
effects associated with a gauge volume. There can also be systematic irregularities in the
specimen leading to measurement errors such as an unsuitable stress-free standard or the
stress-free lattice spacing varying with location in the material. It is hoped that care is taken
and that the systematic errors are removed from the measurements or at least understood and
the data corrected for them. Systematic errors that are constant in both the measurement of
dgy and dy, such as an error in the radiation wavelength or a 20 offset, will cancel each other
in equation (2) resulting in no errors in the strain measurements.

The total variance in peak location can be estimated as the sum of the variance due to
counting statistics and the variance due to other sources

var(26;) = var(26.s) + var(26,s) (25)

The variance due to counting statistics can be controlled by the number of counts collected
in the diffraction peak. Generally, one must count four times longer to reduce the standard
deviation by one half. One may estimate the variance due to other sources for a particu-
lar instrument by repeatedly observing a diffraction peak with long count times to give as
equation (21) and then equation (25) is used to estimate var(26,).

To get the error in each strain measurement we apply equation (23) to equation (2) and
obtain

. 2 2
, sin 6y cos 6 cos by
= . = _— 2
var(ggy) = var(e;) ( ey ) var(0) + ( o var(6p) (26)
or
N 1 180>
var(egy ) = cot@z[var(ZG) + var(26p)] | — (27)
T

which relates the variance in a strain to the variances in the measured Bragg peak locations.
In equation (27) we have switched from 6 to 26, the experimentally determined variable, and
added a conversion from radians to degrees because peak positions are generally determined
in degrees.
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The errors in each measured strain are then propagated through the least-squares solution
to the strain components in the sample coordinate system

og’

i=1 t

n 2
var(gy) = Z <aﬂ> var(g;) (28)

This result assumes that the individual strain measurements, 8;, are independent so that the
covariance terms are zero. It can be shown that applying equation (28) to equation (14) gives
the result [5]

var(gg) = [Bl;;! 29)

That is, the diagonal elements of the inverse of the matrix B are the variances of the corre-
sponding strain components. Furthermore, B~ is the covariance matrix and the off-diagonal
elements give the covariance between corresponding strain components [5]

cov(s;, &) = [BI;;' (30)

Care must be exercised in including the variance in the stress-free lattice spacing in
equation (27). If a number of measurements of strain all use the same dy (or 6y) value,
they are not random and independent of each other but are perfectly correlated [18]. This
makes the use of equation (28) invalid. Handling the error in dy in this case is shown in
Section 4.8. If a separate value of dy is measured for each &4y, then the random errors are
uncorrelated and its inclusion in equation (27) is the correct way to handle the error.

After obtaining the errors in the strain components, it is propagated into the stress
components by applying equation (23) to equation (7) resulting in

1 S1
(1/2)S2  (1/2)$2((1/2)82 + 381)

2
var(o11) = |: ] var(e11)

S 2
* [(1/2)52((1/2)32 I 351)] [var(e22) + var(e33)]

S1 Sl
2 —
" [(1/2)52 (1/2)52((1/2)52+3S1)} [(1/2)52((1/2)SZ+3SI)]

x [cov(err, €22) + cov(ert, €33)]

S 2
2 [(1/2)52((1/2)& + 351)} cov(ez, £33) (31)

for the normal stress o1, the variances for 022 and 033 being similar in form. For the shear
stress components we obtain

| 2
var(oj;) = [m} var(gij); 1 #j (32)

Covariance terms exist in equation (31) because the normal stresses are coupled to all three
normal strains, while they are absent in equation (32) because each shear stress component
depends only on its corresponding shear strain.
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If normal stress components are determined by measuring strain in three orthogonal
directions, equation (31) is used to estimate the errors in the stress components by set-
ting the strain covariance terms equal to zero. They are zero because the orthogonal strain
measurements are independent of each other.

The relations for errors in diffraction stress measurements are also useful in estimating the
time necessary for a set of experiments and their feasibility. Preliminary measurements of
a sample of the material to be studied can be scaled to estimate the time necessary to achieve
the desired precision. Such planning will help prevent unacceptably high errors in a set of
measurements or running out of available time.

The time necessary to achieve a given error level in a set of measurements can be estimated
from a preliminary measurement of a diffraction peak. The desired level of error in the
stress and strain tensors is used to compute the necessary errors in the peak positions using
the relations above. The time necessary to measure each diffraction peak for a series of
measurements is then estimated from a preliminary measurement using the relation [19]

var(26;) = var(20) (i—“) explui — lo)] (33)

i

Here ¢ is the time taken to collect a diffraction peak with a variance var(260) through a
beam path length through the sample of /. The subscript ‘0’ indicates these quantities for
a preliminary measurement and the subscript ‘i’ designates these quantities for each of the
diffraction peaks in the planned measurements. The absorption coefficient for the material
is given by u. By summing the times necessary to achieve the necessary precision in the
peak positions one can estimate the time needed. Some iteration may be necessary to find
a satisfactory measurement plan.

4.8 Uncertainties in the stress-free lattice spacing dj

For triaxial stress measurements the stress-free lattice spacing dyp must be measured to a
precision better than the precision desired in the strains. We can illustrate the role of dp in
diffraction stress measurement by substituting hydrostatic, ey, and deviatoric, ‘e; j» parts of
the strain tensor into equation (6) and obtaining
dgy = do + doen + dol'en cos¢ sin®y + ‘e2p sin’¢ sin’ Y + ‘e33 cos>yr
+ ‘e12 sin 2¢ sin® Y + ‘13 cos ¢ sin 29 + ‘&3 sin ¢ sin 2¢]
(34

This equation still has only six unknown strain components on the right-hand side as the
relation

‘e + e+ 'e33 =0 (35)
follows from the definition of the strain deviator. Using this, we obtain
dgy = do + doen + do['e11 (cos’¢ sin®y — cos’ ) + ‘exn(sin’e siny — cosy)

+ ‘e12 sin 2¢ sin? Y + ‘13 cos ¢ sin 29 + ‘&3 sin ¢ sin 2¢]
(36)
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By measuring dgy as a function of direction and utilizing equations (35) and (36), one can
determine the deviatoric components of the strain since each has a different trigonometric
dependence on the angles ¢ and . An accurate value of dy is unnecessary since it is only
amultiplier in each term. From the dependence of dyy with orientation one can also determine
the constant component that does not vary with ¢ and . However, the hydrostatic part of
the strain cannot be determined without a precise value for dy because there are two constant
terms in equation (36), which cannot be distinguished from each other with measurements of
dgy [18, 20]. Thus, the precision to which dy is known determines the precision to which the
hydrostatic strain can be known. Any error in dy results directly in an error in the hydrostatic
component of strain and stress.

Having obtained the hydrostatic and deviatoric parts of the strain, the corresponding parts
of the stress are obtained from

E 1

M= AT 128+ GP

‘oii = E ‘e = : ‘g (38)
YT+ Y T a8 Y

The error in the hydrostatic part of the stress tensor due to dy is then

= —1 (LY d 39
var(om—( 55T 351) (d—0> var (do) (39)

In practice, one can just fit equation (6) and perform an error analysis assuming no uncertainty
in dy. One can then use equation (39) to find the error in the hydrostatic part of the stress and
add it in quadrature to the previous errors on the normal stress components.

4.9 Uncertainties in the principal stresses and directions

Having determined the components of the stress tensor one may then compute the principal
stresses and directions by solving the eigenvalue problem [21]

o, —0o11  —012 —o13 a1
—012 0, —02  —023 ai | =0 (40)
—013 —023 0, —033 | [ ;3

Three solutions for o; exist which are the principal stresses. The «;; for each o; give the
direction cosines describing the corresponding principal direction. Along with the principal
stresses and directions, estimates of their errors should also be reported. Since equation (23)
cannot be applied to the solution of equation (40), an alternate approach to estimate the errors
is necessary.

A Monte Carlo approach can be used to simulate the propagation of errors through the
data analysis by repeatedly generating sets of synthetic data with a random number generator
and analyzing them [22]. The distribution of principal stresses and their directions are then
used to estimate errors. It should be emphasized that the errors in the synthetic data sets are
distributed about one particular experimental measurement and not about the true values of
stress. It is assumed the distribution of errors about the true values have the same shape and
variance as the distribution produced from the computer simulation and is thus useful for
estimating the errors in the measurement.
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To estimate the errors in the stresses with the Monte Carlo approach, we proceed as
follows. Each observation of an intensity in the original data set is replaced with a new one
from a random number generator. Each diffraction peak collected at an orientation of the
sample will consist of the original intensities measured over a range of 26 values. This data
is fit to a function, such as a Gaussian, Lorentzian, or pseudo-Voigt, to determine the peak
position. The peak fits to the original data form the basis for generating the synthetic data
sets. The value of the best fit function is taken at each 26 and then an error is added. This
error is taken from a random number generated from a normal distribution with a zero mean
and a standard deviation equal to the square root of the number of counts. This simulates
adding counting statistics to the best fit peak function to get a synthetic data set. Figure 4.3
illustrates this process, showing the best fit Gaussian function to an original diffraction peak,
a new set of synthetic data generated from this profile, and a new best fit Gaussian function
to the new synthetic data. Notice that the fit to the synthetic data gives a slightly different
peak position because of the new random noise added.

Once this process has been applied to all the diffraction peaks in a measurement, the new
synthetic data set is analyzed in the same manner as the original data giving a stress tensor
with principal stresses and directions. These values are recorded and the process repeated
with a newly generated set of synthetic data. An ensemble of stress tensors and corresponding
principal stresses and directions is thus generated by repeating this process. Several hundred
synthetic data sets should be sufficient. The standard deviation in each stress component
and principal stress can be computed from this ensemble giving an estimate of the errors
in the original measurement. Errors estimated in the stress components by the Monte Carlo
approach have been shown to be equivalent to those given by equations (31) and (32) [23].
The Monte Carlo method has the advantage that it can be extended to the principal stresses.

To estimate the likely errors in the principal stress directions, the ensemble of principal
directions from the Monte Carlo analysis can all be plotted on an equal area projection [24]

350
Original peak fit . —— Original peak fit
3004 | 20=98.012° « Synthetic data
Fit of synthetic data| ~ f}  |------ Fit of synthetic data
2504 | 20=98.000°
200 -
2
c
>
8 150 -
100 |
50 -
0 : : : : :
92 94 96 98 100 102 104

20 (°)

Figure 4.3 Illustration of generating a synthetic data set. The peak fit to the original data is shown
along with a synthetic data set created by adding noise to the original peak fit. The
best fit to the synthetic data is also shown which has a slightly different peak position.
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Figure 4.4 Equal area plots showing the results of a Monte Carlo calculation of the principal stress
directions. These plots reveal the likely uncertainty in the principal directions.

to observe their distribution. An equal area projection is used because random directions will
show up with a uniform density. Figure 4.4 shows two such plots from the same location in
a weld before and after post-weld heat treatment [25]. The measured stress tensors, left and
right respectively, for these two plots are

499  —99 -2 71 [150 34 36
-99 667 214+ | 34 77 41 and
-2 =214 220 | | 36 41 107
132 —-90 387 [132 31 31
—90 342 97|+ 31 67 44|MPa
38 =97 116 | |[31 44 76
The corresponding principal stresses are
779 0 0 4 0 0 412 0 O 39 0 0
0 438 0 £ 0 99 0| and 0 99 0|x[0 64 O |MPa
0 0 129 0 0 &0 0 0 80 0 0 51

The principal directions were always chosen on the upper half of the projection to simplify
the plots. If a principal direction was computed to be on the lower half of the projection, it
was replaced with its opposite direction (also a principal direction), which is on the upper
half. The first plot shows a case where the principal directions are well defined. The second
plot illustrates a case where the principal directions are not well determined by the data. This
has two sources. First, the errors are large in comparison to the stress values and, second,
two of the principal stresses are nearly equal within the experimental error. This means that
there is a plane through this point where the stress components in any direction in that plane
are nearly equal. This is reflected by the band in the plot representing this plane. With the
experimental errors, the measurement cannot distinguish within this plane where the principal
directions are.

It should be emphasized again that the directions are distributed about the original measure-
ment’s principal directions and not about the true principal directions, which are unknown. It
is assumed that the distribution of directions about the true principal directions would have
the same shape in the plot.
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4.10 Goodness-of-fit

In Section 4.4, examining data in a sin® ¥ plot for anomalies was advocated. Knowing how
the data should look will help one discover experimental difficulties. Here, we will develop
a more quantifiable test that can be used to judge the quality of diffraction stress data [26].

The quantity x2, as defined in equation (10), gives a measure of the discrepancy between
the best-fit model to the data and the actual data. For some unknown stress state being
measured, an experiment will result in a value of ngs. This quantity is a random variable
with statistical properties that can be tested to determine the quality of the fit to the data. We
will use ng , to test the hypothesis that the data are a good fit to equation (6). If we reject this
hypothesis, we must conclude that the strains computed by fitting the data to equation (6) are
not a good measure of the true state of strain. This can be a result of systematic experimental
errors or having a material where equation (6) does not accurately represent the state of strain
for the different groups of grains giving rise to diffraction peaks for the different orientations
of the diffraction vector.

ngs follows the x 2 probability distribution given by [5, 17]

281/2(v=2) a—x2/2
PG v) = 10 °
2V2T (v/2)

(41)

Here v is the degrees of freedom and I' (z) is the gamma function. The degrees of freedom are
defined as the number of observations minus the number of parameters fit. If we are fitting
data to equation (6) to determine six components of strain, the degrees of freedom will be
the number of strain measurements minus six. Notice that if we measure only six strains, the
model will fit the data exactly and x2 will be exactly zero because there are no degrees of
freedom left.
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Figure 4.5 The x? probability distribution for different degrees of freedom.
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The x? distribution for several different degrees of freedom is shown in Figure 4.5.
The expected value of ngs is v. Notice that as ngs gets larger than v, the probability of
experimentally realizing this ngs gets very small.

We can find the probability of experimentally realizing a x> value of x2 or larger by
integrating the probability distribution function from x gbs to infinity. This gives the probability
that a high or higher ngs could have occurred by random chance given our estimates of the
experimental errors. We will call this probability the goodness-of-fit statistic Q, defined as

o0

0(x*v) = / P(x?, v)dx? (42)

XZ
We can now accept or reject the following hypothesis about a set of data:

The model of equation (6) accurately estimates the state of strain in the sample and x gbs
is due to the estimated experimental uncertainties.

This hypothesis will be rejected if Q is too small, that is, if the probability of observing
this much discrepancy between the model and the data, given the estimated uncertainties, is
too low. Conversely, we accept the hypothesis when the probability Q indicates that ng ¢ 18
likely to have occurred.

Figure 4.6 shows data from the near-surface region of a ground steel plate. Here, we
observe a good fit to the data and the probability Q shows that the discrepancy between the
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0'11—0'33=794i10MPa
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Figure 4.6 Measured d-spacings from a ground steel plate compared to the best-fit model, equation (6).
This data illustrates a good fit to the strain transformation equation. The probability Q
indicates that the observed variations of the data from the model are most likely due primarily
to the counting errors in the measurement.
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Figure 4.7 Measured d-spacings from a rolled steel plate compared to the best-fit model, equation (6).
This data illustrates a poor fit to the strain transformation equation. The probability Q
indicates that the data do not fit the model.

data and the model is likely to be accounted for by the estimated experimental uncertainties.
In contrast, Figure 4.7 shows data from the near surface region of a cold-rolled steel sheet.
This data shows oscillations with sin? ¥ that cannot be fit with the model. The extremely
low probability Q gives us reason to reject our hypothesis and not accept the fitted strains
as a valid measurement. Cold-rolled materials are well known to develop these oscillations
due to the inhomogeneous partitioning of stress among grains of different orientations in the
material. The fitting of the data to equation (6) is inappropriate, which is revealed by our
goodness-of-fit test.

The following criteria have been offered for judging the quality of data with the goodness-
of-fit test and accepting or rejecting the stress and strain results [26]:

1.0 < Q0 <0.01: Accept the hypothesis. The experimental data fits the model
and the observed discrepancy is accounted for by the estimated
uncertainties.

107> < Q < 1072:  The quality of the fit is questionable. Results may still be valid
because some small experimental errors have not been
accounted for. Take a closer look.

0 <1072 Reject the hypothesis. The data do not fit the model.
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S Study of second- and third-order stresses

J. M. Sprauel

5.1 Introduction

It has long been known, from the use of X-rays to analyse polycrystals, that the shape of
diffraction peaks greatly depends on the microstructure of the material being studied. The
first method which allowed quantification of this information, was proposed by Warren and
Averbach [1, 2] and is based on a fine Fourier analysis of the diffraction peaks. This theory
allows estimation of the mean size (L) of the crystallites in the diffracting volume and the mean
square of their micro-strains (¢2). In the case of unstressed powders, the value (L) obtained
by this method is generally in good agreement with the true particle size as characterized
by other experimental techniques (electron microscopy, for example). For polycrystalline
aggregates, however, such a correlation is often difficult to establish. In the case of plastically
deformed metals, for example, the crystallite size estimated by X-ray or neutron diffraction
is several orders of magnitude smaller than the dimension of the dislocation cells generated
by the cold working. This is linked to a great sensitivity of the diffraction techniques to any
mobile crystal defect. Such defects are eliminated when cutting slides and cannot be observed
by electron microscopy. Nevertheless, mobile defects play an important role in the damage
of the material. The X-ray and neutron diffraction techniques are thus complementary to
electron microscopy. However, Warren and Averbach’s theory only applies to powders, since
it does not account for type II internal stresses that may exist in polycrystalline aggregates.
A physical and micro-mechanical model of the material has therefore to be developed to
improve the method. This will be the main aim of this chapter.

5.2 Physical and micro-mechanical model of the material
The definition of the three stress scales has been made in Chapter 3; [3, 4], Figure 3.1:

e stresses of type I or macro-stresses: across a large area (several grains) of a material;
e stresses of type Il across a grain or parts of a grain;
e stresses of type II across several atomic distances within a grain.

Type II and III stresses collectively are also called micro-stresses. These definitions are,
however, not necessarily useful in analysis of diffraction peaks. A diffraction peak results
from the coherent scattering of the incident beam from the periodic structure of a crystal.
This means that only periodic domains of the material can be analysed by the diffraction
techniques (X-rays or neutrons). However, the crystal structure is altered by any discontinuity
in the material (vacancy, interstitial, substitution, dislocation, grain or sub-grain boundary,
phase boundary, hole, crack, etc.). An accurate model of a true heterogeneous material needs
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therefore to define a small reference volume for which both the theories of diffraction and
the concepts of continuous medium mechanics can be applied.

To be considered as continuous, each elementary volume should contain at least a few
hundred atoms. The equations of compatibility should also be valid within it. This requires
that the discontinuities (crystal defects, precipitates, holes, cracks) contained in each volume
are small enough to be mechanically negligible. Depending on its microstructure, the material
can be divided thus into a great number of such elements which will be called elementary
volumes for mechanics (EVM). Micro-mechanical models can be used then to predict the
macroscopic behaviour of the aggregate from the local characteristics of each elementary
volume.

An EVM can contain small precipitates, but it is always composed of one major phase. If
this phase is crystalline, the EVM will be called a crystallite. Each crystallite is characterized
by its position P in the sample and by a given orientation €2 defined by three Euler angles
(in relation to a coordinate system fixed to the specimen). It also has specific mechanical
characteristics such as strain, stress state and elastic constants.

The crystallite is the base element used to make the connection between diffraction and
mechanics. In the case of a recovered metal, the crystallite will generally correspond to a sub-
grain of the material (Figure 5.1). If the metal is plastically deformed, dislocation cells will
be formed usually inside the grains or sub-grains. These domains are separated by dislocation
walls which induce a strong misorientation between neighbouring cells. A grain or sub-grain
cannot thus be considered as a continuous medium. In this case, the crystallite will finally fit
to a dislocation cell.

A crystallite may contain minor discontinuities (crystal defects, small precipitates, etc.).
These discontinuities will not participate in the diffraction phenomenon, but will lead to a
diffuse scattering of X-rays or neutrons. For this reason, only a part of each crystallite, called
the coherently diffracting domain, will contribute to diffraction. The evaluation of macro- and
micro-strains by X-ray or neutron diffraction assumes, however, that the mean lattice spacing
of the coherently diffracting domain corresponds to the mechanical state of the crystallite in
which it is included.

A crystallite behaves like a single crystal. It can thus be described by a stacking of lattice
planes defined by three integers h, k, and [ (the Miller indices). If the crystallite and the corres-
ponding coherently diffracting domain are correctly oriented to obey Laue’s conditions [5],

Recovered material Plastically deformed

pvo\\wpvo'w

Oa¢
g@" 0 o‘\

Crystallite = sub-grain Crystallite = dislocation cell

Figure 5.1 Definition of a crystallite.
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then the scattering of the X-rays or the neutrons will lead to a constructive interference which
builds a diffraction spot. The mean angular position 6z (P, €2) of this diffraction spot is
linked to the lattice spacing dpz; (P, 2) by Bragg’s law:

A = 2dpi (P, ) sin(Opi (P, 2)) (D

where A is the wavelength of the incident beam.
The length dji; (P, €2) is related to the lattice strain ex; (P, €2) in the direction normal to the
diffracting planes and to the spacing dy nx (P, 2) corresponding to the stress-free condition:

dpki (P, ) = do pra (P, Q1 + e (P, )] (2)

The spacing dg nr (P, 2) depends on the temperature and on the local composition of the
coherently diffracting domain. This composition may vary inside the material owing to chem-
ical segregation. Concerning the strain component &y (P, €2), it has to be pointed out that
diffraction is not directly sensitive to plastic deformation. In fact, plastic deformation is pro-
duced by the movement and/or multiplication of crystal defects (vacancies, dislocations).
These defects do not belong to the coherently diffracting domain and therefore do not partici-
pate directly in the diffraction. Nevertheless local plastic strains (or other “stress-free strains”
like thermal strains or volume changes owing to phase transformations) are generally incom-
patible and are thus compensated by elastic strains which create local residual stresses. This
last effect is that which is actually detected by X-ray or neutron diffraction.

Each coherently diffracting domain leads to an elementary peak which is characterized by
three parameters:

e the peak position, which depends on the current femperature, on the chemical
composition of the diffracting domain and on its elastic strain;

e the peak intensity, which is linked to the number of elementary sources contributing to
the diffraction phenomenon. It is thus related to the volume of the coherently diffracting
domain;

e the peak shape, which is related to the size of the coherently diffracting domain and to
its local micro-strain distribution (type Il strains).

A polycrystalline aggregate generally contains a great number of crystallites that have the
same orientation 2. Moreover, for a given incidence of the primary beam, Laue’s conditions
will be satisfied for different particular orientations 2. Generally, however, all the crystallites
of a grain do not diffract simultaneously. A diffraction peak results thus from the contribution
of a great number of coherently diffracting domains, scattered in the grains of the irradiated
volume; [6], Figure 5.2. Hence the grain structure of the material cannot be characterized
by X-ray or neutron diffraction. The discontinuous volume formed by all these coherently
diffracting domains is called the diffracting volume.
The shape of a diffraction peak depends on the convolution of four effects:

e The instrumental broadening which depends on the geometrical characteristics of the
incident and diffracted beams (size of the primary and secondary slits) and on the
distribution of wavelength across the incident beam.

e The compositional heterogeneity of the coherently diffracting domains which contribute
to the diffraction peak. No model has yet been proposed to quantify this effect.
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Figure 5.2 Physical generation of a diffraction peak.

e The elastic strain heterogeneity of the domains belonging to the diffracting volume. This
effect is linked to the heterogeneity of the elastic behaviour of the crystallites (elastic
anisotropy) and to local strain incompatibilities (thermal, phase transformation and/or
plastic misfits). It can be characterized by the mean square of the type II micro-strains
((sn)z), which can be predicted by micro-mechanical models [7, 8].

e The mean size of the coherently diffracting domains (L) and the local elastic micro-strain
distribution (type III strain). This last effect can be characterized by the mean square of
the type III elastic micro-strains ((¢)?).

As detailed in Warren and Averbach’s method [1, 2], these different effects can be separated
through a precise Fourier analysis of the diffraction peaks recorded for several orders of
reflection. This will allow quantification of the three parameters (L), ((¢)?) and ((¢')?).

5.3 Peak treatment and removal of instrumental broadening

An accurate analysis of a diffraction peak requires the profile to be plotted as a function of
the reciprocal lattice unit s = 2 sin 6 /A. The normalized diffracted intensity i (s) can thus be
represented by a Fourier integral:

=400
i(s) = / C(, sy) exp(—2mil(s — s,)) dl 3)

l=—00

where s, is the diffraction peak centroid and / is a distance in the crystal.
The Fourier coefficients C(l, s,) are a dual representation of the peak shape and may be
computed through a Fourier transform of the intensity function i (s):

§=+00

Cd,sy) = / i(s)exp2ril(s — s,))ds @

§=—00
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5.3.1 Determination of the Fourier coefficients of the diffraction peak

The method that has been used classically to determine the Fourier coefficients of a diffrac-
tion peak is based on direct processing of the acquired data. After background subtraction
and different corrections (like the Lorentz, polarization and absorption corrections), the dif-
fraction profile is smoothed and interpolated, to build the function i (s) with a constant step.
The Fourier coefficients C(l, s,,) are finally computed through a fast Fourier transform [9].
This method does not require any assumption about the peak shape. However, owing to
experimental restrictions it is often impossible to achieve this computation with sufficient
accuracy.

The first restriction is imposed by the statistical fluctuations of the diffracted intensity. If
the Fourier coefficients are computed directly from experimental values, they will exhibit
spurious oscillations for the higher / values. To remove these oscillations, an optimal filtering
can be applied to the raw data [10]. However, since optimal filtering is equivalent to a
damping of the highest frequencies, it assigns an upper limit to the number of significant
Fourier coefficients.

The second and most fundamental restriction is imposed by the truncation of the experi-
mental profile. According to the Warren—Averbach method, several reflection orders should
be used and this often requires working with diffraction peaks at very high diffraction angles.
For cold-worked materials, the broadening of these lines is so great that they must be truncated
either owing to instrumental limitations or because of their overlap with adjacent peaks. This
truncation affects all the Fourier coefficients and leads to an error called the “hook effect”.
The only way to avoid this error is to model the shape of the diffraction line with a para-
metric function. This function is then adjusted to the experimental profile by a least-squares
optimization.

Among the various proposed shape functions, it is recognized generally that the best
candidates are the Pearson-VII, the pseudo-Voigt [11] and the Voigt [12]. Of these three
functions, the most satisfactory from a physical viewpoint is the Voigt function.

The Voigt function is defined as the convolution of a Lorentzian and a Gaussian. This shape
has not been used often owing to the complexity of its algebraic expression. The expression
of its Fourier transform is however rather simple:

C,50) = exp (26111 — wp31%) 5)

where AL, and fg are the integral breadths of the Lorentz and Gauss components, respectively.
The integral breadth is the mean width of the diffraction peak. It is the ratio of the peak-area
and peak-height.

5.3.2 Correction for instrumental broadening

The method most commonly used to remove the instrumental broadening is the Stokes cor-
rection [13]. In this procedure, a sample without any defects (generally a recovered powder) is
analysed in the same experimental condition as the studied specimen. This sample is not nec-
essarily of the same material as the studied specimen, but its diffraction pattern should show a
peak in the same angular range as the data to be corrected. This reference peak is assumed then
to be representative of all the instrumental aberrations: wavelength distribution, divergence
of the incident and diffracted beam, size of the primary and secondary slits etc. [2, 5].

The normalized peak i(s) obtained on the studied specimen is the convolution of the
reference data iR (s) recorded on the calibration sample and of the corrected profile ip(s) to
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be computed:
i(s) =ir(s) *ip(s) (6)

After Fourier transform, this convolution product becomes a simple product of the
corresponding complex Fourier coefficients Cr(/, sg) and Cp(l, s;,):

C(l, sy) = Cr(, srR)Cp(, sn) @)
with
s=-+00
Cr(, sR) = / ir(s) exp(2il (s — sr)) ds

where s is the centroid of iR (s).
The corrected profile ip(s) is thus computed through an inverse Fourier transform:

I=+00
ip(s) = f Cp(, sp) exp(—2mil(s — s,)) dl with Cp(l,s,) = C(,s,)/Cr(, sr)
|=—00

®)

If the diffraction peak-shapes i (s) and ir (s) are both approximated by a Voigt function, then
the profile ip (s) becomes itself Voigtian. The integral breadths (8py, and Spg) of the Lorentz
and Gauss components of the corrected profile are thus easily defined:

BoL = BL—Bru and  Bg = BE — Big )

where Brr, and Brg are, respectively, the integral breadths of the Lorentz and Gauss
components of the reference peak ig (s).

5.4 Effect of the elastic strain heterogeneities of the crystallites

5.4.1 Theoretical approach

As has already been pointed out, the lattice spacing dpi; (P, €2) of a given crystallite depends
on the temperature, on the local chemical composition and on the elastic lattice strain compo-
nent g5 (P, €2). Since no simple way exists actually to characterize the chemical segregation
inside a grain of the material, this effect is always assumed to be negligible. Concerning the
temperature, two different cases have to be considered:

For cubic materials, the thermal expansion coefficient is independent of the crystallo-
graphic direction. For that reason, the temperature will lead to the same change of lattice
spacing for all the crystallites of the diffracting volume. This will result in a global shift
of the diffraction peak, but will not induce any broadening of this profile.

For non-cubic materials, the thermal expansion coefficient is anisotropic. Neverthe-
less, even in this case, the lattice spacing dy pi; (P, 2) corresponding to the stress-free
condition remains constant in the diffracting volume. This is due to the fact that diffraction
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only analyses a fixed direction of the crystal: that is, the direction normal to the diffract-
ing planes. Temperature will thus lead to a global shift of the diffraction peaks. However,
the thermal expansion of the crystallites depends on the orientation and varies inside the
material. This results in thermal strain misfits that create local residual stresses. This
effect will of course produce a broadening of the diffraction peak, but this phenomenon
is already accounted for by the elastic lattice strain component gz (P, €2).

The heterogeneity of the crystallites belonging to the diffraction volume may finally be char-
acterized completely by the distribution of the lattice strain component ej,x; (P, €2). This strain
component gy (P, 2) not only depends on the macroscopic stresses within the diffracting
volume 6;;, but is also affected by the incompatibility between the stress-free strain ef, (P, €2)
(thermal strains, plastic strains and volume changes owing to phase transformations) of the
crystallite and the stress-free strain &y, of the diffracting volume:

enki(P, Q) = pij (P, Q)6 + qij (P, Q)[er, (P, Q) — &, ] (10)

The polarization matrix coefficients p;;(P, 2) depend on the single crystal compliances
of the crystallite, on its orientation and shape, and on the macroscopic elastic constants
of the material. These factors can be calculated through micro-mechanical models of the
polycrystalline aggregate [8, 14-19]. Owing to the anisotropy of the crystallite’s elastic
constants, the coefficients p;;(P, 2) may vary inside the diffracting volume. This elastic
heterogeneity will lead to a non-uniform distribution of the strains &5 (P, €2) and will thus
result in a broadening of the diffraction peak that is proportional to the level of the macro-
stresses 4j;.

The same kind of micro-mechanical approach may also be used to define the elastic—plastic
accommodation factors g;; (P, £2). In this case, however, a knowledge of the whole history
of the material is required to predict the local strain incompatibilities which are not directly
related to the macro-stresses.

As has already been pointed out, not all the crystallites within the irradiated volume will
contribute to diffraction, but only particular orientations €24 which satisfy Laue’s conditions
will be taken into account. To define these orientations €24 more precisely, let us consider a
coordinate system (€1, €;, €3) linked to the studied specimen (where &3 is usually selected as
the normal to the sample surface). A given measurement direction 73 (bisector between the
primary and secondary beam) may be characterized by two angles ¢ and ¢ which define a
coordinate system (l 1 b, l3) called the laboratory coordinate system (where I belongs to the
plane tangent to the surface) (Figure 5.3a). The orientation €24 can be characterized by a set
of three Euler angles («, 8, y) which links the macroscopic coordinate system (€1, €,, €3) to
the crystallographic coordinate system (¢, ¢2, ¢3) fixed by the lattice vectors of the crystallite
(Figure 5.3b). At the microscopic scale, another auxiliary crystallographic coordinate system
(@1, az, az) may also be defined so that its direction @3 matches the normal to the diffracting
lattice planes (ikl). This coordinate system (d, dz, as) is related to the main crystallographic
coordinate system by two rotations 7; and r, (Figure 5.3¢c). The angles r; and r, do not depend
on the orientation €24, but are fixed by the choice of the diffracting planes (hk!l). Finally, to
satisfy Laue’s conditions, both the measurement direction 73 and the normal to the diffracting
planes a3 should be identical. The crystallogr%phlc coordinate system (d, dz, @) is then
related to the laboratory coordinate system (/1, /2, /3) by just one angle § (Figure 5.3d). The
diffracting volume will thus correspond to such particular orientations €24 for § varying from
0 to 27. The relation between the different coordinate system is summarized in Figure 5.4.
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Figure 5.3 Definition of the coordinate systems.
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Figure 5.4 Relation between the different coordinate systems.

For every crystallite satisfying Laue’s conditions, diffraction will lead to a simple peak
which can be characterized by a normalized shape functioni (P, €2, s). This contribution to the
diffracted intensity is called a type 111 effect. The shape of each elementary peak depends on the
size of the coherently diffracting domain and on the distribution of the type III micro-strains.
Its position s (P, £2) (centroid) is directly related to the elastic strain of the crystallite:

s(P, Q) = so[l — epri (P, 2)] where so = 1/dopii (P, ) (11
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The chemical composition has been considered as homogeneous inside the diffracting vol-
ume. With this assumption, the reciprocal lattice spacing sy becomes constant and the
evolution of the peak position s(P, 2) only depends on the lattice strain ez (P, €2). This
strain varies inside the diffracting volume; thus leading to a broadening of the diffraction peak
called a type II effect. Its distribution can be characterized, however, by a function Fp;(¢)
which defines the density of crystallites owing to the fixed strain value ez (P, 2) = €. The
type II effect is usually assumed to be independent of the type III effect. With this condi-
tion, the global diffraction peak ip(s) obtained from the studied specimen after applying the
instrumental broadening correction, becomes the convolution of two profiles i'!(s) and i (s)
which characterize each phenomenon:

ip(s) = i (s) * i (s) (12)

where i'l(s) characterizes the effect of the type II elastic strains e (P, ©2) and i (s)
characterizes the crystallite’s size and the type III micro-strains.

After Fourier transform, this convolution product becomes a simple product of complex
Fourier coefficients:

Cp(l, sn) = C(U, s,)C™M (U, s) (13)

where C'I(1, s,,) is the Fourier transform of the type II diffraction profile i (s) and CM(, s,,)
is the Fourier transform of the type III diffraction profile i (s).

The type II diffraction profile i''(s) is directly related to the strain distribution function
Fpii(e) by the following equation:

11 1 . s
i (s)=—Fuy(e) withe=1— — (14)
S0 S0
Its Fourier transform therefore becomes:
£=+00
i, s, = f Fui (8) exp(ui(e — g,))de  with u = —27ls), (15)
£=—00

where €, = 1 — s, /50 is the mean elastic lattice strain within the diffracting volume.

For small values of the parameter / or for low strain levels, this expression can be
approximated by a Gauss function which is fully defined by the mean square of the type II
micro-strains, ((e)?):

£=+00
C(l, 5,) = exp(—27 222 ((eM?)  where (¢1) = / Fu(e)(e — e2)*de  (16)
E=—00

This simplification is also mathematically exact when the strain distribution Fp;(e) is
Gaussian.

5.4.2 Effect of the elastic heterogeneities

As has already been pointed out (equation 10), the elastic heterogeneity of the diffracting
volume is fully characterized by the polarization coefficients P;;(P, €2), which depend on
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the single crystal compliances of the crystallites, on their orientation and shape, and on
the macroscopic elastic constants of the material. These factors can be calculated through
micro-mechanical models of the polycrystalline aggregate [8].

The self-consistent model [17—19] has been used to define the strain distribution function
Frii(e) induced by pure elastic loading of cubic isotropic materials [8]. These calculations
show that the shape of this function Fj;(¢) depends on the choice of the diffracting planes
(hkl). In the case of (200) and (hhh) reflections, the type Il micro-strains gy (P, S2) are uni-
form inside the diffracting volume. The distribution Fj;(¢) therefore becomes a Dirac func-
tion. It means that for these particular lattice planes, no broadening of the diffraction peaks are
induced by the macro-stresses. For any other reflection, unusual shapes are obtained which
show the greatest density of crystallites at the most opposed strain states (Figure 5.5). The
strain distribution Fp; (¢) is thus very far from a Gaussian. However, since the elastic hetero-
geneity induced by the macro-stresses remains always low, the approximation of equation (16)
is still valid. This heterogeneity can therefore be characterized by the mean square of the type
IT micro-strains, ((e/")?). The width of the distribution Fj; (¢) not only depends on the single
crystal’s anisotropy, but also varies up to a factor of five with the measurement direction (¢, ¢).

The diffraction peak broadening induced by the elastic heterogeneity remains low in com-
parison with the instrumental effects. For this reason, the whole shape of the distribution
Fp1(g) cannot be characterized experimentally. The theoretical model shows, however, that
the width of this distribution is proportional to the stress components. In the case of pure elastic
loading, this leads to a quasi-linear dependency of the diffraction peak broadening versus the
applied stress. Such behaviour is clearly illustrated by the theoretical results obtained in the
case of the elastic torsion loading of « iron. Figure 5.6 shows the simulation of measurements
carried out on the {220} reflection with a wave length of 0.198 nm. The plotted peak widths
correspond to raw data including the instrumental broadening.

To validate these calculations, different materials were elastically deformed by torsion up
to a stress level of 75% of the yield strength [8]. In order to improve the reliability of the X-ray
measurements, all these experiments were carried out using synchrotron radiation (LURE,
Orsay, France). In fact, the high intensity of such X-ray sources allows us to greatly reduce
the statistical fluctuations of the diffraction peaks. Moreover, the small divergence of the
incident beam and the precise wavelength selection lead to very low instrumental broadening.
The effects induced by the applied load are thus better detected. The results obtained for
a recovered alloy steel (0.35%C, 1.0%Cr) are plotted in Figure 5.7, as an example. This
graph shows a reversible increase of the diffraction peak width versus the applied stress. It

0.012 .
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0.000 T T T T T !
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Figure 5.5 Strain distribution function calculated in the case of the elastic torsion loading of o
iron.
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Figure 5.6 Peak broadening induced by the elastic torsion loading of iron (theoretical prediction).
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Figure 5.7 Diffraction peak broadening induced by the elastic torsion loading (simulated data).

consists of two straight lines, which are probably related to two different deformation modes.
The slope of the second line is in good agreement with the value derived from the self-
consistent micro-mechanical approach. This means that this domain corresponds to a pure
elastic accommodation of the crystallites. The good agreement between the measured and
the predicted results demonstrates the validity of the theoretical model. However, in the first
stage of deformation, the slope determined experimentally is much smaller than the calculated
one. This might be due to reversible micro-rotations of the crystallites or micro-slips, which
are linked to the movements of mobile crystal defects. These micro-displacements lead to
a lowering of the local strain heterogeneities. The transition between the two deformation
modes would be related then to the locking of the mobile crystal defects when the stress level
exceeds a fixed threshold which depends on the microstructure of the sample. For all our
experiments, a good correlation has been established between this threshold and the fatigue
limit of the studied material.

5.4.3 Effect of the stress-free-strain incompatibilities

Contrary to the previous case, the elastic deformations induced by local stress-free-strain
incompatibilities are not related directly to the external loads, but depend on the whole
history of the studied specimen. Therefore, it will not be easy, in general, to predict the
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diffraction peak broadening caused by these strains. In fact, the manufacturing of an industrial
component consists usually of a great number of complex operations which are difficult to
model. However, when the whole history of the material is well known, micro-mechanical
models can be used to describe these different operations. For that purpose, the material is
divided usually into a great number of elementary crystallites. The orientations and shapes
of these crystallites are selected so that they represent statistically the true studied sample.
Such an aggregate is called a “pseudo-material”. It allows us to define the accommodation of
the crystallites during the plastic deformation and thus to predict the type II residual stresses
(or strains) induced by any external loading. Such a model has already been developed to
predict the texture induced by different manufacturing processes [20, 21].

The same kind of method can also be used to define the distribution of the elastic strains
inside the diffracting volume. To model the broadening of the diffraction peak, it is however
necessary to compute this distribution very precisely. This requires description of the diffract-
ing volume with a sufficient number of elementary crystallites. Nevertheless, with classical
measurement conditions (divergence of the incident beam less than 2°), only a small portion
of the total crystallites (less than 3%) will contribute to diffraction. A pseudo-material of
more than 10 000 elementary orientations is therefore required to obtain accurate results.

Such calculations have been performed to predict the diffraction peak broadening induced
by elastic-plastic tension loading of an austenitic stainless steel (316L grade). Figure 5.8
shows an example of the strain distribution function Fj; (&) obtained for a plastic deformation
of about 3%. Contrary to the case of a pure elastic loading, the shape of this function Fp; (¢)
is now much closer to a Gaussian. All our theoretical results show that this agreement is
improved when the plastic deformation increases. The approximation of equation (16) is
thus always valid. For that reason, even in the case of large plastic deformations, the elastic-
strain heterogeneity of the diffracting volume can be characterized accurately by the mean
square of the type II micro-strains, ((e1")?).

To check the contribution of the plastic-strain incompatibilities to the diffraction peak
broadening, X-ray measurements were also carried out during a step-by-step tension loading
of annealed 316L stainless steel specimens. At each step of the uniaxial tension test, the (311)
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Figure 5.8 Strain distribution function calculated in the case of an elastic—plastic tension loading.
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Figure 5.9 Diffraction peak broadening induced by the tension loading of a stainless steel.

diffraction peak of the austenite was recorded using a mobile goniometer (SET-X diffractome-
ter manufactured by ELPHY SE under ENSAM license) with Mn Ko X-ray radiation. These
diffraction profiles were then fitted by a Voigt function to define their width. The results
obtained for this material (Figure 5.9) show that more than 40% of the peak broadening
induced by the plastic deformation arises from the type II elastic strain heterogeneities.

5.5 Effect of the size of the coherently diffracting domains on the
distribution of the type III micro-strains

5.5.1 Theoretical approach

As described earlier, this effect is defined by the elementary peak obtained for each diffract-
ing crystallite and can be characterized by a mean normalized profile i(s). It has been
demonstrated by Warren and Averbach [1, 2] that the shape of this elementary peak depends
on the size of the coherently diffracting domains and on the distribution of the local elastic
micro-strains (type III strains).

The Fourier coefficients of the profile i Mgy ¢ s,), can thus be written as the product
of two factors:

M1, 5,) = AN, 5,) +iBM(1, 5) = AP D)CEL, 50) (17)

The real function AL (1) characterizes the effect of the size of the coherently diffract-
ing domains. It is independent of the reflection order. The complex coefficients C*(l, s,)
characterize the effect of the type III micro-strains.

To define these two types of Fourier coefficients, each coherently diffracting domain is
described as a set of orthorhombic cells which form diffracting columns normal to the reflect-
ing lattice planes. Each diffracting column is characterized by its length L. The size effect
is defined then by the column-length distribution function p(L) and by the mean length (L),
called the mean size of the coherently diffracting domains. The distribution function p(L) is
always positive. Since columns of zero length do not exist it should tend to zero for L = 0.
The parameter (L) represents the mean distance, in the scattering direction, between the
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discontinuities of the crystallites. The function AL (/) is proportional to the distribution of
pairs of elementary cells belonging to the same column and separated by the fixed distance /.
Its expression has been derived by Bertaut [22]:

x=-+00
A<L>1=L x — D p(x)dx 18
0] ) ( )p(x) (18)
x=I
x=-+00
dAL) 1 2 A(L) 1
0= [ pwar wme S5 P
x=I
with
dal 1
L — ) — N — . — Y —
A1 =0)=1; 3 (=0 = o p(l=0)=0

The plot of AL (1) versus [ gives a decreasing curve without any inflection point. The
tangent to the origin of this curve intercepts the horizontal axis at the point / = (L). This
property thus allows definition of the mean size of the coherently diffracting domains (L).

The determination of the tangent to a curve is however a difficult and unreliable operation.
It is therefore necessary to define the shape of the function A(X) (/) for a large range around
the origin / = 0. An exponential approximation of the size effect A" (/) can be used for
that purpose. Its mathematical expression is derived from a power series expansion of its
logarithm:

AE (1) = exp(—F'P (1)) (19)

with

(L ! 1/ 1)
F (1)=<m)+§(m) +..

The column-length distribution function p (L) corresponding to this approximation is plotted
in Figure 5.10. To define the strain effect C*(/, s,), continuous elements of length / are built
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Figure 5.10 Distribution of the size of the diffracting columns.
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in each diffracting column. The mean type III lattice strain ¢, (/) of a given element located
at the distance x to the column base is also considered. The Fourier coefficients C* (I, s;,) are
finally written as follows [1, 2]:

Ce(l, sp) = (expmils,yex (1)) (20)

This mean value integrates all the columns of height L greater or equal to the gauge length /.
In each column it also accounts for all the distances x between O and L — /. In most cases, the
distribution of the strains ¢, (/) can be assumed to be Gaussian. The strain effect simplifies
then to real coefficients which only depend on the mean square of the type III lattice strain
ex(D):

CE sn) = AL, 5n) = exp(—2m 2125 (e (D)?)) 1)
The following relation is finally obtained:
In(A™M (1, 5,)) = In(AD (1)) — 2721252 (e, (D) = F (1) — 2721252 (e, (1)?) (22)

This equation is the basis of the separation between the size effect AL) (/) and the strain
effect (e, (/ )2). In fact, the graph In(A™(7, s,)) versus s,zl obtained for a fixed gauge length [
is a straight line (Figure 5.11). The function (e, (/ )2) is thus easily defined through the slope
of this line, while AL () is derived from its intercept. This procedure requires, however,
a determination of the Fourier coefficients AN ([, s,,) for at least two different values of the
reciprocal lattice spacing s;,, thus analysing several diffraction peaks. Owing to the elastic
anisotropy of the crystallites, it will not be possible in practice to select these diffraction
peaks in an arbitrary way, but the same lattice planes have to be analysed at successive orders
of reflection. In the case of cubic materials, only the two first orders of reflection are available
because higher-order peaks always overlap with other diffraction profiles.

The function (e, (/)?) is always positive. It should also decrease and tend to zero for
large gauge lengths because the strains ¢, (/) correspond to a smoothing of the local lattice
displacements over this increasing distance. A hyperbolic approximation of the strain effect
(x(1)?) is therefore often proposed [23, 24]:

((SIII)2>

(ex(D?) = — (23)

5.5.2 Experimental validation

The separation of the size and strain effects is based on equation (22). In order to verify this
linear relationship, measurements have been carried out on cold-worked tungsten [9]. In fact,
the elastic behaviour of this material is isotropic. For this reason, any diffraction peak can
be used to check the linear dependency of AM'(l, 5,,) versus s2. The sample in this case was
composed of fine particles filed off a cold rolled plate. The type II elastic heterogeneities
are thus very low and can be neglected. The instrumental broadening was characterized
through measurements carried out on a recovered tungsten powder. The first 12 reflections
of the o phase of this material were recorded using synchrotron radiation (LURE, Orsay,
France). As has already been pointed out, such X-ray sources allow great improvement of
the reliability of the results. This is due to the high intensity of the synchrotron radiation, to
the small divergence of the incident beam and to a precise wavelength selection. The Fourier
coefficients of the diffraction peaks were determined by a direct processing of the acquired
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Figure 5.11 Fourier analysis of a cold-worked tungsten specimen.

data (background subtraction, Lorentz polarization—absorption correction, smoothing and
interpolation to the reciprocal lattice units, fast Fourier transform).

The results (Figure 5.11) show excellent linearity of the curves A" (/, s,) versus s,%. The
Gaussian distribution of the strains &, (/) is thus confirmed. The two components of the
diffraction peak broadening, that is, the size effect A)(l) and the strain effect (e, (/)?)
could therefore be defined very precisely. These curves were fitted then by the corresponding
exponential and hyperbolic approximations (of equations (19) and (23)). The experimental
data and the theoretical approximations are in very good agreement.

5.6 Global expression of the diffraction peak broadening

5.6.1 Theoretical approach

As demonstrated above, the diffraction peak obtained from the specimen after instrumental
broadening correction is a convolution of the following effects:

e The elastic strain heterogeneity of the diffracting volume. This effect is linked to the
heterogeneity of the elastic behaviour of the crystallites (elastic anisotropy) and to the
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local strain incompatibilities (thermal, phase transformation and/or plastic mismatches).
It can be characterized by the mean square of the type II micro-strains ((e'1)?).

e The mean size of the coherently diffracting domains (L) and the distribution of the
local elastic micro-strains (type III strains). This last effect can be characterized by a
coefficient ((¢/")?), which defines the mean square of this micro-strains.

Exponential approximations have been proposed for all these effects (equations 16, 19
and 21).
The Fourier coefficients of the corrected diffraction profile can be written finally as follows:

Cp(l, sn) = exp(=2ppLll| — mB3g!%) (24)

with

1
oL = ot 7252 (M%)

and

1
_ - Jam ()2
BpG N% + Spy/ 27 ((e)?)

This expression demonstrates clearly that the diffraction peak can be approximated by a
Voigt function. This property has already been found in the very pragmatic and useful work
of Langford [25]. In this work it is assumed that the Gauss component of the Voigt profile is
linked to micro-strains. The Lorentz component is used to define the crystallite size.

In our model, the integral breadths of the Gauss and Lorentz components of the diffraction
profile both depend on the size of the coherently diffracting domains and on the mean square
of the second and third kind micro-strains. These peak widths depend also on the reciprocal
lattice spacing s,. As has already been pointed out, this property allows separation of the
effects of size and strain. For that purpose, the same diffracting planes have to be analysed
at successive orders of reflection.

5.6.2 Experimental application

The whole Fourier analysis method has been applied to the characterization of the diffraction
peak broadening induced by the plastic deformation of a 316L austenitic stainless steel.
For that purpose, the (220) and (440) reflections of the austenitic phase were recorded using
synchrotron radiation (LURE, Orsay, France). The instrumental broadening has been defined
through measurements carried out on different annealed powders (copper, nickel and cerium
oxide). All the acquired peaks were fitted by a Voigt profile. The mean size of the coherently
diffracting domains (L), the mean square of the type II micro-strains ((¢'1)?), and the type III
micro-strains coefficient ((¢'")?) have been computed finally through our improved procedure
(equations 9 and 24). The error bars on these parameters have been estimated through an
inverse Monte Carlo simulation method.

Figure 5.12 presents the evolution of these different parameters with the plastic deformation
induced by uniaxial stretching of the material. On these graphs, the experimental results have
been smoothed as guides to the eye.

The sample has been analysed by transmission electron microscopy to obtain a direct
observation of the microstructure. The 316L stainless steel used in our study is very stable.
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Figure 5.12 Results of the Fourier analysis of a plastically stretched 316L stainless steel.

For this reason, no phase transformation is induced by the plastic deformation. For low
plastic deformations, the dislocations remain coplanar, but over 10% elongation, these defects
reorganize into cells. This leads to a saturation of the type II internal stresses and micro-
strains which is clearly observed in the X-ray results. The size of the coherently diffracting
domains decreases with increasing plastic deformation and comes to about 25 nm for 40% of
elongation. This is one order of magnitude smaller than the dimension of the dislocation cells
generated by the cold working. This difference can be explained by the existence of mobile
dislocations inside the cells. These defects are eliminated when cutting slides and cannot be
observed by electron microscopy. Nevertheless, mobile dislocations play an important role in
the fatigue and corrosion cracking behaviour the material. The X-ray diffraction technique,
which is sensitive to any crystal defect, is thus complementary to electron microscopy.

5.7 Conclusion

In this chapter, a physical and micro-mechanical approach has been used to define the main
factors which influence the width of a diffraction peak. It has been demonstrated, thus,
that the shape of a diffraction profile is not only linked to the instrumental broadening, to
the size of the coherently diffracting domains and to their local lattice strains (as is usually
assumed), but is also affected by the elastic-strain heterogeneities of the crystallites belonging
to the diffracting volume. Theoretical models have been developed to account for all these
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effects. The different theories and their corresponding assumptions have also been verified
by experiments carried out using synchrotron radiation.
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6 The effect of texture on residual stress
measurement and interpretation

T. M. Holden

The problem areas associated with the measurement of, and the interpretation of, residual
elastic strains in textured material are reviewed. Practical methods of determining the most
significant strain tensors for the materials are discussed in the context of highly textured
zirconium alloys. An example is given of a practical approach to determining the strain
corresponding to the macroscopic stress field in over-rolled pressure tube material.

6.1 Introduction

Residual stresses are stresses which exist in a component even when it is not under load.
Residual stresses occur on three length scales. The first is the stress which has the length
scale of the component itself, the type-I or macroscopic stress field. A familiar example of a
macroscopic stress field is provided by a linear weld in a plate. There is likely to be a tensile
stress, along the direction of the weld, because of the constraint offered by the cooler material
far from the melted region to unrestrained cooling of the weld metal. The longitudinal stress
near the weld must be balanced by a compressive distribution of longitudinal stress extending
out to the boundary of the component. This is the stress of greatest concern to the engineer,
since it clearly affects the strength, and susceptibility to cracking, of the part.

Type-1II stresses have the length scale of the size of the grains making up the material.
The stresses that exist in grains of different crystallographic orientations in single-phase
materials are also known as intergranular stresses. Residual stresses also exist in the grains
of composite materials, such as ferrite and cementite in steel, or in SiC in an Al metal
matrix composite and these are sometimes termed interphase constraints. The origins of the
intergranular stresses most often lie in the interplay between the plastic and elastic anisotropy
of the grains under a load which exceeds the yield point. The plastic anisotropy comes from
the fact that dislocations move through the lattice in preferred directions in certain planes.
For example, dislocation motion generates slip in face-centred cubic metals only in (110)
directions in {111} planes. Thus, grains with different crystallographic directions aligned
with an applied stress will deform plastically by different amounts.

Conceptually, if a small volume element of a component is considered, sufficient to contain
many grains of different crystallographic orientations, integration over the grain stresses in
any given direction must give the type-I stress. Type-I and type-II stresses, and the corre-
sponding strains, are superposed, and a diffraction measurement alone on a component does
not distinguish between the two different length scales. If a small coupon is cut from a large
sample that exhibits a residual stress, the macroscopic stress will be destroyed in the coupon
but the intergranular stresses will be retained and may be measured. This provides a basic
method for distinguishing between the two types of stress.
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Type-II stresses give rise to shifts and to peak broadening in strain measurements. The
elastic anisotropy alone will give rise to different strains in [002] and [111] grains aligned
parallel to an applied load. This is a straightforward effect, which can be accounted for by
using the appropriate diffraction elastic constants. Intergranular residual strains arising from
the interplay of plastic and elastic anisotropy will give further differences, so that the strain
measured in a polycrystalline sample with the (111) reflection will generally be different
from the strain measured with the (002) reflection. Perpendicular to a particular plane normal
[hkl], there is a distribution of crystal orientations. Since the response of each of these crystal
orientations is different because of plastic and elastic anisotropy, the resulting distribution
of lattice spacings will also give an intrinsic width to the diffraction peak known as strain
broadening.

The third type of stress is that surrounding the core of a defect such as a dislocation in the
crystal lattice which is on the scale of thousands of Angstroms. Type-III stresses contribute
to the widths of the diffraction peaks and are not discussed further in this chapter.

If the grains making up the polycrystalline aggregate are oriented randomly in crystallo-
graphic direction, there is said to be random texture. A practical example would be a sample of
steel made to a near net shape by powder metallurgy. However, industrial processing usually
generates a non-random distribution of crystallite orientations in industrial components and
most components do exhibit texture. For example, rolled steel plate exhibits a preferential
alignment of the grains with (110) directions in the rolling direction and (111) directions
normal to the rolling plane. A Zircaloy-2 (Zr-2) plate will exhibit preferential alignment with
(1010) grains in the rolling direction. An extruded Zr-2 rod exhibits very strong alignment,
primarily with (1210) directions along the rod axis. An austenitic stainless steel weld will
show very strong texture with (100) directions aligned with the direction of heat flow out of
the weld.

The origin of a great deal of crystallographic texture is in the rotation of the grains into
particular directions dictated by how the grains slip as they undergo plastic deformation. All
the forming operations mentioned above involve strong plastic deformation. Both the degree
of texture and the magnitude of the type-II strains provide measures of the plastic deformation
in the sample. In the cases considered in this chapter, texture was generated by rolling and
extrusion processes. Annealing at an elevated temperature removed the associated residual
stresses but not the texture. However, the nature of the texture determined the form of the
residual strains that resulted when the samples cooled to room temperature.

The purpose of this chapter is to suggest means of analysing strain data from textured
samples, especially how to take advantage of the texture. The philosophy adopted is that strong
texture defines the ideal orientations. It is then possible to measure the complete strain tensor
for these orientations by making use of the one-to-one relationship between crystal orientation
and direction in the sample. In a strongly textured sample, the ideal grain orientation strongly
influences the mechanical behaviour. The strain tensor associated with this ideal texture is
likely to be the most significant strain tensor. From a diffraction standpoint, measuring along
sample directions corresponding to the ideal orientation maximizes the diffracted intensity.
These simplifications do not appear when the texture is weak.

Good progress in understanding these problems has been made by comparing the diffraction
experiments with self-consistent models of polycrystalline aggregates which permit samples
of varying texture to be simulated. A number of experimental situations are examined in
this chapter where strong texture is present, such as rod-textured and plate-textured Zr-2
and NbZr alloys. There have been a number of advances in the area of understanding the
generation of type-II stresses under load, which have a bearing on the approach to highly
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textured materials taken in this chapter. The physical origins of the effects are emphasized in
this chapter and how our understanding of them leads to methods of resolving problem areas.
Complex mathematical formulations are avoided. Many difficulties in the interpretation of
strains in textured engineering components are really the problems of the superposition of
type-I and type-II strains.

In Section 6.2, we review the principles of the measurement of residual strain, making clear
the assumptions in the methods. The experimental methods are described in Section 6.3, and
Section 6.4 is devoted to a discussion of results on highly textured materials.

6.2 The measurement of strain by diffraction

A clear description of the principles of measurement of an elastic, type-I, strain field was
given by Noyan and Cohen [1] for X-ray diffraction and is also covered in the chapters by
A. Lodini and R. A. Winholtz in this book.

In the cases discussed here, instead of choosing directions related to the geometrical shape
of the sample, axes are chosen to be aligned with crystal axes defined by the strong texture.
These are, of course, related by a simple rotation of axes. For this reason, the general
expression for strain in terms of the elements of a strain tensor forms the starting point of the
analysis,

Ad
7 :Zliljeij (1)
iJ

Here /; are direction cosines of the vector along which the strain measurement is made with
respect to the chosen axes. Because of the high penetration of the neutron beam all elements
of the strain tensor may be found.

For an applied stress which is below the yield point of an initially strain-free sample the
assumptions for obtaining the macroscopic stress field are correct because only the elastic
response matters. The strains measured with different reflections (/kl) give the identical value
of the macroscopic stress when used with the appropriate plane-specific elastic constants.
However, this does not correspond to the real situation for most residual stresses encountered
where inhomogeneous plastic deformation has occurred and stresses have exceeded the yield
point. Sets of grains in the sample, with plane normals [2k/] making different tilt angles to
the original ‘applied’ stress imposed during manufacture, will have deformed plastically and
elastically by different amounts under load. After the load is relaxed, the strains in these
grains carry information about the original stress field but also about the individual strain
response at the particular angle of tilt. The crux of the matter is that every grain orientation
is characterized by its own stress tensor and the task in hand is to distinguish which is
the common part associated with the stress field and which is the part corresponding to the
intergranular response. This complex problem can be unravelled if a statistical model of the
grains is available which incorporates the individual elastic and plastic response of each grain
but considers the aggregate behaviour of a set of many thousand grains. Then the appropriate
averages over spatial direction and crystallographic orientations can be made to simulate
diffraction from the aggregate. However, if all the grains have a common orientation an
essential simplification occurs, since they will have all deformed in the same way. Then there
is only one strain tensor involved rather than a multitude of strain tensors. This simplification
can be made use of in the case of highly textured materials.
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The subject of stress measurement in textured samples was reviewed by Van Houtte and
De Buyser [2] and their article gave a balanced view of the field up to 1994. Several useful
expressions were written down for the average values of the strain in the limit of certain
assumptions about the distributions of strains in the grains. The Reuss picture assumes that
the stresses in all the grains are identical and the Voigt picture assumes that the strains are
identical in every grain. Both of these assumptions, while useful, are inaccurate. A self-
consistent treatment of strain response to stress in the elastic regime was provided by Kroner
[3]. This was based on the concept of considering the elastic behaviour of a single elliptical
grain embedded in a matrix that has the average isotropic properties of all the grains. This
permits the strain response to stress to be calculated for any crystallographic direction, as
well as the macroscopic response, once the single crystal elastic constants are specified.
The method leads to calculations of the diffraction elastic constants, the slopes of the linear
region of the response for a particular lattice plane to applied stress, that are in satisfactory
agreement with experiment for untextured samples.

Van Houtte and De Buyser noted that, when texture was present, there were very often
strong departures from linearity in sin®y plots for different reflections. They showed that,
in principle, texture can lead to differences in the diffraction elastic constants, as well as
the macroscopic elastic constants, with sample orientation. This was thought to be a major
contributor to the non-linearity of sin’y plots. However, Van Houtte and De Buyser also
pointed out that plasticity can also lead to deviations of the sin” v plots from linearity although
there was no way of demonstrating this theoretically at the time. The implementation of the
elasto-plastic self-consistent (EPSC) model by Turner and Tomé [4], and later Clausen et al.
[5], which is built on the formulation of Hill [6] and Hutchinson [7], has been a primary driver
in modelling the generation of intergranular stress and strain under the action of plasticity.
The self-consistent models also permit the calculation of the diffraction elastic constants
for textured materials and are in exact agreement with the Kroner model in the case of
zero texture. The finite element approach of Dawson et al. [8], which involves modelling
individual grains in terms of many sub-grain elements has also been applied to the calculation
of residual stresses resulting from elastic and plastic anisotropy. The theoretical methodology
is, however, not quite complete since a calculation of both the development of texture and
residual strain within a single code has not yet been perfected [9]. At present, given an array of
2000 or more atoms, the residual stress has been calculated for different (hkl) reflections for
textured samples with no adjustable parameters, once the flow curve has been parameterized,
with an accuracy of around 30%. The method does not permit explicit formulae to be written
down for the strains and stresses but does lead to an accurate conceptual picture of the
behaviour.

6.3 Experimental methods

6.3.1 Constant wavelength diffraction

The cases discussed in this article primarily deal with intergranular effects. Accordingly, the
discussion of experimental methods is based on experiments to measure intergranular strains.
The basic requirement is a measurement of lattice spacing, djk;, of planes characterized
by Miller indices (hkl) with accuracy approaching 0.0001 A or better. The experimental
arrangement is therefore similar to any high-resolution neutron diffraction experiment. For
constant wavelength diffraction, high accuracy is achieved by use of a high monochromator
scattering angle, of order 100° for example, and collimation of order 0.3° between the
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monochromator and sample, and sample and detector. The collimation is necessary because
experiments are carried out as a function of the tilt of the cylindrical sample away from the
azimuth. Otherwise the instrumental linewidth would vary with tilt. Typically, the linewidth
is about 0.4° at a sample scattering angle of 50° and 1.2° at a scattering angle of 100°.

The relationship between the wavelength of the neutron beam, A, the true scattering angle
20nx1, and the lattice spacing, dpx;, is given by Bragg’s law,

A = 2dpp Sin Opgg 2)
The true angle is related to the setting angle of the spectrometer, 20}, ,, by
205 = 260 + 26h 3)

where 29&1 is the scale zero of the spectrometer. This has to be determined for each sample
since it depends on the precise positioning of each sample over the centre of rotation. This is
readily obtained by measuring the setting angles of two orders of reflection from a sample,
for example the (1010) and (2020) reflections of hexagonal Zr-2, and solving equations (2)
and (3) holding A fixed. There should be no systematic variation of 20},),{1 with tilt if the
samples are well centred and the beam is uniform in brightness, as discussed below.

The wavelength must be calibrated during the course of each experiment with a stan-
dard powder sample, such as Si or Al,O3 powder. This is done by measuring perhaps five
diffraction lines from the standard over the range of scattering angles encountered during
the experiment and solving equations (2) and (3) to find A. The samples may be of order
1000 mm? in volume, so that there is no lack of scattered intensity. The sample is usually
fixed securely on a goniometer, such as an Eulerian cradle, to permit any orientation in tilt and
azimuth to be selected. For textured samples, this allows selection of angles corresponding
to the ‘ideal orientations’ of the texture.

Centering the sample is important, as mentioned above, and this is achieved by aligning it
by means of a sighting telescope. The uniformity of the neutron beam over its cross-section
is an important requirement. For tilted samples, a left-right asymmetry in the beam intensity
will generate specious systematic shifts with respect to the vertical alignment of the sample.
For textured samples, the measurements should be made in a step-scan mode. The counter
is set to an angle 26, the sample at 6, and the diffracted intensity is collected for a fixed
number of incident neutrons as determined by a low efficiency counter in the incident beam.
The counter is moved through a small angular increment, the sample is moved by half this
amount, and the count repeated until the complete diffraction peak is collected. If this is not
done the variation of texture with scattering angle at a fixed sample angle can generate a
spurious shift.

6.3.2 Time-of-flight diffraction

In conventional neutron diffraction, the wavelength is fixed and the diffraction angle varies.
For time-of-flight diffraction, the diffraction angle is fixed and a distribution of wavelengths
falls on the sample. The initial flight from the source to the sample spreads out the neutrons
in velocity and hence wavelength. Incident flight paths are typically between 20 and 100 m
long; the greater the length, the higher the accuracy, but the lower the intensity. Banks of
counters are arranged at constant (1-2 m) scattered flight paths from the sample, held in an
evacuated sample chamber, on either side of the incident beam. The detectors record both
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the neutron count and the arrival time. The elapsed time from the source pulse to the arrival
at the detector is used to determine the wavelength precisely. Information about interplanar
spacings is obtained by rewriting equation (2) in terms of ¢, the time taken to traverse the
flight path, L,
ht .
A= — =2dsinf “4)
mL
where 4 is Planck’s constant and m the neutron mass. The exact value of L and the angular
position of the counters are determined by calibration experiments with standard powders.
A feature of time-of-flight diffraction is that the instrumental resolution, Ad/d, is almost
independent of d, so that all lattice spacings can be obtained with equal precision. The precise
positioning of the sample on the centre of the spectrometer, and the uniformity of the neutron
beam across its width, are as important for time-of-flight studies as for constant wavelength
diffraction.

6.4 Experimental measurements of highly textured material

6.4.1 Zircaloy-2 rod

The intergranular residual stress measurements of MacEwen et al. [10, 11] on Zr-2 rod were
the first to make use of rod texture in order to extract the full strain tensor of the sample.
The variation of the scattered intensity for a Zr-2 rod as a function of angle, yx, from the
rod axis for several reflections is shown [12] in Figure 6.1. The pole figure in Figure 6.1
for the (0002) reflection demonstrates the axisymmetrical nature of the texture. The results
show that the texture may be summarized in terms of two ideal grain orientations. The first
corresponds to a [1210] crystallographic axis along the rod axis and accounts for about
67% of the grains. The second orientation corresponds to a [1010] crystal orientation along
the rod axis and this accounts for the remaining 33% of the grains. Angles which other
crystallographic directions make with the rod axis may easily be obtained by imagining
rotating the reciprocal lattice of zirconium about the [1210] axis. Perpendicular to the rod
axis, all crystallographic plane normals perpendicular to [1210] are present, namely, the
(101n) and (0002) directions. Similarly, for the [1010] ideal orientation, there are (121n)
and (0002) directions perpendicular to the rod axis. It is clear that the strains associated
with both these orientations may be found by examining (101n) and (121n) reflections,
respectively, when the rod axis is in a vertical orientation on the spectrometer. Because of
the random distribution of plane normals perpendicular to the rod axis, all the corresponding
planes may be measured in one azimuthal direction.

MacEwen et al. [10] first measured the thermal strains associated with cooling Zr-2 from
its annealing temperature of 650°C. The thermal strains are caused by the fact that the
coefficients of expansion of zirconium (and by assumption Zr-2) are different along the a-
and c-axes, ac = 10.3 x 107°K~! and o, = 5.8 x 1079 K~!, respectively [13]. Grains
with c-axis perpendicular to the rod axis are constrained by grains of other orientations from
shrinking as much as they would if they were unconstrained, and then end up in tension.
In turn, grains with [1010] axes along the radial direction, associated with the first ideal
orientation, are left in a state of residual compression. The principal axes were chosen to be
the [1010], the [1210] and the [0002] directions. The first ideal orientation in the Zr-2 rod
therefore has e aligned along the rod axis and ¢1; and €33 aligned perpendicular to the rod
axis. The EPSC model, applied to a calculation of the thermal stresses in strongly textured
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Figure 6.1 Neutron intensities for the (1010), (1210) and (0002) reflections as a function of the
angle, x, to the axis of a Zr-2 rod. The pole figure for the (0002) reflection displays
the rotational symmetry about the rod axis. The bold line in the pole figure indicates
random texture and contours above and below random are represented by solid and
dashed lines, respectively.

Zr-2 on cooling from 650°C, predicted that the elements of the stress tensor would be (—49,
—7, +66) MPa. The calculation took into account the measured texture of the Zr-2 sample.
This result compared well with experiment (—41 £ 7, —3 4+ 7, 67 & 7) MPa. The residual
stresses were shown to be completely elastic in origin: there was no plasticity involved in
cooling from 650°C. (Initially it was thought that plasticity was involved but the Taylor-
like model used in the earlier work [10] was too stiff and was later shown to be incorrect
in detail.) It is interesting to note that the strains and stresses along the rod axis are small.
This is because, in this direction, the grains have either [1010] or [1210] directions which
have the same coefficient of expansion. There is very little constraint offered to the thermal
shrinkage of these grains and hence very low residual strain. This is a situation where the
strong extrusion texture has considerably influenced the development of the residual strains
on cooling.

MacEwen et al. [11] showed that the residual thermal strain state is changed strongly by
plastically deforming rod textured Zr-2. Pang et al. [12] extended this work by studying
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Figure 6.2 Residual elastic lattice strains determined for the {101n} and (0002) reflections per-
pendicular to the rod axis for rod-textured Zr-2. The strains are plotted as a function of
the angle, 0, between the [101n] and [0002] axes and are fitted well by a tensor form
with elements given on the figure. The measurements were made at an applied stress
of 2 MPa at the end of a load cycle during in sifu measurements on rod-textured Zr-2.

the strain response of Zr-2 rod to applied stress in sifu, examining both the strain response
parallel and perpendicular to the axis of the applied stress which was directed along the rod
axis. It was shown that, for an applied stress below the yield point, the variation of the residual
strains was completely described by a stress in the material directed along the rod axis and
with a magnitude equal, within the experimental uncertainties, to the applied stress. Above
the yield point, the plastic deformation induced large changes in the intergranular strains
which were followed as a function of applied stress. Figure 6.2 shows the residual strains
for the {1011} and {0002} reflections of Zr-2 rod [12]. Also shown is the least squares fit to
a strain tensor form, equation (1), where the principal axes were the [1010], the [1210] and
the [0002] directions. Measurements on the second ideal orientation gave the elements of the
strain tensor to be the same, to within the experimental uncertainty, as the first orientation.
£33 1s common to the two ideal orientations.

After the in situ experiments, the residual strains were measured at various specific angles
to the rod as dictated by the rod texture. For example, the [1120] direction corresponding to
the first ideal orientation may be investigated at 60° to the rod axis. The results showed that
the strains at various angles to the rod axis were consistent with the €1, and €3 elements of the
strain tensor being zero. The residual strains agreed well with the earlier results of MacEwen
et al. [11] parallel and perpendicular to the rod axis and with the EPSC model calculation.

Finally, it is interesting to consider how stress balance is achieved in this case. From the
axisymmetric texture, there is a random distribution of all grains perpendicular to the rod
axis and the compressive and tensile stresses balance each other along every radial direction.

6.4.2 Zircaloy-2 plate

Rolled Zr-2 plate has extremely strong texture, as shown by representative {1010} and {0002}
pole figures [13] in Figure 6.3. These indicate high rolling texture with the {1010} poles
enhanced in the rolling direction five times more than a random distribution. Figure 6.3
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also shows a schematic representation of the ideal orientations in the plate in which two
orientations are identified, corresponding to the two maxima in the {0002} pole figures
about £40° from the normal direction, with a common [1010] direction along the plate
rolling direction. The ideal orientations have a spread of about £20° and are referred to as
orientation 1 and 2. In the {1010} pole figure, for example, every region of high intensity may
be identified with a specific crystal orientation for either orientation 1 or 2. Because there is
a one-to-one correspondence between direction in the sample and crystallographic direction
for 1 and 2, it is straightforward to orient the sample on an Eulerian cradle, arrange to diffract
from particular reflections and hence measure the strains for each orientation in turn. It is true
that other grain orientations, which are not as prominent as grains 1 and 2, will also contribute
to these particular reflections but they are weighted far less than the ideal orientations. The
schematic diagram of Figure 6.3 is vital for visualizing how to plan experiments on highly
textured samples.

Measurements were made [13] of the {1010}, {2020}, {0002}, {0004}, {1011}, {1012} and
{1210} reflections at specific angles of tilt and orientation determined from the pole figures
as corresponding to grains 1 and 2. Measurements were also made in sets of directions based
on crystal orientations with an [0002] axis directed along the plate normal and a [1210]
axis along the transverse direction, and with an [0002] axis along the transverse direction and
a[1210] axis directed along the plate normal. Both these sets have acommon [1010] direction
along the rolling direction. These latter sets cannot be thought of as ideal grain orientations,
unlike grains 1 and 2, because many other discrete crystal orientations will also contribute
to the average strain at any given sample orientation with no strong weighting from any one
element of the texture. For these cases it does not make sense to describe the strains in terms
of a set of axes based on crystal orientations and a sample-based coordinate system suffices.

The principal axes were taken to be [1010], [1210] and [0002] in order to describe the
strain tensors associated with the ideal grain orientations. Figure 6.4(a) shows the angular
coordinates (6, ¢) which define directions in the crystal coordinate system. Figure 6.4(b)
shows the coordinates (x, 17), which describe angles in the sample system with principal axes
along the rolling direction, r, the transverse direction, t, and the normal direction, n. The
orientations of grains 1 and 2 in the sample coordinate system are shown in Figure 6.4(c).

The residual strains observed [ 14] for the ideal orientation 1 in the as-cooled state are shown
in Figure 6.5 plotted versus crystal coordinates (9, ¢) for the {1010}, {0002}, {1011}, {1012}
and {1210} planes. Each point is also labelled by the particular reflection in the principal axis
system adopted for grain 1. Solid symbols denote the experimental results and open symbols
represent the EPSC model calculation with the full rolling texture determined from the pole
figures. There is very good agreement for these thermal strains where the EPSC model works
with high accuracy. As in the case of the Zr-2 rod, no plasticity needs to be invoked in order
to calculate the thermal strains. The curves in this figure represent the best least squares fit
to the strain tensor, equation (1), which is written out in crystal coordinates as

0, ¢) = (11 cos? ¢+ e128in2¢ + €20 sin® b) sin? 6 + £33 cos2 6 + £23 sin 26 sin ¢
+ €31 8in 26 cos ¢ (5)

Within the limits of experimental accuracy, different (1010) and (1210) orientations give the
strains every 30° around the basal plane equally well, since one set of reflections is not offset
from the other. This is expected since the elastic and plastic properties are the same in these
directions. The strains from orientation 2 were measured, and agreed with the EPSC model
and fitted to the tensor form just as well as orientation 1. The elements of the strain tensors
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packed Zr-2. (b) Coordinate axis system for describing directions in the sample with respect
to the rolling direction, r, the transverse axis, t and the plate normal, n. (c) Schematic
representation of the two ideal orientations within the sample axes.

are given in Table 6.1. The diagonal elements of the strain tensors for 1 and 2, each referred
to their own principal axes, agreed closely. The ¢ elements, along the rolling direction, are
small. The rolling texture is responsible for this result since the very small volume fraction of
grains with c-axis parallel to the rolling direction provide little constraint to the predominant
volume fraction of grains with [1010] orientation. These then contract as dictated by the a-axis
coefficient of expansion. Perpendicular to the rolling direction there are (0002), (1210) as
well as (121n) orientations which constrain each other and give rise to the large thermally
induced residual strains. The off-diagonal elements, £,3, were found to be non-zero and to
change sign between orientation 1 and 2. This result is a consequence of the symmetry of
the rolled plate, since it is only when there is a change of sign between the two orientations,
that the strains resolved along the plate normal and plate transverse directions are equal. The
fact that these changes of sign are observed gives confidence that the assignment of crystal
orientation was correct and that the accuracy of the measurement is high.

Sufficient data were obtained to map the strains onto a quarter pole figure for the {1010},
{1210}, and {0002} reflections in order to include directions not corresponding to the ideal
orientations. Measurements made in completely different sample directions (x, n), which
were related by symmetry, were found to agree within the assigned errors and so were aver-
aged and are plotted in Figure 6.6. The results (Figure 6.6a) are shown as a function of
angular deviation from the rolling direction (x = 90, n = 0), to the transverse direction
(x = 90, n = 90), thence to the normal direction (x = 0, n = 0) and back to the rolling
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form of strain. The results are plotted as a function of azimuthal angle at particular values
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coordinate system.

Table 6.1 Residual strain tensor elements (10™*) for the ideal orientations in highly
textured Zircaloy-2 plate

€11 €22 £33 €12 €23 €31

Grainl 1.1+04 —-66+05 56+06 -05+04 -21+£04 -0.7£03
Grain2 14+06 -744+05 58+06 -06+04 2504 —-04+04
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Figure 6.6 Angular variation of the residual strain in sample coordinates (), 1) plotted as a function of
angular deviation from the rolling direction for a locus (a) around the rim of the pole figure
and (b) for a locus within the pole figure as shown in the accompanying schematic. The Zr-2
rolled plate sample was in the as-cooled state. The coordinates (), n) are identical to pole-
figure coordinates. The experimental results are designated by filled circles for the (1010)
and (1210) reflections and filled triangles for the (0002) reflection. The corresponding EPSC
calculations are shown by open circles and triangles joined by lines.

direction around the perimeter of a quarter-pole figure. The results along a locus within the
quarter pole figure are shown in Figure 6.6b. The experimental results and the EPSC calcu-
lations are shown by solid symbols and open symbols joined by lines, respectively. There
is as good agreement between model and experiment for orientations corresponding to the
ideal orientations as for those that do not. However, it was not possible to fit the results in
Figure 6.6 as well with a strain tensor of the form of equation (1) since there is no strong
weighting of the texture by an ideal orientation in many cases.

Figure 6.7 shows the strain tensors for grains 1 and 2, with elements tabulated in Table 6.1,
plotted in a pole figure representation for the as-cooled sample. Note that the tensile [1210]
strain for orientation 2 occurs in nearly the same direction as the compressive strain [0002]
for orientation 1. Since zirconium is fairly isotropic elastically, this implies that intergranular
stress balance is achieved for Zr-2 plate by the balance of grain 1 against grain 2. It is also
interesting to note that the strains along the sample principal axes (1, t, n) are not large. If
the strains had only been measured along the sample principal axes, the major intergranular
effects would have been missed. The principal intergranular strains tend to be close to the
principal crystal axes as was also found for rod-textured Zr-2.

As a general rule, in highly textured material it is likely to be important to measure and
analyse the data within a coordinate axis system which recognises the strong texture, in
this case the crystal axis system, rather than the principal axes of the sample. In cases of
orientations that do not correspond to peaks in the pole figures, where there are contributions
from many grain orientations and no strong weighting, it does not appear to be possible to
deduce tensor information from the data directly. One would then have to rely on a statistical
model of the grain assembly such as the EPSC model.

6.4.3 Residual strains in a Zr2.5wt% Nb over-rolled pressure tube

With the understanding of type-II residual strains developed from measurements of highly
textured Zr-2 a method of determining the type-I strains in highly textured components can
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Figure 6.7 Strain tensors for the two ideal orientations of rolled Zr-2 plate displayed in a pole figure
presentation in sample coordinates. The elements of the strain tensor were derived from fits
to the ideal orientation data such as those shown in Figure 6.5.

be established. It is fair to say, in retrospect, that when the measurements described below
were made the interpretation of the results in terms of macroscopic stresses was probably
inadequate.

Zr2.5%NDb pressure tubes constitute the pressure boundary [15] in Canadian CANDU
reactors. To make leak-tight seals with the end-fitting on the reactor face, a tube is rolled
into grooves in the end-fitting by inserting a rolling tool from the outboard side. If the rolling
tool is inserted too far, where the tube is unsupported, then strong plastic deformation can
occur in the tube and high tangential stresses are generated near the boundary between the
supported and unsupported regions. Zr2.5%Nb tubes are strongly textured and a schematic
of the texture is shown in Figure 6.8. Grain 1 in this figure is the ideal orientation, with [1010]
plane normals aligned along the tube axis, [1210] plane normals aligned along tube radii and
[0002] normals aligned in hoop directions.

Figure 6.9 shows the residual hoop strain [16], measured with the (0002) reflection, as
a function of distance from the end fitting. The open circles represent the results of measure-
ments on an intact pressure tube with part of the end-fitting cut away but still restrained at
distances less than zero on the abscissa in Figure 6.9, by the remainder of the end-fitting.
The 50 mm thickness of the end-fitting precluded measurements in the region below zero.
The reference lattice spacing was taken to be the value far from the end-fitting and far from
the mechanical disturbance. This will not be a stress-free value in the sense that the last ther-
momechanical treatment of the component, cooling from the annealing temperature, would
have generated thermal stresses in the material. However, it provides a sensible reference for
assessing the perturbation caused by over-rolling.
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grain number 1. The [1010] direction is aligned with the axis of the pressure tube, the [0002]
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There is clearly a very large tensile hoop strain in the over-rolled region about 20 mm from
the end-fitting and a strong compressive constraint as the end fitting is approached. The solid
squares in Figure 6.9 represent the hoop stresses, again measured with the (0002) reflection,
but on a narrow coupon cut axially from the pressure tube. The reference lattice spacing
was taken at the end far from the mechanical disturbance as previously. The hoop strain has
decreased by only 40% in the neighbourhood of 20 mm but the constraint provided by the end
fitting, which corresponds to a balancing stress, has disappeared. The hoop strain remaining
in the coupon is however not of type-I character but is intergranular in nature, generated by the
plastic deformation in the grains with [0002] along the hoop direction. There was no plastic
deformation in the region of the end-fitting constraint and hence no intergranular strains were
generated. The type-I strain corresponding to over-rolling is given by the difference between
the intact pressure tube and the coupon.

It would appear that the only method, at present available in this case, of determining the
strains corresponding to the macroscopic stress field is destructive. Measurements would be
made on the intact sample and then a small coupon would be cut from the component and
remeasured to obtain the intergranular contributions. Note that the intergranular strain varies
with position along the coupon because the amount of plastic deformation varies along the
tube (the spatial resolution of the experiment in the axial direction was about £1 mm). This
requires the use of a position-dependent reference rather than a single reference to obtain the
corresponding type-I strains.

It is worthwhile making some general points based on these results. Because of the strong
texture, the mechanical properties of an intact pressure tube are anisotropic. For example, the
properties in the axial direction are strongly influenced by the elastic and plastic behaviour
of [1010] grains and hardly at all by the properties of [0002] grains. It would not make
sense, either mechanically, or in diffraction since the signal will be very weak, to measure
axial strains with the (0002) reflection. The sign of the strain might even be reversed since
the role of the few [0002] grains along the axial direction may be to balance the effect of
the [1010] grains. The crystallographic alignment, the texture, will tend to influence the
orientation of the principal axes of the strain tensor more than the geometry of the piece.
The high texture offers the possibility of measuring the full strain tensor, type-I and type-II
together in the intact component, for the ideal orientation. Subsequently the measurements
can be made on the coupon and the type-I strains obtained by subtraction. Measurements of
the full strain tensor were made on the coupon, which was easier to orient than the massive
pressure-tube-end-fitting component.
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7 Anisotropy of lattice strain response

T. Lorentzen

7.1 Introduction

The practical application of neutron diffraction was pioneered by the early experiments in
1981 by Allen et al. [1], Pintschovius et al. [2] and Krawitz et al. [3] and was soon followed by
contributions from Schmank and Krawitz [4], Pintschovius et al. [5, 6], MacEwen et al. [7],
Allen et al. [8], Holden et al. [10] and Holt et al. [11]. Throughout the years since then,
the utilization of neutron diffraction for stress/strain characterization has been based on
a continuum mechanics conception of materials deformation. Diffraction has merely been
considered as an experimental technique which probes the stresses and strains at a continuum
mechanics scale.

Most investigations have been conducted based on the assumption that selected crystallo-
graphic reflections could be used as simple monitors of the macroscopic strain much like a
strain gauge: just using the ever-present crystallographic lattice as an embedded atomic strain
gauge. Furthermore, most investigations have been based on the assumption that strains mea-
sured on this microstructurally relevant scale represented the tensorial quantity of strains in
the continuum mechanics sense. As a consequence stresses have been deduced simply by a
conversion of the lattice strains through a continuum mechanics formalism into stress tensors.
Both stress and strain tensors have been taken to behave like ordinary second rank tensors
with the associated characteristic transformation rules. Consequently, experimenters con-
ducting diffraction-based investigations have adopted the concept of principal stresses and
strains and the associated definition of principal directions along which no shear components
are present. In the general sense, at least six independent measures of strain are required for
a complete characterization of a strain tensor; however, when considering the inherent mea-
surement errors, it requires an over-determination with more like 8—12 independent measures
in order for errors on the stresses not to grow unacceptably large [12]. Typically it is, however,
not feasible either for technical or for economic reasons to perform enough measurements
to derive the full tensor, and most experimental characterizations have in fact been based
on assumptions of principal directions, and strain measurements have been limited to three
orthogonal directions. In short the basic concepts of continuum mechanics have been adopted
and stress/strain relations have been based on the generalized Hooke’s law.

It has become increasingly clear in recent years that the complexity of polycrystal deforma-
tion gives rise to criticism of some of the above-mentioned assumptions. A firm understanding
of the mechanics, at the scale at which our experimental technique probes the deformation, is
necessary in refining our view of the diffraction technique and in refining our data analysis.
Only through this approach may the experimental technique evolve to a state where crys-
tallographic lattice strains can be used safely in supplying engineers with valid measures
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of strains and stresses, which can readily be utilized in traditional engineering analysis of
materials and structures.

In numerous previous investigations, the simplistic assumption of adopting a continuum
mechanics view, has been a valid one as many investigations on components and structures
with known stress distributions have proven, and in most cases diffraction experiments are
likely to have produced relevant measures of stresses and strains for engineering and sci-
entific purposes. However, in refining our conception of the mechanics of deformation and
in realizing the inherent differences in the scale between the level at which the diffraction
techniques probe the stresses and strains and the scale at which the continuum mechanics
and traditional engineering analysis operate, it is necessary to engage in more general stud-
ies of polycrystal deformation; in itself a scientific discipline, which only in recent years
has been brought into play in the field of studying the anisotropy of lattice strain evolution
during deformation of polycrystalline aggregates. But more so, in the practical utilization of
the diffraction technique and in using the atomic lattice as a microscopic strain gauge for
engineering purposes, a firm insight into the micromechanics is necessary in order to bring
about valid measures of macroscopic stresses and strains.

The anisotropy in lattice strain response observed when performing diffraction measure-
ments has caught the interest of the entire neutron diffraction community as numerous recent
publications indicate; see for instance Refs. [13-34]. This anisotropy was quickly realized
in the early days of the technique [35, 36], but especially from the mid-1990s it has drawn
much attention both from a modelling point of view and from the point of view of performing
proper measurements and interpretation. It is, however, not a new discovery, and not a finding
which can be attributed to the neutron diffraction community. Already in 1938, Glocker [37]
addressed the issue of elastic anisotropy in diffraction experiments and several publications
by Bollenrath et al. [38—40] and Smith et al. [41, 42] observed anisotropy effects following
plastic deformation during bending, tension and compression. The first direct demonstration
of the existence of residual intergranular stresses caused by interactions between grains of
different orientation came in 1946 by Greenough [43] followed by a number of subsequent
publications [44—46]. In fact, much of this work was probably inspired by Heyn [47] who
already in 1921, in studying work hardening of metals, arrived at the conclusion that follow-
ing plastic deformation some kind of internal self-equilibrating stress/strain state pertained.
Despite Heyn himself naming these stresses and strains “hidden elastic strains” and “hidden
(latent) stresses”, they were more commonly called “Heyn stresses”.

It is the aim of the present chapter to bring about an insight into the micro-mechanics of
polycrystal deformation with specific relevance to experimental measures of lattice strains
by diffraction, and to illustrate by state-of-the-art modelling techniques how we may attack
these issues theoretically. I will discuss how these theoretical findings may guide us both in
performing valid measurements and in performing valid data analysis.

7.2 Elastic anisotropy in single crystals

As the diffraction techniques probe the elastic strain field in the material, using the atomic
lattice as a strain gauge monitoring elastic changes in the lattice plane spacings in selected
crystallographic directions, the single crystal anisotropy (here more or less being used in
the context of single grain elastic anisotropy) plays an important role in the interpretation
of measured lattice strains and their relation to the overall macroscopic strain field and in
modelling of aggregate response.
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For cubic systems, the inverse Young’s modulus as a function of direction (orientation)
may be expressed as [48]:

1

1
7= St =Su—2 |:(511 —S1) — 5544} (anaiz + arpaiz + anaz) (D

with the orientation dependency governed by the latter term of direction cosines:
(anaiz + anaiz +anais) (2)

which varies between 0 and 0.33. The degree of anisotropy is governed by the term preceding
this orientation term:

2[(S11 = Si2) — %544] 3)

The degree of anisotropy is often expressed in terms of the ratio given below, which will be
equal to unity for isotropic crystal properties and deviating from unity with increasing degree

of anisotropy:
2(S11 — Si2)
S44

“

With more specific relevance to performing diffraction experiments, the orientation depen-
dency of the elastic constants is more adequately expressed in terms of the Miller indices of
the crystallographic planes:

h2k2 +k2[2 ~|—12/’l2
(R + k% +12)?

Chit = (5)
This quantity is seen to vary from a value of O for the (100) family of crystal directions to
0.33 for the (111) family of directions. The most common situation for metals is that the term
which governs the degree of anisotropy in equation (1) is positive, in which case the (111)
family of directions is the most stiff and the (100) family of directions is the most compliant.
For special combinations of compliance constants this term will, however, be negative in
which case the stiff and compliant directions are interchanged.

Typical tabulated values of modulus for selected crystallographic directions (hk[) as well
as values of the ratio given in equation (4), as a measure of the anisotropy, are found in
Table 7.1.

The materials selection of Table 7.1 represents a broad range in the degree of anisotropy
from the nearly isotropic aluminum to the highly anisotropic copper and stainless steel. For
aluminum, we note that the maximum deviation in stiffness from the typical macroscopic
value of 70 GPa merely amounts to 8-9%, whereas for stainless steel, with a typical macro-
scopic modulus near 200 GPa, the deviation in stiffness exceeds 50%. Note also that for all
the four materials selected here, the parameter describing the degree of anisotropy is larger
than unity, and all materials show the (111) to be the most stiff direction, and the (200) to be
the most compliant.

In Table 7.2 similar data are given for common bcc materials. Notice here that the quantity
displaying the degree of anisotropy is less than unity for materials like molybdenum (Mo)
and chromium (Cr) giving rise to the previously mentioned situation where the (111) family
of directions becomes the most compliant one, and the (200) family of directions the stiff one.
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Table 7.1 Values of single crystal elastic modulus for selected k! reflec-
tions of common fcc materials; the materials data which form
the basis for these calculations are given in Ref. [49]

Al Cu Ni Fe
(2(8S11 — S12))/Sa4 1.22 3.20 2.37 3.80
E»y (GPa) 63.7 66.7 120.5 93.5
E511 (GPa) 69.0 96.2 161.4 138.3
E 40 (GPa) 69.1 97.0 162.4 139.6
Es31 (GPa) 71.1 113.6 182.9 165.9
E»yo (GPa) 72.6 130.3 202.0 193.2
E331 (GPa) 73.6 143.6 216.2 215.5
Eq1; (GPa) 76.1 191.1 260.9 300.0

Table 7.2 Values of single crystal elastic modulus for selected Akl reflec-
tions of common bcc materials; the materials data which form
the basis for these calculations are given in Ref. [49]

Stainless steel \% Mo Cr
(2(8S11 — S12))/S4a 2.51 2.13 0.79 0.71
E>po (GPa) 125.0 80.5 357.1 3333
E319 (GPa) 146.4 102.3 336.6 306.7
E411 (GPa) 149.8 104.4 334.1 303.5
E3r1 (GPa) 210.5 141.3 305.3 268.5
E 112 (GPa) 210.5 141.3 305.3 268.5
Eq19 (GPa) 210.5 141.3 305.3 268.5
E>n (GPa) 272.7 176.5 291.3 252.1

For a material like ferritic iron, the maximum deviation from a typical macroscopic mod-
ulus of 210 GPa amounts to 30-40%; hence ferritic iron displays a smaller degree of elastic
anisotropy than does austenitic. Note that not all the bcc materials show the (111) family of
directions to be the most compliant one; hence this is not characteristic of the bcc structure.
This difference between having the (111) family of directions being the most stiff or the
most compliant ones is simply attributed to specific combinations of elastic constants, and
the reason is related to the atomic number and the electron cloud configuration rather than a
consequence of the atomic arrangement.

When referring to even the simplest of all loading conditions, uni-axial tension, natu-
rally focus is on the stiffness of different crystallographic directions aligned with the loading
direction. With the large variations in single crystal elastic stiffness it obviously makes a dif-
ference which Kkl reflection is used as the strain monitor. However, in interpreting the effects
of elastic anisotropy it is rather interesting also to study the transverse properties, not only in
terms of the single crystal Poisson’s ratio, but also the elastic stiffness in directions transverse
to a specific hkl direction. One may imagine walking around a specific lattice direction and
monitoring the lattice stiffness perpendicular to this direction as a function of angle. Several
examples of such calculations including a description of the procedure are given in further
detail in Ref. [49]; here in Figure 7.1 we only show examples for two selected /kl directions,
(113) and (531), of stainless steel, which is a highly elastically anisotropic material.

Nature presents itself rather strikingly with dramatic variations in stiffness as a function of
angle. The high symmetry of the (113) direction is noticed with amplitudes in the normalized
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Figure 7.1 Elastic stiffness of stainless steel perpendicular to the (113) and (531) directions normalized
to the calculated homogeneous effective aggregate modulus; from [49].

modulus exceeding 40%. The (531) direction displays similar amplitude in the variations,
but furthermore shows an unsymmetric nature. Clearly, in a diffraction experiment with
many grains in the diffraction gauge volume, these dramatic variations are smeared out
and will in general not be noticed by the experimenter. However, the more we move away
from the lattice strain measurements being an adequate monitor of the true volume average
macroscopic strain field, which will be the case for highly textured materials or materials
with a large grain size relative to the spatial resolution of the experimental configuration,
the more diffraction results will be influenced by these matters. As we move away from
this regime of good volume average measurements with a statistically significant number of
grains sampled, and the experimental observations become more prone to microstructural
effects, such as the grain-to-grain variation in stiffness, the more the grain rotation around
the lattice plane normal will become an issue. With transverse stiffness varying more than
40%, the transverse contraction will vary greatly with angle of rotation; hence measurements
of transverse strains will have to be performed averaging over the angle of rotation. It is
particular noticeable that when calculations are done for the transverse properties transverse
to the (111) direction, we find that the stiffness is completely isotropic and does not vary
with angle. A similar situation is found in simple laminate theory, where it is well known that
three highly anisotropic layers placed at 120° angular intervals, produce a laminate which
is completely isotropic in its in-plane elastic properties; a similar situation with regards to
symmetry is observed transverse to the (111) direction of a cubic crystal.

As mentioned, many more examples and a more detailed treatment of the implications for
stress strain interpretation in diffraction-based experiments may be found in Ref. [49].

The above treatment of single crystal elastic anisotropy has focused on cubic systems only.
Similarly, the elastic anisotropy of hexagonal systems can be expressed in terms of the inverse
Young’s modulus as a function of direction (orientation) and is given by [50]:

L= (1 al) s+ ahSss +ahy(1 —ah) S0 + i) ©)
It is left to the reader to explore the range of anisotropy and orientation dependency in
hexagonal systems.
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7.3 Elastic anisotropy in polycrystals

In the previous section, the large variations in elastic stiffness were exemplified through
tabulated values of hkl-specific Young’s modulus for selected directions in a single crystal.
Clearly, this inherent anisotropy affects the lattice strains monitored in a polycrystalline
material. Some Kkl reflections are very compliant (small elastic stiffness) and some are
very stiff (large elastic stiffness), and we may expect that for a given macroscopic strain
level, say an imposed external uni-axial deformation, lattice strains vary from reflection
to reflection. They will do so, but not to the extent observed on the single crystal elastic
properties. Naturally some averaging procedure comes into play, as grains are not merely
free to deform according to their own stiffness. Grains of different stiffnesses are restricted
in their deformation by their surroundings, and in some self-consistent manner, a state of
equilibrium is brought about though still rendering large variations in the lattice strains as a
function of orientation relative to the imposed external load (or strain).

Many theoretical schemes have been proposed for the calculation of both the macroscopic
overall stiffness of an aggregate of anisotropic grains, and for the calculation of hkl-specific
stiffness. By far, the most realistic coverage of these aspects is through the so-called Kroner
model [51]. For cubic systems, the calculation of overall stiffness is through the solution of
a third-order polynomial in the aggregate shear modulus, see Kroner [51] or Kneer [52], and
the aggregate bulk modulus is found to be identical to the single crystal bulk modulus. These
two quantities relate directly to the Young’s modulus and Poisson’s ratio of the aggregate.

The calculation of hkl-specific stiffness is based on these values of the overall bulk and shear
modulus; a more detailed treatment including a chronological presentation of the expressions
to be evaluated is given in Ref. [49] based on which a simple computer code is easily
programmed. The overall findings discussed in more detail in Ref. [49] are, as indicated
by intuition previously, that all variations in hkl stiffnesses are less extreme than found
in a single crystal; stiff directions behave in a less stiff manner and compliant directions
behave less compliantly. These hkl-specific stiffnesses are often denoted as diffraction elastic
constants (DECs) and are typically found to be within a few percent of the effective stiffness
observed in the hki-specific response measured by diffraction in texture-free aggregates.

An illustration of the orientation dependency of the Kroner stiffness is given in Figure 7.2
showing both the Young’s modulus and Poisson’s ratio as a function of the orientation para-
meter, hkl, presented in equation (5). The numerical results for ferritic iron are normalized
to the Kroner predictions of aggregate properties discussed above.

The numerical values of the hkl-dependent Kroner stiffness are presented in Table 7.3 for
selected fcc materials. Similar data for selected bce materials are found in Ref. [49], and a
comprehensive coverage for other crystal structures is found in Ref. [53].

7.4 Modelling of polycrystal deformation into the plastic regime

Modelling of the plastic deformation of polycrystalline aggregates is a well-established sci-
entific field beginning with the first attempts made by Sachs in 1928 [54] and Taylor in
1938 [55]. These simple schemes, which were born in a time lacking today’s computing
power, have conceptual flaws which in some respects make them unrealistic. Nonetheless
they succeeded in identifying many of the features which could be observed by experimen-
tal techniques; primarily macroscopic flow curves and texture evolution. These models are
among the so-called “one-site” models, where the term “one site” refers to the principle that
each grain is considered as if it does not specifically know each of its neighbors, but rather
in some idealized way senses the effect of the surroundings. One of the most fundamental
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Figure 7.2 The Kroner predictions of the effective elastic response of ferritic iron along the loading
direction in a polycrystalline aggregate. The effective elastic properties, Ej; and vy, are
here given as a function of the orientation parameter, ['j;;, and normalized to the Kroner
predictions of the overall bulk elastic aggregate properties.

Table 7.3 Tabulated values of the hki-specific effective elastic properties for selected
fcc materials following the Kroner modelling scheme

(200) (311) (420) (531) (2200 (422) (331) (111)

Young’s modulus

Al 67.6 702 703 712 719 719 723 734
Cu 101.1 122.0 122.5 131.5 139.1 139.1 1443 159.0
Ni 160.0 185.0 185.6 1956 203.9 2039 209.5 224.6
FeY 149.1 183.5 1844 199.5 2127 2127 221.8 2479
Poisson’s ratio

Al 035 035 035 035 034 034 034 034
Cu 038 035 035 034 033 033 032 031
Ni 036 033 033 033 033 032 031 030
FeY 0.34  0.31 0.31 029 028 028 027 024

issues in modelling the mechanics of polycrystal deformation is how to take proper account
of the interaction between the grain and the surroundings. Many proposals have been put
forward to take account of this interaction, and many textbooks on the topic give historical
reviews of the process towards more and more realistic modelling attempts.

Currently, the most usable and operational treatment of the interaction is dealt with by
the so-called elasto-plastic self-consistent (EPSC) schemes, which take full account of the
changes in material properties of the surroundings brought about as a consequence of progres-
sive plastic distortion of the aggregate. The principles behind these EPSC schemes rest on the
equivalent inclusion method of Eshelby [56, 57] formulating how an elastically anisotropic
inclusion in a homogeneous effective medium, accommodates deformation brought about by
some external loading of the medium. In the EPSC models, each grain is considered as such
an inclusion of regular shape, that is, ellipsoidal or spherical, embedded in a homogeneous
effective medium (HEM) having the instantaneous deformation properties of the polycrys-
talline aggregate. A priori neither stresses nor strains are prescribed in the individual grains;
rather we prescribe the boundary conditions on the aggregate as well as the external loading
in the form of stress or strain increments. In a stepwise manner each grain is now considered
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from the assumption that the weighted average of the stress and strain rates of all the grains
correspond to the macroscopic stress and strain rates imposed on the aggregate. The EPSC
models are essentially all based on the same formalism given by Hill in 1965-1967 [58-61]
which was addressed comprehensively by Hutchingson in 1970 [62]. The discussion will
here be based on an implementation of this modelling scheme by Clausen in 1997 [15] and a
detailed description of the implementation was given in a published Risg-R-report by Clausen
and Lorentzen, also in 1997 [16].

As for many earlier modelling approaches, the original focus was on predictions of macro-
scopic stress/strain curves, texture and yield surfaces [63—66], and not until around 1988
were the modelling schemes addressed with specific emphasis on lattice strains and stresses
in polycrystalline aggregates [67, 68]. Here we will specifically focus on the valuable insight
in regard to anisotropic lattice strain response which can be modelled by using this kind of
algorithm.

The EPSC-model approach appears to be a rather realistic conception of the mechanics of
polycrystal deformation in many respects, but in judging its capability we must pay attention
to the level of detail at which it operates. Being a “one-site” model, we may naturally not
expect it to capture details at the level of the individual grain; hence itis not expected to capture
direct grain-to-grain interactions. The EPSC scheme operates at a level considering whole
families of identical grain orientations, and considering how such families of grains deform
when being restricted by the overall properties of the surroundings. In this respect, an EPSC
scheme is especially well matched in level of detail to the neutron diffraction technique for
residual stress/strain characterization. The neutron diffraction technique specifically monitors
the average lattice strain response of such families of grains, and hence great prospects are seen
for a fruitful interaction between the two approaches: the theoretical and the experimental.

As for any modelling framework, the EPSC model requires some materials input. The
most immediate materials property needed is some way of quantifying a threshold level, 7/,
of a specific slip system (i) above which crystallographic slip occurs and hence plasticity sets
in. The numerical level of this threshold stress, the critical resolved shear stress, is typically
selected to be around half the difference between the two largest principal stresses at first
yield.

It appears natural to relate the rate of evolution of 7t (r'i), to the deformation history, and
it has been proposed to express this in terms of summing the contribution of slip on all slip
systems in the constituent (the grain):

= Zh"f vl (7
j

The hardening matrix, A;;, can be defined in any way the programmer likes, but a specific def-
inition was proposed by Hill in 1966 [60], allowing for some degree of freedom in specifying
whether hardening on one slip system affects hardening on the other slip systems (so-called
latent-hardening), or whether slip on each slip system was considered to be completely inde-
pendent of the history of slip on the other slip systems (so-called self-hardening). This was

[Pt}

accomplished by introducing a “g”-parameter, and expressing the hardening matrix as:
= hy (g + (1= q)8") ®)

Little is known about whether latent- or self-hardening is the dominating effect, or to what
extent one or the other should be implemented into such modelling schemes.
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The specific way of introducing the deformation history into the equation is through the
definition of /,, and again the programmer is left with a choice to make. It is natural to
relate h,, in some way to the crystallographic slip, and in some way taking account of the
progressive accumulation of crystallographic slip. The simplest choice is to make /,, depend
linearly on the accumulated crystallographic slip on all slip systems of the constituents. This,
however, has proven to be very inaccurate in reproducing both the elastic/plastic transition
and the plastic regime as discussed by Clausen and Lorentzen [17], who then introduced
additional free parameters following a somewhat more complicated expression of the form:

hy = hnat (14 (hraio = D7) ©)

It should be emphasized that though the calculation procedure takes its starting point based
on a very physically meaningful definition of crystallographic slip using well-defined slip
systems, the definition of the hardening behaviour continues to be of an empirical nature.
The expressions given above relating the increment in critical resolved shear stress, T/, to the
accumulated crystallographic slip, y ¢, are empirical expressions of the fact that the critical
resolved shear stress ought to increase in some way with plastic deformation much like the
description of work hardening in a continuum mechanics sense. The description given above,
however, has no conception of the physical mechanisms of hardening by crystallographic slip
and the associated pile-up of dislocations; it is nothing more than expressing an empirical rule
of evolution of the critical resolved shear stress. Nor have the various “h”-parameters given
in equation (9) any physical meaning and in the calculation procedure, they are considered
free fitting parameters.

Having selected these material parameters, one can determine the macroscopic deformation
of the aggregate through calculations addressing each grain in the aggregate; typically a
few thousand grains are considered to adequately represent the true distribution of grain
orientations in a texture-free aggregate. Subsequently, we can now ask for details about
stresses and strains in specific grain orientations in the aggregate and in specific specimen
relevant directions. Hence, with a focus on studies where stresses and strains are characterized
by diffraction, we specifically address those grain orientations which represent measurable
reflections by diffraction, and we specifically address macroscopic directions of the specimen
relevant to the specific loading situation. We will restrict the discussion here to the uni-axial
case, where the natural macroscopic directions are along and perpendicular to the loading
axis, and we specifically address a selected range of Akl reflections in those two macroscopic
directions of the sample. It should be noted that such calculations are based on the original
modelling schemes presented 3040 years ago and we are merely asking questions, which
were not asked then, and which have not been asked until recently. It appears fair to say that
this renewed interest and use of the well-established modelling schemes, have been driven
by the neutron diffraction community through its growing interests in the inherent effect of
elastic/plastic anisotropy on measurement of residual stresses, whether this be for scientific
or engineering purposes.

A detailed theoretical study of polycrystal deformation has been presented by Clausen
et al. [28] including a detailed treatment of numerical results of a more crystallographic
nature. The lattice strain evolution is here exemplified by numerical results from a simulation
of uni-axial loading of stainless steel (Figure 7.3).

The response at low stress shows the well-known variations in the elastic modulus, which
in this model is identical to the Kroner modelling approach. The lattice strain response is
hence an effective response deviating from the single crystal response as discussed previously.
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Figure 7.3 Calculated stress/strain response parallel to the tensile axis of a uni-axially loaded
stainless steel sample, here given for six reflections; from [28].

A noticeable feature is the onset of nonlinearity most clearly observed for the compliant (200)
reflection, which abruptly shows a dramatic increase in the rate of elastic strain accumulation.
The (311) reflection shows essentially linear behaviour, while other reflections, like the (331),
show a decrease in the rate of elastic strain accumulation. Upon further loading, most reflec-
tions reach another kink in the lattice strain response: again this effect is most noticeable for the
(200) reflection. Notice also that the regime where the well established Kroner model renders
a realistic prediction of the effective stiffness is limited to the elastic regime below 150 MPa.

To illustrate the potential detrimental impact this nonlinear effect may have on our inter-
pretation of measured lattice strains and on our strain/stress conversion, one may imagine
measuring lattice strains on a uni-axially loaded component; say, for example, diffraction
data gives a measured lattice strain of 2000 pe measured on the (200) reflection of stainless
steel. With a Kroner model based estimate of the effective elastic modulus of 149 GPa this
renders a stress level of 298 MPa. However, following the highly nonlinear behaviour, exem-
plified by model predictions in Figure 7.3, the stress level associated with a strain level of
2000 pe on the (200) reflection is merely some 239 MPa. The simplified analysis using the
Kroner model based effective stiffness hence gives a stress level which is 25% higher than the
real stress level. Considering that this nonlinearity typically sets in long before reaching the
engineering definition of yield, at the so called oq > limit, this complex nonlinear behaviour
reduces the window for simple and safe conversion of lattice strains to stresses.

Having realized this very noticeable nonlinearity during forward loading, a reversal to zero
external load makes the different families of grain orientations (here represented by the hkl
reflections) return to different levels of residual strains. For the current loading condition and
level of deformation the return curves are linear and no reverse plasticity of any measurable
amount comes into play. Hence, deviation from linearity during the forward loading, cor-
responds exactly to the level of residual intergranular lattice strains realized once loading
is removed. This is exemplified in Figure 7.4, which represents unloading conditions from
different levels of forward loading as pictured in Figure 7.3.
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Figure 7.4 Calculated residual intergranular strains after unloading as a function of the plastic
strain experienced during forward loading; from [28].

The most noticeable feature of these model predictions is the clear partitioning of residual
intergranular strains into tensile or compression strains and a group showing essentially no
residual intergranular strains. Similar model predictions have been made for aluminum and
copper, see Ref. [28], and it shows that this partitioning into the specific groups shown in
Figure 7.4, is not a general feature of fcc materials. Copper appears to behave much like
stainless steel, whereas the grouping is different for aluminum. Here, the (111) reflection
develops the highest tensile residual intergranular strains while the (200) reflection develops
the lowest and the (331) reflection appears to develop essentially none.

The impact that this development of residual intergranular strains has on our interpretation
of measured lattice strains and on our strain/stress conversion is, that for components having
experienced inhomogeneous plastic deformation, any resulting macroscopic residual strain
field is super imposed on an intergranular residual strain field, which varies as a function of the
spatial variation in accumulated plastic strain throughout the component. As these residual
intergranular strains may be relatively large as exemplified in Figure 7.4, they impinge on
the correspondence between engineering estimates of the macroscopic stress/strain field, for
instance based on finite element calculations, which do not include the potential presence of
these residual intergranular strains. Nonetheless, they are a natural part of the total stress/strain
state in the material, and they should also be taken into account.

There appears to be a tendency towards scientists searching for means of separating
out these intergranular components of the stress/strain field, merely in order to reach a
situation of better correspondence between finite element method (FEM) predictions and
diffraction-based measurements. An example is given in Ref. [69], where the calculated
residual intergranular strains as a function of plastic deformation were subtracted from the
measured lattice strain profiles prior to strain/stress conversion. However, while such an
approach appears to work quite well, it is merely to satisfy the engineer by showing measured
strain profiles resembling calculated ones by FEM. From a scientific point of view, however,
we should not try and neglect the importance of this intergranular strain contribution, but
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rather pursue to what extent it may affect properties and deformation mechanisms. Although
it appears that the presence of intergranular stresses is simply annoying for straightforward
application of diffraction techniques, at least from an engineering and industrial application
point of view, actually it highlights the inherent gap in the concept of deformation between
micromechanics and continuum mechanics.

7.5 Summary and discussion

Numerous recent publications exemplify the increased interest in elastic and plastic
anisotropy in polcrystalline aggregates, and the effects they may have on the interpretation of
diffraction data. Many theoretical and experimental investigations have dealt with these issues
for materials like aluminium, copper, stainless steel, Zircaloy, Inconel and high-strength steel.
This has brought about valuable insight into the nonlinear lattice strain behaviour and insight
into the numerical levels and Akl dependency of residual intergranular strains and stresses.
Early experiments were done with very little knowledge of these matters, and were overshad-
owed by the enthusiasm over the fact that it was actually possible to resolve the lattice strain
changes to a degree where it was relevant for stress/strain determination. Most importantly
this increased focus on the topic has raised the awareness of the inherent complexity of poly-
crystal deformation. There continues to be a strong emphasis on these matters, and it is today
more the rule than the exception that experimenters address these issues in the analysis and
reporting of experimental results.

The key issue appears to be to define which Akl reflections show linear lattice strain behav-
iour during loading and which show no evolution of residual intergranular strains and stresses.
The research is driven by “a wish” to find Akl reflections, which appear to behave “decently”
in all situations such that lattice strains monitored using those reflections can safely be taken
as measures of macroscopic internal strains, which are readily converted into stresses by
the common continuum mechanics formalism. It would naturally be to great benefit, if it
was indeed possible to verify that hkl reflections could be found that are unaffected by elas-
tic/plastic anisotropy in the general sense. Several experiments and numerical calculations
have already shown that even for the simplest loading situations, it is not possible in the
general sense to identify specific hkl reflections of this nature. Although numerical results
of Clausen et al. [28] indicated that, for instance, the (113) reflection showed essentially
no development of residual intergranular strains in the loading and the transverse direction,
experimental results [34], however, indicated that the (111) reflection appeared to be a better
choice based on minimal residual intergranular strains in both sample directions. From the
early days of X-ray diffraction for residual stress measurements the neutron diffraction com-
munity has inherited the qualitative recommendation to use higher index reflections, where
these complicated aspects related to elastic/plastic anisotropy and grain interaction effects
appeared to be smeared out. This recommendation likely originates from experience and not
from detailed experimental and theoretical investigations. Several more recent publications
originating from the neutron diffraction community show that this historic recommendation
does not appear to be one which can be safely adopted for all cases. Experimental results
on stainless steel, for instance, show the (531) reflection to be among those which develop
the highest residual intergranular strains, at least higher than many of the lower indices
reflections.

The numerous recent results are definitely governing a better understanding of the
elastic/plastic anisotropy, but the mechanics of polycrystal deformations is complex and we
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have experienced that it is nontrivial to derive general conclusions. More so, most investiga-
tions have been done on texture-free materials, and essentially all in situ loading experiments
have only dealt with the uni-axial case.

Although it may appear that we have introduced more confusion than explanations and
recommendations by the investigations into anisotropy, this does move the field forward.
Much has been gained even within the past 3—5 years; not only with the aim of promoting
better and more valid data analysis for engineering purposes, but also proving that neutron
diffraction is a very valuable tool in more scientific oriented investigations into the general
mechanisms of polycrystal deformation.

In comparison with the opportunities that X-ray diffraction brings, neutron diffraction
is in particular an attractive tool when focusing on models working at a level of detail,
where we do not directly consider the grain-to-grain interaction, but rather the effective
volume average response of particular families of grains in the bulk of a polycrystal. Next
generation polycrystal models, with direct account of grain-to-grain interaction, will benefit
from the increased spatial resolution of high-energy X-rays from synchrotron sources. But as
to the self-consistent type of modelling approach, much work is still awaiting use of neutron
diffraction.
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8 Neutron diffraction using a
constant wavelength

L. Pintschovius

8.1 Introduction

Neutron stress analysis was started in the early 1980s [1-3] using instruments which were
designed for very different purposes. Gradually, more and more groups joined the field,
again using existing instruments which were adapted, to some degree, to meet the special
requirements of neutron stress analysis. Eventually, some instruments were transformed
into dedicated instruments for neutron stress analysis which generally implied substantial
modifications of major components. Still, it was difficult, if not impossible, to modify the
instruments to an extent as needed to exploit the potential of the method in full. It is only
very recently that dedicated instruments are built from scratch which allows one to translate
the ideas of an ideal strain scanner into reality. These ideas are the fruit of instrumental
developments pursued by several groups working at many research reactors all over the
world. In the following chapter, I will outline these ideas and will comment on the price
which has to be paid if constraints do not allow one to utilize all of these ideas. In this
chapter, only instruments using a constant wavelength will be considered, whereas time-of-
flight (TOF) instruments will be dealt with in the following chapter. The question whether
the constant wavelength technique or the TOF technique is more advantageous depends
largely on the type of the neutron source, that is, whether it is a continuous or a pulsed
source. So, the vast majority of diffractometers operated at research reactors use a constant
wavelength.

When talking of an ideal strain scanner, this conception presupposes a certain field of
application. As such, I consider the investigation of stress fields with a spatial resolution of
typically a few cubic millimeters. Neutron stress analysis has been used as well for the
determination of phase specific stresses or grain interaction stresses which are spatially
homogeneous over a length scale of several centimeters. I will not consider the specific
requirements of measurements of such a kind, not least because such measurements are
better done using pulsed neutrons. The remaining field of neutron stress analysis is still
so broad that no instrument can be conceived as an ideal strain scanner unless it is very
versatile. For instance, high resolution is, in general, imperative for the determination of
strains in ceramic materials because these strains are usually quite small. On the other
hand, high resolution is of little help for the investigation of macrostresses in martensitic
steels or other materials showing large intrinsic linewidths. I will come back to these issues
later on.

For those who are not familiar with neutron diffractometers, the main components of an
instrument for neutron stress analysis will be explained in the next section. Then, each of
the major components will be dealt with in more detail in the following sections with the
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aim to point out the critical features which are necessary for a high performance of the
instrument.

8.2 Overall view of a diffractometer for strain measurements

The outline of a neutron diffractometer for strain measurements is shown in Figure 8.1.
A beam of polychromatic neutrons emanating from the neutron source impinges on the
monochromator which reflects a monochromatic beam according to Bragg’s law

2dpi sin 6, = nk (1)

where djx; denotes the lattice spacing of the monochromator, 6, the scattering angle at the
monochromator, A the neutron wavelength and » is a small integer number. The factor n
means that the beam is not fully monochromatic but contains a certain amount of higher
harmonics (n > 1) which, however, is rarely relevant for stress measurements. A small
fraction of the beam hitting the sample is diffracted. As the incident beam is monochromatic,
the diffracted beam is confined to a well-defined direction, again given by Bragg’s law.
Finally, the diffracted beam is recorded by a neutron detector.

Collimators placed before and after the monochromator and after the sample define
the angular spreads of the neutron beam «; and B; in the horizontal and in the verti-
cal plane, respectively. The relatively wide (4 cm) beam generated by a typical neutron
monochromator is narrowed down by a slit, a few millimeters wide, placed just before the
sample.

Similarly, the diffracted beam is confined by another slit placed just after the sample. These
two slits define the gauge volume which is normally much smaller than the sample itself (for
details, see Section 8.5.1). Stress mapping over the entire sample is done by moving the
sample stepwise with respect to the gauge volume.

A realistic outline of a modern strain scanner [4] is shown in Figure 8.2. Develop-
ment of neutron diffractometers for strain measurements has not yet resulted in a standard

Source
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R i o
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—— — | _gq$@
Collimator . |
Monochromator “ Slits
2 Collimator
o3
i
CB
Detector

Figure 8.1 Schematic diagram of a neutron diffractometer.
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(bent Si)

ID-position

Soller sensitive detector

collimator Detector shielding

Beam shutter

Monochromator
shielding

Figure 8.2 Outline of the neutron strain scanner at the LVR-15 reactor at Rez. Note that the
relatively small monochromator take-off angle 26, of this particular instrument is
offset by the use of a focusing monochromator to achieve high resolution (reprinted
from [4]).

design, so that Figure 8.2 depicts just one example of the many different instruments around
the world.

8.3 Production of monochromatic neutrons

8.3.1 The beam line

A neutron diffractometer for stress analysis should be located at a thermal beam tube to
allow one to extract neutrons of small as well as of large wavelengths. Unfortunately, such
positions are not always available, whereas it is usually rather easy to get access to a position
at a neutron guide. In the case that the guide is fed directly by the reflector and not by a cold
source, a diffractometer for stress analysis located at such a guide can compete fairly well with
an instrument located at a beam tube: the relatively small horizontal divergence of a neutron
beam emanating from a thermal neutron guide is in many cases not detrimental because it
is needed to achieve high resolution anyway; the small vertical divergence can be overcome
by using vertically focusing monochromators. An example of such an instrument used very
successfully for neutron stress analysis is the diffractometer D1A at the high flux reactor of
the ILL, Grenoble. If, however, the neutron guide is fed by a cold source (as is the case, e.g.
for the strain scanner G5.2 of the LLB, Saclay), this entails the serious drawback that the flux
of neutrons with wavelengths shorter than 2 A is prohibitively low. As a consequence, there
will be often just one set of lattice planes {hk/} of the material under investigation suitable for
strain measurements (for instance, in the case of ferritic steels, just the { 110}-reflection line).
As a consequence, it is impossible to investigate the effects of elastic and plastic anisotropies.
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8.3.2 The monochromator housing

The monochromator housing should allow one to continuously vary the neutron wavelength
in order to achieve scattering angles 265 ~ 90° for all the materials to be investigated. A scat-
tering angle 265 ~ 90° is usually chosen to achieve the best spatial resolution for a given width
of the slits before and after the sample. Hence, it follows that the condition 265 &~ 90° need not
be met strictly, but only approximately so. Therefore, it is no serious drawback if the instru-
ment allows one to vary the monochromator angle 26,, only in steps of ~10°, provided these
changes can be performed with little loss of beam time. If for some reason 26, is fixed, the
monochromator housing should accommodate at least two, or better still three to five mono-
chromators with different d-spacings with the possibility of a rapid interchange of these mono-
chromators to select a suitable neutron wavelength. A rather elegant solution to this problem
is the use of a properly cut monochromator crystal, of which the reflecting planes {hkl} are
chosen by a proper rotation (as is done, e.g. on the diffractometer D1A of the ILL, Grenoble).

A rapid interchange between different monochromators is desirable as well for instruments
with continuously variable take-off angles 26,,, because resolution considerations impose
constraints on the choice of 26, (see the next section). The range of 26, should extend to
at least ~90°, better ~110°, again for reasons of resolution. Unfortunately, most available
locations impose serious constraints on the maximum 26 achievable due to space problems.
In the case where 26y, is limited to about 60° or even less, the use of bent perfect crystals
as a monochromator is particularly attractive because high resolution and good luminosity
can be achieved with this technique for relatively small 26,, values by a proper choice of the
bending radius (see Section 8.3.3.2).

A set of two or three easily interchangable Soller collimators before the monochromator
is of considerable utility in achieving a high resolution or a high flux in keeping with the
requirements of a particular experiment. As is explained in the next section, this comment
applies only to the case of mosaic crystals as monochromators, whereas no Soller collimators
should be placed in front of bent perfect crystals.

8.3.3 The monochromator

8.3.3.1 Mosaic crystals

Mosaic crystals, that is, crystals which are made up of small blocks which show a spread of
lattice misorientations relative to one another, are the standard choice for the monochromator
of a powder diffractometer. For this reason, they have been used throughout the development
of neutron stress analysis. Mosaic crystals are now gradually replaced by bent perfect crystals
for many applications, but they will not come completely out of use in the foreseeable future.
The most widely used monochromator materials are pyrolitic graphite (PG), copper, and
hot-pressed germanium, because they were found to give the highest peak reflectivities. In
principle, other materials like Be are attractive as well, but they are not readily available in
the form of large mosaic crystals.

It has long been known [5, 6] that a powder diffractometer offers the highest luminosity
for a certain resolution if the scattering angles at the monochromator 26,, and at the sample
205 are about the same:

20m A~ 26 2)

When condition (2) is fulfilled, the horizontal divergence o, between the monochromator and
the sample can be opened up without affecting the resolution (in this sense, it is the focusing
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condition for flat mosaic crystals). In neutron stress analysis, however, o, has often to be kept
fairly low (<1°) for the sake of a precise definition of the gauge volume shaped by slits in the
incident beam. With decreasing «», the resolution depends less sensitively on matching 26,
with 26,. Furthermore, the optimum is shifted towards larger 26y, (for instance, for 26, = 90°
and a collimation 0.2°-0.5°-0.2°, the optimum resolution is found for 26, ~ 100°). From
these considerations it follows that the monochromator d-spacing should be chosen such as
to bring 260y, into the range 80-120° for the wavelength needed to obtain 26, = 90°. If the
monochromator housing does not permit take-off angles in this range, all that can be done is
to maximize 26y, within the given constraints to come at least relatively close to the optimum
working conditions. Further, two or three in-pile collimators defining «r; should be available
to achieve high or medium resolution and high intensity, as needed. I note that the need for a
tight in-pile collimation cannot be replaced by tight collimations before and after the sample
to arrive at a high resolution. So an in-pile collimator of the order of 0.2° is highly desirable
for a neutron diffractometer for stress analysis (if the instrument is fed by a neutron guide,
the natural collimation will be of the right order for thermal neutrons, so no in-pile collimator
is needed).

In general, a considerable gain in intensity can be achieved by vertical focusing without
loss in resolution. There is, however, a price to be paid for vertical focusing which is the
loss in definition of the gauge volume in the vertical direction due to penumbra effects (see,
e.g., the discussion in Ref. [7]). Since there are many applications where the gauge volume
is made very long in the vertical direction anyway so that penumbra effects are not critical,
monochromator crystals for neutron stress analysis should all be made vertically focusing.

8.3.3.2 Bent perfect crystals

As has been pointed out by Vrdna et al. [8], bent perfect crystals are an attractive alterna-
tive to mosaic crystals as monochromators for neutron strain scanners. An outline of such
a monochromator is shown in Figure 8.3. The curvature is achieved by a four-point bending
scheme, while keeping the material in the elastic regime. A neutron traveling through the
crystal crosses the reflecting planes at slightly different angles when going from the front to
the rear side leading to a finite effective mosaic width n despite the fact that the crystal is
perfect. However, the strength of the material severely limits the achievable curvature and
thereby the achievable 7. So, typically, the effective mosaic spread of a bent perfect crystal is
only afew minutes of arc, that is, much smaller than that of mosaic crystals used as monochro-
mators (which is typically 25’!). On the other hand, the small effective mosaic width, which
would lead to an unacceptably low neutron flux at the sample position for a mosaic crystal,
is compensated by a high peak reflectivity (close to unity for most cases of practical interest)
and, in particular, by the possibility to achieve perfect focusing in real space as well as in

Figure 8.3 Schematic of bent perfect crystal monochromator. 1 denotes the effective mosaic
spread.
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reciprocal space by choosing a proper bending radius. As is explained in Refs. [4, 8], perfect
focusing can be achieved without fulfilling condition (2), and so this technique is particularly
attractive for instruments where 26y, is limited to moderate values. For instance, Mikula et al.
[4] report having achieved a resolution Ad/d < 2 x 1073 for 26, = 57°. Even when using
bent perfect crystals, however, violating condition (2) does have a certain drawback: for
26m # 26s, a focusing bent perfect crystal selects a non-parallel input beam. Therefore, the
maximum useful divergence o, between the monochromator and the sample will be limited
by the available in-pile divergence (which should not be reduced by an in-pile Soller collima-
tor; I note that the in-pile Soller collimator shown in Figure 8.2 is in place only for technical
reasons, but is detrimental to the performance of the instrument when a bent Si crystal is
used as a monochromator [9]). In practice, however, this is not a serious handicap, as o will
rarely be chosen larger than 1° for the sake of a good definition of the internal gauge volume.

At present, Si is the standard choice for neutron monochromators, because it is readily
available in large size as perfect crystals and sustains rather large stresses elastically, so
that the bending radius can be changed reversibly. Ge appears, in principle, to be even
better suited than Si because of the larger neutron scattering power of Ge, but is much more
expensive and also more brittle. Vertical focusing can be achieved along with horizontal
focusing by elastically bending a curved stack of Si lamellae [10-12]. Recently, as many as
26 vertically stacked lamellae have been assembled in a bending unit to produce a vertically
and horizontally focusing monochromator [13].

The concept of bent perfect crystals sounds so convincing that one may ask whether bent
perfect crystals will be the best choice in all cases. The major limitation comes from the fact
that the effective mosaic spread cannot be made larger than a few minutes of arc without
breaking the crystals — at least with the present technology. Therefore, if the experiment
cannot benefit from the high resolution offered by this technique because of an inherently
strong line-broadening, mosaic crystals will provide a considerably higher intensity for about
the same total linewidth.

8.3.3.3 Microfocusing monochromators

The term “microfocusing” has been used by Popovici and Yelon [14, 15] for a set-up where
a wide neutron beam is focused onto a narrow line at the sample position. In principle, micro-
focusing could be achieved by just one bent crystal, but due to the large divergence of a typical
neutron beam hitting the monochromator this would require a very short monochromator-
to-sample distance which is impractical. Therefore, Popovici and Yelon [14, 15] proposed
using a double monochromator in antiparallel (4, 4) reflection as outlined in Figure 8.4.
Crystal 1 is placed at the usual position of a monochromator surrounded by heavy shielding,
whereas crystal 2 is placed roughly 50 cm away from the sample [16]. With pneumatically
bent perfect Si crystals, the width of the neutron beam at focus could be brought down to
as little as 2 mm. The use of spherically bent Cu mosaic crystal led to a considerably larger
beamwidth (5 mm), on the one hand because of the finite mosaic width before bending,
and on the other hand because Cu crystals can be bent only plastically which leads to an
anisotropic broadening of the mosaic width. The beam height at focus reported in Ref. [16]
is rather large (several centimeters), but might be reduced by making the vertical curvature
much stronger than the horizontal one. Popovici and Yelon note that crystal 1 of the double
monochromator might be flat, which makes it easy to convert a standard monochromator to
a microfocusing set-up.

Focusing in real space is, of course, only of help for strain measurements if focusing in
reciprocal space can be achieved at the same time. As has been outlined in Refs. [14, 15],
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Figure 8.4 Geometry of double antiparallel reflection by bent crystals for neutron microfocusing
(reprinted from [15]).

focusing in reciprocal space can be achieved with a microfocusing monochromator as well
as by a proper choice of the distances L, L* and L, (see Figure 8.4) and of the bending radii
of the crystals for a particular scattering angle 26;. Test measurements, largely in line with
computations, yielded a minimum linewidth of about 0.6° for a scattering angle 26, ~ 80°
[16]. This means that microfocusing does not allow one (at least at present) to achieve high
resolution, but the available resolution is sufficient for many applications. Likewise, the
spatial resolution achievable with microfocusing is not good enough for many applications,
but for others it is (I note that the beam width at focus cannot be efficiently reduced by slits
because of the strong convergence of the beam). Finally, one has to say that a microfocusing
monochromator has to be adjusted very carefully for a particular wavelength and scattering
angle 26, because the minimum of the resolution versus 26 curve is very narrow (see,
e.g., figure 10 of Ref. [15]). As a consequence, it is not easy to switch from one d-spacing to
another, so that in practice only a limited number of materials will be accessible. In summary,
microfocusing will not become the standard technique for neutron stress analysis, but for a
certain field of applications it will speed up the measurements by an order of magnitude or
even more.

8.4 Detectors

8.4.1 Standard He3-detectors

In the beginning, neutron stress measurements were performed with standard He3-detectors
in combination with Soller collimators or slit systems. In recent years, they have been largely
replaced by position sensitive detectors (PSDs) although available PSDs are not always
a better choice than optimized single detectors. To begin with, the efficiency of a standard
He? detector (2.5cm@) is close to unity, whereas the efficiency of some PSDs is as low
as 50% [17]. Second, a single He*-detector can be made very long, so that the vertical
acceptance is very large (£13°). As has been pointed out in Ref. [18], the large vertical
acceptance does not affect the linewidths in 26, as long as 265 & 90°, which is the usual case
in neutron stress analysis. Furthermore, the loss of definition in terms of Sinzl/f due to the
large vertical acceptance is rather small, as long as measurements are made along principal
strain directions — again the standard case in neutron stress analysis (in this case, the interval
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413° translates into an interval —0.05 < sin? ¢ < 0.05). For these reasons, the large vertical
acceptance of a single He>-tube may make it competitive with an available PSD for a number
of applications — at least at present, where PSDs rarely meet all the requirements of neutron
stress analysis (see the next section).

8.4.2 Position sensitive detectors

Position sensitive detectors are now in widespread use for strain measurements. Such a PSD
has to be only one-dimensional (1D) and has to cover an angular range of a few degrees
only. On the other hand, it should have a good angular resolution (0.1°), a large vertical
acceptance (>10°), a high efficiency (®90%) and a low electronic background. Although
it seems technically feasible to meet all these requirements to a large extent, PSDs actually
used for strain measurements often fall considerably short of what is desirable. In particular,
most available PSDs have a rather small vertical acceptance. For instance, the PSD of the
instrument shown in Figure 8.2 has a vertical acceptance of &~ 41.5° only [9], and that of
the strain scanner of the LLB, Saclay, is ~ £3° [19].

The major reason for the gap between the performance of actual PSDs and what seems
technically feasible is the fact that the development of a special PSD for neutron strain
scanners appeared to be too costly. To my knowledge, the PSD which comes up closest to
the requirements of stress measurements is the one described by Berliner er al. [20]. It is a
linear position sensitive proportional counter detector array, whose height can be made to any
desired vertical acceptance by assembling the necessary number of elements. There are some
losses associated with the many detector shells in the sensitive area, but an area-averaged
efficiency as high as 73% at a neutron wavelength of 1.0 A has been achieved nevertheless.
Probably, costs will be the major road block for the widespread use of such a PSD, but it
would certainly boost the performance of many instruments.

8.4.3 Shielding

In neutron stress measurements, counting rates are often quite low as a consequence of very
small gauge volumes and/or strong absorption associated with long neutron flight paths within
the component investigated. Therefore, detectors must be more thoroughly shielded than for
standard powder diffraction measurements. The aim of preventing stray neutrons entering
into the detector is greatly facilitated by surrounding the entire flight path of the neutrons
from the monochromator shielding to the entrance slits and from the exit slit to the detector by
some shielding material as indicated in Figure 8.2. Shielding materials are primarily chosen
for their stopping power of neutrons. However, it should be checked whether there is some
need for shielding against gamma rays as well. For instance, the high background counting
rate observed with the PSD at the G5.2-diffractometer at Saclay [21] has been drastically
lowered by additional lead shielding.

8.5 Sample environment

8.5.1 Slits for defining the gauge volume

Apart from the special case of a microfocusing monochromator, the gauge volume within the
sample is defined by slits both in the incoming and in the scattered beam (see Figure 8.5). The
shape of the gauge volume need not to be a cube (Figure 8.5, right). As indicated in Figure 8.5,
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Figure 8.5 Creation of the gauge volume using slits in the incident and in the scattered beam.

it is generally advantageous to define the vertical dimensions of the gauge volume by the
entrance slit only, that is, to use alarge vertical divergence on the detector side to gain intensity.

In order to keep penumbra effects to a minimum, entrance as well as exit slits should be
placed as close to the sample as possible. Tightly placed slits require, of course, great care to
avoid collisions with the sample when changing the orientation or the position of the sample.
Nevertheless, the user should not forget how stringent the requirements for the slit positions
are if a spatial resolution less than 2 mm is aimed at. For instance, the image of a slit 1 mm
wide will be blurred to &2 mm at a distance [ = 10 cm when the beam has a divergence
of 1°. Proper placing of the slits is facilitated by mounting them on optical guides aligned
along the incoming and along the scattered beam, respectively.

In the case that the sample is too bulky to allow one to put the slits close to the gauge
volume, the ultimate means is to use convergent collimators instead of slits to define the
gauge volume. Radial collimators were first developed for a TOF spectrometer [22] because
it is a prerequisite to exploit the very large useful range in 26 of a TOF instrument (*15°).
Based on this experience, a collimator with a focal length of 150 mm giving a spatial resolution
of about 1 mm has been manufactured by Euro Collimators Ltd for the strain scanner at the
ILL, Grenoble [23]. When compared to a set-up using a slit placed very close to the gauge
volume giving the same spatial resolution, the radial collimator entails a loss in intensity by
a factor ~2.5 which is the price to be paid for having a long focal length. Using Cd masks at
the exit of the radial collimator, the spatial resolution can be further improved to 0.73 mm at
the expense, of course, of a further drastic loss in intensity by a factor ~3.

Usually, the gauge volume will be completely immersed in the sample. However, when
stresses near surfaces or interfaces are of interest, it is often desirable to shift the gauge volume
so close to the surface/interphase that it is only partially immersed. In this way, the distance
between the surface and the centroid of the gauge volume might be made considerably smaller
than the slit width. There is, however, a serious drawback with this procedure apart from the
obvious loss in intensity: in general, partial immersion of the gauge volume is associated
with systematic errors, sometimes called pseudostrains (see Figure 8.6). This effect, which
has been reported several times in the literature (e.g. [24-26]), has been studied in detail by
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Figure 8.6 Intensity (filled circles) and pseudostrain (open circles) for a stress-free sample versus
the distance from the sample center to the center of the gauge volume (reprinted from
[25]).

Pluyette er al. [27, 28] and Piant-Garot et al. [29, 30] (see also Chapter 14 of this book). It
is found that the effect depends not only on the parameters of the instrument (collimations,
6m, 05) but also on the angle between the surface and the incident beam. That is to say,
the pseudostrains will be different in reflection or transmission geometry. They will further
strongly depend on the distance between the slits and the gauge volume: placing the slits
as close as possible to the sample will not only keep the loss in definition due to penumbra
effects to a minimum but at the same time, keep the systematic errors associated with a partial
immersion of the gauge volume to a minimum. In any case, it is recommended to study the
effect for the actual configuration of the measurement on a stress-free reference sample and
then to correct for it in the evaluation of near-surface strains.

8.5.2 Positioning the sample along x-y-z

Positioning of the sample along x—y—z should be computer controlled with an accuracy of
~0.01 mm or better. The translation table should be able to accommodate rather bulky and
heavy (>50kg) items. Dedicated stress diffractometers are now (2002) being designed with
500kg capability. Diffractometers of the Tanzboden-type have the special advantage that
distances between monochromator and sample as well as between sample and detector can
be chosen at will, so that these distances can be kept to a minimum for small samples but
can be increased to handle very bulky samples as well. Precisely aligned laser beams (as
installed, e.g., at the strain scanner of the HMI, Berlin) are of great help in locating the gauge
volume relative to the sample position.

8.5.3 Eulerian cradles

Many neutron stress measurements are restricted to measurements along principal strain
directions inferred from the sample geometry. Such measurements will not benefit from
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an Eulerian cradle, whereas others certainly do, in particular when measurements are to
be performed in arbitrary directions to determine the principal axes of the stress tensor.
Rather large Eulerian cradles (diameter up to 1 m) of different designs are now commercially
available. A description of an Eulerian cradle equipped with an x—y—z positioning table can
be found in Ref. [31].

8.5.4 Loading devices

As for X-ray stress analysis, tensile test rigs are a very useful complement to neutron strain
scanners to study the behavior of the material as a function of the applied stress. For instance,
the strain scanner at the LLB, Saclay, has been installed with a device having the capacity
to apply tensile loads up to 20 kN [19]. The load may be applied cyclically with a frequency
up to v = 6 Hz. Other facilities such as ISIS (UK) and LANSCE (US) have devices with
capacities of 50 kN and 100 kN respectively. The relatively large dimensions of a neutron
diffractometer make it rather easy to develop loading devices for other loading conditions as
well. For instance, devices for applying a torsional stress have been described in Refs. [31, 32].

8.5.5 Controlling the temperature

Technical components are often used at elevated temperatures, so that it is of great interest
to study the residual strains or load strains at elevated temperatures as well. An elegant way
of achieving temperatures up to 1700°C during a strain measurement has been reported by
Reimers [33]: the sample is heated with the help of quartz-halogen lamps with a maximum
power of 2000 W, whereby the light is transferred by specially designed mirrors to the sample
located at focus. A similar furnace is available at the ILL, Grenoble [23].

8.6 Computer control and data processing

An efficient use of the beam time in neutron stress measurements requires computer control of
all the major parameters, that is, rotation angles as well as sample position, possibly also the
load applied to the sample. For dedicated instruments this goal is now largely achieved. Data
acquisition and data analysis is relatively simple for diffractometers using single detectors.
With the advent of PSDs, this task is far from being trivial, and hardware and software
development is being pursued for each of the systems actually employed (see, e.g., Ref. [20]).
The aim is not to burden the user with corrections for non-uniform detector efficiency and
nonlinearities of the position response. Further, the system should allow the user to select
a particular angular range and to scan the integrated intensity over this range versus the
sample position, as it is often quite time-consuming to line up the sample with respect to the
location of the gauge volume.

Finally, speeding up strain measurements by using optimized monochromators and opti-
mized PSDs generates lots of data within a short time, and so it is highly desirable to automate
peak fitting not only for the most basic case of a single peak sitting on a flat background, but
for other cases as well. From the rapid progress in commercially available software it can be
expected that this goal will be universally achieved in the near future.

8.7 Concluding remarks

In this chapter, I have tried to summarize present-day knowledge about the optimum design of
aneutron diffractometer for strain measurements. Although a shortage of resources — in terms
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of manpower as well as in terms of funds — has often slowed down instrumental developments
considerably, substantial progress in instrument performance has been achieved at many
places during the last decade: existing facilities have been upgraded with impressive gain
factors, or dedicated instruments are being built from scratch. This means that the potential
of neutron diffraction for stress analysis is now much better exploited than in the early days,
when instruments had to be used which were designed for a completely different purpose.
This should give the technique a strong boost in the near future.
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9 Neutron pulsed source instrumentation

M. W. Johnson and M. R. Daymond

9.1 Introduction

Pulsed source diffractometers differ from their continuous flux counterparts in one simple
respect: the time-of-flight of each neutron is measured, and used to determine its wavelength.
Using this method a single, stationary detector placed at a scattering angle of 26 is able to
record an entire spectrum / (A) and determine the peaks in the scattering intensity when the
Bragg condition A = 2d sin 6 is met. In practice, more than one detector is used to increase
the count rate of the instrument, and the individual spectra added together to provide an
effective spectrum of 7(1/2sinf).

Pulsed source instruments designed to measure strains in materials, like their continu-
ous flux counterparts, achieve this by measuring the normal distance d(hkl) between the
{hkl} lattice planes within a small volume of the sample — the gauge volume. The strain
at this point is then calculated by comparing this measurement with the corresponding
d(hkl) within an un-strained part of the material (dy(hkl)). An engineering instrument
on a pulsed source is therefore a specialised neutron diffractometer with three important
attributes:

e anability to measure the atomic lattice spacings to a high precision for multiple diffraction
peaks,

e an ability to make such measurements on a small ‘gauge volume’ within the component
under study, and

e an ability to position the gauge volume accurately with the component.

The neutron is a very penetrating probe, and using such a specialised diffractometer it is
possible to measure the strain, and hence stress, distribution along a line, within a plane, or
within the volume of the component under study. Moreover, by rotating the sample the strain
may be measured along any particular direction, thus enabling the vector strain field to be
mapped out in three-dimensions.

In the remainder of this chapter, we first consider the nature of time-of-flight diffraction
instruments and their characteristics. We then look at a specific example of a neutron strain
scanning instrument, in this case the ENGIN instrument at the ISIS facility. Since two of
the key aspects of an engineering instrument are the definition of the gauge volume and
the measurement of the lattice parameter, these topics are given separate sections, together
with a discussion of instrument alignment. Finally a description is given of how a time-of-
flight instrument design may be optimised to deliver the best performance for a given source
characteristic.
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9.2 Time-of-flight powder diffractometers

Time-of-flight powder diffractometers are generally sited on accelerator-based spallation
sources such as the ISIS facility at the Rutherford Appleton Laboratory (Oxfordshire, UK),
Figure 9.1, though there is a pulsed reactor source, the JINR at Dubna in Russia. It is also
possible to carry out time-of-flight measurements at continuous flux reactors making use of
choppers, as at the GKSS source at Geesthacht in Germany.

At the ISIS facility, currently the brightest of its type in the world, a 50 Hz synchrotron
accelerates protons to 800 MeV and delivers them to a tantalum target where, through the
spallation [1] process, approximately 15 neutrons (from 1 to 800 MeV in energy) are produced
for each incident proton. To be of use in neutron scattering experiments, these high energy
neutrons must be moderated to energies in the range 1-1000 meV, and this is accomplished
by small (~100 x 100 x 50 mm) hydrogenous moderators (CH4, H,O or H») placed near
to the tantalum target and illuminating the entrance to the 20 beam-lines surrounding the
neutron source.

The essential components of a diffractometer on a pulsed neutron source are shown dia-
gramatically in Figure 9.2. Neutrons originate from the moderator (M) in short pulses (of
between 5 and 50 ps) and travel to the sample (S) where they may scatter into a detector (D)
situated at an angle of 26 to the straight-through beam. The neutrons originating from the
moderator have a wide energy range from a few meV up to many eV, which corresponds
to wavelengths in the range 0.1-10 A. The precise shape of the intensity versus energy (or
wavelength) distribution depends on the moderator used, and the source characteristics. For
the three ISIS moderators (CHy4 at 90 K, H>O at 300 K and H; at 20 K) the distributions are
shown in Figure 9.3. The number of neutrons at different wavelengths which reach the sample
will be affected by both the moderator and the characteristics of the neutron optics between
moderator and sample (Figure 9.4).

The moderated neutrons in the range 1-1000 meV have velocities comparable to the speed
of sound in air, and hence the neutrons take milliseconds to travel from the moderator to the
detector, a distance usually between 10 and 100 m.

A polycrystalline sample, such as most engineering components, will diffract only those
neutrons that satisfy Bragg’s law;

A = 2dpi sin 0 (D
and since the wavelength A of a neutron is related to its velocity by the expression:
A =h/myv

A [A] ~ 3956/v [m/s] (2)

where £ is Planck’s constant and m,, the mass of the neutron. The time-of-flight (¢) of those
neutrons which are diffracted is given by:

t [s] & 505.5dy [A] L [m] sin @ 3)

Thus if the detected neutron count is plotted as a function of time (Figure 9.5) it will exhibit
a series of peaks corresponding to the different djy; lattice planes in the material. The shape
of the peaks in this diffraction pattern, and hence the resolution of the diffractometer, are
determined by the time distribution of the neutrons leaving the moderator (Figure 9.6) and
any variation in the path lengths taken by the neutrons reaching the detector. This latter
contribution is known as the ‘geometrical’ contribution to the resolution function.
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Figure 9.2 The basic components of a time-of-flight diffractometer.
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Figure 9.3 Calculations of the intensity distribution against neutron energy for different ISIS

moderators [1]. The H, moderator is optimised for intensity and has a lower resolution
than the methane moderator. ‘A’, ‘AP’ and ‘D’ represent various options for an ambient
water moderator. The ENGIN instrument at ISIS views the methane moderator.

By measuring the time-of-flight (¢) from the moderator to the detector, and knowing the
diffraction angle (20) and path length L the lattice spacing dyy; for the particular set of {hk!}
lattice planes within the sample may be determined. In time-of-flight instruments, a wide
wavelength range (0.5-5 A) is generally used so that a large number of diffraction peaks are
recorded simultaneously (see Figure 9.5). The information from all these diffraction peaks
may be analysed separately as in continuous flux sources, or used to establish an average unit
cell parameters a, b, and ¢ using the Rietveld refinement technique [2] (see below).

Having determined a it is then, in principle, straightforward to calculate the strain (¢) at
that point in the sample from the relationship:

e =(a—ap)/ag 4)
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Figure 9.4 The flux distribution as a function of wavelength measured at the end of the guide on
the HRPD diffractometer at ISIS (100 m flight path, nickel guide, methane moderator).
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Figure 9.5 A diffraction spectrum collected from a steel sample at a pulsed neutron source.
A Rietveld calculation fit to the experimental data is also shown.

where ag is the reference lattice parameter. Typically this reference lattice parameter would
be for an unstressed material. It should be noted that the strain (&) thus measured is actually
a vector quantity and is measured along the direction q defined by the expression:

a=k —k 5)
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Figure 9.6 The time distribution of 6 A neutrons emerging from the H, moderator, as measured
on the VESTA instrument at ISIS using a monochromator crystal. The distribution has
been fitted to the Ikeda—Carpenter function (see Section 9.5.2.1).

The directions of k; and k; being along the incident and scattered directions of the neutron
path, with their magnitudes being defined by k = 27 /.

9.2.1 Contributions to resolution

One of the most important characteristics of a pulsed source moderator is the time distribution
of the neutron pulse, that is, the spectrum of neutron wavelengths produced by the interaction
of the fast incident neutrons with the moderating material. This plays a key role in determining
the resolution of the instrument. The time distribution is typically modelled as a truncated
exponential broadened by Gaussian and Lorentzian components; its shape is influenced by
the shape of the moderator, the moderating material and its temperature, its ‘coupling’ to its
environment, and whether it is ‘poisoned’. Poisoned moderators contain a thin membrane of
neutron absorbing material which has the effects of reducing the effective size of the moderator
for neutrons in the thermal energy range. The shape of the distribution for A = 6 A from the
hydrogen moderator at ISIS is given in Figure 9.6.

The shape of this pulse from the moderator controls one fundamental contribution to the
resolution with which a measurement can be made. A second contribution comes from the
so called ‘geometrical resolution’ term.

Since the illuminated sample volume is small compared to the moderator, the variation in
path lengths for neutrons travelling from moderator to sample to detector are largely due to the
variation in angle. That is, the angular contribution to resolution is defined by the moderator
size as viewed from the sample, or in the case of a guide, the size of the guide aperture as
viewed from the sample. It thus defines the uncertainty in angle of incidence of the neutron
on the sample. There is a second angular contribution to the resolution function, which is the
size of the detection element as viewed from the sample, however this is typically matched
in size to the moderator contribution to the resolution.
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The intrinsic resolution of the instrument will be a combination of these factors, the
moderator to sample distance, the guide properties and the size of the detector elements
(or pixellation). These points are discussed in more depth in Ref. [3].

9.3 Instrument description

9.3.1 Overview

In order to understand the functioning of a time-of-flight instrument for measuring strain, we
will describe the ENGIN instrument here in some detail.

In designing an instrument to meet the three objectives listed in Section 9.1, a number of
principal design parameters must be decided upon. In some cases (e.g. count rate and gauge
volume) a technical compromise must be decided upon, in other cases the main constraint is
cost. The principal design parameters of ENGIN were chosen such that:

strain within samples could be measured to 50 x 10_6(:l:50us);
gauge volumes within samples could be resolved down to ~2 mm cube;
samples could be scanned =13 cm(x, y, z);

samples could be positioned to < £0.1 mm;

samples up to 250 kg could be handled;

samples’ temperatures could be controlled up to 1400 K;

samples’ loads could be controlled up to 50 kN.

The ENGIN instrument is situated on the S9 beam-line at the ISIS pulsed neutron source,
situated at the Rutherford Appleton Laboratory, UK (Figure 9.1). The ENGIN instrument
consists of six major components. A collimated incident pulsed neutron beam, a large xyzw
positioner (to position the gauge volume within the sample), secondary flight-path radial colli-
mators (which define the gauge volume), and neutron detectors. In addition two telescopes and
alaser/CCTYV system have been installed to enable the sample to be accurately aligned, and its
motion monitored. These components are illustrated in Figures 9.7-9.9. Ancillary equipment
for altering the environment of small samples, include a horizontally mounted, custom-built
50 kN Instron hydraulic loading rig, which comes with high temperature capability using a
radiant furnace.

The most innovative aspect of the instrument’s design was the first use of two large radial
collimators to define the gauge volume within the sample. The collimators each have 40
vanes made from gadolinium oxide coated Mylar, which constrain the detectors to receive
neutrons from a small volume (just under 2 mm in size, along the beam direction). For very
large samples, one of the collimators can be rotated in the diffraction plane through 90° away
from the sample, to give a larger sample space than the normal 300 mm region between the
collimators.

The detectors have three horizontal rows, each of 45 elements, giving 135 elements per
bank. Thus there are a total of 270 detectors altogether. The spatial dimension of elements in
the diffraction plane is 5 mm, which with a sample to detector distance of 750 mm matches
the instrumental resolution AA/A = 0.7%.

In addition, a small class 2 semiconductor laser is suspended above the centre of rotation
of the positioner, which is the main fixed reference point, and a TV camera looks down at
this point, its output being visible on two monitors, one in the blockhouse and one in the
control cabin.



Figure 9.7 Schematic view of the ENGIN instrument.
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Figure 9.9 Schematic of the components of the ENGIN instrument. (a) Two sets of decked steelwork
act as supports for the collimators, and provide a working platform for sample changing. (b)
Two collimator mounts, with alignment blocks and the facility to rotate collimator through
90° and lock collimator in position. (¢) Two radial collimators each with 40 gadolinium
oxide coated Mylar foils, giving 41 line of sight paths for neutrons. Input area 46 mm wide
by 60 mm high. Detector face area 230 mm by 300 mm, shielded by boron carbide castings.
(d) A four-axis positioning device comprising an x—y table mounted on a rotating stand-
off, the complete assembly movable in the z direction by a geared drive. The x—y table
has 125 mm of movement about the centre point in each direction. The z drive has a total
of 250 mm movement. The off-axis load carrying capacity is 250kg. (e) Detectors. Each
system consists of 135 detectors arranged in three rows of 45 detectors stacked above each
other. (f) An incoming beam slit definition system consisting of a motorised translation stage
carrying a frame supporting a pair of fixed slits forming a square or rectangular aperture.
(g) Alignment telescopes. There is also a closed circuit TV system with two monitors, one
in the control cabin and one in the blockhouse. A class 1 laser is installed shining vertically
down onto the centre of rotation, thus providing a rough marking of the position of the
gauge volume.

9.3.2 Incident collimation

Along the path of the beam from the moderator to the sample, sets of coarsely aligned
B4C apertures limit the neutrons reaching the sample area, minimising background without
obscuring the view of the moderator from the sample. The final incident neutron beam colli-
mation, which defines the gauge volume, is provided by a pair of orthogonal, interchangeable
slits made from sintered boron carbide. A range of such slits (0.5, 1, 2, 3, 4, 5, 10 and 25 mm
wide, each 30 mm long) has been made, allowing a wide range of square and rectangular
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beams to be provided. The whole assembly is cantilevered from a motorised, linear translation
stage, so that it can be brought close to the sample. Translation of the slits is performed by a
stepper motor system (so that no vibration will be transmitted to the slit assembly) and under
commands similar to those of the main xyzw positioner.

9.3.3 Positioner

The positioner has been designed to carry objects up to 250 kg and position them to within
0.01 mm in x and y, 0.001 mm in z and with an angular accuracy of 0.01° in w. It consists
of an x—y table with a number of mounting holes in it to enable samples to be firmly fixed
to it. The x and y axes can move 125 mm on either side of their normal datum point. The
x—y table is mounted on a vertical column which can move in the z direction over a total
range of 300 mm. The maximum height of the table top is 310 mm below the neutron beam.
The column sits on a direct drive motor which rotates the whole assembly in the w direction
through slightly less than 360°.

The system accepts movement input commands and displays output positions in milli-
metres or degrees, accurate to 0.01 mm or 0.01°. The motion of the positioner has also been
programmed using ‘s-curve profiling’ to reduce the acceleration forces felt by the sample.
Since it is possible to drive samples into the collimator, pressure sensitive pads have been
installed on the shielding of the collimator to stop the positioner if this occurs.

9.3.4 Detector collimation

In front of each detector is a radial collimator [5]. This consists of 40 vertical foils of GdO
coated mylar film arranged radially about a fixed focal point. The foils are opaque to thermal
neutrons, so that only neutrons which originate from near this focal point are detected. The
dimensions of the radial collimator are given in Figure 9.10. The foil thickness, including
paint, is ~100 pm.

9.3.5 Detectors

As can be seen in Figure 9.6, ENGIN has two banks of detectors, each centred on a Bragg
angle (260) of £90°, enabling the strain in the specimen to be measured simultaneously in two
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2 5.6 mm spacing at detector end
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EE 45 scintillators
< (3 banks => 135 in total)

Figure 9.10 A scale diagram (plan view) of various components of the right hand collimator and a
detector bank.
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perpendicular directions. Each detector bank consists of three detector modules containing
45 individual elements 5 mm wide and 100 mm high. The 45 elements consist of ‘V’-shaped
scintillators fibre-coupled through a >C,, code to 10 photo-multiplier (PM) tubes [2]. A simul-
taneous signal from any pair of PM tubes then uniquely specifies a neutron detection event
at one of the 45 detector elements. Then three modules are stacked vertically within each
detector bank to produce 45 detector elements, each 5 x 300 mm. The detector therefore
covers the angular range 81.4-98.6° in 26 on each side of the incident neutron beam. The
relative positions of the elements are determined using a standard powder sample, allowing
the combination of spectra from multiple detectors (see Section 9.5.1). The overall efficiency
of the detector modules is about 50% at 1 A.

The neutron detection signals from each element are recorded individually so that the
precise scattering angle (£0.19°) and time of flight (within 32 ns) is recorded for each detected
neutron.

9.4 The gauge volume

When measuring the strain within an engineering component, it is essential to know where the
measurement has been taken. For this reason the position of the gauge volume must be well
characterised. A detailed understanding of the shape of the gauge volume is also necessary
since changes in the shape of the gauge volume can affect the measured value of the strain.

The gauge volume of a pulsed instrument is defined by the intersection between the incom-
ing neutron beam and the space viewed by the radial collimators in front of the neutron
detectors. A common simplification is to consider the gauge volume to be described by a
cuboid with perfectly sharp edges. However, even for the simplest of collimation systems,
this is an oversimplification.

In order to discuss the characteristics of the gauge volume in detail, it is necessary to define
it more precisely. A new standard for neutron measurements of stress is being prepared
at the time of writing, and the definitions below follow the practice recommended in the
draft standard. However, earlier publications may use slightly different terminology. The
definitions are equally applicable to pulsed and continuous flux neutron sources.

We define the nominal gauge volume (NGV) to be that volume of space defined by the
intersection of the incident and diffracted beams, assuming that they follow perfect, parallel
transmitted paths through the defining apertures for both incident and diffracted neutrons
(Figure 9.11a). It is thus a top-hat (i.e. a two-dimensional step) function. The centroid of the
NGV is the geometric centre of this volume, and is coincident with the nominal measurement
position of the diffractometer.

The instrumental gauge volume (IGV) is the volume of space defined by the actual
neutron beam paths through the defining apertures, taking into account beam divergence
and the incident beam intensity profile (Figure 9.11b). The response function will not be
a simple top-hat. The IGV is defined by experiment or by simulation calculations, and
will typically be expressed in terms of the contour of a fraction of maximum intensity.
The dimensions can also be defined in terms of a full width at half maximum (FWHM).
The difference between instrumental and nominal gauges may be particularly evident for
small nominal gauge volumes. It should be noted that the IGV and NGV are properties of
the diffractometer itself. The centroid of the IGV is the intensity-weighted centre of this
volume.

Finally, the sampled gauge volume (SGV, sometimes sampling gauge volume, Figure 9.12)
is that part of the instrumental gauge volume from which measurements are obtained in an
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Figure 9.11 Plan views of the nominal and instrumental gauge, shown at 260 = 90° for simplicity.
Below and beside each plan view is an idealised schematic indicating a possible intensity
cross section. The centroid of the gauge is indicated by the ‘O’.

Slits < T

—>
Low absorption High absorption

Sampling gauge sample Sampling gauge sample

volume volume

Figure 9.12 The sampling gauge for low absorption and high absorption materials. The ‘O’ indicates
the centroid of the instrumental gauge volume, the ‘X’ the centroid of the sampling gauge
volume, which are displaced relative to each other.

actual experiment, over which the strain measurement is averaged. It is affected by

e partial filling of the instrumental gauge volume,
e attenuation of neutrons within the sample, and
e the wavelength distribution of neutrons across the incident beam.

If the IGV is filled by a non-absorbing material the SGV and IGV are equivalent. The
centroid of the SGV is the weighted centre of the gauge, taking the effects listed above into
account. That is, it is the single position which on average the gauge volume is centred at
during a given diffraction measurement.

The SGV and its centroid can be determined by simulation or calculation. It should be
noted that it may be necessary to make corrections to the obtained lattice parameter in order
to determine the ‘true strain’ in cases when the SGV and IGV are not coincident (see below).
Traditional methods of measurement of the instrumental gauge volume involve scanning a
small probe through the instrumental gauge volume, for example, a thin (0.25 mm) wire.
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The SGV of a collimator can also be more strictly defined by means of the spatial resolution
function (SRF) [5]. The SRF can be defined at a particular point r within the sample by the
expression:

SRE(r) = Pi(r) Ps(r) Py(r) ©)

where P;(r)3V is the probability that a neutron is incident on a small volume 3V surrounding
the point r, Ps(r)8V is the probability that the neutron will be scattered within 8V, and
P4(r)8V is the probability that, having been scattered it will be detected. Thus, equation (6)
shows how the SRF will vary according to the incident beam collimation, absorption, or
scattering within the sample, the absence of material within the geometrical gauge volume,
and the effect of the collimation on the diffracted beam. To illustrate the principles involved
a simplified model of a time-of-flight instrument is considered here, and the shape of the
‘IGU’ calculated in the horizontal plane that passes through the incident beam centre. We
will assume that the pulsed source moderator has a 100 x 100 mm (uniformly intense) face
that illuminates the instrument, and that this moderator is directly viewed without the use of
neutron guides to increase the neutron flux. A slit of width ‘s’ is placed at some distance from
the geometrical centre of the instrument. The extreme rays of this arrangement are shown in
Figure 9.13, and a representation of P;(r) in the vicinity of the instrument centre from this
geometry is shown in Figure 9.14.

The radial collimator is assumed to be of length 600 mm starting 150 mm from the instru-
ment centre, with an inter-vane spacing of 5.6 mm at the back of the collimator (i.e. 750 mm
from the instrument centre). A plan view of this collimator is shown schematically in
Figure 9.10, and the corresponding function Pq4(r), the predicted collimator response func-
tion in the vicinity of the instrument centre from this geometry, is shown in Figure 9.15. It
can be seen that it is approximately prismatic in shape with the axis of the prism normal to
the incident beam direction. This is a useful feature since it means that the x direction of the
sampling volume is determined effectively by the width of the incident beam slits (allowing
for dispersion) and is not significantly affected by the collimator. The cross-section of the
resolution function in the y direction (across the face of the collimator) is triangular at the
centre, becoming approximately Gaussian a few millimetres away from the focal point.

The actual measurement volume of the instrument (i.e. the IGV) is defined by the multi-
plication of these two probability density functions, and is shown in Figure 9.16. This can be
compared with an experimental determination of the function in Figure 9.17.

X

Figure 9.13 Ray diagram showing divergence associated with a slit mechanism.
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Figure 9.14 Calculation of P;(r), the probability density function for neutrons passing through
a 2mm slit. More than 200 mm from the slit (y direction), the function broadens
noticeably.

Figure 9.15 The collimator response function of ENGIN Pq4(r). The x direction (perpendicular
to beam path) has a range —2 to 2, the y direction has a range —4 to 4, that is, the
line of maximum probability lies perpendicular to that in Figure 9.14.

9.4.1 Corrections to lattice spacing measurements from partial filling of the gauge

It should be emphasised again that the sampling gauge volume is not an instrumental constant
but will vary according to the specimen being measured. For example, if the specimen is
a strong absorber of neutrons, the sampled gauge centroid will be biased towards those areas
of the gauge volume for which the total path length of neutrons in the specimen is shortest.
An extreme case is where the gauge volume is incompletely filled (as happens when making
near surface measurements). Here the diffraction contribution is of course zero everywhere
the specimen is absent. This variation of the sampling gauge volume with specimen position,
shape and material means that the region of the specimen represented by the measured lattice
spacing will also vary.

The consequence of this is that the measured lattice spacing may vary as a function of the
specimen geometry and material, independent of any residual stresses, if the gauge volume is
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Figure 9.16 Contour plot showing the probability distribution function for detection of neutrons, that
is, Pi(r) x Py(r).
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Figure 9.17 The measured collimator resolution function in the plane of the neutron beam, equivalent
to Figure 9.16. The result is shown as a contour map provided by scanning a 0.4 mm
diameter vertical nylon thread through the beam. The horizontal width of the distribution
is defined by the radial collimators, the vertical width of the distribution is defined by 2 mm
slits positioned 50 mm in front of the nominal measurement position. The background is
~1400 counts, the peak height ~5000 counts. The half-height dimensions of the measured
area are 2 mm (slits) and 1.4 mm (collimator).
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incompletely filled or filled with a strongly absorbing sample. These effects are collectively
referred to as geometrical pseudo-strains.

Fortunately, these effects are not large in the most common engineering materials, such as
steel and aluminium, except where the geometrical gauge volume is only partially filled.

The need to predict and account for this variation of measured lattice spacings means that
a detailed model of the behaviour of the detection and collimation system must be made
where these effects may be present.

Since the time-of-flight is given by:

T = thkll sin 6 (7)
and

dt  ad n d(l sin 9) 8)

T d [sin @

we may write:
apparent strain = lattice strain + pseudo-strain ®

where dyy; is the lattice spacing, / is the total neutron path length (moderator to detector), 6
is the Bragg diffraction angle and c is a constant (see equation (3)).

From the above equation we can see that the measured peak shift has two contributions:
the lattice strain, which we are aiming to measure; and the variation of / sin6. Were the
moderator, gauge volume and detectors to be point-like objects, then /sin6 would be a
constant. However, in reality the instrumental components, including the gauge volume,
have a finite size and the value of / sin 8 will have a distribution of values. The / sin 6 term in
the above equation therefore represents a weighted average of / sin & over the whole gauge
volume. The weighting function will be the detected intensity at each point in the gauge
volume, that is, the SRF.

We have already seen that changes of absorption coefficient or incompletely filled gauge
volumes affect the sampling gauge volume; they will therefore cause a change in the average
[ sin 6@ and therefore the time-of-flight of the detected neutrons. If this peak shift is not to
be mistaken for a change in the lattice parameter, we must be able to predict these geo-
metrical pseudo-strains and thus correct for them. It is possible to predict the geometrical
pseudo-strains due both to absorption coefficient and incompletely filled gauge volumes using
computer models of the scattering process.

9.5 Determining lattice spacings

The final output we require from a strain scanning measurement is a map of a lattice spacing
dpki, Or an average lattice spacing a, as a function of position within the component under
study.

The starting point for just one point on this map is the recorded data from one of the
ENGIN detector modules consisting of 135 spectra from each of the 135 individual detector
elements making up the module. The process of calculating the lattice spacing map from this
large amount of raw data therefore takes two steps:

(i) adding the individual spectra together to form a single diffraction pattern ( focusing),
(i1) calculating the lattice cell size from this diffraction pattern using a least-squares method.
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These steps may be accomplished with the crystallographic data analysis software available
at the ISIS facility, which has been modified to automate the processing of large numbers of
measurements.

9.5.1 Focusing

The purpose of the focusing routine is to add together the data from each of the individual
detectors, taking account of the difference in / sin 6 between them.

Before this can be done, the values of [ sin 6 for each detector element must be measured.
This is done by means of a calibration procedure which is performed from time to time on
the instrument. In this procedure a diffraction pattern of a known standard (such as silicon
or ceria) is taken with sufficient counts that the data from each detector element can be
used to measure the values of #,z;(= 505.5Ldpy; sin 6) for the {hkl} diffraction peaks of the
powder diffraction pattern, from which the average value of / sin 6 for that element can be
determined. In practice the individual #;4; are not determined, but a Rietveld refinement (see
Section 9.5.2) is made of the individual diffraction patterns to establish the average value of
[ sin O for that element.

Having established these / sin 6 values for each detector element, this quantity is used to
re-scale the diffraction pattern from each detector element onto a ‘d’ rather than ‘¢z’ scale.
With all patterns on a common scale, the individual patterns may be added together. By
carrying out this summation, implicitly the diffraction pattern obtained is an average over
arange of 20 values, in the case of ENGIN, 17.2°. That is, the strain obtained is not strictly
the one in a direction corresponding to & = 45°, but an average from 6 = 40.7° to 49.3°.
The effect however of this averaging on the strains obtained can be shown to be negligible,
provided the detector array is not too large [6].

9.5.2 Refinement of the lattice dimensions

Given a powder pattern such as that shown in Figure 9.5, there are essentially two broad
approaches that may be used to determine an average value for the unit cell size ¢ measured
in the direction q (defined by equation (5)): either to determine a from individual peaks, or
from the entire pattern. The first method has the advantage of simplicity, but has the major
drawback that it ignores the large quantity of information relating to a from the rest of the
powder pattern. However, by analysing multiple peaks using one lattice parameter we run
into complications if different lattice reflections behave differently, as will be discussed.

9.5.2.1 Refinement of single peak positions

An example of the time distribution for neutrons with a particular wavelength leaving the
moderator has been given in Figure 9.6. It will be seen that the shape is roughly Maxwellian,
being asymmetric with a sharp leading edge and an exponential tail. The precise form of the
shape arises from the moderation process that the neutrons undergo in the moderator. The
neutrons that enter the moderator from the spallation target have energies in the region of
1 MeV. The neutron cross-section of the hydrogenous materials used in moderators means
that these high-energy neutrons travel only a few millimetres between collisions, losing
approximately half of their energy at each collision. The pulse of fast neutrons that reach
the moderator may therefore be viewed as a dilute, cooling gas. The time at which neutrons
reach the surface of the moderator that faces the beamline therefore depends on the geometry
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of the moderator, together with density and cross section of the moderator material contained
within it.

A number of theoretical studies have been made of this process, with the conclusion
that a satisfactory description of the peak shape is given by a convolution of a Gaussian, a
Lorentzian and a complex switching exponential term representing the decaying contributions
from ‘fast’ and ‘slow’ neutrons [7]. This shape thus depends upon several parameters, some
of which change with wavelength, that is, across the time-of-flight spectrum.

The peak shape recorded from a powder sample will be closely related to that described
above, but not identical. This is because we have initially considered only the time distribution
of the neutrons leaving the surface of the moderator. The diffraction peak will be further
broadened by the differing path lengths that the neutrons have taken through the instrument,
and the distribution of d-spacings in the sample contributing to the particular peak. The latter
contributions may be Gaussian (e.g. from strain gradients) or Lorentzian (e.g. from particle
size effects). In practice the predominant contribution is usually Gaussian, and simply adds
to the Gaussian component present from the moderator.

Itis clearly vital that the parameters describing the instrumental contribution to peak shape
are known so that they may be separated from the effects of the measured samples. This is
achieved by calibration measurements on an ‘ideal powder’ such as silicon (Si) or ceria
(Ce0O,), and may be augmented by single crystal measurements.

Figure 9.18 shows a typical diffraction peak shape from a pulsed source; the asymmetry
of the peak is clear. It is sometimes asked ‘where is the real centre of these peaks?’, since the
mathematical description of the centre (marked by the arrow) is different from the maxima
in intensity. As well as least squares methods, it is possible to determine the centre of gravity
of a peak from its first moment, since broadening by even functions such as Gaussians or
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Figure 9.18 A diffraction peak from a measurement on a silicon powder at the ENGIN instrument. A
fit to the data shows the calculated position of the peak (marked by the arrow), and the
residual difference between fit and observed data (bottom line).
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Lorentzians does not affect this position. What is important is that a quantitative description
of the time distribution of the peak shape is given for L = 0 (i.e. the moderator surface) and
the time difference between this distribution and that arriving at the detector measured.

Measuring for shorter or longer periods obviously affects the resulting uncertainty on the
d value obtained. It is found that at short times the uncertainty on the value of d (o) approx-
imately follows an expected r~%-3 behaviour, but at longer times the uncertainty returned by
the least squares procedure appears to ‘saturate’, with increasing counting time not resulting
in an increased precision of measurement. This is due both to the presence of a background,
and also the accuracy of the peak shape description, which is sufficient to refine individual
peak positions to an accuracy of 20 parts in 10°, equivalent to around 1/5000 of the peak
width. For pulsed sources with appropriately chosen moderation, the sharp rising edge of the
diffraction peak aids accurate peak position determination.

9.5.2.2 Rietveld refinement of the entire powder pattern

While there are instances where the strain in a material may be determined from an individual
dpii, the availability of the entire diffraction pattern on a pulsed source instrument means
that strain is generally obtained from analysis of the entire pattern [8]. This reduces the
uncertainty in the determination of the lattice parameter for a given measurement time, since
more information (i.e. multiple diffraction peaks) is used in the fitting process.

The technique of obtaining the unit cell and crystallographic structural parameters by
performing a least-squares fitting procedure to the entire diffraction pattern was first published
by Rietveld [2]. This technique initially assumed the pattern to be derived from an untextured
powder sample of a single phase material. Thus the formal definition of the Rietveld process
is the minimisation of the function:

Sy =) _ wi(yi(obs) — yi(calc))” (10)

where y;(obs) is the observed (measured) intensity at data point i in the spectrum, w; =
1/yi(obs), and y; (calc) the intensity predicted from the assumed crystallographic structure.
The uncertainties on the fitted parameters are obtained from the co-variance matrix [9]. While
the original Rietveld method may be applied straightforwardly to powder samples, engineer-
ing samples often present particular difficulties. In these, the diffraction pattern may be
complicated by texture, the anisotropic effects of stresses or by multi-phase samples.

9.5.22.1 TEXTURE

The effect of texture is to change the relative intensities of the individual Bragg peaks recorded
in a diffraction pattern. To incorporate these effects, which are often present in engineering
samples, a modification of the Rietveld method, known as a Pawley refinement [10] can be
used for analysing full diffraction patterns. A Pawley refinement accommodates the variation
in peak intensities by allowing the intensity of individual reflections to vary freely, while the
peak positions are determined in the usual manner from the unit cell dimensions.

Since it is the unit cell parameters that are of prime interest in strain measurements, the
Pawley refinement is perfectly suited to this purpose. If information on the texture is required,
this may be qualitatively obtained by comparing the intensities of the recorded Bragg peaks
with those calculated for the ideal powder sample. However, it is also possible to make
a quantitative evaluation of the texture in the sample. Since each diffraction pattern provides
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information about the intensity of many diffraction peaks, for the case of higher symmetry
samples only a relatively small number of sample orientations may be required to allow
an approximate evaluation of texture, using the March—Dollase technique [11], or more
advanced techniques such as spherical harmonics [12] or WIMV [13].

9.5.2.2.2 MULTI-PHASE MATERIALS

Many interesting materials (both from a scientific and engineering viewpoint) consist of
more than one crystalline phase. This presents difficulties when analysing the diffraction
profiles since there will be a distinct set of Bragg peaks for each phase present. In such
situations it is not uncommon for peaks from different phases to overlap. It is also possible that
extra diffraction peaks will be present in the pattern recorded due to scattering from sample
environment equipment. There are three approaches to the profile refinement of multi-phase
diffraction spectra: ignore the presence of the second phase, eliminate the second phase peaks
from the refinement, or simultaneously refine all the phases. The latter is by far the preferred
option if the crystallographic structure of all phases is known. In cases where peak overlap
is not significant, or occurs only for a few peaks of the phase of interest, the difference in
strain obtained for the three approaches is generally negligible.

9.5.2.2.3 SIMULTANEOUS REFINEMENT OF ALL PHASES

Figure 9.19 shows the results of a multi-phase refinement on a ceramic layer composite,
consisting of alternate layers of Al,O3 and ZrO [4]. It can be seen that the fitted line is very
close to the experimental data, even in regions with significant overlapping of peaks. It should
be emphasised that the data from this ceramic composite is impossible to analyse using single
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phase profile fitting. Without multi-phase Rietveld software it would, in fact, also have been
difficult to satisfactorily analyse this data using single peak fitting methods.

The rationale behind carrying out fits on multiple diffraction peaks at a pulsed source is
that increasing the number of peaks in the refinement increases the accuracy of the measured
lattice parameter, simply because more data points are available in the fit. Empirically, on a
material such as steel, the count times required to obtain a given strain accuracy for a Pawley
or Rietveld fit are from 30% to 50% of the time which might be required to obtain the same
accuracy on a fit to one of the single peaks, dependent on the particular peak intensity. This
number is worsened when counting statistics are poor, in which case the peak shape may
be particularly poorly defined when only one peak is observed, and the Rietveld fit can
out-perform single peak observations by a factor of 6 (i.e. 15% of the time is required).

However, the use of this technique raises a complication, since the effect of stresses on
individual lattice peak spacings is not uniform. Differences in response of the variously
oriented diffraction planes within individual grains are caused firstly by the anisotropy of the
elastic stiffness of individual grains (elastic anisotropy), and secondly by the anisotropy of
the relaxation mechanisms on a granular level, as slip occurs preferentially on certain slip
systems (plastic anisotropy). That is, the elastic strain response of individual grains within
the polycrystal is dependent on their orientation and, since each diffraction peak is produced
by a different family of suitably oriented grains within the polycrystal, this is reflected in the
strains determined using individual diffraction peaks. In practice, the anisotropy strains are
small enough that they do not interfere with the use of the entire diffraction pattern in a Pawley
or Rietveld refinement, which typically assumes that no such anisotropy is present. Indeed
such a fit generally avoids the problems that may be encountered when individual single
peaks are used [8, 14]. Further, analysis of the different lattice strains caused by anisotropy
provides a tool to probe the effects of plasticity on materials, both at a microstructural [15],
and at a macroscopic [8] level. It is also possible to include the effects of elastic anisotropy
at least directly into the Rietveld refinement process [8].

9.6 Optimisation of time-of-flight engineering instruments

While ENGIN is an excellent instrument, developments in neutron optics and the theory of
instrumentation mean that a fully optimised instrument could now be built with an order of
magnitude increase in performance. This is achieved by:

(i) the use of a figure of merit (FOM) in the design process itself, and
(ii) the use of an optimally configured super-mirror guide and detector arrays to maximise
the FOM.

Such an instrument has been designed (ENGIN-X), and at the time of writing is being
commissioned at the ISIS facility, Rutherford Appleton Laboratory.

9.6.1 FOM for a single peak

Neutron diffractometers are generally built as ‘all-purpose’ instruments, and their designs are
compromises which balance the competing requirements to measure the intensities, positions
and widths of diffraction peaks simultaneously. In the case of an optimally designed engi-
neering strain scanner such compromises are not necessary, since the overriding requirement
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of the instrument is the accurate measurement of a lattice parameter at a known location
within the material under study.

To enable different instruments to be compared it is reasonable to define an FOM such
that an increase of a factor of two in the source illuminating an instrument results in a factor
of two increase in the FOM. It is also necessary to take into account the uncertainty of the
result obtained. Hence the most useful high-level definition of a FOM for a strain measuring
instrument will be ‘the inverse of the time taken to measure a d-spacing to a given uncertainty’.

d-Spacings are obtained from the observed diffraction patterns by a ‘least-squares’ fitting
procedure, and it has been shown by Sivia [16] that in the situation of an isolated Gaussian
peak, the time (¢) taken to measure (with an accuracy of o) the position of a peak is:

r x w?/Io? (11)

where w is the width of the peak, and I the intensity recorded in unit time. Hence the
FOM required for an instrument concerned solely with measuring peak position may be
simplified to:

FOM = o2 /w? (12)

if the peaks were Gaussian in shape and well separated.

A similar, analytic, result for the FOM required when an arbitrary peak shape is fitted by
least squares has now been derived [17], and so equation (12) may be used quite generally,
to establish the performance of an instrument designed to measure a lattice parameter.

The veracity of this result has also been demonstrated empirically [18]. This has been done
by deriving the position of a large number of experimentally measured peaks by least-squares
fitting. These were measured at different facilities (reactor and pulsed neutron sources, and
an X-ray synchrotron source) on different materials.

Ift = k(wz/loz) (i.e. equation (11)), thenIn(o/w) = k' —(1/2) In(It). Thus, plotting the
uncertainty in position over the width against the integrated counts in the peak, as shown in
Figure 9.20, it will be seen from the form of this figure that equation (11) is at least reasonably
well confirmed (the slope is in fact —0.46, not —0.5).

From this, it is clear that the FOM (equation (12)) must be maximised in the design of
an optimised strain scanning instrument, and that the ratio of the FOM to other instruments
quantifies its increased speed of measurement.

9.6.2 Maximising the flux of neutrons — solid angle

One way in which the FOM may be maximised is by utilising the fact that the primary
measuring position in a strain scanning instrument is at a scattering angle of 90°. At this
scattering angle the widths (w) of the peaks in the diffraction pattern (and hence FOM)
are insensitive to changes in the vertical angle of incidence of the incident beam [19].
Thus, while Liouville’s theorem dictates that we cannot increase the flux of neutrons per
unit solid angle incident on the sample (over that emanating from the moderator), we
can increase the fotal flux of neutrons usefully incident on the sample by increasing the
vertical divergence of the beam incident on the sample. In an optimised strain scanning
instrument the vertical divergence of the neutron beam would therefore be increased to the
maximum that can be achieved by the use of super-mirror guides above and below the
incident beam.
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Figure 9.20 In(It) versus In(o/w) for a series of diffraction strain measurements [18]. (See Colour
Plate IV.)

However, the length of the primary flight path, and the angular divergence of the neutron
beam in the horizontal plane play dominant roles in defining the widths of the diffraction peaks
(w). A detailed optimisation of strain scanning instrument design [17] has shown that the
FOM is maximised when the primary flight path of the instrument is approximately 50 m, and
the horizontal angular divergence set to 100/50 000. In this case the appropriate divergence
has been achieved by foreshortening the side walls of the neutron guide at a distance of 38 m.
The combined effects of these design features have produced FOM increases over the existing
ENGIN instrument of an order of magnitude.

It should finally be noted that it is possible to define FOMs for the determination of position,
width and amplitude of a peak even in the presence of a significant background [17].
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10 Use of synchrotron X-ray radiation for
stress measurement

P. J. Withers

10.1 Introduction

Conventional X-ray and neutron diffraction techniques are well established and can provide
the engineer, as well as the materials scientist, with valuable information about the state
of residual stress in new materials and in engineering components. Both have their limi-
tations; X-rays sample only a very shallow (a few microns) surface layer, while neutron
strain measurements are characterised by relatively low intensities giving rise to slow rates of
data acquisition and a spatial resolution of around 1 mm. Modern X-ray synchrotron sources
on the other hand can provide very intense narrow beams of highly collimated and highly
penetrating energetic X-ray photons (Figure 10.1). The low level of angular divergence and
narrow energy bandwidth leads to peak widths that are symmetric and inherently very narrow
(~0.01° full-width half-maximum compared with a degree or so for neutrons), and wave-
lengths can be selected down to less than 0.1 A. As discussed in Chapter 2, attenuation falls off
sharply with a shortening of wavelength such that at X-ray energies between 40 and 80 keV
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Figure 10.1 Historical overview of X-ray brightness (from www.esrf.fr).
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Table 10.1 Table of attenuation lengths (mm) to 66% attenuation for
neutrons, and synchrotron and laboratory X-rays

Attenuation lengths (mm) Al Ti Fe Ni Cu
Thermal neutrons 100 17 8 5 11
ID15 (ESRF) 150 keV 27 13 6.5 5 5
ID11 (ESRF) 60 keV 11.5 2.9 1.0 0.7 0.7
BM16 (ESRF)/16.3(SRS) 40keV 6.5 1.0 036 025 023
Cu radiation 0.07 0.01 0.004 0.02 0.02

(~0.4-0.15 A) X-ray path lengths in aluminium of many centimetres are possible and signi-
ficant distances in relatively heavy elements are also practicable (~5 mm in Ni) (Table 10.1).
Furthermore, beams as small as 1 um can be used to form a high spatial resolution probe [1].

At the present time, very few studies have been undertaken using synchrotron radiation, so
that the engineering potential of the technique still remains largely untapped. It is anticipated
that the development of synchrotron strain scanning will fill the important near-surface gap
between what is possible with neutrons and what is accessible with traditional X-ray tech-
niques. The aim of this chapter is to introduce the basic techniques that have been used to
date and to review a number of exemplar experiments that illustrate some of the opportunities
that synchrotron X-ray diffraction will open up as the technique matures.

10.2 The basic method

Like all the diffraction-based methods discussed in this book, synchrotron techniques exploit
Bragg’s equation. Unlike conventional X-ray diffraction, the wavelength can be selected
over a very wide range. The relationship between X-ray energy (E) and wavelength (1) is
E = hc/X where h is Planck’s constant and ¢ the speed of light. This gives

A (in A) ~ 12.4/E (in keV).

At the very high energy end (typically >80keV), wavelengths as short as 0.15 A can be used
giving rise to excellent penetration, but very low scattering angles (6 ~ 2°), while at lower
energies (typically around 35 keV) scattering angles more reminiscent of conventional X-ray
diffraction are employed, but with very much increased intensity.

As with any new technique, the best methods will take time to be fully defined and opti-
mised. To date, at least three more or less different methods have been tried successfully
namely (Figure 10.2) (i) 6/26 scanning in either the reflection or transmission geometry,
with or without an analyser crystal; (ii) using high-energy monochromatic photons in trans-
mission with a two-dimensional (2D) detector; and (iii) white beam methods using an energy
sensitive detector. In reality, the distinctions between these are somewhat arbitrary and vari-
ous aspects of the methods, as described below, can be blended to form hybrids. In all cases,
just as for neutron strain scanning, the gauge volume is defined by apertures and any spatial
variation in strain mapped by translating the sample across the beam.

10.3 Traditional /260 scanning

Of the three methods, this is the closest to that of the conventional monochromatic X-ray
and neutron diffraction methods. A small sampling volume is defined by apertures placed
on the incident and the diffracted beams (Figure 10.3). Because the diffracting angles are
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usually considerably lower than for X-ray or neutron diffraction, the gauge volume is typi-
cally diamond shaped, being much longer than normal to the scattering vector Q (the strain
measurement direction) than parallel to it. The length of the gauge normal to the scattering
vector is given by:

Iy = (li/2sin 0 +13/2sin0) ~ (l; +13) /260  (at small angles) @))

where 6 is in radians, /; is the incident aperture width and /4 the width of the diffracted beam
aperture (Figure 10.3). Taking the Al(111) peak as an example (plane spacing d(111) = 2.34 A)
using an incident energy of 15keV gives a Bragg angle (¢) ~ 10° and I, is about three
times the sum of the two slit widths, while for an incident energy of 80keV (6 ~ 2°) I,
is about 14 times the sum of the aperture widths. This means that for apertures of 50 um
the gauge is around 300 wm long at 260 = 20°, but 1400 pm at 4°. Of course the distinction
between moderate and high energy is somewhat arbitrary, but the important point is that large
diffracting angles do allow for better spatial resolution along the incident beam. From the
viewpoint of penetration, reflections should be chosen to give large diffraction angles since
these give better penetration in reflection (at a given energy) due to the shorter path lengths
compared to glancing angle paths.

The introduction of strain independent shifts in the angle at which the peak centre is
recorded when the gauge is only partially filled has been well documented for neutron dif-
fraction (Chapter 14). These effects are also observed for synchrotron diffraction. Recent
work has shown that the placement of a crystal analyser before the detector in a conventional
triple axis arrangement is beneficial (Figure 10.4). It increases the angular discrimination of
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Figure 10.4 Shifts in the d spacing recorded for an Al powder as it is scanned in transmission and
reflection on 16.3(SRS) without an analyser and in transmission at BM16 (ESRF)
with an analyser. The surfaces of the powder are indicated by the dashed lines and the
gauge shape/orientation for transmission and reflection is also indicated. The shifts
are of geometric origin and occur up until the point at which the gauge is totally filled.
The magnitude of the surface effect is markedly reduced by incorporating an analyser
crystal on the diffracted beam (carried out in collaboration with Webster P. J., Owen
R. A., Browne P. A. and D. Hughes).

the detector to the diffracted beam and therefore markedly decreases the extent of the anom-
alous peak shifts when the gauge volume passes through a surface. Though these shifts can
be corrected for if the diffracting geometry and gauge position are known [2, 3], it is clearly
preferable to undertake surface measurements using an analyser. As illustrated in Figure 10.4,
the surface effect is essentially anti-symmetrical upon entry and exit of the gauge volume
from the sample. As aresult, in cases where it is not appropriate to use an analyser the surface
effect can be removed by taking the mean of the entry and exit curves for symmetrical stress
fields (Figure 10.5). More generally, surface effects can be accounted for by rotating the
sample by 180° so that the entry side becomes the exit and vice versa and taking the mean
of the two scans.

Unlike the traditional laboratory X-ray method, increased penetration means that the tech-
nique can be used in either reflection or transmission geometry. In fact because of the relatively
small scattering angles, much greater depths can normally be probed in transmission than
reflection. This is because for reflection at grazing angles the path length becomes large
(= 2 x depth/sin 8) even at small depths. The surface effect is less pronounced for reflection
measurements, because the entry of the gauge volume occurs over a much shorter distance
in reflection than in transmission (for which the gauge is elongated normal to the surface)
(Figure 10.4).

The following examples have been chosen to illustrate four important aspects of syn-
chrotron strain scanning; the importance of accurate sample location, the high spatial
resolution achievable, the ability to map large areas quickly and efficiently and the
intergranular/macrostress effects evident at small gauge volumes.
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Figure 10.5 When a symmetric strain field is expected for transmission measurements made from
edge to edge, the surface effect can be removed by taking the mean of the entry and
exit curves, as carried out here for the data in Figure 10.4. More generally, the mean
of two scans can be used, where the entry and exit surfaces have been switched over.

10.3.1 Peened plate

Near-surface stresses can be very important for the prolongation or shortening of component
life. One way to prolong life is to put the surface into compression by peening. Steep in-plane
strain profiles have been measured by the 6 /20 method for a heavily shot-peened hiduminium
Al alloy [4]. The alloy is used extensively in the aerospace industry and, by altering shot-
peening parameters, material, size, speed and duration, the magnitude and depth of the
peening effect can be varied. Measurements were made using 35 keV (0.35 A) X-rays. The
incident beam cross-section was 0.1 x 5mm, with 0.1 mm slits in front of the detector,
to define the small ‘gauge volume’ that is used to scan the sample. The measurements in
Figure 10.6 show excellent near-surface capability compared with neutrons and tremendous
depth penetration compared with conventional X-rays. Data collection rates were reported
to be between 10 and 100 times faster than for neutrons with up to five times the spatial
resolution. Note that the data in Figure 10.6(a) have been inferred from strain measurements
made normal to the peened surface on the basis that the out-of-plane stress is zero. Near to
the surface an up-turn is clearly resolved; this is indicative that the surface has been over-
peened [5]. Because the synchrotron beam has such a narrow inherent peak width it is an
ideal tool for the study of changes in peak shape and width. Peak widths provide a measure
of microstrain and plastic deformation and give an indication of the characteristically low
level of instrumental broadening. Figure 10.6(c) shows the peak width variation, from 0.06°
near the surface to 0.02° internally, for the Al samples as a function of depth from the peened
surface. These results provide supporting quantitative evidence that the more intense the
peening intensity the greater is the depth of the plastically deformed layer.

In cases such as this where there are very steep gradients of strain (equivalent to
2000 MPa/mm), an uncertainty in the position of the surface of only 250 um can lead to
errors of £500 MPa even with an analyser in place to minimise surface strain shifts. Conse-
quently, precise location of the surface is essential. One means of achieving this is to undertake
the near-surface strain measurements in reflection in the normal manner but then to back-
calculate the sample location by fitting the peak intensity to that anticipated theoretically.
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Figure 10.6 (a): The residual stress distribution for four Al sheets shot peened to different Almen
intensities with metal and glass shot. (b) The decrease in peak intensity with depth of
penetration. (c) The changes in peak width. In (a) the error bars are smaller for the peened
region than in the parent, because the finer crystal mosaic size gives better grain sampling
statistics [4].

Because of the sharp increase in attenuation as the gauge penetrates deeper below the surface
(Figure 10.6b), it is possible to locate the surface to within 10 wm [6].

10.3.2 TIG welding

Until recently, aerospace aluminium alloys have been regarded as unweldable. TIG welding
is currently being re-examined as a means of welding these materials. While the weldability
issues are being resolved by microstructural control of the weld zone [7], large residual
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Figure 10.7 Linescans lateral to an autogeneous bead-on-plate TIG weld on a 3.2 mm Al alloy plate
at a position of 50 mm from the start of the weld made using 100 pm slits (i.e. giving an
approximately 100 x 1000 pwm diamond shaped gauge). Neutron (using a square cross-
section 1 x 1 x 20 mm gauge volume) and finite element predictions are also shown for
comparison.

stresses and weld distortion remain significant obstacles to the practical adoption of the
technique. Test TIG welds in 3.2 mm thick Al plate have been examined at both high and
intermediate resolution by synchrotron X-ray diffraction. The strain field caused by the TIG
weld has been examined at high spatial resolution using 100 wm x 5 mm apertures on BM16
at the ESREF [8]. In order to ensure that the results were not affected by stress-free variations
in lattice spacing caused by the thermal treatment of the alloy in the heat affected zone
of the weld, a series of stress-free matchstick samples were cut from an identical weld.
These provided a stress-free reference as a function of lateral position (y). The synchrotron
measurements in Figure 10.7 show a point to point scatter which is much larger than the
statistical error quoted by the fitting routine and which is larger than that recorded by neutron
diffraction. These variations are due to the smaller gauge volume used for the synchrotron
measurements. This results in a statistical sampling of a relatively small number of grains
within the sample. When three linescans are taken 100 pum apart and the results averaged then
a smoother variation is achieved in line with the neutron measurements and the finite element
predictions (Figure 10.8a); that this scatter does not arise from a peak-fitting error is illustrated
by the similarity of three repeat linescans measured at the same locations (Figure 10.8b),
which except in the weld itself (where the grains are much bigger) shows agreement to
within the error bars. This illustrates an important issue when taking strain measurements
using such a high resolution probe; one needs to select a gauge volume according to whether
one wishes to sample the grain to grain variations in stress, or one wishes to acquire a
statistically representative average of an ensemble.

Since synchrotron strain measurements can be acquired in seconds, the technique is very
well suited to the production of area maps. This makes it an ideal tool for the validation of
finite element model predictions. This is exemplified by the area map in Figure 10.9 of the
elastic strain field around a TIG weld [9] alongside which is a corresponding finite element
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Figure 10.8 (a) Three linescans (L, 0, x) made 100 wm apart using 100 pm slits in the vicinity
of the linescan shown in Figure 10.7 along with the average (solid line). (b) Three
repeat linescans made at the position of one of the scans in (a) [8].

model strain map. In Figure 10.10, the capability to produce detailed strain maps is illustrated
for the end point of the TIG weld.

10.4 The transmission method using a two-dimensional detector

In many ways, strain scanning at high energies using a 2D detector has much in common
with diffraction in a transmission electron microscope (low scattering angles, transmission
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Figure 10.9 Direct comparison of finite element predictions (bottom) and synchrotron strain scanning
measurements (top) made on BM16 at the ESRF for the longitudinal strains in an 8 mm
TIG weld in 3.2 mm thick butt-welded plate (courtesy of BAe systems) [9]. The locations
of the (600) measurement (1 x 1 mm area) are marked by black spots.

geometry, etc). As a natural consequence of the high energies and the low scattering angles, a
transmission geometry is employed (Figure 10.2b). Data collection rates can be accelerated
by using CCD detectors to collect large 2D diffraction patterns (Figure 10.11). Because the
diffraction angles are small, the Q diffraction vector is almost perpendicular to the incident
beam, that is, the strain is sampled in the plane normal to the beam. This means that changes in
the horizontal and vertical diameters in the diffraction rings can be used to provide information
about the strains in the horizontal and vertical in-plane directions simultaneously. Through
the use of apertures on the incident beam it is possible to achieve very high lateral resolution
(~20 x 20 wm), but at present it is very difficult to restrict the gauge along the direction
of the beam. This is a problem not just in terms of spatial resolution, but also in terms of
strain resolution. Without any defining apertures on the diffracted beam, the peak position is
sensitive both to the diffracting angle and the distance from the CCD from which it originates.
This means that if the diffracting volume moves towards the CCD it is accompanied by a
stress-free decrease in the measured ring radius, while if the volume moves away from the
detector the ring radius increases. This effect gives rise to apparent strains if not accounted
for. This effect is clearly evident in the ring radii data measured for the elastic strain in a
distorted TIG welded plate (Figure 10.12a). It can be eliminated by relocating the sample
for each measurement in a linescan to ensure that the distance of the gauge volume to the
CCD detector is essentially constant, but for distorted plates this can take many minutes
while the strain measurement itself takes only a few seconds. One solution suggested by
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Figure 10.10 (a)Photograph showing location of high spatial resolution map (b) of strain around the end
of an autogeneous bead-on-plate TIG welding pass on 3.2 mm thick Al plate, compared
with finite element predictions (c) [8]. The measurements show the concentration of
residual strain around the end (at (0,145)) of an autogeneous 8 mm wide bead on plate
TIG weld.

R. A. Owen is to stick a copper sheet to the surface of the sheet and to use this as a reference.
The variation in the reference ring radius can then be used to adjust for any change in detector
to sample distance (Figure 10.12b). As the figure illustrates, greater accuracy is achieved at
large sample-detector distances, both because corrections for sample location are relatively
smaller and because the detector is more sensitive to angular shifts at large distances.

There are at least two methods [11] of obtaining some information about the loca-
tion through-thickness of the diffracting event but retaining the acquisition of complete
diffraction rings:

e Conical slit apertures [12]; a conical slit is simply an extension of the normal gauge
defining slits to 2D (Figure 10.13a). For any given crystal system it is possible to set up
concentric conical apertures spaced so as to obtain a number of peaks simultaneously.
The conical apertures only allow diffraction from a small gauge volume to reach the
detector. The best slits currently are around 20 pm wide. This is best suited to samples
which give true powder diffraction rings (Figure 10.14).

e  X-ray tracing; here the principle is to allow diffraction from all through-thickness depths,
but to translate the detector along the direction of the incident beam (Figure 10.13b). In
this way, it is possible to trace a straight through the centre of mass of corresponding
spots recorded at different distances to determine the centre of mass of the diffracting
region. This is best suited to spotty few-grain situations.
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Figure 10.11 A typical transmission diffraction pattern recorded on ID11 at the ESRF at high
energy using a CCD [10].

For thick relatively large-grained samples, uncertainty as to the effective position along the
direction of the beam of the diffracted signal can introduce significant scatter into the strain
measurements. That the sample is large grained relative to the gauge volume is evidenced by
spottiness in the CCD diffraction pattern. Except in severe cases this is not a serious problem
as the CCD data can be collapsed (‘caked’) into a series of n line profiles by summing
azimuthally over a given angular range (360 /n). This has the effect of averaging out the
spots to form smooth line profiles. If the sheet is thin then the uncertainty in position is
necessarily small and all the contributing spots will lie at a similar radius. However, if the
transmitted path length is large, then there is considerable longitudinal uncertainty as to
the origin of each spot and this will mean that each will lie at different radii. Because for
large grained materials, these profiles are dominated by a relatively small number of bright
spots, their peak position can be shifted according to whether the dominant diffracting spots
originate from the front or the back of the sample. This introduces an uncertainty into the
strain calculation of not more than the thickness/detector distance. At a CCD distance of
500 mm this might be 5/500 = £10000pe for a S mm thick sample — much greater than
the strain accuracy required. Except in the extreme cases, it is very unlikely that all the
diffracting grains would come from either the front or the back of the sample, meaning that
this is probably pessimistic by a least factor of 10; nevertheless it does seriously inhibit the
strain accuracy achievable for thick samples (>2 mm). There are two means of obviating this
problem: (i) to increase the sample to detector distance (Figure 10.12b); and (ii) to introduce
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Figure 10.12 (a) Diffraction ring radii as a function of lateral distance from a distorted Al TIG

welded plate (inset). Much of the variation is due to the change in gauge volume-
detector distance caused by distortion of the plate. This has been corrected for by
the placement of a reference thin sheet of Cu on the back of the welded plate. By
subtracting the variation in the ring radii for the Cu and Al rings it is possible to
correct the variation in gauge volume-detector distance to derive (b) the corrected
longitudinal strain variation (here shown with the detector near (~500 mm) to and
far (>3000 mm) from the sample.
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Figure 10.12 (c) The distortion of the plate for comparison with direct distortion measurements.
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Figure 10.13 Defining the through-thickness gauge dimension using: (a) a conical aperture; and (b)
X-ray tracing [11].

a defining (preferably conical) aperture into the diffracted beam. In this case, the uncertainty
drops to approximately the aperture width/ring radius (typically ~25/100000 = +250ue
for a 25 wm slit and 100 mm ring diameter).

Of course, under stress the Debye—Scherrer cones are distorted from producing circular
rings to ellipses on the detector. Strain can be extracted in a number of ways from the data.
Firstly, the strain in a given direction can be assessed simply by measuring the change in
radius (or diameter). However, it is often more useful to analyse the complete rings. By
fitting the diffraction rings to ellipses it is possible to deduce the principal in-plane strain
directions (the major and minor axes) and their angles to the laboratory frame (Figure 10.15)
[13]. Another approach is to use a sin’y plot to extract the axial and transverse responses
(Figure 10.16) [14].
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Figure 10.15 (a) An illustration of bi-axial strain state. The unit circle (thin line) is distorted into the
ellipse (thick line) by the application of principal strains &, and ¢. The strain polar plot
(inner contour) is obtained from the difference between the ellipse and the circle. (b) A
strain polar plot representing the strain in the Al matrix of an Al/SiC composite in an
axially loaded condition. The continuous curve shows a fit to the experimental data points
(markers) [13].

10.4.1 Quenched and bent bar

An example of using the eccentricity of the Debye—Scherrer diffraction cone to measure the
principal in-plane strain directions is given by the measurement of the thermal macrostress
field caused by quenching and bending an Al/SiC bar sample using a 200 x 200 pwm beam
[13]. The diffraction cone was segmented (‘caked’) into 24 sectors and the diffracted intensity
azimuthally binned to produce 24 line profiles at intervals of 15. The changes in the diameter
of the diffraction ring were then recorded at these angles to calculate the strain (Figure 10.17a).
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Figure 10.16 (a) Example of a sine-square plot for the (100)Mo phase in a Cu—Mo composite loaded to
100 MPa. (b) A plot showing data extracted using the analysis of (a) for the longitudinal
loading response of the Mo phase [14].
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Figure 10.17 (a) The microstrain variation in the Al matrix of a Al/SiC particulate composite across a
14 mm wide quenched and bent plate as a function of the measurement angle; the 90 curve
corresponds to the in-plane strain, the O curve to the out-of-plane strain. (b) The in-plane
strain field after bending plastically (solid line) in three-point bending. The characteristic
bending residual stress pattern has been biased by the initial quench residual stress field
(dashed curve) which encourages compressive plastic flow [13].

The variation in the in-plane through-thickness caused by bending can be seen by comparing
the distribution with that after quenching in Figure 10.17b.

10.4.2 Ti/SiC ‘imaging’ high spatial resolution

In principle, the transmission technique is capable of very high spatial resolution, provided
that the grain size is sufficient to give reasonable quality diffraction rings. This is exemplified
by the measurement of strain in an individual SiC 140 pm diameter monofilament of a Ti/SiC
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Figure 10.18 Synchrotron X-ray radiograph of the Ti/SiC composite test-piece showing the fibre
arrangement and the footprint of the 100 x 200 wm incident beam spot [14]. The
spot was translated in 140 pm steps along lines including each of the seven fibres
as indicated by the spacing of the black dots. Non-destructive X-ray tomographic
sections show the damage around fibres 3 and 6.

composite material [15]. The composite is shown in (Figure 10.18). A beam of 200 (along
fibre axis) by 100 pm (lateral to fibre axis) was used and the sample scanned across the beam
to locate the position of each fibre. Despite the very small gauge volume, the ultra-fine grain
size of the CVD monofilaments meant that excellent powder ring profiles were obtained.
The resulting strain measurements along two individual fibres are shown in the composite
as it was loaded. The effect of the prior fibre break in fibre 3 is clearly seen in Figure 10.19.
Another advantage of obtaining diffraction ring data is that a number of phases can be studied
simultaneously [14, 15].

10.5 Energy dispersive white beam methods

As for the 6 /26 method, apertures are placed up and downstream of the sample to restrict the
gauge volume, but here a white beam is used (energies range from around 40 to 300 keV).
After the exit slits the energies of the diffracted photons are analysed using a germanium
detector having an energy resolution of around AE/E ~ 10~*. In this case, the whole
diffraction profile (Figure 10.20) is obtained as a function of energy rather than angle, which
remains fixed at a low value. With slits of 80 wm and a scattering angle of 260 = 7.5° the
measurement volume is around 1.65 x 0.08 mm. This technique is particularly well suited
to the study of complex crystal or multiphase systems, such as for thermal barrier coatings.

10.5.1 Thermal barrier coatings

Wear, oxidation and thermal barrier coatings and interlayers are becoming increasingly impor-
tant in the race to design high-performance materials at economic cost. Internal stresses within
the coating are important as they can give rise to spallation or cracking, seriously limiting



186 P J. Withers

(@)

S
C
s
- ] Fibre
2 0.2] | Matrix -
5
(0]
o
0. 15
L ~.._Unloaded
—0.24 Unloaded - S
—0.4 Distance from fibre end (mm)
(b) 08 S

Matrix

Relative strain (%)
o
N

Unloaded ;’J

Distance from fibre end (mm)

Figure 10.19 Axial strains measured along the lines of fibres: (a) 1 and (b) 3 of the composite
shown in Figure 10.15 made as the composite is progressively loaded using a fine
synchrotron beam on ID11 at the ESRF. At each loading increment 20 measurements
were made along each line giving 140 measurements per load. Strain measurements
for the variation of axial matrix (continuous) and fibre (dashed) strain along the lines
of fibres 1 and 3. Each line represents an increase in the applied load. The initial
residual strains are indicated by the bold solid lines [15].

component life. The stresses within such coatings or interlayers are very difficult to mea-
sure with X-rays because of environmental problems, or because the important layers are
sub-surface, while neutron diffraction is often simply unable to detect the layers due to poor
scattered intensity for thin layers or of insufficient spatial resolution to measure the strain
gradients.

In Figure 10.20, the white beam energy dispersive method has been used to investigate a
1.2 mm CoNiCrAlY bond coat/2 mm Fe substrate system on ID15 at the ESRF. The change
from CoNiCrAlY diffraction peaks to those characteristic of Fe is clearly discerned. By
fitting the peaks and comparing with stress-free materials, the internal stresses in a zirconia/
CoNiCrAlY bond coat/steel substrate system are compared with theroetical predictions in
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Figure 10.20 A series of energy dispersive profiles made on ID15 at the ESRF at 200 micron steps
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Figure 10.21 In-plane theoretical stresses (straight lines), transmission measurements (with error bars)

in layered system of a Zirconia topcoat (0 to —2.5 mm), a CoNiCrAlY bond coat (—2.5
to —3.35mm), and a steel substrate (—3.35 to —5.35 mm). Superimposed are neutron
measurements ([J) for a similar system but with the topcoat surface at —0.4 mm [18].

Figure 10.21. The energy dispersive synchrotron method has been pioneered at the ESRF by
a group at HMI, Berlin [16, 17].

10.6 Postscript

Many scientific and technological questions have to be resolved before synchrotron strain
scanning can take its place as a routine and reliable engineering tool alongside X-ray and
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neutron diffraction. For example, the very narrow beams (~50 wm) offer the possibility of
very fine resolution spatial scanning, but give rise to experimental difficulties. These include
problems of interpretation relating to the smaller number of grains illuminated within the
sampled volume. Furthermore, at such high photon energies the diffracting angles are very
small. This means that, while the sampling volume can be very well defined laterally, it is
often less well defined along the length of the beam (usually no better than 1 mm resolution).
Furthermore, with the increased spatial resolution come much tighter demands on the absolute
positioning of the test-piece with respect to the beam (£5 pm, c.f. 2100 wm for neutron
beams). New alignment and positioning procedures need to be developed to cope with these
demands, as do faster and more automatic analysis procedures. Opportunities exist to measure
the in-plane principal stresses and their orientation with respect to the component axes with
a single measurement, but the reduction of the data will be non-trivial. Developments at
the ESRF and elsewhere will lead to focused 50 um microbeams of ultra-high intensity. If
the experimental and analytical challenges can be surmounted, there can be no doubt that
synchrotron strain scanning could revolutionise the analysis of residual stress engineering
problems.
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11 The use of neutron transmission for
materials analysis

H.-G. Priesmeyer

11.1 Introduction

A white thermal neutron spectrum, when transmitted through polycrystalline material, is
considerably reshaped by so-called Bragg edges. Bragg edges were first investigated by
Fermi and collaborators [1] and found an application in neutron filters. Cassels [2] gives
a theoretical summary on total neutron scattering cross-sections including Bragg edges.

In transmission, every scattered neutron contributes to the signal, because it leaves the
direct beam into the full solid angle (cf. Figure 11.1). Thus, Bragg-edges can be seen faster
in the time-of-flight spectrum than conventional diffraction peaks, for which a specimen
is seen under the solid angle of the detector only. Combined with the availability of high
intensity pulsed sources (LANSCE, ISIS), this opens the possibility of doing both transient
and stroboscopic measurements. The method is relevant to different research areas, like the
dynamics of phase transformations, dynamic stress influences at impact, or materials under
extreme external conditions. Residual stress states in materials develop as a very complicated,
while highly coupled, thermal/metallurgical/mechanical process during welding, casting or
forging or as a result of other manufacturing processes: Bragg-edge analysis can contribute
to the understanding of these processes and their interrelation.

An advantage of neutron transmission as compared to ordinary diffraction is the easier
setup of the experiment, due to the fact that the sample can be placed anywhere between the
source and the detector, while spatial information is preserved which allows two-dimensional
imaging. The Bragg-edge method may become a unique tool for the investigation of strain
mapping, structural phase transitions and crystal structure tomography. Recent developments
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Figure 11.1 Schematic of the transmission setup [3].
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have an impact on the determination of the stress-free reference lattice plane distances and
strain field imaging.

11.2 The physics of neutron transmission and
the generation of Bragg edges

Transmission spectra from polycrystalline materials exhibit Bragg edges instead of Bragg
peaks (cf. Figure 11.2). These are steep increases in the transmitted neutron intensity, due
to the fact that the angular regime of scattering from a certain lattice plane is limited by
sinfd = 1 (260 = 180°): once backscattering is reached, the particular set of lattice planes will
no longer contribute to coherent scattering. (It must be noted that in diffraction experiments
the meaning of ‘transmission’ differs from the transmission considered here: if the scattered
beam leaves the specimen from where the primary beam enters, it is called ‘reflected’, if
it leaves to the opposite side, it is called ‘transmitted’.) Full potentiality of Bragg-edge
transmission is reached with pulsed sources where a whole spectrum can be attained using
the time-of-flight method. Bragg-edge transmission on a steady-state neutron source was
used by Strunz et al. [4] to determine strain in prestressed steel specimens.
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Figure 11.2 Indexed time-of-flight spectra for steel: upper curve = transmission; lower curve =
diffraction. (Adapted from [5].)
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Bragg edges represent the sudden discontinuity in the scattering cross-section, whenever
certain lattice planes are excluded from scattering since the Bragg equation is no longer
fulfilled. Johnson and Bowman have pointed out the high resolution and statistical accuracy
advantages of Bragg-edge transmission [6]. For Fe samples, they were able to distinguish
scattering from lattice planes (hkl) up to n = h* + k> + [> = 196, with all planes being
distinguishable below n = 90. This high resolution in neutron time-of-flight transmission
geometry results from its correspondence to backscattering with zero reflection power for all
A > Aprr = 2 dpp, with the difference that the detectors are placed in the forward direction.

At a powerful pulsed neutron source like LANSCE or ISIS, information about the crystal
structural properties can be attained from every neutron pulse. Since each pulse contains
the full thermalized neutron spectrum, a large number of Bragg reflections can be observed
simultaneously.

The d-spacings are calculated from time-of-flight channels using the relation:

£(s)

d, =0.1978 -
i+ (nm) 978 L (mm)

ey

where ¢ is the measured flight time needed for a neutron of a certain speed to traverse a
flight-path of length L.

Transmission is defined as the ratio of neutron intensity 7 (A) reaching the detector to the
neutron intensity Ip(A) of the incident beam:

TG =10)/100) =exp |~ Y () x| @)

where ) (1) is the macroscopic total cross-section and x is the specimen thickness.

The macroscopic total cross-section is the sum of the coherent-elastic scattering contri-
bution, which is responsible for the Bragg edges, and a number of other cross-sections like
incoherent and inelastic scattering and absorption.

The macroscopic coherent elastic cross-section is calculated from the microscopic coherent
elastic cross-section:

Z = 6.023 x 107 X Oconel X p/A [em™]

cohel

where p is the density in g/cm> and A the atomic weight in g/mol.
The microscopic coherent-elastic cross-section per atom is given by:

_ BN Fual*d, 3
Ocohel = — = > <th1 | Fhi| hkl) 3)
determined by the neutron wavelength X, the number of unit cells per unit volume N., the
number of atoms per unit volume » and the multiplicity factor m ;.

The summation is taken over all lattice planes hkl satisfying dpx; > A /2.

The structure factor is given by

Fur = Y _ by expl2mi(hx; + kyj + 1z;) exp(—W)] (4

where E is the coherent-bound scattering length (averaged over isotopes and nuclear spins),
exp(—W) the Debye—Waller factor and x;, y;, z; are the coordinates of the positions of
atom j within the unit cell.
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The transmission spectra from specimens which are either very thin or very thick cannot
carry much useful physical information. In both cases, the contrast which a Bragg edge can
produce in the transmitted spectrum is low, so that the edge may be swamped by the statistical
fluctuations of the neutron counts per channel. An optimum specimen thickness with respect
to edge contrast can be calculated from the macroscopic cross sections for coherent scattering,
incoherent scattering and absorption. They are tabulated for all elements or can be calculated
for alloys individually from the tabulated microscopic cross-sections o.

2 . 1
Xopt 2 E in cm
Zcoh(d>2k) + Zabs + Zincoh

One gets xope = 1.7 cm for iron and xop = 19 cm for aluminium.
If the actual height of a certain Bragg edge is taken into account the following expression
can be derived for xopt:

1 2 hi
Xopt = —=—In [ 1+
th! ( Zcoh(d>2k) + Zincoh + Zabs

where ) ,,; is the total cross-section for the /kl plane [7].

11.3 The precision limits of Bragg-edge parameters

In the field of residual stress assessment using neutron diffraction, lattice spacings must be
determined with a relative error of less than 10~%. The fractional random error in d-spacing,
needed to find the error in strain, is given by

Ad At\?  [AL\? 5
— = (T) +<T) + (cot (8) AH) &)

where At is the width of the time channel (order of magnitude: 1-5 ws), AL is a combination
of the moderator and detector thicknesses (order of magnitude: 2—3 cm) and A#6 is the spread
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Figure 11.3 Thermal expansion shift of the position of the (311)-edge in aluminium yielding
Ad/d =5 x 107 for a flight-path length of 11 m.
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of the collimation of the incoming beam, which can be considerably reduced by the use of
a neutron guide to minutes of arc, so that the angular contribution to the resolution may
be neglected. At the 60 m flight-path at LANSCE, the fractional random error is 5 x 107>,
resulting in excellent precision of the edge position determination. The precision can be
validated by measuring the thermal shift of the edge position in a temperature range where a
linear relationship with a slope of the order of 107> /°C is expected (Figure 11.3).

11.4 Single-shot capability

With the advent of intense pulsed neutron sources driven by powerful accelerators, the pos-
sibility of doing transient as well as stroboscopic measurements with neutrons has become
feasible. Such experiments require data to be taken with a single neutron pulse, either because
the time of the relevant experimental conditions is so short or one would like to compare
diffraction spectra within successive time intervals. Real-time changes of the material prop-
erties which influence the position, width and height of the Bragg edges (like phase changes,
anisotropic strain development or thermal expansion) can be observed with a time resolution
between <100 s and several milliseconds. First experiences with this new method have
been reported [8—10].

Figure 11.4 shows a section of a typical current mode single-shot transmission spectrum for
a-iron (bee) of 2.5 cm thickness, collected at the 10 m detector position within 7ms [11, 12].
Improvements concerning the signal-to-background ratio can be expected from the ‘pseudo
current-mode’ detection, described by Knudson et al. [13], while the best results can be
expected from fast direct counting [14]. In order to further improve the statistical accuracy
of the data, multiple single-shots can be accumulated.

Transient deformation of a crystal structure has been seen for the first time in an experi-
ment (cf. Figure 11.5), where a lead zirconate titanate piezocrystal (PZT-5A) was subjected
to a positive voltage pulse of +300V and 1 ps duration, which covered one of the more
prominent Bragg edges in this material. This edge was chosen because it is close to the
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Figure 11.4 Partial single-shot spectrum at 10 m flight-path [11].
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Figure 11.5 Demonstration of high timing resolution in Bragg-edge transmission in piezoceramic
material [11], as explained in the text.

nearby (220)-edge in ordinary aluminium, caused by the neutron beam tube front- and rear-
end covers. Out of all Bragg edges found in the transmission spectrum of PZT-5A, only
the one falling into the time range of the applied voltage pulse is shifted by 2.8 channels
corresponding to a positive (tensile) strain of 4 x 10~* or 400 pe (lue = 1075). The time
resolution in this case is determined by the time interval between adjacent edges, which is of
the order of 10-100 s.

11.4.1 Data analysis

Information relevant to edge position, height and slope can be extracted from the transmission
spectra. The shape of Bragg edges is generally a convolution of the contributions of the natural
width and the mosaic spread of lattice spacings, the resolution function and strain gradient
and texture influences. Evaluation procedures similar to conventional Rietveld refinement
have been developed [14, 15] (Figure 11.6).

11.5 Two-dimensional strain measurements by Bragg-edge transmission

Meggers [16] has for the first time used Bragg-edge transmission to determine the strains
developing in a rotating gyroscope by centrifugal force. The lattice plane information pro-
vided in transmission is an average over the transmitted path, so that the technique is not
well suited to producing three-dimensional maps of stress. The advantage of the technique
lies in the analysis of two-dimensional stress fields. In such a case a great deal of information
can be deduced by taking a series of images. An ‘image’ taken in a tensile stress experiment
applying the tensile force normal to the neutron beam measures the lattice distortion caused
by the Poisson contraction of the specimen, as can be seen in Figure 11.7.
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Figure 11.6 Analysis of LANSCE data by Rietveld refinement [14] (‘residues’ are the differences
between measured data and fit).
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The strains from the transmission spectra are equal to —v (Poisson’s ratio) times the strains
from the strain gauges.

Since strain measurements rely on precise determination of the edge positions, special
care must be taken to consider the influence of structural materials present in the neutron
beam line. Some Bragg edges from the aluminium covers of the evacuated beam tubes, for
example, coincide accidentally with edges from bcc iron.

11.6 Time-resolved phase transformations

Recent research on the development of residual stresses includes their calculation by finite
element methods, for which certain material properties need to be known. These include the
time development of the buildup of incompatible phases as well as the interrelation between
phase transformation kinetics and internal stress, so-called transformation strains.

Neutron-stroboscopy has been shown to be a powerful tool for investigating real-time solid
state phase transformations, which occur during thermal treatment of materials [18, 19].
Isothermal transformation and cooling transformation diagrams which describe the kinetic
microstructural behaviour are needed for model calculations of residual stress development in
welding. Transformation progress is usually investigated either by microscopic examination
or by measurement of physical material properties using electrical conductivity or dilatometry.
The conventional experimental methods are rather complicated, since they require many
samples to be subjected to different thermal treatments. With neutrons, all measurements can
be done using a single sample in a tube furnace, which holds it at given temperatures for the
time of phase transformation (Figure 11.8). The volume changes which accompany the phase
changes are a source of residual stresses, termed transformation stresses. Strong influences
of these stresses on the phase changes and vice versa can exist.

100 B Bainite
O Austenite

Phase volume fraction

3000 6000 9000 12000 15000 18000
Time (s)

Figure 11.8 Result of a real-time phase transformation measurement from austenite to bainite
(data were taken every 15s).
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Figure 11.9 The dependence of the lattice parameter on the austenite phase volume fraction during
the transformation process as a consequence of the amount of dissolved carbon [14].

The measured edge heights must be normalized with respect to either the initial height (for
phases with decreasing volume fractions) or to the final height (for phases with increasing
volume fractions). One may also calibrate the measurements by measuring phase volume
fractions in specimens before and after heat treatment using conventional neutron powder
diffraction.

Deformations of the crystal structure during the phase transformation can also be
determined from Bragg-edge transmission, as is seen in Figure 11.9.

11.7 Temperature measurement by Doppler broadening of
nuclear resonances

Many of the possible applications of single pulse transmission (like solid-state phase changes,
development of transformation stresses, thermal stresses during cooling after welding) require
knowledge of the temperature of the specimen. Fowler and Taylor [20] as well as Mayers
et al. [21] have shown that Doppler broadening of low-lying neutron resonances can be
exploited to determine temperatures. Stalder [22] has made a series of experiments using
ferritic steel together with a 17 wm thick gold foil (Figure 11.10). Figure 11.11 shows a
neutron time-of-flight spectrum containing both edges and a resonance.

Yuan et al. [24] have extended the method to determine temperatures in a wide range
of dynamically changing systems, like materials through which a shock wave is passed,
materials subject to shock-driven pore collapse, frictionally heated interfaces, and metal jets.

Both resonance Doppler broadening and Bragg-edge shift are functions of the tempera-
ture of a specimen. While the position of the Bragg edges is influenced by the combined
effects of thermal lattice expansion and strain, a resonance is only subjected to thermal
Doppler broadening. In technological applications it may not be possible to mix dopant and
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Figure 11.10 Simultaneous current mode recording of the 4.9 eV gold resonance and several edges

Figure 11.11

of bec iron [23]. Temperatures can be derived from the Doppler broadening of the gold
resonance.
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Comparison between temperatures derived from thermocouple and gold resonance
broadening measurements [22].

alloy without changing the metallurgical properties of the latter. Bragg edges may vary in
height for two reasons: the Debye—Waller factor will decrease the diffracted intensity with
increasing temperature and diffusion-controlled phase changes may reduce the volume frac-
tion of a certain phase. In steel up to 600°C the intensity reduction can be fully attributed to
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the Debye—Waller factor. The principle feasibility of the method has been demonstrated by
a series of measurements from room temperature to 1000°C.

11.8 Determination of the stress-free reference lattice spacing dy

As already stated above, the advantage of the transmission technique lies in the analysis of
two-dimensional stress fields. In such a case, a great deal of information can be deduced by
taking a series of images of a thin specimen. If this image is combined with at least two other
images taken from the same area of the specimen at specific angles to the beam, it is possible
to determine the stress-free reference lattice spacing dp.

Using the conventional definition of the azimuth and polar angles (¢, 1), for each set of
lattice planes hkl! the following expression describes the relation between strain and stress:

dgy —do 1+

{11 cos2(9) + 012 5in2¢) + 022 5in?(6) — 033} sin” ()

dy E
1+v v
+ 2% {o11 + 022 + 033}
+v . .
3 {013 cos(¢) + 023 sin(¢)} sin(2¥) (6)

For two-dimensional stress fields (no shear stresses), this reduces to:

dy,y — do _ I+v
do

0y sin(Y) — = {011+ 02) ™
where the stress in a certain direction ¢ is given by:

0y = 011 cosZ¢> + o sin2¢ (8)
The stress acting in the direction ¢ + 90° is given by:

Op+90 = 011 sin + 02y cos’¢p )
Adding the two equations leads to the identity

0p + 0p1+900 = 011 + 022 (10)

Measurements at the angular positions (0, 0), (¢, ¥), and (¢ + 90°, ¢) result in lattice
spacings

do,0, dg,y, dp+90°,y

Using equation (7)

d¢¢—d() doo — dy d¢¢,—d00 1+v .2

. - — = = — = 11
& & & 7O sin W) (11)
the expression
E dg.y — do.o 1
o = ( 0.V ) — (12)
14+v do sin”(y)

follows.
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A similar expression holds for the ¢ 4 90° direction:

E <d¢,+900,¢ — do,o> 1
1+v do sin®(y)

Op+90° = (13)

If equations (12) and (13), considering equation (10), are inserted into the general expression
for the normal strain,

do.o — di 1
£33 = % =z (033 —v (011 +020)) = —% (0p + 0p+90°) (14)

the strain-free reference value d can be calculated:

% 1

dy = (d, d, 0w — 2d| o
o = (dg,y + dp+90°,v 0,0) [+ sin’(p)

+doo (15)

Three measurements (at (0, 0), (¢, ¥) and (¢ + 90°, ¥)) are necessary to approximate
dp, independent of the magnitude and direction of an existing two-dimensional stress field
within the material. The ‘imaging capability’ allows one to measure dy simultaneously at
different positions, resulting in a strain radiograph. Considering the fact that a whole image
can be taken in very short time, the method will have an extraordinary potential for rapid dy
determination. This is of special importance in the case of strain gradients caused by different
crystallographic or chemical compositions, as may be expected in welds, for example.

A simple experiment has been performed to compare the unstrained lattice spacing derived
under stress from the above equations with the lattice spacing measured under no stress [25].
The proposed technique is especially suitable for welds, where a big change in the chemical
composition of the material is expected from point to point in the sample. If a thin slice is
cut from the weld, the dy profile can, in principle, be defined by measuring the transmission
of the sample in three different orientations even when the principal stress directions are
unknown. The uniaxial loading experiment performed by Steuwer et al. [25] has proved
the capabilities of the proposed technique, leading to the development of a new pixellated
detector for exploiting the unique advantages of the transmission geometry.

The experimental values of ¢*, indicating the angles ¥* for which the unstrained lattice
parameter can be measured directly, are shown in Figure 11.12. These values are close to the
theoretical values (0.217 and 0.225) predicted.

11.9 Bragg-edge transmission and texture

The presence of texture can considerably change the shape of a neutron transmission spec-
trum. Both the peak heights and the areas in the spectra between edges show characteristic
distortions in this case. As has already been explained, a Bragg edge can be understood as
a threshold of a sudden — wavelength dependent — sample transparency change for neutrons
which meet grains with orientations characterized by normals of the corresponding (hkl)
crystal plane parallel to the incoming neutron beam. Obviously, if, in a given textured sample
(i.e. not randomly oriented grains) and for a given beam direction, there happen to be no
grains at all with such orientations, no edge will be seen. The more grains are in the right
position, the more pronounced the edge will be.

The corresponding probability of grains in a textured sample with (2kl) normals parallel to
a sample direction (¥) is described in texture analysis by so-called pole figures Py (7) [26].
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Figure 11.12 (a) Measured lattice spacing and calculated dj from the fitting of the Fe-211 Bragg edge.
(b) As (a), but performing a multiple-edge fitting of the six lowest edges [25].
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Figure 11.13 Distortion of the coherent elastic cross-section by non-random tilts of lattice planes.

Only for a random texture, with Pyt (¥) = 1, can the shape of a Bragg edge as determined
by the scattering cross-section and the instrumental resolution function be expected.

In analogy to Rietveld analysis in diffraction, texture factors (proportional to the pole
figure) have to be considered for textured samples, modifying the corresponding coherent-
elastic scattering cross-sections, which get different weights at different wavelengths, as is
demonstrated qualitatively in Figure 11.13.

Only if all planes {hk/} are randomly distributed (prob (sin(«)) = 1) can the ideal shape
of Bragg edges be expected. Figure 11.14 shows a part of a typical measured spectrum.
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Figure 11.14 The coherent elastic scattering cross-section derived from transmission measurements
on a rolled steel plate in three orthogonal directions [7].

For precision measurements, combining Rietveld and texture analysis (RITA-concept
[26]), it is possible to extract both structure and texture information from diffraction spectra.
Recently this combined analysis has been further developed to include texture-dependent
strain/stress and phase analysis [27]. In principle the same program can be proposed for the
analysis of neutron time-of-flight transmission spectra, also. However, how many spectra
will be needed to get the necessary amount of data has still to be investigated by systematic
experimental and theoretical studies.

11.10 Strain imaging

Neutron transmission combined with a two-dimensional pixellated detector has recently been
used successfully to image strain fields [28]. The information gained from such images is
comparable to photo-elastic pictures and can serve to identify critical areas in specimens,
which then deserve more detailed investigation. The spatial resolution is determined by the
pixel size of the detector. To measure the following example a detector array of one hundred
2 x 2mm? scintillating detectors was used (Figure 11.15).

11.11 Conclusions

Bragg edges are a characteristic feature of neutron transmission spectra of polycrystalline
materials. They carry useful information about lattice distortions, phase volume fractions and
texture. They are characterized by their position, slope and height. These parameters provide
averages along the line of the neutron beam through the material investigated.
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Figure 11.15 Map of the strain field around a 6 mm diameter cold-expanded hole in a ferritic steel,
measured by the Bragg-edge transmission technique at ISIS, UK. (See Colour Plate V).

One of the earliest Bragg-edge transmission experiments on cold-worked brass was made
in order to distinguish lattice distortion broadening from particle size broadening [29]. With
the low-resolution instrumentation available in the 1950s, differences in the broadening of
the (111) and (200) reflections due to material anisotropy could be seen.

With modern high-intensity pulsed neutron sources the technique can now be improved to
become a unique additional tool to support residual stress characterisations. The experimental
setup for Bragg-edge experiments is of convincing simplicity. Developments in the near future
will make the method useful for imaging structural components over large neutron beam
cross-sections, in order to identify problem areas (e.g. large stresses or stress gradients).
Because of its efficient use of the available neutron intensity, the method is well suited to
investigating kinematic processes in the time domain of seconds or less. If progress is made
in understanding the influence of texture on the shape of the spectra, it is probable that rapid
qualitative texture analysis will become possible. In addition, it is an easy experimental step
from Bragg-edge transmission to small angle scattering, which has become a well-established
method to determine the size and shape of precipitations or voids in materials.

It is certainly correct to state that neutron transmission with Bragg edges opens both
scientific and technological perspectives still to be exploited.
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12 Strain mapping

P J. Webster

12.1 Introduction

Neutron strain scanning techniques have been developing since the early 1980s [1-3] and
synchrotron X-ray techniques rapidly since the 1990s [4, 5]. The first neutron measurements
used single detector instruments at medium flux reactor sources, ‘gauge volumes’ that were
relatively large and coarsely defined, manual positioning of samples and computer-aided
but labour-intensive interactive Gaussian peak fitting routines. Statistical data quality was
often high but spatial resolution, data collection rates and data processing speeds were all
relatively low. Even in comparatively simple experiments, for example, scans through thin
sections of ferritic steel test samples with moderate residual strain gradients, only a handful
of measurements could be made and processed in a day. Consequently most neutron strain
investigations were restricted to linear scans at a dozen or so points, usually in three orthogonal
directions so that stresses could be derived. Area mapping, which typically might require
orthogonal measurements at a hundred or more points was not then generally a practical
proposition due to time and resource cost considerations.

With the introduction of high flux neutron sources, multidetectors, automated sample
positioning, optimisation of data acquisition, fast and cheap computers, fully computerised
peak fitting and commercial surface fitting software, the situation has changed dramatically.
The data for an adequately defined neutron diffraction peak might now be collected in a few
minutes, or even less, and be processed near on-line, so that multipoint neutron area strain
scanning is now practicable [6, 7].

Synchrotrons produce near-parallel X-ray beams with extremely high photon fluxes, typi-
cally billions of times the equivalent neutron flux of even the most powerful nuclear reactors.
On the other hand X-ray attenuation lengths, at similar wavelengths to those used with neu-
tron strain scanning (A & 1.5 A), tend to be several orders of magnitude smaller than the
corresponding neutron attenuation lengths. Consequently, at these wavelengths the attenu-
ation of X-ray beams is generally much higher than for neutron beams, especially through
thick samples. However, for harder more penetrating X-rays (A ~ 0.3 A), attenuation lengths
can be similar (*mm), for light element materials, to those for neutrons. Scattering parame-
ters and attenuation lengths for neutrons and for X-rays of typically used wavelengths are
shown for elements that comprise the majority component of common engineering alloys
in Table 12.1. In favourable circumstances, such as when measuring through relatively thin
samples made of lower attenuating light element materials, synchrotron X-ray count rates,
even with single detector instruments, can be orders of magnitude greater than is typical for
neutron count rates. Furthermore, synchrotron technology is advancing rapidly, producing
higher fluxes at even higher energies. At wiggler and undulator locations synchrotron X-ray
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Table 12.1 Neutron and X-ray scattering parameters for four elements which
comprise the majority component of many common engineering alloys

Element Al Ti Fe Ni
Atomic number 13 22 26 28
Neutron scattering length (fm) 3.45 —3.44 9.45 10.3
Neutron attenuation length (mm) 100 20 8.3 5.6
1.5 A X-ray attn. length (mm) 0.083 0.012 0.004 0.003
03A X-ray attn. length (mm) 6.71 1.06 0.38 0.27
0.15A X-ray attn. length (mm) 52.6 8.47 3.03 2.19
Note

The attenuation length L is the thickness of material required to attenuate a beam by the
factor 1/e. It is the reciprocal of the linear attenuation coefficient u, so the intensity / after
attenuation of a beam of incident intensity Iy through a thickness x is I = Ipe /L =
Tye H*,

fluxes are particularly high. When used with area detectors, data from several reflections,
at all orientations within a nearly flat cone, may be simultaneously recorded in seconds or
less. Consequently, although synchrotron strain scanning is a relatively new technique, syn-
chrotron area strain mapping is developing rapidly. As developments proceed it is probable
that volume strain mapping will also become routine.

The aim of this chapter is to outline the methods used in neutron and synchrotron strain
mapping and to illustrate by examples the potentials of the two techniques.

12.2 Optimisation and efficient strain scanning

12.2.1 Resource cost

Neutron and synchrotron strain scanning both require large, high capital cost, central facili-
ties that are often used on a timeshare basis. Generally both the demand for and the cost of
beam-time are relatively high. As beam-time is usually a large fraction of the total resource
cost, it is essential to make efficient use of it. Time for academic investigations is usu-
ally restricted and competitively allocated, and commercial use is cost sensitive. The time
required for an experiment, using an incrementally stepped single detector, is proportional
to the scan range and inversely proportional to the sample volume. In a routine scientific
neutron diffraction experiment to determine the structure of a powdered material, for exam-
ple, the incident and detected beam cross-sections might be about 40 mm high and 10 mm
wide giving a scattering volume about 4000 mm?>. The detector scan range to obtain a full
diffraction pattern might be ~100°. Strain scanning is particularly profligate in its use of neu-
trons or X-ray photons. In neutron strain scanning the beam cross-section might be reduced
to 2 x 2mm giving, with a 2mm wide detector slit, a ‘gauge volume’ of 8 mm?. The scan
range required to define a single peak might be 2°. For the powder diffraction experiment
the time required would be proportional to 100/4000 and for strain scanning 2/8. Hence, it
would typically be necessary to count about 10 times longer to collect the data for one peak
profile when measuring strain than is needed for a complete powder diffraction experiment, if
similar peak counts are required. Additionally, strain scanning requires multipoint measure-
ments, usually in three orientations, and precise sample positioning. Consequently, unless
appropriate measures are taken, the time required for strain scanning could be hundreds or
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thousands of times longer than for routine powder diffraction experiments, which would be
impractical.

12.2.1.1 Multidetectors

It is now common, when neutron strain scanning, to use multidetectors or position sensitive
detectors subtending a few degrees so that data from across the profile of a selected peak can
be collected at the same time rather than sequentially. Using a multidetector might typically
provide a gain in speed by a factor of 10x, but can introduce potentially severe instrumental
aberrations at surfaces and interfaces. Multidetectors can also, of course, provide similar
gains for routine powder diffraction experiments so that, although there is a real gain in
efficiency when strain scanning, there may be no improvement in competitive advantage
relative to powder diffraction.

12.2.1.2  Setting-up and positioning time

Initial setting-up of the scanner and precise positioning of the gauge relative to the ‘reference
point’ can be time-consuming, as can be the initial positioning of the sample. Subsequently
the time taken to automatically move the sample when scanning can also be a significant
proportion of the total time required, particularly when counting times are short.

In well-designed dedicated strain scanners, setting-up times should be short and the gauge
volume should, after initial calibration, be automatically adjustable and be precisely posi-
tioned at a reference point on the scanner axis. Initial sample positioning is facilitated if
the XYZ sample translation and rotation equipment has a precise positioning, orienting and
fixing system, preferably conforming to a common standard. This should enable a sample to
be positioned off-line on a standard matching mount to within 0.1 mm and aligned to better
than 0.1°, before incurring beam-time costs. Efficient rapid mounting, and final position
refinement as necessary, is then possible at minimum beam-time cost on-line on the scanner.

The time taken to move the sample when scanning depends upon the inertia of the system
and the mechanics, electronics and control software. Time can be saved if the system is
designed so that movements can be rapidly, smoothly and precisely executed without signifi-
cant delay due to over- or under-shooting. Generally, it should be possible to reset the system,
when scanning in small steps, in not more than a few seconds. The reduction of dead-time
is likely to become an increasingly important factor, especially for synchrotron experiments,
as data collection rates increase.

12.2.1.3 Gauge size

Gauge volume sizes should be as large as is practicable considering the instrumental optics,
the spatial resolution that is required and attenuation lengths. Minimum gauge sizes tend to be
limited by beam divergence when neutron strain scanning, and by grain size considerations
when using near-parallel synchrotron X-radiation.

12.2.2 Peak profile determination

The peak profile parameters generally required are: peak centre to determine macrostrain,
peak width which is a measure of plastic deformation and microstrain, and peak height and
intensity which are indicators of texture and grain size.
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The longer the count time the better the statistical data quality, which is a function of
/N, where N is the neutron or X-ray photon count, but the fewer the number of points that
can be sampled in a given time. The number of data points is linearly related to the time
available, but the data quality improves as the square of the time. To optimise the utilisation
of counting time, it is necessary to compromise between data quality and quantity. Usually,
once the data are adequate to enable a specified statistical uncertainty in strain to be attained,
counting time is more efficiently utilised if additional points, rather than statistically improved
points, are obtained, especially in area and volume strain mapping. Optimisation of data
collection and processing is discussed in Ref. [8]. Particular factors to be considered are the
following.

Peak angular scan range — This should be large enough to define the peak profile and back-
ground but not much more. A practical range for a centred Gaussian peak is 3W or 70, where
W is the full width at half maximum (FWHM) and ¢ is the standard deviation (W = 2.35¢
for a Gaussian, so that 3W ~ 70).

Number of points/bins in a peak profile — It is generally found that 20-30 or so points
is near-optimum to visually define a peak with a near-Gaussian single peak profile and flat
background.

Counts in the peak — Assuming that the background is low, the statistical uncertainty Uc
in a near-Gaussian peak position is:

Uc ~ (2/3)W//Cr (1)

where Cr is the total neutron or photon count in the peak. The corresponding uncertainty in
strain U, is:

Us ~ (1/3)W cot6/y/Cr )

where 6 is the Bragg angle of the peak and the peak width W is in radians.

Hence a total count of Ct ~ 4500 (equivalent to a 21-step, W/7 increment, 3W range,
peak of height 600 with a low background) will result in an uncertainty Uc ~ 1%W. For
neutron strain scanning at a detector angle 260 = 90° and typical peak width 0.5°, the
corresponding uncertainty in strain is U, ~ 40 x 107, For the same count when synchrotron
strain scanning at a typical detector angle 260 = 10° and peak width 0.04° the uncertainty in
strain is approximately the same. If a strain uncertainty U, ~ 100 x 107 is sufficient, as is
often the case, counting times could be reduced by a factor x6 (Ct ~ 700, peak height ~ 100)
and the number of measurement locations could be correspondingly increased.

Optimisation of peak parameters — To optimise counting times the required strain uncer-
tainty should be specified. Peak parameters, such as counting time, step size and angular
range, should then be chosen so as to enable the specified uncertainty value to be attained.
Shorter counting times can be used if instrumental peak widths are low and detector angles
are high.

12.2.3 Mapping

The number and spacing of points required adequately to define the required detail in a
residual strain line scan depends upon whether the strain gradient is rapidly or gradually
varying. The spacing problem is similar to that of other signal sampling and reconstituting
situations so it is possible to use sampling theory to estimate an optimum step resolution [9].
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If the general form of the strain variation is known in advance, step sizes may be chosen
so that spatial resolution is appropriate. A common practical approach, if the form of the
strain pattern is unknown, is to make a coarse step scan which is then fitted by an appropriate
function that interpolates between neighbouring points and to fill in with finer steps if it
appears to be necessary. A similar approach is used when area mapping but with a function
that interpolates in two dimensions. In this case, data of somewhat lower quality can be used
as the interpolation will effectively be between four or more neighbouring points, rather than
just two when line scanning. However, care should be taken with commercially available
fitting routines to ensure that the fitting algorithm is appropriate. In some cases routines
fit exactly at experimental data points and generate spurious oscillations in between. The
appropriateness of a fitting routine can be judged by superimposing the locations of data
points on the map and observing whether the map is overly distorted by the mapping matrix.
If it is, another fitting routine or scanning matrix should be used.

12.2.3.1 Variable step mapping

In regions of low strain gradient variation the step size between points can be much greater
than in regions of high strain gradient variation. However, if substantially varying step sizes
are used, it can lead to apparent features on the strain map which are related to the variations in
the mapping matrix rather than to the strain field. The distorting features appear as a result of
the statistical uncertainties associated with any experimental measurement. If experimental
points are close together, rapid uncertainty fluctuations will be observed on the map. If the
points are well spaced out, the fitting routine will interpolate a smooth variation between the
distant points.

The visually distorting effect of uneven mapping is illustrated in Figures 12.1 and 12.2.
Figure 12.1 shows two mapping matrices, one a regular square matrix and the other a more
complex pattern in which the spacing varies by a factor x 10. Figure 12.2 shows the effects pro-
duced on a random number array pattern by using the two mapping matrices. Figure 12.2(a)
is the full regular map with the expected randomly uneven pattern. Figure 12.2(b) uses
the same array of random numbers but is based on the partial irregular matrix obtained
by omitting some of the points. Two of the six small square regions fully mapped in both
figures have been outlined to permit a direct visual comparison. Within the small squares
both maps are essentially identical. In the intervening rectangular areas, similar to the one
shown outlined, streaked patterns are generated as the periodicity in one rectangular direc-
tion is 10x that in the other. In the other areas of Figure 12.2(b), a variety of smoother
larger scale patterns related to the more spaced mapping matrix and random variations are
evident.

When a strain map is generated from data collected at a matrix of points, the uncertainties
in each data point will cause a spurious matrix-related pattern to be superimposed upon the
‘true’ strain map. If an area strain pattern is generated from an irregular matrix combination
of coarse and fine steps between points, such as shown in Figure 12.1(b), the effect can be
particularly visually misleading. In general, if a strain field contains distinct high and low
strain gradient regions in which high and low density mapping is respectively appropriate, it
is advisable to present the results on several maps rather than just one. For example, if the
matrix in Figure 12.1(b) was used to collect the data, the results could be presented as six
regular 10 x 10 small squares and one regular 10 x 10 large square. The former would give
detailed pictures of each of the six small regions. The latter would only use a small proportion
of the data collected but would give an undistorted low-resolution large-scale view.
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Figure 12.1 (a) Regular square matrix of 100 x 100 points. (b) Irregular matrix comprising
six small square and linear arrays of parts of the 100 x 100 matrix shown in (a).
(These matrices were used to generate the corresponding interpolated maps shown
in Figure 12.2.)

12.3 Neutron strain mapping

Figure 12.3 shows one of the first residual stress maps to be derived from two-dimensional
neutron strain data. The data were collected using D1A at the ILL, Grenoble, in its single
detector strain scanning mode [9]. Measurements were made over the head of a transverse
railway rail section 12 mm thick using the 211 reflection in the three symmetry orientations,
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Figure 12.2 Interpolated maps of 100 x 100 numbers, each nominally of value 100 but with a ran-
domly generated Gaussian uncertainty with a standard deviation 10: (a) arranged on
the matrix shown in Figure 12.1(a); (b) arranged on the matrix shown in Figure 12.1(b)
with the non-marked data points omitted.

longitudinal, transverse and vertical using a near cubic sampling volume of side 2 mm. The
scans were made in nine parallel lines from z = 0 at the top of the head to a depth of
z = 40 mm at transverse locations y = 0, 8, +16, 24 and +30 mm. Increments between
points were varied from 2 mm near the top surface to 6 mm near z = 40 mm as strain gradients
were known to be substantially higher near the top surface.
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Figure 12.3 Transverse residual stresses in a BR rail head measured using D1A at ILL, Grenoble. (See
Colour Plate VI.)

The rail, which had been used, was taken from a straight section of British Rail (BR) track.
The ‘running line’, the line of contact between wheel and rail, was centred at y = +6 mm.
The map shows the computed interpolated transverse residual stress pattern which varies
from 4275 MPa in the central tensile band to —225 MPa in the compressive near-top-surface
region. The residual stress pattern is generally beneficial as the compressive outer layer
inhibits the propagation of fatigue cracks from surface defects and the internal balancing
tensile region does not reach the surface. The pattern shows some asymmetry due to the
running line being 6 mm off-centre.

There is no apparent evidence of spurious features due to the scanning matrix. This is
because the statistical data quality was relatively high and the uncertainties small, typically
£25 MPa, the step sizes were almost constant in y, changed smoothly in z and were matched
to the strain gradients. The first interpolation attempted showed distinct nodes at the line
locations y = 0, £8, 16, £24 and +30 mm and oscillations in between because it was
constrained to fit exactly at the measured points and to change smoothly in between. The
interpolation routine was subsequently revised so that fitting at the measurement points was
allowed to vary within a standard deviation. The resulting smoother pattern may be consid-
ered to be a good representation as it shows no apparent evidence of features related to the
measuring matrix but does reveal significant detail in the residual stress pattern.

12.4 Synchrotron X-ray strain mapping

Figure 12.4 shows results from a synchrotron X-ray study using the high-resolution diffrac-
tometer BM16 at the ESRF, Grenoble, in its single detector with analyser strain scanning
mode [10]. The sample was a 10 mm thick transverse cross-section cut from a double-V mul-
tipass weld made in an aluminium alloy plate 44 mm thick. Scans were made in the transverse
orientation using an incident beam 1 mm? and a 1 mm high detector slit. The reflection used
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Figure 12.4 Peak width variation over a cross-section of an aluminium alloy double-V multipass weld
measured using BM16 at ESRF, Grenoble. The weld bead pattern is superimposed. (See
Colour Plate VII.)

was 311, which at a wavelength 0.32 A gave a gauge ~8 mm long in the longitudinal direction
at a detector angle &15.1°. The measurements were made at mid-plane over a regular square
matrix of points spaced at 1.333 mm intervals. In this particular case, as the longitudinal
stresses had been substantially relaxed by the sectioning and were not expected to change
significantly through the thickness, the elongated shape of the gauge was advantageous as it
gave a better average, a higher count and less grain size variation. The 1 mm y and z gauge
dimensions, and the matrix spacing, were chosen to be significantly smaller than the weld
bead dimensions so that intra- and inter-bead, as well as fusion zone, boundary variations
could be observed.

Figure 12.4 shows the multipass weld bead pattern superimposed upon the measured peak
widths which are a measure of microstrain. The passes were made in layers alternately on top
and bottom sides so that the weld was as symmetrical as possible. The central layers are thus
partially annealed by subsequent passes but the surface passes are not. The bead pattern was
not entirely regular and the fusion zone boundaries were neither straight nor symmetrical. The
step size was sufficiently small, and the gauge was so well defined, that the map reveals several
significant features. There is a clear correlation between the peak widths and details of the
weld such as the edge of the fusion zone and the individual weld beads. At transverse distances
y > ~20mm from the weld the peaks are uniformly ~0.015° wide, which corresponds to
the inherent instrumental resolution and low microstresses in the plate prior to welding. The
increases in peak widths elsewhere are mainly a measure of microstrains and, to a small
extent, macrostrain gradients resulting from the welding process and plastic deformation.
The maximum peak broadening, 0.065°, corresponds to a microstrain of 3 x 1073, The
fusion zone boundary is outlined in detail by a narrow layer, about one matrix step wide, in
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which peak widths are ~0.03°. This indicates that the microstrain change at the boundary
is generally very sharp and is less than or equal to the spatial resolution. Outside the weld,
roughly within the band —20 < y < 20mm, —5 < z < 5mm, there is another region in
which peak widths are similarly 20.03°. In this region there has probably been some plastic
deformation as it would have been initially in tension as the first beads were laid down, but
finally became a balancing compressive region as later beads were laid. Inside the weld, peak
widths vary from ~0.04° in the partially annealed near mid-thickness region to ~0.065° in
the last deposited surface beads where microstrains are highest.

12.5 Conclusions

Two-dimensional strain mapping is becoming increasingly common using both neutrons and
synchrotron X-radiation. This development is a result of demand from engineers, who are
now beginning to insist on detailed residual strain and stress information so as to be able
to refine their designs and to validate their modelling codes, and the increasing ability of
strain scanners now to supply large amounts of repeatable data at acceptably low unit cost.
It is anticipated that demands will continue substantially to increase and that standardisation
and scanner design, measurement techniques, automated data processing and analysis, will
develop so that non-destructive residual strain and stress mapping of components will become
as routine and essential in engineering as body scanning is now in medicine.
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13 Study of stress gradients using
synchrotron X-ray diffraction

A. Pyzalla and W. Reimers

13.1 Introduction

By definition, residual stresses o;; are self-equilibrating stresses within a body. They fulfil
the equilibrium condition

0ij,j =0, eg. o1,1+o122+0133=0 (1

within each point of the body. This implies that regions with tensile residual stresses always
have to be balanced by regions containing compressive residual stresses and that for reasons of
consistency residual stress gradients are present in between the stress extrema. Furthermore,
a gradient in one residual stress component, for instance in o1, that is o11,; # 0, always
means that there is also a gradient in at least one other residual stress component, for example,
0122 # 0 or 0133 # 0 [1]. Thus, the residual stress state of a sample or a component cannot
be characterised by a single value but only by a residual stress distribution and hence residual
stress gradients.

Steep residual stress gradients typically are present in those areas where strong deformation
inhomogeneities exist, for example, in the vicinity of notches or at interfaces between different
materials. Also thin films due to the boundary condition

ojjn; =0 (2)

at the free surface often are subject to steep residual stress gradients. In equation (2), n
denotes the normal to the surface.

The residual stress distribution and its gradients within a body are of major practical
relevance, for example, with respect to distortion of components during further machining
or cutting. Near-surface stress gradients are known to play an important role with respect to
fatigue properties, for instance, in case of shot-peened surfaces, where compressive residual
stresses often are required in a certain magnitude and depth. In the case of thin films or layers,
the residual stress gradient near the interface often significantly influences the adhesion on
the substrate.

In order to analyse the residual stress distribution and its gradients in a sample or a com-
ponent by using diffraction methods, the choice of the radiation and the technique have to
be done adequately with respect to the in-depth resolution and the lateral resolution as well
as with respect to the angular resolution or the resolution in energy required [2]. With regard
to the in-depth resolution three regions can be roughly distinguished: the region very near
the surface up to approximately 20 um depth, the near-surface-region up to approximately
200 pm depth and the bulk (Figure 13.1). The very-near-surface region is accessible to X-rays
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Figure 13.1 The range of use of radiations used for residual stress analysis.

from laboratory sources and low-energy X-rays from synchrotron sources, for example, in the
grazing incidence mode. The near-surface region is accessible using conventional X-ray tubes
with a white spectrum or medium energy X-rays from synchrotron sources. The bulk resid-
ual stresses are the field of neutrons (see Chapter 1 and Part 4 of this book) and high-energy
X-rays from a laboratory or a synchrotron source.

13.2 Analysis of very-near-surface stress gradients

Very-near-surface stress gradients have to be expected in thin coatings, but also as a conse-
quence of surface working processes, for example, grinding. The presence of a stress gradient
normal to the surface direction manifests itself in a curvature of the d*! versus sin?ys graph.
This is due to the fact that the penetration depth of the radiation varies with the inclination
angle v as a consequence of the absorption of the radiation. In fact, X-radiation yields vol-
ume averages of the strain and the stress which are weighted with respect to the absorption
of the radiation [3]:

[oije¢/Tdz 1

[e=/tdz e /o) 3

0ij(t) =
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7 denotes the penetration depth, €(1/7) is the Laplace transform of t(z) and o (7) is called
the Laplace stress. The penetration depth T depends on the Bragg angle 6, on the inclination
angle 1, the absorption coefficient u and the diffraction geometry. For measurements in the
2-mode where the sample is tilted so the scattering vector remains in the 6 — 26 plane, 7 is
given by [4]
1 (sin?6 — sin® ¥) A

T_Z/L sin 6 cos ¥ @
whereas in case of measurements in the y-mode [4] where the sample is tilted about an axis
in a plane normal to the 6 — 26 plane

sin 6
T=——cosy (®)]
2p

Several methods have been developed in order to determine the residual stress gradients by
a systematic variation of the penetration depth: see, for example, Refs [4-7]. A variation of
the depth by using different Bragg angles can be performed by using different reflections
close to grazing incidence in Seemann—Bohlin geometry [8—12] (Figure 13.2). This allows
for the analysis of the very-near-surface layers. Here, synchrotron radiation due to the small
divergence of the beam is exceptionally beneficial for the analysis of regions less than 1 pm
beneath the surface. From the discontinuous residual stress values obtained in the Laplace
space the residual stress in the real space can be obtained, assuming 033 = 0, by fitting the
stress values versus penetration depth and subsequent inverse Laplace transformation [12].

A similar method is the multi-wavelength method, which is based on the fact that the
absorption depends on the energy and thus the wavelength of the radiation. Thus, the use of
different radiations and reflections enables the determination of discrete residual stress values
by the sin?y method in different depths [13]. The adaptation of this method from conventional
X-rays (where different sources, for example, CuK,, CrK,, are used) to synchrotron radiation
is very advantageous since, due to the possibility of tuning the wavelength due to using a
white beam, a far more continuous sequence of residual stress values versus depth can be
made available [14].

These approaches of varying diffraction angles, wavelengths or energies and using several
reflections, have been summed up in the so-called Universal-plot method [15-18], where the
011(7), 012(7), and 02, (7) curves obtained in 2 and/or ¢ geometry for different radiations
and reflections are integrated into one curve. Figure 13.3 shows an application of this method
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Figure 13.2 Principle of residual stress analysis in the grazing incidence mode [10].



222 A. Pyzalla and W. Reimers

—1500 Lovvbwudind « 1w bl 0 1w bbb 0 Ll

o
o
=
o
"y
-
—
o
o)
=)

z, t (um)

Figure 13.3 Universal-plot and stress distribution in a ground steel plate determined using white
synchrotron radiation [15].

to the determination of Universal-plot U (t) = (1/2)[o11(t) + 022(7)] of the residual stress
gradient in a ground steel plate by energy dispersive diffraction [17].

Apart from that, methods such as the so-called polynomial method [13, 19] have been
developed, which are a consequent further development of the sin?y method.

A promising new procedure for analysing stress gradients in the near-surface zone using
X-rays or synchrotron radiation is based on the systematic variation of the penetration depth
at defined ¢, ¥ -measuring directions [5, 6, 20, 21]. Therefore, the information depth t is
varied by rotating the sample by the angle n (Figure 13.4) around the measuring direction
g, (scattering vector).

-2 -2 20 winal cin2
sin“6 — sin“yr + cos“6 sin“ Y sin . . .
T, = v - v il u — linear attenuation coefficient (6)
1
2 sin 6 cos Y

The scattering vector technique is furthermore useful for analysing stress gradients in textured
materials (for instance, thin PVD coatings) because in this case the d-depth profile of the
intensity poles can be followed.

An example of the application of the scattering vector technique is the analysis of the stress
gradients in thin layers deposited by the PVD or CVD methods. As an example the residual
stress gradient obtained by synchrotron diffraction [22] of a TiN layer on a steel substrate
deposited by a bias voltage on the substrate of —200 V up to a layer thickness of 2.5 pum,
and then reduction of the bias voltage to 0V, is shown in Figure 13.5. Obviously, the steep
residual stress gradient obtained on both reflections agrees well.
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Figure 13.5 Residual stress gradient in a TiN-layer determined by the scattering vector method
using synchrotron radiation (A = 0.13 nm).

13.3 Analysis of near-surface stress gradients

Whereas the information depth of conventional X-ray diffraction measurements using the
characteristic wavelength of the typical anode materials Co, Cu or Cr is limited to some
10 pwm in case of metallic materials, the information depth can be extended to approximately
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Figure 13.7 Penetration depth as a function of the energy and the diffraction angle.

200 pm using the white X-radiation sources, which allow for the use of higher photon energies
[14, 23-26]. For analysing the energy value corresponding to the reflecting lattice planes
hkl and their d"*! values, an energy-dispersive detector is required. The measurements are
performed in reflection geometry at a constant 26 angle. Figure 13.6 shows the intensity—
energy spectrum of a steel sample [14]. It reveals that the energy-dispersive analysis allows
the simultaneous recording of several reflections. Each of the reflections is registered at a
different energy level and therefore represents a certain information depth. The information
depth can further be varied by the choice of the reflecting angle 8 (Figure 13.7).

Thus, stress depth profiles over a scale of several hundred micrometres, which are typical
for surface treatments such as rolling, shot peening and case hardening, are often obtainable
by measuring only one spectrum. This is illustrated by Figure 13.8, which shows the results of
an energy dispersive analysis of the residual stress gradient in a shot-peened steel spring. The
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Figure 13.8 Residual stresses in a shot-peened steel spring.

residual stress values are compared to the results of conventional X-ray diffraction measure-
ments after repeated etching of the surface. The results obtained by the two different methods
are in good agreement. Further application examples for white beam high-energy X-ray dif-
fraction residual stress analyses of near-surface stress gradients can be found, for example,
in Refs [27-29]. In the case of lightweight materials such as aluminium, monochromatic
radiation of medium energy can often also be used [30].

13.4 Analysis of bulk residual stress gradients

Whereas in the case of residual stress analyses in the very-near-surface region and the near-
surface region the information depth is governed by the penetration depth of the radiation,
in the case of high-energy synchrotron radiation residual stress analysis, similar to neutron
diffraction, the volume element is defined by slits. But the diffraction angle, in contrast to
neutron diffraction, has to be small, usually less than 26 = 10° (see Ref. [31]). Thus the
volume element has the shape of an elongated diamond, whose small dimension in two direc-
tions allows for the analysis of the strain gradients with a resolution of several micrometres
[32]. This analysis can be performed with extreme accuracy in the strain values by using
monochromatic synchrotron radiation [33]. However, since for the analysis of the residual
stress rotation of the sample is necessary, due to the low 26 angles, different parts of the sam-
ple are illuminated when, for example, the strain components in radial and axial directions of
a cylindrical sample are determined. Thus, the assumption of the homogeneity of the stress
state within the gauge volume has to be checked carefully. White synchrotron radiation is
especially useful in those cases where the residual stress gradients are accompanied by other
gradients such as composition gradients or texture gradients (Figure 13.9), since in those
cases a simultaneous determination of the residual stresses and the volume fractions of the
different phases and/or the texture is possible. A few examples of the determination of residual
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Figure 13.10 The residual stress distribution obtained across the sample thickness and the results
of conventional X-ray residual stress analysis at the surface of the sample.

stress fields in the bulk by energy dispersive high-energy synchrotron diffraction are given
below.

13.4.1 Analysis of the load stress gradient in a plastically deformed steel

In order to prove the residual stress analysis method developed at the high-energy beam
line ID15A at the ESRF [27, 28], the load stress distribution of a plastically deformed
steel sheet (German steel grade 42CrMo4, dimensions: 150 mm width x 40 mm height x
6 mm thickness) sample was determined in sifu in a three-point bending device. Figure 13.10
illustrates the residual stress distribution obtained across the sample thickness and the results
of conventional X-ray residual stress analysis at the surface of the sample. A comparison of
the full line representing the average of five independent reflections and the dotted line which
corresponds to the 211 reflection reveals that the scatter of the data is small. Furthermore,
the results are in good agreement with the calculations. They reveal the high local resolution
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obtainable by this method, which allows for the determination of steep local stress gradients
near the residual stress extrema.

13.4.2 Simultaneous analysis of residual stress and composition gradients

Functionally graded materials (FGMs), e.g. NiCr80/20 reinforced with 8Y-ZrO, meet the
demand for adjusting defined property gradients within technical parts. Due to the different
coefficients of the microstructural constituents, strong phase-specific residual micro stresses
can develop during manufacturing or under service conditions. These residual microstresses
can be superimposed on macro residual stress fields caused, for example, by temperature
gradients during cooling. High-energy synchrotron diffraction measurements of the phase-
specific residual stresses (Figure 13.11) determined in the FGM reveal that the out-of-plane
and the in-plane residual stress values are of the same amount; thus the residual stress state in
the bulk of the sample is almost hydrostatic [34]. Obviously, the high compressive residual
stresses in the ZrO; decrease with increasing volume fraction of the ZrO,, which is partially
compensated by the NiCr80/20 matrix. Due to the small size of the gauge volume, even the
analysis of the residual stress distribution in individual layers seems possible (Figure 13.12).

13.4.3 Simultaneous analysis of residual stress and texture gradients

An example of the simultaneous analysis of the texture and the residual stress analyses
in a semi-finished product was done on a full forward-extruded sample. Within this sam-
ple residual stress and texture gradients (Figures 13.13 and 13.14) arise due to strong plastic
deformations, which are inhomogeneously distributed across the sample diameter. The resid-
ual stress values determined in the radial and the hoop direction in the centre of the sample
agree well, which proves that the experimental error is small. Furthermore, the difference
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Figure 13.11 Phase-specific residual stresses in the bulk of a functional gradient material.
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Figure 13.12 Phase-specific residual stresses in the ceramic component within an individual layer.

between the axial and the radial or hoop component in the centre of the sample determined
by neutron diffraction compares well to the difference of these values determined by high-
energy synchrotron residual stress analyses. Neutron diffraction and synchrotron diffraction,
in very good agreement, reveal that in the inner part of the specimen the residual stresses in
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Figure 13.14 Residual stress distribution in an extruded steel sample. r = 0 is at the centre of the rod.

radial, hoop and axial direction are compressive (Figure 13.14). These compressive residual
stresses are balanced by tensile residual stresses in the outer part of the sample. The quantita-
tive stress values also fulfil, within an experimental error margin of 80 MPa, the mechanical

equilibrium condition.
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13.5 Future prospects

The use of synchrotron radiation can be expected to have a large impact on the analysis of
residual stress gradients, since the low divergence of the beam and the high spatial resolution
obtainable will facilitate residual stress analyses with extreme local resolution in the order
of some micrometres.

But this high local resolution is bound to bring about new challenges. One of them is the
problem of coarse grains. In the case of coarse-grained materials, the variety of orientations
within the gauge volume is too small with respect to the statistics necessary for a smooth
curve of the reflection. Since these single grains are situated at different positions within the
gauge volume (for example, at the opposite sharp points of the elongated diamond), it is
evident that the reflections arise from positions that both are slightly off-centre and the line
positions are therefore shifted. This shift superimposes on the line position shift induced by
the residual stresses. The grain size d¢c above which the material has to be classified as coarse
grained can be estimated using the image that the Debye—Scherrer ring should be completely
occupied:

J-A@ooms
de =] =——"—2V 7
¢ 360° - 360° @)

The bold dot symbolises a convolution between the beam divergence A6y and the mosaic
spread ‘ms’ of the crystals. J is the multiplicity factor. In the case of synchrotron diffraction,
due to the small beam divergence, this convolution can be roughly substituted by the mosaic
spread alone. The critical grain sizes with respect to coarse grain effects for a gauge volume V
of 0.12 mm?3 are plotted in Figure 13.15 versus the mosaic spread of the crystal. As expected,
the critical grain size decreases with decreasing gauge volume and decreasing mosaic spread
of the crystals and multiplicity factor. The critical grain sizes estimated indicate that coarse
grain effects can be expected to occur especially for ceramics, which usually have small
mosaic spreads and often structures of low symmetry, but that for metals with large mosaic
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Figure 13.15 Critical grain size with respect to coarse grain effects [35].
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spreads the critical grain size is nearly in the order of the critical grain size of conventional
X-ray analyses. However, the problem of large grains can in some cases be overcome by
small oscillations of the sample, preferably in the angle .

Another challenge for synchrotron residual strain scanning is the accuracy in positioning
required. Due to the smallness of the volume elements, which is in the order of micrometres,
this is also the error margin required, for example, in the position of the gauge volume after
turning the sample.

Future developments anticipated by people involved in synchrotron residual stress experi-
ments are the completion of dedicated instruments, such as the second diffractometer at
the beamline ID11 of the ESRF in Grenoble and an instrument at the APS in Chicago, as
well as the further development of the diffractometer at the ID15A at the ESRF and the high-
energy X-ray diffractometer at the HASYLAB, Hamburg. Instrumental improvements such as
energy-dispersive detectors with improved energy resolution will be beneficial, for example,
with respect to the analysis of strain gradients in composite materials. Finally, the increase
in availability of synchrotron radiation will allow for the development of new methods of
taking advantage of the high photon flux and small divergence of synchrotron radiation.
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14 Near-surface stress measurement using
neutron diffraction

L. Edwards

14.1 Introduction

The measurement of near-surface residual strains is of significant technological importance
since many industrial surface engineering processes improve surface properties by the intro-
duction of relatively shallow residual stress fields. The determination of near-surface stresses
has historically been undertaken by X-rays. X-ray diffraction can measure surface stresses
to a depth of ~20 pwm non-destructively. Furthermore when used with the destructive layer
removal technique, near-surface stress profiles up to several hundred wm in depth can be
achieved, although it has been suggested that such measurements should be limited to a
depth of ~100 wm at most [1]. Current developments in synchrotron strain scanning suggest
that this may also be a technique suitable for near-surface stress measurements.

Neutron diffraction, however, uniquely possesses the ability to measure accurately and
non-destructively residual stresses from the surface to deep within the bulk of engineering
components. When using neutron diffraction to measure near-surface strains, the gauge vol-
ume is often only partially immersed in the material and so special analyses are required to
allow for the changing diffraction geometry. Furthermore, as many surface engineering treat-
ments produce large stress gradients near the surface of components, precise near-surface
strain measurement is required, which involves both an accurate determination of measure-
ment position and a small systematic error in strain measurement. This chapter will describe
the requirements for precise near-surface strain measurements by neutron diffraction and
will then show how these requirements can be met for both monochromatic wavelength mea-
surements (reactor neutron sources) and time-of-flight spectrometry measurements (pulsed
neutron sources). Finally, the advantages of near-surface measurement using vertical scan-
ning (Z-scanning) will be illustrated. Examples of near-surface measurements will be given
where appropriate.

14.2 Requirements for near-surface measurement

There are three basic requirements for the accurate measurement of near-surface strains.
First, the position of the surface with respect to the neutron beam must be accurately known.
This may be achieved by extremely careful optical alignments using theodolites and other
optical instruments. Although accurate optical alignment of both the instrument and specimen
is essential, determining the precise location of the specimen surface with respect to the
incoming neutron beam is best achieved by fitting intensity variations measured by fast
surface scanning to an attenuation based model of the resulting entrance curve. Using this
method an alignment precision of better than 0.05 mm can be achieved [2].
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Second, the ‘centre of gravity’, or centroid, of a near-surface gauge measurement volume
must be calculated, as the centroid of the diffracting material clearly differs from the centre
of the volume defined by the collimated neutron beam as soon as the latter volume straddles
the specimen surface. It may also be necessary to consider the effects of attenuation for some
materials as this may change the apparent position of the measurement centroid.

Finally, a correction may be required to allow for any pseudo-strain effects caused when the
gauge volume straddles the surface or where the phase being measured is not homogeneously
distributed within the gauge volume, resulting in a changing diffraction geometry. This
surface effect due to the changing diffraction geometry is instrument dependent and must be
characterized for a given collimator and detector setup.

Early determinations of near-surface strains in surface engineered components [3—-6] were
made on single-detector angular-sensitive neutron diffractometers that, fortunately, possessed
relatively low surface aberrations, for example, D1A at ILL, Grenoble. However, with further
development of the neutron diffraction technique, most stress diffractometers were fitted with
multi-detector position-sensitive instrumentation to increase the efficiency of data collection.
It became clear that such instruments produced pronounced surface effects and several authors
analysed the principal causes of these effects for both reactor-based [7-11] and pulsed source-
based instruments [2, 12].

The most succinct treatise on near-surface measurements using reactor sources is given
by Webster et al. [8]. They show that the three main effects seen during monochromatic
wavelength measurements on reactor-based instruments are:

(1) A wavelength effect. At reactor neutron sources, a monochromatic beam of neutrons
is produced by using a crystal monochromator to select a given neutron wavelength from
a ‘white’ polychromatic neutron beam by Bragg diffraction. In order to obtain usable neu-
tron intensities, the monochromators may be bent and the collimators have finite width. As
a consequence there is a gradient of wavelengths across the beam. When the gauge volume is
immersed in the specimen the average wavelength of the diffracted beam remains constant,
but as the gauge volume moves through the surface the occupied portion of the gauge volume
changes position relative to the incident beam, so a different average wavelength applies at
each point in the scan.

(i1) A geometrical effect. As the diffracting gauge area changes shape, its centroid moves
relative to the detector system. If a multi-detector such as a position sensitive detector (PSD)
is used, this displacement of the centroid causes a change in diffraction angle, causing a shift
of the peak on the detector.

(iii) A peak clipping effect. When a multi-angle detector is used, the detector slit used
to define the gauge volume can also limit the angular divergence of the beam diffracted
from a part of the gauge volume. This can cause peak clipping. When the gauge volume
is immersed in the specimen, this effect is symmetrical and the position of the peak is not
affected. However, when scanning through a surface so that the gauge volume is only partially
filled, the clipping is asymmetric and can lead to an offset in the measured peak position.

Several attempts have been made to produce both analytical and numerical analyses [9-12]
of the first two of these effects. All authors agree that the above surface effects can be mini-
mized but not eliminated. It is clear, however, that they can be determined experimentally —
by passing the gauge volume through a stress-free surface such as a powder material — or
calculated, allowing corrections to be made to raw data.
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The author and co-workers have studied the near-surface measurement effects using the
time-of-flight ENGIN diffractometer on the ISIS pulsed neutron spallation source. Spallation
source stress diffractometers do not suffer from wavelength or peak clipping effects and
possess relatively low geometrical effects; but the radial collimators now commonly used
at pulsed source instruments require specific analyses of their geometrical effect to be
undertaken.

This chapter will use an analysis of ENGIN to illustrate the requirements for precise near-
surface stress measurement. However, the principles are generic and the method could be
modified to deal with other neutron diffraction conditions. Many of the basic analyses are
also applicable to synchrotron near-surface strain scanning.

14.3 A methodology for near-surface strain measurement

14.3.1 Precise determination of measurement position

To perform near-surface strain scanning using neutron diffraction, the surface of the com-
ponent must be established to a precision of at least 0.1 mm. This is particularly important
if the specimen contains large stress gradients near its surface. It is difficult and sometimes
impossible to determine the precise specimen surface position using only theodolites and
telescopes, for example, owing to the large size or complicated geometry of some compo-
nents. The location of the sample position with respect to the neutron beam can be obtained
by observing the increase in neutron counts as the gauge volume enters the sample. A quick
neutron scan (about 20 mins)! can be performed by moving the gauge volume from a point
off the surface to a point inside the surface, and researchers have been using this technique
for a number of years [13]. One could then obtain a plot of the integrated neutron intensity
against position relative to the surface.

The case where the gauge volume possesses a rhombic prism shape has been considered in
detail by Brand and Prask [14]. However, in order to obtain a good fit to the experimental data
a Levenberg—Marquardt technique had to be used in which the background, attenuation and
position and size of gauge volume were all adjustable. Larsen et al. [15] have also considered
this problem, but their model required the use of a non-standard attenuation coefficient, that
is, 0.152 mm~! for iron when a value of 0.112 mm ™! is typically quoted in the literature [16].
A general mathematical description of this problem for the ENGIN diffractometer at the ISIS
spallation neutron source has been developed which utilizes two opposing collimators with
axes normal to the incident beam [2, 12]. Other authors have addressed the same problem,
showing that the approach could be extended to other diffractometers [9—11].

The traditional horizontal scanning geometry for making all neutron measurements is
shown in Figure 14.1. In the general case the gauge volume is not cubic. This is the usual
situation at ENGIN, where the geometry of the focusing collimators is fixed and the shape
of the gauge volume is varied by changing incident beam slits [17]: as may be seen from
Figure 14.2, which illustrates the basic geometry of ENGIN.

The gauge volume is defined by the dimensions of the slits provided by the incident beam
collimation and by the dimension of the focusing function of the collimating detectors. The
integrated neutron intensity during surface scanning is governed by two principal factors
(though other phenomena, such as multiple scattering, and texture [2] can also be involved in

! This time estimation is given on the basis of data collection for seven points at ENGIN, ISIS, UK.
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some circumstances). The integrated neutron intensity initially increases as the gauge volume
enters the sample, so increasing the diffracted volume. It is also attenuated by absorption
and diffraction within the sample. So, in practice, the integrated neutron intensity reaches
amaximum, the position of which depends on the shape of the gauge volume and the material’s
attenuation. For the case of ENGIN, the intensity is additionally dependent on the focusing
function of the collimators, so throughout this chapter the term ‘detected intensity’ is used
in preference to integrated neutron intensity.

The mathematics of the modelling can be obtained from Ref. [2] and only a few rele-
vant points will be made here. Firstly, it is important to include both attenuation and beam
divergence when fitting intensity curves to define the position of the surface.

Figure 14.3 plots typical entrance curves for both aluminium and iron for a nominal
2 x 2mm incident beam at ENGIN - the third dimension is fixed by the radial collima-
tor. It can be seen that the position of the surface relative to the maximum intensity observed
varies significantly with attenuation.

This approach has been applied to a variety of materials on ENGIN. The specimen surface is
accurately located by using a least-squares method in which only the background and sample
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position are variables to fit experimental data to the model. The result for a 60 jum iron powder
(used to eliminate any texture effects) in a vanadium can is plotted in Figure 14.4. Incident
beam slits of 2 x 5 mm? were used, giving an effective gauge volume of 1.4 x 2.2 x 5.2 mm>.
It can be seen that the model fits the experimental data extremely well, and the surface is
located to better than 0.05 mm.

14.3.2 Calculation of gauge volume centroid

When measuring components that contain high strain gradients at the surface, a relatively
high number of near-surface measurements need to be performed. As typical gauge volume
dimensions are large compared to the distances over which strain gradients occur, measure-
ments are usually taken with the gauge volume only partially immersed in the component.
Under these conditions it is important to know the precise position of the ‘centre of gravity’
of the diffracting volume is, as it is not at the centre of the gauge volume. A similar condi-
tion can occur when the gauge volume is completely immersed in the sample if the material
possesses significant attenuation.

This is achieved by calculating the centroid of the diffracting volume — the effective point of
strain measurement. If the gauge volume is completely immersed in the specimen, provided
the attenuation is not too high, the centroid is simply its geometrical centre, provided that the
spatial distribution of the diffracted intensity possesses a point symmetry at the geometrical
centre. However, when the gauge volume partially enters the specimen, the position of the
centroid relies on two functions. One is the function of the diffracted volume, V (x, v, z). The
other is the spatial distribution function of the detected intensity, / (x, y, z). The term ‘detected
intensity’ is used because for ENGIN the spatial distribution of the intensity depends not only
on the spatial intensity distribution of the incident beam and the diffraction homogeneity of
the specimen, but also on the focusing effect of the collimators.

To calculate the position of the centroid, we use the fact that the total diffracted neutron
intensity in both halves of the gauge volume separated by the centroid position should be
equal, so that:

L r

/I(x,y,z)dV=2/I(x,y,z)dV )
0 0

where the left-hand side integrates over the whole diffracted volume; the right-hand side
either over the half of the volume from the sample surface to the centroid, or from the centroid
position to the tip of the gauge volume; L is the distance from the tip of gauge volume to the
sample surface; and r is the distance from the sample surface to the diffraction centroid.

Considering the typical geometry shown in Figure 14.1, if the spatial distributions of
the detected intensity in the three orthogonal directions are rectilinear and the specimen
possesses homogeneous diffraction properties, then the position of the geometrical centroid
can be calculated as described in Ref. [2]. In practice, the spatial diffracted intensity function
may contain some instrumental or material broadening and so it may have extremities that
look like, for example, one half of a Gaussian. In such cases it is assumed that the volume
can be approximated by a rectilinear gauge volume of dimensions given by the FWHM of the
spatial function. The centroid position will also be affected by the distribution of diffracted
intensity within the gauge volume, which is affected by both attenuation and the spatial
intensity distribution of the incident beam. For iron this produces a shift of 0.13 mm for
a gauge volume of 1.4 x 2.5 x 2.5 mm?>.
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Figure 14.6 Differences in average diffraction length for an individual detector on ENGIN [12].

Again I shall give only illustrative results here. The results for such a 1.4 x 2.5 x 2.5 mm?>
gauge volume are plotted in Figure 14.5. The solid line assumes no attenuation, and the
dashed line uses the attenuation coefficient for iron. It can also be seen that the change in the
centroid position as the gauge volume enters the sample surface is larger when attenuation
is present.

14.3.3 Correction of near-surface effects due to changing diffraction geometry

As noted earlier, an anomalous strain can be measured when the gauge volume straddles the
sample surface or an internal interface between two phases, or where the distribution of the
phase being measured is not homogeneously distributed within the gauge volume. This can
be quite large at ENGIN, where the effect results from differences in the average diffraction
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Figure 14.7 Comparison of measured and simulated pseudo-strains in iron and aluminium
powders. (See Colour Plate IX.)

length and visible gauge volume for individual detectors within the focusing collimator, as is
schematically shown in Figure 14.6. The radial focusing collimator possesses 40 vanes and is
backed by three banks of 45 detectors [17]. A dual-pronged strategy was taken to characterize
this pseudo-strain effect on ENGIN. A numerical model of the diffraction geometry of ENGIN
was produced using the Monte Carlo method [12]. The results of this simulation were then
compared to pseudo-strains detected when passing the gauge volume through a series of
strain-free surfaces created by placing metal powders in vanadium cans. It was assumed
that no type I strain or texture exists in the powder specimens. Two types of powder, iron
and aluminium (particle size: 60 wm), were put into containers consisting of an aluminium
frame with two 0.1 mm vanadium windows. The results are shown in Figure 14.7 where it
can be seen the simulation compares well with the experimental results. It can be seen that
the pseudo-strain measured in both iron and aluminium is similar, showing that the effect of
attenuation is small when compared to the geometry effect.

14.4 Z-scanning — a better method for surface strain measurement

Of the three essential requirements for precise near-surface measurement detailed above by far
the most difficult and awkward to deal with are the pseudo-strains described in section 3.3.
These can be very large, often bigger than the physical strain in the component surface,
and conventionally can only be dealt with by either a specific calibration measurement
or Monte Carlo type simulation of each measurement geometry used. Furthermore, the
magnitude of the effect is unique to each specimen and diffractometer used.

However, if the incident beam is scanned vertically out of a horizontal surface as shown
in Figure 14.8, there is no change in diffraction angle and, hence, no pseudo-strains are
generated as the gauge volume moves out of the surface [12]. I shall term this geometry
Z-scanning.

Determination of the surface location from entrance curves and determination of the gauge
volume centroid is also easier for this geometry where one side of the gauge volume is
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Figure 14.9 The model fitted to experimental data for the geometry shown in Figure 14.3.

essentially parallel to the surface. Indeed, for low absorption materials there is a linear change
in both centroid position and diffracted intensity as the gauge volume enters the surface [2].

Figure 14.9 shows the Z-scan entrance curve for an aluminium alloy, measured with
a2 x 2mm? incident beam and a slit to gauge volume distance of 250 mm. Taking the beam
divergence (3 x 1073 rad for ENGIN) into account, then the extremities of the gauge volume
are 2 x 3.5 x 3.5 mm?>. Following the method suggested in Ref. [2], the FWHM of the detected
intensities can be used to define an equivalent gauge size in the three orthogonal directions
so that the effective gauge volume is 1.4 x 2.75 x 2.75 mm?.

This expected relatively simple entrance curve behaviour is, however, not seen in all cases.
In particular, when high attenuation material is measured with 90° detectors that typically
subtend a larger angle (up to 2210°) of the Debye cone, then ‘wings’ are seen to the entrance
curve as shown in Figure 14.10, which plots a Z-scan entrance curve for a 5mm thick
shot-peened IN 718 Nickel alloy plate.

The explanation for this unusually shaped Z-scan emergence intensity curve is illustrated
in Figure 14.11. The relatively large angle typically used (~=£10°) when a detector is at 90°
to the incoming neutron beam allows diffracted beam paths to the top and bottom of the
detector to spend differing lengths in the sample when the gauge volume is near the surface.
So, as shown in Figure 14.11, when the gauge volume is deep in the sample the specimen
path length is roughly the same for neutrons entering any part of the detector. However, when
the gauge volume approaches the surface, then neutrons entering the top half of the detector
reduce their path length in the specimen as they pass through the top surface of the specimen
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and thus are less attenuated than one would expect. This gives a larger signal than expected
when the gauge volume is straddling the surface and produces the Z-scan entrance curve
shown in Figure 14.10.

This effect is strongest for high absorption materials. It is distinctly different to the decaying
entrance curves seen in horizontal surface scanning geometries and illustrated in Figures 14.3
and 14.4, in that once the volume is fully within the material then there is no further decrease
in diffracted intensity.

There are fewer complications to centroid determination when Z-scanning. For a simple
orthogonally-sided gauge volume, then, the centroid position for this geometry may be simply
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Figure 14.12 Centroid position for square and Gaussian shaped gauge volumes in Z-scanning.

deduced as occurring half way across the actual diffracting volume. The deviation from this
behaviour for a Gaussian shaped gauge volume is small, as may be seen from Figure 14.12.

14.5 Example: grinding stresses

Grinding can be a major cause of residual stress at the surface of engineering components and
can critically influence their service life. Relatively mild grinding induces low work-piece
temperatures and compressive residual stresses are typically produced owing to mechanical
indentation effects. More severe grinding conditions increase work-piece temperature until
thermal stresses dominate, owing to expansion of the material closest to the surface, leading
eventually to the production of tensile stresses at energy levels even below those at which
damage such as burn, tempering or phase changes occur [18].

As part of a research programme on Controlled Stress Grinding, the onset temperatures
and conditions for the generation of tensile stresses in ground surfaces of a series of commer-
cial steels has been characterized. A predictive model has been developed which has been
validated by experimental determination of temperature from embedded thermocouples and
near-surface residual stress profiles by X-ray and neutron diffraction [19]. A comparison of
the residual stresses measured in a specimen of EN31 is given in Figure 14.13. Excellent
agreement can be seen between the two diffraction stress measurement methods.

The material studied was EN31 steel, quenched and tempered to a hardness of 850 HV.
Samples (16 x 8 x 50 mm?3) were ground with different conditions (wheel speed, work-
piece speed and depth of cut). The X-ray diffraction measurements were performed using Cr
radiation (A = 2.2897 A) on a Bruker D5005 diffractometer equipped with a single detector,
sampling from the (211) plane in the ferrite phase at 260 = 156.3°. Stresses were calculated by
measuring 11 psi-angles. The high carbon content of the martensitic EN31 produces very wide
diffraction peaks, and thus a sliding gravity method was used to determine accurately peak
positions. The near-surface measurements were performed by electrolytic surface removal
of an area of 0.5 cm? using steps between 10 and 50 wm. Of course, using this method the
X-ray technique is, at best, a semi-destructive method of measuring near-surface stresses.

The neutron diffraction surface stress measurements were performed using the Z-scan
method on the ENGIN diffractometer. A sampling volume of 20 x 1.7 x 0.5mm? was
scanned vertically out of the sample surface, in increments of 25 pum. The strain-free reference
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Figure 14.13 Near-surface grinding stresses in an EN31 sample as measured by X-ray (layer
removal) and neutron (Z-scan) diffraction on ENGIN.

Figure 14.14 Cylindrically ground EN31 component sample.

lattice spacing was taken from a measurement 4 mm from the ground surface (middle of
the specimen). Strains were obtained after fitting all the peaks of the diffracted spectrum
using a Rietveld analysis program. The fitting was performed using two phases (ferrite and
austenite) due to the presence of retained austenite (estimated at around 7%). Stresses were
calculated assuming a zero principal stress perpendicular to the ground surface.

Of course, the two techniques are complementary in that neutron diffraction cannot make
measurements at the surface and X-ray diffraction cannot make near-surface measurements
non-destructively. This complementarity was used in the Controlled Stress Grinding inves-
tigation to completely non-destructively determine the near-surface residual stress profile in
several large cylindrical grinding components (Figure 14.14).

Figure 14.15 compares the residual stresses in two EN31 samples ground under similar
conditions (work-piece speed 40 m/s; wheel speed 0.3 m/s; depth of cut 8§ wm) with two
different grinding wheels. Sample 1 was ground with an alumina wheel whilst sample 2 was
ground with a cubic boron nitride (CBN) wheel. The results show two distinctly different
profiles, one highly tensile and one highly compressive, and illustrate the benefit of using
CBN if tensile residual stresses are to be avoided. This is probably due to the greater thermal
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Figure 14.16 Near-surface grinding stresses in an EN9 sample as measured by X-ray (layer removal)
and neutron (Z-scan) diffraction on the G5.2 diffractometer at LLB, Saclay, Paris
(courtesy Dr M. Fitzpatrick).

conductivity of the CBN wheel. However, it should be noted that grinding with alumina
usually produces a substantially better surface finish than grinding with CBN.

The neutron Z-scan measurements illustrated above were performed on the ENGIN dif-
fractometer at ISIS, UK, which is particularly suited for Z-scan measurements as the vertical
divergence of the neutron beam is relatively low (3 x 1073 rad). Although the higher neutron
fluxes available at constant wavelength reactor-based diffractometers should enable the use
of smaller gauge volumes, the intrinsically higher vertical divergence used at most of these
instruments enlarges the vertical gauge volume size substantially even if narrow slits are
used. Thus, there has been little work using the Z-scan geometry to measure near-surface
stresses on constant wavelength instruments. However, the technique can be used on such
instruments, as can be seen from Figure 14.16 which compares X-ray results with neutron dif-
fraction residual stress measurements obtained using Z-scanning on the G5.2 diffractometer
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at LLB, Saclay, Paris. It is, however, interesting to note that despite the use of a 0.3 mm slit to
define the vertical gauge volume size (nominal sampling volume = 10 x 10 x 0.3 mm?®) on
this ground EN9 sample, the effective gauge volume was nearly double that found on ENGIN
when using a 0.5 mm slit. So unless constant wavelength diffractometers can be configured
with lower vertical divergence, then the advantages of Z-scanning is likely to be most utilized
on pulsed spallation source instruments.

14.6 Example: shot peening

Shot peening produces compressive residual strain (stress) in the surface region of compo-
nents to improve their resistance to fatigue. Quantification of the residual stress distribution
near shot-peened surfaces is desirable both to monitor the shot peening procedure and to
predict the fatigue life of components.

The in-plane stress distribution in a nickel-based superalloy IN 718 plate measured by
a Z-scan on ENGIN is shown in Figure 14.17. This specimen was a VAMAS round robin
specimen used in the development of an international standard of the measurement of stress
using neutron diffraction and was shot-peened using 230 R at an intensity of 0.0083 A. The
entrance curve intensity profile for this specimen is given in Figure 14.10.

14.7 Conclusions

Near-surface strain measurement by neutron diffraction requires the measurement location
to be precisely determined. This can be achieved by comparing the intensity distribution
generated by a rapid neutron scan with a model of the expected behaviour, and calculat-
ing the gauge volume centroid position taking into account both gauge volume size and
attenuation. In addition, for measurement of strains normal to a surface, the pseudo-strains
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Figure 14.17 In-plane stress distribution near a Nickel superalloy shot-peened surface.
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arising from changes in the diffraction geometry must be allowed for. Strain scanning in
the direction perpendicular to the incident and diffracted beams (Z-scanning) produces no
changes in diffraction geometry and is the preferred method of measuring near-surface strains
when physically possible. However, strain measurement must typically occur both perpen-
dicular and parallel to a surface if the full stress tensor is to be determined so that accurate
models of surface pseudo-strains are usually required. Used in this way, neutron diffraction
can uniquely measure the near-surface stress within a component and complements X-ray
measurements which can only make measurements deeper than 50 pm if a destructive layer
removal technique is used.
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15 Shot peening

A. Ezeilo

15.1 Introduction

Structural failures of engineering components are usually characterised by the initiation and
growth of fatigue cracks at surfaces. This is because surfaces usually experience the highest
applied stresses, and are susceptible to manufacturing defects and environmental attack.
Residual stresses also influence fatigue lifetimes, particularly levels of residual stress which
are present at the surface of a component. Tensile surface residual stresses tend to promote
failure while compressive surface residual stresses offer resistance to the initiation and growth
of fatigue cracks [1].

Shot peening is a mechanical surface treatment procedure which introduces compressive
residual stresses at the surface of a component and is widely used to improve fatigue perform-
ance [2-4]. The improvement in fatigue life is attributed to the introduction of near-surface
compressive residual stresses, a complex distribution of dislocations, and by work hardening
of the material at the surface. Figure 15.1 shows the improvement in fatigue life achieved by
applying a shot peening operation [3]. The greater the magnitude and depth of the compressive
stress layer the greater the improvement in fatigue life. However, excessive peening operations
may introduce cracks.

It is therefore desirable to know the magnitude and depth of the compressive stress layer,
as this can be used to assess the potential improvement in fatigue life and can also be used to
determine the optimal shot peening parameters. Neutron diffraction provides a non-intrusive
procedure for measuring shot peening residual stresses provided the necessary precautions
are taken. It is the purpose of this chapter to introduce shot peening and describe how the
neutron diffraction technique can be used to establish an accurate and reliable profile of the
residual stress distribution in shot peened specimens and components. Examples are given of
shot peening residual stresses generated in a variety of materials over a range of shot peening
intensities. An example is also given of how neutron diffraction can be used to measure the
evolution of a shot peening residual stress state. By improving the fatigue life of engineering
components there is greater scope for design optimisations and weight reductions, which
ultimately translate to cost savings.

15.2 The shot peening process

Controlled shot peening involves bombarding the surface to be treated with shot [3-5]. Typ-
ical shot is made of steel, ceramic or glass beads with sizes ranging from 50 pm to 6 mm in
diameter and having velocities at impact of up to 150 ms~'. Each individual shot produces
local plastic deformation in the target material and subsequent multiple indentations subject
the surface layer to local cyclic plastic loading. The resulting effect is that the surface layer is
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Figure 15.1 The effect of shot peening on fatigue life.

permanently stretched in-plane with the elastic subsurface attempting to return to its former
shape (Figure 15.2). This results in the generation of elastic compressive residual stresses
at the surface. The magnitude and distribution of the residual stresses, produced by a shot
peening operation, are dependent on the target material properties and the shot peening para-
meters. Material properties such as yield stress, hardening rate and cyclic softening/hardening
all influence the final residual stress profile. Characteristics of the shot, such as size, material,
velocities and shape, also influence the residual stresses introduced.

A typical shot peening residual stress distribution is known to have its maximum com-
pressive stress value just below the surface in the region 0 < z < 10 wm. Duplex peening
involves using two separate peening operations in an attempt to increase the magnitude of the
surface compressive stresses while maintaining a good overall depth of compressive residual
stresses [6].

The most widely used specification for a shot peening operation is the Almen Intensity
which is the curvature experienced by a standard strip of steel exposed to identical peening
conditions as the treated component. For example, 18-20 A is the deflection in thousands of
an inch of an A-gauge Almen strip. Other parameters usually quoted are the size and hardness
of the shot and the amount of coverage. These specifications are empirically based and aim
to give the design engineer some indication of the improvements in mechanical and surface
properties as a result of a peening operation. There is therefore a need to know the relationship
between peening conditions, target material and residual stress levels introduced.
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process. (c) Generation of residual stresses from a single indentation.

15.3 The evaluation of shot peening residual stresses

Shot peening residual stress distributions are characterised by a shallow depth of compressive
stresses, with a maximum value of the order of the compressive yield stress of the material.
A steep stress gradient and plastically deformed material exist at the surface of the component.

These conditions must be considered when measuring shot peening residual stresses.
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There are a variety of established techniques available for measuring residual stresses, such
as X-ray diffraction, sectioning, incremental hole drilling, crack compliance and neutron dif-
fraction [7]. Most of these have been applied to shot peening situations with various degrees
of success. The X-ray diffraction technique has been used for measuring shot peening resid-
ual stress distributions [5]. The technique is non-destructive if surface-only measurements
are required, and laboratory sources are also quite cost effective and easy to use. The main
disadvantage is that depths of examinations are restricted to typically only 30-50 um beneath
the surface. If depth profiles of residual stresses are required, material removal is necessary,
usually using an electrochemical etching procedure. In this case, it is necessary to ensure that
the measuring surface remains flat, and also that there is minimal grain boundary erosion, for
the measurements to be reliable. Correction algorithms are often used to account for resid-
ual stress redistribution caused by the material layers removed. In addition, because a very
small volume of material is sampled, grain size, texture and prior machining stresses influ-
ence the results and need to be interpreted properly in an analysis. High-energy synchotron
X-rays produced in accelerators are orders of magnitude more intense than laboratory X-ray
sources and can also be used for residual stress measurements [8]. In light metals (aluminium,
titanium, etc.) it is possible to penetrate several millimetres [8].

The incremental hole drilling technique has been applied to the measurement of shot peen-
ing residual stresses [9]. Particular precautions are necessary for the interpretation of results
where the local stresses are above half the yield stress of the material. The crack compliance
technique has been successfully used to measure shot peening residual stresses [10].

The neutron diffraction technique has also successfully been applied to the measurement of
shot peening residual stresses [11-15]. The technique is non-destructive and does not disturb
the original residual stress field. Because of the relatively weak scattering of neutrons, the
volume of material required to produce an acceptable neutron count is significantly larger
than the volume required for X-rays. As such, the closest measurement point to the surface is
typically 0.1 mm. There are particular precautions associated with using neutrons for residual
stress measurements which are discussed in the next section. Measurements have been made
successfully at reactor [11-13] and pulsed sources [14].

15.4 Neutron diffraction measurement of shot peening residual stresses

Near-surface residual stress measurements using neutrons usually involve partially immersed
sampling volumes and measurements in regions of steep stress gradients and plastically
deformed material. It is necessary to consider these factors in the interpretation and analysis
of the diffraction data. A good overview of near-surface residual stress measurements using
neutrons, including precautions necessary to achieve reliable measurements, is presented by
Edwards in Chapter 14. Also, VAMAS (The Versailles Project on Advanced Materials and
Standards) under the Technical Working Area TWA20 (Measurement of Residual Stress) is
developing procedures for accurate and reliable near-surface residual stress measurements
using neutrons.

Partially immersed sampling volumes are necessary when measuring shot peening residual
stresses because the stresses of interest are in the near-surface region (0—1 mm). High-intensity
neutron sources have an advantage for this application, as very small sampling volumes
are necessary for stress measurements close to the surface. Partially immersed sampling
volumes have the tendency to introduce shifts to diffraction peaks, unrelated to the levels
of strain present. If these spurious peak shifts are not correctly interpreted, errors will be
introduced into the analysis. This occurs both at reactor and pulsed sources whether single
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or position sensitive detectors are used [11-14]. These spurious peak shifts are largely the
result of a shift in the centre of gravity of the diffracting volume and the geometry and type
of detectors used. Many investigations have been carried out to try and model these effects
and produce correction algorithms. Smaller slit sizes, the use of sollers and the quality of the
monochromator all reduce this effect.

To correct for these spurious peak shifts it is suggested that calibration measurements
are made on a powder cell in the shape of the specimen. Alternatively this effect can be
eliminated by re-orientating the specimen in the neutron beam as shown in Figure 15.3(b)
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4
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Matchstick shaped «——
sampling volume K <«— ||| Cadmium masking
<« ||| slits on incoming
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-—
-—
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surface regions
P A -
I 2mm L
A-A line of measurements
(b) Shot peened surface

Specimen Plate-shaped

sampling volume

Cadmium masking
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Qveoto r

Figure 15.3 Definitions of neutron sampling volumes: (a) xy-scan; and (b) z-scan.
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Figure 15.4 Typical entering curve of neutron intensities.

which eliminates changes in the centre of gravity. This is sometimes described as the z-scan
method. In the case of symmetrical specimens it has been suggested that self-calibration can
be achieved by taking the average of the strain measurements made on each face. Entering
curves show the intensities of scattered neutrons as the sampling volume is traversed from a
point outside of the specimen to a point inside the specimen. This intensity scan across the
surface can be used to precisely determine the position of the surface of the specimen relative
to the neutron beam (Figure 15.4).

To obtain the stress at a point, the component must be rotated and repositioned in the
neutron beam during the course of a single stress measurement to obtain components of
the strain tensor. Because shot peening introduces steep stress gradients, it is important
that a point in the component can be positioned to within 0.1 mm during a course of strain
measurements. Particular attention must therefore be paid to the sample positioning device
and the neutron beam optics. It is essential that these are set up properly. The translators
that position the specimen in the neutron beam must be able to do this to within 0.1 mm at
every stage of the measurements. It must also be ensured that the sampling volume is always
measuring in the plane of the peened layer. It is necessary to centre the incoming neutron
beam over the centre of the rotation table using slits of 0.2-0.5 mm to ensure no movement
of the gauge volume when the table is rotated. It is recommended that small masking slit
sizes are used to improve the resolution, particularly in the direction of the stress gradient.
Figures 15.5(a) and (b) illustrate the effects of using different size sampling volumes on the
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Table 15.1 Details of diffraction measurements

Alloy Base  Crystal ~Neutron spectrometer (hkl)  Sampling Scan
element structure and wavelength volume method
(nm) (mm?)

Udimet 720 Ni FCC D1A, Grenoble, France, 0.19  (311) 1 x1x25 xy-scan

Waspaloy  Ni FCC HBA4, Petten, Holland, 0.19 (311) 1 x1x25 z-scan
Jethete Fe BCC G5.2, LLB Saclay France, 0.29 (211) 0.5 x 10 x 10 z-scan
IMI 834 Ti HCP DI1A, Grenoble, France, 0.19  (1122) 1 x 1 x 25 xy-scan

Table 15.2 Shot peening parameters

Specimen no.  Alloy Thickness (mm) Shot size  Intensity (A) Coverage (%)
1 Udimet 720  12.75 MI330R 18-20 200
2 Udimet 720 12.75 M110H 6-8 125
3 Waspaloy 5.00 MI230R 14-16 200
4 Jethete 5.00 MI230R 14-16 200
5 IMI 834 12.75 MI330R 18-20 200

Figure 15.6 Photograph of a specimen in a neutron spectrometer.

Gaussian data and the measured peak shift with depth, indicating that a 0.5 mm wide slit is
about the practical limit for slit width to obtain a good resolution.

As a result of the shot peening operation, the surface layer will have different mechanical
properties to the elastic base material. For example, for work hardening material it is possible
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for the residual stresses generated at the surface to be greater than the static compressive stress
of the material. For work softening material the opposite effect may be observed.

15.5 Examples of measured profiles

Residual stress measurements have been made at a number of neutron sources in specimens
made from a variety of engineering materials, shot peened over a range of peening conditions,
to demonstrate the application of the neutron diffraction technique to the measurement of shot
peening residual stresses. Residual stress measurements have also been made before and after
fatigue cycling to establish how shot peening residual stresses re-distribute during loading.
All the measurements described here were made at reactor sources using a monochromatic
beam of neutrons (Table 15.1). A description of the specimens and shot peening conditions
is given in Table 15.2.

Each specimen was shot peened on both of its surfaces with the same intensity. Specimen 1
had an additional peen on one of its faces (duplex peening). Two approaches have been used to
measure the in-plane residual stresses; the xy-scan method and z-scan method (Figure 15.3).
Specimens were mounted in the neutron beam using optical alignment. Figure 15.6 shows
a typical specimen in the neutron beam. Entering curves were used to establish the specimen
surface position to 0.1 mm. Sampling volume dimensions are given in Table 15.1. The residual
strains were obtained and converted to stresses using the diffraction elastic constants (DECs)
given in Table 15.3.

The measured stress profiles are shown in Figures 15.7-15.9. Figure 15.7 shows the effect of
different shot peening intensities on the residual stress distributions in a nickel base superalloy.
It is observed that increased peening intensities result in increased depths of the compressive
residual stresses in conjunction with higher maximum subsurface tensile stresses. The duplex
peening operation used shows that for depths >0.1 mm there is no significant advantage over
the single peening operation. X-ray residual stress measurements will tend to show the benefits
of a duplex peening operation in the region 0 < z < 0.1 mm. However, the duplex peened
surface shows slightly higher compressive stresses and higher tensile subsurface stresses
when compared with the single peened surface.

Figure 15.8 shows the effects of different target materials subjected to similar shot peening
conditions on the residual stress distributions produced. Nickel, titanium and steel have been
investigated. The nickel and steel alloys used have similar mechanical properties and for the
similar peening conditions used show very similar residual stress distributions. In contrast
the titanium alloy has similar yield properties to the nickel and steel but a significantly lower
Young’s modulus. The depth of compression introduced is not as significant as that produced
in the other materials.

Figure 15.9 shows the re-distribution of residual stresses that occur due to fatigue loading
in bending, in a nickel base superalloy. The specimen was peened on both sides and residual

Table 15.3 Diffraction elastic constants

Material (hkl) E (hkl) (GPa) v (hkl) E (mechanical) (GPa) v (mechanical)

Steel (211) - - 210 0.3
Nickel 311) 209 036 225 0.3
Titanium (1122) 126 026 119 0.32
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Figure 15.9 Re-distribution of shot peening residual stresses.

stress measurements were made before and after fatigue cycling, before the initiation of
any fatigue cracks. The fatigue loading conditions were 36 000 cycles at 1.13% total strain
(0—max). This is in the low cycle fatigue (LCF) regime as the strain at yield for this material
is 0.35%. It is observed that the fatigue loading has significantly altered the original residual
stress profile by superimposing the stress field expected from plastic bending of a bar. The
initial compressive residual stresses limited the levels of tensile stresses generated at the sur-
face of the face loaded in tension. This is observed in Figure 15.9, where greater compressive
residual stresses are obtained at the surface after fatigue cycling than are introduced from the
peening process. The benefits of the peening process are therefore evident as the compressive
residual stresses inhibit the initiation of fatigue cracks.

15.6 Conclusions

Residual stresses have successfully been measured using neutrons in a variety of shot peened
specimens. It has been demonstrated how attractive the neutron diffraction technique is for
the non-destructive measurement of near-surface and subsurface residual stresses. Surface
compressive stresses have been measured as well as subsurface tensile stresses. The necessary
precautions required for measurements have been presented.
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16 Composite materials

M. E. Fitzpatrick

16.1 Introduction

Multi-phase materials have been, and continue to be, a key area of study for diffraction-
based stress measurement techniques. The reason is that diffraction methods are among a
very small number of methods by which through-thickness strain profiles can be measured
unambiguously in each phase of such a material, and are essentially unique for the non-
destructive study of metal and ceramic composites. Bulk monitoring techniques such as
strain gauging, or destructive techniques such as sectioning or hole drilling, reveal only the
total stress within the material, and not how that stress is partitioned between the individual
phases.

The development of neutron diffraction as a technique for stress analysis has run roughly
concurrently with the development of many new metal- and ceramic-based composite mate-
rials for engineering applications. Inorganic composites have, as a result, been studied
extensively using the technique, both for the acquisition of understanding of the funda-
mental properties of these materials, and also for the study of specific problems relating to
their use in engineering components. As composites begin to be used in targetted engineering
applications, greater emphasis is beginning to be placed on the study of residual stress in real
components. The development of synchrotron X-ray techniques, as both a strain measure-
ment method and for tomographic scanning, offers exciting possibilities for future studies of
composite materials [1, 2].

There have been detailed reviews published of the application of neutron diffraction to
the study of composite systems [3, 4]; this chapter will attempt to indicate how neutron and
synchrotron diffraction methods have been applied to the study of composites, and the type
of information which can be obtained.

Most of the studies that have been undertaken on composite materials have focussed on
metal matrix composites. A lesser number have looked at ceramic matrix composites, whilst
polymer matrix composites have been avoided owing to the near-impossibility of obtaining
sensible diffraction data from a hydrogen-containing material with its very high level of
incoherent scattering, although future studies on polymer composites may be undertaken
using deuterated materials. This review is confined therefore to inorganic composites.

The predominance of metal matrix composites (MMCs) in stress studies reflects the vol-
umes of these materials that are in production relative to ceramic matrix composites (CMCs).
MMCs have found quite diverse applications in engineering, from structural and load-bearing
components such as bicycle frames and gear selector forks, to applications where the tailor-
ing of thermal properties is important, such as brake discs and packaging for microelectronic
devices [5]. CMCs, although candidate materials for high temperature applications where
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higher toughness than conventional monolithic ceramics is required, have yet to show the
same degree of market penetration. I will concentrate primarily on metal-based composites
in this article: CMCs are covered in detail elsewhere in this book [6].

16.2 Internal stress in composites

The stress state in a composite, and indeed in any two-phase material, is more complicated
than in a homogeneous material. If the second phase is present in an appreciable volume
fraction (say 1% or greater) then components of stress will be present in both phases owing
to differences in the physical and mechanical properties of the two phases. At lower volume
fractions there will be significant stress components in the second phase, whilst the stress in
the matrix will average to near-zero.

The advantage of diffraction-based stress analysis for composite materials is that stresses
are obtained separately in each phase, and, importantly, the total stress in each phase is
determined.

The total stress in a composite comprises contributions from several different components.
These components are dealt with individually in the following sections, but they are: the
macrostress (type I stress); the elastic mismatch stress, and thermal and plastic misfit stresses
(type II stresses). A diffraction measurement supplies the mean field stress in the diffracting
volume: this may have contributions from all these components. By using a large gauge
volume which floods the sample, it is possible to ‘average out’ any macrostress variation.
This allows the misfit and mismatch strains to be measured with a well-designed experiment.
Using model data, in conjunction with experimentally determined mean strains, it is possible
to separate, by calculation, the contribution of misfit stresses from macrostresses in the case
where the gauge volume is embedded within the material in a stress gradient.

Many studies have been constructed to look at the effects of individual stress components
in composites, whereas others have been concerned solely with the total stress in each phase
and its effect on the overall properties of the composite. Indeed, the majority of internal stress
studies performed on composite systems have had the object of drawing a link between the
internal stress states and the macroscopic mechanical behaviour of the material. An exam-
ple of this type of study is the work of Lewis and Withers [7], where particle cracking in
an Al/ZrO, composite was related to the measured stress levels in the zirconia reinforce-
ment. The technique has also been applied to both metal and ceramic systems to investigate
reinforcement phase changes; either by temperature effects [8] or by the effects of imposed
strain [9].

Neutron and synchrotron diffraction has proved to be useful for the study of phenomena
such as creep [10, 11], where there is a time-dependent evolution of the phase strains in the
composite, and thermal cycling, again where the phase strains evolve over time [12—14].

Some ceramic reinforcements pose problems for diffraction measurements, in that they
are not pure single-phase materials. Silicon carbide (SiC) is an example of this: Figure 16.1
shows a spectrum from an aluminium-matrix MMC reinforced with 17% by volume of 3 pm
SiC particles.

In Figure 16.1, the reinforcement data has been analysed assuming that the SiC is a cubic
phase (the cubic phase of 8-SiC is a polytype with F43M space group). In reality, it can be
seen that there is an additional peak present above the SiC {111} peak, indicating the presence
of an additional phase. This is hexagonal a-SiC, with a P63M C space group; the peak in
question is the {101} reflection. There is also the possibility of having an orthorhombic R3M
phase. It is a good idea to be aware of the crystallographic structure of the reinforcement.
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Figure 16.1 Time-of-flight neutron diffraction spectrum obtained from an Al/SiC composite material,
showing a modified Pawley fit to the SiC peaks with the assumption that the SiC is a
cubic phase. Higher-time-of-flight corresponds to higher lattice spacing. For reference, the
Al{111} peak is at a d-spacing of ~2.4 A. The unfitted peak to the right of the SiC{111}
reflection arises from a non-cubic polytype of the SiC that is present in the composite.

Some polytype peaks may overlap with matrix diffraction peaks, and errors in strain may
arise if an analysis is conducted assuming an incorrect crystal structure: such errors are not
large if there is no great distortion between the crystal structures of the different polytypes,
and for SiC fibres may be only of the order of ~5% [15].

16.3 The measured stress variation

When a diffraction measurement is performed on a composite material, the total stress
determined in each phase is the sum of three contributions:

Gs,i(r) = o™°(r) + (o) T (r) + (o)1 (r) (1

Here the macrostress within the gauge volume is denoted as 0 ™2™, The total, or average,
stress component in the s direction oy ;, in the ith phase of the composite, therefore comprises

o ", which is the same in all phases; plus the ‘mean’ elastic mismatch stress (0)2"}5

which acts as an offset to the macrostress; and finally the ‘mean’ shape misfit stress (a)i‘}?h,
which is comprised of thermal and plastic misfits between the two phases. Any one of these
components of stress may be of interest for a particular experiment, and typical results are
summarized later in this review. However, it is the total or ‘average’ stress which is measured
(in fact, calculated from the measured strains) within the gauge volume during a neutron
diffraction experiment.

The strain variation measured in a composite is shown schematically in Figure 16.2 [16].
In Figure 16.2, the macroscopic stress variation is offset by the thermal shape misfit stress
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Figure 16.2 Schematic stress variation in a composite material.

in each phase; and there will also be type III stresses arising from local stress fields around
point defects, etc.

Once the stress has been measured in both phases of a composite, the macrostress can
be calculated by summing the phase stresses in proportion: this is possible as the elastic
mismatch and shape misfit stresses will sum to zero over a volume of material which is
several times the interparticle spacing in dimension [16, 17].

FE)TRE) + (1= (o)) =0 @)

This is essentially the limit of the information that can be calculated directly from the measured
phase strains. The phase strains allow calculation of the phase stresses, from which the
macrostress can be evaluated. Obtaining additional information from the results requires
some modelling to be undertaken, based on the known physical and mechanical properties
of the composite phases.

Using a model such as that of Eshelby [18-20], the elastic stress in each phase arising
from the (calculated) macrostress can be evaluated. This requires a knowledge of the elastic
properties of each phase, along with the volume fraction of the reinforcing phase, and its
aspect ratio if it is an aligned whisker or fibre composite [5, 16]. This gives the (a)??ll.”:(r)
elastic misfit term from equation (2). It is then clear that subtracting the macrostress and
elastic misfit stress from the total measured stress will give the shape misfit stress component
(o)™3"(r). A full treatment of this method is given in Fitzpatrick ef al. [16].

The shape misfit is itself comprised of two components: a thermal misfit and a plastic
misfit. In many studies, for example, where the composite has been subjected to an anneal
or other high temperature heat treatment, it can be assumed that the shape misfit is primarily
of thermal origin, with any plastic effects removed during the anneal.
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Figure 16.3 Separation of macrostress, elastic mismatch and thermal misfit stresses in the
(a) matrix and (b) reinforcement of an Al/SiC quenched plate [21].

Using an approach like this, the individual stress terms on the right-hand side of equation (1)
can be obtained from a set of measurements made in the two phases of a composite. This can
be seen from the results in Figure 16.3, where the total measured stress in the components of
an Al/SiC composite have been separated to give the macrostress, thermal misfit and elastic
mismatch stresses [21].

In that case, as the samples were examined following a heat treatment and quench, it is
reasonable to assume that any shape misfit has a thermal origin. In other cases, the misfit
stress may have contributions from plastic effects [22, 23].

I will now consider the individual contributions to the measured stress variation.

16.3.1 Thermal misfit stress

Firstly, a stress will exist in the composite material if there is a difference in the coefficient
of thermal expansion (CTE) between the phases. Fabrication processing of composites is
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Figure 16.4 Generation of a thermal misfit in a composite material where the matrix has a higher
CTE than the reinforcement: (a) shows the initial condition with no misfit between
the phases; (b) shows the thermal misfit generated by a temperature drop: as the
composite is cooled, the reinforcement contracts less than does the matrix. This leads
to a misfit strain as shown in (c), which is tensile in the matrix and compressive in
the reinforcement. The shape change is exaggerated for clarity. Adapted from Clyne
and Withers [5], reproduced with permission.

undertaken at elevated temperatures, and a thermal misfit stress will be generated as the
composite is cooled to room temperature. For metal/ceramic systems, the metal matrix gen-
erally has a higher CTE than the ceramic reinforcement, and this leads to the matrix being
in net tension and the reinforcement being in net compression after cooling. This is shown
schematically in Figure 16.4.

Changes in the misfit stress with temperature can be predicted using a model such as the
equivalent inclusion model of Eshelby [18, 20, 24]; it is usually not possible, though, to
predict precisely what thermal misfit stress will be present in a particular MMC at room
temperature, as there will be relaxation of the stress which is generated during the cooling
process by diffusional or plastic flow within the matrix.

An example of this is demonstrated by measurements that have been made on Al/SiC
particulate composites. Eshelby calculations using the method of Withers [5, 20, 24] show that
the matrix stress becomes more tensile by 0.293 MPa, and the reinforcement stress becomes
more compressive by 1.423 MPa, per °C cooled, for an Al-17vol% SiC composite with
particles having an aspect ratio of 1. Such a composite typically experiences a temperature
drop of ~500 K from processing temperature to room temperature, implying that a residual
stress of around 147 MPa would be expected in the matrix, and around —710 MPa in the
reinforcement. In reality, experiments on these composites have shown values of around
half this [16, 25, 26], indicating that there is relaxation during or after the cooling process,
although results from Maeda et al. [27], on slightly different Al/SiC systems, show stresses
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that are essentially unrelaxed compared to predicted values. Ohnuki et al. [28], in a study
on whisker-reinforced MMC, indicated that the final thermal misfit residual stress in the two
phases appears to depend on the temperature from which the material is quenched. If a bulk
stress measurement, with the gauge volume encompassing the entire sample, is made on a
composite using a diffraction technique, the results from each phase give the thermal misfit
stress, as any macrostress variation will average to zero within the sampling volume (any
plastic misfit stress will be included in the measured value of the misfit stress, but cannot be
separated from the thermal effects). Bulk stress measurement studies performed on MMC
materials using neutron diffraction [16, 29-33] produce, as expected, the results of tensile
matrix stresses and compressive reinforcement stresses. Several similar studies on CMCs
[34, 35] show clearly the presence of thermal misfit between the different ceramic phases.

Several studies have shown how the thermal misfit stresses evolve as the temperature is
altered, for MMC [14, 29, 31] and CMC [34, 36-38] systems. As the misfit is thermally gen-
erated, there exists a ‘stress-free’ temperature at which there is no shape misfit between the
phases, and this may be calculated or measured directly by varying the temperature of the com-
posite sample in situ on the diffractometer. As with metal systems [16, 28], the thermal misfit
in CMCs can be seen to be dependent on the precise prior thermal history of the material [38].

Much of the preceding discussion deals with measurements on particulate-reinforced mate-
rials; however, whisker-reinforced systems have also seen considerable interest. Whisker
reinforcement offers improved elastic moduli for similar volume fractions than particulate
reinforcements, at the expense of introducing anisotropy to the mechanical properties of the
composite. The development of whisker-reinforced systems has, however, been hampered
by the health hazards present in handling of the whisker material [39].

When measuring strains in perpendicular directions for aligned, high reinforcement aspect
ratio composites, higher strains are found in the alignment direction than in the transverse
directions [31, 40]; even when the whiskers are not perfectly aligned, but are oriented in one
plane as a consequence of the processing operations [30]. Of course, for materials with an
aligned structure, the precise level of the average phase strains will depend on the orientation
distribution of the reinforcement [28], that is, how well the whiskers are aligned. As with
particle-reinforced systems, the thermal misfit is tensile in the matrix and compressive in the
reinforcement [41].

An extension of the effects seen in whisker-reinforced systems is observed in systems
which use long-fibres or continuous fibres as the reinforcement. Such systems, particularly
those based on Ti/SiC are being studied increasingly owing to the possibility of incorporating
them into aero-engines as replacement for conventional Ti-based disc materials, giving weight
savings by allowing a change in component design from a disc to a ring [42].

Once again, the thermal misfit stress results are much as expected, showing tensile matrix
strains and compressive fibre strains [43], with larger stresses longitudinal to the fibres than
transverse to them [44, 45].

16.3.2 Plastic misfit stress

The thermal misfit stress discussed in the previous section is an example of a stress which
arises because of a shape misfit between the two phases of the composite. In that case,
the shape misfit occurs because of the differential contraction of the two phases following
cooling. Another source of shape misfit, primarily in MMCs, is plasticity. In this case, a
shape change can be accommodated by plastic flow in the matrix, whilst the reinforcement
remains only elastically-deformable. This is shown schematically in Figure 16.5.
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Figure 16.5 Generation of a plastic misfit stress in a composite: (a) shows the initial state of the
composite, with a non-deformable particle in a matrix that can deform plastically;
in (b), the composite has been subjected to a plastic strain of ¥. As the particle is
deformed only elastically, there is a shape misfit between the two phases, which is
represented in (c) as a transformation strain €T, that depends on the elastic prop-
erties and volume fraction of reinforcement. Adapted from Clyne and Withers [5],
reproduced with permission.

Such deformation leads to the generation of a residual misfit stress which is compressive
in the matrix and tensile in the reinforcement, for a tensile plastic deformation [5]. Like the
thermal misfit stress, the plastic misfit stress component cannot be measured independently.
However, if the stress state in a composite can be assumed not to have a plastic misfit
component — for example, after the composite has been subjected to an anneal or a solution
heat treatment — than the effect of subsequent plastic flow can be assessed.

The misfit generated by plastic deformation has been seen to reduce the thermal misfit
stress in Al/SiC composites [22, 23], as shown in Figure 16.6, and even to reverse their
sense at large plastic deformations, of several percent [25]. In these cases, modelling and
calculation is required to extract the misfit components from the total measured stress field,
as discussed earlier.

16.3.3 Elastic mismatch stress

In a composite material, the different elastic response of the two phases gives rise to a
partitioning of the load within the material. The stiffer phase will bear a higher proportion
of the applied load. In most metal/ceramic systems it is the ceramic which has the higher
Young’s modulus, and there is hence a transfer of load from the matrix to the reinforcement
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Figure 16.6 Calculated thermal and plastic misfit stress (a) before and (b) after bending of an
MMC bar [22]. The closed symbols represent the Al matrix stresses; the open symbols
are the SiC reinforcement stresses. Different symbol shapes correspond to different
principal stress directions.

as the composite is loaded. The precise value of the elastic misfit depends on the elastic
properties of the two phases (Young’s modulus and Poisson’s ratio), the volume fraction and
aspect ratio of the reinforcement, and also on any anisotropy of the reinforcement properties,
particularly if the reinforcement is in the form of aligned whiskers or fibres. The elastic
mismatch stress can be calculated more easily than the thermal misfit stress, and again an
Eshelby-based model is one method whereby this can be achieved. The generation of the
elastic mismatch is shown schematically in Figure 16.7.

The effect of the elastic mismatch can be seen in studies where both phases of a composite
are measured as the load is increased. Figure 16.8 shows results from Withers et al. [19],
where an Al/SiC whisker-reinforced composite was loaded in situ in the neutron beam, and
strain measurements made in both phases during loading. The strains are shown relative to
the initial unstressed state of the composite.
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Figure 16.7 Elastic mismatch between matrix and reinforcement. The stiffer reinforcement deforms
less under an applied load than does the matrix. The result is a transfer of load from the
matrix to the reinforcement, and a higher stress in the reinforcement than in the matrix.
From Clyne and Withers [5], reproduced with permission.
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Figure 16.8 Measured longitudinal strains in an Al/SiC whisker-reinforced composite, with 5% SiC
whiskers. The composite was loaded in situ in the neutron beam [19].

The results show clearly that, in the initial elastic region (applied load ~80 MPa) the SiC
reinforcement is the stiffer phase, as it shows less strain than the Al matrix for a given load.
Once the matrix becomes plastic, there is a reduction in load transfer from the matrix to the
reinforcement owing to the development of plastic misfit between the two phases. Similar
results have been reported also by Allen et al. [30].

Results from an experiment are shown in Figure 16.9 for an Al/SiC particulate composite
which was loaded and unloaded in situ in the beam [46]. However, in this case a stress-free
reference was measured for each phase, and strain measurements were made both longi-
tudinally and transverse to the load axis, so allowing calculation of the absolute values of
stress.

These results show the effect of the elastic misfit stress, which is proportional to the
applied stress. The slope of the SiC line is clearly greater than that of the Al line as the load
in increased, reflecting the transfer of load from the matrix to the reinforcement by virtue of
the reinforcement’s higher stiffness. The degree of load transfer is in good agreement with
that predicted by Eshelby-based modelling [16], which predicts that for this composite the
reinforcement should experience an elastically derived stress ~120% greater than the matrix
at a given load.
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Figure 16.9 Measured longitudinal total stress in the two phases of an Al/SiC,, composite during
loading and unloading [46]. No plastic flow occurs in the matrix during loading, so
the loading and unloading data lie on top of each other. The error in the Al data is
small, ~ 4 MPa, so error bars are not shown for Al.

Similar results of the load partitioning owing to the elastic mismatch stress have been
obtained by other workers. Withers and Clarke [45] showed that, for a Ti/SiC fibre-reinforced
system, the measured strains in each phase during elastic loading agreed well with the load
partition predicted from simple rule-of-mixtures and Eshelby modelling.

Another composite system which has been studied using neutron diffraction is the Al/TiC
system, which is well suited to study using this technique owing to the greater accuracy
in strain determination in TiC relative to SiC [47]. Bourke et al. [48], from measurements
made on each phase of this composite during applied loading, showed that very good agree-
ment could be obtained between the measured stress and that expected from finite element
predictions.

Not all composite studies are restricted to metal-ceramic systems. There is interest in
metal-metal composite systems also, both from the point of view of load transfer, and also for
monitoring the initiation and development of plasticity in composites where both phases are
plastically deformable. Carter and Bourke [49] showed that in a beryllium—aluminium com-
posite, the yield points of the two phases were different: 100 MPa for Al and 200-250 MPa
for Be. Synchrotron X-ray diffraction has also been useful for these materials, as indicated
by a recent study of load partitioning effects in a copper—-molybdenum composite [50].

It should be recalled that measurements of the thermal and elastic misfit stresses can be
made only by diffraction-based stress measurement methods, as it is necessary to sample the
strain in each phase separately. Material removal methods such as sectioning, layer removal
or hole drilling can sample the macroscopic stress profile only.
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16.3.4 Macroscopic residual stress—strain profiling

The macroscopic stress field — the type I stress or macrostress —is the stress component which
varies typically over several millimetres or centimetres within a material. A macrostress
usually arises in practice from a thermal or mechanical treatment which causes non-uniform
plasticity: examples of this are a quench from a solution treatment temperature, surface
treatments such as shot peening, and room temperature non-uniform plastic deformation by
bending, for example.

For the purpose of this discussion, I will treat the macrostress as being a stress field which
varies with position. Of course, the measurements described in the preceding section, which
give information on the elastic mismatch, at the same time indicate the macrostress in each
phase.

Macrostresses in composite materials partition between the matrix and reinforcement, with
the level of partitioning being governed by the elastic misfit stress. Whilst it is possible to
measure the average type [ macrostress at a point in a composite using destructive techniques
such as layer removal [51] or hole drilling [52], these techniques are destructive and will not
provide information on the phase mismatch strains in the material [53].

In a composite material, knowledge of the stress distribution in a single phase should
generally give an indication of the form of the macrostress variation, if it can be assumed that
any thermal misfit stress is relatively uniform. However, the precise value of the macrostress
cannot be evaluated even if stress balance is invoked, unless knowledge of the elastic misfit
stress is available. Evaluation of the stress in both phases allows more accurate evaluation of
the macrostress.

Measurements of misfit stress, or elastic mismatch during loading, can be undertaken by
using large neutron gauge volumes that encompass most of the sample being studied. For
macrostress measurements, it is usual to use a restricted gauge volume, so that a point-to-
point profile of strain (and hence stress) can be determined. This requires accurate sample
positioning if measurements are to be made successfully.

The first measurements of macrostress variations in composites using neutrons were made
by Hutchings and Windsor [16, 54, 55], measuring the quench stress field in Al/SiC, MMC
plates. The same system was used for a study of the macrostress variations around a fatigue
crack in the same composite system [26], and for the effects of prior plastic deformation on
the macrostress and misfit stress fields [23].

The study of plastic deformation of particulate MMCs, as mentioned earlier, requires mea-
surement of the total stress, which generally shows the macrostress variations in each phase,
before calculation of the misfit stresses is possible. In effect, a strain profiling measurement
must be made if it is the intention to compare the distribution of macrostress and misfit stress
at different positions within a deformed sample. Measurements made on plastically deformed
composite bars [22, 56] allowed information on the macrostress changes caused by misfit
stress changes to be determined. Recently, Korsunsky et al. [57-59] have shown that syn-
chrotron X-ray diffraction can be used successfully to perform strain profiling experiments in
MMCs during and after bending, with good spatial resolution. Their results show excellent
correlation with similar results that were obtained from MMCs using neutron diffraction. It
is likely that the synchrotron X-ray technique will see increased application in the future for
such studies.

Studies of macrostress profiles in whisker- and fibre-reinforced composites have been
relatively scarce, partially because of the relatively smaller volumes of these materials that
are in production, but also because fewer studies have progressed to the stage of requiring
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strain profiles to be conducted. One exception is the recent work of Withers et al. [60], where
an SiC fibre bundle incorporated into a titanium block prior to machining of a prototype ring
[42], introduces long range stress variations that are detectable using neutron diffraction. The
synchrotron technique also shows great promise for the study of fundamental mechanisms
in fibre-reinforced materials. Maire et al. [2] were able to monitor the strain evolution in
individual fibres of an SiC fibre-reinforced titanium composite sample by virtue of the small
sampling volume (typically 100 pm) that can be used. Korsunsky and Wells [59], using the
synchrotron method, were able to map the strain distribution around an indent in a similar
fibre-reinforced sample. Such a measurement would not be practical using neutron diffraction,
and shows the utility of synchrotron X-ray diffraction in opening up new areas of study for
composite materials.

16.4 Conclusion

Inorganic composite systems have been studied widely using diffraction stress measure-
ment techniques, and it is likely that such techniques will continue to be of importance in
determining the mechanisms of stress transfer in these materials.

Many aspects of the fundamental properties of composites are still not well-understood;
such as the evolution of plastic misfits during fatigue cycling. At the time of writing (2002),
processing technology for composites is still developing rapidly, and the anticipated improve-
ments in interfacial bonding and homogeneity of reinforcement distribution should have
beneficial effects in the attainable properties of the material.

Development of strain measurement methods, particularly in the field of synchrotron X-ray
diffraction, will give enhanced tools for the study of these materials in the near future.
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17 Residual stress analysis in monocrystals
using capillary optics

W. Reimers and D. Moller

17.1 Introduction

From the point of view of diffraction methods, polycrystalline materials have to be defined as
coarse grained if the diffraction experiment gives evidence for a splitting of the Debye fringes
into spatially localised Bragg reflections which can be attributed to individual crystallites. In
this case, the usually applied measuring and evaluation procedures for the analysis of residual
stresses face two problems. Due to the inhomogeneous intensity distribution in the diffraction
pattern, intensity measurements can be performed only at selected sample orientations. Fur-
thermore the single crystal elastic anisotropy leads to a scatter of the experimentally obtained
strain data [1] resulting in large error bars when calculating stress values under the assumption
of elastic isotropy [2]. Since the number of crystallites contributing to the diffracted inten-
sity is decisive for the observed intensity pattern, the transition from fine grained to coarse
grained material depends on the gauge volume under study, the experimental resolution and
the grain size.

Applying X-ray diffraction, generally, only the near-surface crystallites contribute to the
diffraction pattern. Under usual experimental conditions the Debye fringes are split for crys-
tallite diameters of >100 wm. By additional sample movements during the measurement,
for example, translation, rotation and inclination, the number of reflecting crystallites can
be increased, so that the condition of quasi-isotropic behaviour of the gauge volume may
be fulfilled up to grain sizes of approximately >200 wm. Using synchrotron radiation, how-
ever, separated Bragg reflections may already be observed at significantly smaller crystallite
diameters due to the small divergence of the radiation.

Inthose cases where individual Bragg reflections are observed, the single crystal anisotropy
has to be considered when calculating the stresses from experimental strain data. Thus, an
evaluation of the orientation of the crystallite under study is necessary. Therefore in a first
step the spatial orientation of two independent reflections (k/) of the selected crystallite has
to be determined. Using a four-circle diffractometer, this may be done in a straightforward
and efficient way. From the knowledge about the spatial orientation of these two reflections
the orientation matrix, which relates the crystallographic axes system to the fixed laboratory
system, can be established. From there on the diffractometer settings for every reflection
(hkl) to be studied are calculated and the precise reflection position is determined experi-
mentally by a centring routine. This means that this method is well suited for an automatic
measuring routine, which gives the strain tensor based on the experimentally determined
diffraction angles 26 for several reflections of an individual crystallite. Since the orientation
of the crystallite has been determined, the stress tensor components are calculated from the
experimental strain tensor components by applying Hooke’s law for anisotropic materials.
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17.2 Evaluation of the orientation matrix

The geometry of a four-circle diffractometer and the definition of the laboratory axes system
are illustrated schematically in Figure 17.1. The crystallite selected for the study is located
at the instrument centre. Using X-rays, the selection of the crystallite can be done either by
collimating the beam or by shielding the sample surface with thin Pb foils. Using neutron
diffraction the 90° scattering technique is applied which guarantees that the gauge volume
keeps almost constant for all sample orientations.

The incident and diffracted beams are in the horizontal plane. The counter (here: Det)
is moved in this plane about the vertical instrument axis « and makes an angle 20 with
the primary beam direction (here: Col). The whole Eulerian cradle may be rotated around
the vertical axis by w. The x-axis is in the horizontal plane and makes an angle @ with the
primary beam direction. The sample is rigidly attached to the @-shaft which is supported by
the x-ring. The rotation sense for the rotation movement is defined mathematically positive.

The orientation of the crystallite under investigation is known when it is possible to relate
its axes system to the fixed laboratory system. This coincides with the 8-axis system when
all instrument angles are zero.

For transforming the system it is convenient to define them in terms of Cartesian axes.
A crystal direction & is therefore described by a Cartesian crystal direction h.:

h by bycos B3 bz cos B
h.=Bh forh= |k and B=| 0 bysinfis —b3sinpBycosag €))]
l 0 0 1/a3

\ Xiab» Yiab> Zap Laboratory axes system

20, o, 1, ¢ Eulerian angles

Figure 17.1 Four-circle diffractometer (xjp: parallel to the primary beam, yjup: parallel to the
direction of the reflected beam for 20 = 90°, zj,p: parallel to the the w-axis).
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ai, o; and b;, B; are the direct and reciprocal lattice parameters, respectively. Since k. shall be
described in terms of the ®-axes system also the instrumental angles w, x, ¢ are represented
in Cartesian axes system form 2, X, &:

cosp —sing 0
®=|sing cosep O
0 0 1

1 0 0

X=10 cosy —singy
0 siny cosy

cos(w —wp) —sin(w —wg) O
Q= |sin(w—wg) cos(w—wy) O 2)
0 0 1

with wg = 26/2.

The angular set w, x, ¢ gives the diffractometer position where reflected intensity is
observed. The corresponding crystal direction can then be described in the ®-axes system as
a unit vector U g:

up = dXQ |1 ~= transposed matrix 3)

In the case of residual stress measurements, the material investigated and hence the cell
parameters are usually known approximately. So the diffracting angle for a reflection & can
be calculated and the detector is positioned. The spatial orientation of a reflection h; is
then searched by systematic variation of ¢ and x with fixed w. The angular position of this
reflection is then denoted wy, x1, ¢1. The plane of a second reflection k; is defined by its
angular relationship to the first reflection. In cases where the angle between k| and k; has to
be 90° for crystallographic reasons, k; is found by systematic search using Aw-steps in the
plane (x1 + 90°, ¢1). The observation of two non-colinear reflections of known indices k1,
h, is sufficient to obtain the orientation matrix U [3] which transforms vectors in the crystal
Cartesian axes system into the ®-axes system:

hio = Uhy hyo = Uhy. with hiolluie and hro||ure “4)

Because of experimental errors and uncertainties in the knowledge of the cell parameters, the
orthogonal matrix U does not, in general, satisfy both conditions. Therefore, an orthogonal
unit vector triple £, £2¢, £3¢ in the crystal Cartesian axes system is defined, where £ is
parallel to k., o lies in the plane of k. and hy. and £3. is perpendicular to £ and #5.. In
the ®-axes system another triple 1, ¢5, 3 is defined, based in the same way on u, and uz,.
Since these two unit vector triples are orthogonal by definition they can be superimposed
exactly onto each other:

tio=Ut,c i=1,2,3 5)
In matrix notation:

To =UT. (6)
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Then follows:

U=ToT. @)

17.3 Angle calculations for any reflection (/1k/)

After the evaluation of the orientation matrix by two reflections, the coordinates in the ®-axes
system can be calculated using the matrix UB for any reflection (hkl):

haot
he =UBh withhe = | hoo ®)
hao3

For the detector position the Bragg equation is used. The interplanar lattice spacing D is
given by:
1
D= )
2 2 2
hcl + th + hc3

The diffractometer setting for the symmetric position (wg = 26/2) is then obtained by:

A
26 = 2 arcsin
2/ hey + hy + hey
20
wy) = —
2 (10)

Xo = arctan (—hm )
- 172
(h31 + M)

(i)
@o = arctan | ——
haeo

with A = wavelength and subscript ‘0’ for the symmetric position defined by wy = 26/2.

17.4 Strain and stress tensor

Since the strain tensor is defined as a symmetric tensor of second rank, at least six reflections
have to be analysed concerning their precise reflection position. According to Bragg’s law the
refined 20-position gives the corresponding D (h) value so that the strain in % is obtained by:

_ D(h) — Dy(h)

e(h) = D) (11)

with Dy(h) = lattice spacing of the unstressed sample.
For expressing the measurements e(k) in terms of strain tensor components &f;, the
Cartesian crystal axes system is chosen as a fixed reference system:

e(h) =mmef; k,1=1,2,3 (12)
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In this notation n is a unit vector parallel to the scattering vector whose components ny are
given in the cubic system by:

hi

ng = —F————— 13)
VAT R+ RS
For non-orthogonal crystal axes system, an orthogonalisation has to be performed:
e(h) = pr, piey, k,1=1,2,3 (14)
Here the components py are defined by:
pe=og'n ki1=123 (15)

oy are the components of the orthogonalisation matrix. In homogeneous media the symmetric
strain tensor £¢ can be determined by six measurements in non-coplanar directions. If more
information is available, a least-squares refinement can be applied. The stress tensor com-
ponents aicj are calculated by applying Hooke’s law for anisotropic, quasielastic materials.
Here, the single crystal elastic constants are inserted:

G,'Cj = Cijk[gzl i,j,k,1=1,2,3 (16)

Whereas in the triclinic crystal system 21 independent elastic constants are present, their
number is reduced to three independent ones (c1111 # 2222 # c1212) in the case of the cubic
system. The resulting stress tensor o€ is referred to the Cartesian crystal axes system whose
orientation is dependent on the crystal orientation. In most cases, especially for comparing
the values obtained in crystals which are in direct neighbourhood to each other, it is preferable
to transform the stress tensor into the macroscopic sample system. As the first step, the stress
tensor o ¢ is transferred into the fixed laboratory system (index L). As transformation matrix
the UB matrix can be used:

ot = To°T a7

In the second step the stress tensor o' has to be transformed into the common reference
system. Therefore, the angles describing the orientation of the reference system relative to
the laboratory system have to be determined. The transformation matrix T is then represented
by a rotation matrix R, whose components are given by w, x, ¢.

17.5 Residual stress analysis using a tapered glass capillary

Capillary optics were introduced as a means for generating intense X-ray microbeams from
X-ray tubes and other conventional X-ray sources. Many groups demonstrated the new pos-
sibilities opened up by these devices in various fields [4—6]. The use of X-ray capillary
focusing systems also has an important impact on single crystal measurements since the
intensity gain at a beam size of 100 wm now enables residual stress analyses in single grains
of not necessarily large grained samples [7, 8].

The monocapillary used was made of borosilicate glass and had a parabolic profile with
an entrance diameter of 500 wm and an exit diameter of 100 wm. Due to the different charac-
teristics of the capillary-formed X-ray beam compared to beams formed with conventional
collimators, special attention had to be paid to the adjustment of the set-up and the sample
positioning during the experiment.
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17.5.1 Residual stress analysis on a steel sample

As afirst step, it was necessary to validate the results obtained with the X-ray optics. The val-
idations were based on the comparison of results obtained with the capillary using the single
crystal measurement technique and results from residual stress analyses using the sin?y tech-
nique and single crystal measurements performed with a conventional collimator. A small
sample of a ferritic—perlitic steel (German steel grade 42CrMo4, sample size 8 x 13 x 3 mm?)
was heat treated at 900°C for 3 h under an argon atmosphere to create a microstructure with
an average grain size of 20 pm and was cooled under an argon gas flow. Afterwards the sam-
ple was ground, polished and etched in order to reveal the ferritic—pearlitic microstructure
(Figure 17.2).

17.5.1.1 Residual stress analyses using the sin” technique

In a first step, the in-plane stresses were analysed. The results of the d—sin” 1 measurements
are o1] — 033 = (50 = 10) MPa along the longitudinal axis (y-axis) of the sample and
023 — 033 = (80 = 10) MPa along the lateral axis (x-axis). However, for the residual stress
analysis it was necessary to take the two-phase microstructure of steel into account, which
may create a 033 component if the average particle distance of a phase is smaller than the
penetration depth of the radiation used [9].

The evaluation of the o33 component was done by determining the lattice distance d* of
the ferritic phase along the strain-free direction sin’y* of the sin?y diagram (Figure 17.3)
[10]. This was done in a first approximation with the assumption that o33 = 0. With this
assumption it follows for the strain-free lattice parameter a*:

a* =2.8679 A

Figure 17.2 Micrograph of the steel sample.
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Figure 17.3 d versus sin>y distribution of a 42CrMo4 steel specimen used for the determination
of the strain-free lattice distance.

Accrediting the difference of a* and the strain-free lattice distance of ferrite (@ = 2.8664 A)
to a non-vanishing 033 component, 033 was determined to be

033 = (280 £ 30) MPa
It follows that the phase specific residual stresses for ferrite are

o11 = (330 £ 40) MPa
02 = (330 & 40) MPa

17.5.1.2  Single grain measurements

The single grain measurements have been performed using a conventional collimator and
also using the monocapillary. Both devices formed a microbeam with a diameter of about
100 pm.With this beam specification and an average grain size of the sample of 20 jum, most
of the beam illuminated not only the grain under study, but also a number of grains. However,
the beam diameter had to be kept larger than the grain size in order to illuminate single grains
completely and as homogeneously as possible.

Due to broad rocking curves of the single grain reflections the absolute peak intensities were
low (Figure 17.4). Consequently Fe-Ko radiation was used in order to avoid fluorescence.

The residual stresses of four ferrite grains were analysed. These grains were easy to detect
and to locate. Due to the beam characteristics, knowledge of the exact position of the grain
under study was necessary.

The stress tensors (sample system) are listed in Table 17.1. The variation of single stress
components are in a range of several 100 MPa. Thus, the residual stresses of type II are very
large which is one explanation for the observed strong mosaicity. Two stress tensors (2, and
¥3) are striking with stress components of 890 and 700 MPa, respectively. Since the yield
strength of 42CrMo4 is about 1100 MPa, these stresses are not unrealistic. Furthermore, it
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Figure 17.4 Rocking curve of a single grain reflection of ferrite.

is evident that the same stress tensors result, in spite of using different beam collimating
techniques.

To describe the residual stresses of type I, the four stress tensors of the capillary have been
averaged:

530 80 20 210 70 40
S Average = 350 10 | + 120 50 | | MPa
410 120

Compared with the sin’y measurements, the same stress state results from both the single
crystal measurements and the measurements on the polycrystal.

17.5.2  Stress analysis on a pure iron bending bar

To describe the macroscopic material behaviour with the anisotropic elastic constants
the models of Voigt [11], Reuss [12] and Eshelby—Kroner [13, 14] are commonly used.
Thereby xthe models of Voigt and Reuss are limit assumptions based on the idea that each
grain shows the same homogeneous strain or stress state as the whole polycrystalline aggre-
gate. Within the scope of the mentioned models the aim of this experiment was to analyse the
response behaviour of single grains in a polycrystalline bending bar of pure iron (99.99 4 %).

The experiment was performed on a bending bar of pure iron with the dimensions of
40 x 4.3 x 3.7 mm. For creating a microstructure with an average grain size of about 30 um
a heat treatment at 600°C for 6 h under an argon atmosphere was performed. The specimen
was cooled under the argon atmosphere as well. In the next step the surface to be studied
was ground, polished and etched using the colour etching method of Klemm. By the etching
process single crystallites were uncovered, which makes the adjustment of the grain to be
studied in the Eulerian cradle easier.

The measurements were performed on four crystallites which were located at a distance of
about 1.3 mm from the neutral fibre of the bending bar. The load was applied in several steps
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ranging from 100 to 400N corresponding to tensile stresses of 50-200 MPa at the surface
of the bar. During the loading process the bar stays elastic, which is a prerequisite of the
previously mentioned models, since plastic deformation occurred at a load of 500 N. For the
creation of an X-ray microbeam the glass capillary was used.

The unaxial load created by three-point bending corresponded to the o7 component of the
stress tensor. The following stress tensors (sample system) of grain number 3 show the stress
development with respect to the raised load (the index of the stress tensors denotes the raised
load):

—130 20 30 30 30 30
T100N = —130 —-10 | + 40 30 MPa
-20 30
—120 30 20 40 30 30
Ez()()N = —-60 —-20 + 30 30 MPa
0 30
—90 -10 10 20 20 20
E300N = 10 0 + 20 20 MPa
—10 20
—140 10 -20 50 40 40
T400N = 50 10 |+ 50 40 MPa
10 40

Using equation (18), the stress S applied to the bending bar was calculated:

3 Fl 18
~ 2bh? (15
The parameters b and & describe the width and height of the bending bar, / describes the
distance of the support points of the bending jig and F the applied load.

For the parameters used in the experiment it follows a stress component of 0.47 MPa/N
for the surface under tensile load at the position of the four investigated crystallites.

For the calculation of the stress tensors the elastic constants and the strain-free lattice
parameter of pure o-iron were used.

Figure 17.5 shows the stress response of the studied four crystallites in a measured stress
vs. applied stress diagram. The internal stress is described by the experimentally obtained
o-stress component and the external stress is described by the stress which follows from
equation (18). Since (in a first approximation) only the slope of each regression line as
a measure of the response is of interest, the offsets of the lines were removed. For a better
comparison all lines cross the origin.

If each grain responds as Reuss suggested, the slopes of the regression lines would corre-
spond to 1 (MPa/MPa) (dashed line in Figure 17.5). However, due to residual microstresses
and the elastic anisotropy of single crystallites, grains number 3 and 4 respond in a differ-
ent way. The slopes of the regression line of both grains are (1.24 + 0.11) and (0.7 & 0.2)
MPa/MPa, respectively (see also Table 17.2). Thus, the Reuss model does not describe the
material behaviour of each grain. The same is true for the Voigt model (Figure 17.6). However,
concerning the average values of the response values from Table 17.2, which represent the
macroscopic response of the bar, both the Voigt and the Reuss models describe the material
behaviour within the measurement accuracy.
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Figure 17.5 Response of the single grains to load/strain development (0,2 component approximated
by linear regression).

Table 17.2 Experimentally determined response of the 07, and €5, compo-
nents and the orientation of the soft (100) direction with respect
to the force vector of the load

Grain Response in 03y Response in ey Angle of (100)
(MPa/MPa) (1073/1079) direction and force vector

1 1.0+04 0.9+0.3 49°

2 0.8+0.2 0.8+0.2 63°

3 1.24 £0.11 1.18 £0.04 36°

4 0.7+0.2 1.0+£0.2 45°

Average  0.9+0.2 1.0+£0.14

The slopes in Table 17.2 reflect the elastic anisotropy of the crystallites. Crystallites with
soft crystallographic directions (e.g. the {100) direction), orientated parallel with respect to
the force vector of the load, react with large strains and vice versa. Analysing the orientation
of the four grains it was found as expected that favourably orientated grains with a small angle
between the (100)-direction and the force vector show a large response in their €2 component.

17.5.3 Characterisation of the plastic deformation and residual stress analysis on
coronary artery stents

During the placement of metallic coronary artery stents, the material undergoes significant
plastic deformations due to the expansion of the stent to the required diameter or due to
manual dilating or crimping [15]. The plastic deformation creates residual stresses which
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Figure 17.6 Response of the single grains to load/stress development (g2, component approximated
by linear regression).

influence the mechanical behaviour of the material and may cause a weakening of the stent.
For the characterisation of the plastic deformation, three stents with different degrees of
deformation were investigated using single grain reflections which was necessary due to the
small size of the stents. Furthermore, residual stress analysis was performed on two stents
using the single crystal measuring and evaluation technique. The investigated stents were
made of the austenitic steel X2CrNiMo 18 15 3. Depending on the degree of deformation
the stents had a length of 10-14 mm and a diameter of 2—4 mm (Figure 17.7). Due to the
low surface curvature all measurements were performed at the nodes of the stent design
(Figure 17.8). To achieve the required high local resolution maintaining a sufficient X-ray
intensity, the formation of an X-ray microbeam with a diameter of 100 wm was done with a
tapered capillary.

The first stent studied was non-deformed (as fabricated), the second stent was plastically
deformed by dilating and the third stent was plastically deformed by dilating and crimping.
The average grain size of the stent material was 20-30 pm.

17.5.3.1 Analysis of plastic deformation

It has been shown elsewhere [8] that the widths of rocking curves are sensitive to plastic
deformation processes. Therefore, the widths of single grain reflections were analysed. For
the measurements Cr-Ko radiation was used.

Per stent single grain reflections of four different grains were analysed by determining
the width of their rocking curves. Figure 17.9 shows selected rocking curves of the three
investigated stents. As expected, the effect of reflection broadening depends on the degree
of plastic deformation. The quantitative results listed in Table 17.3 confirm this observation.
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Figure 17.7 Two of the investigated stents. Top: stent without plastic deformation (as fabricated).
Bottom: plastically deformed stent.
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Figure 17.8 Measurement locations. For the plastically deformed stent, ‘M’ and ‘E’ denotes zones
where residual stresses were analysed with a high local resolution.
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Figure 17.9 Rocking curves of grains of the three investigated stents with different degrees of
plastic deformation.

Table 17.3 Widths of single grain reflections

Reflection no.  As-fabricated Dilated reflection  Dilated + crimped
reflection width (°)  width (°) reflection width (°)

1 0.19 0.29 0.28

2 0.19 0.23 0.53

3 0.23 0.53 0.38

4 0.22 0.31 0.53

Average 0.21£0.0 0.254+0.04 0.43 £0.11

The average reflection width (last row in Table 17.3) of the four reflections studied ascends
with the degree of plastic deformation. In addition, by comparing the standard deviation of
each stent it becomes evident that the scattering of the widths is also related to the degree of
plastic deformation.

17.5.3.2  Residual stress analysis

For the measurements an X-ray microbeam was created using the 100 wm capillary. The
radiation used was Cu-Ko. Fluorescence was negligible due to the high intensity of the
single grain reflections.

The measurements on the non-deformed stent were performed in the middle of the stent
nodes (see Figure 17.7). For the dilated and crimped stent, the measurements were performed
at two different zones of one of the stent nodes dubbed ‘M’ (middle zone, see Figure 17.8)
and ‘E’ (edge zone).

The strain-free lattice parameter ay was determined with the tensor data from three
studied grains of the non-deformed stent number 1. Under the assumption that the tensor
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component o33 = 0MPa (given in the sample system), a grain-specific strain-free lattice
parameter for each of the grains studied was calculated. The average of these values was
ap = (3.5978 4 0.0009) A. Using this aq the following stress tensors of three grains of the
non-deformed stent are (sample system):

-30 0 20 15 10 10

Grainno. I: =M = 20 10 |+ 15 10 MPa
~160 10
—40 10 20 40 20 10

Grainno.2: ) = 10 30 |+ 40 10 MPa
-30 30
170 20 0 30 20 20

Grainno.3: Y = 120 20 |+ 20 20 MPa
170 20

The analysis shows that grains number 1 and 2 have only small residual stresses in the range
of error. Only the 033 component of grain number 1 shows a significant compressive stress
of —160 MPa. Grain number 3 shows large hydrostatic tensile stresses up to 170 MPa. Thus,
it becomes evident that single grains may have significant stresses, though other grains show
almost no stresses.

Residual stress analysis was also performed on five grains of stent number 3. Using the
strain-free lattice parameter ag for the determination of the stress tensors, these are (sample
system, the index denotes the studied zone):

180 0 —10 30 30 20

Grain no. 1: 21;4: 190 10 | + 30 20 MPa
120 30
90 20 -30 30 20 30

Grainno.2: IM = 60 —20 |+ 20 20 MPa
160 20
360 30 110 50 30 10

Grainno. 3: M = 190 40 |+ 40 20 MPa
290 40

It can be observed that in zone ‘M’ of the studied node are tensile stresses ranging up to
360 MPa. The main components lie significantly higher than those of the non-deformed
stent.
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Figure 17.10 Due to the plastic deformation of the stent, zones under tensile and compressive
load formed tensile and compressive residual stresses, respectively.

The same behaviour with the opposite sign can be observed in the other zone ‘E’ at the
edge of the node:

—-120 30 10 40 30 40
Grainno.4: IF = —40 10 | 40 40 MPa
~190 40
-20 —80 30 20 20 20
Grainno.5: 3£ = -90 40 |+ 20 20 MPa
~130 20

The two stress tensors show compressive stresses down to —190 MPa. A simple model which
takes the deformation of the stent after its plastic deformation into account is able to explain
the results. The deformation is shown in Figure 17.10. Due to this change most of the plastic
deformation took place at the nodes. While in zone ‘M’ the straddling of the two lower stent
wires led to a plastic deformation of the node material, under tensile load, the same happened
in zone ‘E’ under compressive load.

17.6 Summary and future prospects

Residual stresses in polycrystalline materials with grains in the range of micrometres and with
complex geometries can be analysed using X-ray diffraction in combination with the single
crystal measuring and evaluation technique. In the case of coarse grained materials with grain
sizes in the millimetre-range, neutron diffraction has already been successfully applied in the
past [8]. The stress values obtained by the single crystal measuring and evaluation technique
represent the sum of type I and type II stresses of first and second kind. If only the stresses
of type I are of interest, measurements on several differently orientated crystallites with
a subsequent averaging over the individual stress states is necessary. Here the determination
of the different orientation matrices is the time-determining step. An important speed up of
this procedure can be expected from the use of two-dimensional position sensitive detectors
now available. Angular ranges are covered at appropriate sample to detector distances which
allow the simultaneous registration of two reflections, thus enabling a direct determination
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of the orientation matrix. A wider impact for the development of the single crystal measuring
and evaluation technique would be possible by using brilliant synchrotron sources.
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18 Neutron residual stress measurement
in welds

S. Spooner

18.1 Introduction

Residual stresses in welds have proven to be an interesting problem for neutron residual
stress analysis. Residual stresses are implicated in weld cracking and premature weld failure.
Lifetime performance is compromised by the limits of the weld material and quality of
the joint. Therefore it is necessary to understand the weld and its manufacture to achieve
engineering reliability. A weld joint is full of composition and stress gradients that are the
result of a complex thermal history. This means that the strain measurements and their
conversion to stress can be complicated. At the same time we would like to make these
measurements at appropriate spatial and time resolution.

What does neutron scattering bring to this task? Neutron diffraction is one of several ways to
analyse residual stresses in welds. One can use hole drilling with strain gauges, conventional
X-ray diffraction, or ultrasonic examination, to name methods in common use. With the
exception of ultrasonic examination, these foregoing methods are limited to the evaluation
of strain at the surface of welded structures. Neutrons, however, penetrate large depths into
a weld non-destructively. The weld structure can be evaluated with spatial resolution less
than a millimeter to a depth of many millimeters below the weld surface. With a simple
application of neutron residual stress measurement, one can determine the degree and spatial
distribution of stress relief following post-weld heat treatment.

In this chapter, we will take a critical look at the method of neutron residual stress mea-
surement. The description of some examples will expose some limitations of the method,
especially in relation to weld modeling. Both steady state and pulsed neutron sources are
used for residual stress analysis in welds. Steady state neutron sources have been used since
the early 1980s and pulsed neutron sources since the 1990s. The examples in this chapter
are based on work done at the High Flux Isotope Reactor (HFIR) at Oak Ridge National
Laboratory and the NRU reactor at Chalk River. Pulsed source methods are complementary
to steady state methods and in fact are essential to overcome some of the limitations of steady
state work.

18.2 Neutron residual stress measurements in welds

18.2.1 Composition effects in welds

Fusion welding entails the melting and solidification of a portion of base metal and, in most
welds, a filler material introduced in the welding process. The metal in the heat-affected zone
(HAZ) experiences a heating transient with each welding pass. While the base metal in the
HAZ does not melt, material near the fusion zone approaches the melting point. Although the
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heating transient is short in duration, there is enough heat to alter the metallurgical condition
of the metal. The state of precipitates, local cold work and texture can be changed. In a
multiphase material, the heating transient can alter the proportion of the constituent phases.
The change in lattice parameter through heating appears as a change in residual strain in weld
zone and the HAZ. In ferritic steels this variation is small because the solubility range of
carbon in BCC ferrite is limited. In heat treatable aluminium alloys dissolution of precipitates
in the HAZ causes a significant change in lattice parameter. The lattice parameter change has
to be evaluated separately in zero stress reference material cut from the weld. In these ways
composition and mechanical effects may cause d-spacing changes.

18.2.2 Some selected examples of neutron scattering analysis of welding

At the time of planning for residual stress research at Oak Ridge (Figure 18.1 shows the
schematic of the Oak Ridge residual stress diffractometer), there appeared the work of Mahin
at Sandia National Laboratories with Holden at Chalk River. This was an early effort to
validate finite element calculations of residual stress in welds [1, 2] with neutron diffraction.
An illustrative test case was that of a partially penetrating stationary gas tungsten arc (GTA)
weld in a 304L stainless steel plate. Careful preparation of the weld and measurement of
the welding conditions were necessary to assure that the boundary conditions going into

Figure 18.1 This schematic representation of the Oak Ridge residual stress diffractometer shows
the reactor beam impinging on the crystal monochromator and the monochromatic
beam hitting a test specimen. The beam is diffracted into a fixed set of seven detectors
that independently record the Bragg diffracted intensity. Small apertures set close to
the test specimen define the gauge volume. The converging structure between the
detectors and specimen is a background suppressing collimator.
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Figure 18.2 The schematic shows a section through the cylindrical weld fixture and the placement of
thermocouples. The partial penetration weld is at the centre of the 8 mm plate. The plate
is held rigidly within the 50 mm cylindrical boss.

the finite element method (FEM) calculation accurately defined the experimental conditions.
The starting material was a plate 50 mm thick. The plate was machined to form a 75 mm
radius disk with 8 mm thickness. A 2 mm thick ring 50 mm high was left to act as a restraint
and support for the disk as shown in Figure 18.2. The weld was made at the centre of the
8 mm plate with a GTA welder. The arc was struck and held for about 5s to form a partial
penetrating weld pool. The temperature was measured with thermocouples welded to the
8 mm disk. The temperature measurements were used to validate the thermal calculations.
The calculated residual stresses were obtained from a coupled thermal-mechanical finite
element code (PASTA2D). This two-dimensional code takes advantage of the cylindrical
symmetry of the weld geometry to calculate values of the residual stress tensor throughout
the volume of the test piece including the fusion zone. Axial, hoop and normal strains were
calculated from the FEM code.

The strains along the principal axes were measured by neutron diffraction using the 111 and
200 d-spacings. The d-spacing shifts were referenced to measurements made in a specimen
containing no weld. In stainless steel, the elastic constant is softest for [200] and the hardest
for the [111] direction. The two strain measurements would therefore be expected to bracket
the computed strains where bulk values for Young’s modulus and Poisson’s ratio are used.

The gauge volume was defined by an incident beam 1.5 mm wide and 2 mm high and
a 1.5mm wide receiving aperture giving a nominal gauge volume of 4.5 mm?. The strains
were measured on a plane normal to the plate passing through the centre of the fusion
zone. A comparison between computation and experiment is shown in Figure 18.3. The
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Figure 18.3 The experimental radial strains determined from the 200 Bragg diffraction peak posi-
tions are shown in filled circles and from the 111 Bragg peak in open squares. The
solid line shows the longitudinal strain calculated by the finite element method. The
scatter in the neutron experimental data is typical of data from large grained samples.
The 200 strains are larger than the 111 strains because of the difference between the
crystallographic elastic constants; the 111 direction being stiffer than the 200 direc-
tion. The average of the two strains corresponds closely with the calculated strains
where bulk elastic constants are used.

computation is shown as a solid line and, indeed, it is nicely bracketed by the measured
strains. The scatter in the neutron strains is as much as 2 x 10~*. This is about twice the
statistical precision estimated from neutron counting statistics. The grain size (150-200 pm)
appears to be responsible for this variation.

The point in this illustration is that very good validation of the calculation was possible
despite the neutron data scatter. The use of neutron scattering validation of calculations was
given a early demonstration. Detailed experiment design and strategy is critical for successful
validation work.

18.3 Vibratory stress relief

Vibratory treatment is marketed as one of several means of reducing residual stresses in welds.
Anecdotal evidence is offered in support of its effectiveness and until the early 1990s had
not been evaluated directly by neutron residual stress measurement. A test of vibratory stress
relief effects on multiple-pass welds was attempted in one-inch 304 L austenitic stainless
steel plates [3]. The test welds were made with a semiautomatic hot-wire gas tungsten arc
welding unit. The test welds were made with 14 passes in a 60° V-groove using a type
308 stainless steel filler rod. A 3 mm thick backing plate was tack welded to the bottom
of the weld to provide a 6 mm spacing between the plates at the bottom of the grove. The
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metal plates were clamped then relaxed between weld passes. After the final pass the two
plates were essentially coplanar. The distortion generated in the weld of this thickness, if not
relieved after each pass, would tear the weld apart before the weld could be completed. The
neutron measurements were done at Chalk River, Canada. The diffraction intensities from
these thick plates were reduced significantly by beam attenuation and the gauge volumes
used were necessarily rather large. The longitudinal strain component was measured with a
5 x 5mm? incident beam and a 5 mm receiving aperture. The normal and transverse strain
components were measured with a 3 mm wide by 10 mm high incident beam and the receiving
slit was 3 mm wide. The (111) and (200) Bragg peaks were measured at each test point with
a2.43 A wavelength from the (311) planes of a Ge monochromator. The stress-free reference
sample was a 12 mm cylinder machined from the base metal taken from a remote corner
of the plate. The (111) and (200) strains were averaged and put into the continuum elastic
equation to convert strain to stress using the bulk Young’s modulus and Poisson’s ratio.

The location of test points is shown schematically in Figure 18.4(a). Stresses in the fusion
zone are not given because zero stress references in the fusion zone had not been determined.
The first plate was welded without vibratory treatment. Figure 18.4(b) shows the longitudinal
residual stresses in this plate. The second plate was given vibratory treatment during the
welding; these stresses are shown in Figure 18.4(c). Differences between the two stress plots
are within the estimated errors of the stress determination. Nevertheless, the differences in
residual stresses between the two welds were probably comparable to differences between
identically prepared welds. A third plate had been welded and then treated after the weld was
completed. The few strain measurements made in this plate did not significantly differ from
the corresponding strains in the other plates.

18.4 Strain mapping in ferritic and austenitic welds

The general pattern of residual stresses in welded plates has been known for many years. The
stresses and strains parallel to the weld or in the longitudinal direction are strongly tensile
near the fusion zone and become compressive away from the HAZ. The transverse strains in
the plane of the plate and perpendicular to the weld are smaller in amplitude and the normal
strains perpendicular to the plate are small and reversed, reflecting a Poisson response to the
large in-plane stresses. Detailed mapping of residual stress within a plate was relatively novel
in the work done at Oak Ridge. A comparison between strains found in plates of two types
of steel is discussed in the following.

Residual stress measurement at Oak Ridge was undertaken first on a multiple-pass weld
joining two 0.500 inch thick plates of ferritic steel [4] and then a measurement on a stainless
steel weld of the same geometry [5]. Both plates were joined using semiautomatic gas tungsten
arc welding. The ferritic alloy was a bainitic 2.25Cr—1Mo steel. A closely matched alloy wire
was used for the filler metal. The austenitic alloy was 304L stainless steel with a 308 stainless
steel wire for the filler metal.

The plates were 152 mm (6 inch) by 305 mm (12 inch) by 12.7 mm (0.5 inch) thick. The
plates were chamfered to form a single 90° V-groove. The plates were held together during
welding in a “tent-like” configuration so that the ensuing shape distortion would give a flat
welded plate. The ferritic weld was completed in six passes and the austenitic weld required
11 passes.

The ferritic steel measurements were set up on the HB-3 triple-axis spectrometer and the
Be (102) reflection was used to give 1.65 A at a monochromating angle of 77°. Strains were
measured with the (211) Bragg reflection alone. The diffraction angle was very close to 90°
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The schematic in panel (a) shows the pattern of test points in the weld. Panels (b) and (c)
show the residual stress distribution in the weld with no vibratory stress relief treatment
and with vibratory stress relief. The magnitudes and distribution of the residual stresses are
very similar and differences fall within the experimental uncertainties of the measurement.

scattering angle. This diffraction elastic constant is close to the bulk Young’s modulus. The
microstructure was bainitic consisting of ferrite and very fine carbide phases. There was a
minor texture within the plate and the grain size was less than 10 pm.

HB-3 was also used for the austenitic plate measurements but with the Be (102) monochro-
mating plane to reflect 1.65 A at a monochromating angle of 77°. The strains were measured

with the (3

11) Bragg reflection at about 86°.
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Figure 18.5 The longitudinal strains measured in the 0.5 inch ferritic steel (left) and the austenitic steel
(right) plates have similar magnitudes. The filled data points strains are measured at the
centre of the plates. The open points are strains measured above and below the plate centre.
Measurements in the ferritic plate start at the centre of the weld zone. The measurements
in the austenitic plate include both sides of the weld zone centre. A shoulder in the strain
at 20 mm from the weld centre in the ferritic plate is not seen in the austenitic weld. The
shoulder is attributed to the effects of the bainitic phase transformation in the ferritic steel.

Both the ferritic and austenitic plates were mounted with the weld axis vertical for the
measurements of the normal and transverse strains (Figures 18.5-18.7). A long vertical
gauge volume used in the ferritic plate measurements was 20 mm high with a 2 mm width in
the incident and scattering apertures. The plate was remounted with the weld axis horizontal
and the height of the incident beam was reduced to 4 mm to gain resolution transverse to the
weld line. The gauge volume used in the austenitic plate was defined by an incident beam
10 mm high and 2 mm wide. The receiving slit was 2 mm wide. The height of the gauge
volume used in the longitudinal strain measurements was reduced to 2 mm.

A difference between the two materials appears in a subsidiary peak in the longitudinal
strain in the ferritic weld. This shoulder in the longitudinal strain is attributed to the effects
of the bainite phase transformation. The base metal in the HAZ transforms to austenite and
then retransforms to bainite upon cooling with a significant transformation strain. The strain
peak is strongest in the top where the last weld pass is made. The longitudinal strain in the
HAZ remains at the nominal yield (0.2%) which suggests that the material has experienced
plastic deformation.

18.4.1 Gleeble machine simulation

The study of the ferritic weld was supplemented by an examination of strains in simulated
welds made by the Gleeble process [6]. The Gleeble machine heats test bars with very high
currents that are clamped at each end by water-cooled copper jaws. The maximum temperature
is reached midway between the jaws and thus simulates the HAZ of a weld. The thermal
history along the bar is controlled by the balance between the heating of the electrical current
and the cooling at the ends of the bar. The bars were 108 mm long with a square cross-section
12.7 mm on a side. The 2.25 Cr—1 Mo alloy test bars were machined from the same stock
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Figure 18.6 The transverse strains are small in both welds with the strains being slightly tensile away
from the weld centre in the ferritic plate and slightly compressive in the austenitic plate.
The strains at the centre in the ferritic weld zone (closed circles) are tensile while the
strains above and below the centre are relatively compressive. In the austenitic plate, the
strains above the centre are tensile and below the centre are slightly compressive. Thus
there is a peaking of transverse tensile strain in the ferritic weld while there is a monotonic
gradient in the transverse strain in the austenitic weld.
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Figure 18.7 The normal strains are relatively small in both welds but compressive strains are present
near the weld zone in the austenitic plate.

as the base metal in the above study of ferritic steel. Three bars were prepared. The first bar
was heated to 950°C, held 5 s and rapidly air cooled; the second heated to 905°C, held for
60 s and cooled slowly at 100°C/min; and the third bar was heated to 950°C, held for 60 s
and rapidly air cooled. The rapid cooling was estimated to be 2500°C/s.

The strains along the length of the bar (longitudinal) and the transverse strains were mea-
sured along the centre of the bar. An incident beam 2 mm wide and 2 mm high defined the
gauge volume. The receiving slit was 2 mm wide.
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Figure 18.8 The strains along the axis of the Gleeble bar are shown as filled circles and the strain
transverse to the axis are shown as filled squares. The heated zone was held at 960°C
for 5s and then air-cooled at a rate exceeding 1000°C/s. The transverse strains are
mildly compressive while the longitudinal strains peak at 19 x 10™* at 15 mm from
the centre of the heat zone.

The largest longitudinal strain (exceeds 0.2% strain) occurs in the bar that was held at 960°C
for 5 s and rapidly cooled, (as shown in Figure 18.8). The same stresses are reduced markedly
(less than 6 x 10~*) for the bars that were held at 960°C for 60 s in both slow (in Figure 18.9)
and fast cooling (in Figure 18.10). In these last two bars transverse strains were compressive,
with the fast cooled bar exhibiting a relatively sharp increase in compression at the centre of
the weld. What is demonstrated in these tests is that both dwell time at 960°C and cooling rate
affect the resulting residual strains. Because the bainitic phase transformation is the dominant
source of differences between these Gleeble bars, the possibility of chemical composition
variation was checked in pieces cut from the test bars. The maximum to minimum lattice
parameter change was equivalent to about 2 x 10~* and thus comparable to the estimated
error of determination of the strains.

The microstructures generated in the Gleeble bars follow the variation found in the weld
microstructure along a path transverse to the length of the weld. However, the orientation of
the principal axes of the strain tensor found in the Gleeble bar differs significantly from the
principal axes found in the weld. The tensile strains are parallel to the direction of heat flow
along the length of the Gleeble bar. This direction is the transverse rather than the longitudinal
direction in a weld. This outcome is the result of very different mechanical constraints and
thermal boundary conditions in the weld and in the Gleeble bar. These effects are important in
bainitic steel where there is significant interplay between transformation strains and residual
stress.

18.4.2 Reduction of residual stress with post-weld heat treatment

The effects of post-weld heat treatment (PWHT) on the 304L stainless steel plate described
earlier were measured following an annealing at 1150°F for 1h and air-cooling [5]. The
incident beam 10 mm high and 2 mm wide defined the gauge volume for the measurement of
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Figure 18.9 The Gleeble sample was held for 1 min at 960°C and given a controlled cooling at
100°C/s. There is more structure in the transverse strains with higher compres-
sive strains while the longitudinal strains are reduced in amplitude compared to
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Figure 18.10 The Gleeble sample was held for 1 min at 960°C and air-cooled. The transverse
strains show a relatively sharp compressive peak and somewhat higher tensile lon-
gitudinal strains. The longer hold time at 960°C permits a higher degree of austenite
formation in the hot zone. The subsequent bainite formation thus provides a larger
influence on the resulting strain in the Gleeble bar.

the normal and transverse strain components. The longitudinal strain was measured with the
2 mm high gauge volume. The test points were closely spaced in the fusion zone and the HAZ.
In the base metal away from the weld, only three depths below the surface were measured and
the spacing between the test points was large. Because there was little through-depth variation,
the residual strains for each principal axis were averaged and are shown in Figures 18.11
and 18.12. The as-welded specimen shows the longitudinal and transverse stresses in the
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Figure 18.11 Strains are shown for the post-weld heat-treated weld. The fusion zone stresses are
tensile and then become compressive beyond about 38 mm from the weld centre.
The longitudinal stress is largest followed by transverse and normal stresses.
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Figure 18.12 Strains are shown for the post-weld heat-treated weld. The normal and transverse

stresses have gone to zero while the magnitude of the longitudinal stresses is reduced
by a factor of 3 after heat treatment.

fusion zone are tensile and become compressive beyond about 38 mm from the weld centre.
The normal strains are compressive at the fusion zone and go tensile. The effect of PWHT,
shown in Figure 18.12, is to reduce the longitudinal strain, and the normal and transverse
strains become virtually identical, being compressive in the fusion zone. The normal and
transverse stresses have almost gone to zero, while the magnitude of the longitudinal stresses
is reduced by a factor of 3 after heat treatment.

Contour maps (not shown) of the stresses for the as-welded plate show that the highest
stresses occur at the last welding pass. After PWHT the peak stresses “retreat” into the interior
of the weld zone. A surface measurement of residual stress therefore probably overestimates
the actual stress relief achieved by PWHT.
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18.5 Metal-ceramic brazing

Brazing used in forming a ceramic—metal joint develops residual stresses owing to the thermal
expansion mismatch between the metal and ceramic parts. If this mismatch is not relieved,
joint failure by fracture is a near certainty. Understanding of the residual stresses within these
joints is of critical importance. Wang and coworkers at Oak Ridge National Laboratory and
Rabin and Williamson at Idaho Engineering National Laboratory [7] carried out detailed
strain scanning and finite element calculations for a brazed zirconia—iron joint. A similar
study preceded this work [8] and was done at Saclay, France. In both studies the objective
was to validate calculations of residual stress and strain. The strain field is cylindrically
symmetric and so two-dimensional computations suffice. The anticipated strain fields could
be calculated from the elastic response to thermal expansion were it not for the effects of
plastic deformation in the metal side of the joint.

The sample was made of a nodular cast-iron cylinder 23 mm in diameter and 10 mm long
joined to a 4 mm disk of partially stabilized zirconia of the same diameter. The brazing
alloy, Ti—4.5Cu-26.7Ag, was 0.08 mm thick. The zirconia as received consisted of 41%
cubic phase, 55% tetragonal and 4% monoclinic phase. The brazing was done in vacuum and
the heating to 850°C was done at 20°C/min, held at temperature for 20 min and cooled at
10°C/min. Figure 18.13 shows the sample and the location of measured test points.

A relatively small gauge volume was defined by an incident beam 1.5 mm wide and 2 mm
high. The receiving slit was 1.5 mm wide. Strains in iron were measured with the (103)
Be monochromator at 90°(A = 1.44 A) with a single position-sensitive detector and using
the (211) reflection for iron. For zirconia, the (004) pyrolytic graphite monochromator at
97°(x = 2.51 A) was used so that a closely grouped set of reflections from zirconia appearing
near 90° could be used for strain measurement. Making strain measurements in zirconia was
difficult because the precision of determination of the Bragg peak shifts was low. The strains

Figure 18.13 The brazing sample is made up from a 4 mm disk of partially stabilized zirconia,
a thin foil of silver brazing alloy (4.5Ti—26.7Cu-bal.Ag), and a 10 mm cylinder of
nodular cast iron. The location of measurements is indicated on the sectioning plane.
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Figure 18.14 The measured strain distributions and the results of a finite element analysis along the
centre-line of the specimen. The experimental data are indicated by the solid symbols.
The lines are the FEM calculations.

in zirconia and iron are shown in Figure 18.14 along with the computed results. There is
adequate agreement in zirconia and, apart from a small uniform shift between the neutron
strains and calculated strains, a good agreement in iron. In zirconia, the radial strain is
compressive at the interface while the axial strain is tensile. This is balanced at the interface
by the strains in iron where the axial strain is tensile and the radial is compressive. The
strains in iron deviate a little from linearity as might be expected from only a small plastic
relaxation. It would appear that most of the plastic deformation occurred in the brazing layer.
Detailed validation of the calculation was limited by the spatial resolution of the neutron
measurements, although large-scale agreement is apparent.

18.6 Aluminium welds

The study of Weldalite, a lithium-containing aluminium alloy, was our first experience with
neutron stress analysis applied to an aluminium weld. NASA, seeking to increase mission
payload by reducing the weight of fuel tanks, had to develop welding technology for joining
Weldalite, which has a high strength-to-weight ratio [9]. Achieving reliable and repairable
welds in a new alloy is a daunting engineering challenge. Early welding trials indicated
that weld cracking needed to be brought under better control. One of the factors under
consideration was residual stress in the weld. In the end, X-ray residual stress analysis
was deemed adequate for evaluating the process modifications needed to solve the welding
problems. In the mean time, aluminium weld test panels were simultaneously examined
with neutron diffraction. A Weldalite test panel made from 8 mm thick cold-rolled sheet
was welded with a variable polarity plasma arc in two passes; first an autogenous weld
followed with a cover pass with an appropriate filler metal. Since test panels were to undergo
subsequent mechanical testing there could be no destructive examination of the material after
the neutron experiments.
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Longitudinal, transverse and normal strains were measured at the mid-length section of
the weld. Transverse and normal strains were measured with the weld mounted vertically and
a gauge volume defined by a 20 mm high and 1 mm wide incident beam with a 1 mm wide
receiving slit. The longitudinal strain measurement required remounting the test panel with
the weld line horizontal. The gauge volume for these strain measurements was defined by a
5 mm high and 2 mm wide incident beam with a 2 mm wide receiving slit. The (311) Bragg
reflection was used with 1.61 A beam from (103) Be monochromator crystal planes. A single
position-sensitive detector was used.

It was discovered that the diffracted intensity was strongly dependent on the location in the
panel. A sharp change in diffracted intensity and diffraction peak width occurs upon entering
the HAZ. This indicates clearly that annealing in the HAZ changes the metallurgical condition
of the material. An important consequence was that the measurement of the normal strain
component in the HAZ was very difficult. There was, as well, a strong through-thickness
intensity variation due to texture in locations outside the HAZ.

In Figure 18.15 the longitudinal stress peaks at the edge of the HAZ and all of the stresses
go compressive upon approach to the weld centre. This behaviour was very different from
the surface X-ray residual stress results. This behaviour signaled clearly that the neutron data
had to be corrected for composition variation. At the time, we did not have the liberty of
removing a section of the weld to evaluate zero-stress d-spacings for true strain measurements.
We eventually proceeded on the assumption that the weld was in a plane strain state normally
appropriate for a thin plate. Therefore, we allowed a free adjustment of a d-spacing correction
on the strains until normal stress calculated from the strains at each point went to zero
(Figure 18.16). The d-spacing shift is plotted as a “chemical shift” in Figure 18.17. This
approach to correcting the residual strains brought the neutron longitudinal stresses into
substantial agreement with X-ray results.
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Figure 18.15 The residual stresses calculated from strains referenced to a Bragg angle measured
as a point distant from the weld apparently become compressive in the HAZ and
weld zone.
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Figure 18.16 Residual stresses are modified by applying an adjustment to the strains so that the
resultant normal stress is zero. The modification brings the residual stresses into
good agreement with X-ray residual stress measurements and stresses calculated by
finite element methods.
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Figure 18.17 The adjustments in strain causing the normal stresses to go to zero indicated a lattice
strain that is consistent with a decreased lattice parameter. This, in turn, is consistent
with increase in copper content due to precipitates dissolving in the vicinity of the
weld zone.

18.7 Experimental validation of calculated residual stresses in
a model repair weld

The final example is a neutron validation of a finite element analysis of a weld overlay
treated as a repair weld. Iron—aluminium alloys have shown potential as a corrosion-resistant
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Figure 18.18 The Fe—Al alloy bead melted in a single pass on the cast iron plane is shown in panel (a).
The pattern of strains in the direction of the weld pass measured at 4 mm depth is shown
in panel (b). The finite element calculation of the longitudinal strains at the same depth
shown in panel (c) is in good agreement with the experimental results.

cladding for high temperature applications [10]. Forming a crack-free clad in the form of
a weld overlay has proven difficult and so an analysis of residual stresses in the overlay
structure was considered relevant. The overlay, Fe-34%Al alloy with Mo, Zr, C and B
additions, was applied to a normalized 2.25Cr—1Mo steel plate using the GTA process. The
substrate was preheated to 350°C. A single weld pass 55 mm long with a width of 9.2 mm was
made on the substrate that was a square 102 mm on a side and 12.4 mm thick. The schematic
representation of the sample is shown in Figure 18.18(a). Neutrons of 1.6 A wavelength from
the (102) Be monochromator crystal were used with a single position-sensitive counter. The
(211) reflection from ferritic iron was used to make the transverse, longitudinal and normal
strain measurements. An incident beam 2 mm high and 2 mm wide defined the gauge volume.
The receiving slit was 2 mm wide. Measurements were centred at 4 mm below the surface.
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The comparison of strains between neutron measurement and FEM calculation [11] is
shown in Figures 18.18(b) and 18.18(c). Figure 18.18(b) gives the measured longitudinal
strains and Figure 18.18(c) gives the calculated longitudinal strains. The finite element results
and the neutron diffraction data are consistent in terms of the general strain pattern. According
to calculation, the maximum and minimum longitudinal strains are about 14 x 10~* and
—8 x 1074, respectively, whereas the corresponding measured values are 12 x 10~* and
—6 x 107*. The transitions from tension strain zone to compression strain zone are also
comparable; the region that exhibits the largest differences is located beneath the weld where
the FE model over-predicts the measured value. One possible reason is due to neglecting the
effects of weld metal dilution.

A recent study of the strain tensor orientations in this same weld was made in order to
compare the measured tensor orientations with the calculated tensor orientations. Strains
were measured in the plane of the substrate plate as a function of rotation about the plate
normal (Figure 18.19). The principal axis directions of the planar tensor were obtained from
a determination of the extrema in the strain amplitude versus cos?(¢ — ¢g). Figure 18.20
shows the comparison by superimposing the measured and calculated principal axes where
the magnitude of the vector is proportional to the strain and the direction gives the orientation.
Near the weld centre the longitudinal strain is tensile. As the test point moves toward the end
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Figure 18.19 The experimental approach to measuring the variation of the in-plane strain with rotation
about the plate normal is shown schematically. The test points are on a plane 4 mm below
the base plate surface. Seven measurements were made in 30° increments over a range
of 180° at each test point.
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Figure 18.20 The mapping points on the plate are shown in the inset. The directions of the principal axis
are shown in (a) by the arrows. The corresponding calculated principal axis directions
are shown in (b) and are in good agreement with the measurements.

of the weld, the tensor rotates almost 90°. This turning of the tensor occurs over a wide range
and there is only a limited region where the longitudinal and transverse directions are parallel
to the principal axes. The significance of these observations is that strains measured without
knowledge of the principal axis directions can lead to a gross underestimate of significant
strains. Locations having small strains of opposite sign parallel and perpendicular to the weld
correspond to positions of large shear strain, for example.

18.8 Discussion

The following discussion of residual stress analysis in welds considers several topics from the
point of view of a neutron specialist interested in the most effective use of neutron scattering
for the development of welding technology. In the last decade, publications on residual stress
in welds have gone from exploratory reports to technically significant work in the welding
field. There is now a more complete understanding of the limits and applicability of neutron
scattering. This understanding will evolve as pulsed neutron techniques come into more
frequent use and as synchrotron radiation applications are found.

The reproducibility of strain measurements has been shown to be adequate to the task of
welding residual stress analysis with reproducibility comparable to X-ray and mechanical
methods. The key point is to make sure that the strains are an accurate measure of Type I
strains. The spatial resolution of residual stress measurement will probably never be com-
pletely satisfactory to the materials scientist who is used to atomic scale characterization,
but resolution at 1 mm? represents an improvement over older residual stress methods and
represents a bridge from microscopic to macroscopic technology. One should be alert to
the relationship between effective and nominal gauge volumes as an important experimental
quality. The precision of strain determination, although largely a matter of diffraction peak
intensity, involves important underlying issues such as beam path in the sample, material
texture, grain size and background scattering rates which can remove a given case from
consideration for neutron analysis. The unique requirement for a zero-stress reference in
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neutron residual stress arises from the fact that there are no built-in boundary conditions that
might substitute for this parameter. When measuring a triaxial residual stress state there has
to be a determination of the zero-stress lattice parameter. The necessity for determining the
principal axes of the stress and strain tensor has been under-represented in the early stud-
ies of relatively thin plates and cylinders. In the many practical cases where the question
cannot be simplified, this adds extra experiment time to the job of residual stress analysis.
The “ultimate” materials physics question is how to convert measured strain to engineering
stress. Progress in this area is likely to result in a series of more accurate approaches having
greater complexity. Elastic diffraction coefficients are the experimental answer in practical
problems, but the interpretation of elastic diffraction coefficients will require sorting out of
elastic and plastic anisotropy effects. Finally, the validation of FEM calculations has been
shown. Calculations are going to improve with increasing computer power and more accurate
property databases. Neutron residual stress analysis of more complex weld techniques and
geometries will be done. It seems obvious that interactive comparison between computed
and measured results will become a more common practice in advancing welding technol-
ogy. A key question is whether experiments will be effectively designed for comparison with
calculation.

18.8.1 The zero-stress reference d-spacing

The welding process is a severe heat treatment of the material in the region of the joint.
The consequence is that the change in d-spacings has nothing to do with strain effects. The
zero-stress d-spacing must be identified for determination of mechanical strain. Destructive
examination of the material cannot be avoided in welds where the lattice parameter is strongly
dependent on composition. Many ferritic steel welds are relatively insensitive to the effects
of heat treatment because substitutional solute concentrations are low and carbon solubility
is very small. Reference d-spacings can be made on small coupons cut from the HAZ and
fusion zone. When the measurement is made with a beam flooding the entire volume of the
coupon, the Type I residual stresses are integrated to zero. Type II microstresses can remain,
however, since there is no requirement for local strains in the subgroup of diffracting grains to
go to zero. The effect of composition on the d-spacing is independent of sample orientation,
which suggests that directional averaging of the Bragg peaks will give a better determination
of the reference d-spacing. Annealing heat treatments to produce a stress-free sample cannot
be recommended because annealing will further alter material composition. A weld in pure
material would be an exception to this recommendation.

18.9 Summary - “Caveat Emptor”

Anyone considering neutron residual stress analysis of welds should be aware of the require-
ments and preparation needed to achieve a successful application. For many welding
problems, be aware of the requirement for destructive preparation of zero-stress reference
samples from a companion weld or the weld itself after measurement. Excessive grain size in
the fusion zone and the HAZ may render diffraction analysis impractical. Spatial resolution
significantly below 1 mm is obtained at a very high cost in neutron experiment time. Dynamic
analysis of welding-related processes with a time resolution in minutes is possible, but at
present this would be limited to PWHT, for example. Improved data collection rate awaits
the availability of higher neutron source intensities and new instrumentation design.
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Neutron residual stress analysis of welds explores a new regime of non-destructive subsur-
face detail. In this new regime, one must consider new questions about the orientation of the
principal axes of the strain tensor and the interpretation of elastic and plastic anisotropy. It
is possible to make progress in the understanding of residual stresses by resorting to simpli-
fying assumptions as was illustrated in the foregoing examples. The validation of computed
residual stress with neutron results is a severe test that challenges both experiment and com-
putation. To keep perspective, however, the accuracy of surface residual stress results by
strain relaxation, because of its simplicity, is more accurate and accessible than the residual
stress from neutron scattering.

18.10 Opportunities

Possibly the greatest need and opportunity in the field of neutron residual stress analysis is
to solidify the technical foundation and limits of this method of weld research. The unique
feature of neutron scattering is the ability to characterize, by diffraction, the strain response
of welded material in a non-destructive manner. At least two fundamental challenges are met;
the requirement to understand the measurement of the triaxial strain state, and to understand
how to determine the macroscopic stress (Type I) given the way the diffraction averages the
strain response at the macroscopic and microscopic levels.

The weld structures are very messy because of the complex thermal history in which plastic
deformation, phase transformation, composition and texture change occur. So far we can only
analyse the weld as fabricated. We know very little detail about the strain history leading to
the final residual stress state. The analysis of the weld will often require the destruction of
the weld to determine, for example, the stress-free reference d-spacings or the constituent
phase fractions. The opportunity here is to find new methods of neutron diffraction analysis
that are rapid enough to capture some of the strain and phase transformation history of weld
formation. In the meantime a more realizable objective is to refine the spatial resolution of
diffraction analysis so that the structure of multiple pass weld beads and constituent phase
distributions in a weld could be extracted along with the strain state.

18.10.1 Conventional stress relief codes

Some insights have been gained from stress mapping of welds subject to residual stress
reduction by PWHT. Heat-treatment practices for various engineering materials in various
forms and dimensions are contained in the engineering codes for PWHT. Further research
into modification of welding processes and PWHT offers the opportunity to define more
economical and beneficial practices that reduce the cost of fabricating reliable welds.

Neutron analysis of vibratory and magnetic stress relief of welds has not confirmed the
anecdotal evidence for such benefits. The evaluation of a known case of stress relief ben-
efit will require a scrupulously controlled neutron mapping experiment. Small grain size
and minimal texture would assure the accuracy of strain measurement and the influence of
microstrains (Type II) would have to be fully understood.

18.10.2 E-beam and laser weld (small HAZ methods)

The fusion zone and HAZ of an electron beam weld is very small compared to conventional
arc welds. Strain field gradients are steeper and the required spatial resolution for residual
stress mapping needs to be reduced below a millimeter for useful analysis. The successful use
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of strain mapping requires the fulfilment of the powder diffraction condition of a sufficient
number of grains to form a reasonably continuous Bragg diffraction ring. The condition is
very restrictive in large grained material. Beyond the powder limit, one must consider single
crystal analysis. In the single crystal regime, one has lost the advantage of easy measurement
of average strain from which Type I residual stresses are usually determined. The solution to
the large grain size problem is a current subject of research and requires more effort.

18.10.3 Hydrogen effects

The influence of hydrogen on weld cracking is a major problem that ought to be responsive
to neutron scattering because of the large scattering of neutrons by hydrogen. The difficulty
is that the average hydrogen content is measured in parts per million. Significant scattering
effects might be expected at regions of high hydrogen concentration. The usual distributions
of such regions are too diffuse to give a measurable scattering signal. An alternative is to
consider the subtle effect of hydrogen on the lattice parameter of the hydrogen-containing
matrix. However, order of magnitude improvement in d-spacing measurement would appear
to be needed.

18.10.4 Calculated residual stresses

Finite element calculations for welds are well established and the most important tool in
making effective use of neutron mapping weld analysis. Neutron stress mapping validation
of computation has been demonstrated. It is clear that there is room for improvement in
the computation and in the analysis of the neutron experiment. On the computation side
one could use improvements in the thermo-mechanical properties database and the execu-
tion of phase transformation and elasto-plastic models. On the neutron diffraction side, one
needs to resolve Type I and Type II strain behaviour. The accuracy of zero-stress reference
d-spacings can be improved, especially in cases where the d-spacing is composition sensitive.
Quantitative validation of computation results is possibly meaningless without specifying the
mechanical and thermal boundary conditions applying to the weld process. Measurement of
weld distortion is needed in addition to residual stress. The recording of restraining forces
during welding would be an essential part of the experimental effort.

18.10.5 Welding dynamics

Neutron analysis of welding dynamics in real welds is not going to be achieved without
a significant improvement in neutron flux and neutron detection technology. The time-scale
for the welding process is minutes with solidification processes measured in seconds. Current
powder diffraction measurements are made in minutes under favourable conditions. Pulsed
neutron sources promise to deliver significant improvements in neutron flux over current
neutron sources, and the intrinsic advantage of delivering a powder pattern at a fixed angle
will prove helpful. The intrinsic advantage of beam penetration remains a prime justification
for the effort.

18.10.6 Relation to other methods

Neutron scattering is nearly unique in its capability to measure strains in depth without
destruction of the test specimen. But it is certainly not a portable method and access is
limited to the small number of neutron sources around the world. Use of the method must
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be carefully justified by there being a technically significant outcome from the undertaking.
Much of the work with neutron scattering in the past decade has been exploratory and these
efforts have sharpened the understanding of limits in the application of neutron analysis to
welding problems. It is clear that grain size and morphology and multiphase constituency
have to be known in order to make effective use of neutron analysis. But before use of neutrons
is decided upon, the use of alternative methods should be considered.

The evaluation of residual stress by measurement of strain relaxation in sectioned materials
is an old, simple, reliable and accurate method. One uses bulk elastic coefficients and the
strain response depends only on Type I residual stresses. The method is strictly destructive
and has limited spatial resolution but may serve for engineering purposes. The Sachs boring
method is less destructive, has spatial resolution, is on a scale of millimeters, and is sensitive
to the near surface stress state. The portability of the method permits field testing, which is
a practical advantage.

The precision and spatial resolution of conventional X-ray residual stress methods are
comparable to current neutron diffraction methods but with the important difference that
only surface measurements can be done. The X-ray method can be extended into depth but
require destructive surface layer removal. Given relative costs, there will always be a use for
this portable and convenient residual stress method.

The use of synchrotron radiation for residual stress is in its earliest stages of development.
Not enough experience has been accumulated to optimize instrumentation for this area of
application. Very useful beam penetration can be achieved in aluminium and steel, making it
competitive with neutrons in this respect. However, penetration is achieved with high-energy
short-wavelength radiation that gives Bragg diffraction at small angles. Under these circum-
stances, the gauge volume is needle-like. When the beam is narrow at less than 10 pm, the
long axis can be reduced to less than 1 mm. An additional complication arises because of the
high degree of collimation in the beam. The number of grains in the gauge volume selected
for diffraction is small. The result is that the same grain-sampling limits encountered in large
grained samples with neutron techniques will limit synchrotron radiation experiments requir-
ing grain averaging. Residual strain mapping using very high intensity synchrotron radiation
is capable of characterizing small-scale strain variation not achievable with neutron methods.
For example, one can analyse grain-to-grain strain tensor variation within a small cluster of
grains, and measurement of strain variation within single grains is possible. The informa-
tion gained at micrometer scale will improve understanding of Type II residual stresses and
thereby complement and support the macroscopic scale mapping with neutron methods.
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19 Materials for nuclear fusion applications

R. Coppola and C. Nardi

19.1 Introduction

It is well known that the construction of future fusion reactors will depend on a timely devel-
opment of materials resistant to the simultaneous effects of high-energy neutron irradiation
and intense thermomechanical loads [1, 2]. A schematic picture of the International Thermo-
nuclear Experimental Reactor (ITER) machine is shown in Figure 19.1, where the main
components are indicated, while Table 19.1 reports the main radiation effects on some of
these components. The damage produced by the fusion reaction

D+ T — n+ 14MeV

will be quantitatively and qualitatively different from the damage experienced in conventional
nuclear plants, since high H and He doses will be generated into the structural materials
and the displacement rate will be one order of magnitude larger. Furthermore, the pulsed
operation mode of these machines will submit the whole structure to low cycle fatigue at
service temperatures as high as 600-700°C. Keeping in mind that a huge number of welds
and joints will be necessary to fit the complex geometry of these machines, the relevance of
stress measurements in this domain is easily appreciated. A review of the various structural
materials options currently developed in fusion research and technology can be found in
Refs. [2, 3].

This chapter will first review some stress studies carried out, using neutron diffraction,
on prototype brazings of interest for plasma facing components such as the ‘divertor’ (see
below). They are developed to protect Cu or Mo cooling pipes with high temperature resistant
materials such as composite graphite or tungsten. One of the main concerns in the lifetime
prediction of such mock-ups for plasma facing components is the evaluation of the stress field
existing in the component after manufacture. This stress field is mainly due to the fabrication
operations and to the welding and brazing procedures.

As a second example, some neutron diffraction studies of welded ferritic/martensitic steels
are reported. Owing to their resistance to swelling and He effects, these steels appear in
fact as one of the most realistic options to construct the ‘first-wall’ and blanket structures
in medium- or long-term projects such as the demonstrative reactor DEMO [4]. A further
advantage of these steels arises from the limited quantity of Ni in their composition, limiting
the activation products and lowering the radioactive waste disposal cost. These steels are
being developed starting from the elemental compositions originally designed for use in
fast breeder reactors and by replacing those constituents with high-activation cross sections,
such as Ni or Nb, with more favourable ones such as Mn, W or V. Mechanical property
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Figure 19.1 Schematic picture of the ITER machine main components.

tests and microstructural examinations are carried out to qualify such materials in view of
their technical utilization in fusion relevant conditions. It is more specifically essential to
characterize the complex microstructural changes produced by welding and the related stress
field.
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Table 19.1 Interactions between the plasma and the structure of the reactor, from Ref. [1]

Plasma First wall Blanket Shield Magnets

Neutrons Hardening Hardening Activation Changes in:
Embrittlement Embrittlement Heating critical current;
Creep Creep resistivity of stabilizer;
Swelling Swelling mechanical properties of
(n,0)(n,p) (n,T)(n,2n) insulators;
Heating (n,a)(n,p) heating
Activation Swelling

Activation
Heating
Electromagnetic ~ Surface Heating Heating Heating
radiation Heating Changes in mechanical

AT properties of insulators
Stresses

D, T a Sputtering
T permeation
Hydrides

Disruptions Heating
Melting
Evaporation

19.2 Brazed divertor components

Near-term fusion reactor prototypes, such as ITER, will require in the vacuum chamber
a component, the divertor, specifically designed to contain plasma instabilities and their
deleterious effects originating from huge and instantaneous heat changes (see Figure 19.1).
The main scope of the divertor system in the plant is in fact first to have an area where the
ions of He and highest Z materials are extracted from the plasma, and second to perform
the power exhaust from the radiative plasma. This implies high ion bombardment and great
energy release on the divertor, thus making it the component where highest local thermal
fluxes are present. The divertor is basically an assembly of cooling pipes, in Mo, Cu or Cu
alloys, coated by a sacrificial layer of high-temperature resistant material, such as graphite
or tungsten. Typical divertor plate sizes are 1 x 1 m?. It is clear that owing to the extreme
service conditions of such components, the choice of the materials and of the method to join
them is crucial, and preliminary studies are necessary to investigate them on small samples
or ‘mock-ups’.

One of the first monoblock divertor concepts, developed for the ITER project, consisted
of Mo cooling pipes surrounded by a carbon fibre composite (CFC) graphite armour [5].
Figure 19.2 shows real-scale modules constructed following this concept. The armour and
the pipe are joined together by a brazing treatment, usually at about 800-850°C and using
alloys such as TiCuAg as fillers. That gives rise to a stress field extremely localized near the
interface region and sensitive to thermal treatments also as a consequence of interdiffusion
processes. It is therefore essential to investigate the stress field evolution with temperature
conditions in these structures, and neutron diffraction provides an appropriate experimental
tool for this task.

Aninitial study [6] was carried out, with the aim of approaching the problem by a simplified
brazed joint, on the polycrystalline graphite/Mo brazed platelet sketched in Figure 19.3.
The neutron diffraction measurements were carried out, at room temperature, using the
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Figure 19.2 Composite graphite coated Mo tubes for ‘divertor’ components; the coating is joined to
the tube by a brazing procedure.
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Figure 19.3 Brazed graphite/Mo plate; figures are in millimeters (from [6]).

G5.2 diffractometer at the Laboratoire Léon Brillouin, Saclay (as were most of the works
reported in this chapter). Figure 19.4 reports the main stresses measured in graphite, with a
diffracting volume of approximately 8 mm? (with a space resolution of 2 mm in the brazed
layer direction), as a function of the distance from the brazing interface. In Mo, only one point
could be tested giving an average stress value of some 86 MPa. These low stress values are in
the same order of magnitude of those predicted by finite element method (FEM) calculations
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Figure 19.4 Principal stresses in graphite as a function of distance from the brazing for the sample
of Figure 19.3 (from [6]).

using the ABAQUS code. In a subsequent study [7] similar room temperature measurements
were repeated on a sample obtained by brazing CFC graphite to a Mo small cylinder (similar
sizes as the sample of Figure 19.3). In this case, analyzing the data from graphite was
complicated by the composite structure of the material, composed of a fibre and a matrix
phase, with consequent texture effects. However, by assuming that the fibre contribution to
the total intensity distribution of the Bragg peak can be represented by linear background
noise (determined by fitting the experimetal data), a more regular trend in the & versus sin’y
plots allowed a determination of the principal stresses at two significant points.The values of
such stresses, tensile also in this case, are of the same order of magnitude as those determined
in polycrystalline graphite.

High-temperature strain measurements were carried out on a castellated mock-up obtained
by brazing CFC graphite with an interlayer of Cu, brazed in turn to dispersion strengthened
(DS) Cu [8]. A sketch of the sample, designed for optimizing heat dissipation, is shown in
Figure 19.5, together with its dimensions; the main axes defined for the neutron diffraction
measurements are also shown. In these measurements the linear size of the selected neutron
probe was 2 mm, corresponding to a diffracting volume of 10 mm?. The experimental condi-
tions for graphite were the following: the neutron wavelength was 0.47 nm, with a 26 angle
of approximately 88.7° for the (002) reflection. For DS Cu, the neutron wavelength was
0.286 nm with the angle 260 at 86.6° using the (111) reflection. The instrumental resolution
is about 0.5° in the case of CFC and 0.4° in the case of DS Cu. As discussed above, the
diffraction peak from CFC contains a contribution from fibres and a contribution from the
matrix, which cannot be distinguished with the available instrumental resolution. Therefore
the measured lattice spacing refers to an average over the selected diffracting volume, which
is large enough to integrate over these two phases, fibre and matrix, both in the reference
powder and in the sample.

The measurements were carried out using a thermocouple furnace, in vacuum, varying the
angle ¢ for fixed ¢ values. Therefore, only radial and tangential strains could be measured
(see Figure 19.5). As the lattice parameters of each of the two investigated materials, CFC
graphite and DS Cu, vary with temperature in order to determine the strain values, at high
temperature milled powders of both CFC graphite and DS Cu were used to measure the
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Figure 19.5 Castelled divertor mock-up (from [8]).

respective diffraction peaks at different temperatures. In this way, a calibrated, temperature-
dependent value of the unstrained lattice parameter was available to determine the strain

o(T) = d(T) — do(T)
T do(T)

at high temperature in each of the two materials. Strains in graphite were subsequently
measured at 30°C, 300°C and 600°C (the maximum available). Then the strains in DS Cu were
measured, always keeping the sample at 600°C. The lower temperatures were not investigated
in DS Cus since the time required for each measurement was 15-20 h and the whole component
underwent a complex thermal treatment with consequent modifications of the initial strain
field. It is also noted that the brazing temperature being 850°C, such measurements cannot
in any case be meaningfully carried out at temperatures much higher than 600°C.

The results of these measurements are shown in Figure 19.6. The deformation trends exhibit
deviations from linearity, likely ascribed to texture effects as seen in previous studies. At
room temperature a negligible radial strain is found, while in the tangential direction a tensile
strain of approximately 0.0006 is found. By increasing the temperature, the radial strain
becomes negative (—0.0006 approximately) while the tangential one becomes negligible.
Taking into account the experimental error bars and the dispersion of the points, no significant
difference can be detected between 300°C and 600°C data. Concerning the strain evolution
in DS Cu (measured at the centre of the component and as close as possible to the brazing
surface) the value measured at 600°C coincides with the reference powder value, so that
the deformation is zero. This is entirely consistent with what is known on the temperature
resistance of DS Cu.

These results may be affected by the combination of the different thermal treatments
performed on the whole mock-up, which may have non-negligible consequences especially
on the microstructural evolution (precipitates) of DS Cu. The comparison with FEM results is
in this case very difficult, the geometry of the sample is a very complex one and the calculations
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Figure 19.6 Temperature-dependent strain measurements in graphite for the sample of Figure 19.5.

Radial B

Diffracted
beam

Scattering vector Q

Incident beam Tangential B

Figure 19.7 Experimental layout for zero strain determination experiment (from [9]).

are extremely sensitive to the hypothesis put on the heat exchange from the castellated volume.
Indeed, if the exchange area is evaluated only as the one of the upper surface, a very slow
temperature reduction is obtained, while if the full surface of the castellation is evaluated
(i.e. with the lateral walls), the time of the temperature reduction drops dramatically.

As a last example an experimental determination of the zero strain temperature by means
of neutron diffraction is mentioned [9]. This temperature, which is of utmost importance
in engineering calculations to predict mechanical behaviour and stability of such structures,
is generally evaluated by numerical methods, however an experimental determination is
necessary to validate these theoretical predictions. The measurements were carried out on a
sample manufactured by Metallwerke Plansee, made from a pipe in CuCrZr alloy armoured
with a CFC (Figure 19.7). The joint between the CFC and CuCrZr alloy was obtained by an
intermediate layer of copper, of thickness of about 1 mm.
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Figure 19.8 Temperature-dependent strains in Cu in the two points of Figure 19.7.

Also, in this case a thermocouple furnace was used for the measurements, which were
carried out in He. Two different points (A and B) located at 90° to each other were measured
in two directions: radial and tangential. The size of the neutron beam was 20 mm high
and 0.5 mm wide. The measurements were performed at different temperatures: RT, 100°C,
200°C, 300°C, 370°C and 430°C. For each temperature, the measuring sequence was the
following: point B in the tangential direction, point A in the radial direction, point A in the
tangential direction and then point B in the radial direction. The reference lattice parameter
was measured from a powder ground from a Cu sample, measured at the same sample
measuring temperatures.

The strains determined in the sample using the powder as a reference are shown in
Figure 19.8. There is very little difference between the two points in the two directions
(radial and tangential) and the strains vanish at about 370°C in the radial direction and at
about 430°C in the tangential direction. This equilibrium temperature is determined by fit-
ting the data with a straight line: the correlation coefficient (R?) is 0.995 and the error on
the determination of the equilibrium temperature is at worst 30°C. The results show, more-
over, a high reproducibility, also indicated by the quality of the linear fit. The stress-free
temperature in the CuCrZr alloy pipe of the monoblock is in the range 370—430°C, which
is consistent with what is expected from the thermomechanical behaviour of the component.
However, the results show compressive strains in the tube with similar values in radial and
tangential directions. This is not in agreement with the common understanding of the prob-
lem, since tensile strains are expected in the sample after fabrication. However, an analysis
of the results, taking into account the mechanical constants of the different materials and the
sample geometry, showed the consistency of the neutron diffraction results and suggested
that the experimentally determined strain values can be affected by strains remaining after
the fabrication process [9].
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19.3 Ferritic/martensitic steels

In demonstrative fusion reactors such as DEMO, the first wall, defining the inner surface of
the torus, will be the component more directly exposed to irradiation. It will be basically
composed by an assembly of large modules (typical sizes 1 x 1 x 10m?, see Figure 19.9)
fitting the torus geometry, each one including a complex system of cooling pipes. The first
wall will also have an essential structural function in supporting the inner tube bundle of
the module. Currently ferritic/martensitic steels appear as one of the most realistic options
to manufacture it: in fact these steels, which have largely been tested in nuclear plants,
combine good mechanical properties and resistance to irradiation. However, since some of
their conventional consituents such as Nb have high-activation cross sections under 14 MeV
neutron irradiation, their chemical composition must be optimized in such a way to obtain
low-activation materials (LAM). That implies a series of metallurgical characterization on
such developmental steels, including of course study of the stress field under different welding
methods.

One of the main low-activation martensitic steels, F§2H-mod., developed by the Japanese
JAERI-Programme and manufactured by NKK, has been proposed as a reference material for
the first-wall and blanket structures for the European Long Term Fusion Material Programme
[10, 11]. The main alloying constituents of this steel are the following: Cr 7.7, C 0.09, Mn
0.16, W 2.0, V 0.16 wt% (Nb content restricted to 1 ppm). As a very large number of welds
will be necessary to construct those components, the weldablity of this steel, the stress
fields associated with different welding methods and their evolution under fusion-relevant
thermomechanical loads are important aspects to investigate.

Figure 19.9 Scheme of a first-wall section.
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Within this frame a stress study on an electron-beam welded sample of this steel has been
carried out [12]. The sample had been obtained from a plate hot rolled and then submitted
to standard normalizing and tempering treatment (1040°C for 30 min followed by rapid
quench, then 750°C for 1 h) which gives a fully tempered martensite free of 8-ferrite. The
sizes of the sample, 6.5 x 5 cm? wide and 1.5 cm thick, were defined in order to be large
enough to avoid as much as possible boundary effects on the stress field, as well as to be
compatible with the maximum allowed neutron path length inside the material. The sample
was treated by electron-beam, under a voltage of 60kV and a current of 150 mA, with
a speed of 1 m/min. The total resulting width of the melted zone and heat-affected zone
(HAZ) is of approximately 2.2 mm (1.2 mm for the former) as was evident from the results
of microhardness measurements at different distances from the centre of the weld. Both the
melted zone and the HAZ exhibit a microhardness value corresponding to what is expected
from a martensitic quench (440—400 Vickers hardness), while the hardness value typical of the
tempered material (240) is rapidly recovered for distances larger than 1.5 mm approximately.

X-ray diffraction measurements were carried out using a SetX diffractometer equipped
with a ¥ goniometer and a PSD detector at ENSAM, Paris. The wavelength was 2.29 A of
Cr K-« radiation, the selected Bragg reflection (211) corresponding to a diffraction angle of
156.3°. A circular area 2 mm in diameter was investigated. The stresses were evaluated by
using 11 ¢ angles. After mechanical polishing, the sample was electrochemically polished
using an acetoperchloric solution. The investigated points are shown in Figure 19.10 and the
corresponding results are shown in Figure 19.11 (together with those of neutron diffraction).

For the neutron diffraction measurements, the selected reflection was (110), with a neutron
wavelength of 2.844 A and a 26 angle of about 89°. The instrumental linewidth was approxi-
mately 0.3°. The Cd diaphragm at the exit of the neutron guide had a diameter of 1.1 mm,
with a corresponding diffracting volume of approximately 1 mm? inside the material. The
sample was mounted on a Euler cradle and the strain was measured at different values of the
¢ angle (0°,45° and 90°) and of the ¥ angle, in order to determine the stress tensor. As a
reference, unstrained dy value the measurement at point 4, far from the HAZ, was used.

LN
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Figure 19.10 Schematic picture of electron-beam welded F82H steel sample with experimental
layout and investigated points (from [11]).
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Comparing the X-ray and neutron diffraction results of Figure 19.11 it is evident that, at
the beam centre and 4.5 mm distance, the data are if not in agreement at least compatible,
taking account of the differences between the two methods and of the uncertainties associated
in the unstrained lattice parameter value assumed for neutron diffraction; furthermore, the
microstructure of the melt zone is expected to be quite heterogeneous, especially in the x
direction. Far from the HAZ, both neutron and X-ray measurements indicate low stress levels
(< —50-100 MPa).

In the intermediate region where experimental studies on other martensitic steels show
strong stress gradients [13, 14], there is complete disagreement between X-ray and neutron
results. Stress gradients depending on depth inside the material are known to be <10%/mm
in martensitic steels welded with electric arc procedures [14]; therefore an explanation of the
differences betweeen X-ray and neutron data based on the fact that the two methods probe a
depth-dependent stress field is not sufficient to account for the results obtained. On the other
hand, it is well known that bainitic or martensitic structure random formation is one of the
main effects arising in the HAZ under electron-beam treatments in martensitic steels, with
consequences for the stress distribution. Extremely localized bainitic regions can be produced
by oscillations of the electron-beam arising from fluctuations in the magnetic permeability of
the base material. This can also be inferred from metallographic observations. It is therefore
tentatively suggested that the differences between X-ray and neutron data in the HAZ arise
from the fact that the neutron beam probes a region where an uncontrolled percentage of
bainite, with a different lattice parameter and a different specific volume from the base metal,
is present. Furthermore, additional modification of the deformation field in the bulk of the
material is produced by the stresses at the boundary of the two phases.
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The presence of secondary stresses as a consequence of microstructural phenomena such as
Cr segregation is another important field of investigation concerning martensitic steels. In fact
the Cr atom distribution can have important consequences on fracture behaviour and ductile-
to-brittle transition. Furthermore, the related changes in dislocation density are a key factor in
determining the resistance to irradiation effects. X-ray and neutron diffraction line broadening
measurements have been carried out [15] to follow microstructural evolution under tempering
at 700°C in a martensitic steel originally developed for the Next European Torus project
(MANET). Its chemical composition is the following: C 0.10, Cr 10.37, Mo 0.58, Ni 0.65,
Mn 0.76, Nb 0.16, V 0.21, Si 0.18 Fe to balance (wt %). All specimens were austenized at
1075°C for 30 min, then cooled with two cooling rates (150°C and 3600°C/min, respectively)
and finally tempered at 700°C for different times up to 20 h. Work carried out using scanning
electron microscopy, internal friction and small-angle neutron scattering [15-18] showed
that during tempering inhomogeneities in Cr distribution arise with consequent changes in
microstrain field and precipitates or aggregates occurrence. As an example, Figure 19.12
shows SEM pictures of MANET steel before and after tempering 2 h at 700°C.

(b) &

Figure 19.12 SEM pictures of MANET steel as quenched (a) and tempered 2h at 700°C (b).
The Cr microanalytical profiles refer to the points along the indicated white lines
(from [15]).
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Figure 19.13 Neutron and X-ray diffraction linewidths, together with microhardness, for MANET steel
as a function of tempering time at 700°C (from [15]).

Figure 19.13 reports the comparison of X-ray and neutron diffraction linewidths, as a
function of tempering time, for the same set of samples. Microhardness data are reported as
well. As discussed in Ref. [15], the difference between X-ray and neutron data is attributed
to the fact that, while in the case of neutrons the linewidth is averaged over the whole sample
thickness (1 mm) and therefore the total contribution of local strains like those arising from
the Cr fluctuations shown in Figure 19.12 (with a typical length scale of few micrometers)
is zero, the thickness sampled by X-rays is 20 pwm approximately and is therefore affected
by those fluctuations. On the other hand, since immediately after quenching and prior to the
first annealing step the Cr is homogeneously distributed, the initial linewidth values are the
same for neutrons and X-rays.

Neutron diffraction experiments were carried out at the NPI Rez at the high-resolution
three-axis diffractometer TKSN-400 operating at a wavelength of 1.62 A. The instrument is
equipped with a bent Si(111) monochromator and Si(220) analyser. The high instrumental
resolution of Ad/d = 2.6 x 1073 is achieved by setting the optimum focusing conditions
with respect to the studied Fe(110) reflection. The curve from a well annealed «-Fe sample
was used as an instrumental profile. The effects of the peak broadening were treated in terms
of the integral breadth method of profile analysis: this method enables a separation of the
strain and size contributions to the peak broadening [19].

Figure 19.14(a) documents the recovery of the grain structure with annealing, whereas
Figure 19.14(b) shows a decrease of the relative mean microstrain with annealing time. The
determined values of microstrain result from two main contributions, strain fields around dis-
locations and Cr aggregates, respectively. Both contributions are competitive when assuming
their evolution with tempering. A decreasing function of mean microstrain indicates that
the effect of dislocations is dominant. The dislocation density (Figure 19.14c) was modeled
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Figure 19.14 Mean size of coherently diffracting blocks (a), mean microstrain (b) and dislocation
density (c) in MANET steel as a function of tempering at 700°C [18].

assuming a system of dislocations with Burgers vector (111) without taking into account the
effect of C—Cr aggregates or small precipitates on the total microstrain field. After the first
annealing step, the microstrain and dislocation density are relieved and stabilized at least
up to 20h annealing time. SANS measurements [17] revealed that important microstruc-
tural changes occurred after the first annealing step and that the average size and relative
volume fraction of the C—Cr aggregates do not significantly change in the explored temper-
ing time interval. One could therefore assume that, immediately after quenching, Cr atoms
in octahedral positions around interstitial C atoms contribute to a relatively high value of
microstrain which is decreased also as a consequence of more complex and more extended
C—Cr aggregates after the first annealing step.

19.4 Concluding remarks

These few selected examples have at least given an idea of the complexity of fusion materials
research, showing the usefulness of neutron diffraction for an experimental determination of
the bulk stress field. Concerning in fact brazed divertor structures, these studies contribute
to understanding some fundamental microstructural features of brazed joints. Furthermore,
they provide an irreplaceble tool for experimentally determining the strains or the stresses
at technologically relevant temperatures and for checking the validity of parameters, such as
zero strain temperature, which are needed for constructing large scale components and usually
estimated only through numerical analysis. In the case of ferritic/martensitic steels, neutron
diffraction is also very useful for metallurgical characterization of new alloys through phase
identification and investigation of the stress field in welds; also in this case such fundamental
properties must be studied on prototype samples in order to provide the experimental base
necessary for the design of the component.

A fundamental point to be clarified by future work is, for a given kind of brazing process,
how to correlate numerical predictions of the stress field, which generally refer to ideal
samples, and neutron diffraction measurements, which are carried out on real samples and
are affected by their thermomechanical history, texture effects, etc. In this regard samples to
be tested by neutron diffraction should be free of stresses, except those produced by brazing or
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at least prepared in stress-controlled conditions. An experiment is underway at the high flux
reactor of ILL-Grenoble to investigate the temperature evolution in a reference Cu/W brazed
sample. High-resolution measurements are necessary to investigate phase inhomogeneities in
the HAZ as a consequence of thermal gradients during the cooling phase. Finally, comparison
of neutron and X-ray measurements can be used to investigate segregation phenomena through
changes in the microstrain field.
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20 Residual stresses in ceramic materials

R. I. Todd

20.1 Introduction

Ceramic materials often contain residual stresses. These can arise through most of the mech-
anisms responsible for residual stresses in metallic materials, including thermal expansion
mismatches (either at a macroscopic level or on the scale of the microstructure), local
dilatations and deviatoric strains occurring during phase transformations (martensitic or
diffusional), and differential plastic deformation, such as that occurring during surface
grinding.

Residual stresses in ceramics are often greater in magnitude than those found in metallic
materials. Thermal microstresses in excess of 2 GPa have been measured in some of the mate-
rials reported in this chapter. There are three important reasons for this. First, the relaxation
of residual stresses by plastic deformation is difficult owing to the high yield stress of most
ceramics. Second, the high stiffness typical of ceramics means that a large stress results from
a given strain, imposed for instance by a thermal expansion mismatch or phase transforma-
tion. Finally, in the case of thermal residual stresses, the refractory nature of many ceramics
allows, and in the case of sintering and other methods of densification, demands, very large
thermal excursions which lead to correspondingly large thermal expansion mismatches.

Given their high level, it is not surprising that residual stresses in ceramics can have
a profound effect on the mechanical properties and other attributes of the material. The
effect can be beneficial, as is the case in a number of toughening mechanisms that have been
identified, or detrimental, the most obvious example being the possibility of spontaneous
fracture of the material. Either way, it is important that the residual stresses and their effects
should be understood, so that the benefits can be maximised and the detrimental effects
avoided.

The investigation of residual stresses in ceramics and their effect on properties is certainly
an area in which the balance between theory and experiment is heavily biased towards the
former at present. This is partly because of the difficulty in measuring residual stresses,
although the small size of the commercial market in advanced ceramics compared to metallic
materials may also be a factor. The development of neutron diffraction techniques for measur-
ing residual stresses is allowing the balance between theory and experiment to be redressed,
however, and there are now reports of experimental measurements of many of the important
types of residual stress outlined in the first paragraph of this section. The techniques used
are for the most part routine, and are described elsewhere in this book. The objective of
the present chapter is to review the available literature with an emphasis on the conclusions
of the selected studies, and how they relate to important issues and applications in ceramic
materials.
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20.2 Thermal microstresses in discontinuously reinforced composites

20.2.1 Development of models for thermal microstresses in
discontinuously reinforced composites

More papers have been published on thermal microstresses in discontinuously reinforced
composites than in any other class of ceramic material. The spatial resolution of neutron
diffraction (>~1mm?>) is not sufficient to resolve the variation in residual stress on the
scale of the microstructure of these materials, so the stresses measured directly are the
volume averages of the stresses in a particular component of the composite. In order to
understand the influence of the microstresses on toughening, fracture and other properties,
however, it is important to have a knowledge of the maximum and minimum stresses, and the
spatial variation of stress within the material. This information must be provided by models
for the residual stresses. The function of the neutron diffraction experiments is to test and
validate these models, and to provide data that they require for their predictions. An obvious
example of the information required by models is the relaxation-free temperature change,
AT, responsible for the residual stresses.

20.2.1.1 Whisker reinforced ceramics

Majumdar et al. [1] were the first to report the measurement of thermal residual stresses in
ceramic composites by neutron diffraction. Thermal strains in a hot pressed alumina/18vol%
SiC whisker composite were measured as a function of temperature, and compared with the
predictions of two self-consistent elastic models for the stress in a single inclusion embedded
in a matrix with the average thermoelastic properties of the composite. One model, based on
a long cylindrical whisker, assumed the elastic properties of the whisker to be transversely
isotropic, whilst the other, based on the Eshelby ellipsoidal inclusion method, assumed
complete elastic isotropy. Both models accounted for the anisotropic thermal expansion of the
SiC whiskers, but assumed the alumina matrix to have isotropic thermoelastic properties. The
two models gave almost identical predictions, indicating that the effect of elastic anisotropy
on the strains in the whisker was small.

Relating the predictions of the models to the experimental results was complicated by the
fact that all planes of the same crystallographic type are not in the same orientation relative
to the geometrical shape of the whiskers. The whiskers were predominantly cubic (B) SiC,
with a (111) direction along the fibre axis. Taking the fibre axis to be normal to the (111)
plane, there are three other {111} planes whose normals are in directions inclined to the fibre
axis by 70.5°. The strain calculated from the shift of the {111} diffraction peak is therefore
a weighted average of the strain in the axial direction and the strain at 70.5° to the axis. For
comparison with experiment, the average strains measured from different diffraction peaks
were predicted from the models assuming the whiskers to be randomly orientated, although it
was noted that this was not in fact the case, the whisker axes tending to lie in the plane of the
hot pressed plates. The fact that all the experiments were performed with the diffraction vector
at 45° to the hot pressing direction may have circumvented the worst effects of directionality
simply by measuring strains in a direction midway between the two extremes of whisker
alignment.

Comparisons of the predicted strains as a function of temperature with the experimental
results for various SiC diffraction peaks showed reasonable agreement given the approxima-
tions made. Noting that both models used indicated a uniform stress state in the whiskers,
Majumdar et al. were able to estimate the stress components in the whiskers at room
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temperature to be —2400 MPa (axial) and —1000 MPa (radial and hoop). The matrix tensile
hoop stress at the interface with the whisker was estimated to be +1000 MPa. Extrapola-
tion of the results above the maximum temperature used (1000°C) indicated a stress-free
temperature of 1350-1400°C.

An extension of this work using similar methods [2] showed excellent agreement between
Eshelby-based models and experimental results for the average hydrostatic strain in both
the matrix and the reinforcement as a function of temperature and whisker volume fraction.
Majumdar et al. [1] suggested that those discrepancies that were apparent in more detailed
comparisons were largely the result of both the alignment of the whiskers and uncertainties in
their crystallography. SiC almost always consists of a mixture of heavily faulted polytypes,
differing in the stacking sequence of layers with hexagonal symmetry. The whiskers may,
therefore, have contained attributes of both cubic SiC (in which the stacking sequence is in an
ABCABC format analogous to that in face-centred cubic metals) and polytypes with hexag-
onal symmetry. This is particularly important for diffraction strain measurements because it
dramatically affects the multiplicity of the different planes which give rise to diffraction, and
therefore the weighting of the average strain measured from a particular diffraction peak.

The influence of alignment and crystal structure, as well as thermoelastic anisotropy,
was explored by Tomé, Bertinetti and co-workers [3, 4] using self-consistent models based
on the Eshelby equivalent inclusion approach coupled with the mean field approximation
for composites containing finite volume fractions of inclusions. Various combinations of
anisotropic properties, degree of alignment and crystal structure were explored, and an
improved agreement with the results of Ref. [1] was demonstrated, particularly when the
whiskers were assumed to be mainly hexagonal in crystal structure. Although some discrep-
ancies remained, a more detailed model was not possible without more information about
the degree of alignment and crystal structure of the whiskers.

20.2.1.2 Particulate composites

The research on whisker-reinforced alumina illustrates some of the difficulties in testing mod-
els rigorously using simple peak shift measurements on a single material. The relaxation-free
temperature reduction, AT, cannot be known accurately a priori, so the absolute values of
stress do not provide a very useful test of the model. Furthermore, differences in strain
between different crystallographic and spatial directions are difficult to model accurately
without information concerning the material which may not be easily obtainable. The orien-
tation distribution of non-equiaxed phases, crystallographic texture and, in the case of SiC
whiskers, the distribution of polytypes, all come into this category. One approach to provid-
ing a more exacting test of models for thermal stresses is to test a range of materials with
systematic variations in microstructure, and to correlate the variations in stress measured
with those predicted by the models. Todd and Derby [5] studied composites consisting of
alumina reinforced with various volume fractions of 3 pm SiC particulate. The particles were
approximately equiaxed, and the composites had only a small amount of crystallographic tex-
ture. The average thermal stresses in both the matrix and the reinforcement were therefore
hydrostatic to a good approximation, and were calculated directly from the measured strains
using isotropic values for the thermoelastic constants of the two phases.

The average stresses in both the matrix and the particles varied significantly with SiC
volume fraction (Figure 20.1), and the force balance between the two phases was satisfied
for all compositions, verifying the validity of the measurements. These experimental results
were compared with the predictions of an elastic model for the residual stresses comprising
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Figure 20.1 Hydrostatic stress in the matrix and reinforcement of alumina/SiC particle composites
as a function of SiC content. The ‘force balance’ is the sum of these stresses weighted
by the volume fraction, and should be zero in the absence of an externally applied
stress, as is demonstrated by the experimental results.

a spherical SiC particle surrounded by a concentric spherical shell of alumina, the radius
of the shell being chosen to give the correct volume fraction of matrix. The exact isotropic
elastic solution for this geometry can be derived by adapting Lamé’s solution for an internally
pressurised spherical shell, and has been used by a number of authors [5, 6]. The SiC particles
are predicted to be in uniform hydrostatic compression. The stress state in the matrix is more
complicated, but close to the particle the radial stress is predicted to be compressive, and the
hoop stress tensile for the range of SiC volume fractions used in the experiments. The model
has solutions for the average strain, &p/p, in the matrix/particle of the form:

Em/p = jm/p(f) AT

where the jy,/, are functions of the volume fraction of particles and the thermoelastic con-
stants of both phases. Figure 20.2 shows that the experimental results fit this form to within
experimental error, and the gradient of the straight line fitting to the results gives a value
for AT of 1040°C. The idea that thermal residual stresses are relaxed at temperatures above
~1100°C is reasonable, since creep, sintering and other high-temperature processes also start
to be active in alumina at approximately this temperature.

Given that the spherical particle/shell model gives a reasonable representation of the
microstructure of the alumina/SiC, composites, and gives a sensible value for the relaxation-
free temperature reduction, AT, we can have some confidence in using it to predict the
average thermal stresses in these composites. Todd and Derby [5], however, showed that
plots such as Figure 20.2 alone are unable to discriminate between models giving widely
differing predictions for the spatial variation of residual stress, which is precisely the infor-
mation which needs to be supplied by the models for aspects of material behaviour such as
fracture to be understood. In contrast, the peak broadening which usually accompanies the
peak shifts used to measure the average stresses provides a powerful test of the predictions
of models in this respect, provided that the broadening results from spatial and directional
variations of the residual stresses alone, and not from other possible sources of broadening
such as dislocations and particle size effects. Todd [7] has shown that if the distribution of



338 R. I Todd

|EI Matrix M Reinforcement

1000 T —
500 F 3
= 0
g
% -500f ]
S
£ ~1000¢ AT=1040K ;
= 1500 F ;
2000 ;
2500 Fmtt :
750 -15 -10 -05 00 05 1.0
j(mK™)

Figure 20.2 Plotof ¢ against j for the matrix and particles of the same composites as in Figure 20.1.

0.005

Strain

|— Experiment - Model|

Figure 20.3 MSD for the matrix of an alumina/20% SiC,, composite, and prediction of spherical
particle/spherical shell model.

strains in the sample satisfies certain well-defined criteria, the broadened peak (after cor-
rection for instrumental effects) can be interpreted directly in terms of the volume weighted
distribution function of the strains sampled by the diffracted radiation (or measured strain
distribution, MSD). The extent to which the strain distribution satisfies the required criteria
can be tested experimentally by demonstrating that the same measured strain distribution
is obtained from two different orders of the same reflection, or, in the isotropic case, from
two peaks corresponding to significantly different interplanar spacings. The same test con-
firms the absence of particle size effects. The absence of significant dislocation activity must
strictly be confirmed by microscopy, but is often the case in ceramic phases that this, and the
other criteria necessary for the interpretation in terms of a MSD to be valid, are obeyed.
The SiC particle reinforced alumina composites described above are ideal for this purpose,
as both phases have yield stresses sufficiently high to rule out significant dislocation activity,
and the grain sizes are much larger than those which would give rise to particle size effects.
A MSD for the matrix of an alumina/20 vol% SiC,, composite is shown in Figure 20.3.
The definition of the MSD is analogous to a probability distribution function, in that the
proportion of the gauge volume with a strain normal to the diffracting planes of between ¢
and ¢ + de is equal to MSD(e)de. The fact that the centroid of the experimental MSD in
Figure 20.3 is at positive strain therefore indicates that the volume averaged strain normal to
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the diffracting planes is tensile, as was deduced directly from the measurement of diffraction
peak shifts described above. The breadth of the distribution is much greater than the average
strain, however, so much so that a substantial volume of the matrix sampled by the neutrons
contained compressive strains, and large elastic strains ~ £0.3% are indicated at the extremes
of the distribution. These observations have a simple explanation in terms of the spherical
particle/spherical shell model, in that some of the neutrons will be diffracted from material
which is close to the particle where the stress is much greater than average. Of these neutrons,
some will be diffracted from crystal planes whose normals are tangential to the particles, so
that the tensile hoop strain will be sampled; others will be diffracted from planes whose
normals are in the radial direction, in which case the negative radial strain will be sampled.

It should be noted that although the MSD is a function of the spatial distribution of stress on
amicrostructural scale, the spatial distribution cannot be inferred directly from the MSD. This
is because there is no escaping the fact that the gauge volume is much larger than the scale of
the microstructure, so the diffraction peak cannot contain any information about the relative
positions of incoherently diffracting domains. The spatial distribution of the stresses must
still be provided by models, which can be tested by comparing the experimental MSD with
the model’s prediction. Figure 20.3 includes the prediction of the spherical particle/spherical
shell model for the alumina/20% SiCj, composite for comparison with the experimental MSD.
The agreement is poor in the centre of the distribution, but in the tails the model predicts the
MSD very well, even correctly predicting the asymmetry in which the compressive strain
wing decays to zero more gradually than the tensile wing. This latter observation is important,
because the extremes of the distribution represent the highly strained parts of the matrix close
to the particles, which are often of greatest interest. In these cases, we conclude that the model
provides an excellent description of the stresses of interest. The central region of the MSD
represents the matrix material far from the particle where the stress is relatively small. It is
entirely to be expected that the spherical particle/spherical shell model gives a poor prediction
in these regions since the isolated spherical units do not satisfy the requirement of continuity
of the strain distribution in the real composite (which is the reason for the sharp discontinuities
in the predicted MSD), and cannot even be stacked to fill space. The MSD therefore indicates
the way to develop improved models. Todd and Derby [5], for instance, were able to show
that an approximate solution for a spherical particle in a cubic shell, which more nearly filled
space, gave a better prediction for the MSD in the central region. Similarly, the MSD could
be used in conjunction with more sophisticated models to study experimentally the effect of
local volume fraction variations, differing particle shapes and the like.

The same approach can be used for the SiC reinforcement of the composites. The MSDs
for the SiC particles are shown in Figure 20.4. The spherical particle/spherical shell model
predicts that the strain is uniform and hydrostatic in the SiC particles, so the predicted
MSD is a sharp spike at the value of the corresponding hydrostatic elastic strain. As with
the matrix MSDs, the experimental results are in agreement with the model’s predictions
in some respects, but there are discrepancies which point the way to improved models.
The experimental MSDs are indeed significantly narrower in breadth than the matrix MSDs,
despite the fact that the average strains are much greater. However, the breadth is still sufficient
to imply that a small fraction (~ a few per cent) of the SiC particles have a tensile strain. Part
of the broadening may be attributed to local volume fraction variations, but it is difficult to see
how this could be responsible for tensile strains in the particles. The most likely explanation
for the small regions of tensile strain is in terms of Poissonian expansion rather than tensile
stresses. The composites contained a small amount of porosity, almost all of which was
adjacent to SiC particles. Since the stress normal to the surface of the SiC adjacent to a pore
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Figure 20.4 MSD for the SiC particles in alumina/SiC, composites containing 10, 20 and
30vol% SiC.

must be zero, there is likely to be a Poissonian expansion in this direction owing to the
influence of the presumably compressive stresses in the plane of the surface. The sharp
corners on the particles may also contribute to the broadening. Rao et al. [8] have shown that
one of the normal stress components in the particles becomes very large at sharp corners,
whilst the other components remain relatively small. This effect is sufficiently extreme to
cause Poissonian expansions in some directions, and also provides an explanation for the
larger-than-average compressive strains sampled at the other extreme of the MSD. Another
reason for tensile strains has been suggested by finite element modelling of realistic cermet
microstructures by Weisbrook et al. [9]. The models showed some regions of tensile strain
in the ceramic particles, which were mostly in compression as with the present system, and
this was attributed to bending moments caused by irregularities in the microstructure.

It is interesting to note that the three MSDs shown in Figure 20.4 are the same shape for all
three SiC contents used. This is in contrast to both the measured and predicted matrix results
in which the breadth of the MSD increases significantly with SiC volume fraction [5]. This
is direct experimental evidence supporting the ‘mean field approximation’ [10] often used to
adapt the Eshelby ellipsoidal inclusion method, which is valid only for a single particle in an
infinite matrix, for use with finite volume fractions of particles. The approximation assumes
that the effect of a finite volume fraction of particles is to superpose on the single particle
stress field an image stress in both phases, such as would arise if the stress were applied at
the outer boundary of the material. In this system, the elastic mismatch between the matrix
and the particles is small, so the image stress should be uniform throughout the composite.
This explains the similarity in shape of the particle MSDs, since the shape may be regarded
as being determined by local effects such as the particle morphology and the presence of
porosity, whilst the position is determined by the uniform hydrostatic image stress which
simply moves the whole MSD parallel to the strain axis by an amount determined by the
average volume fraction of SiC in the material as a whole.

20.2.2 Applications of thermal microstress measurement in
discontinuously reinforced composites

20.2.2.1 Spontaneous microcracking in alumina/SiC, composites

The knowledge gained by studies such as those described in the previous section is ultimately
intended to lead to an improved understanding of the influence of thermal microstresses
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Figure 20.6 Backscattered SEM image of unetched alumina—13 pm SiC composite showing radial
crack network in the matrix. The diffuse regions around the SiC particles (lighter
phase) are thought to be an electron optical artefact rather than a reaction layer.

on the properties of discontinuously reinforced ceramic composites. Todd et al. [11] have
reported one such application, in which neutron diffraction was used to study spontaneous
microcracking in alumina/SiC;, composites. Figure 20.5 shows the hydrostatic thermal stress
in the particles of alumina/20 vol% SiC composites as a function of the average particle
size. For composites containing small particles (<6 um) the stress is ~1200 MPa, but for
larger particle sizes there is an abrupt reduction in stress by about a third. Examination of
the composites in the SEM showed that the stress reduction was caused by the occurrence
of spontaneous microcracking of the alumina matrix under the action of the thermal residual
stresses (Figure 20.6). The microcracks propagated from the particles in the radial direction
relative to the particles, as is expected from the tensile hoop stress, and usually extended fully
from one particle to the next. It is well known that spontaneous microcracking is expected
to occur above some critical particle size, as the elastic strain energy available to cause
fracture increases in proportion to the volume of the particles, whereas the surface energy
required increases as the area [12]. A fracture mechanics model for microcracking, which
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made use of both the residual stresses measured using neutron diffraction and the spherical
particle/spherical shell model described in Section 20.1.1, was successful in quantitatively
predicting the critical particle size observed, and in explaining the abrupt nature of the
transition from negligible microcracking to general microcracking throughout the matrix. In
the latter case the model shows that, for relatively high SiC contents such as that used (20%),
the stress intensity at the tip of a radial crack around a SiC particle increases monotonically
as the crack grows, enabling cracking to propagate from one particle to another, as observed
(Figure 20.6). This means that cracking need only be nucleated at a few particles for cracking
to spread throughout the composite, provided the average particle size is above the critical
size.

The influence of the residual stresses and microcracking on fracture of the composites
was also studied. The long crack toughness increased monotonically with SiC particle size,
reaching 11 MPa m!/? for the largest particle size used (23 m). Examination of indentation
cracks suggested that the toughening was the result of extensive crack bridging associated
with intense deflection and bifurcation of the main crack as a result of the residual stresses
and, for the larger particle sizes, existing spontaneous microcracks.

20.2.2.2  Alumina/SiC nanocomposites

A related application of residual stress measurements concerns alumina/SiC composites in
which the SiC particle size is much smaller than the microcracking limit. Nanocomposite
ceramics have received considerable attention over the last decade. This interest was originally
stimulated by a summary of experimental results by Niihara [13] from a number of composite
systems involving at least one submicron phase. The system which caused most interest was
the alumina/SiC system, in which the simple addition of only 5 vol% of 300 nm SiC particles
to alumina produced a threefold increase in strength. It has since become clear that the major
part of the strength improvement claimed was due to refinements of the alumina grain structure
(e.g. the avoidance of abnormal grain growth) which can be effected more economically by
existing methods (e.g. doping with MgO). At the same time, it has been realised that other
aspects of the fracture behaviour of alumina/SiC nanocomposites are novel, and can lead
to property enhancements as dramatic as the strength improvements originally claimed by
Niihara. These are unified by an apparent strengthening of the alumina grain boundaries,
which are notoriously weak in unreinforced alumina. This leads to a change in fracture mode
from intergranular to transgranular, and a reduction in the propensity for surface grain pullout
during grinding and polishing [14]. This latter manifestation has considerable commercial
importance, as it results in improved surface finish or a reduction in the number of polishing
tests, and also to a reduction in the erosive [15, 16] and abrasive [17] wear rate for a given
alumina grain size by a factor of 3 or more.

A number of mechanisms have been proposed to explain the grain boundary strengthening
effect of the SiC additions. Although which of these is responsible for the observed behaviour
has yet to be agreed on, it is notable that many rely on the thermal residual stresses which are
arguably the most obvious consequence of the SiC additions. In his original paper, Niihara
[13] proposed that the formation of subgrains owing to dislocation activity in response to the
residual stresses was responsible for the observed reduction in critical defect size. He also
suggested that the transition in fracture mode was due to the deflection of grain boundary
cracks into the grain interior by their attraction towards the tensile hoop stresses around
intragranular particles.
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In order to investigate these possibilities, Todd et al. [18] measured the stresses in a
series of alumina/SiC nanocomposites as a function of SiC volume fraction. The stresses in
both the matrix and the nanoparticles were measured using neutron diffraction, with dense
polycrystalline alumina as the reference specimen for the matrix, and the SiC powder used
in the manufacture of the composites for the particles. The volume averaged hydrostatic
stresses for all specimens obeyed the force balance required between the two phases to
within experimental error. The stress level was higher than for the corresponding volume
fraction of 3 wm SiC [5] (Figure 20.1) approaching 2 GPa in the particles for small volume
fractions. The correspondingly higher relaxation-free temperature change, AT = 1300°C,
may be explained by the fact that many of the particles in the nanocomposites were situated
within the grains, where stress relaxation by rapid grain boundary diffusion cannot take place,
whereas the 3 wm SiC particles in Ref. [5] were of similar size to the alumina grains, and were
therefore always in contact with the matrix grain boundary network. Dislocation relaxation
mechanisms may also have been inhibited by the small particle size. Isolated microcracking
would also be expected to be less frequent in the nanocomposite, but since this was not found
to be severe in the 3 pum SiC ‘microcomposite’ (Section 20.2.1), it is unlikely that this was
a major factor.

Detailed analysis of the results as a function of crystallographic direction revealed that the
intergrain stresses, which exist even in pure alumina polycrystals owing to the anisotropic
thermal expansion coefficient of the grains, were reduced by the presence of the SiC, possibly
by an anisotropic relaxation effect. This is presumably a contributory factor to the apparent
grain boundary strengthening, in that the transgranular fracture mode in alumina is thought
to be at least partly the result of tensile intergrain stresses acting across grain boundaries.
The reduction in these stresses was small for the lowest volume fractions of SiC (a reduction
of about 10% for 5vol% SiC), however, and seems unlikely to be the sole cause of the
strengthening.

Recently [19], the experimental neutron diffraction stress measurements have been used
to model crack propagation along an alumina grain boundary under the influence of both an
externally applied mode I stress and the residual stresses around a SiC particle. The ability of
the tensile hoop stresses around intragranular particles to deflect cracks was found to be too
weak by an order of magnitude to be able to attract grain boundary cracks into the tougher grain
interior, as Niihara [13] had suggested. The same model did, however, suggest an alternative
mechanism for the grain boundary strengthening effect of the SiC nanoparticles. Figure 20.7
shows the apparent grain boundary toughness as a crack passes a SiC particle situated on
an alumina grain boundary. There is a 50% increase in K. owing to the compressive radial
component of the residual stress around the particle as it acts on the crack near to its tip. This
offers a direct explanation for the occurrence of transgranular fracture in the nanocomposites,
which is supported by both the direct observation of local crack deflection at grain boundary
particles [20] and the conclusions of a separate microstructural study which suggested thatitis
the SiC particles situated on the grain boundaries which are responsible for the strengthening
effect [17].

A further neutron diffraction study of residual stresses in nanocomposites [21] has provided
direct evidence of the importance of the residual stresses to the improved wear resistance of
nanocomposites. Alumina matrix nanocomposites containing 10 vol% of nanosized second
phase reinforcements of SiC, SizNy, ZrO;, TiC and TiCN were produced, and the thermal
microstresses in the materials measured using neutron diffraction. The different reinforce-
ments contained hydrostatic stresses ranging from —2800 MPa(SizNy) to 4450 MPa(ZrO5).
The materials which were most resistant to surface grain pullout by grain boundary fracture
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Figure 20.7 Two-dimensional model prediction [19] of stress intensity required to propagate
a grain boundary crack in alumina past a SiC particle surrounded by the residual
stress state deduced from neutron diffraction measurements.

during a standard grinding treatment were found to be those with large compressive residual
stresses in the particles (SizNy and SiC), as suggested by the model of Figure 20.7. Whilst it
is clear that other factors such as interfacial properties, stiffness and chemistry may also be
important, these results certainly add support to the work described above in suggesting that
the significant property improvements found in ceramic nanocomposites are directly related
to the thermal residual stresses within them.

20.2.2.3  Alumina/zirconia composites

Very large microstresses can arise in zirconia-containing materials from the martensitic tetrag-
onal to monoclinic (‘t’ to ‘m’) transformation, which is accompanied by a dilatation of ~4%.
These stresses are so large that pure zirconia is of little use in structural applications because
of the extensive cracking that occurs when the material transforms during cooling. When
the spontaneous transformation is suppressed by the addition of stabilising additives and
the control of the grain size, however, stress-induced transformation in a limited zone close
to the crack tip during propagation is responsible for the potent transformation toughening
effect, in which the dilatation in the transformed ‘process zone’ leads to crack closure. The
improvement in mechanical properties arising from transformation toughening has led to
a wide range of applications for zirconia ceramics and composites.

The transformation stresses in zirconia have not been studied using neutron diffraction,
presumably because of the small volume around the crack tip in which they occur in materials
of practical value. Most zirconia-toughened ceramics, however, also contain thermal residual
stresses. Modest thermal stresses can be expected in tetragonal zirconia polycrystals (TZP)
owing to the anisotropic thermal expansion coefficient of tetragonal zirconia, and in partially
stabilised zirconia (PSZ) from the thermal expansion mismatch between the tetragonal precip-
itates and the cubic matrix. Larger thermal stresses are known to exist in zirconia-toughened
alumina (ZTA) and other composites because of the unusually high thermal expansion coeffi-
cients of zirconia polymorphs, which exceed that of most ceramic matrices by a considerable
margin.
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The thermal residual stresses in zirconia are important not only for their direct role in
influencing crack propagation and microcracking as in other ceramics, but also for their
influence on the all-important ‘t’ to ‘m’ transformation. Because the transformation leads to
adilatation, it is favoured by the application of a tensile stress. The presence of tensile thermal
stresses in t-ZrO, therefore raises the martensite start temperature, My, and increases the width
of the transformation zone, or leads to deleterious spontaneous transformation during cooling.
Thermal residual stresses and their effect on the ‘t” to ‘m’ transformation have been studied in
detail in Al,O3—Zr0O;(CeO,) composites at Oak Ridge National Laboratory, USA [21, 22].
The composites contained between 10 and 40 vol% of ZrO; stabilised with 12 mol% CeOs,
and limited variations in grain size were achieved by heat treatment. The ZrO, was fully
tetragonal at room temperature, and the hydrostatic strain was tensile, as expected from the
higher thermal expansion coefficient of ZrO; compared to alumina. Considerable anisotropy
was observed in the thermal strains in both phases, and this could be understood qualitatively
in terms of the anisotropy of the thermal expansion coefficients. The hydrostatic stresses
in the ZrO; decreased with increasing volume fraction of ZrO;, but were not a function of
grain size. These observations are consistent with simple theoretical considerations, and the
stresses lay between the predictions of two extreme cases of the spherical particle spherical
shell model described above. At one extreme the ZrO, was considered to correspond to
the particles and in the other to correspond to the matrix. The latter case was considered
because the appearance of the microstructure suggested that the ZrO; was starting to become
continuous at the higher volume fractions.

The M, temperatures of the same materials were measured subsequently by monitoring
the phase composition during cooling to temperatures as low as 12 K. Both dilatometry and
neutron diffraction were used for this purpose, with neutron diffraction being preferred to
X-ray diffraction for the same reason as with residual stress measurements, viz. to avoid the
influence of misleading surface effects. The results showed that M decreased as the volume
fraction of ZrO; increased, as is to be expected from the accompanying reduction in the
tensile residual stress. Increasing the t-ZrO; grain size led to an increase in M. This was
explained by the fact that stress concentrations at grain corners, where nucleation of the ‘t’
to ‘m’ transformation is thought to occur, are expected to increase in severity as the grain
size increases [8, 23], despite the fact that the average residual stress is not a strong function
of grain size. The results agreed well with a model taking account of these factors.

20.3 Thermal microstresses in long fibre composites

Saigal et al. [24] measured the thermal residual stresses in composites of reaction bonded
silicon nitride (RBSN) reinforced with aligned, SiC monofilaments. Such long fibre com-
posites give the best high temperature toughness of any completely ceramic material, and
the thermal residual stresses can have both beneficial and detrimental effects. Compressive
interfacial stresses between the fibres and the matrix can increase the frictional force against
which work is done during fibre pullout, but the tensile hoop stresses that are expected to
accompany this interfacial compression can cause matrix microcracking, and consequent
degradation of the mechanical properties.

The residual stresses were measured in composites containing a range of fibre volume
fractions. Composites made with coated and uncoated fibres were compared, the coating in
the former case being a 3 um carbon-rich layer. The influence of matrix density was also
examined by HIPing some of the standard material, which contained 30—40% porosity, to
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full density. Measurements were made using a spallation source and a time-of-flight diffrac-
tometer set up to record the axial and transverse strains simultaneously. Loose fibres were
used as the stress-free standard for the SiC, and the stress-free interplanar spacings for the
matrix were estimated by extrapolating the composite results to zero fibre volume fraction.
The experimental results were compared with the predictions of a finite element model.

The results allowed a good understanding of the stresses in the composites to be developed.
The axial stresses in the fibres were tensile with a maximum value of about 650 MPa, but
the radial (interfacial) stresses were compressive with a typical value of —50 MPa. This was
caused by the anisotropic thermal expansion coefficient of the fibres, which was 80% greater
in the axial direction than in the transverse direction, with the thermal expansion coefficient
of the matrix lying between the two extreme values. The magnitude and overall trends in
the measured strains were predicted reasonably well by the finite element model, although
there were some minor discrepancies at the limits of the experimental error. The experimental
scatter in the strain measurements was greater than the predicted effect of varying the matrix
elastic modulus between 50 and 100% of the value at full density, so detailed conclusions
regarding the effect of matrix density on the residual stresses could not be drawn. Comparison
of the specimens made with coated and uncoated fibres showed that the coating had no
significant effect on the stresses. This was confirmed using the finite element model, which
predicted very minor variations, much smaller than the limits of experimental error. The
fibre pushout force measurements were consistent with the idea that the force increased with
the compressive interfacial stress, but again the experimental uncertainties were too great to
confirm this unequivocally, and other effects such as an improvement in interfacial bonding
with increased density may also have played a part.

20.4 Neutron diffraction measurements of ‘tempering’
stresses in ceramics

The investigations described above have been concerned solely with residual stresses on
a microstructural scale. Longer range stresses also occur in ceramics. Long range stresses
are used to advantage in the process known as ‘tempering’, in which ceramic components
are treated to produce a compressive surface stress. Ceramics often fail from surface flaws
owing to contact damage, the tendency for bending to cause the maximum stress to be at
the surface, and from the higher stress intensity at surface flaws compared with those in the
specimen interior. A compressive surface stress therefore leads to an increase in strength
because it reduces the tensile stress acting on the critical flaws. Tempering is common in the
glass industry, a familiar example being so-called ‘toughened’ glass, in which a compressive
surface stress is introduced by cooling the surface of hot glass sheet to produce a solid skin
while the interior can still flow. The contraction associated with the subsequent cooling and
solidification of the interior puts the surface into compression, increasing the strength of the
glass substantially.

There is considerable interest in using the same principle to raise the strength of crystalline
ceramics. An elegant method of tempering alumina has been devised by Marple and Green
[25] in which the surface of a partially sintered component is infiltrated with hydrolysed
ethyl silicate. When subsequently sintered to full density the silicate reacts with the alumina,
forming a Mullite/alumina composite surface layer. Mullite has a lower thermal expansion
coefficient than alumina, so during cooling the pure alumina core of the component contracts
more than the alumina/Mullite composite, putting the surface layer into compression. Root
et al. [26] have measured the stresses at various positions in cylinders of alumina tempered
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using a range of infiltration times. The diffracted peak intensities were also used to estimate
the proportion of Mullite at a particular sampling position. The surface layers contained
microstresses owing to the thermal expansion mismatch between the Mullite and alumina
grains, as well as the long range surface stress responsible for the tempering effect. Since a
suitable reference for the Mullite phase could not be produced, the micro- and macrostresses
could not be separated, so an accurate measurement of the tempering stress was not possible.
Nevertheless, the variation in the components of total stress (micro + macro) with distance
from the surface was consistent with the expectation of a compressive surface stress combined
with an increasing tensile component of microstress in the alumina as the Mullite content
increased. The results can be used to provide an estimate of the long range compressive
surface stress if it assumed that the component of macrostress normal to the surface is zero at
the surface, and that the microstresses are isotropic. This leads to typical values of the order
of 100 MPa for the tempering stress, and in the simplest case, in which the critical flaw size,
stiffness and toughness are unaffected by the tempering process, this is the magnitude of the
strength increase that can be expected.

An alternative method of producing compressive stresses in load-bearing components has
been investigated by Ustiindag et al. [27]. Model specimens consisting of an alumina disc
surrounded by a hoop of the spinel compound NiAl,O4 were subjected to reducing treatments
in CO/CO,/N; atmospheres at temperatures in the range 1100-1300°C. The equilibrium
reduction reaction partially reduces the NiAl,O4 to a-alumina and Ni metal:

NiALO4 — Ni + a-Al,O3 + 50s.

The reduction is accompanied by a significant shrinkage (17.6% by volume), which would be
expected to cause large compressive stresses in the alumina disc in the absence of other effects.
A smaller, additional compressive stress would result during cooling from the reduction
temperatures owing to the larger thermal expansion coefficient of the Ni/alumina composite
compared to the alumina disc. The total in-plane stress for this case was estimated using a
finite element model to be —1200 MPa (—1100 MPa from the reduction reaction, —100 MPa
from the coefficient of thermal expansion mismatch). Neutron diffraction measurements
of the in-plane stresses showed a maximum compressive stress of only —103 + 40 MPa,
however, and this was in accord with X-ray diffraction measurements made on the surfaces
of the discs. The results clearly indicate that the majority of the potential residual stress was
relaxed. Density measurements and a detailed microstructural examination showed that the
actual shrinkage was much smaller than the theoretical value used in the calculations owing
to an increase in porosity during reaction, and the presence of metastable phases occupying
larger volumes than expected. The metastable phases also had the effect of diminishing, or
even reversing the thermal expansion mismatch during cooling. Creep deformation is also
likely to have contributed to the relaxation of the stresses at the higher reduction temperatures.

20.5 Conclusions

Whilst the number of neutron diffraction studies of residual stresses in ceramics is limited, the
papers reviewed suggest that this is set to be a growth area. The work on model development
in Section 20.1 demonstrates the feasibility and success of neutron diffraction in making
accurate bulk measurements of thermal stresses in ceramic materials. Despite the relatively
small number of studies to date, the wide range of influences residual stresses can exert on
the mechanical properties of ceramics is already evident, with examples including the depen-
dence of pullout stress on residual clamping force in long fibre composites, spontaneous
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microcracking with large reinforcements, grain boundary strengthening with nanoscale rein-
forcements, nucleation of transformation toughening by tensile thermal stresses, and strength
increases through the tempering of bulk ceramic components. It is not difficult to think of
other situations in which residual stresses are considered important but have yet to be explored
experimentally. The research described in this chapter is therefore likely to represent the
beginning of a sustained effort to characterise and understand residual stresses in ceramics,
so that their harmful effects can be avoided and their potential benefits fully exploited.
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