


be-obtainedsimply by reading the extensive figure captions.Secondly, the main text
describes the principles in more detail, but without deriving the equations in detail.
Thirdly, the appendices contain detailed derivations and some necessary
mathematical background. It is stressed that only those readers who are specialising
in the subject would usually need to study the appendices in detail.

Within the main text, an essentially self-contained guide to the subject is presented.
That is, the reader is introduced to the mechanisms of crystal nucleation and growth
occurring at the atomic scale (chapter 2} before being shown how the form of an
initially planar solid/liquid interface evolves (chapter 3). Subsequently, the most
important single-phase (chapter 4) and multi-phase (chapter 5) solid/ liquid interface
morphologies are presented. Finally, the effect which solidification has upon the
redistribution of solute is discussed (chapter 6). One subject which is not covered in
detail is convection in the melt. To introduce this complex field properly would
require another book! However, the overall effect of the interaction of convection
and solidification is described where necessary.

Each chapter includes a bibliography of key references for further study, and
exercises which are designed to test the reader’s understanding of the contents of the
preceding chapter. For certain exercises, it is advisable firstly to work through the
corresponding appendices.

‘The authors hope that, after reading this book, the newcomer will feel confident
when delving further into solidification-reiated subjects, and that the experienced
foundryman will also find soine thought-provoking points,

W, Kurz, D.J. Fisher Lausanne,

April 1984
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CHAPTER ONE

INTRODUCTION
1.1 The Importance of Solidification

Solidification is a phase transformation which is familiar to everyone, even if the
only acquaintance with it involves the making of ice cubes. It is relatively little
appreciated that the manufacture of almost every man-made object involves
solidification at some stage.

The scope of this book is restricted mainly to a presentation of the theory of
solidification as it applies to the most widely-used group of materials, i.e. metallic
alloys. Here, solidification is generally accompanied by the formation of crystals; an

event which is mueh rarer during the solidificatinn of glasses or polymers,



Solidificatic s of such importance simply because one of its major practical
applications, namely casting, is a very economic method of forming a ecomponent if
the melting point of the metal is not too high. Nowadays, cast metal products can be
economically produced from alloys having melting points as high as 1660°C (Ti).

In the case of metals, melting is accompanied by an enormous decrease in viscosity,
of some twenty orders of magnitude, as illustrated in figure 1.1. Thus, instead of
expending energy against the typically high flow stress of a solid metal during forging
or similar processes, it is only necessary to contend with the essentially zero shear

stress of a liquid. If the properties of castings were easier to control, then

T
10 .05 .033 025 02
1029 Ty T 1010
i S 10"‘
|
!
_ 10 | 9 ~
sy 10 <+ 10
w ] "
o [ T
a s | ' 4
|
Ty
ik . [ 10!
IV
gas liguid
10-5 L \ \ i 10-5
0 10 20 30 40 50

1/t

Figure 1.1: DY NAMIC VISCOSITY AS A FUNCTION OF TEMPERATURE. The
fundamental advantage of solidification, as a forming operation, is that it permits
inetal to be shaped with a minimum of effort since the liquid metal offcrs very
little resistance to shear stresses. When the material solidifies due to s decrease
in the temperature, 7, its viscosity increases continuously (glass formation) or
discontinuously (crystall1sat10n), by over 20 orders of magnitude, to yield a Strong
solid, the visecosity of which 1s defined arbitrarily to be greater than 10!4Pas.

{7 A At +ay A W
{The reduced temperature, 7, is used here since it leads to a single curve which is

applicable to many substances. The suffix, f or v, indicates the melting point or
boiling point, respectively.) [D.Turnbull: Transactions of the Metallurgical Society
of AIME 221 (1981) 4221



solidification would be an even more important process. In this respect, soliaification
theory plays a vital role since it forms the basis for influencing the mierostructire
and hence improving the quality of cast products.

The effect of solidification is most evident when casting is the final operation since
the resultant properties can depend markedly upon tihe position in the casting
(figure 1.2). 1ts influence is also seen in a finished product, even after heavy working,
since a solidification structure and its associated defects are difficult to eliminate

once they are created. Solidification defects tend to persist throughout subsequent
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Figure 1.22 ALLOY PROPERTIES AS A FUNCTION OF POSITION IN A
CASTING. The use of casting as a production route unfortunately poses its own
problems. One of these is the local variation of the microstructure, leading to
compositional variations, and this is illustrated foer example by the dendrite arm
spacing, A9, measured as a function of the distance, d, from the surface of the
casting. This can lead to a resultant variation in properties such as the ultimate
tensile strength and the elongation. Like the weakest link in a chain, the inferior
regions of a casting may impair the integrity of the whole. Thus, it is important to
understand the factors which influence the microstructure. Finer microstructures
generally have superior mechanical properties and finer structures, in turn,
generally result from higher solidification rates. Such rates are found at small
distances from the surface of the mould, in thin sections, or on remelted surfaces.
[M.C.Flemings: Solidification Processing, McGraw-Hill, New York, 1974]



operations e1.3). Good control of the solidification process at the outset is

therefore of utmost importance.

Some important processes which involve solidification are:

Casting: continuous-
ingot-
form-
precision-
die-

Welding: arc-
resistance-
plasma-

electron beam~

laser-

friction- (including the
micro-mechanisms of wear)

Soldering/Brazing

Rapid Solidification Processing: melt-spinning

planar-flow casting
atomisation

surface remelting

Directional Solidification: Bridgman

liauid metal cooling
- (=]
Czochralski

electroslag remelting

In addition, the crystallisation of certain pure substances is of great importance. For
example, the preparation of semiconductor-grade silicon crystals is an essential step
in modern solid-state physies and technology. The production of integrated circuits,
the basis of any new electronic device (radio, watech, computer, ete), requires the
preparation of large single crystals of very high perfection, containing a controlled
amount of a uniformly distributed dopant. At the moment, such a erystal can only be
produced by growth from the melt. Indeed, the requirements of semiconductor
physies have enormously influenced solidification theory and practice. Therefore,
during the past 30 years solidification has evolved from being a purely technological,

empirical field, to become a science.
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Figure 1.3 EFFECT OF DEFORMA UPON A CAST MICROSTRU .
Often, casting is not the final forming operation. However, subsequent
deformation is not a very efficient method of meodifying the as-cast
microstructure since any initial heterogeneity exhibits a strong tendency to
persist. Thus, during the rolling of this L-shaped profile which contains a heavily
segregated central region, the latter defect survives the many stages between the
cast billet and the final product. This example emphasises the fact that any
effective contrel of product quality must be exercised during solidification.
[A.J.Pokorny, De Ferri Metallographia, Vol.Ill, Luxembourg, 1966, p287]

Historically, simple cast objects (in copper) first appeared before about 4000BC and
were, no doubt, a natural by-product of the potter's skill in handling the clay used in
mould-making. The production of the renowned and highly sophisticated bronze
castings of China began in about 1600BC. However, it is probable that the technique
had originally been imported from elsewhere. For instance, the lost-wax process was
developed in Mesopotamia as long age as 3000BC. Iron-casting in China began in
about 500BC, but in Europe it did not appear until the l6thcentury, and achieved
acceptance as a constructicnal material, in England in the 18th century, only under
the impetus of the industrial revolution.

Much of the delay in exploiting cast materials probably originated from the complete
lack of understanding of the nature of solidification phenomena and of the
microstructures produced. In particular, the facets of fracture surfaces were
invariably taken to indicate the nature of the 'crystals’ of which a casting was
composed. In the absence of an adequate picture of the solidification process, casting
was bound to remain a black art rather than a science, and vestlges of this attitude

still remain today.



1.2 Heat Extraction

The various solidification processes mentioned above involve extraction of heat from
the melt in a more or less controlled manner. Heat extraction changes the energy of

the phases (solid and liquid) in two ways:

1 - There is a decrease in the enthalpy of the liquid or solid,
due to cooling, which is given by:
AH = Sch

9 - There is a decrease in enthalpy, due to the transformation
from liquid to solid, which is equal to the latent heat of
fusion, AHf; defined to be negative for the
liquid-to-solid transformation (exothermic reaction)

Heat extraction is achieved by applying a suitable means of cooling to the melt in

order to create an external heat flux, 9 The resultant cooling rate, dT/dt, can be
le heat balance if the metal is isothermal (low cooling rate) and

the specific heats of the liquid and the solid are the same. Using the latent heat per

unit volume, Ahe = AHg/v ., in order to conform with the dimensions of the

other factors, then:

Al 49Ty dfs
qe(v ) c(dt) Ah[(dt)

so that:

. _ dT _ A' .,  df Ahf
T = at —-"qe(v'?) (EES) ( . ) [1.1]

The first term on the right-hand-side (RHS) of equation 1.1 reflects the effect of
casting geometry (ratio of surface area of the casting, A", to its volume, v) upon the
extraction of sensible heat, while the second term takes account of the continuing
evolution of latent heat of fusion during solidification. It can be seen from this
equation that, during solidification, heating will occur if the second term on the RHS
of equation 1.1 becomes greater than the first one (Ahf<0)' This phenomenon is
known as recalescence. For an alloy, where solidification oceurs over a range of

temperatures, the variation of the fraction of solid as a function of time must be

calculated from the relationship:



g_fs = (4T dfy
t dt  ar

since fs is a function of temperature. In this case:

Ai
"Qe(;g)
T = [1.2]
1+ (ahr) . (s,
aT
Tt 3c coan that cnlidifiaatinn Aansrancag tha ~nnling aata glicmna hatlh AF Jam 3 a1
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Figure 1.4: BASIC METHODS OF CONTROLLED SOLIDIFICATION. Without heat
extraction there is no solidifiecation. The liquid must be cooled to the
solidification temperature and then the latent heat of solidification appearing at
the growing solid/liquid interface must be extracted. There are several methods
of heat extraction. In directional (Bridgman-~type) solidification (a): the crucible is
drawn downwards ithrough a consiani iemperaiure gradieni, G, ai a uniform raie,
V', and therefore the miecrostructure is highly uniform throughout the specimen.
The method is restricted to small specimen diameters and is expensive because it
is slow and, paradoxically, heat must be supplied during solidification in order to
maintain the imposed positive temperature gradient. For these reasons, it is
employed only for research purposes and for the growth of single crystals. In
directional casting (b), the benefits of directionality, such as a better control of
the properties and an absence of detrimental macrosegregation, are retained but
the microstructure is no longer uniform along the specimen because the growth
rate, V, and the temperature gradient decrease as the distance from the chill
increases. The process is cheaper than that of a) and is used for the directional
solidif ication of gas-turbine blades, for example.



Figure 1.4 iliuswrates two fundamentally different solidification processes. In
figure 1.4a, the heat is extracted in an almost steady manner by moving the crucible
at a fixed rate, V', through the temperature profile imposed by the furnace. Such a
process is usually used for single crystal growth or directional solidification. It
permits the growth rate of the solid, V (which is not necessarily equal to the rate of
crucible movement - see exercise 1.9), and the temperature gradient, G, to be
separately controlled. If V' is not too high, both the solidification and the heat flux

are unidirectional. Therefore, the cooling rate is related to the other constants by:

dar
dz' Sy

T= @l iy, =av

where s =2'-z.

Another directional casting process is illustrated by figure l.4b. Here, heat is
extracted via a chill and, as in figure l.4a, growth occurs in a direction which is
parallel, and opposite, to the heat-flux direction. In this situation, the heat-flux
decreases with time as do the coupled parameters, G and V. Thus T also varies. Heat
flow in the mould/metal system leads to an expression for the position, s, of the

solid/liquid interface, which is of the type (appendix 1):

s = K/t [1.3]

This equation is exact only if the melt is not superheated, if the solid/liquid interface
is planar, and if the surface temperature of the casting at the chill drops
immediately, at t =0, to a constant value. Upon turning figure 1.4b through 90°, it can
be regarded as being a volume element in a conventional casting (figure 1.5). The
difference between the figures is the presence of a dendritic morphology at the
solid/liquid interface shown schematically in figure 1.5. This morphology depends
(chapter 4) upon the alloy composition, and upon G and V. If it is assumed, for
simplicity, that the dendrites can be represented by plates($§), then solidification

on a microscopic scale again takes place directionally (perpendicular to the primary

rowth xie of the dendrites, as shown in th unner inset of ficure 1.5). This
h xis of the dendrites, as shown in the upper insel of figurel.3) his

54

representation permits a simple estimation of interdendritic microsegregation

(chapter 6).

§ Plate-like primary erystal morphologies are often observed
during sclid-state precipitation. When metallic primary erystals
grow into a melt, they are always rod-like rather than
plate-like in form and possess many branches leading to the
characteristic dendrite form.



1.3 Solidification Microstructures

In an ingot or casting, three zones of solidification behaviour can generally be

distinguished (figure 1.6). At the mould/metal interface, the cooling rate is at its

mushy 20ne

vol. clcment’

mushy z0ne

volume element
ot casting

columnar
ZoMe

PR Xy

casting

| - moula

Figure 1.5: SOLIDIFICATION IN CONVENTIONAL CASTINGS AND INGOTS. In
the vast majority of castings, no directionality is imposed upon the overall
structure, but the local situation can be seen to be equivalent to that occurring in
directional casting (figure 1.4b). This is true of the way in which the solid
advances inward from the mould wall to form a columnar zone. During the growth
of the coclumnar zone, three regions can be distinguished. These are the liquid, the
liquid plus solid (so—called mushy zone), and the solid regions. The mushy zone is
the region where all of the microstructural characteristics are determined, e.g.
the density, shape, size, and distribution of concentration variations, precipitates,
and pores. An infinitesimally narrow volume element which is fixed in the mushy
zone and is perpendicular to the overall growth direction permits the description
of the microscopic solidification process and therefore of the scale and
composition of the miecrostructure.




highest due tc initially low relative temperature of the mould. Consequently,
many small grains having random orientations, are nucleated at the mould surfece
and an ‘outer equiaxed' zone is formed. These grains rapidly become dendritic, and
develop arms which grow along preferred crystallographic directions ( {001) in the
case of cubic crystals). Competitive growth between the randomly oriented outer
equiaxed grains causes those which have a preferred growth direction aligned parallel
and opposite to the direction to eliminate the others. This is because their higher
growth rate allows them to dominate the solid/liquid interface morphology, thus

leading to the formaticn of the characteristic columnar zone. 1t is often observed

equiaxed zZzone

outer

\

columnar zone

Figure 1.6: STRUCTURAL ZONE FORMATION IN CASTINGS. Firstly, solid
nuclei appear at, or close to, the mould wall. For a short time, they increase in
size and form the outer equiaxed zone. Then, those crystals (dendrites) which can
grow parallel and opposite to the heat flow direction will advance most rapidly.
Other orientations tend to be overgrown, due to mutual competition, leading to
the formation of a columnar zone (a). Beyond a certain stage in the development
of the columnar dendrites, branches which become detached from the latter can
grow independently. These tend to take up an equiaxed shape because their latent
heat is extracted radially through the undercooled melt. The solidified region
containing them is called the inner equiaxed zone (b). The transition from

rnhiimnar tn anmtiavod rrnnul!’h ic very AdAono
Columnar 1o CQuiaycd growin 1s very u‘—y\—nden{ upon the degree O[ Con'v'ecgn‘-lon ln

the liquid. In continuous casting machines, electromagnetic stirring is often used
to promote this transition and lead to superior soundness at the ingot centre.

10



that another equiaxed zone forms in the centre of the casting, mainly as « result of
the growth of detached dendrite arms in the remaining, slightly-undercooled liquid.

Figure 1.7 shows the temperature fields of the various cast structures which one
might encounter, These are planar interface (columnar grains - a) or thermal
dendrites {(equiaxed grains - b) in pure materials, and solutal (constitutional) dendrites
in alloys (e,d). 1t can be seen that columnar grains must always grow out from the
mould (which is the heat sink) in a direction which is opposite to that of the heat

«1\
\
*Z]

/ / <N
-
1 1 t
1 | —— 1 t
ol ! s |
c s :5+: l l :ls: l d

. ! I*%ll

/|

ZzZ — —eey

Figure 1.7: SOLID/LIQUID INTERFACE MORPHOLOGY AND TEMPERATURE
DISTRIBUTION. In the case of a pure metal{e,b}) which is solidifying inwards from
the mould wall, the columnar grains (&) possess an essentially planar interface, end
grow in a direction which is antiparallel to that of the heat flow. Within the
equiaxed region of pure cast metal (b}, the crystals are dendritic and grow radially
in the same direction as the heat flow. When alloying elements or impurities are
present, the morphology of the columnar crystals(c) is generally dendritic. The
equiaxed morphology in alloys (d) is almost indistinguishable from that in pure
metals, although a difference may exist in the relative scale of the dendrites. This
is because the growth in pure metals is heat-flow-controlled, while the growth in
alloys is mainly solute-diffusion-contreolled. Note that in columnar growth the
hotiest part of the system is the meit, while in equiaxed soiidification the erysiais
are the hottest part. It follows that the melt must elways be coocled to below the
melting peint (i.e. undercooled) before equiaxed crystals can grow.

11



flow, while equ.._...ed grains grow in a supercooled melt which acts as their heat sink.
Thus, the growth direction and the heat flow direction are the same in equiaxed
growth.

The form of & solidification microstructure depends not only upon the cooling
conditions, but also upon the alloy composition (figure 1.8). There are essentially two
basic growth morphologies which can exist during alloy solidification. These are the
dendritic and eutectic morphologies (peritectic alloys grow in a dendritic form).
Generally, a8 mixture of both morphologies will be present. It is reassuring, in the face
of the apparent microstructural complexity, to remember that it is only necessary to
understand these two growth forms in order to interpret the solidification

microstructure of almost any alloy.

C{wt%Cu)

Figure 1.8: PRINCIPAL ALLOY TYPES. It is important to understand how the
various microstructures are influenced by the alloy composition and by the
solidification conditions. Fortunately, this can usually be reduced to the study of
two basic morphological forms: dendritic and eutectie. Thus, one can distinguish:
a) pure substances, which solidify in a planar or dendritic manner, b)solid-solution
dendrites (with or without Iinterdendritic precipitates), c)dendrites plus
interdendritic eutectic, and d)eutectic. The latter group includes the familiar
'‘cast iron' and '‘plumber's solder' type of alloy. In general, the design of casting
alloys is governed by the twin aims of obtaining the required properties and good
castability (i.e. easy mould filling, low shrinkage, small hot tearing tendency,
ete.). Castability is greatest for pure metals and alloys of eutectic composition.
The diagram represents the Al-Cu system between Al and the intermetallic

(theta) phase, AlyCu.
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Figure 1.9 illustrates the various stages of equiaxed solidification - frorn. ..ucleus to
grain - for the two major growth morphologies: dendrites and eutectic. Each grain has
one nucleus at its origin. (In the literature of cast iron, an eutectic grain is often
called an eutectic cell. This definition will not be adopted because the term, cell, is
here reserved for another morphology.)

The transformation of liguid into solid involves the creation of eurved solid/liquid
interfaces (leading to capillarity effects) and to the microscopic flow of heat, and

also of solute in the case of alloys.

1.4 Capillarity Effects

With any solid/liquid interface of area, A, is associated an excess (interface) energy
which is required for its creation. Therefore, heterogeneous systems or parts of
systems which possess a high A/vraetic will be in a state of higher energy and
therefore unstable with respect to a system of lower A/v ratio. The relative stability
can be expressed by the equilibrium temperature between both phases (melting point).
As shown in appendix 3, the change in melting point due to this curvature effect,

often called the curvature or Gibbs-Thomson undercooling, is given by:
at, =TK [1.4]

Note that the curvature, K, and the Gibbs-Thomson coefficient, I', ere here defined
so that a positive undercooling (decrease in equilibrium melting point) is associated
with a portion of sclid/liquid interface which is convex towards the liquid phaese. The

curvature can be expressed as (appendix 3k
k=9dA_1, 1 1.5}
i, X

where r, and ry are the principal radii of curvature (§). Thus, the total curvature
of a sphere is 2/r and that of a eylindrical surface is 1/r. The Gibbs-Thomson

§ The two principal redii of curvature are the minimum and
maximum vaiues for a given surface. 1t can be shown that they
are always perpendicular to each other.
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Figure 1.9: PROCESS OF EQUIAXED SOLIDIFICATION OF DENDRITES AND
EUTECTIC. In each case, single-phase nuclei form initially. In pure metals or
single-phase alloys (a), the nuclei then grow into spherical erystals which rapidly
become unstable and dendritic in form. These dendrites grow freely in the melt
and finally impinge on one another. In a pure metal after solidification, no trace
of the dendrites themselves will remain, although their points of impingement will
be visible as the grain boundaries. In an alloy, the dendrites will remain visible
after etching due to local composition differences (microsegregation). In an
eutectic alloy (b), a second phase will soon nucleate on the initial, single-phase

Py AT Ao Py e SN

nucleus. The eutectic grains then continue to grow in an essentially spherical
form. In a casting, both growth forms, dendritic and eutectic, often develop
together. Note that each grain originates from a single nucleus.

14



Figure 1.10: THE SCALE OF VARIQUS SOLID/LIQUID INTERFACE
MORPHOLOGIES. Solidification morphologies are determined by the interplay of

3 H H— et antana P . LY S S R T
two effects acting at the solid/liquid interface. These are the diffusion of solute

(or heat), which tends to minimise the scale of the morphology (maximise
curvature), and capillarity effects which tend to maximise the scale. The crystal
morphologies actually observed are thus a compromise between these two
tendencies, and this can be shown with respect to nucleation (a), interface
instability (b), dendritic growth (c), and eutectic growth (d).

coefficient is given by:
_ ag
I'= As [1.6)

For most metals, ['is of the order of 10 'Km. Hence, the effect of the solid/liquid
interface energy, 0O, only becomes important for morphologies which have a radius
which is less than about 10um. These include nuclei, Interface perturbations,

dendrites, and eutectic phases (figure 1,10).

1.5 Solute Redistribution

The creation of a crystal from an alloy melt causes a loeal change in the composition.

This is due to the equilibrium condition for a binary system centaining two phases:

15
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(appendix 3). The difference in composition at the growing interface, assuming that
local (i.e. at the interface) equilibrium exists in metals, can be described by the

distribution coefficient under isothermal and isobaric conditions (figure 1.11):

pm—
o
.
[22]
——

="
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In most of the theoretical treatments to be presented later, the solidus and liquidus

lines will be assumed to be straight. This means that k and m are then constant. This

Figure 1.11: SOLID/LIQUID EQUILIBRIVUM. In order to simplify the mathematical
treatment of solidification processes, it is generally assumed that the liquidus and

solidus lines of the phase diagram are straight, and therefere that the distribution

coefficient, k, and the liquidus slope, m, are constant. The characteristic
properties of the system are defined in the text (equations 1.8 to 1.10).
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violates the condition for thermodynamic equilibrium {equation 1.7) but v..en makes
theoretical analyses more tractable without seriously affecting the conclusicns.
Throughout this book, m is defined so that the product, (k-1)m, is positive. That is, m
is defined to be positive when k is greater than unity, and to be negative when k is
less than unity. Two other important parameters of an alloy system are shown in
figure 1.11. These are the liquidus-solidus temperature interval for an alloy of
composition, CO:

AT =-maC, = (TL - T [1.9]

and the concentration difference between the liquid and solid solute contents at the

solidus temperature of the alloy:

- Coll~k)

AC, =
k

-
-
.
y—

In later chapters it will be shown how these parameters influence the solidification
microstructure. Meanwhile, the starting point of solidification (nucleation) will be

considered briefly, and a look will be taken at the mechanisms by which atoms in the

melt become part of the growing crystal.
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EXERCISES

Discuss the shape of the upper surface of the ingot in figure 1.6. What would
happen if the solidifying material was one of the following substances: water,

P IS M T
Ge, 8i, BiT

From a consideration of the volume element in the mushy zone of figure 1.5
(upper part), define the local solidification time, t in terms of the

dendrite growth rate, V, and the length, a, of the mushy zone.

Sketch -7 diagrams for the crystallisation of a pure metal and for an alloy,

and comment on their significance in each case.
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1.4 -

1.5 -

o

.

4]
|

1.9 -

Equiaxed dendrites develop freely in an undercocled melt. L._cuss the
direction of movement of the equiaxed dendrites in a quiescent melt. Where

would most of them be found in solidif ying melts of a) steel, b) Bi?

Sketch two different phase diagrams having a positive and a negative value of
m. Show that the product, m(k-1), is always positive.

Using o
McGraw-Hill, New York, 1958) or a similar compilation, estimate the
distribution coefficient, k, of S in Fe at temperatures between 1530 and
900°C, and of Cu in Ni at temperatures between 1400 and 1300°C. Discuss

the validity of the assumption that k is constant in these systems.

A moiten alloy, like any iiquid which exhibits local density variations, wiii be
subject to movements known as natural convection. What is the origin of this
conveection in a)a pure metal, b)an alloy? Discuss your conclusions with
regard to various alternative solidification processes such as upward (as
opposed to downward) directional solidification (Bridgman - figure 1.4), and

casting (figure 1.5).

Give possible reasons for the good mould-filling characteristics which are
exhibited by pure metals and eutectic alloys during the ecasting of small
sections. Discuss them with regard to the interface morphology shown in

figure 1.7.

Figure 1.4 illustrates two directional solidification processes which differ
with respect to their heat transfer characteristies. In one case, a
steady-state behaviour is established after some transient changes. In the
other case, changes continue to cccur with the passage of time. One process
is not limited with regard to the length of the product, but is limited by its
diameter. The other process is not affected by the diameter, but rather by
the specimen length. Sketch heat flux lines, and T, G, and V values as a
funetion of z' for various times and discuss the above facts in the light of the
sketches. Note that, in directional solidification, the temperature gradient at
the solid/liquid interface in the liquid must always be positive, as shown in

figure l.78,c.

19



1.10 - Illustrate the changes in the temperature distribution of a casting as a
funetion of time between the moment of pouring of a pure, superheated melt
and the establishment of the situation shown in figure 1.7a and b. Discuss the

fundamental differences between a and b.
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CHAPTER TWO

ATOM TRANSFER AT THE SOLID/LIQUID
INTERFACE

From a thermodynamic point of view, solidification requires an outflow of heat which
changes the free energies, and therefore the relative thermodynamic stability, of the
phases present. From the same point of view, thermodynamically stable phases are
more likely to be observed, but the transformation of one phase into another requires
rearrangement of the atoms. This may involve a relatively short-range (atomic)
rearcangement to form a new crystal structure, as in the case of a pure substance.
Alternatively, atomic movement may be required over much larger, but still
microscopic, distances as in the case of alloy solidification where mass diffusion
controls the transformation. Because of these atomic movements, solidification can
never be an equilibrium process and some irreversible departure from equilibrium is

always required to drive the process.
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Like a chemical reaction, phese transformations are driven by thermal fluctuaticns
and can only ot #hen the probability of transfer of atoms from the parent phase
to the product phase is higher than that for the opposite direction. However, even
before this stage is reached, it is necessary that some of the new phase, to which
atoms of the parent phase can jump, should already exist. Therefore, stable regions of
the new phase have to form. In solid metals, random fluctuations may create minute
crystalline regions (clusters, embryoes) even at temperatures greater than the
melting point, but these will not be stable. Indeed, they continue to be unstable to
some temperature below the melting point because the relatively large excess energy
required for surface creation tends to weight the 'energy balance' against their
survival when they are small.

Once nuecleation has occurred, atom transfer to the crystals has to econtinue in order
tc ensure their growth. The mechanisms involved during this second stage are

discussed in section 2.3.

2.1 Conditions for Nucleation

1t is inherently difficult to observe the process of nucleation because it involves such
small clusters of atoms. Consequently, only extremely careful comparison of
theoretical models and experimental resuits can clarify the very first stages of
solidification. As demonstrated in figure 2.1, for the case of a hypothetical netal,
nhucleation begins at some degree of undercooling, AT = ATn (§), which is generally
y i i y small number grains which begin to
grow does not appreciably modify the cooling rate imposed by the external heat flux,
Qg Increasing the undercooling has the effect of markedly increasing the
nucleation rate, 1, and also the growth rate, V. The solidification rate approaches a
maximum vaiue when the internal heat flux (qi), whieh is proportionsal to the latent
heat of fusion and the volume rate of transformation, fs(=df /dt), is equal to the

s
Fa L r .

external one (q,) {equation i.1j. Here, T =0. During the first stage of equiaxed

§ The undercooling, AT, is usually defined as the temperature
difference between the equilibrium temperature of a system
and its actuel temperature. The latter is lower than the
equilibrium temperature when the melt is undercocled. In this
case, AT is greater than zero. The term, supercooling, is often
used interchangeably with undercoceiing in the literature.
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Figure 2.1: THERMAL HISTORY OF EQUIAXED DENDRITIC SOLIDIFICATION.
The above temperature-timne curve is one which might well be obtained during a
solidification sequence such as that pictured in figure 1.9a. The usual cooling
curve (a) begins to deviate slightly at the undercooling where nucleation occurs,
AT,. At this point, the first fraction of solid, fg, appears(d). With further
cooling, the nucleation rate, I, rapidly increases to a maximum value (e) which
corresponds to a minimum in the temperature/time curve (a). At this point, the
growth rate, V, of the grains (i.e. of the dendrite tips) is at its highest. The
subsequent increase in temperature is due to the high internal heat flux, qj,
arising from the rate of transformation, fg (=dfg/dt), and the latent heat
released (e). Note that | is much more sensitive to temperature changes than is V
(e). The final solidification which takes place after impingement of the grains
involves dendrite arm coarsening at a tip growth rate, V, equal to zero. During
this time interval, the number of grains, N, remains constant.
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solidification, . Is essentially nucleation-controlled, the volume fraction of solid
is still very small. After some time, the temperature of the system has risen sbove
the nucieation temperature and the second stage of solidification is
growth—controlled. The number of grains present thus remains essentially constant
and solidification proceeds via the lengthening of dendrites, and dendrite arm

thickening.

From this sort of consideration, it is possible to deduce that nucleation is the
dominant process at the beginning of solidification and leads very rapidly to the
establishment of the final grain population, with each nueleus forming one equiaxed
grain of the type shown in figure 1.9bord. Note that even in the case of columnar
solidification, the very first solid in a casting always appears in the form of equiaxed
grains (figure 1.6). The conditions leading to nucleation are therefore of utmost

importance in determining the characteristics of any cast microstructure.

In phase changes such as solidiftcation, which are disecontinuous, the transformation
process cannot ocehur at any arbitrarily small undercooling. The reason for this arises
froin the large curveture associated with a crystel of atomic dimensions. This
curvature markedly lowers the equilibrium temperature (appendix 3) so that, the
smaller the crystal, the lower is its melting point. This occurs because the small

1
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curvature creates a pressure difference between the two phases whieh is of
the order of 100MPa (lkbar) for a crystal radius of Inm. The equilibrium melting
point of the system is thus lowered by an amount, ATr' The criticel size, r°% of a
erystal, i.e. the size which allows equilibrium between the curved crystel and its

imelt, can be caleculated. For a sphere (appendix 3) this is:

sty = Tk = 2
and
o = 2N _ 20
r _AT[. AT, Asf [2.1]

This relationship indicates that, the smaller the difference (undercooling) between
the melting point and the temperature of the melt, the larger will be the size of the
equilibrium crystal. For nucleation of a spherical erystal of radius, r, to oceur, &

number of atoms, each of volume, v/, given by:

o 4rdT
n= —/—-
Jv

—
[
.
L]
—

have tc arrange themselves on the sites of the corresponding solid crystal lattice. It
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is evident that the probability of this event occurring is very small for larg ues of
r°, i.e. at small undercoolings (equation 2.1).
As shown in figure 2.2, the critical condition for nucleation is derived by summing the

interface and volume terms for the Gibbs free energy:
AG = AG, + AG = A + Ag.v [2.3]

where O is the solid/liquid interface energy and Ag is the Gibbs free energy
difference between the liquid and solid per unit volume. Again assuming a spherical

form (minimum A/v ratio) for the nucleus,
AG = 047r2 + ég:éﬂ[r-a [2.41
The Gibbs free energy per unit volume, Ag, is proporticnal to AT {appendix 3):
Ag = Asp AT [2.5]

The right-hand-side of equation 2.4 is composed of a quadratic and a cubic term. The
value of ¢ is always positive whereas Ag depends upon AT, and is negative if AT is
positive. This behaviour leads to the occurrence of a maximum in the value of AG
when the melt is undercooled, i.e. when AT is positive (figure 2.2¢). This maximum
can be regarded as being the activation energy which has to be overcome in order to

form a crystal nucleus which will continue to grow. The maximum value is given by:

d(aG) .

ar 0 [2.6]

and can be regarded as being a condition for equilibrium between liquid, and solid
having a curvature such that the driving force for solidification is equal to that for
melting. Consequently, it is not surprising that setting the first derivative of
equation 2.4 equal to zero should lead to equation 2.1.

Figure 2.2d demonstrates how fluctuations in a melt, corresponding to the conditions
of figure 2.2¢, will behave. At least one cluster which is as large as the critical
nucleus (of radius, r°) must be formed before solidification ean begin. The time which
elapses before this occurs will be different (tl, tz,...) at different loeations in
the melt. In this case, fluctuations spontaneously create a small crystalline volume in
an otherwise homogeneous melt (contalning no solid phase). This is referred to as

homogeneous nucleation because the oecurrence of nucleation transforms an initially

homogeneous system (consisting only of atoms in the liquid state) into a

heterogeneous system (crystals plus liquid). Using equations 2.2 to 2.6, the critical
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Figure 2.2: FREE ENERGY OF A CRYSTAL-LIKE CLUSTER AS A FUNCTION
OF ITS RADIUS. The process of nucleation of a erystal from its melt depends
mainly on two processes: thermal fluctuations which lead to the creation of
variously sized crystal embryoes (clusters), and creation of an interface between
the liquid and the solid. The free energy change, 4Gy, which is associated with
the first process is proportional to the volume transformed. That is, it is
proporticnal to the cube power of the cluster radius. The free energy change,
AG;, which is associated with the second process is proportional to the area of
solid/liquid interface formed. That is, it is proportional to the square of the
cluster radius. At temperatures, T, greater than the melting point (a), both the
voluine free energy (AG,) and the surface free energy (AGj) increase
monotonically with inereasing radius, r. Therefore, the total free energy, AG,
which is their sum, also increases monotonically. At the melting point (b), the
value of AG; still inereases monotonically sinee it is only slightly temperature
dependent. Because, by definition, thermodynamic equilibrium exists between the
solid and liquid at the melting point, the value of AG, is zero. Hence AG again

increases monotonically with increasing radius. At a temperature below the
equilibrium melting point (c), the sign of AG, is reversed because the liquid is
now unstable, while the behaviour of AGj; is still the same as in (a) and (b).
However, AG, has a 3rdpower dependence on the radius while AG; has only a
2nd power dependence. Thus, at small values of the radius, the absolute value of
AG, is less than that of AGj, while at large values of r the cubic dependence
of AG, predominates. The value of AG therefore passes through a maximum at
a critical radius, r°. Fluctuations may move the cluster backwards and forwards
along the AG-r curve (c) due to the effect of random additions or removals of
atoms to or from the unstable nucleus. When a fluctuation causes the ecluster to
become larger than r?, growth will occur due to the resultant decrease in the total
free energy. Thus, an embryo or cluster (r<r®) becomes & nucleus (r=r°) and
eventually leads to the formation of a grain (rer°).
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paramelers can be calculated and are given in table 2.1 where AGn is eq .ent to

AG 1n equation 2.3, except that n (the number of atoms in the nucleus, equation 2.2)
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As an example, suppose that an undercooling of 230K is required to cause nucleation
in small Cudroplets. From this value and the properties of the metal it is estimated
that r°=lnm and n°=360.

When the melt contains solid particles, or is in contact with a crystalline ecrucible or
oXide layer, nucleation may be facilitated if the number of atoms, or activation

energy required for nucleation, are decreased. This is known as heterogeneous

nucleation. A purely geometrical calculation shows that when the solid/liquid
interface of the substance is partly replaced by an area of low-energy solid/solid
interface between the crystal and a foreign solid, nucleation can be greatly
facilitated. The magnitude of the effect can be calculated using the result derived in

appendix 3:

(2 + cos0)1 - cosf)2

(8) = y

f2.71]

where @ is the wetting angle, in the presence of the melt, between a growing
spherical cap of solid {nuclcus) and a solid substrate (particle or mould wall). The n®
and AG_° values are decreased by small values of @ but the r° value is not.

Numerical values of f( §), given by equation 2.7, are listed in table 2.2, and show that,
under conditions of good solid/solid wetting {(small 0) between the cerystal nucleus and

the foreign substrate in the melt, a large decrease in n® and AG® can be expected.

Table 2.1: CRITICAL DIMENSIONS AND ACTIVATION ENERGY FOR THE
NUCLEATION OF A SPHERICAL NUCLEUS IN A PURE MELT (Ag = Asp AT)

Homogeneous Nucleation Heterogeneous Nucleation
eritical dimension
i 20 20
Ag AR
3 3
ne (327 (9 (227 (L)1 9)
v AE 3v Ag
activation energy ) 3
167, O
AGpe (125 (2=, (3 (g) 1€0)
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Table 2.2 VALUES OF THE EXPRESSIO N:
- " .
f(0)=(1/4)2 + cos )1 - cos 0)"

0(°) Type of Nucleation ()
0 complete wetting no nucleation barrier (§) 0
10 0.00017
20 } ( 0.0027
30 0.013
40 0.038
o0 0.084
70 heterogeneous 0.25
90 0.5
10 0.75
130 0.92
150 0.99
170 0.9998
i 80 no wetting ho mog eneous i

§ immediate growth can occur

This can have a dramatic effect on the nucleation rate and is used daily in foundries
in the form of inoculation. Here, substances are added to the melt which are
crystalline or form ecrystals at temperatures greater than the melting point. The
effect is usually time-dependent since the added substances tend to dissolve in the
melt. In the case of the breaking-off of dendrite branches there is no nucleation
problem at all since 8, and therefore AT, are zero. In this case, growth can
commence immediately.

The above arguments have been developed for pure metals with or without foreign
particles. They can also be applied to alloys. In this case, the Gibbs free energy is not
only a function of nucleus size (r or n), but also of ecomposition. To a first
approximation, the ecritical size and composition would be found in this ecase from the

conditions, d{ AG)/dn = 0 and d( AG)/dC = 0, which define a saddle point.

2.2 Rate of Nucleus Formation

In order to calculate the number of grains nucleated in a given molten volume and
time (ealled the nucleation rate), the simplest case will be considered. This is an ideal

mixture between an ensemble, Nn, of small erystalline clusters, each of whieh
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contain n atoms, and N; atoms of the liquid. The equilibrium distribution \c..ubility)

of these clusters can be calculated (eppendix 4) leading to the result, for n (when

= expl- ég.p] [2.8]

Nn

Ny
Equation 2.8 and figure 2.3 show that there are elways crystal clusters in a melt,
although they are not necessarily stable. Their number increases with decreasing
value of AGn' The number of clusters is shown schematically in figure 2.3 as a
density of points. lf the melt is superheated, d(AGn)/dn is always positive and the
equilibrium concentration of ecrystal nuclei is zero. In an undercooled melt, a
maxinmum in AGn, as a funetion of n exists, over which clusters can 'escape' and
form the flux of nuclei, I. The maximum value, AGn" (table 2.1), varies with

l/ATz. The value of N _° varies according to equation 2.8 and therefore:

N,° = K)expl- %?FZ] [2.9]

where Kl and K, are constants. If it is assumed here that the rate of cluster
formation is so high or 1 is so small that the equilibrium concentration of critical
clusters, NnO/NL' will not change i.e. the source of nucleation will not be

exhausted (§); the steady-state nucleation rate is given by:

P
1

l(an°

{2.10]

—
1

_ _AGQ®

where K3 is a constant.
However, the formation of clusters will require the transfer of atoms from the liquid
to the nuclei. An activation energy, AGd, for transfer through the solid/liquid

interface must therefore be added to equation 2.10, giving (appendix 4):

I = Igexpl-28n°_* 2Ga), (2.11]
= Oe}(p '—”k;{,— .

where I0 is a pre-exponential factor. This important equation contains two

§ This assumption is a erude but useful simplification. For more
details, the reader is referred to J.W.Christian, 'The Theory of
Transformations in Metals and Alloys', Pergamon, Oxford,
2nd Edition, 1975, p4l8.
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exponential terms. One of these varies as —l/TAT2 (equation 2.9), while the other
varies, like the diffusion coefficient, as -1/T. An increase in AT, giving more
numerous and smaller nuclei of critical size, is accompanied by a decrease in T and

fewer atoms are transferred from the liquid to the nuclei. These opposing tendencies
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Figure 2.3 DEPENDENCE OF CLUSTER-SIZE DISTRIBUTION UPON
TEMPERATURE: g,c: free energy, AG,, of a cluster containing natoms, at two
temperatures. b,d: number of clusters, N, containing natowms, as a fraction of
the number of atoms, N;, in the liquid phase. There is an exponential relationship
between AG, and N,. Thermal fluctuations are always creating small
erystalline regions in the liquid, even at temperatures greater than the melting
point (a). The number of clusters, N, divided by the number of atoms in the
liquid, N, , will be much smaller for large clusters (large r or large number of
atoms, n), than for small ones (b). This variation in the distribution of cluster sizes
is represented schematically (a) as a varying density of points. At temperatures
below Tf (c), there will be a maximum, AGp°, in the free energy of the
fluctuating system as is also shown in figure 2.2. The clusters reaching this
critical size (nuclei) will grow. The corresponding cluster-concentration,
N,°/N,, and cluster size, n° (minimum in figure d), are sensitive functions of
the undercooling. The nucleation rate will depend on the number of eclusters
having the critical size, N °/N, .
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lead to a maximum in the nucleation rate at a critical temperature, Tc, which is
situated somewhere between the melting point (AT =0) and the point where there is
no longer any thermal activation (T=0K). This is illustrated by figure 2.4a. Note that 1
would exhibit a maximum value even in the absence of the diffusion term. The
presence of the latter term increases the temperature at which the maximum oecurs.

Since, for a unit volume of the melt, the reciprocal of the nucleation rate is time, the
I-T diggram can be easily transformed into a TTT-diagram (figure 2.4b) where the
curve represents the beginning of the liquid to solid transformation. The effect of
decreasing the wetting angle, 0, is mainly felt via its influence on the equilibrium
concentration of nuclei and a decrease in AT, i.e. nucleation occurs closer to the
melting point. At very high cooling rates, such as those encountered in rapid
solidification processing, there may be insufficient time for the formation of even
one nucleus, and a glassy (amorphous) solid then results (cooling curve 2 in figure 2.4b).

It

iS il ulg
change in f{01) upon the nucleation rate. This can easily be done by approximating
equation 2.11. At low values of AT, the value of exp[—AGd/kBT] is approximately

4] -37-1
S -

equal to 0.01 and l0 is approximately equal to 10 m The nucleation

. . -3 -
rate {(in units of m s l) therefore becomes:

- 103%xp|- 26n°
I=10°%xpl kBT] {2.12]

A nucleation rate of one nucleus per cn13 per second (108m~3s1) oceurs
when the value of (AGn"IkBT) is about 76. Close to this value, a change in the
exponential term of a factor of two, from 50 to 100 for example, decreases the
nucleation rate by a factor of 1022. When AGn°/kBT is equal to 50,
108 nuclei per litre of melt per microsecond are formed. If the latter terny is equal
to 100, only one nucleus will be formed per litre of melt over a period of 3.2 years
(figure 2.5). This example shows that very slight changes in the solid/liquid interface
energy can have striking effects,

By calculating the undercooling, for a constant value (l/cm3s) of I, as a function of
0, another interesting result is revealed. This is illustrated by table 2.3 which gives
the change in undercooling in heterocgeneous nucleation as a function of the
nucleus/substrate contact angle. If the substrate is highly dispersed, as in inoculation,
the active surface area of the inoculant must rlso be taken into account in the
pre-exponential factor (IO), in equation 2.11. This leads to a decrease in the
undercooling. This effect is relatively small in comparison with that caused by a
chgnge in activation energy, and is therefore usually neglected. However; the grain

size will be inversely proportional to the particle density. When a fine grain size is

required, it is clear that many finely dispersed particles should be introduced into the
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Figure 2.4: NUCLEATION RATE AND NUCLEATION TIME AS A FUNCTION OF
ABSOLUTE TEMPERATURE. The overall nucleation rate, I (number of nuclei
created per unit volume and time), is influenced both by the rate of cluster
formation, depending upon the nucleus concentration (Nn"), and by the rate of
atom transport to the nuecleus. At low undercoolings, the energy barrier for
nucleus formation is very high and the nucleation rate is very low. As the
undercooling increases, the nucleus formation rate increases before again
decreasing (a). The decrease in the overall nucleation rate, at large departures
from the equilibrium melting point, is due to the decrease in the rate of atomic
migration (diffusion) with decreasing temperature. A maximum in the nucleation
rate, ly, is the result. This information can be presented in the form of a TTT
(time-temperature- transformation) diagram (b) which gives the time required for
nucleation. This time is inversely proportional to the nuecleation rate, and
diagram indicates that there is a minimum time for nucleation, tj, (proportional
to 1/1g). This minimum value can be moved to higher temperatures and shorter
times by decreasing the activation energy for nucleation, AGL° [dash-dot line in
(b)]. When liquid metals are cooled by normal means, the cooling curve will
generally cross the nucleation curve (curve 1) somewhere close to 'Ty. However,
very high rates of heat removal (curve 2) can cause the cooling curve to miss the
nucleation curve completely and an aniorphous solid (hatched region, glass) is then
formed via a continuous increase in viscosity (figure 1.1). The production and
characterisation of metallic giasses is currently the subject of intensive study.
Note that this figure relates to nucleation (start of transformation) only. The
second curve of a TTT diagram which describes the end of the transformation,
after growth has occurred, is not shown.

32



Table 2.3: ABSOLUTE AND RELATIVE UNDERCOOLINGS, REQUIRED TO GIVE ONE

NUCLEUS PER SECOND PER CM3, AS A FUNCTION OF §

0 AT/ Ty AT(Tg = 1500K)
180 0.33 495
90 0.23 345
60 0.13 195
40 0.064 96
20 0.017 25.5
10 0.004 6.9
] 0.001 1
0 0.0 ¢
10!40
1020}
100 million
[ nuclei in
— 11 per us
Tn 1 b——-—- 10%2x - -
L 1 Nnucleus
E 1 in 1l per
L 20 3.2 years
~ 10°
10°4¢
10‘60 1 d
107 1 W0 S0 102 103

AGO/ kT

Figure 2.5: NUCLEATION RATE AS A FUNCTION OF ACTIVATION ENERGY,
AG°. Variations in the value of the term, AGL°/kgT, have a remarkable
effect upon the rate of nucleatlon,l due to the exponentla[ relatlonshlp If, for an
observable rate of 1 = 1/em3s, AG °/kBT is changed by a Za;zctor of two, the
resultant change in the nucleation rate is of the order of 10 Thus, changing
the temperature or ulansmg the value of AG,° ecan ci’i\')i‘i‘ﬂOualy increase or
decrease the nucleation rate. The value of AG.° can be decreased by adding
foreign erystalline particles which 'wet' the growing nucleus to the melt
(inoculation), or by ircreasing the undercooling.
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melt. More importantly, these particles should have a low interface energy when in
contact with the solid which is to be nucleated. This is most likely to be so when the
nuclei and the nucleated solid have similar atomic structures and the same type of
bonding. In many casting situations, this is most effectively achieved by the
breaking-off of dendrite arms by convection in the melt. This phenomenon is
exploited in the continuous casting of steel by electromagnetically stirring the melt.
This method is very effective since it produces nuclei {(dendrite arms) which are free
of any oxide film whiech might impair wetting. The presence of oxide films on
inoculants is often a problem since they inhibit the action of the latter. For this
reason, inoculation by chemical reaction or precipitation in the melt is favoured.
Peritectic reactions are most effective in pure metals such as Al since precipitates
having a higher melting peint than that of the melt are formed and can promote

nucleation before dissolution occurs.

2.3 Interface Structure

Once a nucleus is formed, it will continue to grow. Such growth will be limited by:

- the kinetics of atom attachment to the interface,

- capillarity,

- diffusion of heat and mass.
The relative importance of each of these factors depends upon the substance in
guestion and upon the solidification conditions. This chapter will consider only the
atomice attachment kineties, and the other processes will be treated in chapters 3 to 5.
The kineties of atomic addition can play an important role in some substances. When
the latter exhibits the 'non-faceted' growth morphology typical of a metal, it can be
assumed that the kinetics of transfer of atoms from the liquid to the crystal are so
rapid that they can be neglected. When the substance exhibits the faceted mode of
growth typical of non-metals or intermetallic compounds, a large kinetic term may
be involved. However, it is by no means certain that this term will dominate the
growth process.
The classification of substances into faceted and non-faceted types is based upon
their growth morphology (figure 2.6). Metals, and a special class of molecular
compounds (plastic crystais), usually solidify with macroscopically smooth solid/liquid

interfaces and exhibit no facets, despite their crystalline nature. This behaviour
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reflects an independence of
crystal plane involved. A slight tendency to anisotropic growth remains and results

from an anisotropy of the interface energy and the atomie attachinent kineties. This
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leads te the appearance of crystallographically determined dendrite trunk and arm
directions of low-index type. On the other hand, substances exhibiting complex
erystal structures and directional bonding form crystais having planar, angular
surfaces (facets). Note that the faceted versus non-faceted classification also
depends upon the growth process. A substance which exhibits non-faceted crystals
when grown from the melt can give faceted crystals when grown from a solution or

vapour.

10pm

Figure 2.6: NON-FACETED AND FACETED GROWTH MORPHOLOGIES. After
nucleation has occurred, further atoms must be added to the crystal in order that
growth can continue. During this process, the solid/liquid interface takes on a
specific structure at the atomic scale. This structure depends on the difference in
crystal structure and bonding between liquid and solid. During the solidification of
point of the surface and the crystal shape is dictated mainly by the form of the
heat and solute diffusion fields. Nevertheless, a remaining slight anisotropy in
properties such as the interface energy leads to the growth of dendrite arms along
certain crystallographic directions. In faceted materials, such as intermetallic
compounds or minerals(b), the inherently rough, high-index planes accept added
atoms readily and grow quickly. As a result, these planes disappear and the crystal
remains bounded by the more slowly growing facets (low-index planes). The
classes of non-faceted and faceted crystals can be distinguished on the basis of
the higher entropy of fusion of the latter. This is due to the greater difference in
strueture and bonding between the scolid and liquid phases as compared te metals,
which exhibit only very small differences between the two phases.
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In the present book, the classification will only be applied to melt-grown crystals.

This classification is of practical interest to metallurgists because of the importance
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use of eutectic alloys (chapter 5) which contain a faceted phase as one component
(e.g. Fe-C, Al-Si). From a theoretical point of view, the reason for this marked
difference in morphology is worthy of mention here because of the light which it
throws on the detailed structure of the solid/liquid interface at the atomic level.
Finally, an understanding of atomiec attachment Kinetics aids the correct choice of
transparent model systeins whieh are often used in order to observe solidification
phenomena directly (figures4.3 and 4.16).

I'he growth rate of a crystal depends upon the net difference between the rates of
attachinent and detachment of atoms at the interface (appendix 5). The rate of
attachment depends upon the rate of diffusion in the liquid, while the rate of
detachment depends on the number of nearest neighbours binding the atom to the
interface. 'Yhe number of nearest neighbours depends upon the crystal face
considered, i.e. upon the surface roughness at the atomic scale (number of
unsaturated bonds). This is the simplest possible situation. In general, reorientation of
a comnplicated molecule in the melt, surface diffusion, and other steps may be
required.
Consider
bulk crystal has six nearest neighbours represented by the six faces of a cube
(figure 2.7). There are five different positions at the interface, characterised by the
number of nearest neighbours (1 -5). In an undercooled system, where the crystal has
a lower free energy, it is evident that an atom in position 5 will have a very much
higher probability of remaining in the crystal than will an atom in position 1. In order
to incorporate atom | into the crystal, a very large difference must exist between the
forece binding it to the crystal, and the force binding it to the ligquid. In order to
create such a difference, a large undercooling of the melt is required.

An atomically flat interface (figure 2.8a) will maximise the bonding between atoms in

the crystal and those in the interface. Thus, such an interface will expose few bonds
to atoins arriving via diffusion through the liquid. Such & crystal has a tendency to
close up any gap in its solid-liquid interface at the atomic scale. This leads to
crystals which are faceted at the microscopic scale and usually exhibit high

undercooiings.
An atomically rough interface (figure 2.8b) always exposes a lot of favourable sites

for the attachment of atoms from the liguid. Such an interface tends to remain rough
and leads to smooth erystals which are non-faceted at the microscopic scale and
exhibit low kinetic undercoolings.

Generally, it can be said that the greater the difference in structure and bonding
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between the solid and iiquid phases, the narrower is the transition region over which
these differences have to be accommodated. A sharp transition (i.e. an atomically
flat, microscopically faceted interface) exhibits little tendeney to incorporate newly
arriving atoms into the erystal. Hence growth is more difficult and requires an
additional (kinetiec) undercooling. Also, because high-index ecrystallographic planes
tend to be inherently rough and to contain many steps, & marked anisotropy in growth
rates can develop when the low-index planes are atomically flat. This, in turn, leads

to the disappearance of the higher index planes, due tc their more rapid growth, and

Figure 2.7: VARIATION IN BOND NUMBER AT THE SOLID/LIQUID INTERFACE
OF A SIMPLE-CUBIC CRYSTAL. In order to understand the two types of growth
shown in figure 2.6, the various ways in which an atom can be adsorbed onto the
solid/liquid interface have to be considered. Growth is determined by the
probability that an atom will reach the interface and remain adsorbed there until
it has been fully incorporated into the erystal. This probability increases with an
inereasing number of nearest neighbours in the crystal. The possible arrangements
of atoms on the crystal interface are indicated here, where the numbers specify
the number of neighbouring atoms in the erystal. The atoms of the liquid phase
are not shown here. A special role is played by type 3 atoms in the growth of
faceted crystals because, having three bonds, they can be considered to be
situated half in the solid and half in the liguid (when the erystal coordination
number is 6 as in & simple cubic ecrystal). A likely growth sequence would be:
addition of type 3 atoms until a row is complete; addition of a type 2 atom to start
a new row; and so on until a layer is ecomplete. Thereupon, nucleation of a new
layer by the addition of a type 1 atom would be necessary. This is an unfavourable

process and requires a very high undercooling. Therefore, other processes will play
a role (figure 2.10).
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faceted nonfaceted
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Figure 2.8: FORM OF FACETED (a) AND NON-FACETED (b) INTERFACES.
Transparent orgaenic substances, when observed under the microscope during
directional solidification (upwards growth), exhibit the forms shown in the upper
diagrams (the liguid is uppermost). It is important to note that, during growth, a
faceted interface(a) is jagged and faceted at the microscopic scale (upper
diagram), but smooth at the atomic scale (lower diagram). On the other hand, a
non-faceted interface (b) can be microscopically flat (upper diagram), while at the
atomic scale it is rough and uneven (lower diagram). This roughness causes the
attachment of atoms to be easy and lergely independent of the crystal
orientation. Note also that the interface of a non-faceted material will grow at a
temperature which is close to the melting point, Tg, while the interface of a
faceted material might have a very high local undercooling. Such a point (arrow)
is a re-entrant corner (figure 2.10), and is associated with an increased number of
nearest neighbours. Thus, growth will tend to spread from here.

leads to a characteristic crystal form which is bounded by the slowest growing faces
(right hand side of figure 2.9).
Metals, on the other hand, have a siinilar structure, density, and bonding in both the

liquid and solid states. Hence, the transition from one phase to the other at the

interface is very gradual and the interfece becomes rough and diffuse (i.e. it exposes
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Figure 2.9: DEVELOPMENT OF FACETED CRYSTAL GROWTH MORPHOLOGIES.
A growing cubic crystal which is originaiiy bounded only by (100) planes (left hand
side) will change its shape to an octahedrai form (bounded by (111)) when the
(100) planes grow more quickiy than the (lii)pianes (a). Often, impurities change
the growth behaviour of specific planes and this results in the appearance of
different growth forms for the same crystal structure. If the (i10) planes are the
slowest-growing, this will lead to a rhombohedral dodecahedron (b). The
slowest-growing planes (usually of low-index type) always dictate the growth habit
of the crystal. The resultant minimum growth rate form is not the same as the
equilibriumm (non-growing) form, which is governed by minimisation of the totai
surface energy. In the above sequences, the crystal size has been kept constant.

Table 2.4: GROWTH MORPHOLOGIES AND CRYSTALLISATION ENTROPIES

Dimensicnless Supersaturated
Entropy (AS5¢/R) Substance Phase Morphology
~1 metals melt non-faceted
~1 'plastic' crystals melt non-faceted
2-3 semiconductors solution nf/faceted
2-3 semimetals solution nf/faceted
~6 molecular crystais solution faceted
~10 metals vapour faceted
~20 complex molecules melt faceted
~100 poly mers melt faceted
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meany suitable growth steps to atoms arriving from the meit).

'The melting entropy is a convenient criterion for predicting this aspect of the
crystallisation behaviour. Values of @& (= AS./R) which are less than 2 can be taken

to imply a tendency to non-faceted crystal growth, while higher ¥-values imply that
faceted growth forms will be produced.

In table 2.4, a list of different substaices is presented which compares their growth
forms and their dimensionless entropies for crystallisation from various media. The
fact that metals and plastic crystals(§) fali into the same group is of great value in
the study of solidification. The interior of metals can obviously not be observed using
visible light, whereas the transparent, low-meiting-point organie crystals can easily
be studicd in this way. Microscopice study of their interface morpheology during growth
has provided a good deal of useful information and continues to be an attractive
revearch tool,

A high entropy of fusion inereases the disparity in growth rates between the

low-index planes and the faster-growing high-index pianes. Table 2.5 presents some

Table 2.5: GROWTH RATE COEFFICIENT, Ky ), AS A FUNCTION OF
CRYSTALLISATION ENTROPY FOR A SIMPLE-CUBIC TWO-DIMENSIONAL

CRYSTAL (Jackson, 1968)

Dimensionless

Entropy, o Koo Ky K111/Kj00
1 0.2 0.1 0.5
5 0.007 0.01 1.4
10 0.000005 0.0001 20.0

§ Plastic crystals are a special class of molecular substance
(organic or inorganic) whose molecular asymmetry is destroyed
by rotational motion. That is, the molecules behave like spheres
having surfaces defined by the enveiope of all of the possible
arrangements of the molecule's extremities. Since these
'spheres’ no longer exhibit asymmetry or directional bonding,
they can arrange themselves into simple ecrystal structures;
particuiarly cubic ones, and many of their properties are
anaiogous to those of metals. For example, the name, 'plastic’,
refers to their observed high malleability. In the present
context, however, it is interesting to note that they were first
recognised as a distinet class due to their low entropies of
fusion. This also indicates that their ecrystallisation behaviour
will be analogous to that of metals.
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numerical estimates for growth rate coefficients, as a function of the

K
hkl’
dimensionless entropy and crystallograephic plane for a simple-cubie, two-dimensional
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three-dimensional crystal. At smell undercoolings, with respeet to Tf, the actual

growth rate of the faces can be obtained from the expression:

V=K AT [2.13]

hikl

This expression corresponds to equation A5.7, and assumes that a simple growth
mechanism is operating. It can already be seen from this simple example that a very
marked anisotropy resuits in the case of a high meiting entropy. That is, the ratio of
V[“” to V[l[][]] is increased, and the absolute growth rates are markedly
decreased. As a consequence, a crystal of a substance having a iarge value of o will
be bounded by (100) planes.

Observation of primary crystals growing from melts of various composition often
permits the relative growth rates of different crystal faces to be deduced.

The widest range of morphologies arising from differences in the growth rates of
various [aces is probabiy that exhibited by hexagonal ice erystals growing from the
vapour. An example of more practical importance to metallurgists is that of
cast iron. The faceted phase (graphite) grows at a different rate in different
directions. When V[ﬂﬁﬁi} is less than V{iﬁio]’ plates delimited by (0001) planes

appear, and the morphology is referred to as 'flake graphite'. When V is less

than V[[][]Dl]’ hexagonai prisms form. Often, this is not immedia[tleﬂl:(mevident
because the prisms tend to grow in a radial direction and the morphology is then
called 'spherulitic'. Changes in the growth behaviour of graphite are obtained in
practice by controlling the trace element concentration. For example, the presence
of S leads to the appearance o
in the production of nodular cast iron.

Lue to the greater dilficulties experienced in attaching atoms to the surfaces of
substances possessing a high entropy of fusion, surface defects are of particular
importance in this case. Evidently, such defects do not greatly facilitate growth if
the attachment of the atoms easiiy removes them. Therefore, only those defects
which cannot be eliminated by growth are effective (figure 2.10). These include screw
dislocations which emerge at the growth surface, twin boundaries, and rotation
boundaries. Lach of these supplies re-entrant corners (steps) which locally increase
the number of bonds which an attached atom makes with the crystal (figure 2.7). This
reduces the kinetic undercooling and ieads to highly anisotropic growth. As a result,
the morphology becomes sheet-like (planar defeet in b and e) or whisker-like (line
defect in a)- This phenomenon has a marked effect upon the growth behaviour of the

most widely used eutectic alloys, Fe-C and Al-Si (chapter 5).
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Finally, it should be noted that under a sufficiently high driving forece (e.g. high
undercooling) the atomie interface of even a high melting entropy phase may become

rough. Its growth behaviour then becomes more isotropic.

Figure 2.10: REPEATABLE GROWTH DEFECTS IN FACETED CRYSTALS. As
pointed out with reference to figure 2.7, steps in rows of atoms are favoured
growth sites, but can easily be eliminated by the very growth which they promote.
Several types of defect have been shown to provide steps and alsc to be impossible
to eliminate by growth. These are the emergent serew dislocation (a) [F.C.Frank:
Discussions of the Faraday Society 5 (1949) 48], which leads to the establishment
of a spiral ramp; the re-entrant corner due to twinning{b) [D.R.Hamiiton,
R.G.Seidensticker: Journal of Applied Physics 31 (1960) 1165] which acts as a
macroscopic step; and the twist (rotation) boundary which also provides effective
steps (¢). Depending upon the type of defect present, the faceted crystal can
exhibit various morphologies: needles in the case of line defects(a), or plates in
the case of planar defects - e.g. Si in Al-Sialloys (b) or graphite in cast iron (c)
[l.Minkoff in: The Solidification of Metals, lron and Steel Institute Publication 110,
London, 1968). The latter two defects are important in understanding the growth
of irregular eutectic microstructures.
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2.1 -

2.6 -

2.7 -

2.8 -

EXERCISES

Show that setting the first derivative of equation 2.4 equal to zero leads to

equation Z.1.

What is the meaning of the expression, d(AG)/dr =190, in terins of the forces

sneting upon the eritical nucteus?

Develop an equation for AG-n which is analogous to equation 2.4, and

calculate AGn"‘ and n°.

Derive equation 2.5. What approximations are made? Why must caution be

exercised when applying it to cases involving high undercooling?

For small undercoolings, the nucleation rate given by equation 2.11 can be
written in the form, l=Klexp[—K2/AT2]. Develop expressions for K1
and K2 and explain the origin of the term, A’PZ. Determine how much
K. and K, must change in order to doubte the value of AT required to

1 2
-3 -1
produce one nucleils m s

1037m_'35—1.

when l{1 is originally equal to

In his elassic experiments, Turnbull divided a melt up into droplets which
were only a few microns in diameter in order to measure the temperature at

which homogeneous nucleation oecurred. Why did he use this method?.

By measuring the temperature required for homogeneous nucleation, it is
possible to determine the solid/liquid interface energy, which is difficult to
measure using other methods. Develop the equations needed for this with the
aid of equation2.11. In order to learn inore about this technique, the reader
should consult the papers of D.Turnbull: Journal of Applied Physics 21 (1950)
1022 and J.H.Perepezko et al in: Solidification and Casting of Metals, The

Metals Society, London, 1978, pl69.
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2.9 -

2.10 -

2.11 -

2.13 -

2.15 -

Show that n° and AG®° are functions of 0 but not r°. Why is this so? (See

appendix 3, ligure 3.7).

Determine the curvature and the melting point of a pure iron erystal in a

wetted (#=30°) conical pore in the erucible surface, as illustrated below.

liquid

102 pm

crystal
a=60°

crucible

What will happen if one stirs 0.lwt% of Ti powder into a pure Al melt at
700C just before cesting? (Hint: consult the phase diagram!), For more
details, see T.W.Clyne, M.H.Robert: Metals Technology 7 (1980) 177.

Water and Bi expand during solidification. From this fact alone, one can make
predictions concerning the entropy of melting, and therefore the
crystallisation behaviour, in terins of the faceted/non-faceted classification.

What reasoning would you employ?

Show graphically in two dimensions why rapidly growing planes disappear

during crystal growth and leave the slowest growing ones.
What is the difference in the shape of an equilibrium erystal, when ¥ =0 and
0 is a minimumn for {111} , and the shape arising from growth when V>0 and

is a minimum for {100) ?

Explain why an atomically smooth interface is usually microscopically rough

when growing in a temperature gradient (figure 2.8a ~ top).
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CHAPTER THREE

MORPHOLOGICAL INSTABILITY OF
A SOLID/LIQUID INTERFACE

Classical thermodynamie definitions of stability are inapplicable to the determination
of the morphology of & growing interface, and current extensions of equilibrium
thermodynamics have not yet furnished a fully acceptable alternative. Meanwhile, in
order to proceed with theoretical analyses of growth morphologies, it has been found
necessary to use heuristically-based stability criteria. The simplest assumption made
is that the morphology which appears is the one which has the maximum growth rate
or minimum undercooling. An alternative method is the use of stability arguments.
These involve perturbing the mathematical function, which describes the solid/liquid
interface morphology, in order to determine whether it is likely to change into
another one. The interface is then said to be morphologically unstable if the
perturbation is amplified with the passage of time and to be morphologically stable if

it is damped out (figure 3.1).
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Figure 3.1: INITIAIL. EVOLUTION OF AN UNSTABLE (a) or STABLE (b)
INTERFACE. Such an interface might be observed during light microscopical
observation of transoarent non-faceted organic substances. During growth, any
interface will be subject to random disturbances caused by insoluble particles,
temperature fluectuations, or grain boundaries. A stable interface is distinguished
from an unstable interface by its response to such disturbances. It is imagined
here that the interface is initially slightly distorted by a spatially regular
disturbance. lIf the distorted interface is unstable(a), the projections may find
themselves in a more advantageous situation for growth and therefore increase in
prominence. In the case of a stable interface(b), the perturbations will be
unfavourably situated and tend to disappear. During the casting of alloys, the
solid/liquid interface is usually unstable. A stable interface is only obtained in
special cases such as columnar solidification of pure metals (figure 1.7a) or
directional solidification of alloys in a Bridgman-type furnace (figure 1.4a) under a
sufficiently high temperature gradient, G. The indicated scale is typical (or alloys

under normal casting conditions.
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3.1 Interface Instability in Pure Substances

The conditions which lead to instability can easily be understood in the case of a pure
substance. Figure 3.2 illustrates, in a schematic manner, the development of a
perturbation during eolumnar and equiaxed growth (see also figure 1.7).

During columnar growth of a pure substance (figure 3.2a), the temperature given by
the heat flux, Tq, increases in the z-direction (i.e. G is positive). The interface will
be found at the isotherm where the temperature, Tq’ imposed by the heat flux is
eqgual to the equilibrium melting point, Tf(§).

If an interface perturbation is to remain at the melting point over its entire surface,
and curvature effects are neglected, the temperature field (Tq) must be deformed
so that the temperature gradient in the liquid at the tip (along line A-A) increases
while the temperature gradient in the solid decreases. According to Fourier's first
law this means that the heat flux from the liquid to the tip increases and that the
flux in the solid decreases. Therefore, more heat will flow into the tip and less will
flow out of it. Meanwhile, the reverse situation occurs in the depressions (line B-B).
As a result, the perturbation tends to be damped out. Thus, the interface of a pure
substance during columnar growth will always be stable.

Turning now to equiaxed solidifieation, the situation is completely different
(figure 3.2b). In this case, the heat flux does not reach the mould wall via the solid
but through the melt. Therefore, the melt must be undercooled in order to establish
the necessary temperature gradient at the solid/liquid interface. The temperature
gradient in”the liquid will therefore be negative, while the gradient in the solid is

essentially zero. A perturbation will sense a higher gradient at its tip, leading to an
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interface of a pure substance (with negligible kinetic undercooling) will always be
unstable under equiaxed solidification conditions. The immediate result is that
equiaxed grains in a pure metal always adopt a dendritic morphelogy (figure 1.7b).
Because segregation is absent, the dendritic form will not be detectable in a solid,

pure metal casting. Fortunately, the characteristics of dendritic growtn in this case

§ In general, a growing interface will always require some
(kinetic) undercooling below the equilibrium melting point for
its advance (figure 2.8 and equation 2.13). In faceted substances,
this undercooling may be appreciable (greater than 1K). In
non-faceted substances, such as metals, its value will be
negligibly small in most cases. Its effect can generally be
ignored for these materials under normal solidification
conditions.
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can be very closely observed in pure organic substances or in pure water.

It can be concluded that the solid-liquid interface of a pure metal will always be

nAd unetahla if tha o
o uliovauvic ik LilT s

negative. Perturbations will grow if the temperature gradient at the interface, given

by the heat flux, G =qu/dz, obeys the relationship:

G=<20 (pure metals) [3.1]

Figure 3.22 COLUMNAR AND EQUIAXED SOLIDIFICATION OF A PURE
SUBSTANCE. In a pure substance, stability depends on the direction of heat flow.
In directional solidiiication, as in the columnar zone of a easting, the temperature
always increases with distance ahead of the interface (a). Therefore, the heat flow
direction is opposite to that of solidification. When a perturbation of amplitude,
temperature gradient in the liquid increases while the gradient in the solid
decreases (compare full and dotted lines along section, A-A). Since the heat flux
is proportional to the gradient, more hcat then flows into the tip of the
perturbation and less flows out of it into the solid. As a result, the perturbation
melts back and the planar interface is stabilised. In equiaxed solidifieation, the
opposite situation is found(b). Here, the free crystals grow into an undercooled
melt (cross-hatehed region) and the latent heat produced during growth also flows
down the negative temperature graedient in the liquid. A perturbation which is
formed on the sphere will make this gradient steeper (full line compared to the
dotted line) and permit the tip to reject more heat. As a result, the leeal growth
rate is increased and the interface is always morphologically unstable.
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3.2 Solute Pile-Up at a Planar Solid/Liquid Interface

In alloys, the criterion for stable/unstable behaviour is more complicated because the
local equilibrium melting point can vary along the solid/liquid interface. During the
solidifieation of an alloy, solute will pile up ahead of the interface due to the smaller
solubility of the solid when the distribution coefficient is less than unity (figure 1.11).
The excess solute rejected from the solid will accumulate in an enriched boundary
layer ahead of the interface. The fully developed diffusion boundary layer, which is
analogous to the bow wave of a ship, is illustrated in figure 3.3. It is established
during a transient period beforc steady-state (time-independent) growth begins. In
this steady-state situation, where all of the concentrations are constant with respect
to a reference frame moving with the solid/liquid interface, the solid forms at the
solidus temperature. Therefore, the composition of the solid is equal to that, Co' of
the liquid far ahead of the interface (where the effect of the solute pile-up has not
yet been felt). The solute concentration in the boundary layer decreases

exponentially, from Co/k to Co' according to (appendix 2):

" iz . _

Cy =Cg + ACgexpl- ] {3.2]
Mathematically, the thickness, 6c’ of the boundary layer is infinite. However, for
practical purposes it can be taken to be equal to the ‘equivalent boundary layer'

(appendix 2):

0. = 22 (3.3]
This length is equal to the buse-length of a right-angled triangle having a height
which is equal to the excess solute concentration at the interface, and an area which
is the same as that under the exponential curve. Equation 3.3 reveals that the
equivalent boundary layer thickness is inversely proportional to the growth rate.
A simple flux balance shows that an interface of area, A, rejects JS atoms per

second:

Js = A(SE) (CF - Cs®) [3.4]

where the terin, A(dz/di), represents the volume of liquid which is transformed to
solid per unit time, and the second term represents the difference in the solute

concentrations in the liquid and the solid at the interface. Under steady-state
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conditions, the resultant flux of rejected sclute has to be balanced by an equal flux

which takes solute away from the interface by diffusion. The flux in the liquid is:

5, = -AD( $20 [3.5]

Equating the fluxes and noting that, in the steady state, CF=C_/k, gives the

important flux balance:

Ge = ( j—‘z’?L)Fo = - (£)aCo [3.6]

Cofk

Co

Figure 3.3: STEADY-STATE BOUNDARY LAYER AT A PLANAR SOLID/LIQUID
INTERFACE. In the case of an alloy, the stability arguments are similar to those
advanced in the caption to figure 3.2, except that solute diffusion as well as heat
flow effects must be considered. The former will be considered here. Firstly, as
the interface advances, solute is rejected if the solubility of the solute in the solid
is lower than that in the liquid (k less than unity). When the interface has been
advancing for some time, the concentration distribution becomes
time-independent (steady-state). If a planar interface is advancing under
steady-state conditions at a rate which permits local equilibrium to be assumed,
then the solute concentration in the solid is the same as that of the original melt
(appendix 2). Under these circumstances, the concentration in the liquid decreases
exponentially from the maximum composition, Cgy/k, at the interface to the
original composition, C,, far from the interface. In general, the rate of
rejection of solute at the interface is proportional to the growth rate. The
rejected solute must be carried away by diffusion down the interfacial
concentration gradient, and this therefore becomes steeper with inereasing
growth rate. In the figure, the boundary layers for two growth rates, Vg > V],
are shown.
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3.3 Interface Instability in Alloys

It is seen from the above that, during the solidification of an alloy, there is a
substantial change in the concentration ahead of the interface. This change will
affect the local equilibrium solidification temperature, T; , of the liquid, which is

related to the composition by:
T, (CO) -1 = m(C0 -Cy) {3.71

where T, (Co) is the liquidus temperature corresponding to the initial alloy
composition. This relationship is shown in figure 3.4 and indicates that the
concentration boundary layer can be converted, using the phase diagram, into a
liquidus-temperature boundary layer. The liquidus temperature increases with
increasing z, when the value of k is less than unity, because the value of m is then
negative. It represents the local equilibrium temperature for the solidification of a
corresponding volume element of the melt. To investigate stability, it is also
necessary to determine the temperature, Tq, imposed by the heat flux. Both

temperatures must be equal at the interface (see previous footnote). In the steady

lanar interface, this will correspond to the solidus temperature for
the composition, Co’ as shown in figure 3.4.

Depending upon the temperature gradient,

T
G = ( ad—zq )z:[) [3-8]

in the liguid at the solid/liquid interface (which is imposed by the external heat flux)
there may, or may not, exist a zone of constitutional undercoocling (figure 3.5). This
zone is defined to be that volume of melt ahead of the interface within which the
actual temperature, Tq’ is lower than the local equilibrium solidification
temperature, T, . The melt in this zone is thus undercooled, i.e., in a metastable
state. It is quickly seen that the conditi
constitutionally undercooled zone is that the temperature gradient, G, at the
interface in the liquid should be lower than the gradient of liquidus temperature
change in the melt. The latter gradient is obtained by multiplying the concentration
gradient, Ggar by the liquidus slope, m. Therefore, the interface is constitutionally

undercooled when:
G < mG, (alloys) {3.9]
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As before, consider the behaviour of a perturbation arising during directional
solidification. Such a protuberance at the solid/liquid interface will increase the local
temperature gradient in the melt. In the case of a pure melt (figure 3.2), Lhis led to
the disappearance of the perturbation. However, in an alloy melt (figure 3.4), the
local concentration gradient will also become steeper and consequently the loeal
gradient of the liquidus temperature will inerease. Henee, the region of constitutional

supercooling will tend to be preserved.

Col/k

T 1co)

—ATg —=

Tsicy) L - _- - — = = -

Figure 3.4+ CONSTITUTIONAL UNDERCOOLING IN ALLOYS. The steady-state
diffusion boundary layer, shown in figure 3.3, is reproduced here (upper diagram)
for a given growth rate. As the liquid concentration, C, , decreases with distance,
z, the liquidus temperature, T, (i.e. the melting point), of the alloy will increase
as indicated by the phase diagram. This means that if small volumes of liquid at
various distances ahead of the solid/liquid interface were extracted by some
means and solidified, their equilibrium freezing points would vary with position in
the manner described by the heavy curve in the lower left-hand diagram.
However, each volume element finds itsell at a temperature, T, which is
imposed by the temperature gradient arising from the heat flow occurring in the
casting. Since, at the solid/liquid interface (z=0), Tq must be less than or equal
to Tg in order to drive the atomie addition mechanism, there may exist a volume
of liquid which is undercooled when the gradient of Tq is less than the gradient

Py ] L F PR PEOPRPEE TP | ¥ P R . e | _ PR Py PSR S
oi TL' This {cross-hatched) region is called the zone of constitutional

undercooling. There exists a driving force for the development of perturbations in
this volume as in figure 3.2b.
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In the introduction to this chapter, it was stated that equilibrium thermodynamics
principles could not properly be applied to solidification. However, it is interesting to
see how far the use of such classical methods can be pursued in this non-equilibrium
situation. In general, growth rates and underccolings are found to be closely related
by functions whose form depends upon the process controlling growth (atomic
attachment, maess diffusion, or thermal diffusion). In each case, the growth rate
increases with increasing undercooling. An interface perturbation can be imagined to
experience a driving force, {', for accelerated growth which is given by the negative

value of the first derivative of the Gibbs free energy with respect to distance:

{r = - AAG)
dz

[3.10]

THE
SOLID/LIQUID INTERFACE, AND THE RESULTANT STRUCTURES. When the
temperature gradient due to the heat flux is greater than the liquidus temperature
gradient at the solid/liquid interface, the latter is stable (a). On the other hand, it
can be seen that a driving force for interface change will be present whenever the
slope of the local melting point curve (liquidus temperature) at the interface is
greater than the slope of the actual temperature distribution. This is easily
understood since the undercooling encountered by the tip of a perturbation
advancing into the melt increases and therefore a planar interface is unstable (b).
After the dendritic microstructure shown has developed, the region of
constitutional undercooling is largely eliminated.
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For small undercoolings, AG = ASf AT and ASf =constant. Thus,

f'=-AS (dAT) = -ASfd (3.11]

where Al'=T, -Tq, and ¢ is the difference between the liquidus temperature
gradient (ch) and the heat-flux-imposed temperature gradient at the

interface (G):

¢ = (dAT),,_ (i-rt— —-q)z -0 = mGe - G 13.12]

Since ASr is negative for solidification, a positive driving force will exist which
causes any perturbation to grow when ¢ is positive, i.e. when a zone of constitutional
undercooling exists ahead of the interface. If its value is zero or negative, G is equal
to, or greater than, ch. The litniting condition for constitutional undercooling is

therefore:

—th —~ - (59 N
u.ermuuynamic approacii nges

from consideration of the =zone of constitutional undercooling. Since the
concentration gradient at the interface is known, it is simple to derive the criterion
for the existence of constitutional undercooling in another form. The interface will
always become unstable if equation 3.9 is satisfied. Using equation 3.6, this can be

written:

Table 3.1: SUMMARY OF STABILITY CONDITIONS IN PURE METALS AND ALLOYS

Growth Conditions

Equiaxed Columnar
(G=0) (G =0)
pure metal - +
alloy - -(@>0)
+ (< 0)

(-) interface always unstable, (3) always stable
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< - MVAC,
G D

Also, because -mAC_= AT (equation 1.9), the limit of

undercooling can be expressed in its usual form:

G . AT,
A4
or
. QD
Ve = AT,

(3.14)

constitutional

[3.15]

where AT can be replaced by the expression: mCO(k-l)/k (equations 1.9, 1.10). If

G/V is smaller than ATO/D, instability will result (§).

Table 3.1 summarises the types of interface morphology to be expected under various

conditions, and table 3.2 presents typical numerical values involved in constitutional

undercooling. 1t is evident that, even for relatively low solute concentrations, high

temperature gradients must be imposed in order to suppress interface instability and

cellular or dendritic growth. Note that, in the preparation of single erystals, or in

other directional growth processes, a gradient of 20K/mm is considered to be high.

So far, only the limit of stability has been estimated. Nothing has been said about the

form and scale of the perturbations which will develop if the interface is unstable.

Table 3.2 MINIMUM STABILISING TEMPERATURE GRADIENT (K/mm)

AS A FUNCTION OF PHASE DIAGRAM PARAMETERS

(D = 0.005mm?2/s, V = 0.0lmm/s, m = -10K/wt%)

Colwt %)
k 10 1 0.01
0.5 200 20 0.2
0.1 1800 180 1.8

§ Note that an exact interface stability analysis
leads to a slightly modified criterion (appendix 6).
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Information concerning the dimensions of the initial, perturbed morphology is very
important because this will influence the spacing of the resultant growth
morphologies. However, it must be remembered that the morphology whieh initially
develops at the limit of stability is usually only a transient structure which disappears
once the steady-state cellular or dendritic morphology is established (see for

example, figure 4.3).

3.4 Perturbation Analyses

A drawback of the constitutional undereooling criterion is that it igncres the effect
of the surface tension of the interface. 1t is reasonable to suppose that the latter
should have a marked influence upon interface stability. In order to investigate this
possibiliiy, and to iearn more about the morphological changes occurring near to the
limit of stability, it is necessary to suppose that the interface has already been
slightly disturbed and to study its development under the constraints of diffusion and
cepillarity. More details of this procedure are presented in appendix 6, and the
present discussion is intended merely to point out some of the physical principles

involved.

Figure 3.6: INTERFACE PERTURBATIONS AT A SOLID/LIQUID INTERFACK.
The existence of a zone of constitutional undercooling implies that a driving force
for a change in the morphology is available, but gives no indication of the scale of
the morphology which will appear. Experimental observation shows that the initial
form of the new morphology is approximately sinusoidal. Perturbation analysis
perinits the calculation of the wavelength of the instabilities which develop. The

result is of great importance in the theory of dendrite and eutectic growth.
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Firstly, it is assumed for simplicity that the purely mathematical perturbations (see
figure 3.6), which have an infinitesimal amplitude, do not affect the thermal or
solutal diffusion fields. The perturbed interface can be described by a simple sine

function:
z = €sinfwy] (3.18]

where € is the amplitude, and w(=27/\) is the wave number. The temperature, T*,
of the interface can be deduced from the assumption of local equilibrium:

T* = T + mC} - Ik (3.17]

f

the local interface composition and local interface curvature. Here, any temperature
difference needed to drive atomic processes has been neglected. This is a reasonable
assumption in the case of metals and other materials having a low entropy of fusion,
Taking just two points, at the tips(t) and depressions(d) of the interface and
caleulating the temperature difference gives:

T, -Tg=mC, -C)-TK -K (3.18)

d d)

The curvatures at tips and depressions which are not too accentuated can be
determined from the second derivative of the funetion which describes the interface

shape (equation 3.16) at y = A/4 and 3N /4

2
‘-’i{qf [3.19]

(Note that K has the opposite sign to that which arises from the mathematical

Kt =-Kd =

definition - equation 1.4). Since it is assumed that the temperature and concentration
fields are unaffected by the presence of a very small perturbation, the temperature
and concentration differences between the tips and depressions can be found from the

gradients existing at the originally planar interface. Thus:

T, -Ty=2€G [3.20]

t

and

Ci-Cyh=12€0, [3.21]

t
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Substituting equations 3.19 to 3.21 into equation 3.18 leads to:

I ™
Aj= zw,\/ {3 [3.22]

where ¢ is the degree of constitutional undercooling as defined in equation 3.12. The
wavelength, )\i (given by equation 3.22), defines a critical perturbation which
matches both the thermal and solutal diffusion fields. In this case, the wave-form will
be stationary with respect to the unperturbed interface. That is, neither the tip nor
the depression will grow.

In order to obtain a relationship between the time dependence of € and )\, ohe can
simplify equation A6.3 by assuming that the solid solubility in the alloy is essentially
zero. Thus, K is approximately equal to zero and p is approximately equal to unity.
Moreover, the differences in the thermal gradients in the liquid and solid, and the

effect of latent heat, can be neglected:;

Ml

= ( HVGC) b - !D) w2’ -G + mGp) [3.23]

where €=d€/dt. This function (€/€ - A\) is plotted in figure 3.7 for an Al-Cu alloy,
and exhibits a characteristic meximum. At A values below the maximum, the
perturbations develop less quickly or disappear (€ <0) due to the effect of the high
curvature. At A values above the maximum, the perturbations develop less quickly
due teo diffusion limitations. The wavelength, )\i, deseribes the perturbed
morphology which is at the limit of stability (€ =0) under conditions of constitutional
undercooling. Upon setting equation 3.23 equal to zero and noting that the first of the
three terms on the right-hand-side of the equation is not zero, the second term gives,

L fa L

upon substituting for b (see list o

re F P T P U
1 SY MMbDO )T

A= o0
The third term gives:
wz‘F = ch -G=¢

or:

A= 21r\/—-lg

This is exactly the same as equation 3.22 which was derived above using a much

simpler method. The term, I/¢, is the ratio of the capillarity foree to the driving
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force for instability. If ¢ tends to zero (the limit of constitutional undereooling), the
minimum unstable wavelength approaches infinity. This is to be expeeted since, at
the limit, only the planar interface should be observed. On the other hand, far from

the limit of constitutional undercooling in the unstable regime:

G<<ch= _D' - [3-24]

. pl’
A =om Vat, (3.25]

The latter expression reveals that the wavelength of the unstable morphology is
proportional to the geometric mean of a diffusion length (D/V) and a capillarity
length {P/ATO)Q Inereasing D or F, and decreasing V or AT0 will increase the

minimum unstable wavelength.

160
!
ao} unstable 1
a0
© N
W
- 80 stable
-160 . .
1 10 102 10°

Alpm)

Figure 3.7@ RATE OF DEVELOPMENT OF A PERTURBATION AT A
CONSTITUTIONALLY UNDERCOOLED INTERFACE (Al-2wt%Cu, V=0.1mm/s,
G = 10K/mm). The parameter, €/€, describes the relative rate of development of
the amplitude of a small sinuscidal perturbation. At very short wavelengths, the
value of this parameter is negative due to curvature damping and the perturbation
will tend to disappear (figure 3.1b). At wavelengths of Aj and above, the
sinusoidal shape will become more accentuated (instability - figure 3.l1a). The
wavelength having the highest rate of development is likely to become dominant.
The reason for the tendency to stability at high A-values is the difficulty of

diffusional mass transfer over large distances. When the interface is completely

stable, the curve will remain below the €/€ =0 line for all wavelengths. This
implies disappearance of perturbations having any of these wavelengths
(appendix 6).
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EXERCISES

A solid/liquid interface becomes unstable when relation 3.1 (3.9) is obeyed in
the case of a pure metal (alloy). Show that relation 3.l is implied by

reiation 3.9. Discuss the differences.

Indicate why the constitutional undercocling criterion cannot yield the

wavelength of the perturbed interface resulting from instability.

Discuss the advantage of the Bridgman method (figure 1.4a), over

conventional casting processes (figure 1.4b), with respect to the control of

interface stability.
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3.4 -

3.5 -

3.6 -

3.7 -

3.8 -

3.9 -

3.10 -

Determine the phase diagram froin the information that the solute
distribution ahead of the planar solid/liquid interface of an Al-Cu alloy has
been found to be described by:

C,[wt%]=2(1 +10.86/0.14]exp[-Vz/D))
under steady-state conditions. 1t has also been determined that the interface
temperature is 624°, and it is known that the melting point of Al is 660°C.
Give the values of k, m, ATO, T, , and ACO.

What is the limit of stability, G/V, of the above alloy if it is given that
D=3x10 em?/s?

Calculate the heat-flux required to produce a value of G which is sufficient

to stabilise the planar front in question 3.5 at a growth rate, V, of 1 0em/h.

By analogy with figure 3.4, drew a diagram for k=>1 and discuss the
constitutional undercooling criterion for this situation. Point out differences

between this case and the case where k<1,

Calculate C¥, T*, and the minimum value of G required to stabilise the
planar interface of a Cu-10wt% Ni and an Fe-0.01wt%3 (see exercise 1.6)
alloy during directional growth at a rate of 0.0lmm/s. Plot the solute
concentration in the boundary layer existing in each case. (See appendix 12

for the data required.)

Determine the difference between the eritical G/Vreatio estimated
according to the constitutional undercooling criterion and that estimated
according to the Mullins-Sekerka criterion, for Al-2wt%Cu ealloy (see

appendix 6).

Calculate the ratio, )\m/)\i’ for conditions of high constitutional
undercooling and constant ¥V and G values. Here, )\m is the wavelength
which corresponds to the maximum in figure 3.7. MNote that b in
equation 3.23 is a function of w and, in appendix B, is defined as: b = (V/2D) +
'J{(V/ZD)Z + wZ]. tUUnder certain conditions, this can be simplified by

comparing the relative magnitudes of V/2D and w. In order to estimate the

value of , use equation 3.25. Doecs the value of )\m/)\i depend upon
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3.11 -

3.12 -

Imagine that an experiment is carried out, on the alloy of question 3.4, in
which the specimen is solidified using the Bridgman method with a
temperature gradient of G=10K/mm and is maintained at its limit of
stability until steady-state conditions are established. The growth rate is
then doubled without changing the value of G. Calculate the minimum, and

the most probable, wavelength which the resultant perturbation is likely to

have.

For the case of pure Al at an undercooling of 1K, determine the order of
magnitude of the radius of a growing sphere (R=7\i) at which the
spherical crystal will become unstable when growing in its undercooled melt.

Assume for the purpose of calculating G that the steady-state solution for
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CHAPTER FOUR

SOLIDIFICATION MICROSTRUCTURE:
CELLS AND DENDRITES

Nearly all of the solidification microstructures which can be exhibited by a pure
meteal or an alloy can be divided into two groups: single-phase primary crystals and
polyphase structures. The most important growth form, and the one to be discussed in
this chapter, is the tree-like primary crystal, i.e.the dendrite. Polyphase structures
{eutectics) will be described in the next chapter.

As shown in chapter 1, dendrites, eutectics, or combinations of these, make up the
grains of any metallic microstructure after solidification. The growth of both
morphologies can be described by analogous theoretical models, the development of

which comprises two steps:
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2 - choice of a criterion which permits the definitien

between the scale of the microstructure and the undercooling (in the case of

equiaxed growth), or the growth rate (in the case of directional growth)

With regard to the first part of the problem, it is necessary to determine an
expression for the heat- and/or solute- distribution and to take account of the effects
of capillarity. In the absence of a suitable non-equilibrium thermodynamic criterion,

step 2 above can be satisfied by using one of two alternative growth criteria. These

are:

1- growth at the extremum =~ i.e. at the maximum growth rate or minimum
undercooling. This assumption can be justified on the basis of non-equilibrium
thermodynamic concepts such as minimum entropy production.

ii - growth at the limit of morphological stability. In the case of dendrite growth,

use of this eriterion leads to better agreement between theory and experiment.

4.1 Constrained and Unconstrained Growth

The situation in which the heat flow 1is opposite to the growth direction
(i.e. directional or columnar solidification - figures 1.7a,c and 4.1a) is often referred
to as being constrained growth. That is, the rate of advance of the isotherms

constreins the dendrites (which in this situation are only found in alloy solidification)

to grow at a given velocity. This forces them to adopt the corresponding tip
undercooling. The grain boundaries are parallel to the primary dendrite axes {trunks)
end are continuous along the length of the solid. Each dendrite forms low-angle
boundaries with its neighbours end many tprunks, formed by repeated branching,
together make up one grain (figure 4.2).

When the heat flows from the ecrystal into the melt (equiaxed solidification -

figure 1.7b,d and 4.1c), the dendrites can grow freely, in pure materials and ualloys, as

rapidly as the imposed undercooling permits. The dendrites grow in a radial fashion
until they impinge upon dendrites originating from other nuclei, and the grain

boundaries form a continuous network throughout the solid (figure 1.9).
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In the ease of directional growth, most of the dendrites are ar :d parallel to eact
other and a characteristic trunk spacing ()\1) can be defined. In the case ol
equiaxed solidification, each dendrite forms a grain and the primary spacing, 7\], it
usually equal to the grain diameter. A secondary arm spacing, )\2, can be defince

for both columnar and equiaxed dendrites.

Figure 4.1: THERMAL FIELDS AND COOLING CURVES OF ALLOY DENDRITES.
The upper part of the figure corresponds to the lower pert of figure 1.7 witt
superimposed liquidus temperatures (broken lines). The case of directional
(columnar) growth is indicated in diagram (a) end that of equiaxed growth ir
diagram (c). If a thermocouple is placed at a fixed position in the melt anc
overgrown by the dendrites, different cooling curves will be recorded for
directional growth (b) and equiaxed growth (d). This difference is essentially due tc
nucleation in the case of equiaxed solidification. Due to microsegregatior
(chapter 6) some eutectic will usually form in the last stages of solidification (i.e
at Tg). Note that, in the case of directional growth, the crystals are in contac’
with the mould and heat will be conducted through them in a direction which i:
paralle] and opposite to that of their growth., Therefore, the melt is the hottes
part of the system. In the case of equiaxed growth, the heat produced by
solidification must be trensported through the melt. Thus, in this case, th
crystals are the hottest part and the heat flux, ¢, is radial and in the sam:
direction as that of growth. The local solidification time, tf, is the elapsed tim:
between the beginning and the end of solidification at a fixed point In the system
i.e. from the tip to the root of the dendrite.
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Figure 4.22 FORMATION OF COLUMNAR AND EQUIAXED DENDRITIC
MICROSTRUCTURES. Initial competition of crystals nucleated at random at the
mould wall, and their growth into the liquid, leads to grain selection. In cubic
metals, columnar grains having one [001] axis close to the heat flux direction
uitimately overgrow ihe others. Note thai, in this section, differences in the
rotation of the columnar grains about their growth axis is not wvisible. Large
orientation differences are accommodated at high-angle grain boundaries.
Branching of the dendrites leads to the creation of new trunks which are
crystallographically related to the initial primary trunk and form a grain. The
transition from columnar to eguiaxed growth occurs when the melt has lost its
superheat, becoming slightly undercooled, and detached dendrite arms growing in
the melt form a barrier ahead of the columnar zone. (Compare with figure 1.6.)

4.2 Morphology and Crystallography of Dendrites

Ihe formation of a dendrite begins with the breakdown of an unstable planar
l:;lidiliquid interface. Perturbations are amplified until a marked difference in
growth of the tips and depressions of the perturbed interface has occurred. As the tip
can also reject solute in the lateral direction, it will tend to grow more rapidly than a
depression, which tends to accumulate the excess solute rejected by the tips.
Therefore, the form of the perturbation is no longer sinusoidal, but adopts the form
af cells (figure 4.3). If the growth conditions are such as to lead to dendrite
formation, the cells will rapidly change to dendrites, which exhibit secondary arms
and crystallographically governed growth directions. Cell and primary dendrite
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spacings are much larger than the wavelength of the original perturbation which
initiates the corresponding growth morphology (figure 4.3). 1t is important to note
that cells can only appear during the directional growth of alloys. For instance, cells
can grow under conditions such as those indicated in figure }.7c. In other cases

(figures 1.7b,d), only dendrites will be observed. Figure 4.4 summarises the

: ] e
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Figure 4.3: BREAKDOWN OF A PLANE SOLID/LIQUID INTERFACE TO GIVE
CELLS., The development of perturbations at the constitutionally undercooled
solid/liquid interface is only a transient phenomenon. The tips of the perturbations
can readily reject solute while the depressed parts of the interfece accumulate
solute and advance much more slowly. (The effect is rather like pushing ones
flattened hend through a layer of sand in a direction which is parallel to the line
of the fingers - the sand piles up more rapidly between the splayed fingers than at
the finger tips.) The initial wavelength is too small for further rapid growth to
occur, and the final result is the formation of a cellular structure. Note that the
wavelength has approximately doubled between the initial perturbation and the
final cells. Also, the spacing between the cells is not constant. The initial cellular
morphology can adjust itself to give a more optimum growth form via the
cessation of growth of some cells (B) in order to decrease their number or by the
division of celis in order to increase the number present. The division of cells is
not shown here, but it resembles the change at point A, with two branches
continuing to grow. Furthermore, the larger centre cells(C) have slightly
perturbed surfaces and this suggests that, in the intercellular liquid, some driving
force remains for further morphological change which might possibly lead to
dendrite formation. When the driving force due to the temperasture gradient
dif ference is large, i.e. large constitutional undercooling, dendrites form instead
of the cells shown.

69



differences between cells, dendritic cells, and dendrites. Cells are usually
elhpsond—llke crystals which grow anti—parallel t0 the heat flux direetion. They grow
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ndereooling of the
corresponding planar interface. On the other hand, dendrites are ecrystalline forms
which grow far from the limit of stability of the plane front and adopt an orientation
which is as close as possible to the heat flux direction or opposite to it, but follows
one of the preferred growth exes. These directions are erystallographically
determined (table 4.1). Equiaxed dendrites grow along all of the available preferred
directions when the heat extraction is isotropie. In cubic crystals, the six [00]1] axes
form the trunks and therefore the erystal orientation ean easily be determined. In the
case of a directionally solidified dendritic monocrystal (e.g. a turblne blade), all of
the dendrites composing the monograin are aligned (figure 4.5), leading to improved

properties.

Flgure 4.4 CELLS, DENDRITIC CELLS, AND DENDRITES. During directional
growth in a positive temperature gradient, and only under those conditions, cells
can exist as a stable growth form (a). However, intercellular instability such as
that visible in figure 4.3 may lead to dendritic cell formation (b). The asymmetry
of the form may be caused by an asymmetry of the thermal field. Dendrites will
be particularly common in econventional castings and are characterised by growth
of the trunks and branches aslong preferred erystal orientations such as [001] in
cuble crystals (c). Due to the anisotropy of properties such as the solid/liquid
intérface energy and the growth kinetics, dendrites will grow in that preferred
erystallographic direction which is closest to the heat flow direetion, whereas
cells grow with their axes paralle] to the heat flow direction without regard to the
erystal orientation. In the above figure, all three of the morphologies have the
same crystallographic orientation.
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Structure Dendrite Orientation Example

face-centred cubic <100> Al

body-centred cubic <100> delta-Fe

body-centred tetragonal <110> Sn

hexagonal close-packed <1010> Ho0O (snow)
H <0001> Coy78mo

Figure 4.5: TRANSVERSE SECTION OF A MONOCRYSTALLINE GAS-TURBINE
BLADE. In an alloy, the last (interdendritie) liquid to solidify always hes a
dif ferent composition compared to that of the first crystals (dendrite trunks) to
form. Therefore, the dendritic structure can be revegled in a casting due to
variations in etehing behaviour. This is seen in the above transverse section of e
directionally solidified monoerystalline turbine blade. The orientation of the
dendrite trunks is parallel to the blade axis (and perpendicular tO the plane of this
section). The absence of high-angle grain boundaries improves the
high-temperature strength and fatigue behaviour of superalloy castings used in
jet-aircraft. The formation of such a monoerystal can be understood with the aid
of figure 4.2. During the initial steges of growth, when a columner zone has
progressed to some distance from a chill plate, the grains enter a restriction
placed in the path of the growing erystals. As a result, only one grain can continue
to grow and form the blade. This is the principle used in alloy single-crystal
casting. (Photograph - Pratt and Whitney).

If a single dendrite could be extracted from the columnar zone of a casting during
growth, it would resemble the one depicted schematicelly in figure 4.6. Behind a short
paraboloid tip region, which often constitutes less than 1% of the length of the whole
dendrite, perturbations appear on the initially smooth needle as in the case Of the
breakdown of a planar interface. These perturbations grow and form branches in the
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four [001] directions which are perpendicular to the trunk. If the primary spacing is
sufficiently great, these cell-like secondary branches will develop into dendritie-type
branches and lead to the formation of tertiary and higher-order arms. When the tips
of the branches encounter the diffusion field of the branches of the neighbouring
dendrite, they will stop growing and begin to ripen and thicken. Thus, the final
secondary spacing will be very different to the initial one. Compare the upper and
lower parts of figure 4.6. The final value of )\2 is largely determined by the
contact time between the branches and the liquid. This period is known as the local
solidification time, t¢, and is given by the time required for a thermocouple placed

at a fixed point to pass from the tip to the root of the growing dendrite (figure 4.1).

4.3 Diffusion Field at the Tip of a Needle-Like Crystal

The growth rate, as well as the dendrite morphology or spacing, are all largely
dependent upon the behaviour of the tip region. During the growth of the tip, either
heat (in the case of pure metals) or heat and solute (in alloys) are rejected
(figure 4.7). These diffusion processes are driven by gradients in the liquid, and the
latter are iIn turn due to differences in temperature (ATt) and concentration
(ATC) ahead of the growing crystal. The concentretion difference can be converted
into e liquidus temperature difference via the phase diagram, as shown in figure 3.4,
After adding the temperature difference, at the solid/liquid interface, caused by the

curvature of the tip (AT[_), the coupling condition (see figure A7.1) can be written:
AT = AT, + &T + AT, [4.1]

In this equation, the possibility of kinetie undercooling has been neglected. This is a
reasonable assumption in the case of materials, such as metals, which exhibit a low
entropy of melting.

The current state of knowledge concerning the equiaxed dendritic growth of pure

substances has been reviewed by Huang and Glieksman (1981). On the other hand, in
the theory of the equiaxed dendritic growth of elloys, the problem of coupled heat-
and mass-tpansport must be solved (Lipton et al}, 1984 - appendix8). In the case of the
directional growth of elloy dendrites, the situation is somewhat simpler because, due

to the imposed temperature gradient, the latent heat is transported through the solid
while solute is rejected ahesd of the tips. In this case, only mass diffusion need be
considered. This permits an approximate solution of the problem of alloy dendrite
growth in the ecolumnar zone. This case is of great practical importance and will be

considered here in greater detaii.
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Figure 4.6;: GROWING DENDRITE TIP AND DENDRITE ROOT IN COLUMNAR
GROWTH. Depending upon the directional growth conditions, the dendrite (from
the Greek, dendros =tree) will develop arms of various orders. A dendritiec form is
usually characterised in terms of the primary (dendrite trunk) spacing, )\1, and
the secondary (dendrite arm) spacing, 7\2. Tertiary arms are also often observed
close to the tip of the dendrite. 1t is important to note that the value of A;
measured in the solidified microstructure is the same as that existing during
growth, whereas the secondery spacing is enormously increased due to the long
contact time between the highly-curved, branched structure and the melt. The
ripening process not only modifies the initial wavelength of the secondary
perturbations, )\2', to give the spacing which is finally observed, )\2, but also
often causes dissolution of the tertiary or higher order arms. The two figures are
drawn at ithe same scale, refer t0 the same dendritie, and illustrate morphologies
which exist at the same time but which are widely separated along the trunk

length (by about 100Ay).
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Figure 4.7: CONCENTRATION AND TEMPERATURE F1ELDS OF DENDRITES.
These diagrams illustrate the heat and mass diffusion fields existing along the
dendrite axis, and correspond to various possible cases (figure 1.7 and table 3.1). In
pure substances (a,b), there is no solute rejection and dendrites can form only in
an undercooled melt. In the latter case(b), the heat rejection occurring during
growth sets up a negative temperature gradient ahead of the interface. This leads
to the establishment of the necessery conditions for the instability of thermal
dendrites. In the case of alloys (c,d), dendrites can form irrespective of the
temperature gradient if the interface is constitutionally unstable. If G is greater
than zero(ec), the latent heat is transported, together with the unjdirectional heat
flux, Into the solid. To a first approximation, therefore, solute rejection alone
needs to be considered in the case of directionally solidified (solutal) dendrites.
Equiexed dendrites in alloys (d) reject both solute and heat.

The rejection of solute changes the temperature of the solid/liquid interface at the
tip (figure 4.8). The ratio of the change in concentration at the tip, AC, to the
equilibrium concentration difference, AC* (=C¥ [1 -Kk]: length of the tie-line at the

temperature of the tip) is known as the supersaturation, ). This supersaturation (or
the related undercooling, aT'c) represents the driving or the diffusion of
solute at the dendrite tip in an alloy. In principal, when the supersaturation is equal
to zero the transformation rate will be zero. With increasing supersaturation, the

growth rate of the new phase (the solid) will increase(§). The rejection rate is

§ Similar arguments apply to thermal

dendrites, as shown in appendix 7.
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influenced by the shape of the tip and, at the same time, the form of the tip is
affected by the distribution of the rejected heat or solute. This interaction makes the

development of an exact theory extremely complex. However, to a [first

TCel [

Figure 4.8: SOLUTE REJECTION AT THE TIP OF AN ISOLATED CELL OR
DENDRITE, During directional solidification, where the isotherms move due to
the imposed heat flux, a needle-like crystal can grow more quickly than a flat
interface due to the more efficient solute redistribution: B-atoms rejected at the
interface of a thin needle can diffuse cutwards into a large volume of liquid. Thus,
the solutal diffusion boundary layer, (5c, of the needle is smaller than that of a
planar interface (Bc oc tip radius). Also, because the interface is not planar, the
solid formed does not have the same composition as the original liquid (as it does
gradient is imposed, as in directional solidification, heat is extracted through the
solid. If, furthermore, thermal diffusion is rapid (as in metals) the form of the
isotherms will be affected only slightly by the interface morphology. Thus, in the
case of directionally solidifying dendrites, only solute diffusion will be the
limiting factor. The growth temperature, T*, of the tip will define a solute
undereooling, ATe, or, via the phase diagram, the degree of supersaturation,
] = AC/AC*, The determination of £ as a function of the other parameters
requires the solution of the differential equation which describes the solute
distribution, The simplest solution is obtained when the tip morphology is supposed
to be hemispherical. Instead, the real form of the dendrite tip is closely
represented by a paraboloid of revolution.
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paraboloid of revolution as was suggested originally by Papapetrou(1935). The

mathematical solution of the diffusion problem for a paraboloid was derived by
Ivantsov (1947) who deduced the following relationship between the supersaturation,

ﬂ, the dendrite tip radius, R, and the growth rate, V:

Q= 1P [4.2]
where:

P) = Pexp(P)El(P) (4.3)
and the Péclet number, P = VR/2D = R/ 50. Here, is the exponential integral

E
1
function (equation A7.13b, figure Al.2). The form of the lvantsov function, IP), is

shown in figure A7.4, 1t is interesting to note that equation 4.3 can be approximated

by & continued fraction of the type (Abramowitz & Stegun, 1965)

p)=_ P

P+1

—
+
Y—

P+...

If only the first term is taken, one obtains:

p) =P [4.4]
and incantinn ~Af thic annrovimatian intn cqsnatinn 4.9 crivac
a0 INSeruCn Ol Urld appPirOalimiallon 1t eguauiQrn 3.2 gi1vVeo,

Q=p [4.5)

This is the simple solution obtained for the diffusion [field existing around a
hemispherical cap (equation A7.11), and will be used in the following discussion
because it permits a clearer insight into the physics of dendrite growth than does the
more complicated relationship of equation 4.3. Nevertheless, it should be kept in
mind that equation 4.3 or more complicated ones (Trivedi, 1970) can easily be used in
numerical calculations and this will then lead to more eXact solutions. Equation 4.5
simply states that the response of the system characterised by the Peéclet number is
proportional to the driving force defined by the supersaturation. Since P is the ralio
of the tip radius, R, to the diffusion length, 2D/V (figure A2.5), a large value of Q

leads to a diffusion length which is small in comparison with R.
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for an alioy dendrite (Ai-Zwt%Cu under directional solidification conditlons), as a

straight line at an angle of 45° in logarithmic coordinates. This indicates that, for a
given {J-value, R and V are not defined unambiguously. Thus, solution of the dif fusion
problem does not indicate whether the dendrite will grow quickly or slowly, but
merely relates the sharpness of the tip to its rate of propagation.

In this respect, it is often useful to use the analogy of a body moving through a fluid,
where blunt shapes have a higher hydrodynamic resistance. The diffusion boundary
layer around the tip is proportional to the tip radius. Because the gradient of C is
inversely proportional to the boundary layer thickness, a sharper tip has a steeper
gradient. A sharper tip can grow more rapidly because it can reject solute (or heat in
the case of a thermal dendrite) more efficiently; the flux being proportional to the
gradient. However, there is a limit, to the possible sharpness of the dendrite tip,
which is represented by the critical radius of nucleation, R° =r® (table 2.1). At r¢, the
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curvature and none remains to drive diffusive processes (figure 4.9).

4.4 Operating Point of the Needle Crystal - Tip Radius

The overall growth curve of a needle-like erystal, which reflects the sum of the
capillarity and diffusion effects, follows the solid curve in figure 4.9, and exhibits a
maximin elose to R% Until recently, this maximum, Re’ was considered te be the
radius at which the dendrite would actually grow, This so-called extremum criterion
permitted the establishment of an unique solution, to the otherwise indeterminate
growth prublem, by setting the first derivative of the equation of growth equal to
Zerlo.

Recently, iLanger and Miller-Krumbhaar (1977) have argued that a dendrite tip having
a small radius tends to increase its radius due to the development of side-branches
which interact with the tip. On the other hand, a large tip radius will tend to
decrease due to the development of instabilities. The result is a growth rate which is
assoclated with a tip having a size at the limit of stability. Thus, one can then

immediately deterinine the expected tip radius by setting:
K= N, [4.6]

where ?\i is the shortest wavelength perturbation which would cause the dendrite
tip to undergo morphological instability. To a first approximation, the wavelength of
the favoured perturbation at a planar interface can be used. It js described by

77



equation 3.22 and, for the condition G<mG  (which is true for dendrites) it is given

by equation 3.25;
)\i =2y b-s [4.7]

This wavelength is the geometric mean of a diffusion length, & (= D/V) and a capiliary
length, s(= Iy ATO). In figure 4.9, the value at which R is at the limit of
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Figure 4.9: UNOPTIMISED GROWTH RATE OF A HEMISPHERICAL NEEDLE
FOR ()= CONSTANT. For a hemispherical needle ecrystal, the solution of the
dif fusion equation shows that the supersaturation, Q, is equal to the ratio of the
tip radius to the diffusion boundary layer. This dimensionless ratic is known as the
Péclet number, P(=RV/2D). For a given supersaturation, the product, RV, is
therefore constant and means that either a dendrite with a small radius will grow
rapidly or one with a large radius will grow slowly (line at 45° in the figure). At
small R-values, the dif fusion limit is cut by the capillarity limit. The minimum
radius, RO, is given by the critical radius of nucleation, r®(table 2.1). A
maximum value of V therefcre exists. Because it was reasoned that the
fastest-growing dendrites would dominate steady-state growth, it was previously
assumed that the radius chosen by the real substance wouid be the one which gave
the highest growth rate (value at extremum, R = Re). However, experiment
indicates that the radius of curvature of the dendrite is approximately equal to
the lowest wavelength perturbation of the tip, which is close to )\i (figure 3.7).
This is referred to as growth at the limit of stability (R = Rg)-
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morphological stability is also indicated. It can be seen that this operating point is
situated some distance from the extremum, and leads to the prediction of larger
R-values. This prediction is consistent with experimental measurements. Since R_
is considerably greater than Re, the effect of curvature on the growth curve can beﬂ
neglected. (The point, R=?\i, is situated upon the fuliy diffusion-limited curve,
therefore AT[, in equation4.l is almost zero.) The curvature then eXerts its

influence only through the ?\i—value, via the capillary length. Figure 4.10 illustrates

how one obtains an unique solution by using the extremum criterion (dash-dot line) or
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V-R-relationship. The final result for constrained growth is given in figure 4.11 for
growth rates, V>Vc, i.e. above the limit of constitutional undercooling of the plane

front.
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Figure 4.10: GROWTH RATE AS A FUNCTION OF TIP RADIUS FOR QPTIMUM
GROWTH. In this figure, it is demonstrated how, using the optimisation ecriterion,
V=f{(Rg), the observed V-R-values are obtained as a function of . That is, for
a given value of V, a given value of R is found. The unoptimised growth rate, V, of
figure 4.9 is here shown as a function of the tip radius, R, for various
supersaturations, {23>{0y=(}). Two optimisation criteria are used here.
One 1s that tip growth occurs at the extremum (dotted line) and the other is that
it occurs at the limit of stability (solid line). The optimised curve deduced from
the stability eriterion (solid line) corresponds to a portion of the solid lines in
figure 4.11, where the coordinates have been inverted.
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In order to understand these relationships 1nore fully, the calculation

(Kurz & Fisher 1981) of the tip radius of a dendrite growing under conditions of

R(mm)

Vimm/s)

Figure 4,11: OPTIMISED DENDRITE TIP RADIUS AS A FUNCTION OF GROWTH
RATE. If it is assumed that, in directional solidification, growth occurs with a tip
radius which is equal to the minimum instability wavelength, )\-l, curves such as
those above can be generated. They indicate the magnitude of the dendrite tip
radius for a given growth rate. Here, the .2avy lines are given by the simple
model described in the text (equation 4.11), while the dotted lines are predicted by
a more detailed analysis (Trivedi, 1980). Note the marked effect of the
temperature gradient upon the radius of curvature at low growth rates
(constrained growth regime or cellular regime e.g. for G=0.1K/mm between
v=10% and V=10"9mm/s). A sufficiently high gradient, or a sufficiently low
growth rate (V,o.=GD/AT, will lead to the re-establishment of a planar
interface (i.e. a 'dendrite' with an infinite radius of curvature). The approximate
analysis does not quite succeed in showing this, because of the simplified
assumptions made. When the temperature gradient is less than, or equal to zero,
no cells are formed and the steep curves usually observed at low values of V do
not occur.
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directional solidification (8) will be developed in more detail. This is the solutal case

with an imposed temperature field, as in figures4.7 and 4.8. The minimum

wavelength of the instability of a planar interface is approximated by equation 3.22:

M=21T g—

Using equation 4.6 gives:
R =27 I [4.8]
Vs '

where ¢ = mG_, - G. From a flux balance, in the z-axis direction at the dendrite tip

(equation 3.6), and knowing that, from the phase diagram (figure 4.8):

o

cr = %N [4.9]

1
1 L Y]

el

(p = 1-k)}, one obtains for GC:

C
T o
Ge i4.10]

X
T<’ID‘

This leads, together with equation 4.8, to:

2DGRZ + g7 2DpI"
V= (4.11]
R3pG - 2R%pCm + 472 Rp

This cubi¢ equation, which relates R to V and G for various alloys, is valid only for an
isolated hemispherical-tip needle growing into supersaturated liquid. 1t is plotted in
figure 4.11 for various values of G, and indicates the existence of two different
regimes when G=>0. At growth rates close to Vc (steep part of the curves) where

mainiy cellular growth is found. Equation 4.11 can be simplified to give:

(X
o
o

mC.

G

R=g% + [4.12]

-
o

while, at rnediuin to high growth rates (dendritic regime), the corresponding

§ Note that directional solidification can be obtained by using a
Bridgman-type furnace (G and V independent) or by directional
casting (G and V coupled) - see exercise 1.9
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approximation to equation 4.11 is:

R=om of/<2L

n ‘\/ VI.( ATO

p—

.
—
X
=2

The degree of agreement with the more exact analysis (Trivedi[1980]) is reasonable
(figure 4.11).

The R-V relationship for isolated cells is therefore very different to that for isolated
dendrites. The tip concentration, which is important with regard to segregation, or
the tip
seen (figures 4.12 and 4.13) that cells grow with much higher tip concentrations, and
consequently lower tip temperatures, than those usually encountered for dendrites
(when V<10mm/s). This is easily understood if it is realised that growth at the limit

of stability infers that the condition proposed by Burden and Hunt (1974) is valid. That

is:

ATt=G-V—D

This equation expresses the fact that the cell tip, where ATt is used instead of the
ATo-value of a planar interface, is growing with a concentpation gradient which
corresponds to equality between G and mGe’ i.e. at the limit of constitutional

undercooling (equation 3.15).

- - 1
AT = 8T, = mCy(1 - l—pP)
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The rapidiy increasing tip concentration or decreasing tip temperature of dendrites at
very high growth rates is due to the dominant capillarity term at small values of R.
The error involved in using equation 4.5 is quite large in this case since P is greater
than unity. Use of the more exact solution (figure 4.13) indicates a less rapid decrease
in tip temperature at high growth rates. In table 4.2, some related variables for the
approximate solution of problems arising in the directional growth of dendrites are

given.
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Figure 4.12: INTERFACE CONCENTRATION OF A HEMISPHERICAL NEEDLE
IN DIRECTIONAL GROWTH. From the radius of curvature predicted by
figure 4.11, the associated interface concentration can be derived. The blunt cell
tips existing close to the limit of constitutional undercooling, V., cannot easily
dissipate the solute rejected there and the tip concentration will therefore be
higher than that ahead of a sharp dendrite tlp. If the temperature gradient is zero,
this will not occur as no cells are formed in this case. At very high growth rates,
the interface concentration in the liquid will agein increase to high values due to
the increase in supersaturation necessary to drive the process. Again, at very high
growth rates a crystal with a supersaturation of unity will grow which has the
same composition, Cq, 8s the alloy (the composition of the liquid is equal to
Co/k). Under these conditions, a planar solid/liquid interface will result as in
growth at low rates in a positive temperature gradient (grey regions). Note that
the composition of the solid is related to C¥*¥ via the distribution coefficient, k.
The latter becomes a function of V at growth rates of the order of 100mm/s or
above.
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The tip radius would not be so important if it did not influence other morphological
parameters of the cell or dendrite. The theory presented here is a useful
approximation in the case of isolated needles. Dendrites can be regarded as being
isolated crystals, at least at their tips, but the applicability of this assumption to
cellular growth is limited since cells always grow with their tips close together

(R= 7\1) and their diffusion fields overlap.

Vc |Ol’ G = 10-l

T (Co) 7= 7.- C’

646
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||
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Figure 4.13: INTERFACE TEMPERATURE OF A HEMISPHERICAL NEEDLE IN
DIRECTIONAL GROWTH. Use of the phase diagram and the assumption of the
existence of local equilibrium at the solid/liquid interface permit the calculation
of the temperature associated with the interface concentration (figure 4.12), At
high and low growth rates, the tip temperature reaches the solidus temperature.
In the low growth rate range, below the critical rate where the dendrite tip
temperature and solidus temperature are equal (grey area on the left-hand side),
the planar front is the more stable since it can grow at a higher temperature.
(This is another way of regarding the limit of constitutional undercooling). A

: 1 1: + i+ + Aa H A1) tha el e
similar argument applies at h lllsll growth rates. As in ugi.ii’e Geil 1y INC OPOKEN CUrVES

again indicate the more exact behaviour described by the relationship of Trivedi
(1980).
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4.5 Primary Spacing of Dendrites after Directional Growth

The primary arm spacing is an important characteristic of columnar dendrites and has
a marked effect on the mechanical properties. On the other hand, in equiaxed growth
the primary spacing does not play the same role and a more important parameter is
the distunce between the nuclei, or the grain size.

Returning to the priinary spacing in the columnar (directional) growth situation, it is

assumed that the cell or the dendrite envelope, representing the mean cross-section

of the trunk and branches, can be described approximately by an ellipse (figure 4.14).

The radius of curvature of the ellipse is given by:

b2
== .
o [4.14)
The seini-axis, b, is proportional to )\l, where the proportionality constant depends
upon the geometrical arrangement of the dendrites. A hexagonal arrangement is

assumed in figure 4.14, where the last liquid is assumed to solidify at the centre of

Figure 4.14: ESTIMA'TION OF THE PRIMARY SPACING IN DIRECTIONAL
SOLIDIFICATION. In practical applications, the dendrite tip radius is not as
important a parameter as the primary spacing since it is almost impossible to
measure it directly. In order to estimate the primary spacing, the dendrites are
imagined to be elliptical in shape. The length of the major half-axis, a, of the
ellipse is equal to AT'/G. Here, AT is the difference between the tip temperature
and the melting point of the last interdendritic liquid. The primary spacing, )\1,
which is proportional to the minor half-axis, b, can be determined from simple
geometrical considerations. The factor, 0.08, arises from the assumption that the
dendrite trunk arrangement is hexagonal.
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gravity of the equilateral triangle formed by three densely packed dendrites. This
assumption leads to b= 0.58)\1.
The semi-axis length, a, is given by the difference between the tip temperature and

the root temperature, divided by the mean temperature gradient in the mushy zone:

_ AT _ T* - T
a——_ B e
G G

where, due to miecrosegregation, TS' is often equal to the eutectic temperature if

an eutectic exists in the system (chapter 8). Therefore, it can be assumed that the tip
radius and the length of the interdendritic liquid zone together determine the primary
spacing, due to purely geometrical requirements. From equation 4.14, one has ?\l oc

V(Ra), and:

A= ' 3?}"“ [4.15]

Substituting for R from equation 4.12 or 4.13 into equation 4.15 leads to two different
spacing equations for cells or dendrites, where 7\1 is always directly related to AT'
(equation 4.15). Knowing that AT is strongly dependent upon the tip temperature, T*,
a sharp decrease in T* at low and high V (figure 4.13) should cause )\l to decrease
sharply as shown in figure 4.15. However, no firm experimental evidence exists to
show that this does in fact occur. Between these two limiting growth rates, cells will
follow a different relationship to that of dendrites. For the most important range of
dendritic growth, at medium to high V, the following equation can be obtained by
substituting equation 4.13 into equation 4.15 and assuming that, in this range,

e .
AT'=AT o

4.3(AT,DI)0.25

A =
k0.25y0.254/G

[4.16]

This equation indicates that a variation in the growth rate has a smaller effect upon

)\1 than does a change in the temperature gradient. As in directional growth, the

o moafta M o ~clerars kar,
15 1w, 1, 1D glvell LY.

T = -GV [4.17)

1t can be seen that )\l for dendrites will not obey a simple relationship such as the

ones often proposed in the literature e.g.:

A = KT"
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Although equation 4.16 gives only a gqualitative description of ?\l, due to the
simplified model used, it nevertheless indicates that G and V have a different
functional relationship to )\1; a conclusion which is also borne out by Hunt's
analysis (1379), Another interesting aspect of the present elliptic dendrite model is
that it permits the description of a planar, flattened cellular, elongated cellular, or

dendritic growth morphology (figure 4.15) with the use of only two geometrical

£ |
£
e |
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Figure 4.15: MORPHOLOGY, TIP RADIUS, AND SPACING OF CELLS AND
DENDRITES. According to the simple dendrite model, the tip radius decreases
from very large values at the limit of constitutional undercooling, V,, to small
values at high growth rates (as in figure 4.11). Over the same range, the primary
spacing starts at zero (piane interiace} crosses the R-V curve, and reaches zero
again at high growth rates. The corresponding interface structures are also shown
and vary from planar at growth rates less than Vg to blunt cells (R=\|/2) or
well-developed cells (R<Aj/2) and to dendrites which become finer and finer
until they disappear at very high growth rates to give a planar interface again.
Note that this behaviour of A} has been derived for isclated cells and
dendrites. In reality, the interaction of the diffusion fields at the tips will change
the relationship for cells at low growth rates.



parameters, a and b (§)-
Once the primary spacing is established, it will not change during, or after,

solidification. This is not so for the secondary arms, which undergo a ripening process.

4.6 Secondary Spacing after Directional or Equiaxed Growth

As seen from figure 4.6, the secondary arms start very close to the tips. They appear
initially as a sinusoidal perturbation of the paraboloid. As in the case of a planar
solid/liquid interface which becomes unstable (figure 4.3), these perturbations grow,
become cell-like, are sometimes eliminated by their neighbours, and a number of
them finally become real secondary dendrites growing perpendicularly to the primary
trunk (in the case of a cubic crystal). These secondary arms, with their higher-order
branches, grow and eliminate each other as long as their length is less than )\1/2.
Once the diffusion fields of their tips come into contact with those of the branches
growing from the neighbouring dendrites, they stop growing. A ripening process
causes the highly-branched arms to change with time into coarser, less branched, and
more widely-spaced ones (figures 4.6 and 4.16).

Careful inspection of the photographs in figure 4.16 suggests that one possible
mechanism for the coarsening process is the melting of thinner secondary arms and
an increase in the diameter of the thicker branches. This process is analogous to
Ostwald ripening of precipitates. The process is depicted schematically in the upper
diagram of figure 4.16. Each time that a thin secondary arm melts, the local spacing
is doubled. The driving force for the ripening process is the difference in chemical
potential of two crystals with different interfacial energies (i.e. different
curvatures). As in the ripening of precipitates, the spacing of the branches, A n? is

proportional to the cube root of time (equation A8,34):

_ 1/3
)\2 = 5.5 (Mty) [4.18]
with
I'bin €M)
L 7
M = Co [4.19]

§ Very recently, Trivedi (1984) has published another model for
Rl

measurements made by Somboonsok et al (1984).

and compared the predictions of the latter with
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mo,
where C, is often equal to C_.

The value of M can easily vary between 1 and 10. However, because its effect on

?\2 is only proportional to the cube root, the differences will be relatively small
when compared with the inevitable scatter to be expected in the measurements. Such

Figure 4.16: ESTABLISHMENT OF THE SECONDARY DENDRITE ARM SPACING
IN EQUIAXED SOLIDIFICATION. In contrast to the primary spacing, the
secondary dendrite arm spacing, as measured in the solidified metal, is largely
determined by annealing processes occurring during growth of the dendrites
{figure 4.6). Due to a ripening phenomenon, smaller {higher curvature) features
diseppear and 'feed' the growth of the elready larger features. The upper figures
illustrate the model assumed in calculating the effect of these changes, while the
lower photographs show equiaxed cyclohexane dendrites (a)just after
solidification, and (b)20min later. ln these photographs, the black areas
correspond to the solid phase and the white areas to the liquid phase. Note that
the primary spacing in an equiaxed structure is not well-defined and usually
corresponds to the mean grain diameter. [Photogrephs: K.A.Jeckson, J.D.Hunt,
D.R.Uhlmann, T.P.Seward: Transactions of the Metallurgical Society of AIME 236

(1966) 149]
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experimental results are presented (figure 4.17) for the secondary spacing in an
Al-4.5wt % Cu alloy.

Measurement‘s of the secondary spacing observed in directionally solidified or
equiaxed structures give some indication of the local solidification conditions, and
can be helpful when cooling eurves are unavailable.

In the case of directional solidification, the local solidification time is given by:
= AT.' = A_T' 4.2
YT T Gy 4.20]

When there is no eutectic reaection in the system, the determination of AT' might be

difficult. In chapter 6, it is shown that one can obtain an approximate value in this

situation.
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Figure 4.17: SECONDARY SPACING AS A FUNCTION OF SOLIDIFICATION
TIME. The best-fit curve to the experimental points for Al-4.5wt% Cu alloy over a
wide range of solidification conditions shows that the secondary spacing wvaries
approximately as the cube root of the local solidification time. The latter is
defined as the time during which each arm is in contact with liquid (figure 4.1),
and is therefore a function of the growth rate, the temperature gradient, and the
slloy composition. The secondary spacing is important since, together with )\l,
thns determmes the 5pacmg of prec:pltates or por051 ty and thus has a conslderable
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H.D.Bredy, M.C.Flemings: Transactions of the Metallurgical Society of AIME 236
(1966) 624},
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Figure 4.18; SCHEMATIC SUMMARY OF SINGLE-PHASE SOLIDIFICATION
MORPHOLOGIES. This diagram summarises the various microstructures which
can be obtained using a typical alloy, with a melting range (ATg) of 50K, when
the imposed temperature gradient, G, or growth rate, V, are varied. Provided that
a unidirectional heat flow is imposed, the product, GV, is equivalent to the cooling
rate, T, which controls the scale of the microstructures formed. The ratio, G/V,
largely determines the growth morphology. Moving from the lower left to the
upper right along the lines at 45° leads to a refinement of the structure without
changing the morphology (G/V = constant). Crossing these lines by passing from
the lower right to the upper left leads to changes in morphology {(from planar, to
cellular, to dendritic, growth), and the scale of the mlcrostructure remains
essentially the same (T =constant). The grey bands define the regions over which
one structure changes into another. The conditions required to produce
single—crystal turbine blades (figure 4.5) are those at the upper end of the thiek
vertical line (DS=directional solidification). Processes which produce perfect
single crystals, such as those required for semiconductor-grade silicon preparation
are found at the bottom of the same vertical line. (For single erystal growth, all
but one of the crystals initially present must be eliminated.) In & conventional
casting, the growth conditions change with time epproximately in the manner
indicated upon following the inclined arrow from right to left. Splat-cooling
conditions are found in the far upper-right region. At these rates, k will begin to

approach unity.
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Figure 4.18 summarises the main points considered in this chapter. Thus, for one

altoy, G and V are the main variables which determine the form and scale of the
microstructures found after solidification of a given alloy. Specifie G/V values (lines
and bands running from the bottom left to the upper right) represent a constancy of
microstructure (planar, cellular, columnar, and equiaxed dendritie). On the other
hand, the various G.V (=T) values (lines running from upper left to lower right)
indicate a constant scale for these structures (e.g. A 2). Thus, fine or coarse
dendrites can be produced when G and V ecan be changed independently (see the insets
in figure 4.18). Herein lays the value of the directional solidification (DS) method.
ent s as 1o have opti
as in the case of a turbine blade (figure 4.5). In a normal casting, G and V tend to be
interrelated via the heat flux and the thermal properties of the metal. In a casting,
therefore, only conditions close to the arrow in figure 4.18 can be exploited. When the
growth rate is below the limit of constitutional undercooling, Vc (equation 3.15),
plane front solidification is obtained and no solidification microstructure will
develop. Note, however, that solidification with a planar interface does not alone
ensure that a monocrystal will be obtained. To achieve this, elimination of all but one
grain is necessary.

In castings there arises another important fector which will not be considered here.
This is convective flow, which can markedly influence the transition from eolumnar
to equisxed dendritiec growth. Generally, the presence of strong conveetion will
decrease the length of the columnar dendritic zone and enhance equiaxed grain
formation. This is mainly due to the breaking-off of parts of dendrites, and has a
beneficial effeet upon the internal quality of castings. In the eontinuous casting of
steel, in particular, electromagnetic stirring has become a technologically important

means of controlling the solidification structures.
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4.1

4.2

4.3

4.4

4.5

4.6

4.7

4.8

EXERCISES

What will happen when the angle of the dendrite trunk axis in figure 4.4c is at
exactly 45° to the heat flow direction? Sketeh a portion of such a dendrite

growing under these conditions.

A microstructure such as that in figure 4.3 is being formed by directional

solidification. The material is cubic and the cube axis is 20° away from the

axis of the celis. What will happen when the growth rate is markedly
increased? (Consider the transition from cells to dendrites depicted in

figure 4.4)

What does monoerystalline mean in the case of figure 4.5 (no concentration
variation in the solid, absence of low-angle boundaries, absence of high-angle

boundaries)? Compare with the columnar zone of a casting (figure 4.2).

Design a mould which is suitable for the production of a dendritie

monocrystalline casting, e.g. a gas-turbine blade.

Sketch a sequence of transverse sections of a dendrite which illustrates the

region between the tip and the root of the dendrite in figure 4.6.

In appendix 7, the solution (equation A7.10) for solute diffusion around a
hemispherical needle erystal is developed. Derive the equivalent solution for

the case of heat diffusion (equation A7.12).

Imagine a dendrite tip which ehanges its radius during growth. What will
happen to the concentration field of this dendrite (figure4.8 where AT =
ATQ) as the tip becomes sharper and sharper at a given growth rate. Note
that AT = ATC + ATr in directional solidification. Sketeh the
concentration profile for the case where (a) AT > AT, (b) AT = AT,
() AT < AT[_. Which situation corresponds to the criticel nucleation radius?

Which dendrite grows and which melts?

Calculate the undercooling for the case of figure 4.9 which represents an
Al-2wt%Cu under directional solidification conditions. From the value of Ro

determine the Gibbs-Thomson parameter, I used.
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4.9

4.11

4.13

The unoptimised dendrite growth behaviour can be expressed as, V = f(R) (as in
figure 4.10) or as AT =g(R). Derive an equation for AT(R) on the basis of
equation A8.3. Indicate the range of R values within which diffusion or

capillarity is governing growth.

In figure 4.11, the results of Trivedi's more exaect model, based upon the
Ivantsov solution, for directionally solidifying dendrites are compared with
those of the simple model derived in the present text. The discrepancy
between them is large at low and high growth rates. At both extremes, the
Péclet number becomes large (P greater than unity). Discover which of the
simplifications made is responsible for the unrealistic predictions of the simple
model. (Consider the low-V part of the ecurve, where the dendrite tip changes

to a plane front, and make use of figure A7.4).

Calculate the tip temperature (tabie4.2Z) of a dendritic growth front in
Al-2%Cu alloy when V=0.Imm/s and G=10K/mm. Determine )\l, )\2,
and the length of the mushy zone, assuming that G is constant in that region
and the melting point of the last liquid is Te' What is the value of the ratio,

1 o
AT /ATO.
By using the lower limit, Coﬁc, instead of C;“ in equation 4.19, show how
7\2 varies with Co in a given alloy system. For many systems, this

simplification is realistie.

In an Al-5wt%Si alloy ecasting, measurements of temperature and

n‘\inr'ct:!' ructure oave tha racultc holaw Camnara thaca aliiag tn T
micerosirucuure gave e TESULLS  Delow. Lemparc wnes< Vaiucs 10 uiic
theoretical ones and estimate the cooling rate.

t¢(s) 7\2(;“11)

43 4] £ 3

330 g8l £13

615 93 +3

In experiments involving strong, uniform flow of the melt across the
solid/liquid interface (for example the electromagnetic stirring of steel during
continuous easting), it is observed that columnar dendrites are inelined in a
direction which is opposite to the flow direetion. How would you explain this
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4.15

observation? Consider the way in which the boundary layers around the

dendrite tip are changed. Would the same effect occur in pure metals?

stirring of the melt during solidification is an efficient method of promoting
the columnar-to-equiaxed transition in a casting. The reason for this transition
in stirred castings is that the melt becomes more rapidly cooled and, at the
same time, many dendrite branches are detached from the interface. With the
aid of figure 4.1, indicate the two limiting temperatures at which the melt

must be in order to make this transition possible.
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CHAPTER FIVE

SOLIDIFICATION MICROSTRUCTURE:
EUTECTIC AND PERITECTIC

As shown in chepter 4, the solid which forms during sclidification can adopt various
morphological forms, and these can be present in a wide range of sizes. Dendrites
make up the bulk of the microstructure of most alloys, but a number of important
eutectic alloys are also used in practice. Eutectic morphologies are characterised by
the simultaneous growth of two (or more) phases from the liguid.- Due to their
excellent casting behaviour, which is often similar to that of a pure metal, and the
advantageous composite properties exhibited by the solid, casting alloys are often of

near-eutectic composition.
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5.1 Regular and Irregular Eutectics

Due to the fact that they are composed of more than one phase, eutecties can exhibit
a wide variety of geometrical arrangements. With regard to the number of phases
present, as many as four phases have been observed to grow simultaneously. However,
the vast majority of technologically useful eutectic alloys are composed of two
phases. For this reason, only the latter type of eutectic will be considered here
{figure 5.1).

At high volume fractions of both phases (f=0.5), a situation which is encouraged by a
symmetrical phase diagram, there is a marked preference for the formation of
lamellar structures (e.g. Pb-8n). On the other hand, if one phase is present in a small
volume fraction, there is a tendency to the formation of fibres of that phase (e.g. Cr
in NiAl-Cr). As a rule of thumb, one can suppose that when the volume fraction of
one phase is between zero and 0.25, the eutectic will probably be fibrous, especially
if both phases are of non-faceted type. If it is between 0.25 and 0.50, the eutectic
will tend to be lamellar. If both phases possess a low entropy of fusion, the eutectic
will exhibit a regular morphology. Fibres will become faceted if one phase has a high
entropy of fusion or when interfaces having a minimum energy exist between the two
phases. When faceting occurs, the eutectic morphology often becomes irregular and
this is particularly true of the two eutectic alloys of greatest practical importance:
Fe-C (cast iron) and Al-Si (§).

The regularity of an eutectic has a marked effect upon its mechanieal properties, and
this becomes especially important when it is required to control the orientation of
the phases in order to obtain what are known as insitu composites. These are alloys
where, using a controlled heat flux (figure 1.4), the eutectic phases can be caused to
grow in a well-aligned manner. When the fibres are strong, as in the case of TaC in
Ni-TaC eutectic, a marked increase in the creep strength of the alloy is found.
Because eutectic alloys exhibit small interphase spacings which are typically one
tenth of the size of those of dendrite trunks under similar conditions of growth, a

large interfacial area exists between the two solid phases. For a lem cube, this area

§ Nodular graphite in cast iron is an exeception in
non-faceted/faceted growth. In this case, the graphite grows as
a primary faceted phase, together with austenite dendrites, and
there is no eutectic-like growth of both phases. Sueh a
behaviour has been called divorced growth. If both phases are
faceted, the types of coupled growth deseribed in the present
chapter are not observed.
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is of the order of lmz. Moreover, the specific energy of the interface is usually
high and increases with increasing dissimilarity of the phases. As a result, there is a

tendency for certain, lowest-energy, crystallographic orientations to develop between
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Figure 5.1: TYPES OF BINARY EUTECTIC MORPHOLOGY. Seen in transverse
cross-section, eutectic microstructures can be fibrous or lamellar, regular or
irregular. The condition is that one phase (here the white alpha-phase) must
always have a low entropy of fusion, so that ¢,<2. f both phases possess a low
entropy of fusion, their growth is easy on all crystallographic planes (chapter 2.3)
and the resultant structures are regular (non-faceted/non-faceted eutectic - upper
part of the above figure). When the low volume fraction phase possesses a high
entropy of melting, as do semiconductors and intermetallic compounds for
instance, the eutectics are of non-faceted/faceted iype and the microsiructures
are usualiy irregular. The important eutectic casting alloys, Fe-C and Al-Sj,
belong to the latter class {lower right of the figure). ln general, fibres are the
preferred growth form when a small volume fraction ol one phase is present,
especially in the case of non-faceted/non-faceted eutectics. This is so because,
for A = constant, the interface area, A, and therefore the total interface energy
attributed to the surfaces between the phases decreases with decreasing volume
fraction of the fibres (A o< \ffE), while the interface area is constant for
lamellae. The interface area of fibres is lower than that for lamellae at volume
fractions whieh are smaller than about 0.25. However, il the specific interface
energy between the two phases is very anisotropie, lamellae may also be formed
at a much lower volume fraction (as in Fe-C where f¢ = 0.07).
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the phases and thereby minimise the interfacial energy. This is also the reason why
graphite exposes a maximum extent of its (0001)planes to the iron in cast iron. This
can be done by the preferential formation of lamellae, even at a volume fraction as
low as 0.05. Extensive experimental studies have been made of the erystallography of
eutectic alloys and the results have been reviewed by Hogan, Kraft and Lemkey
(1971). Table 5.1 indicates the results for a number of systems. A list of most of the
eutectles studied by means of directional solidification as well as their properties can
be found in Kurz and Sahm (1975).

Table 5.1: CRYSTALLOGRAPHY OF EUTECTIC ALLOYS

Eutectic Growth Directions Parallel Interfaces
Ag-Cu [l}O}Ag, [llO}Cu (ZII)Ag’(ZII)Cu
Ni-NiMo (112} 45 (001} yipio (110) 35 (100) gimMo
Pb-Sn (211)p, (211)g, (11Dpy, (01Dg,
Ni-NiBe [llZ}Ni, [llO}NiBe (lll)Ni,(llo)NiBe
Al-AlSb [llo}Al, [211}Ale (lll)Al, (“l)Ale

5.2 Diffusion-Coupled Growth

In order to determine the growth behaviour of the two eutectic phases, the simplest
morphology for the solid/liquid interface will be assumed, i.e. that which exists
during the growth of a regular, lamellar eutectic. For this simple case, the probletn
can be treated in two dimensions and, for reasons of symmetry (appendix 2), only half
of a lamellae of each phase need be considered (figure 5.2). In this figure, the alloy is
imagined to be growing in a crucible whieh is being moved vertically downwards at
the rate, V'. In a steady-state thermal environment, this is equivalent to moving the
solid/liquid interface upwards at a rate, V=V'. The alloy of eutectic composition is
growing with its essentially isothermal interface at a small temperature difference
( AT = constant) below the equilibrium eutectie temperature, Te‘ The alpha- and
beta-phase interfaces are perpendicular to the solidfliquid interface and parallel to
the growth direction. In order to proceed further, it is necessary to Know more about

the mass transport involved. It can be seen from the phase diagram that the two solid
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phases are cl very dillerent composition, while the melt composition, Ce’ is
situated in between. Obviously, the mean composition of the solid is equal to the
composition of the melt. This makes it clear that eutectic growth is largely a
question of diffusive mass transport. Firstly, imagine that the two eutectic phases
are growing separately from the eutectic melt with a plane solid/liquid interface
(left-hand side of figure 5.3). During growth, the solid phases reject solute into the
liquid. Thus, the alpha-phase will reject B-atoms into the melt, while the beta-phase
will rejeet A-atoms. Note here that, expressed as atomic f{ractions,
CB=(1-CA). When the phases are supposed to be growing separately with a
plane front, solute transport must occur in the direction of growth. This involves
long-range diffusion and, in the steady-state, the solute distribution is described by
the exponential decay discussed in chapter 3, with a boundary layer, 6c=2D/V.
Such a long-range diffusion field will involve a very large solute build-up and a
correspondingly low {(much lower than Te) growth temperature at the interface.
Diuring steady-state growth, each phase would have the interface temperature
indicated by the corresponding metastable solidus line when extended as far as the
eutectic composition (see figure 3.4).

Imagining now that both phases are placed side-by-side and that the solid/liguid

Figure 5.2: PHASE DIAGRAM AND REGULAR EUTECTIC STRUCTURE. The
figure shows an eutectie phase diagram and a regular lamellar two-phase eutectic
morphology growing unidirectionally in a positive temperature gradient. The alpha
and beta lamellae grow side by side and are perpendicular to the solid/liquid
interface. The form of the junctions where the three phases (alpha, beta, liquid)
meet is determined by the condition of mechanical equilibrium. In order to drive
the growth front at a given rate, V, an undercooling, AT, is necessary. Due to the
perfection and symmetry of the reguiar structures, oniy a smali volume eiement
of width, A/2, need be considered in order to characterise the behaviour of the
whole interface under steady-state conditions.
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interfaces are at the same level (figure 5.3b). This situation is mueh more favourable
since the solute which is rejected by one phase is needed for the growth of the other.
Therefore, lateral diffusion along the solid/liquid interface, at right-angles to the
lamellae, will become dominant and lead to a huge decrease in the maximum solute
build-up at both phases. A periodie diffusion field will be established. The varying

melt composition at the interface will cause the liquidus temperature to vary along

Figure 5.3: EUTECTIC DIFFUSION FIELD, If it is imagined that the two eutectic
phases are growing from a melt of eutectic composition in separate, adjacent
containers (a), very large boundary layers, like that in figure 3.4, will be created.
If both phases are constitutionally underecooled, their solid/liquid interfaces will
break down to give dendrites, making solute rejection easier. If the two containers
are now brought together and the intervening wall is removed(b), extensive
lateral mixing will take place because of the concentration jump at the /3
interface. The large boundary layers of the planar interfaces of 'a' (approximately
equal to 2D/V) are replaced by a very limited layer whose thickness is

approximately equal to the phase separation, \. This marked change in the extent
of the boundary layer is due to the diffusion flux whieh is established at, and
parallel to, the eutectic solid/liquid interface and permits the rejection of solute
by one phase to be balanced by incorporation of the solute into the other phase
(diffusion coupling). The interface composition in the boundary layer oscillates, by
a very small amount, about the eutectie composition, and the amplitude of the
oscillation will decrease as A decreases, when V is constant. The lateral
concentration gradients create free energy gradients which exert a 'compressive'
force perpendicular to the alpha/beta interface and tend to decrease A. The
corresponding phase diagram has been placed next to the solid/liquid interface in
sueh a way that the local phase equilibria ean be determined. It can be seen that
the amplitude of the concentration variation at the solid/liquid interface is
proportional to a solute undercooling, ATg.
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the solid/liquid interface ol the corresponding phase. Because Ifhe maximum
concentration differences at the interface (compared to the eutectic composition)
are much smaller than in the case of single-phase growth, the temperature of the
growing interface will be close to the equilibrium ecutectic temperaturc. The
proximity of the lamellae, while making diffusion easier, also causes a departure,
from the equilibrium described by the phase diagram, due to capillarity effects
(figure 5.4).

Both effects, diffusion and capillarity, are considered together in figure 5.5. In
figure 5.5a, the diffusion paths at the interface are shown schematically. These are
most densely packed (higher flux) at points near to the interface. They rapidly
become less significant as the distance from the interface increases. The
characteristic decay distance for the lateral diffusion is of the order of one

interphase spacing, A . Note that the diffusion paths for the other species, in the
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Figure 5.4 CURVATURE EFFECTS AT THE EUTECTIC INTERFACE. The
diffusion field causes the A-value of the structure to be minimised, and this leads
to more rapid growth. There is an opposing effect which arises from the increased
energy associated with the increased curvature of the solid/liquid interface as A
decregses. The latter can be expressed in terms of a curvature undercooling,
ATp, which depresses the liquidus lines of the equilibrium phase diagram as
shown. The positive curvature of the solid phases in contact with the liquid arises
from the condition of mechanical equilibrium of the interface forces at the
three-phase junction {lower figure, see also appendix 3).
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Figure 5.5: EUTECTIC INTERFACE CONCENTRATION AND TEMPERATURE. If
one considers the concentration field shown on the right-hand-side of figure 5.3
more closely, it can be seen that the diffusion paths of componentB will be as
shown in diagram (a). The concentration in the liquid at the interface will vary as
in diagram (b). (Note that the eutectic composition is not necessarily found at the
junction of the two phases, and that Cpg=1-Cp). This sinusoidal
concentration variation decays rapidly over one interphase spacing, in the
direction perpendicular to the solid/liquid interface, as shown in figure 5.3. The
equilibrium between an attractive force arising from the diffusion field, and a
repulsive force between the eutectic lamellae arising from capillarity effects at
small A determines the eutectic spacing. The growing interface can be regarded
as being in a state of local thermodynamic equilibrium. This means that the
measurable temperature, Tg*, of the interface whieh is constant along the
solid/liquid interface (over ﬁ/z) corresponds to equilibrium at all points of the
interface. The latter is a function of the local concentration and curvature (c).
The sum of the solute (AT,) and curvature (AT,) underccolings must
therefore equal the interface undercooling, AT. A negative curvature, as shown
here at the centre of the beta lamells, is required when the solute undercooling,
AT,, is higher than AT. The discontinuity in the solute undercooling, as the
alpha/bete interface is crossed, is only a discontinuity in equilibrium temperature
and not a real temperature discontinuity.
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opposite direction, are analogous. According to the phase diegram, the sinuscidal
concentration variation at the solid/liquid interface (figure 5.5b) leads to a change in
the liquidus temperature of the melt in contact with the phases {(figure 5.5¢). The
points where the liquid composition, CB* is equal to Ce are exactly at the
cutectic temperature, while those points of the alphe-phase close to the alpha/beta
interfacc are at a higher liquidus temperature because the liquid in these regions has
a lower content of B, as determined by the lateral diffusion field. On the other hand,
the melt ahead of the beta-phase is always richer in A than is the equilibrium
eutectic composition. Therefore, its liquidus temperature is lower, compared to the
equilibrium euteetic temperature, and decreases with increasing values of CA'
(These relationships can be understood with the aid of the phase diagram - see
exercises 5.7 and 5.8).

In order to determine the solute distribution, the flux condition (appendix 2) must
first be applied. In the present calculation, it is assumed that the interface is planar
and that the sinusoidal concentration variation of figure 5.5b can be approximated by
using a saw-tooth waveform with amplitude, AC=(C? - CF) y and diffusion
distance, A/2. In this way, the concentration gradient in the liquid at the solid/liquid
interface is found to be: (dC/dy),_, = AC/(N/2) and the flux transporting atoms

from one solid phase to the other via the liquid is:

Iy = __ZD_.)?___C (5.1}

The rejected flux per unit solid/liquid interface area is equal to V(C:‘ - CS*), giving:
J. = VC(1 - k) [5.2}

This relationship holds for deviations of the melt concentration, AC, which are small
compared to C,, and Cf=C,- This is the case for many eutectics, where AC is
typicaliy of the order of 1%, and C is of the order of 50%.

Under steady-state conditions, the flux balance, Jt = J[,, can then be written:

AC_ . A (5.3}

which is, in fact, entirely analeogous to the previously presented equation for the
diffusional growth of a hemispherical needle. The left-hand-side of equation 5.3
corresponds to a supersaturation, while the right-hand-side is the Péclet number for

eutectic growth. Therefore, one can also write equation 5.3 in the form:

1 =p (5.4}
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growth can be used to determine a temperature difference (undercooling) from the
phase diagram, via the constant liquidus slopes, AC= ATc[l/('ma)+ l/mB},

leading, via equation 5.3, to a relationship of the form:
AT, = K, AV (5.5}

From equation 5.4 or 5.5, it can be seen that this problem is not completely solved
because, as in the case of dendritic growth, the above equations apply equally well to

a fine eutectic growing at high rates or a coarse eutectic growing at low rates.

5.3 Capillarity Effects

Returning to the periodic concentration variation existing ahead of the solid/liquid
interface (figure 5.5), it can be seen that the corresponding liquidus temperature
varies from values greater than Te, for certain regions of the alpha-phase, to
values below the actual interface temperature, Tq*. The difference (hatched region

in figure 5.5¢) has to be compensated by the local curvature in order to maintain local

t the interface. Thus,

1
WAL T A AT s AiiASy =it 1

conductivity and small dimensions of the phases:
AT = AT, + AT. =T, - Tq* = constant (§) (5.6}

A negative curvature {depression) may appear at the center of a lamella in order to
compensate for a very high local solute concentration which is often associated with
a large spacing, A.

At points close to the alpha/beta interface, another condition must be imposed. That
is, the alpha/beta interface energy, GO‘B’ at the three-phase junction, has to be
balanced by the sum of components of the «/t- and [3/tL-interface energies
(figure 5.4). The angles at the three-phase junction are thereby determined by
considerations of mechanical equilibrium (appendix 3).

The curvature of the alpha/liquid or beta/liquid interface, necessary to mateh the

engles at the three-phase junction, changes the equilibrium temperature by an

§ As in the case of directional dendrite growth, the thermal
underccoling is zero during directional eutectic growth because

heat is flowing into the solid (G>0).
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curvature over the alpha/liquid and beta/liquid interfaces (appendix 9), the effect of
capillerity can be related to a mean change in the liguidus temperature by

(equation 1.4):
at, = 'K
Because tie curvature, K, is proportional to 1/\:

KI
[( - 5-7

where K'is a constant. Use of equations 5.5 to 5.7 leads to the following relationships

for the solid/liquid interface undercooling:

AT = Ko Av + Kr (5.8}
A
Thus, a relationship is obtained which exhibits a maximum in the growth temperature
(equivalent to a minimum in AT) as a function of A (figure 5.6), where the growth
rate is imposed and ccnstant and AT is the dependent variable. Constant values of
the growth rate are typical of directional solidification. On the other hand, the
undercooling is imposed and constant in the initial stages of equiaxed solidification

and results in a maximum in the V-A-curve (figure 5.7).

5.4 Operating Range of Eutectics

Upon considering equation 5.8, it becomes clear that it is not uniquely determined
since AT is a function of the product, AV. Therefore, ancther equation is required in
order to determine the growth behaviour of an eutectic. This situation is analogous to
that existing in dendrite growth. In the case of dendrite growth, the assumption of
growth at the limit of morphological stability as the operating point has been found
to correspond well with the experimental results. In the case of eutectic growth, both
a point analogous to this one, and the extremum point, have been found to explain
various experimental results. Eutectie alloys which grow in a regular manner
(e.g. Pb-Sn) can be described well by the use of the extremum ecriterion. Using this

assumption, the first derivative of equation 5.8 is determined and set equal to zero:

d(aT) _ (5.9}
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Figure 5.6: CONTRIBUTIONS TO THE TOTAL UNDERCOOLING IN EUTECTIC
GROWTH. Using figure 3.5¢, a mean solute undercocling and & mean curvature
undercooling can be defined. Both undercoolings vary in opposite senses when the
spacing is changed; AT, increases linearly while AT,. decreases with
increasing spacing (b). Note that AT is measured downwards with respect to Te.
The sum of the contributions exhibits a minimum in AT or a maximum in T with
respect to A. At smaller spacings, eutectic growth Is controlled by capillarity
effects (AT[.>A'I‘c) At larger spacings, diffusion is the limiting process.

T ) S ~nt thaA +
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Ap increase in the growth rate increases the absolute value of the slope of the
AT, line, without influencing the AT, curve, and displaces the maximum of
the T-A curve to smaller spacings.

The condition that AT be a minimum implies, since AT = AG/ASf, that d(AG)/dA
= 0 and means that the driving force for spacing changes is zero. Insertion of the

corresponding wvalue of the spacing leads to the final result for growth at the

ex{remums:
A2y = Kr (5.10}
Kc
j“.‘-} = 2K Kg (5.11}
ATA = 2K, (5.12}

Equation 5.10 is illustrated in figure 5.8.
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The situation is more complex when irregular eutectics are considered. In this case,

the locel spacing corresponding to the extremum values can be found, but the mean
spacing is much larger (figure 5.8). Such large spacings can be explained by the
difficulty which this claess of eutectic experiences in branching. The latter is an
essential mechanism which permits the eutectic to adept its scale to the local growth
conditions and to approach the extremum point. If one of the phases does not easily
change direction during growth, and instead grows in a highly anisotropic manner
(e.g.the faceted phases, C and Si, in Fe- and Al-alloys respectively), due to its

atomic structure or planar defect growth mechanism, the lamellae of the phase must

diverge until one of them can branch. This behaviour can be understood with the aid
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Figure 5.7: OPTIMISATION OF THE EUTECTIC SPACING. A range of possible
spacings exists, each of which satisfies local equilibrium requirements. This
situation is described by the AT-V-A surface of this figure which form a valley
running from the ieft rear to the front right of the diagram. {The AT axis is
reversed here with respect to the equivalent diagram in figure 5.6b). It is seen
that if the growth rate is constrained (V=constant), as in directional
solidification, & minimum in the AT-A curve (e.g.at point A) is obtained,
corresponding to the maximum in the T-A of figure 5.6b. If AT is maintained
constant, as in equiaxed (isothermal) growth, the V-A curve exhibits a maximum
at point B for example, This curve for the plane-front growth of an eutectic is
analogous to that in figure 4.9 for dendrites, where R replaces A. The spacings
corresponding to A or to B are called 'extremum' or 'optimum' spacings and, in
regular eutectics, correspond closely to experimentelly determined values.
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of figure 5.9. When two adjacent lamellge are growing with the extremum spacing and
begin to diverge, the interface of the matrix will first become depressed because of
the consequent increase in solute concentration at its centre (lower middle of
figure 5.9). As the solute builds up more and more at the interface of the diverging
phases, the growth temperature must decrease because ATC increases. Finally, the
diverging phases will reach a spacing which is so large that even the low volume
fraction phase will exhibit depressions at its solid/liquid interface. Under these
conditions, the single lamella may branch into two. When a new lamella has been
ereated, it will usually diverge from the other one of the pair and tend to converge
towards other lamellae at the interface (figure 5.10). In this case, since the phase

separation is decreasing, the interface temperature will increase, due to the

A (HmM)

Figure 5.8: EUTECTIC AND EUTECTOID SPACINGS AS A FUNCTION OF
GROWTH RATE. If the optimum spacings (figure 5.7) are determined for a range
of growth rates (projection of the broken line on the A-V surface in figure 5.7),
curves such as the centre one above are found, where the spacing versus growth
rate relationship can be described by 2y = constant. The eutectoid
microstructure resembles that of the euteectic, as does its growth law, but
diffusion occurs only through solid phases. Thus, there is a tendency to decrease
the diffusion distances by decreasing the spacing, and the values of the latter are
therefore smaller than those of regular eutectics. Also, because of the relative
inefficiency of solid—state diffusion, interface diffusion can be very important in
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eutectic growth. Irregular eutectics, such as Fe-C and Al-Si, do not appear to
grow at the extremum, but rather at larger values of A.
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decreasing solute build-up, and eventually reach the maximum in temperature (or
minimum in undercooling). As the faceted phase cannot easily change its growth
direction, its growth will decrease the local spacing to a value below the extremum
value. However, smaller values will soon decrease the temperature appreciably due to
the steep slope of the curve in this region. As a result, any spacing smaller than the
extremum value will tend to be increased by the cessation of growth of one of the

neighbouring lamellae (a termination appears).

range of stable growth

r——

AT,

Figure 5.9: SPACING-CONTROLLING MECHANISMS IN IRREGULAR
EUTECTICS. This figure illustrates the interface morphologies obtained with
convergent and divergent growth of the minor faceted phase of an irregular
eutectic. In this case, the faceted phase cen grow only along a planer growth
defect (figure 2.10), making changes in the growth direction of the faceted phase,
and therefore in the spacing, very difficult. In convergent growth, the spacing will
decrease during growth, thereby increasing the curvature of both phases. This will
lead to the cessation of growth in that region because the interface temperature
drops at the left of the extremum, )\e, due to an increasing AT, value. In
divergent growth, the spacing becomes larger during growth, leading to inereased
sclute pile-up ahead of both phases. This leads to the formation of depressions in
the meajor phase at first (figure 5.5), and later in the minor phase. When the minor
phase becomes depressed at Ay, branching (formation of two lamelise from
one) is possible and the spacing will be decreased again. This leads to zig-zag
growth of the faceted phase between Ag and A,
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Figure 5.10: GROWTH OF IRREGULAR EUTECTICS. Difficulty in smoothly
changing the growth direction (stiffness) of certain faceted phases results in the
zig-zag growth structure described in figure 5.9. Here, the corresponding spacings
are defined as well as the non-isothermal character of the solid/liquid interface.
The resultant microstructures are irregular, and common examples are the two
eutectics, Fe-C and Al-Si, upon which most commercial casting alloys are based.

Thus, the range of stable eutectic growth is located between the extremum value,
Aor

difficulties will exploit the whole range and this explains their coarse spacing

and the branching spacing, A,. Only those eutectics with branching

(figure 5.8), large undercoolings, large spacing variations (=irregulerity), and
sensitivity to temperature gradient variations.

The branching point can be calculated by using a stability analysis which is analogous
to the criterion used in the case of dendritic growth. The main difficulty involved in
using this approach is the estimation of the concentration gradient at the

non-isothermal intarface hic hac hoan
non-isothermal Interface. has be
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(Fisher & Kurz, 1980).



5.5 Competitive Growth of Dendritic and Eutectic Phases

As shown in figure 5.11, binary eutectics can undergo two types of morphological
instability; single-phase or two-phase. The latter is analogous to the morphological
instability of a plenar single-phase interface (chapter 3) but, due to the very complex
behaviour involved, guantitative analysis is difficult. In general, it can be said that a
third alloying element which is similarly partitioned between both solid phases will
lead to two-phase instability and the appearance of cells or even eutectic dendrites
(figure 5.11b).

When the third element is incorporated preferentially into one phase, or during
off-eutectic growth of a pure binary eutectic, single-phase instability can occur and

result in the appearance of mixed structures, that is, dendrites of one phase and
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eutectlc solid/liquid interface can become unstable just as in the caSe of a
single-phase interface. Here, there are two different ways in which an instability
can develop; instability of one phase (8), or instability of both phases{(b). The
former leads to the appearance of dendrites of one phase (plus interdendritic
eutectic) and is mainly seen in off-eutectic alloys in binary systems.
Alternatively, & third (impurity) element may destabilise the morphology as a
whole because a long-range diffusion boundary layer is established ahead of the
composite solid/liquid interface. (Recall that the eutectic tie-line of a binary
system degenerates to an eutectic three-phase (L + o + 3) region in a ternary
system). This can lead to the appearance of two-phase eutectic cells or
dendrites (b).
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that, due to the long-range boundary layer built up ahead of the solid/liquid interface
in this case, one phase becomes heavily constitutionally undercooled. This can be
‘appreciated from the fact that, in an off-eutectic composition, the alloy liquidus is

always higher then the eutectic temperature (figure 5.12). That is, the corresponding
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Figure 5.12: COUPLED ZONE OF EUTECTICS. From consideration of the
equilibrium eutectic-type phase diagram alone, it might be thought that
microstructures consisting entirely of the eutectic can only be obtained at the
exact eutectic composition. In fact, due to the growth characteristics of dendrites
and eutectics, the latter can often grow more rapidly than the dendrites and
therefore outgrow them over a range of growth conditions. This occurs during
directional growth, in a Bridgman furnace for instance (figure l.4a), when the
dendrite tip temperature is low. This can happen at both low and high growth
rates (figure 4.13). The coupled zone (grey region} represents the growth
temperature/composition region where the eutectic grows more rapidly (or at a
lower undercooling) than dendrites of the alpha or beta phases. This zone,
corresponding to an entirely eutectic microstructure, may take the form of an
anvil, where the upper widening is detected in experiments carried out at low
growth rates and high temperature gradients, and the lower widening is found for
growth at high growth rates, corresponding to high undercoolings. Within the
coupled zone, an increased growth rate (decreased temperature) will destabilise
the solid/liquid interface due to the presence of impurities. This leads firstly to
the formation of two-phase cells and iater to the formation of two-phase
dendrites (figure 5.11b). Outside of the coupled zone, primary dendrites and
interdendritic eutectic will grow simultaneously (figure 5.11a).

3
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primary phase will be more highly undercooled and tend to grow faster than the
eutectic. This case is of considerable importance because the properties of a casting
can be appreciably impaired or enhanced when single-phase dendrites appear. Under
some circumstances, dendrites can be observed in alloys having an exactly eutectic
composition if the growth rate is sufficiently high. The reason for this behaviour is
qualitatively explained by figure 5.13. The undercooling of the eutectic interface as a
function of V is described by equation 5.11, while the undercooling of the dendrite
tips obeys an analogous relationship when the temperature gradient is equal to zero.
When growth occurs in a positive temperature gradient, the temperature-velocity
curve exhibits a maximum (figure 4.13) and the eutectie curve (which is usually
unaffected by G) may be cut at both high and low growth rates. When the dendrite
curve is below the eutectic curve, only eutectic will be observed. When the dendrite
curve is higher, both dendrites and eutectic are observed. If the undercoolings which
lead to entirely eutectic growth are determined for a range of compositions, they
make up what is known as the coupled zone. When the coupled zone is symmetrical

(figure 5.12), the eutectic morphology will obviously be obtained for eutectic

Co. G>0
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Figure 5.13: ORIGIN OF SKEWED COUPLED ZONES. Symmetrical coupled zones
(figure 5.12) are associated with regular eutectics and reflect the similar
undercoolings of the two primary dendrite types. When the eutectic is irregular,
the associated high undercoolings at high growth rates of the eutectic and the
faceted () primary f3-phase, compared to that of the non-faceted (nf) x-phase,
lead to the establishment of a skewed zone. The most important practical effect
of this is that a fully eutectic microstructure may not be obtained when an alloy
of eutectic composition is rapidly solidified. Because the zone is skewed towards
the phase which has growth problems (such as Si in the Al-Si system), it is
necessary to use a starting composition which is richer than Cg in the faceted
element in order to obtain dendrite-free eutectic microstructures.
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compositions at all growth rates (undercoolings). However, in the case of skewed

coupled zones, high growth rates may lead to the formation of alpha-dendrites even

on the betg-rich side of the eutectic composition. Such skewed zones are usually
associated with eutectics which contain one phase having anisotropic growth
characteristics. Thus, a skewed zone is normally associated with irregularity of the
eutectic morphology (e.g. Al-8i or Fe-C). These assumptions hold only for normal

growth conditions. In the case of rapid solidification processing (for example:

fibre-spinning, strip-casting, laser surface remelting), new phenomena may occur due
to the extremely high undercooling reached. These have been summarised in an

interesting paper by Boettinger(1982).

a-] :lp \

Figure 5.14: DIRECTIONAL PERITECTIC GROWTH. This is an important reaction
which ocecurs in steels, bronzes, and other alloys. It has been suggested that
conditions similar to those used in off-eutectic solidification might suppress
primary dendrite growth and lead to the formation of an eutectic-like
microstructure, at least over short distances. This has not been clearly
demonsirated, and the usual sequence of evenis is that primary dendrite trunks
form close to T and begin to react with the liquid to form (3-phase close to
Tp. Because this involves diffusion through the solid B—phase, the reaction is
very slow and is rarely completed before the remaining, un-reacted liquid
disappears or undergoes an eutectic reaction at Te (if there is an eutectic in the
phase diagram). Normal solidification conditions will tend to produce a
microstructure which consists of primary -dendrites, with a surface layer of
B-phase, separated by interdendritic O¢ + 8 eutectic. Dissolution of the
interdendritic peritectic phase by preferential chemical etehing reveals the form
of the dendrites (as on the cover of this bock).
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5.6 Peritectic Growth

In peritectic alloys, steady-state coupled growth, analogous to that of eutectics, is
theoretically impossible and hence similar, uniform, fine microstructures are
unknown. Some evidence exists which suggests that coupled growth may be possible
over short distances but, in general, dendrites of one phase are formed. At a point
behind the dendrite tip, partial reaction with the interdendritic liquid begins and
gives the peritectic phase (figure 5.14). The microstructure of these alloys is
therefore dendritic, with the peritectic phase, and possibly an eutectic phase,

forming the interdendritic precipitate {Glardon & Kurz, [1981]).
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- Spheroidal Graphite Cast Iron
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5.2

5.3

5.4

B.Lux: Cast Metal Research Journal 18 (1972) 25, 49

EXERCISES

Calculate the equilibrium volume fraction of carbon at Te in an Fe-C alloy

of eutectic composition.

Calculate, on purely geometrical grounds, the volume fraction at which fibrous
or lamellar structures have the lower total a/ﬁ interface energy. Assume that
the a/ﬁ' interface energy is isotropic and that the phase separation, A, is

equal and constant in both cases.

In figure 5.5b, the solute concentration in the liquid at the eutectic solid/liquid

interface (z = 0) is given. Draw an approximate C-y diagram for z = A.

In order to demonstrate the potential value of producing 'in-situ' composites

spE o Al ool Aridandia Sald oaler el PR PEGR Py
via Jdlircoiioial cuiclilc >0LgLIcalion, calcuiat

Y -

e
contained in a composite cube of side lem when A= lum.
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5.5

5.6

5.7

5.8

5.9

5.11

5.12

An eutectic stores part of the transformation energy in the form of a/ﬁ
interfaces (figure 5.4). By what amount, AT, will the melting point of a
iameilar eutectic with A = igm and O'aB-_- 5xi0 J/mm”~ be lowered? As
shown in appendix 12, the magnitude of as; is typically of the order of
lOGJ/mBK.

Find expressions for Kc and Kr {equation 5.8) for the simple case shown in

the main text, and derive the solutions for extremum growth.

Using the phase diagram, explain the apparent discontinuity of the liquidus

temperature, T, at the o/3-junction shown in figure 5.5¢c.

Draw analogous diagrams to those in figure 5.5 for the case where both phases
have a positive curvature, and for the case where both phases have depressions

at their centers.

It can be easily shown that, at least over one half-spacing of the eutectic
(figure 5.2), the solid/liquid interface of the eutectic must be very close to
isothermal: an enormous heat flux in the y-direction would be required in order
to change, even slightly, the interface temperature of the two phases. Using
the properties of Al (appendix 12), calculate this lateral heat flux, assuming
that AT, = 0.1K and that A= lum.

Experiments performed on eutectic Fe-Calloys reveal the following

7

relationship for the mean lamellar spacing, N: )\2V = 4x10° mm3/s.

Does this support the extremum criterion? Use equation A9.30.
Is an effect of G upon the spacing of regular eutectic microstructures at a
given growth rate to be expected? Explain your answer.

Draw a T-V diagram, similar to that in figure 5.13, for a symmetrical coupled

zohe under conditions where G>0.

Repeat exercise 5.12 for the case when G=0. Compare your results with

figure 5.12. (First study figure 4.13 in detail).
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Under constrained growth conditions (G>0) at low growth rates, coupled

eutectic growth without the appearance of dendrites is possible at off-eutectic
igure 5.12). Caleulate the limit of stability of a hypereutectic
Al-A12Cu(0) alloy containing 36wt%Cu at which 6O-dendrites plus eutectic
will appear as in figure 5.11a. (Hint: use the simple constitutional undercooling
criterion and replace ATO by T, - Te). To what line in figure 5.12 does

this situation correspond? What will happen if G is doubled?

From the growth equations for dendrites (when G=0) and eutectic: AT, =
Kg /V and oT, = K, /V, determine the limiting growth rate and

temperature of the coupled zone as a function of the composition. (Note that
both growth morphologies must grow at the same rate in order to exist
side-by-side under steady-state conditions. Assume that the constants, Kd
and Ke, are independent of the composition and that AT, and AT, are

defined as shown in the figure below.

Ce Co

Sketch the solid/liquid interface of a unidirectionally and dendritically
solidifying steel containing 0.2wt%C. Note that, due to the rapid solid-state
diffusion of carbon in &-Fe and Y-Fe, the liquid/solid and solid/solid
transformations closely follow the behaviour to be expected on the basis of the

equilibrium diagram.
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CHAPTER SIX

SOLUTE REDISTRIBUTION

It has been explained in some detail in chapter 3 that the solid/liquid interface rejects
solute into the liguid when the solubility of the solute element in the solid is smaller
than that in the liquid. In this case, the liguidus slope, m, is negative and the
distribution coefficient, k, is smaller than 1. On the other hand, m is positive and k is
greater than unity when the solubility is greater in the solid than in the liquid. In this

T S SETr T Asf e £ oy
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case, solu 1is leads to the creation of a
depleted zone ahead of the solid/liquid interface.

As far as metals growing under normal solidification conditions are concerned, local
equilibrium is assumed to hold at the solid/liquid interface. Then, at the interface,
the solid concentration is related to the liquid concentration by the equilibrium

distribut ion coefficient (equation 1.8):

LI ) aE 3
("S k(;"
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This compos. ] difference will always lead to concentration variations, in the
solidified alloy, which are known as segregation. Note that the solute distribution in
the liquid ahead of the solid/liquid interface leads to the appearance of the various
growth morphologies and the latter in turn determine the solute distribution in the
solid. Concentration differences over microscopic distances, interdendritic
precipitates and porosity are the result.

Because solute can be transported by diffusion or by convection {(or both), the
segregation pattern will be quite different depending upon the process invol\'red.
Convection can lead to the transport of mass over very large distances, compared to
those involved in diffusional processes, and may result in macrosegregation, that is,
compositional differences over distances equal to the size of a large casting. As
convection will not be treated in this book, for reasons outlined in the foreword,
attention will here be limited to microsegregation (§). The latter depends upon solute
diffusion in the ligquid and solid and is related to the dendrite shape and size.
Understanding of this phenomenon is the key to interpreting the influence of
solidification on the mechanical properties of cast products or welds. Furthermore,
microsegregation reveals the original microstructure of any solidified alloy via the
differences in etching tendency of regions of varying local composition.

In order to understand the segregation occurring at the scale of the dendrites, which
f th

halney

tha marn
v [olusifisite

description of the sclute distribution existing during directional solidification of a rod
of constant cross-section with a planar solid/liquid interface (figure 1.4). In this
special case, all of the changes occur in one dimension only and are therefore easier
to analyse. Once this case is fully understood, it will be possible to use the results to
study in a qualitative manner more complicated cases by imagining the changes
oceurring in small volume elements to be the same as those occurring during

directional solidification (figure 1.5).

6.1 Mass-Balance in Directional Solidification

In chapter3, the mass balance was treated only with respect to steady-state
conditions. 1In order to understand microsegregation it is also essential to consider the
initial and final transients. The first is required in order to establish the steady-state

& For an introduction to convection effects in solidification, the
reader is referred to the bibliography at the end of the chapter.
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as a limited region of the system which transports the solute miss{ng from the initial
transient in the solid where the concentration is below CO, and maintains constant
the overall composition of the system. This moving boundary layer disappears at the
end of solidification by 'depositing' its solute content in the final transient. Thus, the
mean composition of the solid is always the same as that of the liquid from which it
is formed. Account is not taken here of reactions with the crucible or vaporisation of

the alloy.

6.2 The Initial Transient

Figure 6.1 depicts in a schematic manner, the mechanism leading to the formation of
the boundary layer and the initial transient. The process is shown for a bar of
constant cross-section, A (appendix 10). When the first veolume element, Adz', has
solidified (where dz' is vanishingly small), the solute which has not been incorporated
into the sclid is equal to the incremental volume of the solid (Adz), multiplied by the
difference in composition between the liquid and the solid (Cf-CS*), which at Z'=0
is equal to C_-kC, . This mass, divided by the time necessary for the advance of
the interface by dz', leads to a solute flow at the interface where V =dz'/dt

{equation 3.4):
Jl = AVC:‘(I - k)

This flow leads to the ecreation of a pile-up at the interface and leads to the
establishment of a concentration gradient, and diffusional flow into the liquid

adjacent to the interface:
Jg = -ADG, = AV(C} - C,) (6.1}
Note that G, = (CF- CO)V/D (appendix 2). The difference between the two flows,

J,, due to the creation of solid and J,, due to diffusion in the liquid, gives the

approximate variation in mean solute accumulation in a boundary layer of thickness,

8ot
J) ~dg = (g%_) Oc {6.2]
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Figure 6.1: INITIAL AND TERMINAL TRANSIENTS. During directional
solidification with a planar solid/liquid interface, in an apparatus such as the
Bridgman furnace (figure 1.4), the establishment of a steady-state boundary layer
requires a distance of growth which corresponds to the length of the initial
transient. This distance increases with decreasing growth prate. Within this
transient, the concentration of the liquid at the interface increases from Cg, to
Co/k. With respect to the phase diagram (assuming the existence of local
equilibrium), this means that the first solid to freeze has the composition, kCgq
and reaches the composition, C, and the interface temperature, Tg,
corresponding to composition, C, at the steady-state. At the steady-state, the
flux due to the interface advance (which arises from the difference in liquid and
solid solubilities) is equal to the diffusional flux due to the concentration gradient
at the solid/liquid boundary. In this case, the exponential decay described in
chaptier 3 is the exact solution. Finally, when the boundary layer becomes equal to
the length of the remaining liquid region, diffusion into the liquid phase is
hindered by the system boundary (the concentration gradient must be zero at the
end of the crucible). Thus, the concentration in the liquid at the solid/liquid
interface begins to increase to a value which is greater than C,/k, and the solid
concentration therefore becomes greater than C, and a terminal transient is
created. In order to maintain the conservation of mass, the surface area of the
grey region below Cg must be equal to the grey area above C,. Note that the
lengths of the initial and terminal transients are unequal. These concentration
variations can be a major problem in solidification processes and are known as
segregation. The same phenomenon is usefully exploited in 'zone-refining', where
the depleted (purer) part of the rod of used.
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This leads to a differential equation which, upon integration, gives (appendix 10):

Cf =(50) (1 -1 - Wexp(- X&) [6.3)

As shown in figure 6.1, the initial transient exists until the increasing flow, gy
{proportional to Ci“) becomes equal to the initially smaller, but more rapidly
increasing flow, J, (proportional to G,). Figure 6.2 shows equation6.3, for the
solid composition, plotted as a function of the dimensionless distance. This permits an
estimation of the length which must solidify before the steady-state is reached. Note
that in alloys with small values of k, solidifying at low rates, a large distance may be
required. For example, if k is equal to 0.1, V is equal to 10_3mm/s, and D is
5x10_3mm2/s, the characteristic distance required to establish a steady-state
planar interface having 82% of the theoretical concentration is of the order of

100mm!

c¥ico

Vkz'/D

Figure 6.2z LENGTH OF THE INITIAL TRANSIENT FOR A PLANAR
SOLID/LIQUID INTERFACE. In many solidification experiments, it is important
to ensure that the steady-state has been reached. This is because nearly all of the
theoretical analyses of the microstructures formed assume time-independent
conditions in order to simpiify the analysis. The diagram illustrates the length of
the initial transient of figure 6.1 for typical values, of distribution coefficients,
less than unity. A safe rule-of-thumb is that the distance of interface travel
required for the establishment of the steady-state is 4D/Vk.
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This is an impoertant factor to bear in mind when applying steady-state theory to

experiments involving a plane interface. Equation 6.3 is only an approXimate, but
et al(1955). In the case of dendritic growth, the steady-state is reached much faster.

A practieal indication of the establishment of the steady-state in this case is the

appearance of a uniform microstructure in longitudinal sections of the solidified ingot.

6.3 The Steady State

The steady state is established when dC#¥*/dt = 0. Then:
L

Jl = J2 (6.4]
and:

CL* - Co

—— = l [6.5]

cr1-xl

which is equivalent to Qc = 1. In other words, the planar solid/liquid interface
grows at the solidus temperature corresponding to the alloy composition. The
concentration of the melt then decreases exponentially as a function of distance, z

(equation 3.2):

VZ]

C,- Co = ACqexpl- -

i

forming a diffusion boundary layer with the characteristic length, 5c=2D/V and a

concentration gradient at the interface, Gc = ACOV/D.

6.4 The Final Transient
When the boundary layer becomes comparable to the length of the remaining liquid
zone, interaction with the boundary of the system begins to occur (figure 6.1). The

end of the liquid zone can be regarded as being a perfectly impermeable wall which

imposes a zero flux condition at that point:
dC -
(G5 )2'=L =0 {6.61
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This is equivalent to saying that the flow into the liquid decreases and therefore the
coneentration increases as shown in figure 6.1. 1f it is imagined that the end of the
specimen is acting as a source with a strength equal to the flow which would leave
this boundary if it were permeable, equation6.6 is satisfied and the final
concentration profile can be found by superposition of symmetric sources. This
method leads to a series giving C} as a function of the final liquid length, 1

(appendix 10).

6.5 Rapid Diffusion in the Liquid - Small Systems

The analysis of the solute distribution becomes much simpler when it is assumed that
diffusion in the liquid is sufficiently rapid to avoid the establishment of any
concentration gradient ahead of the solid/liquid interface. This is a reasonable
assumption to make in the case of very high diffusion coefficients in the liquid,
strong convection, and/or a very small system size, L, compared to the boundary
layer thickness. Considering only the case of diffusion, no concentration gradient will
exist in the liquid when the diffusion boundary layer is much greater than the system

size:

6. = 22 5 |, (6.7}
(44 V .

This is so because then the insulating effect of the end of the specimen will smooth
out any concentration gradient. Under these conditions, the most general treatment
involves a combined approach {appendix 11). Figure 6.3 shows the corresponding
concentration profile. Here, the boundary layer in the solid, 55, due to back
diffusion, will take a value between zero and infinity depending upon the value of the
diffusion coefficient in the solid. With the relative interface position,
S/L=fs=(l -f;), the mass balance, A, = A, + A, can be written, to a

first-order approximation:

8s
2

(C"_ CS#)dfs = deCL * dCS* EE-S]

where C; =CF. Assuming that the interface position, s, is a parabolic function of

time(§), and integrating (appendix 11) gives:

§ This function gives a consistent solution to the problem. This
is not the case when one assumes a linear relationship between
s and t.

127



Figure 6.3: SEGREGATION WITH COMPLETE L1QUID MIXING AND SOME
SOLID-STATE DIFFUSIO N. When mass transport in the liquid is very rapid, due to
the effect of convection, the diffusion boundary layer will be greatly reduced and
contain only a small amount of excess solute, the difference being redistributed
evenly over the entire volume of liquid. In this case, there will be an interaction
with the far end of the crucible during the whole solidifieation process, and the
entire solute distribution will essentially be a long terminal transient beginning at
the solid conecentration, Cpok. This behaviour is deseribed by the 'Scheil' equation
and predicts an infinite concentration at the end of solidification. In practice,
eutectic solidiflication usually intervenes. In order to obtain a more realistic
description of the concentration profile at this point, solid-state baek dif fusion
must be taken into account, especially in the final stages of solidification where 2’
approaches L. Here, the concentration gradient in the sclid becomes very large.
This can be done by using a simple mass balance. Thus, the solute rejected from
the solid (represented by surface A}) over the distance, dz', will partially
increase the uniform liquid concentration by dC,(surface Ay), and this in turn
will increase the interface concentration and the associated concentrution
gradient in the solid, and therefore the flux into the solid (surface Aj). Mass
conservation requires that the sum of the quantities described by the three
surfaces must be zero. If diffusion in the solid is very rapid (e.g. C in delta-Fe),
the boundary layer, Jg, in the solid will be very large. In the limit, due to
interaction with the initial boundary of the system (z'=0), the concentration
gradient in the solid will be decreased, leading, for the extreme case of infinitely
rapid back-diffusion, to edquilibrium solidification (lever-rule). In this case, an
homogeneous solid, with composition C,, will result after the completion of
solidification. The extent of back diffusion will depend on a dimensionless
parameter, ¢, which can be regarded as describing the ratio of the diffusion
boundary layer in the solid, Js, to the size of the system, L.
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Ct - (1 - -p/u X
ci’, (1 -ufg) (6.9}

where u=1-20'%, p=1-k, and Cs* can be obtained directly from Cg* =kC,. The

parameter, ', can be calculated from:

= N BN o
o' = afl - exp(-gg)) - 0.5 exp( T ) [6.10]
where the dimensionless dif fusion time (Fourier number) is
Dgtf
o= (6.11]
.2

8 (fiour
0.5 {tigur

o

All.9).
11.3).

Substituting these limiting values of ' into equation 6.9 leads to two well-known

equations. When « is equal to zero, &' is also equal to zero (no solid-state diffusion

takes place) and:

[6.12]

010
o =
f

1 =

L

I
F"\r I —_
i)

This is known as the 'Scheil equation'.
On the other hand, when « approches infinity, (' becomes equal to 0.5 and this

implies that solidification will oecur under equilibrium conditions. That is, solid-state
back—diffusion is so rapid or the solid-state diffusion boundary layer, 55, is much
greater than I, that, as in the case of the liquid, the insulating effect of the solid
specimen end also smoothes out any concentration gradient in the solid. This case is

described by the 'lever rule':

%‘; = l_:l_[;fs [6.13)
Figure 6.4 illustrates the behaviour of equation 6.9 for an Al-Z2%Cu alloy, including
the limiting cases described by equations 6.12 and 6.13. 1t is evident that the Scheil
equation is a very poor approximation with regard to the final liquid composition,
since the maximum ligquid concentration, C[“, is infinite. On the other hand,
equilibrium solidification according to the lever-rule case, which leads to a f[inal
liquid concentration, C["=Colk, is again unrealistic for most solutes because of
their low solid-state diffusivity. However, there are very important exceptions such

as those of interstitial solutes, especially in open crystal structures and small systems

{(e.g. interdendritic segregation of C in delta-Fe). The latter dif fusion coefficient is
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so high that a-values greater than 100 are found. Knowledge of the value of C[" also
permits the temperature of the remaining liguid to be calculated from the phase

30 ” —_—— . — o
k = 0.14
a' = OK‘_- "
{Scheil) C‘”' (a'= 0.2)
20+
— a'=0 2
-3
..;. ] &' 0.5
- (lever)
© 40
Co
o) 0.2 0.4 0.6 0.8 1
fs

Figure 6.4: SEGREGATION CURVES IN THE PRESENCE OF BACK DIFFUSION.
The composition of the liguid (assumed to be homogeneous as in figure 6.3)
increases at the end of the specimen. Under lever-rule conditions, the increase is
from C, to Cy/K, while the Scheil equation predicts an increase from Cq to
infinity. All of the intermediate cases can be described by one relaticnship
(eguation 6.9) which contains a modified cx-parameter, &', which can take values
between 0 and 0.5. Note that the curve represents the path of the interface
concentration, C¥, as a function of fg. The final solute distribution profile in
the solid cannot be determined in this way because it changes with time when
o>0. Therefore, only the end concentration (fg=1) represents a measurable
value.

6.6 Microsegregation

So far, solute distributions have only been considered for the case of relatively large
systems under directional solidification involving planar solid/liquid interfaces
(figure 6.2). Because of the simplicity of such a unidirectional system and the
approximations made, the equations derived are simple. The situation becomes

extremely complex when the previously used approaches are applied to dendritic
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solidification. Large simplifications must therefore be made in orde. (0 make such

problems tractable,
Fiirstly, the case o
considered (figure 6.6). The mushy zone, of length &, is defined as the region within

which liquid and solid coexist at various temperatures corresponding to the different
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concentrations due to solute redistribution. The zone length, a, is proportional to the
non-equilibrium solidification range, AT', which is usually larger than the equilibrium
melting range, ATO (figure 6.5).

In order to apply a mass balance, it is necessary to simplify the dendrite form in two
respects. Firstly, it is assumed that there are no side-branches and, secondly, that the
dendrite is plate-like rather than needle-like. 1t is now assumed that 'directional
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Figure 6.5¢ RELATIONSHIP OF THE SEGREGATE FREEZING POINT TO THE
PHASE DIAGRAM. An increasing concentration (for distribution coefficients less
than unity) is associated with a decreasing liquidus temperature since the siope,
m, is then less than zero. Using the curves of figure 6.4, the temperature of the
liquid as a function of volume fraction solidified can be derived. The use of
realistic diffusion coefficients shows that, for small systems ({(such as
interdendritic regions - figure 6.6) interstitial C in delta~ and gamma-Fe will
behave according to the lever-rule. Hence, the last liquid of a binary Fe-C melt
will solidify at a temperature close to the solidus while substitutional alloys, such
as Al-Cu, which typically have much smaller solid-state diffusion coefficients will
usually contain eutectic material in the last (interdendritic) regions to solidify
even when the overall composition is less than the solubility limit at Te.
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solidification' is occurring in an infinitesimally narrow volume element between, and
perpendicular to, two dendrites (figure 6.6). All of the relations which were developed
before can now be applied in an approximate manner to the interdendritic region,

where the solidification time, tes is {(equation 4.20):

¢ = - AT
=77
where the negative sign arises due to the negative value of T, the cooling rate. The
length of the volume element is then, L= )\1/2, and AT'-—-m(Ci"-C{n), where
Ci“ corresponds to the composition of the last ligquid. Substituting these values into

equation 6.11 gives:

E—

)\1/2

)

Figure 6.6: CHARACTERISTICS OF THE MUSHY ZONE IN COLUMNAR
GROWTH. Applying the macroscopic directional solidification system of figure 6.3
to the cellular structure of a casting, it becomes a small volume element which
solidifies at right-angles to the growth axis of the alloy. An increase in the
concentration or a decrease in the liquidus temperature of the remaining liquid
shown before can thus alsc be applied qualitatively to the mushy zone of a
casting. Here, fg is now the local volume fraction of solid in the two-phase
region with z'=0 at the centre of the cell trunk (corresponding to the position of
the infinitely narrow volume element at the cell tip where fg=0) and
Z'=L= )\1/2 at the last interdendritic liquid (corresponding to the position of
the volume element at the cell root with fg=1). In the case of dendrite growth
with secondary branching, the characteristic back-dif fusion distance is not
\|/2 as in cells, but instead, Ag/2.
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4Dgm(CF - CM)
AT .
Under most conditions the dendrite tip concentration, Cz‘ is very close to C0 while
C[" depends markedly on ¢, and can be obtained from egquation6.9 with fs=1.

e
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e
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Thus:

C'L" co(z a'k)‘p"“ (6.15]

Considering now the dendrite form of figure 6.7, the back diffusion process, which is
most marked at the end, will occur principally between the secondary arms and not
between the primary trunks. Therefore, except in the case of cellular growth, where

)\1 is the characteristic spacing, )\2 would be the appropriate dimension for
most castings. This dimension is also important in equiaxed solidification, which is

always dendritic in nature. 1t is known that (equation 4.18)
= 1/3
Ay = 5.5 (Mtg)

So that the C¢-value for dendrites is deduced to be:

0= 0.13 D a3y 208 g 71/3 (6.16])

where M is defined by equation4.19. Because AT' depends on «, and this in turn

depends on AT', the calculations have to be performed in an iterative manner,

el G e L AP ~ £lmeat . ~ s . P
UL ILULIg 00 1Q a 1iiot QpPpPLuAlLIII OtV O Cdll aldo

substitute for AT'= ATO, leading to a constant value for the ripening parameter:

ha Imits T™ = AT
= 4l

£om & H +3ial AT
1 i injiial FAN§

[s])

-2I'D In k) (6.17]

M = —
ATp

When C[n is greater than Ce, precipitation of the eutectic will generally occur
and its volume fraction, fe’ can be calculated using equation 6.9, knowing that fe

=] - fs (for Cl=Ce). This shows that:

fez(%)[u— 1 +(go u/p (6.18]
e

In multicomponent systems, the 'path of solidification’ is more eomplicated due to the
greater number of variables. In appendix 11, an example of such a situation is given

for a ternary system. Futhermore, the practically important case of post-diffusion
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homogenisation of interdendritic segregation is also treated. These equations permit
an estimation of the degree of microsegregation existing after cooling a casting to
room temperature and also of the time required to reach a certain degree of
homogenisation during a given heat-treatment process.

Therefore, given the temperature gradient and the growth rate, the most important
characteristics (C{", f, AT, )\l, and )\2) of the solidified structure can be
obtained approximately. That is, the solidification microstructure as well as the

microscopic inhomogeneities in chemical composition can be determined.

fe
1 l
1
1 s s+l L
<P
(o)
T,(Cy)
ToiCp)
e e ™
I non-equif ibrium
- mushy zoneg

Figure 6.7: MICROSEGREGATION. The equilibrium melting range, & T, does
not, except for the lever rule case, correspond to the range, aT', over which the
mushy zone develops. The dendrite tips need a certain undercooling which is
determined by the stability of the tip. The dendrite roots will usually have much
higher concentrations than Cg/k, due to non-equilibrium solidification. This
often leads to interdendritic precipitation of eutectic phases of volume fraction,
fey even if the composition is not on the eutectic tie-line. In the columnar zone
of a casting, as shown here, the volume fraction of solid, fg, will follow an
S-shaped curve like that in the uppermost diagram.
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EXERCISES

Write an equation for the TL*-fS relationship for the Lever rule and Scheil

equation cases.
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6.2

6.3

6'4

6.5

6.6

6.7

6.8

6.9

Determine «'values for Al-2wt%Cu and @~Fe-0.09wt%C alloys when

1t is desired to purify part of a cylindrical metal ingot by directional
solidification. What conditions are most favourable: a short initial transient or
Scheil-type solidification? What interface morphelogy is required in order to
accomplish this? Give the maximum growih rate which can be used.

Devise a method for estimating part of the phase diagram (m,k values) of a
transparent organic alloy by solidifying it under planar interface conditions at
the limit of stability and observing it with a microscope. Indicate how one
might perform the experiment (see figure 6.2). 1t is assumed that the values of

C0 and D are known.

What will happen if the rod in figure 6.1 is solidified under conditions of strong
convection? Sketch the solute profile and indicate which equation applies to

this situation.

In what respect is equation 6.3 an approximation to the initial transient?
Examine the assumptions made concerning the boundary layer for the transient

(see appendix 10 and figure A2.4)

Describe a method for the production of a control sample of a given
present a composition to the electron beam which is homogeneous at a scale of

the order of 1 um.

Write the equation, given in this chapter, which describes approximately the
concentration variation along the curved interface of figure 6.6 under growth
conditions where the tip concentration in the liquid, Cl*, is approximately
equal to Co' In what region would one expect the concentration gradient,
perpendicular to the solid/liquid interface, in the liquid to be (a)close to zero

and (b) not zero?

Indicate, with the aid of figure4.12, the growth rates for which, in an
Al-2wt%Cu alloy, no intercellular or interdendritic enrichment (segregation)
will oceur for (a) G=0 and for (b) G = 1K/mm.
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Why is equation 6.9 incorrect (under the original assumption that u = 1 - 2o¢k)
ifor =17 What happens in this case? Sketch the solute profiles present in the

solid and liguid under these conditions. Compare with figure Al11.2.

Compare thie fractions of eutectic predicted by the Scheil equaticon, by the
Lever rule, and by equation 6.9, in the case of Fe-0.6wt%C and Al-2wt% Cu.
Discuss the differences. For o', use the same conditions as those assumed in

exercise 6.2-

Zone melting is a process in which the tendency to segregation is exploited in
order to produce a solid having a high purity. In practice, this is done by
causing a molten zone with planar solid/liquid interfaces to pass many times
through the material (figure). The equation for the impurity distribution after
the first pass with strong mixing occurring in the liquid zone (C, = constant) is:
C,/C, = (1)1 - (1-k)exp(-kz/1.)), where L is the zone length. Discuss this
equation with regard to the equation for the initial transient (equation 6.3)

777

g A
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SUMMARY

As outlined at the beginning of this book, the study of solidification microstructures
is of increasing importance in the field of engineering since the properties of most
alloys, whether cast, forged, or welded, will depend to a large extent upon the degree
of control which can be exercised during solidification. Furthermore, various new
solidification processes are currently offering signs of great future potential. These
include the enlargement of the equiaxed zone by means of the electromagnetic
stirring of castings, surface remelting and alloying by high-energy beams such as
lasers, directional monocrystalline casting, and other technigues, Therefore, there is
a need for a better understanding of the common mechanisms asscciated with this
important phase transformation.

1t has been the aim of the authors to deseribe, from an engineering point of view, and
via the use of simple physical models, some of the most important solidification
phenocmena which occur. The latter range from atomistic to macroscopic in scale.

In the introduction, the importance of heat flow phenomena has been pointed out.
Currently, the range of cooling rates employed is from 107° to 101%K/s and
corresponds to 'castings' ranging in size from several metres to a few micrometres.

ering microstructures which can be divided
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into four categories, i.e.: (a)columnar and (b)equiaxed grains of (c)dendrites or
(d) eutectic.

In each of these cases, capillarity effects and the diffusion of solute and/or heat
determine the microstructure which results from the solidification conditions.

As far as solidification at the atomic level is concerned, two phenomena: nucleation
and interface structure, have been described. HNucleation is a predominantly
interface-controlled process involving an activation energy which is strongly affected
by the presence of a catalyst. The nucleation rate, and therefore the equiaxed grain
size, is very sensitive to the existence of heterogeneous particles. From the
well-known laws of nucleation, the time-temperature-transformation (TTT) diagram
for the solidification of a substance can be derived. This permits, among other things,
an explanation of the ainorphous phases which can be produced by rapid solidification
processes.

The interfacial atomic attachment kinetics determine the ecrystal morphology.
Substances such as metals, which have a low entropy of melting, grow in a
non-faceted manner. Some organic substances which behave like metals in this
respect are especially useful for the insitu observation of sclidification using an
optical microscope. On the basis of such observations, the likely behavicur of a
metallic system can be deduced without the difficulties posed by the opacity,
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reactivity, and high melting point of metals. In substances having a high entropy of
melting, the crystal growth behaviour is largely determined by growth defects. These
play a decisive role in the growth of irregular eutectics, such as the most important
casting alloys (Al-Si, cast iron).

On a larger scale, the first phenomenon which becomes apparent is the morphological

instability of solidfliquid interfaces, which oecurs on a scale of the order of
micrometres. This is associated with a characteristic range of wavelengths and is
only a transient stage in the development of the steady-state growth forms of cells,
dendrites or eutectics.

Equiaxed grains of pure or alloyed materials are inherently unstable when their
diameter exceeds a critical value (of the order of some micrometres). On the other
hand, coclumnar grains are always stable (plane front growth) in pure samples and can
be stable in the case of alloys if the temperature gradient i sufﬁclently high. At
occurrence of solidification involving a structureless solid/liquid interface.

The most frequently observed sclidification microstructure is the dendrite. This
steady-state growth morphology is characterised by its paraboloid-like tip and by the
formation of branches only along simple low-index crientations. The growth of these
crystals is determined by the following diffusion phenomena: thermal (equiaxed
growth of pure substances), soiutal {columnar growth of aiioys), and thermai/soiutai
(equiaxed growth in alloys). The solution of the diffusion equation, combined with a
stability criterion, leads to a unique description of dendrite tip growth,

In the case of columnar growth, the imposed positive temperature gradient constrains
the dendrites to grow in the form of arrays having a characteristic primary spacing,
)\l. During growth, the length of contact time which the initially fine branches
have with their melt causes ripening to occur to such a degree that the final branch

spacing, )\2, is very much greater than the initial one at the tip.

As far as eutectics are concerned, there are two types of microstructure: regular and
irregular, whose occurrence depends upon the entropy of melting of cne of the

phases. Regular structures are typically exhibited by phases having a low entropy of

melting. and ocrow in a steadv-state manner. whareag irrecular structures {(in which
and grow 1n a steady-state manner, whereag (rregular structures (In which

||||||||| 3 <

one phase is faceted) oscillate between two operating points. As in the case of

o

dendrites, the combination of the diffusion solution with a criterion which decides the
operating point of the system leads to the deduction of the growth law. Eutectic
microstructures store an appreciable fraction of their transformation energy in the
form of a/B interfaces (which are usually those having the minimum energy).
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Peritectic reactions develop around dendrites in the form of interdendritic
precipitates.
Any local equilibrium between two phases will result in concentration differences

which are necessary in order to satisfy thermodynamic requirements. These
differences create local concentration variations which are known as segregation. In
the case of a dendritic interface, solute concentrations are built into the
interdendritic regions. Back-diffusion into the sclid dendrite plays an important role
in governing the magnitude of the composition of the last liquid to solidify.

The coupling of microstructural models with segregation models, and their
incorporation into heat-flux calculations, today permits a semi-quantitative
description and understanding of diverse solidification processes occurring over a
wide range of conditions. In the future, it will be possible to relate the
microstructural models presented here, together with others yet to be developed, to
multidimensional, macroscopic heat flow calculations. In this way, the much-need

superior control of solidification processes will be made feasible.
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APPENDIX 1

MATHEMATICAL MODELLING OF THE
MACROSCOPIC HEAT FLUX

The equation describing heat flow can be obtained by considering the heat balance in
an infinitesimal element (figure Al.1). In Cartesian coordinates, the balance can be
written {1 - 3] (§):

d 2 3
G %(“y%)+x(“2%)-Q'(x,y,z)= a(ﬂ)
N un vy Uy LA (457 ot
aT
o (37)
ay yqdy
; w {27y
I / z\az}ZOdZ
| I /’
1 ’
] e
1
I
wo(zm), [ (2]
ax /x ! aT Ax fx + dx
- cE | T
t
dY«, J— - - -~ L — —
dz /
>/
. H
\ '
v |
_kz(;)z ke, (2T
’\ayiy
Figure Al.l

§ Here z is a system coordinate which, in the main text and in
appendix 2, is denoted by 2z'. The un-primed symbol is used here
in order to improve readability.
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where ¢ is an internal heat source term (W/m3) and ¢ is the volumetric specific
heat {c = cpp). Using the Laplacian operator:

VIKVT) - ¢' = ‘3(3;” (Al.1]

The negative sign on the left-hand side of equation Al.l arises because ¢' is
proportional to Ahy and the latter is negative for solidification. When the thermal
conductivity, K, and the specific heat, ¢, are constant:

ay2T - g = a'g

e = gt

where a= K/c. Only unidirectional heat flow conditions are considered in the present
appendix, and in this case:

{Al.2]

Analogous equations can be written for eylindrical and spherical coordinates, and, in
the absence of tangential heat flow, the problem reduces to the consideration of one
direction:

a[gﬁT +(r‘_.)aT]_ g(r) - 9T (Al.3]
Jr? r’dr c gt )

where n is equal to 2 for spherical coordinates, to 1 for ¢ylindrical coordinates, and
to 0 for a plate geometry. The latter case leads to equation A 1.2,

General Solutions for Semi-Infinite Systemns

Neglecting heat generation for the motnent, equation Al.2 can be written:
a%2r . dr

(When a is replaced by D and T is replaced by C one obtains the equation for mass
diffusion.) One possible general solution of equation Al.4 is:

T(z,t) = A + B erf(Z) fAal.5]

where A and B are constants and

-~ Z
Z - mo_s [Al.s]
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The error function, erf, and its complement, erf¢c (which may be a better choice for
problems involving heating), have the properties (figure A1.2)§:

erf[0] =0

erfoo] = 1

erf[-2] = -erf[Z]
erfe(Z] =1 - erf(Z]

erfcf-Z] = 1 + erf[Z]
dlerfl[Z]) _ 2 _79
a7 & expl-Z<] {Al1.7]

With the aid of a programable calculator, the error function can easily be determined
by using the series [4]:

oo n,(2n + 1)
erf(s) = 2 ¥ (1) 7 fA1.8]
ST £ nt(2n +1) Lex 1)
Nn-=0
\ E1(Z) ‘
[ ———
\\
]

- £ erfc(Z)
N i
w .
8|
& .
~ 107t —\
N 1
5 i
o erf(Z)

s

1074 - . "
104 103 10-2 Lo 1 10
Z

Figure Al.2

§ The exponential integral, Ej, which is also plotted in
figure A1.2 will be used in appendix 7 (equation A7.16)
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Exact values of erf(Z) are given in table Al.1l. Some useful approximations are:

erf(Z) = -\/l - exp(- %TZ‘Z)

erf(Z) =1 Z>2

erf(Z) = % 7 < 0.2

In order to demonstrate that equation Al.5 is a general solution of equation Al.4, one
can use equation Al.7, so that:

ST Bexpl-Z2]
8z - T o5

(Tat)0-5

Table Al.1: VALUES OF THE ERROR FUNCTION (4]

Z erf(Z) Z erf(Z) Z erf(Z) Z erf{Z)
0.00 0.0000 0.26 0.2869 0.52 0.5379 0.78 0.7300
0.01 0.0113 0.27 0.2974 0.53 0.5465 0.79 0.7361
0.02 0.0226 0.28 0.3079 0.54 0.5549 0.80 0.7421
0.03 0.0338 0.29 0.3183 0.55 0.5633 0.81 0.7480
0.04 0.0451 0.30 0.3286 0.56 0.5716 0.82 0.7538
0.05 0.0564 0.31 0.3389 0.57 0.5798 0.83 0.7595
0.06 0.0676 0.32 0.3491 0.58 0.5879 0.84 0.7651
0.07 0.0789 0.33 0.3593 0.59 0.5959 0.85 0.7707
0.08 0.0901 0.34 0.2694 0.60 0.603¢ 0.86 0.776!
0.09 0.1013 0.35 0.3794 0.61 0.6117 0.87 0.7814
0.10 0.1125 0.36 0-3893 0.62 0.6194 0.88 0.7867
0.11 0.1236 0.37 0.3992 0.63 0.6270 0.89 0.7918
0,12 0.1348 0.38 0.4090 0.64 0.6346 0.90 0.7969
0.13 0.1459 0.39 0.4187 0.65 0.6420 0.91 0.8019
0.14 0.1569 0.40 0.4284 0.66 0.6494 0.92 0.8068
0.15 0.1680 0.41 0.4380 0.67 0.6566 0.93 0.8116
0.16 3.1790 0.42 0.4475 0.68 0.6638 0.94 0.8163
0.17 0.1900 0.43 0.4569 0.69 0.6708 0.95 0.8209
0.18 0.2009 0.44 0.4662 0.70 0.6778 0.96 0.8254
0.19 0.2118 0.45 0.4755 0.71 0.6847 0.97 0.8299
0.20 0.2227 0.46 0.4847 0.72 0.6914 0.98 0.8342
0.21 0.2335 0.47 0.4937 0.73 0.6981 0.99 0.8385
0.22 0.2443 0.48 0.502%7 0.74 0.7047 1.00 0.8427
0.23 0.2550 0.49 0.5117 0.75 0.7112 1.30 0.9340
0.24 0.2657 0.50 0.5205 0.76 0.7175 1.80 0.989]
0.25 0.2763 0.51 0.5292 0.77 0.7238 2.00 0.9953
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and
2T Bzexp[-Z2]

2(7wadt3)0.5

The time derivative is:

T Bzexp{-Z2]

at 2(7;'8{3)0.5

Substituting the latter two expressions into the differential equation (Al.4) shows
that the error function is indeed a solution. Other solutions might be T= A + Berfe(Z]
or Tz(l/‘Vﬂexp[—Zzl. The choice of the solution (assuming that one exists) will

depend upon the boundary conditions.

The Moving Boundary Problem

As figure Al.3 indicates, several regions exist in & casting; each of which exhibits a
specific thermal behaviour. These include the mould, the air-gap, the solid, the mushy
(solid plus liquid) zone, and the liquid. The solution of the general problem is
therefore very complex. For this reason, attention will here be restricted to one
simple case only.

Simple Analytic Solution

Under the simplifying assumptions of highly-cooled mould, planar solid/liquid
interface, and zero superheat, the boundary conditions (figure A1.4) are:

Tm = To = constant 0>z>-00

T, = Tf = constant Z>S

where the interface position on the z-axis is given by the function, s(t). The
temperature in the solid can be determined with the aid of equations A1.5 and Al.8,

giving:

- z
TS = AS + BSEl‘r[-m;t)O.sl [Al-g]
z=10 Ag = Tg
Tf-Teo
Z=8 Bg = — fAl.10]
erflP]
where
— S
P = 2_(a_st)0'5 {Al.11]
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Since T and Tg are constant (figure Al.4), ® is constant and
2
= 0.5 = 5
s = 2d(agt) or U= T2 [Al.12]

In order to determine the wvalue of <I>, it is necessary to consider the (Neumann)
boundary condition (appendix 2) which refleets the heat flow at the solid/liguid
interface: the latent heat generated during interface advance must be conducted
away through the solid, giving the flux balance:

ds _ 9Ts
Ahyg gt = Kl 37 dz=g [Al.13]

From equation Al.12:

= ds _ as .
& ,/t P [Al.14]
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Figure Al.4

while from equation Al.9 at z =S5,

8T Bgexpl-®?]
G= (-a-E'S)Z=S = —_—

(‘n'ast)o-s

Combining with equations Al.12, Al.13, Al.14:
ATs® = VT Perf(P) exp(P?) (Al.15]

where the dimensionless temperature, ATg®, is_ equal to (Ty-Tgleg/Ahg.
Evaluation of ATg® permits the calculation of $ by iteration and, using
equation Al.12, the position of the interface as a function of time can be found to
obey a square-root law. For typical values of ATg° ranging from 0 to 4,
equation A1.16 can be approximated guite well by (figure A1.5):

ATg® = 2PHP2 + 1) [Al.16]

A more general solution, which permits a better description of the real situation
shown in figure Al.3, has been given by Garcia et all5,6). An analytical treatment

which takes account of the mushy zone has been developed by Lipton et al (7).

Numerical Method with Mushy Zone

When deseribing such complex cases, analytical methods lose their main advantage cf
simplicity. Instead, numerical calculations are of .greater value. In fact, the
calculation of the moving {mushy zone) boundary, which varies in width with time,
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has only been published for the one-dimensional case[8,9]. A summary of that method
Is given here. Thus, substituting the rate of latent heat release:

= af
F= A =5 Al.
q bt t {Al.18]
into equation Al.2 gives:
621 _ 01 Ahy afs A
az 6t+ ( ¢ ) dat [AL-19]

For alloys, the volume fraction solidified, fg, is a function of the temperature.
Therefore:

Ar .
s = -"’—-5 = 13T Al.20
9t ( )(T) [ ]

One can thus write for the cooling rate (after substituting equation Al.20 into
equation A1.19):

. ol 572
T = = [Al.21]
1+ f's( ""c—f)
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Comnpare this equation with equation 1.2. Putting equation Al.21 into finite
difference form (appendix 2):

Tj+1 *+ Tj-1 ~ 2T

j j j

OT = Fq fAl.22]
1+ fs'('A?hf)

where Fgo = O0ta/6z? is a dimensionless constant known as the Fourier number, &

= agfg *+ eify, and ¢ = cgfy + cifj. The latter two terms are the weighted

values of these properties in the mushy =zone. Here, both Ahy and fg are

negative. For reasons of computational stability, the Fourier number (in the
one-dimensional ease) must always satisfy the eondition:

Fo X 0.5

This can be achieved by the correct choice of the time and space steps. The
derivative of fg with respect to T can be obtained from the segregation equation
(6.9) by using temperature ratios rather than concentration ratios. This leads to:

1 = _a_%g‘z (- .1[;)(1‘1. - TL)(U/P)(T[ - mytu+p)/p] [A1.23]

where p = 1 -k, u = 1 - 20k, @' = «fl - expl-l1/al}~ 0.5exp{-1/2x] and « =
4Dgtg/ N2,

Equation A1.22 is very generel in form and can be used in all of the regions (i, t+s, s,
gap, mould). In the case of solidification of a pure metal or of an eitectic aiioy,
fg'=00. This singularity can be avoided by increasing the specific heat of the
interface volume element sccordingly or by delaying solidification of the interface
elements until the heat evolved during sclidification has been transferred away.

The existence of convection in the liquid will often make some modification
necessary; for example, the use of a convective boundary layer, 0. This leads to the

boundary condition at the dendrite tips:

%’2 - TL_(S_ T* [Al.24]

where 'l‘L°° is the melt temperature far froin the tip and T* is the tip temperature.
Furthermore, heat transfer across the gap between the mould and the solidified metal
is usually treated by assuming & heat transfer coefficient:

g = h ATy [Al.25]

where ATy is the temperature difference across the gap.
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APPENDIX 2

SOLUTE AND HEAT FLUX CALCULATIONS
RELATED TO MICROSTRUCTURE FORMATION

The literature of solidification microstructure theory, especially in recent times, has
become highly complex and different mathematical methods have been used in
developing the various models. However, it is the point of view of this book that a
reasonably accurate result, which reveals the principles involved and the influence of
the physical variables, can be obtained for any problem by using a coherent apprcach.
In fact, exactly the same general principles apply to all solidification problems and
the various published analyses differ only with respect to the approximations which
are made, and to the weight which is given to various aspeets of the problem in
question.

The most common approximation which is made is that solidification is oceeurring
under steady-state conditions and that, therefore, the concentrations and solid/liquid
interface morphology are independent of time. The principal disadvantage of this
assumption is that no evolution of the interface shape can occur. The result of this
constraint is that the solution to the basic diffusion problem is indeterminate and a
whole range of morphologies is permissible from the mathematical point of view. In
order to distinguish the solution which is the most likely to correspond to reality, it is
necessary to find some additional criterion. Examination of the stabilities of a
slightly perturbed growth form is probably the most reasonable manner in whieh to
treat this situation.

In the present appendix, one aim is to supply the reader with mathematical
techniques which are sufficient to attack the problems of microscopic heat and mass
transfer which are treated elsewhere in the book. Another aim is to provide the
reader with a general and systematic method for approaching steady-state
solidification problems.

The general features of a solidification problem can be described as follows: a
solid/liquid interface whose form is defined by a given mathematical funetion
containing one or more variable parameters, is assumed to be advancing without
change into the melt. As it advances, heat and/or solute are evolved at each point of
the interface and diffuse into the solid and the melt. The diffusing solute will build up
ahead of the interface when k=<1 and form a boundary layer, while a uniform level,
Coy of the solute is supposed to exist at a sufficiently large distance from the
interface. The boundary layer can be characterised by the ratio of the diffusion
coefficient to the growth rate. Typical orders of magnitude of the egquivalent
boundary layers for a planar interface are shown in table A2.1. From this, it is Seen
that the boundary layer thickness for mass transfer of substitutional elements in the
solid is so small as to be negligible (§), while the boundary layer thicknesses for heat

§ An exception is the case of microsegregation where, even for
substitutional solutes, solid-state diffusion plays an important
role due to the very high concentration gradients existing in the
last stages of solidification (appendix 11).
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Table A2.1: EQUIVALENT BOUNDARY LAYERS FOR A PLANAR INTERFACE

Type of Diffusion Dif fusing Species Matrix Layer Thickness {(mm)
at V=0.0lmm/s
solutal: 6 = 2D/V substitutional atom  crystal 1074
interstitial atom crystal 10°1
either liquid 100
thermal: §¢ = 2a/V heat erystal >103
liquid >103

transfer (at low growth rates) in the solid or liquid are mueh larger than the scale of
most castings. Convection must also be considered since the presence of a
hydrodynamiec boundary layer will reduce the thieckness of the thermal boundary layer.

Differential Equation for Diffusion

In view of the previous arguments, attention will be restricted here to solute

diffusion occurring in the liquid. For simplicity, the suffix, ¢, will be dropped from
the coneentrations since these always refer to the liquid in the present appendix, that
is C; = C. The equation governing any diffusion process is:

2 2 9
%;% . %ﬁ 4 %Ec2= %—g% (A2.1]

Equation A2.1, which is analogous to equation Al.1 but with a zero heat source term,
applies to three dimensional space, but the problems treated in the present book
require the consideration of no more than two space dimensions;

2
PG . @G, 19 s
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A problem can often be simplified by using a suitable coordinate . .em. For
example, in spherical polar coordinates (§) equation A2.1 becomes [l - 3}

1

cot[ 0] 1 =
¥ ) Ca * r2sin2(@] wa _DCt

2 1
CI'[‘ + ;—Cr + ;2 CGB

where 0, i, and r are the equatorial and azimuthal angles, and radial distance,
respectively, and the suffix notation has been used for greater clarity. When the
diffusional behaviour is independent of the angular orientations, § and Y, this
equation becomes:

More generally, one can write:

2

dc ixie
=D( a_l'2 +

i [ 9]
=iz
QJI 1)
10

3

where n =2. Further reductions to the equation for a cylindrical or plate geometry
can be obtained by replacing n in the above expression by unity or zero respectively.
Thus, the steady-state growth of a sphere is governed by:

d2c , 2. 3dc
— + = e =
Or? r gr 0

The principal characteristic of the diffusion equation is its conservative nature;i.e. it
acts so as to even out any irregularities. This can be seen firstly by considering the
one-dimensional equation for rectangular coordinates:

a2c _ 1,
J0z2 - D

fA2.3]

Qa,cv
~a

Note that the left-hand-side is the expression which defines the sense of the
curvature of a function. Thus, when the second derivative is positive it denotes a
concave-upwerds part of a funetion. In the present case, it would correspond to a
local minimum in the concentration distribution. However, from equation A2.3, the
local change in conecentration with time is also positive and therefore the depression

§ For other coordinate systems, see reference 3. In principle,
any interface shape can be given a suitable system of
coordinates. However, this would be pointless unless the
resultant transformed differential equation could be separated.
This can only be achieved in some eleven systems, including the
cylindrical, spherical, and parabolic. The latter system is very
useful for treating dendrite tip problems.
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Figure A2.1

in the concentration distribution will tend to be removed. The reverse is true for
negative values of the left-hand-side. The conservative nature of the
two-dimensional, time-independent (Laplace) equation can also be seen clearly from
the finite—difference scheme (figure A2.1) where each cell must take a value which is
the average of the values of the four surrounding cells. A little reflection will show
that the only 'bumps' which can persist, in this steady-state situation, are thosé¢
imposed by the boundary conditions. Flnally, it can be proved that the direction ol
flow of heat or mass at any point is at right-angles to the isotherms qr
isoconcentrates. It is less well known that both the isotherms and flux lines can be
drawn by inspection, without ever solving the diffusion equation. Unfortunately, this
'flux-plotting' technique [4] does not work well for solidification problems because ¢

the complicated boundary c¢onditions which are usuelly imposed.

Directional Growth Equation

Equat;on A2.3, whieh is known as Fiek's second law, would be of little use in treating
moving boundary problems because the interface movement would have to be
accounted for. Instead, an equation expressed in a ccordinate system which moves
with the interface can be used. In figure A2.2, the coordinates of the point, P, w1th
respect to axes moving with the interface are (y z). Its coordinates with respect to a
stationary observer are (y',7'). From the diagram, it is evident that:

z=z'"-Vt [A2.41
Since 0z/dz = 1, 0cs/0z = (0c/0z)(8z/0z") = OC/dz, and similarly,
92c/022 = 02C/0z2, the left-hand-side of equation A2.3 is unchanged.
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The concentration is & funetion of z' and t, but must be transformed 50 as to become
s function of z(t) and t. Therefore, using the 'chain rule' for dif ferentiation,

d_C: ac-gz-}ac
dt 9z dt gt

Prom equation A2.4, dz/0t=-V and equation A2.3 becomes:

g2¢c _ , oc ac A
D d9z2 =V 5z + Jt {A2.5]

Re-introducing a second space coordinate (which is unaffected by the above
transformation of coordinates) in order to describe lateral diffusion, and rearranging

gives:

O

Q;lcv
2

A4 a%‘? + ]‘5._...5. = .b

Jc
C5 fA2.6]

This equation, which iS known as the directional growth equation, will be used in
order to solve most of the problems in this book.
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Solutions of the Directional Growth Equation

The first step in solving a directional growth problem is to discover what functions
satisfy equation A2.6. These functions cen then be used as the sterting point in
solving any problem (in rectanguler coordinates), and an exact solution would be
obtained if all of the boundary conditions could be satisfied everywhere.

It is assumed firstly that the solution of equation A2.6 can be expressed as the
product of separate functions of y and z alone [1 -3]:

Cly,z) = Y{y) Z{z) {az.7]

Inserting the relevant derivatives of this expression into equation A2.6 gives:

1 dZz _
AR i 0 {A2.8]

Each term which invelves y or z alone must be equal to a constant known as the
separation constant. This can be seen by considering the term in Z for instance: either
it is a constant or it is a function of z. In the latter ecase, the other terms in
equation A2.8 must be functions of z in order to satisfy the equation. However, this
contradicts the assuinption that the functions each depend on only one variable.
Hence, each term is egual to a constant, a, and the sum of the constants must be zero
(from equation A2.8). The sign of the separation constant is determined by inspection
after considering the properties which the solution must have in order to reflect the
characteristies of the physical model. Thus, one can write:

1.d%2z , v. 1. 472 _

Z'at "Dz a "8

d27 vV dz _

d—z_z + T)-E—aZ—o [A2.9]

In the overall direction of advance of the interface (z axis), one expects the existence
of a boundary layer which is theoretically of infinite extent. This fact, together with
the form of equation A2.9 (i.e. a weighted sum of successive differentials) makes the
exponential function a likely candidate. Therefore, setting:

7. = explbz] .[A2.10]

and performing the differentiations indicated by equation A2.9 gives:

b2expibz] + v—[l; exp(bz] - a explbz] =0
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The factor, expibz], cancels tc leave:

b2 + %3—&=0

This quadratic algebraic equation is solved by elementary means to give:

The positive root is not considered because the solution to the problem might then
predict infinite values of coneentration. The general solution to equation A2.9 is thus:

Z= exp[[-%D —.‘/(5‘%)2 +al Z] [Aaz.11]

Considering now the term in Y (equation A2.8), one can set:

daly
LAY L g
yz

i

or:

2
%y% * ay =0 (A2.12]

The form of this equation suggests that the function to be substituted should be such
that its second derivative is of the same form as the original function. Both the
exponential and circular funections exhibit this characteristic, but it should be
remembered that the Y function must describe the concentration variation along the
interface. Due to the uniform or repetitive nature of the interface morphoiogy
(figures 3.1, 4.14, 5.2), this concentration is not expected to deviate to a large extent.
Thus, an exponential function would not be suitable and a circular function can be
assumed to be more correct. Thus:

Y = cosfeyl or Y = sinley] [A2.13]
Bubstitution of this expression into equation A2.12 gives:

e =+/a
and

Y = cosfal-3ylor Y = sinfa0-5y] {A2.14]

Finally, substituting equations A2.14 and A2.11 into equation A2.7 gives:

C = cosla¥-Sylexp [[—2—“{)-—1/(2—‘{)-)2 + a) z] fA2.15a]
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or

C = sinfal-Sylexp [[—2—“{)- - .\/( le-)z + a] Z] fa2.15b1

Exainination of the form of this equation shows that, overall, the lateral distribution
will be eyclic in form, and that the concentration will decrease exponentially away
from the interface in the growth direction (figure A2.3). Using the theory of Fourier
series, any number of cosine (or sine) functions can be added together in order to
satisfy the boundary conditions. Note that when the constant, a, is very large it will
dominate the exponential decrease of the boundary layer. When it is very small, the
boundary layer will be the same as that for a uniform plane interface. These two
cases correspond to a frequently varying lateral concentration, and a slowly varying
lateral eoncentration respectively, since the value of a is inversely proportional to
the wavelength of the interface morphology. This is seen in the case of eutectic
growth where the rate of exponentiel decrease is dominated by the wavelength, and
the thickness of the boundary layer becomes proportional to the eutectic spacing
(appendix 9). When the scale of the interface morphology can vary over a wide range,
the full solution (equation A2.15) must be used. This situation arises when carrying
out stability analyses (equation A2.32, appendix 6).

Boundary Conditions

Three types of mathematical boundery condition are generally imposed on the
solution of a differential equation. These are the Dirichlet condition, which defines
the absolute value of the solution at a boundary point, the Neumann condition, which
defines the normal gradient of the solution at the boundary, and the Robin (mixed)
condition which establishes a relationship between the absclute value and the
gradient of the solution at the boundary. The latter condition is the main source of
difficulty in solidification problems because the interface concentrations and their
gradients are usually not given explicitly but must be found as part of the solution.
This eondition, since it arises from the balance between sclute rejection and diffusion
at the interface, will be called the flux condition. The other conditions will also be
given names which reflect their significance in solidification problems (figure A2.3),

Fiux Condition

As a solid/liquid interface advances at the local normal growth rate, V., with an
interface concentration in the liquid, C*, and solid eoncentration, kC*, the quantity
of solute rejected per unit time will be VL(1-k)C*. This must be balanced by the
creation of a concentration gradient in the liguid, normal to the isoconcentration
contours, which permits sclute removal at the same rate via diffusion. Thus:

Vp(l - K)C* = <D [A2.16]

Q.slca
= e
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Figure A2.3

One complication is that the normal to the interface, n, along which the interface
advances locally, is not generally the same as the normal, m, to the isoconcentration
contours in the liquid. Thus, in order to simplify the problem, the interface should be
assumed to be of uniform concentration {(or isothermal). Otherwise, the flux condition
can only be applied on an axis of symmetry, where the two normals are bound to be
aligned. Such a point would be the tip of the perturbation shown in figure A2.3.
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Far-Field Condition

A Dirichlet condition can be imposed far ahead of the interface because here the
original composition is expected to be unaffected by the advance of the interface,

i.e.:

C =Co zz 0 [A2.17]

Symmetry Condition

Most interface morphologies consist of arrays of similar shapes. Advantage can be
taken of this fact by studying just one half-period of the shape along the y-axis. If the
shapes are presumed to be identical, there can be no mass transfer between them.
Hence, zero concentration gradient {Neumann} econditions can be imposed at the
boundaries of a typical interface "motif’, i.e.:

aC _ _ nA
—a—y =0 y = —2— [AZ-]S]

wheren=0, 1, 2, ...

Coupling Condition

Under the normal solidification conditions for metals (V=< 100mm/s), each location
along the interface will have a local freezing point which is & function of the local
concentration and the local curvature. In steady-state growth, each point of the
interface must lie on the corresponding isotherm of the temperature field:

T*=T +macC - 'K [A2.19]

Satisfaction of Boundary Conditions

In the last section, a general solution to the Laplace equation was obtained in terms
of elementary functions. It would be overly optimistie to expect any real situation to
involve boundary conditions which permitted such a solution to be used without any
further effort. Unfortunately, the greater part of the problem still lies ahead. Indeed,
the requirement that the basic solution (or its derivatives) should have certain values
at the boundaries of the region studied accounts for most of the effort expended by
applied mathematicians. Their researches over the past two hundred years have
produced an enormous range of methods for attacking the problem [2]. A number of
these methods, which are used elsewhere in the text, will be described below.

Firstly, two cases will be considered in which the boundary conditions can be satisfied

exactly.
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i) Steady-State Diffusion Field ahead of a Moving Planar Interface
As shown above, the diffusion equation in a coordinate system with its origin

fixed at the solid/liquid interface takes the steady-state form for unidirectional
diffusion (figure A2.4a) obtained from equation A2.6:

Noting the similarity of the above expression to equation A2.9, setting the
separation constant, &, eqgual to zero, and repeating the steps after
equation A2.10 above, gives:

Db2 + Vb =0

The solutions of this so-called 'auxiliary' equation are b=0 and b=-V/D.
Therefore, the general solution is:

C= A+ B expl- V—DE] [A2.20]

T Ta

Figure A2.4
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Again, foulowing the prineiples deseribed above, a far-field condition is applied.
That is, far from the interface the concentration must be equal to the original
composition, C,. Lettlng C=C, when z tends to infinity shows that
A = Cgq. Therefore:

C =Co +Bexp[— ]

Robin) condition at the SOlld/ll uid interface.
..... e el A2 PR | &~
1

Next, one can apply the flux
je flix in the

[P -
T

Here, the rate of solute re
liquid at the interface:

tion miust be e equal to the diffusiona

cx1 - kv = -D(8 ),

Therefore, when z = 0:
C¥=Cpo+B

and

(9C, .. VB
dz 'z=0 D

Substituting these expressions into the above shows that:

1 -k
k

= ACO

Therefore, the complete solution for the solute distribution ahead of a planar
solid/liquid interface, advancing under steady-state conditions, is[5]

C=Co + (50 - Co) expl- Y2 [A2.21]

The boundary layer shown in figure A2.5 is of infinite extent. In order tc obtain
a convenient practical estimate of its thickness, an equivalent boundary layer,
5c, is often defined. This equivalent layer is chosen so as to contain the same
total solute content as the infinite layer, and has a constant concentration
gradient across its thickness. Thus, the surface area of the triangle, OMN, must

be equal to the cross-hatched surface. That is:

C 6 VZ
~0_—=—=C = C - 7

o]

and:
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r4 —_—
Figure A2.5
Differentiating equation A2.2] at z =0 gives:
Ge=(9C),_=- 2CY [A2.22]
v dz ~7% D

From this, it ean be seen that the absolute value of the econeentration gradient
at the interface is equal to twice the absolute mean concentration gradient of
the equivalent boundary layer. Such relationships are very useful in
understanding the constitutional undercooling criterion (chapter 3.3).

ii) Diffusion Field Around a Growing Sphere

When no tangential diffusion is occurring, the diffuslon equation ean be written
in terms of the radial coordinate alone [6,7]

Flea

d2c
r

¢ p &g, ._g_f) 1A2.23]

where r is the radius. Under steady-state conditions,

the generel solution of this equation Is:
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C=

A+ B
r

[A2.24]

For the situation described in figure A2.6, the boundary eonditions are:

C=C, r=ao

C =C* r=R
¥l -~ 3 P N . | 3 P R -l d A = P |
uUsc ul iR il=p" CONUIL 1o SIIOWS iriat o - L’O arid
equation A2.24 becomes:

The concentration gradient in

and, at the interface

(9, =
d

C*-Co
[-’J\. s

the liquid becomes:

ar - %Z(C*—CO)

—_—
’-.—1————————
0
*

7

L

o]
Tt-

Figure A2.6
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This shows that, to a first approximation, the thiekness of the bo. .ury layer
around a growing sphere is equal to the radius and increases with increasing size
of the sphere, For other solutions see references 8 and 9.

Some methods which are available for the treatment of more difficult cases can
now be considered:

Classical Method

When using this method, advantage is taken of the linearity of equation A2.6, That is,
the sum of any series of terms having the same form as the basie solution (such as the
sine and cosine functions found previously) will also be a solution. This means that,
although the basic solution (often called ean eigenfunction) is unlikely to satisfy the
boundary conditions, 'adjustment' using terms of the same form will allow the
conditions to be approximated more closely. For example, if the basic solution is of
the form, cos[2m y/\], one can consider adding terms such as cos[4my/\], e.g.:

Cly) = Alcos[z—"{i] + Agcos[izrx-x 1+ ... + Ajeosl E)T]l ] (az.27]

where the A; are constants. Because the oscillation of the cosine funetions
increases in frequency with increasing value of i, finer and finer adjustments can be
made to the basie solution. In order to carry this out in practice, the constants before
each term in a series such as the one above are suitably chosen. Many methods have
been devised in order te find the required values of these constants. The best method,
but one which is rarely feasible, is to take advantage of the orthogonality of
functions such as the circular ones (sine, cosine). In this method, each term in the
above series would be multiplied by cos[2mjy/A )

C(Y)QOS[EWT\JII 1= Ajcosl "2'1;1 Jeosl 2'7%11 1+ Ageosl 47;;3’ Jeos( 27;\”]

+ Aicos[[" 1y Jeos[2X 1y ]

A A

When both sides are integrated over one wavelength:
2n

2n .
'I‘C(y)cos[z—"rl!]dy = Alfcos[ 2Ty Yeos( 2—""-M]dy
. N ! N N

2n
+ Aég[cos[q'—?)r\l ]cos[z—";\j-v-}dy + o

2n . .
-t A;/::os[z—"rx‘l ]cos[l"—rxl! 1y [A2.28)
0

all of the terms on the right-hand side will diseppear unless j =i. Therefore, by setting
j equal sueccessively to 1, 2, 3, ete, the value of any A can be 'singled out’. A
general expression is usually obtained for all of the adjustable constants of the series,
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The reader should satisfy himself that if this "trick’ were not available, the A-values
(Fourier coefficients) eould only be determined exactly by solving an infinite set of
simultaneous algebraic equations. Unfortunately. this is usually the ecase since the
above method can only be employed when the boundary comc:des with a coordinate
line over which the functions are also orthogonal.

In response to this ecommon difficulty, approximate methods have been develcped and
will be deseribed in the next section. Meanwhile, a relatively little-known technique
for obtaining the Fourier coefficients without integration will be described. However,
this technique is only applicable when the boundary conditions are discontinuous in
some way. For example, see figure All.4 where the first and higher derivatives of the
concentration distribution are discontinuous at regular intervals.

In th f < -
n the case of a cosine series, the Fourler coelflcients are glven directly by:

m
Aj = —lﬂ_- ZJSsm(lys) - —ZJS'COS(WS) +.
=1

m
ot d9) Js"sinliyg) + o] [A2.29]
S« 1

where the J, J', J", etc are jumps' in the function, first derivative, second derivative,
ete. The definition of such a jump will be described in later appendices where the
technique is applied to various problems. The derivation of equation A2.29 is quite
simple [10] but is beyond the scope of the present book.

Method of Weighted Residuals

In effeet, this technique [l11] sets out to satisfy the boundary econditions of the
problem in the same way 8s does the classical method. Thus, a series consisting of
funetijons having edjustable multiplying constants is used. However, in this case, the
funetions are rarely orthogonal and the constants can only be found by solving a set
of simultaneous algebraic equations. The number of terms in the series is chosen so as
to be equal to the number of adjustable constants. The method is approximate in
nature end the higher-order approxXimations can only be handled by using numerical
analysis techniques and a computer. Nevertheless, surprisingly accurate analytical
results can often be obtained using just a few terms, and sometimes only one [12].
Such en analytical solution has the advantage that it will reveal the influence of the
various experimental and physical parameters directly whereas a more accurate but
numerical method will not- The method is extremely flexible and can be applied to
any problem. As an example, it will be used to find a sclution to the dendritic growth
problem in two dimensions:

Simple Dendrite Analysis

A function will be chosen which satisfies the boundary conditions. This is known
as the external method. The trial solution can also be such that, alone, it does
not satisfy either the differential eguation, or the boundary conditions. The
reader will doubtless appreciate the flexibility of the method, but on the other
hand he must also have a firm grasp of the physies of the real situation in order
to be able to use it properly.
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In the present case, a Dirichlet condition will be applied at ti. terface,
assuming that the concentration is constant over the parabolic surface of the
dendrite (figure 2.8). Thus:

Cc=C* z = -f3y2

Also, applying the far-field condition,

C=C4 = 0
One can easily construet an expression which satisfies these conditions. Firstly,
take the basic solution for & planar interface 'wlu\.h Was dei'xved above:

C = Cy + (C* - Cplexpl-bz] [A2.30]

This deseribes a solute distribution in which the value at infinity is Cg. Thus,
the far-field condition is satisfied. It is also required that the conecentration be
equal to C* when the value of the exponential term is unity. In the case of the
planer interface, this only occurs when z is equal to zero. Therefore, it is
necessary to replace z by an expression which is equal to zero whenever a
coordinate pair, (y,z}), corresponds to the surface of the parabolic piate
dendrite. This is true when z = —ﬁy 2, so that the required expression iss

C = Cg * (C* - Colexpl-b(By? + 2)] [A2.31]
The reader should prove for himself that this satisfies the boundary conditions

and that the concentration decreases exponentially with y and z. The value
of b can be determined by means of the flux condition, applied at the tip;

Vik - 1)C* = D( _g_s Yy=z=0 (A2.32]

Substituting the z—derivative of equation A2.31 into equation A2.32 gives:

he Y. (k-1)C*
T b C,-C*F
so that:
- % 2
C = C, + (C* - Cglexpl- Vik D%g:(i f%y*) Z) (A2.33]

The differential equation (equation A2.6) is:

vV 9cC
3y * 972 D 3z =°

v, o4y2B2k-Dc*_,g , V k-DCr Vo
D'~ (Co-CH» D'(Co-C*» ~ D
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The first term in the above equation (the 'residual' which gives the method its
name) will be made equal to zero at the point, y = 0 so that:

YD.(LC-:P_S; = ]Vj + 28 [A2.34]
O

The curvature at the tip of the parabola, y=-fy2, is given by the second
derivative of z with respect to y. Thus, the curvature is 26 and the radius of
curvature is:

R = [A2.35]

£
2B
Substituting this value into equation A2.34 gives:
1
R

and;

Now, (C*-Co)/(C*-kC*) is the dimensionless supersaturation, Q, so that:

2‘
= — 2-36

whieh is the same as the Zener/Hillert [9] solution (appendix 7).

Perturbation Method

1f the geometry of the problem is such that the interface form corresponds closely to
some simple shape, any exact solution which is gvailgble for the simple shape can be
assumed to be similar to that for the slightiy different morphology. This principie will
be illustrated by treating an almost planar solid/liquid interface growing under
steady-state conditions. A related problem will be studied in appendix 6.
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Slightly-Perturbed Interface

The form of the planar solid/liquid interface, described by the equation, z =0, is
assumed to be changed so that it is then represented by the expression:

z = €sinfwy] (A2.37]

where € is assumed te be a very small amplitude, and w is the wave number
(=27/MN) of the perturbation.

Reegll that the exget solution for a planar solid/liquid interface under

Fr &bt s 38 8T it 20 diai L Lk

steady-state conditions (equation A2.21) is:

C=Cgyt ((T:(O - Colexpl- 1Dz-]

where C,/k is the concentration in the liquid at the interface and C, is the
original composition. Now, using the perturbation technigue, a term having the
same form as the perturbation {equation A2.37) is added to the exaect solution
for the unperturbed interface, i.e.:

C= Gy + (S0 - Coexpl- Y21 + Aesinlwylexp(-bz] [A2.38]

where b has to be equal to (V/2D)+‘\/(V/2D)2"'w2 in order that the added
term should satisfy equation A2.6 (see equation A2.11), and A is a constant
whose value is to be determined by forcing equation A2.38 to satisfy the
boundary conditions. These are, for z = €sin[wylk

C=C* [A2.39]
V(1 - kK)C* = -D—gg [A2.40]

Note that equation A2.38 elready satisfies the far-field condition, C=C,
when z =@, since the unknown constant, A, disappears. Rather more work is
required to make it satisfy the other boundary conditions {e.g. equation A2.39).
The first step is to substitute C* for C and €sin[wy] for z:

£k =
o =

"
>
n

—

——

-

%)
—
—

o L
0

where, for clarity, S hes been used to represent €sinlwy]l. The above expression
can only be evaluated because of the assumption that € (andS) are small. In
this case, an exponential funetion, exp[-x], ean be approximated by | -x. Again,
because € is small, terms involving €4 (and S¢) can be neglected. This
leads to:

c* = Co +(§0 - )1 - ¥8) + AS(1 - bS)
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By dift tiating equation A2.21 with respect to z and then setting z equal to
zero, the concentration gradient, Gga, at the plane interface is found to be

(equation A2.22):
=_v(C
Gc—-B(T(O-CO)
Subst ituting this into the previous equation and dropping terms in S2 gives:
C*= %0 + GeS + AS [A2.42)

Thus far, no real progress has been made since the value of C* is also unknown.
It is necessary to find another equation which links C* and A, ie. the flux
condition (equation A2.40). Thus, differentiating equation A2.38 gives:

S—;’ = -!D Qk Colex p[-— ] - bASexpl-bz]

At the interface this becomes:

(S )e=s == (2 - o)1 -5 ) - bas(L - bS)

dC ) -5 = Gal(l - ¥3) - bAs [A2.43]

L= O O R iy L Y Y, I K ] = AN arn I & + 0o oan LB P -}
oSubsiituing equations A.474 8nud As.49 1IN0 eguation H .40 8Nk cancelllig o
throughout leads to:

kVGe_

A= Yo Db

where p = 1-k. Thus, the original expression becomes:

C=Co+(Fo - Colexpl- F1 + (LG ESIN yorpr-bz) (A2.44]

This expression describes the solute distribution ahead of the slightly perturbed
solid/liquid interface. Further use is made of it in appendix6, where the
stability of a planar solid/liquid interface is considered.
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APPENDIX 3

LOCAL EQUILIBRIUM AT THE
SOLID /LIQUID INTERFACE

The Phase Diagram

In most analyses of alloy solidification, and in all of the cases considered in this book,
it is assumed that the solid/liquid interface behaves locally as if it were in a state of
equilibrium. This means that the reaction rates in the small volume meking up the
very thin but finite interface layer, are expected to be rapid in comparisen with the
rate of interface advance. As a result, the transfer of atoms and changes in
arrangement, which are required in order to maintain constancy of the chemical
potentials in both phases, ere rapid and cen therefore be neglected. Such a
simplification is permissible in the case of metals solidifying at the rates encountered
in normal casting and welding operations(§). The assumption of local equilibrium
means that, if the interface temperature is known, then one can obtain the liquid and
solid compositions at the interface by reference to the equilibrium phase diagram.
This does not mean that the system as a whole is at equilibrium, as gradients of
temperature and composition are present.

In order to avoid non-essentisl variables which would complicate the analysis without
revealing any new principles, it is usually assumed that both the liguidus and the
solidus lines of the relevant part of the phase diagram are straight. In solidification,
the liquidus line is most important and represents the point where the liquid 'first’
transforms to solid, i.e., the liquidus is the freezing point of an alloy. Thus, only the
slope, m, of the liquidus is used in calculations. The liquidus slope is defined as:

T,[C] = Tf + mC [A3.1]

The solidus composition can be determined at any time from the definition of the
distribut ion coefficient:

k=(Cs)rp [A3.2]
Gt

The constants, m and K, are always defined in the present book in such a way that the
product, m(k-1) is positive. In general, m can be positive or negative and k can be
greater or less than unity respectively.

§ At very high growth rates (V=100mm/s), such as those which
occur in rapid solidification processing, conditions of local
equilibrium no longer exist. Therefore, the value of k

changes([1].
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Figure A3.l

Two important properties characterise the range of coexistence of solid and liquid for
a given alloy:

AT, = -mAC, [A3.3]
aC, = GollzK) [A3.4]

All of these properties depend upon the Gibbs free energy (iree enthalpy) of the alloy
system as shown by figure A3.1l. The latter relates a f[ree-enthalpy/concentration
diagram and a free-enthalpy/temperature diagram to a temperature/concentration
(phase) diagram. The form of the curves in the AG-Cdiagram can be described using
the regular solution model(2 - 4] which shows that:

G = AG™ + QX(1-X) + RT(XIn(X) + (1~X)n{1-X)] (A3.5]
The curves in the AG-Tdiagram depend upon the standard values for the pure
components:

G ' =H -TS
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where the dots indicate values for the pure component. For convenience, G, and
G’ are written as differences. Then,

AG = AH - TAS (A3.61

which is the free enthalpy (Gibbs free energy) difference existing between the pure
ligtiid and pure solid:
Ty
AH" = AHf - | Ac-dT
T

T
"= ASp - J(E==)dT
AS fTJ(T )

where Ac-=cl -¢S. For clarity, the dot suffix will be dropped in the remainder
of this appendix.

The quantity, AG, in eguation A3.6 is very important with regard to nucleation and
growth processes and can be evaluated when the temperature dependence of Ac is
known. At high temperatures, the difference in specific heat of the liquid and solid
can be deseribed by:

Ac =K\ T + Kg [A3.7]

For an undercooled melt, AT=T¢-T and [5)

= AHfAT 02 (K) Ko
AG £ - ar? 15l ¢ 2Ria) [A3.8]

Tyg T
If the value of Ac is unknown, the simplest assumption (and one which is quite
reasonable for metals) is that Ae = 0. This leads to:

AHf AT .
AG = --—Tf-r-—: ASp AT [A3.9]

The quantity, ASg, is the difference in slope of the G-T function of two phases
(figure A3.1). In the case of solidification, AS; is less than zero.

From equations A3.5 and A3.9, one can now see what parameters influence the
magnitude of m and k. These are the interaction parameter, ), for the atoms of both
species In the alloy, which determines the form of the G -Xeurves, and the
melting entropy, ASf, which is the basis of the AG-Xcurves. A description of
further relationships between k, m, and thermodynamic properties is given by
Flemings [6].

Capillarity Effects [7,8]

The total Gibbs free energy of a small solid perticle in a melt is inversely

proportional to ite gize. Asg the fr-nn enthaloy of the solid ineresgses with decoreasine
proporional S1Ze. AS ee eninaipy ine sol1d Inereases {n decreasing

diameter, while the free enthelpy of the liquid remains constant (if the amount of
liquid is much greater than the amount of solid), the melting point decreases for the
pure solid as well as for the alloy (figure A3.2). The increase in the free enthalpy of
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the particle due to its curved surface (of radius, r} can be regarded as being an
internal pressure increase:

AGp = v, AP [A3.10]

where vy, is the molar volume (assumed to be constant), and AP is given by the
specific interface energy and the curvature:

AP = 0K [A3.11]

Equating equations A3.9, A3.10, and A3.ll1 leads to a relationship between the
equilibrium temperature drop and the curvature:

T- Tf = aTp = 'K [(A3.12}
and
:ﬂm = i
r vk st [A3.13]

where ASp is the molar freezing entropy and Asg is the volume freezing entropy.
In order to use these equations, the parameters ¢ and K have to be defined:
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Specific Interface Energy, ¢: It is assumed that the solid/liquid interface (in fact a
volume) is a surface across which the properties change discontinuously. The specific
surface energy is defined there as being the reversible work, dw, which is required in
order to create new surface area, dA. In the case of a solid/liquid interface, the
specific interface energy can be set equal to the interfacial tension, 7. According to
figure A3.3, the work necessary to extend the surface by dz is:

dw = fdz = gldz = gdA

from which one can obtain the definition:

d
o =(Fa)T,V,u [A3.14]

f— — —

N —h--

~
|
d

Figure A3.3

Curvature, K: In two dimensions, the curvature of a function is defined as the change
in the slope, 53, of that function over a length of are, 51 (figure A3.4a):

Y
K= =T

and, since 81 =r 60,

wol
K==
r

It can be shown that, in general, the curvature at a point (61 — 0) can be obtained in
Cartesian coordinates as:

K= [l_f"z_'f]a/z [A3.15}

where z' and z" are the first and second derivatives, respectively, of the funetion,
z(y).
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Figure A3.4

The average curvature of a general line depends only upon the gradients of the curves

at its end-points, and upen the distance between them (figure A3.5). In the case of
surfaces in three dimensions, the curvature can be defined as the variation in surface

area divided by the corresponding variation in volume:

K = 94 (A3.16)
For a general surface with constant principal radii (minimum and maximum at 90° to
each other - figure A3.4b) one can define (for small angles):

1, =r)0

lg = rof

Increasing the radii by dr gives:
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B
A
Figure A3.5
dA =1;dlg + 13d1] =rjG dr@ + rofdré
dA = (r) + rg)dr 62 [A3.17)
dv =1)lgdr = (r) 0 )5 @)ar
dy = rlrzdr02 [A3.18]
Therefore from equations A3.16, A3.17, and A3.18,

K:(_l_ + l) [A3.19)

| ra2

In the case of & sphere, r) =rg9=r so that K=2/r. In the case of a eylinder, r)
is infinite and rg =r so that K=1/r.

Thus, using equation A3.12, the decrease in melting point due to the curvature of a
spherical erystal in a melt can be written:

ATy = % (A3.20)

It is supposed in the above calculations that the value of O is isotropic. The effect of
anisotropy of the latter is treated by Aarcnson[9).

Mechanical Equilibrium at the Three-Phase Junction

A junction between two solid phases at the solid/liquid interface will form a groove.
At this point, the surface forces will tend to set up an equilibrium (minimumn energy)

morphology in whieh:
Yr=290
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From figure A3.6, it is evident that this condition will be satisfied whens

e r

GaB = gy cosl 013 + gt cosl &1
and [A3.21}
Oy sinl 011 = GB" sin[ 89}

In establishing mechanical equilibrium, it is important to consider the equilibrium of
the moments acting on the junction (second equation above) since this affects the
angle of eutectic or grain boundaries with respeet to the solid/liquid interface. In
most cases, it is expected to be close to 90°.

Figure A3.6

Calculation of f[B] for Heterogeneous Nucleation [4]

Application of equations A3.21 to heterogeneous nucleation shows that real
mechanical equilibrium (figure A3.7b) cannot be established and that a surface stress
will be built up -(figure A3.7a). Due to the presence of foreign crystalline surfaces
(crucible, surface oxide, inelusions) in a melt, nucleation may become much easier.
The effect of these interfaces can be deduced from the energy balance:

AG; = interface energy creation due to nucleation - interface energy
gained due to the substrate

AG; = (Aje Ol + Agsg Oes) ~ Acs TIs
AGj = Al T)e *+ TR Tos —O)s) [A3.22]
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T)sg = Opg + Ojecos 0]
AGj = Aje 0o - TRZcos[ 0100 [A3.23}

AG = AG, + AGj = voAg + (Ale - TR2cos[ )0 e (A3.24]

wr3(2 - 3cos[ 8} + cos3 Q)

Ale = 2Tr2(1 ~ cos[ 61

N = & il O
n=rSsSinLvi

sin2(031=1-cos2(0}

3 - 3
aG = (I 28 e a2 SQOS[BLJ' cos 61,
AGras = AGr.-I[ 8] [A3.25])
ei nom-~-vv + L *
where:
_ 2 -3cos(@)+cos3(0) _[2+cos(0)[1 - cos(8))?2
) = P = L
crystal
nucleus
/ \
liquid nucleating 2R
particle,
substrate L

Figure A3.7
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APPENDIX 4

NUCLEATION KINETICS IN A PURE SUBSTANCE

In order to determine the nucleation rate, it is necessary to determine the number of

critical nuclei and the rate of arrival of atoms necessary to make up these nuclei
(1-3}.

Equilibrium Distribution of Nuclei in an Undercooled Melt

The g ystem shown in flo‘lll'p Ad.l represents a mixXture of N'.' atoms in the || uid state
and N small erystal clusters each of whieh contains n atoms. The free enthalpy
change of such a system compared to another one, at the same temperature, which
conteins only atoms and no crystal nuclei, is:

G = Ny AGp - TAS,, (A4.1]

Here AG[ is the free enthalpy change due to the formation of one nucleus
contalning natoms and AS, is the entropy of mixing of Nnclusters with
uLutuma {When the c:\imence of an ideal mixtire of crystal clusters and atoms of
liquid is assumed, the mixing enthalpy, AH,, is equal to zero. )

In the case of sub—crltlcal clusters (known as embryoeq) AG,, is positive due to the
work of interface creation. This is demonstrated in figure A4.2 and corresponds to
figure 2.2 where n and r, characterising the difference in size, are related by
equation 2.2. The value of AGL can be determined in an enalogous manner using
equation 2.3 and leads to the relations hip:

AGp =nAG' + ApO

[A4.2)

e crystan
o4 clusier
S R Tl aloms of

et on T .- ] liguid

10 pm

Figure A4.l
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where AG' is the atomic {ree energy difference, A, is the int
cluster, 7 is a form factor which depends upon the shape of th
proportional to the cluster diameter.

The mixing entropy of equation A4.]1 can be derived using the well-known relationship:
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N o

[A4.3]

and therefore
AG = N AGy, - kgTIn[(N, + N M1 + kgTIn(N!) + kgTIn{N; !) [A4.4]

where AG; is always positive for critical nuclei. An increase in N, will first
decrease the total free energy of the system, due to the mixing of clusters and atoms
(figure A4.3) and then reach a minimum value which represents the equilibrium
concentration of clusters for a glven undercoo[mg. Applymg Stlrllngs approxnmatlon
lo[‘ lﬂ['ge Va]_ueS 0[ N, IE. ]_I]\l‘l ]-l\lm\l\ll'l‘l, uulerenuuung equuuun nq ‘i WH.[I
respect to N, and setting the result equal to zero gives:

AG, - kgT(In(Ny + Np) - In{Np)] =

from which:

_Nn__ = expl--25N [A4.5]
“l. T an KB1

Since N; 2 Nj
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Ijn = - —éEn
N¢ expl kBT]

The number of nueclei (eritical elusters) in equilibrium is therefore:

(0]
Np = Nyexpl--25n ]
K

=T
B:

[A4.6]

where AGp is the energy barrier for nucleation as defined in figure A4.2. These

relationships are given in figure 2.3 of the main text.

Data nf Darmma
ANGLUL Ul L VLG

The nucleation rate must be proportional to the number of crystals of critical size,
N, . However, in order that these crystals should grow the addition of further
atoms is required. The system, containing clusters of size, n° is in an unstable state
and can produce smaller or larger clusters (figure A4.2) in order to decrease its
energy. Therefore, it is necessary to determine the rate of incorporation, dn/dt, of

new atoms into the nuclei. The nueleation rate is then:

dn

=°—
andt
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where the adsorption rate, dn/dt, is the product of an adsorption frequency, ¥, and
the density of sites at which the atoms can be adsorbed by the critical nucleus, ng°:

dn _ o A
G- Vns [A4.8)

The adsorption frequency is:

Vo= oy, exp[-—_‘—ﬁ—cj_fj]p
Kl

where V,is the atomic vibration frequency, expl-AGq4/kgT} is the fraction of
atoms in the liquid which are sufficiently activated to surmount the interface

addition activation energy, AGg, and p is the adscrption probability.
The site density, nd «

ng = Aon Ne [A4.9)

where A°n is the surface area of the critical nucleus and no is the capture site
density per unit area.
The nucleation rate is therefore:

= Igexpl- AE‘%_TAQd ] [A4.10)
and
lo = Ni- VopA}, ne
Since the exponential term is extremely sensitive to small variations in the argument

(figure 2.5), the exact value of lj is relatively unimportant and for metals is often
approximated by:

I, = Nl(EEI) = N+ ¥, = 1042m=3571 (A4.11)

All of these relstions assume the existence of a steady state and are not of general
applicability. Nevertheless, they give a good guide to the principles which are
involved. For a more complete treatment of nucleation theory, the reader should

consult reference 3.
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APPENDIX 5

ATOMIC STRUCTURE OF THE
SOLID/LIQUID INTERFACE

In order to explain the principles involved, the simple case of a two-dimensional
crystal consisting of 'square etoms' of only one type which interact only with their
nearest neighbours and form single layer interfaces will be treated here. It is assumed
that there are three different structural elements making up the surface strueture
(three-site model - figure AS5.1). This situation has been treated in detail by
Jackson [1]. The model is an improved version of a previous one which was developed
by the same author [2}

Qs Wy (=X Y

Aclivalion energy
for departure for
ar alom of sile
n=:3

nst - — A

Figure A5.1

There is a continuous interchange of sites due tc the thermaliy activated adsorption
or desorption of atoms. For example, a site n=1 will be transformed into an n =2 site
by adsorption of one neighbouring atom. It is assumed that, after a short time, the
interface structure reaches a steady state, i.e., the overall density of the three types
of site does not ehange with time. The rate of adsorption of atoms is independent of
the rate of departure. Both are activated processes which are similar to dif fusion in
the liquid, but the desorption of atoms is more difficult from an undercooled crystal,
due to the gain in energy which occurs when an atom is added at the solid/liquid
interface. The probability of adsorption will depend upon the roughness of the
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interface; the greater the density of steps (and therefore the greater the number of
exposed atomic bonds presented to the liquid), the higher is the probability that an
atom will be incorporated into the erystal, as a result of the stronger bonding
involved.

The rate of atom arrival, J*, is governed by:

3* = 3gexpl- L] [A5.1]

where Q is the activation energy for dif fusion in the liquid. The flux of atoms leaving
is determined by:

J- = 2n AH
Jgexpl- Q-Jexp['“%—@ﬁf] [A5.2]

where AHyg is the latent heet of fusion, n is the number of bonds which have to be
broken by an atom in leaving the crystal, and z is the coordination number (4 in the
case of a two-dimensional erystai). An atom which makes two bonds with the crystal
(i.e. half of the maximum possible number of bonds) can be viewed as being half in
the solid and half in the liquid. At the melting point, Ty, the rates of arrival and
departure from suech sites (n = 2) should be equal. Thus,

+ —_g_ = .J=- - —___AHf
Jexpl- gk = Jgexpl- hlexpl- £l (A5.3]
therefore:
%é = exp[ [ [A5.4]
(8]

Combining equations A5.2 and AS5.4 and rearranging the exponential terms:

J = JSexp[—«RQ-]exp[ g,?ff - nzAEl:T[] [AS5.5]

The second exponential term can be regarded as being & measure of the probability
that an atom which has n neighbours will leave the site, that is:

AHp _ nAHf]

Pp = exPlpr 2RT

The net flux is determined by the difference between equations A5.1 and A5.5:

J = Jgexp[—%][l - oyl [A5.6]

It is now possible to set up balance equations for the arrival and departure of atoms
at various types of site. The detailed calculations have been given by Jackson [1].
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Figure A5.2

Carrying these through and realising that, if (AH{/RT) AT/T)<€1,

V=Jy'= V'J(JSexp[—-Rg,[—\]Ol(AT'E M [hk] [A5.7]

where @ = AHg/RTy = AS¢/R; the dimensionless melting entropy and v' is the
atomic volume.

Therefore, to a first approximation the growth rate is a linear function of the
underecooling. 1t also depends upon the magnitude of the crystallographic factor, f[hk],
which is a funetion of interface structure. It thus depends upon the value of @ and
upon the Miller indices, {hk), of the crystallographic plane. When « takes on high
values (e.g. 10), the fraction of extra atoms or holes in the interface is proportional
to expl-C).

For (11)>faces of the present square crystal (figure A5.2), f is independent of & but
this is not so for the (10)-face (table A5.1). The reason for this is that a 45° edge

Table A5.1: CRYSTALLOGRAPHIC FACTOR,
f(hk], OF TWO FACES OF A SQUARE CRYSTAL

o fr10} f{11)}

1 0.56 0.60
5 0.30 0.60
10 0.039 0.60
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exhibits many growth steps which cannot be removed by atom addition. When the
value of ¢ is large, the {11)}edges will grow mueh more quiekly and leave the crystal

bounded by slow-growing (10)}edges (figure A5.3 - see also figure 2.9). Note also in
table A5.1 that for small values of &, the growth is almost isctropie (f[10}~[[11}).
This behaviour is typical of metals.

Figure AS5.3
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APPENDIX 6

THE MULLINS-SEKERKA INTERFACE
STABILITY ANALYSIS

The constitutional undercooling ecriterton provides a useful means of estimating
whether a solid/liquid interface will be planar under directional solidification
conditions. However, from a theoretical point of view it has several faults. Firstly, it
does not taeke account of the effeet of surface tension. 1t is expected that this will
tend to inhibit the formation of perturbations. Secondly, the constitutional
undercooling theory does not give any indication of the scale of the perturbations
which will develop if an interface becomes unstable. In order to gather more
information about the morphological instability of a plane interface than that
provided by the constitutional undercooling thecry, one must suppose that the
interface has already been slightly disturbed and then ask whether the disturbance
will grow or disappear (chapter 3). To this end, it is sufficient to consider a sinusoidal
interface form having a very small, time-dependent amplitude (figure A6.1).
(Provided that the amplitude is small, a sinusoidal form represents the most general
disturbance possible; it can be supposed to be one term of the Fourier series
describing any disturbance.)

The present appendix is a simplified version of the classic paper by Mullins and
Sekerka [1] which first treated the problem in this way.

The object of the calculation is to determine the conditions required for the growth
or decay of a perturbation at the solid/liquid interface (figure 3.1) under the type of
thermal conditions imposed by directional solidification. The first step is to solve the
diffusion equation for the perturbed interface. In fact, a suitable solution
{equation A2.43) was derived earlier:

c=C

ot (Se -C
K

kVGo/(Vp-Db), S = e€sinlwyl, b = (v/2D) + [(v/2D) + w?}0.5, and

where A
p=1-k.

Figure A6.1
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In general, neglecting atomic kinetics and convection (for 8 more complete treatment
see reference[2]), it would be necessary to solve four coupled differential equations
simultaneously, i.e. for heat and solute diffusion in each phase (solid and liguid). On
the other hand, as explained in appendix 2, the effect of solid-state diffusion ean be
neglected. In order to simplify the calculations even further, the thermal field will be
assumed to be linear, to have the gradient, G (figure A6.2), and to be unaffected by
the shape of the interface. Assuming steady-state econditions to be applicable, the
only equation which remains to be solved is therefore the one whieh deseribes the
solute field in the liguid phase ahead of the solid/liquid interface.

Equation A6.]1 has been shown (appendix 2) to satis{y the far-field econdition, and the
flux condition. 1t remains to make the equation satisfy the coupling conditicn at the
interface.

Figure A6.2

Coupling Condition

Because the interface is assumed to be situated in a linear temperature field
resulting from the imposed heat flux occurring from the liquid to the solid, the
temperature varies over the non-planar interface. In order to maintein local
equilibrium conditions, the constitutional undercooling and curvature variations at
the interface must be such that their sum results in a local melting point which is the
seme as the temperature imposed by the growth conditions (equation3.17). The

temperature and concentration fields are thus coupled via the following relationship:

T* = Tq* [A6.2]
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The thermodynamic equilibrium temperature of the interface is affected by the local
concentration and the local curvature, according to:

T* = Tt + mC} - w2sT’ [A6.3]
The final term arises from the mathematical definition of curvature (equation A3.15)
which is approximately equal to z" for small values of z' (figure A6.1). Considering
now the interface temperature distribution arising from the temperature gradient
imposed by the heat llow:

th =Tg + Gz [A6.4]
where T, (=Tt * mCgy/k) is the liquidus temperature of the plane interface

under steady-state conditions, and z =8. The interface temperature, as a function of
¥ therefore becomes:

Tg* =T+ D<o +as (A6.5]

In order to satis{y the coupling condition, equations A6.3 end A6.5 must be set equal
to each other, giving:

mC¥ - w?s = fﬁkgo + GS
Substituting for C}¥ (= C*) from equation A2.4} glves:
m( Qko + GoS + AS) - w2sI = r-"F-Co + GS

that is:
mGe -G + mA - w2 =10

Substituting for A gives:

- r_"EV_Gc - 2 =
mGga G+Vp—Db wi[' =0

Rearrangement of this expression leads very simply to:
~w2'(b - !DE)—G(b— %’-H mGe(b - L) =0 [A6.6]

This expression determines the form (values of w) which the perturbed interface must
assume in order to satisfy all of the conditions of the problem, and is the same
(allowing for the different symbols used and the simpler temperature distribution
assumed here) as the expression in curly brackets which appears in equation 20 of the
paper by Mullins and Sekerkal[ll. However, in the present simplified treatment, the
tine dependence of the amplitude has been lost; the time derivative of € being zero
in equation A6.6. Compare this with equation 3.23, where p=1. From equation 3.23, it
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is known that the parameter, F = (€/€ Y(mGy/V), should appear on the RHS of
equation A6.6. Replacing this term permits the solid/liquid interface stability analysis
to be pursued f{urther. Y the reader finds this step to be too arbitrary, he should
recall that replacing the zero by such a parameter is a standard method of exploring
the behaviour of the roots of an algebraic equation. Equation A6.6 will therefore be

written as:

-w?T(b- ¥B) - Geb - ¥B) + mGe(b - ¥) = F [A6.7]

oi<

If the parameter, F, is positive for any value of w, the distorticn of the interface will
increase whereas, if it is negative for all values of w, the perturbation will disappear
and the interface will be stable.

Stability Criterion

The form of F, as a funetion of & (the purpose of the other abscissae will be
explained later), is shown in figure A6.3 for the stable and unstable situations
{compare with figure 3.7). There is a difference between figures 3.7 and A6.3 in that
the latter demonstrates the behaviour of the exact solution (equation 20 of Mullins
and Sekerka, 1964) where the unstable range is not limited by A; and _@, but
rather by A; and Ac. That is, there is also an upper limit, A., to the A-values
of the instabilities. Note that w in figure A6.3 is related to A in figure 3.7 by
w=27T/\.

From the signs of the terms in equation A6.7, one can immediately deduce the efiects
of the parameters involved. For example, w2I" (curvature effect) and G (imposed
temperature gradient) tend to decrease the value of F and thus increase the stability,
whereas mG, (liquidus temperature gradient) is always positive (since m and Ge
always have the same sign) and therefore decreases stability.

As it stands, equation A6.7 is of little use to the practising metallurgist since
numerical analysis techniques would have to be used in order to calculate the
stability limits. 1t is desirable to derive a reedily computed stability criterion,
analogous to the simple constitutional undercooling criterion (chapter 3). At first
sight, this appears to be easy since equationA6.7 is 'only'! of the third degree.
However, the fact that b is a function of @ complicates the situation. To convince
himsell of this, the reader is invited to try to write equation A6.7 in terms of w and
at the same time eliminate b, before reading on.

The elimination of b leads to a formidable equation of high order which, even if could
be solved algebraically, would be unlikely to yield a simple criterion. The derivation
of equatlon A6.7 is thus only the [irst step in analysing interface stabilty, and the
more difficult step is to deduce a clear stability criterion. That is the main object of
this appendix.

Sekerka[3] devoted a paper to the problem and obtained tabular and graphical
criteria for the determination of stability in a given system. His results will be
discussed later. The alternative technhique presented here is felt to be rather more
transparent than Sekerka's method.

From figure A6.3, it is evident that, in order to derive a stability criterion, one only
needs to know whether equation A6.7 has roots for positive values of w. If it has no
roots, then the interface is stable because the curve never rises above the positive
w-axis and F is therefore negative for all wavelengths.

Now, any good elementary textbook on the theory of eq
number of theorems, such as De Gua's, Descartes', Budan's, and Sturm's, concerning
the number of positive roots possessed by an algebraic equation. The latter theorems
are listed in the order of increasing precision and increasing complexity. The simplest

SAMG ward
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one which is applicable to the present case is Descartes' theorem. This states that, "in
any elgebraic equation, the number of positive roots cannot exceed the number of
changes of sign of the coefficients".

In order to test for the situation where there gre no positive roots, it is more
convenient to express equation A6.7 entirely in terms of b than it is to try to obtain a
solution in terms of @ (for the reason mentioned before). Unfortunately, the
definition of b means that a w-value of zero corresponds to a b-value of V/D
(figure A86.3). Thus equation A6.8:

-T'bd + _VT)I_‘(; + p)b2 + (Pg2!2+ mGg - G)b + (f_"_%c_‘i - 9.‘{.)2 )= F [A6.8]

which is obtained by replacing the w? term in equation A6.7 hy the definition of b,
should be tested for roots between V/D and infinity. This is not possible using
Descartes' theorem and a transformation must be introduced so that the independent
variable again ranges from zero to infinity. This can be done by replacing b by
W+ V/D to give:

kI‘VZ)W _(kGY, . [A6.9]

_Fw3_!D£(1+k)w2+(ch_G_ '—D_Z‘ T

where W=b-V/D is a arbitrary variable which is introduced in order to change the
origin of the horizontal axis. By now, the reader is probably uneasy about the various
modiflications which the original equation has suffered and is wondering how the
values of the roots of the original equation will be determined. The answer is that
they do not have to be. Recall that only the existence of roots is of interest and that
their location (provided that they are between zero and infinity) is irrelevant. This is
made clear by the parslle] scales used in figure A8.3 since the values of the roots
dif fer depending upon the scale used but their existence or non-existence does not.

To continue with the derivation of a stability criterion, the manner in which the signs
of the coefficients change as the parameters are varied will be studied. From
tables A6.) and AB.2, it can be seen that stability occurs when:

2
L‘D1¥ +G-mGe >0

196



Hence, the criterion for stability becomes:

- Tv?
G2mGe - "o

Table A6.): S1IGNS OF THE COEFFICIENTS OF THE STABILITY EQUATION (A8.9)

Term w3 w2 wl wbo

Sipgn = - #0——(*) -

isll

* negative if mGe - G -kV2I/D2 <o

Table A6.2: USE OF DESCARTES' THEOREM TO DETERMINE INTERFACE STABILITY

wd w2 owl W0  Changes insign Maximum Number of Roots Stable

Recalling that Ge=-V/D)AC, (chapter3) for plane—front growth, the stability
criterion becomes:
VAT I'ky2
il - X [A6.10]

where AT =-mAC,. The simple constitutional undercooling ecriterion for
stability (chapter 3) can be written:

G >mG, [A6.11]

Thus, an interesting result of the more exact analysis described here (equation 6.10) is
to reveal conditions under which stability is obtained even when equation A6.11
predicts instability. This is so because the additional curvature term on the
right-hand side of equation A6.10 decreases the value of the liquidus temperature
gradient which must be exceeded by the imposed temperature gradient, G, in order to
ensure stability.

A more striking fact is that high growth rates will lead to stability, regardless of the
value of G, because the I'kV2/D2Z term, which is subtracted from the right hand
side of equation A6.10, increases more rapidly than G, (which depends only linearly
upon V/D). This stability at high growth rates was termed, 'absolute stability', by
Mullins and Sekerka.

Thus, the use of Descartes' theorem has led, in e rather simple way, to the derivation
of a useful stability criterion which reflects the conclusions of previous analyses.
However, it must be pointed out that the use of the thecrem should only leed to e
conservative criterion. This is because the theorem can state deflnitely whether
there are no roots (no change in sign} but does not give an unambiguous answer when
there is a change in sign. Instead, it merely gives an upper limit to the number of
roots. Pedantically speaking then, the equation could stlll have no roots and the

197



system could still be stable. On the other hand, the values of F in table A6.3, when
calculated for various values of G, do show that in this specific but typical case the
criterion is obeyed. Thus, the positive values of F {underlined) gradually decrease in
number as G is increased and finally disappear upon exceeding the critical value for
the given system and growth rate.

At the beginning of the present calculations, the temperature field was assumed not
to be affected by the presence of the perturbed interface, i.e. the effect of the
latent heat of solidification and of the differing thermal conductivities in the solid
and liquid were neglected. Mullins and Sekerka allowed for such effeets and found
that their inclusion simply changed the imposed temperature gradient, G, to an
effective value given by:

G'=

2K, v _(_Ahf
G )G — (2N

where G is the temperature gradient in the liquid at the interface.

. second term leads to an increase in stability while the first term generally
decreases the stability.
For stability, Sekerka [3] predicts:

2K1_ D - éub- (_3 *
( R, +'K, )( A'I‘o)( le vy ) > 8(A*,k) [A6.12]

where S5(A*k) is a function of k and of a dimensionless perameter, A*, which takes
into account the interface energy:

ax = kI'V [A6.13]

Figure A6.4 illustrates the relationship between S(A*,k) and (kI'V)/ AT,D. There
exist two regimes where the solid/liquid interface will be stable.

Table A6.3: VALUES OF THE STABILITY
PARAMETER, F, FOR A TYPICAL SYSTEM (Al-2%Cu)*

w(/m) 100 1000 10000 100000 1000000

G(K/mm)
8.0 -10.6 229 2620 17625 -8.7 x 106
9.0 -25.3 125 1616 7620 -8.8 x 106
10.0 -40 20 611 -2383 -8.9x 106
10.1 -41.5 9.5 510 -3384 -8.9x 108
10.2 -42.9 -0.94 410 -4385 -8.9 x 106
10.3 -44.4  -11.4 310 -5385 -8.9 x 108
10.4 -45.9  -21.8 209 -6386  -8.9 x 106
10.5 -47.3  -32.3 109 -738  -8.9 x 106
10.6 -48.8  -42.8 8.2 -8387  -8.9 x 106
10.7 -50.2  -53.3 -92.3 -9387 9.0 x 106

* data from appendix iZ and an assumed growin_ rate of
10°6m/s. The ecritical value of mGgs - kVZ2I/D2 for
these conditions is 10.67
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A = kIFV/ATGD

Figure A6.4

Lower Limit of Stability

At smell growth rates, such as those encountered under conditions of zero
constitutional undercooling, A* will become much smaller than unity.

It is possible to estimate the value of A* by substituting the growth rate of
constitutional undercooling, Vo= GD/ AT, (equation 3.15), into equation A6.13:

x ~ kIG
A AT§

Using typical values for alloys undergoing directional! solidification: k=<1,
I'=104Kmm, G=10K/mm, and AT, =10K, the stability parameter becomes
A*<1079 indicating (figure A6.4) that S=~1 when V is small as in this situation.

Since G/V is quite large compared to |aht/2K|, equation A6.12 simplifies to;

2K, DG
( Ry + .KL)(ATOV ) > [AB.14]

for the case of stability. This criterion is very similar to the criterion of
constitutional undercooling and becomes the same for equal thermal conductivities.
As most metals have lower conductivities in the liquid state than in the solid state, at
the melting point, the stability criterion will be shifted to velues which are slightly
greater than unity. For instance, for the common case where K; = Kgo/2:
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DG
m > 1.5 [A6.15]

Compare this equation with equation 3.15. Following Sekerka[3], equation A6.12 can
also be written as:

S -
¢
. Pt £ oo N P \/l . K ) = f R li - f N . 1

undercooling, 5 =1 and mG, = AT,V/D, one finds for morphological stability:

*
A]?I‘(jV >1 [A6.17]

Upper Limit of Stability

This limit, which is called 'absolute stability' arises when A#* is greater than unity and
the parameter, S(A*k), becomes equal to zero. In this case, according to
equation A6.i2, any positive value of the LHS will lead to stable interfaces. Thus, it is
possible to estimate the growth rates in this regime by setting A* greater than unity

to give:

AT,D [A6.18]

Using typical values for metals: AT,=10K, D=5x 1073mm2/s, k=0. 5 and
I'=10"4Kmm, the limit of absolute stablhty should be attained when V Is greater

than 1m/s. Such rates are very high but can be obtained by repid solidification

processes such as laser surface melting. At these rates, account must be taken of the
value of the distribution coefficient, which is a function of the growth rate and may

approach unity [4].
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APPENDIX 7

DIFFUSION AT A DENDRITE TIP

There are three different types of dendrite:

i equiaxed dendrites of pure substances - freely growing and limited by
thermal dif fusion (figure 4.7b}

ii  equiaxed dendrites of alloys - freely growing and limited by solute and
thermal dif fusion (figure 4.7d}

iii columnar alloy dendrites - constrained in their growth by a positive
temperature gradient and controlled by solute diffusion (figure 4.7¢)

The first two types of growth form are similar and both leed to the creation of an
equiaxed polyerystal in which each grain is made up of six orthogoneal primary trunks
(in the case of a cubie erystal), arranged in a random manner. The space remaining
between the trunks is filled with secondary and possibly higher-order branches
(figure 4.16). These crystals grow in an undercooled melt, and this makes them
inherently unstable. Therefore, no steady-state cellular morphologies can be observed
and the spacing, )\1, between the trunks corresponds approximately to the grain
diameter. The growth of equiaxed dendrites of pure metals occurs under conditions
where only heat flows from the interface to the surrounding liquid. That is, the
temperature gradient is negative at the interface (left-hand stde of figure A7.1) and e
thermal undercooling, ATy, exists. In the case of equiaxed alloy growth, there
exists not only a negative temperature gradient but also a solute build-up (if k is less
than unity) ahead of the dendrite tip. This changes the loca! liquidus temperature
(right-hand side of figure A7.1). When an equiaxed grain of an alloy of composition,
Cys is growing it experiences an undercooling, AT, which is the sum of a solute
undercooling, ATe, & thermal undercooling, AT:, and a curvature undercooling,
AT,. The temperature and solute fields of columnar dendrites growing in alloys
have been described in figure 4.8.

In genera), it can be said that, due to the large tip radius of the dendrites predicted
by the stability criterion (appendix 8), the curvature undercooling is small compared
to the other contributions and can be neglected. At the tip one can therefore write,
Cf(r)::'C*. One can now evaluate the solutal and thermal undercoolings, AT, and
ATq. From the definition of the solutal supersaturation (figure A7.2):

_C*-C
= _L——.O A?ol
Q Crp [ ]
* = __....CQ._
Cl. i~ Op
ATQ = m(Co - Cl,*) = mCo[l - TTITzF] [A7.2]

where p=1-k. At low supersaturations, where {2 is much smaller than unity
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Figure AT7.l:
Substituting, -mCgop = ATK, one obtains
ATq = QAT Kk Q<1 [A7.3}

Therefore, the solutal supersaturation, {), can be defined as the ratio of two
temperature differences

Q = LTC [A7-4}
ATk
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Figure A7.2:

Similaerly, the thermal supersaturation, Qt, can be defined as the ratio of the
thermal undercooling to the unit undercooling (-Ahyg/c)

= BTt
t "~ TAht/e (A7.5]

from which is obtained an equation which is analogous to equation A7.3

ATy =, :.é;b_f [(AT7.6}

Hemispherical Needle Approximation

A cylinder with a hemispherical tip, growing along its axis, is the simplest
approximation which can be made to the problem of dendrite tip growth[1}.
Nevertheless, it permits a rapid comprehension of the important factors involved in

ha »Auli A = arl)2

™ —ontinn f s A =
dendrite growth tc be obtained. The cross—section of the ecylinder, A=TR>-,

determines the volume which grows in the time, dt, and which is responsible for the
rejection of solute (figure A7.3a). The surface area of the hemispherical cap,
AL =2TR2, determines the amount of radial solute diffusion. Thus, a flux due to
solute rejection, J), and one due to diffusion in the liquid ahead of the tip, Jo,
can be identified:

J| = AV(C¥ - Cg*) (A7.7}
Jg = -DAR(SE =g | [A7.8]
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Figure A7.3%

Under steady-state conditions, both of the fluxes must be equal, leading to the
relationship:

VCH1 -1 = -2D($5 )R [A7.9)

The concentration gradient at the tip can be approximated by the velue which is
found for a growing sphere (equation A2.24);

(2C)p =- Q1= Co
dr R

LTS (A7.10}

which is generally writien in the abbreviated form:
Po= {2 (A7.11}

Here, Po (=RV/2D) is the solute Péclet number (the ratic of a characteristic
dimension, R, of the system to the sclute boundary layer thickness at a planar
interface). In figure 4.9, this expression is represented by the straight line which runs
from the upper left 1o the lower right.

In the case of thermal diffusion-limited dendrite

o o milawn flizy  hal
ena S5y & liay 1Uus o4:

ono
Afin:ac HL

o
Lot Ll =

above can be made and leads to the same relationship as that of equation A7.11,
where the solute Peclet number is replaced by a thermal Peclet number:

Py = = [(A7.12}
and the solute supersaturation is replaced by the thermal supersaturation, as defined
by equation A7.5. Therefore, the thermal case is delined by

Py = [A7.13}

204



Paraboloid of Revolution

As proposed originally by Pepapetrou(2}, a much better approximete form for the
dendrite tip is a paraboloid of revolution (figure A7.3b). Ivantsov [3] was the first to
develop a mathematical analysis based on that shape, although it has since been
generalised by Horvay and Cahn(4). They found that, for a needle crystal
corresponding to a paraboloid of revolution:

ip) = Q2 [A7.14}
where the Ivantsov function (a function of P) is given by:

KP) = Pexp[P}El[P} [A7.15})

and E) is the exponential integral function, defined by:

n
|
tm
e
-~
o
o’
—

-
=
(=]

el

Its value (figure A1.2) can be determined from the series [5}:

a
-]1ynpn

E|(P) = -0.5772157 - In{P) - E (—IIT)FI:" (A7.17)

n=1

The lvantsov function, 1[P}, can also be written as a continued fraction:

1(p]=_P

P +... [A7.18]

From the above, it can be seen that truncating the fraction at the zeroth, first, and
higher terms will lead to various approximations:

Ip = P
_ P
= 53
o= 2P
27 ¥

1gy = 1(P) = Pexp(P)E |(P)

205



These approximations are shown graphically in ligure A7.4.
Substituting the zeroth approximation into equation A7.14 gives the solution which
was obtained for the case of a hemispherical tip (equation A7.11). Furthermore, it is

interesting to note that the modification of Zener's analysis made by Hillert (6} for
high supersaturations leads to:

VR _C*-C
D ?CO_CS

which is equivalent to 2P = £/(1 - Q) or Q=2P/(2P+1). This is the second
approximation erising from the continued fraction representation when substituted
into equation A7.14, The paraboloid of revolution, for which the solution is given by
equation A7.15 or A7.18 with n equal to infinity, represents an isothermal dendrite,
and closely approximates the real, observed form.

From figure A7.4 it can be seen that 1| is a much better approximation than is I,
because the latter cannot be used when P is greater than unity. As the series
(equation A7.18) converges very slowly, it is usually preferable to use the lvantsov
solution (equation A7.15). More exact, non-isothermal, solutions have been given by
Trivedi[7}].

Finally, the most recent analytical technigue([8] to be used to study dendrite
morphology is one in which an equation is derived which deseribes the movement of
an element of the solid/liquid interface. This movement is supposed to be essentially
independent of the long-range dif fusion and thermal fields, and the evolution of the
dendritie form can be computed relatively easily.

S Im 12
1072 " |~

Figure A7.4:
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APPENDIX 8

DENDRITE TIP RADIUS AND SPACING

Growth at the Extremum

The relationships defining solutal (or thermal) diffusion at the hemispherical tip of a
needle-like erystal {appendix 7):

p= (A8.1}

or for a paraboloid of revolution

I(p}= {2 [(A8.2]

do not specify en unique functional dependence between the tip radius and growth
conditions (supersaturation, undercooling). They only relate the produet, RV, to the
supersaturation as shown in [igure 4.9. Therefcore, another equation relating the
variables is required. For many years, this was done by adding a capillerity term to
the diffusion equation and determining the extremum of the corresponding equation.
This approach will be illustrated by means of the simple solution to equation A8.1:

— 2s
Q=p+ = (A8.3]

where s is the capillarity length (for the solutal case at low Q-values,
sea=I/AT, and for the thermal ecase, sy=-Ie/ahg). In figure A8.I,
relationships such as equation A8.3 for various models are presented, in terms of
dimensionless variables, for free thermal dendrite growth and for & constant
underecoling, AT{=-0.05Ahi/e([l). These curves indicate that the addition of a
capillarity term to equation A8.1 cuts off the straight line of the diffusion solution
(see also figure 4.9). The radius at which the cut-off ocecurs corresponds to the
critical radius of nuecleation. This can easily be verified by noting that this radius is
the one which uses up the total supersaturation indicated by equation A8.3 to satisly
the curvature which makes V {(and therefore P) equal to zero. Therefore:

'8

A=

ml N
i)

where the critical radius, R®, for growth is equal to the critical radius, r°, for
nucleation. Substituting AT for §2 from equation A7.3 or A7.6 leads to:

_ I
- 2L [A8.4}

re =

]l

Examination of equation A8.3 for the thermal or solutal case reveals that
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ATy = gal(-ihf) + 2—-{- [A8.5]

AT, = BY ATk + %‘— [A8.6)

The extremum (maximum) value of V defines the radius, Re, of figure 4.9. 1t is
shown in chapter5 (figure 5.7) that the maximum value of V in an isothermal
environment corresponds to & minimum in AT for constant velocity growth.
Therefore, minimising AT in equation A8.5 or A8.6 will give the extremum radius.
This can be done by setting the first derivative of equation A8.5 or A8.6 equal to
zero. This leads to

RY = 2_[- EE}: . _"\/lv (A8.7}

ATy =2 [- I{i_hf VY (A8.8]

for thermal dendrites and to

_ /I‘D ]
RE = 2 _ATOk bvan (A8.91

1N

Ta=2,[- 22208 . /¥ (A8.10}
c” ‘4" 7D 10

for solutal dendrites when both are growing at the extremum. Equations A8.8 and
A8.10 reflect the well-known square-root—-of-V relationships obtained for free
dendrite growth in a constant supersaturation environment. Others can be found in
the review paper by Glicksman et al (1].

Instead of using the extremum method, the recent trend has been to use stability
criteria which are analogous to those used in treating the stability of a planar
solid/liquid interface [2-4}. The published analyses for the dendrite case are very
complicated [5,6,7}. Therefore, some simpler cases will be treated here which
demonstrate the essential points of the more complete treatments.

Simple Solution of Equiaxed Dendrite Growth

Langer and Miiller-Krumbhaar [3} proposed a criterion which was based on extensive
numerical calculations, and the use of which gives results which are close to those
found experimentally. See the points on the curve in figure A8.1 where the open
circle refers to Langer and Milller-Krumbhaar's theory [3}, and the closed cirele is due
to Glicksman [1]. This criterion supposes that the dendrite ti% grows at a constant
value of O = 1/4T%, where the stability constant, O(= s/R%: ratio of the
product of the diffusion length, &, and the capnllamty length, % to the square of the
tip radius) is also given by the relationship, 0= /21rR) Therefore, for the
dendrite tip radius it can be assumed that:

R=\; [AB.11}
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Figure A8.1:

where Aj is the limiting wavelength for a perturbation which can grow at the
[A8.]12}

solidfliquid interface, Using this value for the wavelength for a planar interface

(equation 3.22) as a zeroth approximation gives:

)\3=27r1/%
[A8.13]

Thus:
- I’
R=2T.] 257G
The concentration gradient ahead of an advancing dendrite can be found from a
simple flux balance (equation A7.9):
G.=_BeClp [A8.14)
< R
[A8.15])

Evaluating C{¥ from equation A7.1 and A7.12 gives:

____PopC
Ge = = RIT S piB )
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In a similar manner, the temperature gradient is found to be:

- Prahg
G = [A8.18]

Substituting equation A8.15 and A8.16 into equation A8.13 gives:

_ 2
= 472l [(A8.17}
PemCqp , Prabhf
i - pi{Pe) c

From this R-vglue (at the limit of morphological stability) one can calculate the
solutal and thermal undercoolings required to drive the dendrite tip growth. Using
equations A7.2 end A7.6 and the corresponding lvantsov solutions (equation A7.12)
gives:

= 1 - _
T, = - : .
ATe = mColl = ——irpy) (As8.18}
ATy = Py 2D1)

Neglecting the small curvature undercooling for growth at the limit of stability
(figure A8.1) and coupling the solutal and thermal fields at the interface by:
AT = ATy + ATy (A8.19}

leads to:

= _ 1 _¢Ahy
AT = mCg[1 l—pI(Pc)} ( s ) W(Py) [A8.20]

Equations A8.20 and A8.17 determine the growth rate and tip radius of an equiaxed
dendrite as a function of AT in pure substances (C,=0) or in alloys [81. For a given
AT-value, the solution of these equations reveals 8 maximum in V with increasing
solute content in a given alloy system (figure A8.2), here succinonitrile-acetone.

Simple Solution of Constrained (Alloy) Dendrite Growth

During the directional growth of dendrites, the heat generated at the growing
interface is conducted away into the solid, due to the imposed temperature gradient.
Therefore, it can be assumed that the resultant behaviour (e.g. the tip undercooling)
is essentially determined by the sclute flux around the tip. This flux is created by the
moving isotherms, thus forcing the tips to grow at a given rate into the liquid. This
case has been treated by Trivedi[8}, and in a similar but simpler manner, by the
present authors[10}. In the case of constrained growth, G is given by the heat flux in
the system, and G can be evaluated by equation A8.15. By doing this, one obtains a
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quadratic equation which relates V and R via the Péclet number for solute diffusion
(R=2P.D/V)

2 __._Cm + =
Viem2) + Ve opiean T ¢ 7O [A8.21}

This solution for a directionally growing dendrite of parabolic form can be simplified
by using the hemispheric diffusion solution (equation 4.11). At medium growth rates,
equation 4.11 cen be further simplified to give equation 4.13 which can be written as:

v= K [A8.22}

where the constant, K', is equal to 4w2?DI/(kATy). In figure A8.3, these two
simple solutions are compared with each other. When V is greater than V¢, the tips
of the dendrites are very small (the primary spacing, )\1 is much greater than R)
and equation A8.22 is a good approximation. This has been confirmed by a paper
which compares the present results with those of Trivedi[l1l.

Note that, in deriving the R-V-G relationships, only equation A8.1 has been used and
not equation A8.3, This is possible because the radius for growth at the limit of
stability is mueh larger than the extremum radius (in good agreement with other
theories and experimental data — figure A8.1).
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Primary Spacing in Constrained Growth

It Is assumed(10} that the shape of a fully developed dendrite, including the mean
volume of its branches, can be approx1mated by an elllpsold of revolution {figure 4.14).

eradine Af an allineas ie rivan iy ito A i_nvae

The
ini€ ralGius Ol &an Cuipse is given oY iiS Ssemi—8xes, a and =

2

In the case of an hexagonal array, b= )\1/V§ and a= AT'/G, where AT' is the
non-equilibrium solidification range:

A = '-&VA—%—E [A8.24]

Substituting equation A8.27 into equation A8.29 and replacing, to a first
approximation, AT' by AT( gives a relationship for the primary trunk spacing:

)\1 = 4_3(DLKA10 N/4y-1/4G-1/2 [A8.25]
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Secondary Spacing in Constrained or Unconstrained Growth

In order 1o simplify the model, it is assumed that only dendrite arms of two diameters
need to be considered. In reality, a distribution of arms of various thickness will
exist, Following Kattamis and Flemings{12]! and Feurer and Wunderlin{l13], the
situation illustrated in figure A8.4 will be analysed in a very approximate manner.

Two arms of radius, R and r, are located in a locally isothermal melt. Since, at the
interface between the solid and the liquid, local equilibrium will be established very
rapidly, the concentration along the surface of the cylindrical arms will differ; the
thinner arms will be in liquid of lower solute concentration. That is:

T = Tp+ mCR - %

Tr:Tr+mC{- Il:‘-

mcf-cp = T(§- D) [A8.261

Therefore, solute will diffuse elong the concentration gradient frem thiek to thin
arms while the solvent will diffuse from the thin to the thick arms. The thin arms
therefore tend to dissolve while the thicker arms tend to thicken.

Figure A8.4:
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For simplicity, it is agssumed that the concentration gradient between two arms is
constant and that the diffusion is unidirectional. Now, if R is assumed to be much
greater than r, dR/dt can be neglected with respect to dr/dt, and the two fluxes
existing between the arms are:

R_cr
J=D QL___d Ci {A8.27]
= -Cr - _d_['_
J=-Cf(l -k at [A8.28]

Combining eqguations A8.26 to A8.28:

a__ Ip 1 _1
dt  mCF(1 -Kk)d &~ [A8.29]

For small compositional differences in the liquid between the arms, C[ is
approximately equal to C;, the interdendritic congentration due to segregation. 1t is
further assumed that d is approximately equal to )\2 s leading to:

dae_ _ID (L_1,

dat” mc(-wX; 'r R [A8.30]

where :"‘\’2 is the arm spacing before ripening. All of the parameters except C; in
the first bracket on the right-hand side of equation A8.30 are assumed to be constant.
Furthermore, it is assumed that R/N; and to/R are constant and that the
interdendritic liquid concentration is a linear function of time, starting with the alloy
concentration, Cg, and ending (due to segregation) at the composition, C[“:

Cy =Co * (CP - CT (A8.31]

where t is the time elapsed since the beginning of solidification, and tr is the local
solidification time. 1f C® = Cg, tr is approximately equal to (T, - Tg)/T.

Rearranging equation A8.30 and integrating from t=0 to t=tgy and from r=r, to
r =0 gives:

where:

-I'Din( g{n)

o [A8.33]
m(1 ~kIC" - Cy)

M =

O
Assuming  further that i{/x)zzﬁ-f) and ro/R=0.5 gives Mtf=0-l()‘2)3-
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Thus, when the arms have melted, )\2 =2 )Qz and therefore:

A, = 5.5(Mtpl/3 [A8.34]

Due to the extreme simplification of the ripening phenomena described, the constant
factor of 5.5 in equation A8.34 should not be given too much importance. This applies
to both its value and its constancy. Nevertheless, the coarsening parameter, M, has
been shown to be of some use in estimating Ag values in Al alloys(13].
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APPENDIX 9

EUTECTIC GROWTH

This text follows the treatment of Jackson and Hunt (1], but is a simplified version of
the latter paper. Figure 5.2 shows the corresponding phase diagram and interface
geometry. Using symmetry arguments {appendix 2), the analysis of a solidifying
lamellar eutectic interface can be reduced firstly to the consideration of a pair of
lamellae. No net mass transport can occur between this pair and another pair under
steady-state conditions because this would cause changes in the morphology and
violate the assumption of steady-state behaviour. Thus, the concentration gradient in
the y-direction is zero at the mid-point of each lamella (figure A9.1). Secondly,
attention can be further restricted to half of each lamella because, egain, there can
be no net transport of solute in or out of this symmetry element.

The differential equation describing the solute distribution in the melt ahead of a
steadily advancing interface is (A2.6):

d2c , d%2c , v dc _,
dy? dz? D 9=

and it has been shown (appendix 2) that the general solution satisfying this equation
consists of products of circular and exponential functions. It is logical to associate

the exponential function with the z-varlation of the solution, since it is known that
the boundary layer has this form for a single-phase interface. 1t is equally logical to
associate the circular functions with the alternating pattern of eutectic phases. Thus,

to a first approximation, the distribution of component B can be described by:

C =Cg + Aexp(- V—S) + Bexp(-bz)cos(gy) {A9.1]

This tentative solution can be seen to be made up of an exponential term which
reflects the planarity of the interface as a whole, and another term which reflects
the alternating pattern of the two phases. The cosine function is chosen because the
expression describing the gradient of the interface concentration in the y-direction
must be able to take zero values at the origin of the region considered and at A/2
(figure A9.1). Another way of regarding the choice of the function in equation A9.1 is
to imagine that it reflects the interface solute distributions depicted In figure 5.3.
Thus, equation A9.1 without the third term on the right-hand side cculd describe the
solute distribution ahead of either of the single phases {figure 5.3a). The
re-introduction of the third term can then be looked upon as being the expected
solution when the originally single phase interface is 'perturbed' by the addition of the
second phase.

1t is now necessary to determine the constants, A, B, b, and g. The value of g can be
immediately deterniined beceuse, again due to symmetry considerations, the
derivative of the solution with respect to vy, aC/ay, must be equal to zero when
y= A/2. Thus:

C =Cg + Aexp(- !DE) + Bexp(-'oz)cos(z%r\-x ) fA9.2]
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The derivation of b has already been discussed (equations A2.10 and A2.11). It is equal
to:

= Y V32, (2W 2
b = 2D+\/(2D)+(A) {A9.3]

This relatively complicated expression can be simplified on the basis of experimental

obgervation. Firstlv. it ic noted that the term, V/2D. ig the invercse of the eqguivalent

SASTT v oanaiais iy NHOLed L 8 544 N j dkarsg veiots Wi Luat Tyul vaaToi

solute boundary layer of a planar interface. lts value will be relatively small, whereas
27/ is the wave number of the eutectic and will be large, due to the small values of
A which are usually encountered. Therefore:

and equation A9.3 can be simplified to:

2

sz

by negleeting terms in V/2D. Thus, equation A9.2 can now be writtem
- _ vz _2Wz 2
C = Co + Aexp(- ) + Bexp( N Jeos( _Xl) [A9.4]
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The values of the constants, A, B, can be found by forcing the above sovwtion to
satisfy the flux condition at the interface. The fluxes can be deduced from the phase

diagram. The general flux boundary condition is:

Vik - 1DC* = D -gf)zw [A9.5]

but, because the variation of the interface concentration, with respeet to C,, is

relatively small in most cases, it can be supposed that C* =~ C,.
Thus, the flux conditions for the two eutectic phases can be written:

ﬂlpha'phase'- V(ka - ].)Ce = D(—g-g)zzﬂ [A9.6]
beta-phase: —V(kB - 1){(100 - Cg) = D(% dz=0 {A9.7]

The negative sign in the case of the beta-phase appears because the interface
gradient of Cpg in the growth direction is expected to be positive. The
concentration gradient at the solid/liquid interface cen be found from equation A9.4;

2T B cos( 2T ) [A9.8]

ac
( Y

.V, 2T
922707 "p " X

= - - = o - -~ a1 .. a a - a ll\ FEs} 1 _ i~ _ a ]
The alpha-phase extends from the origin to the point, fA/Z2, where [ is the volume

fraction of the alpha-phase.
Using the method of 'weighted residuals’ (appendix 2), the velues of A and B (the

'weights') can be found by satisfying the flux boundary conditions, equations A9.6 and
A9.7, in an average fashion over the alpha and beta interfaces, i.e.:

FN2 FN2
gﬁ(ka - )Cedy Z./I'D(—g—g)zq, dy {A9.9]

AR

A2
ac
- - 00 - Cu)dy = JD =g d Ag.10
ﬁ(kﬁ 1)1 e)Fy).UQ-/' (—Jz—)z 0 ay { ]

£N/2

Inserting the value of (0C/02z),=g from equationA9.8, and carrying out the
integrations yields the simultaneous algebraic equations:

fVAA + 2Dsin{TNB = (I - kg )CefVA [A9.11]
(1 -f)VNA - 2Dsin(m{)B = kg - D00 - CH - DVA (A9.12]
and the values of A and B are easily found to be:
A=fc'-ch (A9.13]
_ I~ DHVAC Ao.14
B = i Dein(mD) [A9.14]
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Note that A v 2 very small in general, and will be equal to zerco if the phases have
the same density. Here, C' is the difference in composition between the ends of the
eutectic tie-line and CP is the difference in composition between the eutectic and
the maximum solid solubility in the §-phase (figure A9.2).

Thus, a solution has been obtained which satisfies most of the boundary conditions.
The final condition to be satified is the coupling condition, which relates the local
melting point to the imposed temperature distribution. This has already been depicted
in a qualitaetive feshion in figure 5.5. 1f account were to be taken of the detailed
shape of the eutectic interface, the problem would rapidly become insoluble because
of the need to satisfy the coupling condition at each point(§). Instead, the eutectic
interface is assumed to be perfectly planar, in order to make a solution possible, and
the quantities involved are treated in an average fashion. The satisfaction of the
coupling condition can then be achieved in three steps. These involve calculating the
average solute undercooling and the average curvature undercooling for each phase,
and then making the two total_undercoolings equal. The average concentration
differences of the liquid, AC=C-C,, at the alpha- and beta-phase interfaces,
relative to the eutectic composition w111 first be found. From equation A9.4, they can

be shown to be, for z =0

FN/2
—_ 2 . d
ACH = - {A + Beos( 2my Jid
(84 fh )\ y
0o /2
= 2 27
A = ot A+B LAY
CB (]. "f)k [ cos( A )] y
FN\/2
TS TP
1 L T,
al /N
ATE) 7 00N ;AT‘C‘
AN
ACp ™ =
p', ACa
W
c ¢’
} } '
Ce
Figure A9.2Z:
§ Series et aif2] have solved this mathematically intractable
problem by using a hybrid methed in hch an electrical
analogue was used to provide a basis for further calculations.
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giving:

ACo = A+B s";(r‘-'f-’f? (A9.15]
Acg = A -pSinial) [A9.16]

Since A is usually negligible, it can be seen that the average concentration difference
in component B at the Oﬂ-phase interface is positive, whlle that at the 6 phase is
negative. The mean solite undercoolings, L\lc with respect io the eiitectic
temperature (figure 5.5), can be found by multiplying the above concentration
differences by the relevant liquidus slopes, mg (=<0) and mg (==0). The solute

undercoolings are therefore:

ATE = -m (A + B SITD [A9.17]
L
Y _p sin{®)
a1 = -mgia -5 ST [A9.18]

The second source of undercooling to be considered is the average undercooling due
to the curvature of the interface. First note that the average curvature of a line
between two points which are a distance, L, apart can be [ound by integrating the
general expression for the curvature (appendix 3),

n
K= ot [A9.19)
hetween the two points. Thus:

L

— _ l 1"
K=t [(1 T 22y3/2 9
. J

[
Af/2 NOV-fy2

SIS

Figure A9.3:
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Making the successive substitutions, Z = z' and tan{8) = Z (figure A9.3) leads to:

R=Lsin(6),

1
L

Again using the above identities leads to:

_ L
K= %_'sin[ﬁu-ctan(z')l0 {A9.20]

The form of the eutectic interface is assumed to be as shown in figure A9.3. Thus, the
average curvature of the beta-phase can be found by substituting the slopes at
y=TA/2 and A/2 into equation A9.20:

Ra - _ ZSi?g\Ba_)
= __ 2sin(@ )
8=~ -p

Here, the curvature has been defined to be positive if the solid projects into the melt.
Mathematically speaking, it is negative. The curvature is defined in this way so as to
give a positive undercooling (for a solid projection) when combined with the (positive)
Gibbs-Thomson coefficient. Therefor'e, using the associated Gibbs-Themson

COEIIICIEHIS, the curvaiure unuer(.ouungb becomes

atg = Losinlfo) (A9.21]
8. 23 sin(8a)
a1f = L0 s (A9.22]

Combining equations A9.17 or A9.18 with equations A9.21 or A9.22 gives the total
undercooling of the two phases:

_ sm(‘rrf) 2lysin( 6,
ATa = ma[A + B -——-—-ﬂ_f + —rr [A9.23]
blﬂ\ﬁ-f) 2 F’Slﬁ(la’A_z [A9_24]

A8 = mgtA =B Fa-n! T "GP ox

Multiplying equation A9.23 by mB and equation A9.24 by mg,, and subtracting one
from the other gives:

sin(‘rrf) , 2mg gsm( 0 _Zma Bsm(ﬂﬁ)

m'B ATy - maA'I"B = -mam'BB T =D N
However, use of the coupling condition (appendix 2) requires that the alpha- and
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beta-interfaces should lie on the same isotherm. Due to the very small uistances
between the phases (typically of the order of a few microns) and their hlgh thermal

.................... 2
LOHUULIIVlLleb, no SuUbtﬂllllHl t‘:lllpt:l ﬂlulE Ull l\'.'-l crive Cait BJ\ID\. UEIW!:!::II L[Il: [8 4 unu M

phases. Therefore, ATqy = ATB = AT (figure 5.5):

L sin(T () 2ma_Insin( Gy ) 2mey_Lasin( 67)
AT = mngnaB -0 B(mﬁ - macb\ (- g)\(ﬁ - rf? )

Substituting for B from equation 9.14 gives:

_ C 2(1 - Dma_ It sin Boy) - 2fmo Tasin( 0a)
AT == %grﬂﬁma\/ AD B+ T f))\((xmB - ma)—ﬁ 6 {43.25]

This can be written (see also equation 5.8):

_
+
1>
-

—

>

3]

(=]

—

where the physical constants of the alloy are:

= MoMcry | C'
mﬁﬁ-ma 27D LA9.27]

and

K, = 2(1 -f)mﬁ I‘OLsm( ﬂa)- mea PB sin( 0'3)

f(1 - f)(mB - Mgy [A9.28]

Assuming that the A -value chosen by the eutectic is the one which makes AT a
minimum, i.e.;

d(AT) _ . _
an eV 7\5 =0
it is found that:
29y - Ke _ 4D | fm,_Iosin( 8g) - (1 - Nma Ity sin( 8, )
Ny K; = T D o Bm(xmﬁ C §; (8¢ {A9.29]

This equation implies that the eutectic spacings will be larger when a small volume
fraction, f, of one of the phases is present {(although the growth form will probably be
fibrous rather than lamellar in this case; chapter 5). The spacings will also be larger
when the concentration difference, C', is small. Both of these effects have been
observed experimentally.

It is left as an exercise for the reader to develop the other relationships which govern
eutectic growth (equations5.11 and 5.12). Note that the functional relationship
between AT and V (equation 5.11) is analogous to the dendrite growth equation at the
extremum {(equations A8.8 or A8.10).
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Finally, it will be useful to compare the approximate solution above with the more

exact derivation performed by Jackson and Hunt([l1). Writing their expression for
,)\‘2\! in terms of the nomeneclature used in this book gives:

A2y = 2D. fmoy I3 sin(8g) - (1 - Omg Loy sin{ o) {A9.30]

mamBC

where P' = L(1/n3 7 3)sin2(n7f) (§).

Equations A9.29 and A9.30 differ only with respeet to the first multiplying term on
the right-hand side. If the complicated expression, P' {equation A9.30), is compared
with the equivalent expression, f(1-f)/2mW, the agreement is found to be quite
reasonable {table A9.1) in view of the ccmparative simplicity of the derivation. As
one would expeet from the symmetrical form of the approximate solution used, the
accuracy is greatest for f-values of about 0.5.

TABLE A9.i: COMPARISON OF TERMS APPEARING IN

THE JACKSON-HUNT (JH) AND PRESENT ANALYSES
f p'= i(l/n31r3)sin2(n1rf) (JI) (f-12)/21 Error(%)
0 0 0 0
0.1 0.00626 0.01432 129
0.2 0.01633 0.02546 56
0.3 0.02553 0.03342 31
0.4 0.03174 0.03820 20
0.5 0.03392 0.03820 17

the results for higher f-values are sy mmetrical about f = 0.5

REFERENCES

{11 K.A.Jackson, J.D.Hunt: Transactions of the Metallurgical Society of AIME, 236
(1966) 1129
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§ A table of values of this function can be found in reference 3.
Note that the form of P' can be deduced immediately by using
equation A2.29. This is possible because equations A9.6 and A9.7

At ot n . t -
dellne a siep [unuuun with a '}ump (&{ f.l\/Z) which has a heigh{

equal to the sum of the gradients. These parameters of the
jump merely have to be inserted into equation A2.29 in order to
give the required series.
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APPENDIX 10

TRANSIENTS IN SOLUTE DIFFUSION

Initial Transient

As shown previously (chapter 3), the build-up of solute ahead of a planar solid/liquid
boundary Iayer. 1t is assumed, to a first approximation,r—tﬁa’t this process is rapid
enough to ensure the existence of a quasi-steady-state solute distribution. In this
case, the concentration decreases exponentially from the interface into the liquid,
and the equivalent boundary layer is always of the same thiekness {appendix 2):

- 2D
Bc_ T

Assuming that the growth rate, V, increases instantaneously to a econstant value at
the start of solidification, the flux at en interface of unit area, due to the differing
solubilities of the solute in the two phases will be:

J] = VCX1 ~ k) [A10.1]

Initiaelly, this flux is greater than the flux created by the concentration gradient in
the liguid:
the liguid:

Jg = -DG¢ [A10.2)

The difference between the two fluxes will be used to 'fill' the diffusion boundary
layer, of thickness 8, to a mean concentration, Cy:

o}

Jy-Jdg= %3& Se [A10.3]

[a

Recalling that a steady-state profile is assumed to exist, the concentration gradient
at the solid/liquid interface is given directly by the first derivative (at z=0) of
equation 3.2, with AC, in this transient state being replaced by AC=(Cf{ -C,)
(figure A10.1):

=
=~
]
i

Ge = (Cq - cH -1'3 [A10.4]
Therefore, for unit area:
Jg = (Ci“ - Co)V
and
2D 4C,_ KO+ A10.5
v ar- V(Co - kCP) [ ]
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Figure A10.1:

Noting that, for the triangular equivalent boundary layer, the variation in the mean
coneentration is related to the variation in interface concentration, e.g.:

ac, = 9¢¢

with V=dz'/dt:

dz fA10.6)

|
n
ot

Integrating:
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gives:

InfGall —K)jl/k = ¥z
or
* = QO - - - I_(E.!
Ct o {1 - (1 - k)exp( ) )] [A10.7]

Figure 6.2 illustrates the behaviour of this expression. It is a good approximation to
the exact solution derived by Smithetal [1].

x ¥

Figure A10.2:
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Final Transient

While the initial trensient is required to build up a boundary layer, the final transient
is the result of the 'eollision' of the boundary layer with the end of the specimen
(figure A10.2). This problem has been solved by Smith, Tiller, and Rutter{1] in the
following way for the special case where the system has reached the steady-state.
The origin of the z-axis is placed at the end of the specimen and the diffusion
equation becomes, in terms of the new x—coordinate (which does not move with the
solid/liquid interface):

d?c, _ 1 dC
ey Rl BTL [A10.8])

The boundary conditions apply for all values of t. At x=0 (the end of the specimen)
the diffusion flux must be equal to zero and:

dC; -
Iy 0 {A10.9]

and at the solid/liquid interface, x=x*:

Cip {A10.10]

where x* is the length of the liquid zone.

In order to meet the first boundary condition, an imaginary source placed in a
symmetrical position with respect to the real solid/liquid interface is introduced. This
is equivalent to a localisation of the mass flux at the end of the specimen
(figure A10.2). The steady-state distributions at the two interfaces in an infinite
specimen are:

Cp = Coll + Ryexpf- Y2 2 (A10.11]

where zZ=x*# X. In order to cope with the seecond boundary condition
(equation A10.10) when the sourcCes are close enough to interact, further Ssources
{interfaces) are iniroduced at distances, nx*, where n is an integer {figure A10.3).
These sources travel at speeds which are ntimes the speed of the real interface. This
superposition permits the celeulation of the necessary coefficients by constraining

the interface to obey the flux balance {equation A10.10):

Co=1+ Cn | expl-n L(nx* - x)] + expf-n % (nx* + 011 fA10.12]
Co Z D D

@
n=1

This procedure is given in more detail in the original reference and leads to:
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- 1 -k _ 2Vx (1 -K)(2-K)_ ../ BVX
CS(K)—1+3l+kexp( 5 )+5(l+k)(2+k)l,xp( D )+ ..
ot (n v DHE SR (0 oy 0 DV, (A10.13]

The above equation describes the final transient in the solid for the case where a
steady-state solute pile-up hes been reached at the solid/liquid interface.

—
/
N

N

Figure A10.3:
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APPENDIX 11

MASS BALANCE EQUATIONS

The different solubilities of a sclute in the liquid and solid phases, together with the
differences in mobility, lead to concentration variations known as segregation.
Provided that the mass transport in the liquid is infinitely rapid {no eoneentration
gradient in the liquid) the corresponding functions can easily be derived from a mass

balance (where C is expressed in per cent);

fCg + £,C; = 100
fAl1l.1]
d(fSCS) + d(r" Cl.) =0

These equations state that all of the solute which cannot be incorporated into the
solid must enter the liquid. No account Is taken here of all of the other possible
reactions which might oecur in a practicel situaetion, For instance, solute vaporisation
or Crucible reaction.

Lever Rule

The simplest case to which a mass balance can be applied is the case of equilibrium
solidification (no concentration gradient in the solid or liquid). This ean be expressed
by the relations:

D, ® Dg LV [A11.2)

Since L is the length of the solidifying system (figure All.1), equation Al11.2 states
that the diffusion boundary layer, §.=2D/V, is muech larger then the maximum
distance, L, over which either solid or liquid state diffusion can oceur. Similarly, it
can be supposed that, if the growth rate, V, of the solid is constant and equal to
L/ts, the length of the specimen must be less than the characteristic diffusion

length:
L <€ 4/Dgty {A11.3]

Under these conditions:

ac, . 0Cg

KL 9z = 0

Taking the differential form of equationAll.l, Cg=kC;, dCg=kdC, fg=I1-f,
and dfg = -df; can be substituted and integrations performed:
~C
dC, dfs
PCyt 1- fsp

Ca
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giving:

1
Co i-plg {Al1.4]

)

Figure All.l:

Non-Equilibrium Solidification with Back-Diffusion and

Rapid Mixing in the Liquid

The case of a bar having a constant cross-section, A, and a zero concentration
gradient, due to rapid mass transport in the liquid (C; =C}¥) and limited diffusion in
the solid, is shown in figure 6.3. For this case, Bredy and I}lemings[l] have developed
a flux balance which, in a slightly modified form (sum of redistributed mass
represented by the surfaces, A} + Ag+ Ag =0, in figure 6.3):

(Cy - Cg*)Ads = (L - s)AC, + dC *A _‘%s [A11.5]

Here, A3 represents the surface of the equivalent boundary layer in the solid
(appendix 2). Recognising that f; = s/L, dfg = ds/L, BS = 2Dg/V = 2Dgdt/ds,
CS* = kCl, and dCS* = deL’ then:

dt

Ci(1 - KdfgL = I(1 - fg)dCy + dCkDg 5 fAl1l1.6]
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Dividing by L, and using a parabolic growth rate relationship (e.g. equation A1.13):

t

i

Evaluating ds/dt, substituting the results into equation A11.6, and rearranging gives:

dCy - df
pCy 1 - 1) + 20ekfg ta11.8]

where ¢ is a dimensionless solid-state back~-diffusion parameter {dimensionless time
= Fourier number):

o = _izif. [A11,9]

(compare with equation A11.3) from which

ch
1- fS(l - 20Kk)

and integratlon leads to:

k-l

g‘ {1 - 11 - 200k)] |~ 20K (A11.10]
0O

This equatlon is an important one because it includes the two limiting cases (for

ac /9z'=

Seheil's equation: when Dg = 0 {no solid-state diffusion) @ = 0. That is:

g; = f,k-D fA11.11)
(8]

It can be seen that, according to equation A11.9, the case & =0.5 (lever rule) does not
correspond to the physical charaCteristies of equilibrium solidification. There, &
should approach infinity (equation A11.3). Therefore, a modified back-diffusion
parameter, ¢¢', has been proposed by Clyne and Kurz(2]. The basis of this calculation
is that, in the original Brody-Flemings treatment at high «-velues, solute was not
conserved in the system. This ean be easily understood with the aid of figure 6.3,
where the solid diffusion boundary layer, &g, still has a small value. If this
55-value (proportional to &) becomes comparable in size to, or greater than, the
solidified length, s, there is no longer any mass conservation aecording to
equation All.5 because the end effects are not considered. In reality, the initial
specimen end (z'=0) is an isolated system boundary and solute cannot leave the
system at that peoint. In order to find a simple solution to this problem it will be
considered that diffusion is semi~infinite and that the tail of the diffusion boundary
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layer at z'-values less then zero (outside of the specimen) has to be taxen into
account.

For the purpose of the analysis, the eoordinates are changed: y =0 is fixed at the
solid/liquid interface and only the solid concentration profile shown in figure A11.2 is
considered. The end of the specimen (z'=0) then corresponds to the cut-off distance
on the y-axis (negative z'-axis). The total amount of solute in the boundery layer in
the solid is Ap. The neglected portion of the solute, due to the small cut-off
distance, is Ag. These can be obtained from [2]:

a
A= /é'dy=c'o %S [All.12)
0~ -
. 5
AIB=-}ﬂ;Hy,=(3%)_ESepr.%¥i] [All-ls]
Y, S

Here, it is assumed to & first approximation that the back-diffusion can be described

distance

cut oft

yi bu o

Figure Al1.2:
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by an exponential :unction. In order to estimate the correction factor necessary to
cope with the eut-off effect, a parameter, L, is defined:

th

E

Da)=¢ [ — at (A11.14]
f Ap
0

It will be noted that even if C'y changes during solidifieation, the ratio econtained in
the integral will be independent of such ehanges. For parabolic growth laws
(equation A11.7):

= 1
Vi= L/ g [A11.15)

Combining equations A11.12 to All.15 gives:

t
a)—-t-{).] expl{- &Vﬁdt [All.186]

Recognising that the exponential term in the integral of equation Al11.16 is equal to
(-1/2¢) leads tos

Y (o) = expl- 3-&] [A11.17]

Equation A11.17 approaches zero asymptotically at low «-values and unity at high

«-values. Therefore, in the Jow -range it represents the deviation from « and in
the high O-range it represents the deviation from the limiting value, O'=0.5. A
spline-like funetion which conneets ' and & must therefore be found which satisfies
the two boundary conditions: @' — @ as L(QX) - 0 and &' - 0.5 as L(x) = 1. An
expression whieh has the required form (figure A11.3) is:

=a[1—exp(— =) - exp(-— fAl1l.18]

Substitution of &' (equation A11.18) for & in equation Al1.10 permits the caleulation
of any solute distribution when diffusion in the liquid is very rapid. That is, it is not
necessary to decide whether the lever rule or the Scheil case has to be used in a given
case. This is of great importance, particularly for alloys which eontain interstitial
and substltutlonal solutes. In figure ll 3, typlcal values of & for P and C in delta-Fe
agre given. It can be seen that C obeys the lever rule and P is intermediate in
behaviour.

The most important application of equation A11.10 is related to the estimation of

microsegregation, i.e. the modelling of the behaviour of the mushy zone. Re[))\ acing L

by the characteristic diffusion distance, A/2Z (= A|/2 for eells and A3z/2 for
dendrites; figures6.6 and 6.7) leads to:
o = 4_Dszt.f [A11.19]
A
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Figure All.3:

By substituting &' from equation A11.18 into equation Al11.10, the fraction solidified
can be calculated:

1 - 2Q'k

- 1 _ Tf-~T k-1
fs = r—2am [ Tf'"Ti,] [A11.20)

Here, T¢ is the melting point of the pure element, and C has been replaced by T,
via the liquidus slope. The first derivative with respect to temperature is:

2e'k - 1 2-2a'k -k

o - —kl_l(Tf'TL) olowp-m Ko

aT {All.21]

This relationship can be used in order to make numerical calculations of the
solidification microstructure of cast alloys (appendix 1).

Precipitation in a Ternary System, A-B-C, in the Absence
of Solid-State Diffusion

When the effect of bacek-diffusion is negligible, as in the case of a large volume of
precipitating phase at the end of solidifieation, i.e. the large coneentration gradients
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close to fg=1 are avoided, Scheil's equation (All.11) can be used. For two solute
elements, B,C, the corresponding solute profiles (trace of interface coneentration as

a funetion of fg) are:

iy, = gk -1
Co B [A11.22)

C ke -1
R

When the solubility produet of the phase, Bxcy, is reeched, precipitation will

begin (if there is no difficulty of nucleation):
X y .
(CL)B (CL)C KBny fA11.23])
From equations Al11.22 and Al1.23:
+ -X -
KByCy (€ Coc? (KB F ke =X =Y)

When precipitation begins, fy =, and the precipitate voiume is:

1 .
fp = [KBny(Co)B-X(Co)C—y] Xk * ykg - x -y [Al].24]

Solidification Path in Ternary Systems

In general, the path of solidification (trace of liquid or solid composition as a function
of fg) can be obtained in the case of solidification by relating the composition to f;,
whieh must be the same for all of the elements). Using equation A11.10 and A11.18:

o
(g‘ )g = (1 -ugfy) "B
o [A11.25)
_PC
&) = (1 -ucty UC
8]
where uj = 1-2¢;'k; and pj = 1-k;. Eliminating fg
C Cu, i pe | in
Ly, = - UBpy - (=t PC}”B
@x= fi- 880 - @) (A11.26]

Post-Solidification Homogenisation of Interdendritic Segregation

In order to determine the changes which oecur during homogenisation of the cooling
solid after sclidification, only one dendrite arm need be considered (due to symmetry
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- appendix Z). In principle, the form of the solute segregation can be .sseribed
approximately by the Scheil equation (figure 11.4). Here, it will be shown that all of
the possible original distributions can be related to each other by using dimensionless
constants.

The changes can be treated approximately using the one-dimensional time-dependent
diffusion equation:

2
D g}zc: —gtg [A11.27)

it is known {appendix Z} thai a likely soiution to this equation invoives eircuiar and
exponential functions. The exponential function is more likely to be associated with
the time dependence, and & cosine or sine function is more likely to reflect the
characteristies of distributions such as those in figure All.4. In practice, of course,
the solute distribution may take any form at all. However, it will be shown below that
analogous changes occur in the distribution, regardless of the initial state. Thus, one
Can suppose that:

C = C, + OCexp(at)cos(bx) [A11.28]

where OC is the initial amplitude of the coneentration variation (figure A11.4),
Substltution of the derivatives of equation 11.28 into equation 11.27 shows that:

a-= 'Dsbz

therefore:

C=Cot ) t)cos{bx) {A11.29]

The value of b can be evaluated by using the boundary conditions. Thus, the gradient
of the concentration at the origin must be zero at all times, t, since the origin is &
point of symmetry. This can be assumed to be true even though the gradient of
distributions such as those illustrated In figure All.4 is not defined mathematically.
The zero gradient condition is already satisfied by equation A11.28 at A/2. The
gradient of concentration must alsc be zero at A (another point of symmetry) for all
values of t. This is only true if:

sin(lbA) = 0

AN

_—
A
~~—

Clx,0)

3

N 0N
[o]

Figure All.4
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so that:
bA = n«

where n is an integer. The final general solution is:

2 72
C = Cq + 8Cexpl- Dg -"-—;E-t)cos( "7;\" ) [A11.30]

The last condition to be satisfied is that tlie concentration distribution at the start of
homogenisation (figure A11.4) should be described by equation A11.30 (with t equal to
zero). Obviously, such a distribution cannot be described by the latter expression
unless the initial distribution happens to be sinusoidal. However, because the diffusion
equation (A11.27) is linear, any number of similar equations (with different values of
n) can be added together. This is simply the technique of Fourier analysis (appendix 2)
and leads to a solution, for any initial solute distribution described by f(x), of the
form:

o = ) . o
2.+ 25 exp-D. RATZ nax nTx
C=Cq X 2 exp(-Dg \2 t) cos( ) o)j f(x)cos( \ Ydx [A11.31]

This solution can be used to determine the concentration distribution at any time.
Recall that, using the method described in appendix 2, the result of performing the
integration above can be written down immediately when the ‘jumps' in the function
and its derivatives are known.

Suppose that the messured distribution is parabolic (figure Al11.4 ) with maximum,
C™, minimum, C,,, and average, Cy. There is no jump in the function at 0, A,
2\, ... n , but there is a jump of ~(8/AXMC™-Cp,) in the first derivative at 0 and
at N, There is no jump in the second and higher derivatives. Thus, using
equation A2,29, one can find immediately that the Fourier coefficients are given by:

- _16

Use of this technigue is considerably easier than integrating expressions of the type,
x2cosnx. Note that when assuming an asymmetrical distribution such as the
parabolic one (figure All.4), the maximum and minimum values of the distribution
are not Independent. Instead, they are related by the requirement that the average
concentration should be equal to the criginal concentration, Cg.

One can introduce the dimensionless value, 1, which is defined to be the instantaneous
value of the amplitude of the dlstribution compared with its original value, say
6C/(C™ -C,).  Another dimensionless constant, nZ w2Dgt/ N2 {compare
with equation Ai1.9), arises naturaily in the above caicuiation. The value,
AZ/n2 2Dy, is usually called the relaxation time, Ty, of that component.

For the present purpose, the simple sinusoidal concentration variation is quite useful
because, as can be seen from equation A11.30, the higher-order terms (short
wavelengths) decay much more rapidly than the longer ones, and the homogenisation
process will therefore ultimately be determined by the relaxation time of the
lowest-order term, i.e.for 7] = A/WZDg If the initial concentration

variation is given approximately by:

C(x,0) = Co + BCcos(—7r}\—x) (A11.32]
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the solution for the lowest-order term is:

St
S
-
-
[hutef}

~r ey o~ 2 R s XN g
LX) = L v 0L \Tlexp\"

where T = 7). The maximum concentration at x=0, CM, changes with time
gecording to

C™(t) = Co + 8Cexp(- 1) (A11.34]
giving, after t=7

cm(r)=co+-§§=co+o.37ﬁc [A11.35]
or after ¢t = 37

C™37) = Cg + ‘-55% = Cg + 0.05 6C [A11.36)

1t can be seen that the secondary dendrite arm spacing will have a sigmflcant effect
upon the annealing time since the relaxation time is proportional to A2, High
solidification rates, which reduce )\ will have a marked effect upon the reduction of
the annealing time. For example, in order to reduce the amplitude of the

concentration variation to 5% of its initial value the annealine time ¢ ainad
W CIIILL GV VAL IGLLVEL v L Y ) Illll-lal. VOUiLue v UIIIIGGIIIIE WIS QI WO VLAY
by using equations A11.36 and A11.33:
A?
o~ —ma—
t0-05 ~ 0.3 DS [All.37]

Using equation Al11.37, the annealing temperature required to homogenise (to less
than 5% variation) an allov with & o'lupn dendrite arm qnnmng' within a cru;en time can

c= A et 8 ) allvy acl

be calculated:

_B____
RIn{ — 0 0.3 Az)

To.05 =
[A11.38]

where Q and D, are the activation energy and pre-exponential term respectively in
the Arrhenius expression for the temperature dependence of the diffusivity.
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APPENDIX 12

A GUIDE TO RELEVANT PHYSICAL PROPERTIES
FOR SOLIDIFICATION PROBLEMS

olumetric properties such as Ah, have been caleulated on the basis of the density at the

elting point

Properties of Pure Materials at the Melting Point

roperty Units Al Cu O-Fe ("'Y-Fe*) NC(C, i1, )CN**
¢ °C 660.4 1084.9 1536 (1526) 58.08

K 933.6 1358 1809 (1799) 331.23
f 3 g 9 9 7
.hf J/m -9.5x 10 -1.62 x 10 -1.93 x 10 -4,6 x 10

3 6 6 6 5
Sp J/m K 1.02 x 10 1.2 x 10 1.07 x 10 1.4 x 10
' w/mK 95 166 35 0.223
. W/mK 210 244 33 0,225
s 3 6 6 6 6
. J/m K 2.58 x 10 3.96 x 10 5.74 x 10 2.0 x 10
) Jm’k  3.0x10° 3.63 x 1¢° 5.73 x 10° 2.0 x 105
% kg/m®>  2.39 x 109 8.0 x 10° 7.0 x 10° 0.988 x 10°
il kg/m® 2.55 x 10° 7.67 x 10° 7.25 x 10° 1.05x 10°
L m?/s 37 x 1070 42x 1070 6.1x 10 ° 0.116 x 107
S m?/s 70 x 1078 67 x 107° 5.8 x 1070 0.112 x 1070
1 kg/mol 27 x 107 63.5x 1073 55.8 x 10 80 x 1075
s m3/mol 11 x 1078 8.3x 108 7.7x 1070 76 x 107°
ahgfe K 368 409 336 23
2 -3 -3 -3 -3

J/m 93 x 10 177 x 10 204 x 10 9x 10
| mK 0.9x 107" 1.5 x 1077 1.9x 1077 0.64 x 1077
. m 0.24 x 1077 0.37 x 102 0.57 x 10 " 2.78 x 10 "
\WV/V - 6.5 x 1072 4.2 x 1072 3.6(4.1) x 10 2 6x 102

* metastable, ** sucecinonitrile
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Properties of Aluminium Alloys

Property Units Al-Cu Al-Cu * Al-5i
C, wt% 2 33.2 6

T °C{K) 656 (929) 548 (821) 624 (897)
A'l‘o K 32 - 240%*

T, °oC(K) - 548 (821) -

Ce wi% - 33.2 -

C! wi% - 46.9 -

My K/wt% -2.6 -4.6 -6

mB K/wt% - 4,8 -

Key - 0.14 0.17 0.13

kB - - 0.71 -

IB - - 0.546 -

2 ~9 . -9 -9

D, m' /s 3x10 3x10 3x10
D, mZ/s w1013 - 1x10° 12
Iy mK 0.9 x 107 0.9x 107 0.9 x 1077
I, mK - 1x10" -

~ -9 -9
s m 20x 10 - 2.9x 10
¢ -2

P! - - 3.35 x 10 -

* eutectic, ** metastable

Al-Si *

12.6

577 (850)
577 (850)
12.6
98,2
~7.5

17.5
0.13

2 x 1074
0.127

3x 1070
0.9 x 1077
2 x 10#7

8.9x 107



Property

Units

wt%
°C(K)

°C(K)
wtd
wt%
K/wt%
K/wt%

m2/s
mK
mK

Properties of Iron Alloys

6Fe-C

0-09

1531 {(1804)

36

1493 (1766 p)

0.53 [p]

2x 108
6x 107

1.9x 10

Jox 10

7

9

YFe-C

0.6
1490 (1763)
72

1155 (1428 e)
4,26 [e]

2x10“8

lxlO“9
-7

1.9x10

7.5%x 10

* eutectie

242

YFe-C *

4.26

1155 (1428)

1155 (1428 e)

4,26 [e]

97.9
-140
400
0.49
0.001
0.074
2x 10
leﬂ—
2x10

4x10'

8

7
7

3

YFe-Ni

10
1503 (1776)
6

7.5x 1077

Ix 10—13
-7

2x10

42 X l(]“9



INDEX

Alloy Types 12
Amorphous State 31, 32
Anisotropy of Growth 35, 41

Back-Diffusion 129, 23]
Boundary Conditions:
coupling 162,193
far-field (Dirichlet) 162
flux (Robin) 160
satisfaction of 167, 168, 171
symmetry (Neumann) 162
Boundary Layer - see Diffusion
Bridgman Method 4, 7, 81

Capiliarity 13, 58, 78, 106, 196, 208, 2i4
Cast Iron (Fe-C) 5, 12, 36, 41, 98, 110, 112
Casting 2, 4,9, 147

Casting Techniques 4

Cells 69, 81, 87

Chemical Potential 16

Columnar Growth - see Zone
Compeiiiive Growih 68, 113

Contact Angle 27, 182

Continued Fraction 76, 205

Continuous Casting 10

Convection 122, 128, 151

Cooling Curve 23, 67

Cooling Rate 6, 8, 90, 133, 150
Coupled Zone see Zone

Crystallisation Entropy 39, 190

Dendrite:
alloy 67, 211
coarsening 23, 73, 214
columnar 9, 73, 211
constrained growth of 66
crystallography 68
ellipsoidal 85
equiaxed 10, 72, 88, 201, 209
growth rate 79, 84, 115, 208
hemispherical tip 75, 76, 78, 83, 203
preferred growth direction of 10, 68, 71
solutal 11, 74, 202

spacing (primary, trunk) 67, 73, 85, 213

211

213, 214
’

’



spacing (secondary, arm) 3, 67, 72, 73, 88, 214
thermal 11, 74, 202
tip radius 77, 80, 87, 204, 208
unconstrained growth of - see Zone, equiaxed
Differential Equation:
cylindrical coordinates 144
directional growth 156
Laplace 143, 144
parabolic coordinates 155, 205
rectangular coordinates 143, 144, 154
solutions of 144, 147 158, 163, 165, 168, 209, 211
spherical coordinates 144, 165
Diffuse Interface - see Interface, roughness
Diffusion:
around dendrite tip 72, 74, 75, 168, 201
boundary layers 51, 74, 154
in liquid 127, 225
in solid 128, 153, 231
Directional Growth - see Solidification
Distribution Coefficient 16, 174

Entropy of Fusion 35, 39
Equiaxed Growth - see Zone and Dendrite
Equilibrium Diagram - see Phase Diagram
Equilibrium Melting Range 16, 134
Error Function 145, 146
Eutectic:
Al-Si 36, 41,99, 110, 112
crystallography 100
diffusion-coupled growth 100, 217
equiaxed 14
faceted/non-faceted 99
Fe-C see Cast Iron
fibrous 99
growth 100, 217
interdendritic 67, 113, 116, 134, 236
interface geometry 101, 104, 112
interface instability 113
irregular 98, 111, 112
lamellar 99
operating range 107
regular 98, 101, 217
spacing 109, 110, 112
Eutectoids 110
Exponential Integral 145, 205
Extremum Growth Criterion 77, 107, 208, 223



Faceted Interface 35, 38, 39, 188

Fluid Flow - see Convection

Fourier Number 151, 232

Fourier Series 167

Free Dendrite Growth - see Dendrite equiaxed

Freezing Range 131, 134

Gibbs-Thomson Effect - see Capillarity
Glass 1, 31, 32
Grain Refiner - see Inoculants
Graphite:

flake 41, 111, 112

nodular (spherulitic) 41, 98
Gray Cast Iron - see Cast Iron

Growth Defects - see Repeatable Growth Defects

Heat Flux 6, 49, 149, 153

Heat Treatment 236

Aala = il&ériiililN

Heat Transfer Coefficient 151
Homogenisation 236

lce 41

Inoculants 28, 33

Interdendritic:
hquid 67

precipitation 67, 116, 133, 235
segregation 67, 131, 230
Interface;
atomic structure of 34
cellular 69
curvature i3, 15, 24, 103, 178
energy 13, 178
instability 48, 58, 69, 192
morphology 15, 48, 68, 87, 104, 112, 116
roughness 34, 38, 190
tension 178
lvantsov Function 76, 206

Lever Rule 129, 230

Liquidus Slope 16

Local Equilibrium 174

Local Solidification Time 67, 90

Mass Balance 122, 230
Mechanical Equilibrium 180
Mixing of Liquid - see Convection
Monocrystal - see Single Crystal



Morphological Stability - see Stability
Moving Boundary Problem 147
Mushy Zone - see Zone

Needle Crystal 72, 77, 203

Nucleation:
activation energy 25, 33
catalyst - see Inoculants
cluster size 25, 26, 30
contact angle 27, 31, 18]
critical nucleus 22, 25, 30
critical radius 235, 26, 30
critical undercooling 31
embryo 22
heterogeneous 27, 181
homogeneous 25
kinetics 184
rate 23, 28, 31, 184
steady-state 29
two-dimensional 37

Numerical Modelling 149

Operating Point 77, 109

Operating Range 107, 111

Optimum Growth Rate 79, 80, 109, 204, 208
Organic Substances 39, 40, 89

Partition Coefficient - see Distribution Coefficient
Peclet Number 82, 105, 204, 208
Perturbations 47, 50, 58, 69, 71, 77, 113, 192
Perturbation Method 47, 58, 170, 192
Phase Diagram 16, 101, 116, 131, 174
Plastic Crystals - see Organic Substances
Polymers 1, 39
Post-Solidification Homogenisation 236
Properties:
metals and alloys 240, 241, 242
succinonitrile 240
Purification 137

Rapid Solidification 31, 116, 174
Recalescence 6

Regular Eutectic - see Eutectic
Repeatable Growth Defects 41, 42

Scheil Equation 129, 232
Segregation:



Segregation:
homogenisation 236
interdendritic 67, 116, 130, 231

macro- 5, 7, 128
micro- 130, 231
Single Crystal:
dendritic 71, 91
Single-Phase Solidification 91
Solid/Liquid Interface 34, 37, 188
Solidification:
directional 7, 8, 70, 72, 81, 88, 109, 122, 156
equiaxed - see Zone
equilibrium 21, 230
non-equilibrium 21, 231
path 236
peritectic 12, 117
steady-state 52, 126, 163, 204, 217
Solidification Microstructures 5, 10, 14, 68, 73, 91, 93, 112, 113, 116
Solute Pile-Up - see Diffusion Boundary Layers
Stability:
absolute 197, 200
capillarity limit 61
criterion 50, 56, 63, 195
diffusion limit 61, 78, 108
interface 47, 49, 56, 69, 195
limit 199, 200
Mullins-Sekerka analysis 192
Supercooling - see Undercooling
Supersaturation 74, 201

Ternary Systems 236
Transients:
final 126, 228
initial 51, 123, 225
TTT Diagram 32

Unconstrained - see Dendrite
Undercooling:
constitutional 53, 199
curvature 13, 24, 59, 103, 177
Gibbs-Thomson - see curvature
kinetic 49, 59

Viscosity 2

Wavelength of Instability 58, 77, 111, 196
weighted Residuais 168



Zone:

chill 68
columnar 9, 50, 68, 73, 132
pnnnled I !4

el ol S

equiaxed 10, 14, 24, 50, 66, 68, 74, 91, 109
melting 137
mushy 9, 132, 149



