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Foreword

Micro- and nano- mechanical devices are certain to play an ever more important
role in future technologies. Already, sensors and actuators based on MEMS tech-
nologies are common, and new devices based on NEMS are just around the corner.
These developments are part of a decade-long trend to build useful engineering de-
vices and structures on a smaller and smaller scale. Since the invention of the in-
tegrated circuit 50 years ago we have been building microelectronic devices on a
smaller and smaller scale, with some of the critical dimensions now reaching just
a few nanometers. Similar developments have occurred in thin film magnetic stor-
age technologies and related optical devices. The creation of such small structures
and devices calls for an understanding of the mechanical properties of materials at
these small length scales, not only because these functional devices are primarily
load bearing structures, but also because mechanical durability and reliability are
required for their successful operation. In the macroscale (bulk), the mechanical
properties of materials are commonly described by single-valued parameters (e.g.,
yield stress, hardness, etc.), which are largely independent of the size of the speci-
men. However, the dimensions of micro- and nanoscale devices are comparable to
the microstructural features that control mechanical properties, and so the mechani-
cal behavior of these devices cannot be predicted using the known properties of bulk
materials. Thus, micro- and nanoscale mechanical testing techniques, as described
in this book, are required to characterize the mechanical properties of the materi-
als used for these functional devices. In addition, the materials that comprise these
devices and structures may not even exist in bulk form, thus making small-scale
mechanical testing the only way to determine their mechanical properties. Beyond
functional devices, MEMS and NEMS structures comprise micro- and nanoscale
devices that have important mechanical functions well, with mechanical actuation
and mechanical resonance being critical features of these devices.

The study of mechanical properties of materials in small dimensions is impor-
tant for another, very different, reason. The ability to study experimentally the basic
mechanical properties of materials with sample dimensions in the range of tens to
hundreds of nanometers opens up the possibility of conducting mechanical deforma-
tion experiments on length scales that can be accessed by atomistic and multiscale
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modeling, even if there still exists a huge discrepancy in the timescale of the ex-
periments compared to the atomistic modeling. Thus, the mechanical testing tech-
niques described in this book are expected to provide not only new knowledge on
the mechanical properties of materials for micro- and nanoscale devices but also
experimental validation for computational modeling of length-scale-dependent me-
chanical properties.

In the last two decades we have seen an explosion of research on the mechanical
properties of thin films and materials in small dimensions. Much of this work was
necessarily devoted to the development of new techniques for studying the mechani-
cal properties at the micro- and nanoscales, as testing instruments and methods were
not previously available. The present book brings many of these new developments
together for the first time and allows new workers to enter this field quickly and ex-
tend it to new, emerging, nanoscale materials and devices. With the very rapid devel-
opment of completely new materials in the form of nanowires, nanotubes, nanobelts,
and other nanoscale objects, it is likely that the readers of this book will be the ones
to bring about the next transformation of this exciting field.

It is fitting that this book be organized and edited by professors J.C.M. Li and
F. Yang, as they were among the first to recognize the importance of studying
mechanical properties of materials in small dimensions. Their seminal work on im-
pression creep inspired a new generation to focus on the mechanical properties of
materials at smallscales.

Many important new developments in the mechanical testing of materials for
micro- and nanoscale devices are described in this book. The development of com-
mercial instruments for nanoindentation was accompanied by seminal papers de-
scribing the techniques and methodologies through which these new instruments
could be used to determine the fundamental mechanical properties in small vol-
umes. Therefore, it is fitting that the basic principles and applications of indentation
are described in the first chapter by M. Sakai. Other chapters dealing with the prop-
erties and effects revealed by nanoindentation include Chap. 2 on size effects in
nanoindentation by X. Feng et al., and Chap. 7 on the determination of residual
stresses by nanoindentation by Z.-H. Xu and X. Li. In Chap. 3, Y.-T. Cheng and
D.S. Grummon make good use of indentation in their study of shape memory and
superelastic effects.

Chapter 10 by T.-Y. Zhang shows how fundamental mechanical properties of
thin film materials can be found by deflecting microbridge structures, geometries
that arise naturally in MEMS and NEMS devices. Other MEMS and NEMS devices
frequently involve contacting surfaces wherein adhesion becomes very important.
This topic is covered by F.Q. Yang in Chap. 4. These micro- and nanomechanical
devices are often electrostatically actuated, and this too has led to new techniques for
mechanical testing of materials at the chip level, as described by A. Corigliano et al.
in Chap. 13. Still other kinds of loading can occur in thin film devices; they produce
important mechanical deformation effects that play a central role in understanding
device reliability. Some of these developments are described by R.R. Keller et al. in
Chap. 12.
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Size effects in plasticity are important for low-dimensional materials such as
nanoparticles, nanowires, and thin films, and can also control the mechanical prop-
erties of macroscopic 3D materials with unusual microstructures such as nanoporous
metals. The mechanical behavior of these nanoscale materials can now be studied
using the new testing methodologies described in this book. In particular, size ef-
fects in plasticity of nanoporous metals are described in Chap. 6 by J. Biener et al.
Also, micro- and nanoscale contacts can produce important nonmechanical effects
such as the piezoelectric effects described by F.Q. Yang in Chap. 8.

As noted above, the development of nanowires and related nanoscale objects rep-
resents one of the most exciting developments in this field. This has naturally led to
the exploration of the mechanical properties of these new nanomaterials. Chapters
5and 11 by Y.S. Zhang et al. and B. Peng et al., respectively, focus on the mechan-
ical testing and characterization of these new materials. L.C. Zhang also discusses
the mechanics of carbon nanotubes in Chap. 9 and considers their use in composite
materials.

Readers of this book will greatly benefit from the experience of these authors and
will be well prepared to read the original literature and make their own contributions
to this important field.

Stanford University William D. Nix
January 17, 2008
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Chapter 1
Principles and Applications of Indentation

Mototsugu Sakai

1.1 Introduction

The microscopic characterization of mechanical properties through indentation con-
tact hardness has a long history exceeding more than one century. After intensive as
well as extensive studies on the “plasticity”” based on the contact hardness of ductile
metals in the mid of twentieth century, the mechanical/physical understanding of
contact hardness has well been advanced, since 1980s, along with the development
of sophisticated instrumented indentation test systems that are capable of measur-
ing the indentation load P and the penetration depth / in various mechanical modes.
This has been enhanced by the upsurge of the electronics engineering and technol-
ogy that made possible to provide several types of highly sophisticated electronic
sensors for detecting load/displacement in accurate manners combined with the de-
velopments of microcomputing systems.

In ordinary mechanical testing for characterizing material properties, the test
conditions, and the geometries and dimensions of test specimens are carefully de-
signed that realize the “simplest” mechanical boundary conditions, resulting in the
straightforward measurement of the material properties having their sound scientific
significances. As an example, a well-designed uniaxial tension has been utilized to
measure the Young’s modulus, for the test result gives the “well-defined physical
basis” of the Young’s modulus. In fracture toughness testing, as another example
for mechanical testing, the ASTM-prescribed dimensions, specimen’s geometries,
and the test conditions are conventionally recommended to give the well-defined
fracture mode, leading straightforward to the fracture toughness with its sound
physical basis.

M. Sakai

Department of Materials Science, Toyohashi University of Technology, Tempakucho,
Toyohashi 441-8580, Japan

msakai @tutms.tut.ac.jp

F. Yang and J.C.M. Li (eds.), Micro and Nano Mechanical Testing of Materials and Devices, 1
doi: 10.1007/978-0-387-78701-5, © Springer Science+Business Media, LLC, 2008
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However, in contrast to these conventional mechanical testing, as has been well
recognized, the stress/strain field beneath the contact point of indentation impression
is crucially complicated even in an elastic contact. Plastic and/or viscous flows add
further mechanical complications to the contact filed. Such an extremely complex
mechanical environment associated with indentation contact processes inevitably
yields undesirable complexity and ambiguity to the “physical meanings” of the mea-
sured mechanical properties, such as contact hardness. Accordingly, in generally
speaking, an indentation contact test should not be recommended for characterizing
the mechanical properties of engineering materials as a standard test technique hav-
ing a sound basis of physics. Gilman addressed in his review article [1] that “Hard-
ness measurements are at once among the most maligned and the most magnificent
of physical measurements. Maligned because they are often misinterpreted by the
uninitiated, and magnificent because they are so efficient in generating information
for the skilled practitioner.” In this context, therefore, thoroughly understanding
the physical insight and the meaning of indentation-derived mechanical properties
must be the most essential prior to utilizing indentation contact test techniques as
efficient micro/nanoprobes. In this chapter, the contact physics will be intensively
emphasized of the various mechanical parameters obtained in instrumented inden-
tation tests.

1.2 History of Indentation Contact Mechanics

In 1881, Hertz, 24 years old at that time, published a historical paper, On the contact
of elastic solids, in which he made theoretical considerations for the contact pressure
distributions of spherical solids on the basis of the analogy to electrostatic potential
theory to understand the optical interference fringe patterns at contact [2, 3]. This
paper founded the present contact mechanics as Hertzian contact theory. Four years
after his publication, in 1885, Boussinesq made a classical approach to finding the
elastic stresses and their distributions induced by arbitrary surface tractions by the
use of the theory of potential [4]. Though the Boussinesq’s theoretical framework
included the Hertzian contact problem as a specific case, its analytical solution was
first derived by Love in 1930s [5], and then by Sneddon in 1960s [6,7] by applying
the Hankel transforms to potential functions, having led to the basis of the present
elastic theory for axisymmetric indentation contact problems.

Due to the large elastic moduli, the contact deformation of ductile metals, even
for a spherical contact, is predominantly out of the elastic regime, yielding signifi-
cant plastic flows and leaving a finite residual impression after unload. Furthermore,
the tip-acuity-induced stress concentration in cone/pyramid contact inevitably yields
a finite plastic deformation beneath the contact even for very elastic solids. On the
basis of the experimental results for spherical indentation on various metallic al-
loys, along with the considerations on the geometrical similarity of contact, in 1908,
Meyer proposed the concept of “contact hardness, Hy (Meyer hardness)” as a mean
contact pressure defined by the applied indentation load P divided by the projected
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area A; of residual impression, Hy; = P/A; [8]. The Meyer hardness for ductile ma-
terials is closely related to their yield strength Y as Hyy = C - Y with the constraint
factor of C. Prandtl in 1920s examined the constraint factor related to the plastic
flow problem beneath a flat punch, and then Hill extended it into what is now well
known as slip line field theory. They predicted the C-value to be 2.57; in fact it varies
from about 2.5 to 3.2, depending on the tip-geometry of indenter and the frictional
condition at the interface between the indenter and the material contacted [9, 10].

Among numbers of outstanding scientists and researches, Flory in 1940s [11] and
Ferry in 1950s [12] made great contributions to polymer physics/rheology, having
led to an upsurge of the modeling and the characterization of time-dependent vis-
coelastic behaviors of engineering materials. This historical upsurge progressively
expanded to other fields of mechanical science and engineering, including indenta-
tion contact mechanics. Radock and Lee published pioneering papers, in which they
examined the time-dependent contact mechanics for spherical indentation [13, 14].
By the use of the well-known fact that the Laplace transform of time-dependent
viscoelastic constitutive equation results in the purely elastic equation, they de-
rived the viscoelastic solution in spherical indentation contact problem through
utilizing the Laplace-transform inversion of the elastic Hertzian solution. Their
theories were then more generalized to other contact geometries by several re-
searchers [15-18]. However, due to the experimental difficulties associated with
time-dependent deformations and flows of viscoelastic contacts, the experimental
studies have not been conducted until the end of 1990s [19-24].

The hysteresis relationship of indentation load P and the associated penetration
depth / during a loading/unloading cycle, i.e., the P — h hysteresis curve, includes
all of the information on the microscopic processes and mechanisms of the contact
surface deformation, flow, and failure. Tabor in 1951 conducted the earliest experi-
ments for determining the P — & hysteresis curves during a spherical indenter pressed
into contact with metals [9]. Stilwell and Tabor in 1961 emphasized the importance
of the P — h curve in terms of the elastic recovery of the hardness impression dur-
ing unloading, and related it to the elastic modulus of the material indented [25]. In
1981, Shorshorov et al. made an experimental determination of the Young’s mod-
ulus of the material by the use of the unloading stiffness S (the initial slope of un-
loading P — h curve at the maximum penetration), and suggested the importance
of constructing an instrumented indentation apparatus to measure P — h hysteresis
curve [26]. An experimental work was then reported by Newey et al. in 1982 for con-
structing an instrumented micro/nanoindenter to obtain the continuous records of P
and 4 in time, and applied it to the study of the contact behavior of an ion-implanted
layer [27]. The dramatic progresses in electronic sensor devices with high precision
started in the middle of 1980s for measuring displacement in nm and load in UN,
enabling to develop several types of instrumented micro/nanoindentation test sys-
tems, and to apply them to the studies on the characteristic material parameters in
micro/nanoscales [28—62].

Instrumented indentation test systems have been widely utilized in materials sci-
ence and engineering fields as an efficient micro/nanoprobe. In particular, an instru-
mented indentation apparatus plays the most efficient as well as powerful testing
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roles in characterizing the mechanical properties of electro-optical thin films coated
on substrate. In characterizing the film-only properties of coating in indentation test,
the key is the quantitative separation of the substrate effect from the observed P —h
hysteresis curve of the coating/substrate system to single out the film-only proper-
ties, for the substrate beneath a thin film significantly affects the observed P — h
curve. Theoretical studies on the elastic contact mechanics of coatings started at
mid-1970s, and was successfully accomplished with the paper published by Yu et al.
in 1990 [63-67]. They reduced the elastic Boussinesq problem for an axisymmetric
indentation on coating/substrate systems to a simple Fredholm integral equation of
the second kind, and then solved the equation in a numerical manner. In elastoplastic
contact regimes, however, none of analytical approaches to the theoretical works on
the coating/substrate systems have been successfully achieved due to the very com-
plicated behaviors of plastic flows within the coating film. The substrate plays an
important role in controlling the degree of constraint of the plastic flow of the coat-
ing; a very compliant substrate having a considerable amount of the capacity for
elastic strain accommodation, in one hand, makes the film more elastic and brittle,
resulting in a sinking-in profile of impression. A very stiff substrate, in other hand,
significantly constrains the elastic deformation, yielding a significant enhancement
of plastic flow within the coating film, and resulting in the film more plastic and
ductile. This enhanced plastic flow within the coating film creeps up along the faces
of the indenter, yielding a piling-up profile of impression. Numerical studies by the
use of finite element analysis (FEA) along with experimental as well as analytical
examinations are now extensively conducted to establish the scientific frameworks
of time-independent elastoplastic contact mechanics of coating/substrate compos-
ites [34,68-80].

1.3 Theory

1.3.1 Elastic Contact Mechanics [81,82]

On the basis of potential theory, Boussinesq examined the contact problems for
the penetration of a rigid solid of revolution with its axis normal to the surface of
an elastic half-space [4]. The practical computations were successfully made by
Sneddon as the solutions of axisymmetric Boussinesq problems using the theory
of the Hankel transforms of an arbitrary potential function y [6,7]. The equations
of equilibrium for the stresses within an elastic body combined with the compat-
ibility equations for the elastic displacements lead to an arbitrary function y sat-
isfying the biharmonic equation of V*y = 0. This biharmonic equation can be
reduced to a fourth-order ordinary differential equation in cylindrical coordinate
(r,0,z) through the Hankel transform y{'(&,z) of this biharmonic function defined
by Wi'(&,2) = 5" rw(r,2)Jo(Er)dr in terms of the zero-order Bessel function Jo(&7)
of the first kind. The transformed function l//(l){ (€,7) can be analytically expressed by
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Fig. 1.1 Coordinate system and the parameters for the contact profiles of axisymmetric
indentations

Wil(€,2) = (A +BEz)e 5%, where the unknown parameters A and B are determined
through the fact that the stresses approach zero at infinity. Since all of the compo-
nents of stresses and strains within the elastic body contacted with an axisymmetric
rigid indenter punch can be given in terms of W(I;I(é ,2), we can finally determine
the indentation load P and the penetration depth / as the experimentally observable
indentation parameters, after we conduct the spatial integrations of these stresses
and/or strains.

Figure 1.1 illustrates three of the representative geometries of axisymmetric in-
dentations with their coordinate system and the contact parameters of P, h, contact
radius a, and the contact depth .. The origin of the (r, 0,z)-coordinate is located at
the first contact point of indenter-tip on the original flat surface (the center of contact
circle for the flat-ended cylinder).

We define the function f(x) that quantitatively represents the shape of an ax-
isymmetric indenter as a function of the normalized radius x(= r/a). The vertical
displacement u(x,0) of the contacted surface beneath the indenter is, therefore, ex-
pressed by u(x,0) = h— f(x) in 0 < x < 1 with f(0) = 0. The detailed functional
forms of f(x) for the representative tip-geometries (flat-ended cylinder, sphere and
cone) are given in Table 1.1. The function x(¢) is then defined by the use of the
indenter’s shape-function f(x) as follows [6,82]

g |:h P tfx)
T Jo Vi2—x?
Using the functions f(x) and x(¢), the indentation load P, penetration depth %, and

the pressure distribution p(x) beneath the indenter in the contact area (x < 1) are
given in the following formulas [6, 82]

x(t) = dx} (1.1
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Table 1.1 Elastic indentation contact parameters (a < R is assumed for spherical indentation)

Flat-ended cylinder ~ Sphere Cone
f(x) 0 (a®/2R)x* atanf - x
N (x) 1/2\/1—x2 3\/1—x2/2 cosh™!(1/x)
n 1 3/2 2
A 2a 4v/R/3 2cotf/m
B a VR 2cotf/m
nA/B 2 2 2
Ye(=h/he) - 2 /2
1
P= naE// x(t)de, (1.2)
0
() n
h= dx+—x(1 1.
| e 2, (1.3)
e ET 20 AW
_e _ X
P =2 [W / md’] ' (14

In (1.2)—(1.4), E' is the elastic modulus (E’ = E /(1 — v?)) in terms of the Young’s
modulus E and the Poisson’s ratio v; f(x) and x'(¢) are, respectively, defined by
the first-order derivative of the functions f(x) and x(x) as f/(x) = df(x)/dx and
x'(t) = dy(t)/dz. It should be noted that we must have y (1) = 0 if the function y/(¢)
is differentiable in the neighborhood of r = 1, i.e., p(x) tends to a finite value along
the periphery of the contact at x = 1.0. These are the cases of spherical and conical
indentations, whereas we have ¥ (t) = x (1) = 2h/m in a flat-ended cylindrical punch,
where the contact stresses at the contact periphery become infinite [82].

Substituting the respective shape functions f(x) (see Table 1.1) into (1.2)—(1.4),
the relations of P to h and a to h are, respectively, given in the following general
expressions for a given penetration depth of h

P=AE -1 (1.5)

and
a=Bn"". (1.6)

The parameters of n, A, and B are listed in Table 1.1 for the respective shapes of in-
denters. The profiles of contact pressure distribution (1.4) for the respective contact
geometries are also listed in Table 1.1 as their normalized expressions of pn(x)
defined by pn(x) = p(x)/pm in which the mean contact pressure py, is defined
by P/ma’.

Using (1.5) and the parameter A listed in Table 1.1, the P — & relation, that is the
key in determining the elastic modulus £’ in indentation contact test, is given by

P=(2a)E'h (1.7)
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for flat-ended cylindrical punch indentation, yielding the linear relationship between
P and h. For spherical indentation contact (Hertzian contact), the P — & relation is
4vR
nggymﬂ (1.8)

in which P is proportional to /%/2. As shown in the following P — h relationship for
conical indentation, P is related to % in a quadratic manner

P , (1.9)

_ 2cotf3 B
T
where f3 is the inclined faced-angle of cone indenter (see Fig. 1.1c¢).

As clearly illustrated in Fig. 1.1, the contact surface always sinks in for elastic
indentation contact. The amount of sinking-in of the contact surface can be quanti-
tatively described by the contact impression profile parameter 7. defined by the ratio
of the total depth / to the contact depth A, as follows

Ye =h/he. (1.10)

The subscript “e” indicates “elastic.” As the elastic contact surface always sinks-
in, the value of 7}, is always larger than 1.0. Substituting the relationships of a ~
V2Rh: (he < R or a < R) for spherical indentation and a = hccotf3 for conical
indentation into (1.6), we find that the Y.-values are the constant of 2.0 and 7,2,
respectively, as listed in Table 1.1.

The contact impression profile changes from “sinking-in” to “piling-up,” when
the indentation behavior of solids becomes progressively plastic with the increase in
the ratio of E'/Y, i.e., the decrease in the capacity of elastic strain accommodation
beneath the indenter, as well as the increase in the externally applied strains of a/R
for spherical and tan 3 for conical indentations [10,52,55,60,61]. The y(= &/h.)-
value becomes less than 1.0 for the piling-up profiles of impression, the details of
which will be given in Sect. 1.3.2.

1.3.2 Elastoplastic Contact Mechanics

1.3.2.1 Geometrical Similarity and the Concept of Meyer Hardness

Two solids are geometrically similar when one of two can be transformed to the
other in a linear way without any distortions [59]. Cone and polyhedral pyramids
(such as the conventional trihedral Berkovich and tetrahedral Vickers indenters) are
geometrically similar if their apex angles are identical. Spherical contacts are also
geometrically similar, provided that the ratio of the contact radius a (see Fig. 1.1b)
to the radius of sphere R, a/R, is the same.
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Meyer found in the experiments of spherical indentation for various metallic al-
loys that the mean contact pressure defined by the indentation load P divided by
the projected contact area of impression A.(= 1ta®), P/A. (referred to as the Meyer
hardness, Hyp) is given by the following expression [8, 9],

Hy(= P/na®) = f(a/R). (1.11)

As the ratio a/R is constant for geometrically similar impressions, (1.11) indi-
cates an important experimental fact that the mean pressure (Meyer hardness) is
constant for geometrically similar impressions. The ratio of a/R increases during
penetration with the increase in the contact depth h. through the relationship of
a/R=/1—(1—h¢/R)2. Accordingly, in spherical indentation for hardness mea-
surement, the penetration depth must be controlled to yield the recommended a/R-
value; in the Brinell test, the penetration depth is adjusted so that the a/R-value is
between 0.3 and 0.5, the most recommended value being 0.4 [83].

Due to the geometrical self-similarity in conical/pyramidal indentations, we have
a similar relation of (1.11), as follows

Hyi(= P/na®) = g(B), (1.12)

where a is the radius in conical/pyramidal indentation impression and f3 represents
the inclined face angle of indenter (see Fig. 1.1c). As readily recognized in coni-
cal/pyramidal indentation, the Meyer hardness Hyj (mean contact pressure; P/ma”)
is simply described by the inclined face angle only. Accordingly, the Meyer hard-
ness is constant independent of the penetration depth h or the indentation load P.
This fact is practically important for determining the indentation hardness value in
experiments, whereas it is highly affected by the depth of penetration / in spherical
indentation.

1.3.2.2 Conical/Pyramidal Indentation

A conical/pyramidal indentation contact accommodates elastic as well as plastic de-
formations over the contact region to avert the stress singularity induced by the acute
tip which highly activates plastic flows even at the onset of indentation contact. The
contact stresses are highly concentrated beneath the tip and decrease significantly
in magnitude with distance away from the contact region. The Meyer’s principle of
geometrical similarity represented in (1.12) for conical/pyramidal indentation con-
tact suggests the following quadratic relation between the indentation load P and
the penetration depth A [29,31,32,41,43,49,52,55,60],

P =k, (1.13)

where the indentation loading parameter k; is related to the Meyer hardness Hy; in
the following formula [41,49,52],
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Fig. 1.2 Contact profiles (pileup and sink-in) of the conical/pyramidal indentation. &, hg, and h.
are, respectively, the total depth, surface depth, and the contact depth of penetration. The contact
radius is denoted by a,

ky = <g2) Hyr. (1.14)
¥

1

In (1.14), g is the area function of the indenter defined by A, = ghg (g is expressed
by 7t cot? B, 3v/3 cot? B, and 4cot? B, respectively, for cone, trihedral Berkovich, and
tetrahedral Vickers indenters). The g-value was historically designed to be 24.5 both
for the Berkovich (B = 24.7°) and Vickers (8 =22.0°) indenters. The ¥, in (1.14)
represents the parameter of contact impression profile that is defined in the loading
process of elastoplastic indentation contact as y; = h/h. (refer to % in (1.10) for
the sinking-in profile of elastic impression) [29,41,49]. As readily seen in Fig. 1.2,
the y;-value is always larger than 1.0 for the impression profile of sinking-in and
less than 1.0 for the impressions having piling-up profile. When a solid indented
is more elastic, due to its large capacity for elastic accommodation, the surface of
contact always tends to sink in. In contrast to elastically compliant solids, if the
elastic accommodation is limited, that are the cases of ductile metals, the major
of contact-induced deformations is accommodated through plastic flows along the
faces of the indenter, overcoming the mechanical constraints of the free surface of
the solid, and resulting in the contact profile of piling-up around the impression, as
shown in Fig. 1.2.

Upon comparing the quadratic P — & relations of elastic (1.9) and elastoplastic
(1.13) indentations, as an extreme of elastoplastic contacts, the purely elastic contact
results in the following expression for the Meyer hardness,

_ tanf3 £
2

Hwm (1.15)
where use has been made of the relations of g = T cot’8 and ¥ (= %) = /2
for conical indentation. Equation (1.15) was first derived by Love [5] and then by
Sneddon [6,7]. Equation (1.15) indicates that the Meyer hardness is an elastic mea-
sure in purely elastic indentation contact.
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For purely plastic indentation contact, the Meyer’s principle of geometrical sim-
ilarity in conical/pyramidal indentation suggests that Hy is simply related to the
yield strength Y as

Hy=C-Y (1.16)

in terms of the constraint factor C(=~ 3.0). The C-value ranges from about 2.5 to
3.2, depending on the inclined face angle 8 (C increases with the decrease in 3)
and the frictional coefficient u at the interface between the indenter and the material
indented (C increases with the increase in pt) [10, 83, 84].

Modeling of elastoplastic indentation contact is addressed in the following to
gain further physical insights into the Meyer hardness.

1.3.2.2 (a) Cavity Model [10,84]

The model is based on the assumption that the subsurface displacements produced
by a blunt indenter are approximately radial from the point of first contact with
hemispherical contours of equal strain. The contact surface of the indenter is encased
in a hemispherical cavity of radius a, within which there is a hydrostatic pressure
of p assumed. The stresses and strains outside the cavity are assumed to be the
same as those in an infinite elastic-perfectly plastic body having a spherical cavity
under a pressure of p. In the plastic core of radius c that encloses the cavity, the
radial stresses are proportional to In(1/r) where r is the radial distance from the
point of contact. In the elastic zone extending outside the plastic core, the radial
stresses are proportional to 1/r>. The conservation rule of the volume displaced by
indentation contact locates the elastic/plastic boundary as a function of the plastic
index of E’ tan /Y, and then the Meyer hardness Hyvi(= j + 2Y /3) of the present
model for an elastoplastic body is given by

HTM _ % {2+ln [((1+v6)5’tanﬁ N 23((11_2\/\/)))” . (1.17)

Equation (1.17) indicates that the normalized Meyer hardness Hyy/Y is not a mea-
sure of plasticity, but an elastoplastic parameter dependent not only on the elas-
tic strain capacity Y /E’, but also on the external strain tan 3 imposed by the
cone/pyramid indenter. Accordingly, the Meyer hardness is not a characteristic ma-
terial parameter; it increases with the increase in the inclined face angle 8 of the
indenter utilized (see Fig. 1.3).

1.3.2.2 (b) Elastoplastic Maxwell Model [41,49,52]

Consider a simple model comprising a purely elastic component having the elas-
tic modulus £’ and a purely plastic component having the yield strength Y, being
connected in series, like as the Maxwell’s linear viscoelastic model. The respective
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Fig. 1.3 Normalized Meyer hardness vs. plastic index for the cavity model (the dotted line) and
the elastoplastic Maxwell model (the solid line). The closed circles are the FEM-results for the
Vickers-equivalent cone indentation (frictionless contact)

elastic and plastic constitutive equations in indentation contact (i.e., P — h relation-
ships) can be derived from their expressions for the Meyer hardness given in (1.15)
and (1.16) combined with (1.13) and (1.14), as follows,

P, = keh? (1.18)
for purely elastic indentation and
By = kphy (1.19)

[T}

for purely plastic indentation, respectively. The subscripts “e”” and “p” indicate elas-
tic and plastic, respectively. In (1.18) and (1.19), the frontal parameters of k. and k;,
are, respectively, given by the following formulas in terms of £’ Y, and the respec-
tive contact profile parameters of ¥ and ¥,

E'tanf g
ke = £ (1.20)
¢ 2 7
and
kp=CYE. (121)
®

As addressed in the previous sections, for conical indentation, ¥%-value is /2
(see (1.10) and Table 1.1). However, the analytically closed-form solution for the
contact profile parameter ¥, has not yet been provided, whereas it may be less than
1.0, due to its impression profile of piling-up (see Fig. 1.2).

The nominal indentation load P and the total penetration depth / of this elasto-
plastic model are then expressed in terms of the loads (P, F,) and the depths (%, h;)
of the respective elastic (e) and plastic (p) component of materials through the fol-
lowing relations for the Maxwellian serial combination

P=P.=P, (1.22)
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and
h=he+hyp. (1.23)

Substituting (1.18)—(1.21) into (1.22) and (1.23), we have finally the following
quadratic P — h expression for the present elastoplastic model

P =k h, (1.24)

where the frontal coefficient k; is expressed by

ki = cr S <g2> (1.25)
(1 +@,/Y/E/tanﬁ) "

and then, we have the Meyer hardness as a function of the plastic index of

E'tan B/Y:
2 .
Hy <_ k1%> = cr . (1.26)
8 (1+\/i\/Y/E’tanﬁ)

As readily seen in both of the elastoplastic contact models ((1.17) and (1.26)), the
Meyer hardness is expressed by the plastic index of E’ tan f3/Y; suggesting that
the Meyer hardness is by no means an indenter-geometry-invariant characteristic
material parameter. It should be noted that (1.26) is naturally reduced to (1.15) in
one extreme of purely elastic contact (E’ tan /Y < 1), and to (1.16) in another
extreme of purely plastic contact (E' tan B/Y > 1).

The analytical predictions of the models are shown in Fig. 1.3 along with the
numerical results of elastoplastic FEA. In Fig. 1.3, the two extremes of purely elas-
tic and purely plastic indentation contacts ((1.15) and (1.16)) are also indicated.
The cavity model ((1.17); the dotted line) well predicts the Meyer hardness in the
elastoplastic regime of 1 < E’ tan $/Y < 20, while the Maxwellian serial model
((1.26); the solid line) satisfactorily realizes the FEA-results (the closed circles)
from purely elastic to purely plastic regimes. It should be repeatedly emphasized
that the Meyer hardness is not a characteristic material parameter for expressing
plasticity, but is an elastoplastic parameter, increasing with the increase in the plas-
tic index of E tan /Y (i.e., with the decrease in the elastic strain capacity of Y /E’,
and with the increase in the external strain of tan § imposed by the cone/pyramid
indenter).

1.3.2.3 Energy-Based Considerations on the Elastoplastic P — k Hysteresis
Curve [26,41]

The indentation contact behavior is well characterized in the load P vs. penetra-
tion depth & hysteresis in the loading and the subsequent unloading processes.
The schematic diagram of an elastoplastic P — h hysteresis for conical/pyramidal
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Indentation load, P

Penetration depth, A

Fig. 1.4 Indentation load vs. penetration depth hysteresis during a loading/unloading cycle for an
elastoplastic indentation

indentation is depicted in Fig. 1.4. The penetration depth at the maximum load is
subjected to a finite amount of elastic recovery, yet leaving a finite residual depth
h, after unloading. The hysteresis loop energy U; enclosed with the loading and
unloading paths is the indentation work consumed in the loading/unloading cycle.
This irreversible energy is consumed to create the elastoplastic hardness impression,
if the contact-induced cracking is insignificant.

The integral of the indentation load P with respect to the penetration depth &
along the loading path yields the external work U; (total indentation energy) ap-
plied to the material indented to the maximum penetration depth hpay, i.e., Uy =
foh"‘a‘ Pdh. Applying the quadratic P — A relation (1.24) to this integral affords to

1
Ui = 3ki (hmax)” (1.27)

The elastic energy Uk, released during unloading that is associated with the elastic
recovery of penetration from A,y to ki, is expressed by the integral of the indentation
load P with respect to the penetration depth % along the unloading path, i.e., Us =
f,ﬁmz"‘ Pdh, resulting in
1

Ue = ko (max)* (1= &), (128)
where use has been made of the quadratic approximation for the unloading P — h
path of P = ky(h — h;)?, and the definition for the relative residual depth of & =
e/ himax- The hysteresis loop energy U, consumed for creating the residual impres-
sion is, therefore, given by

1
Ui(= U —U) = §k1 (hmax )& (1.29)
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The mechanical compatibility of klhmax2 = ko (hmax — hr)2 (or its alternative ex-
pression of & =1 — y/k; /k;) at the maximum penetration was utilized in deriv-
ing (1.29).

The most essential elastoplastic parameter among the energy-based indentation
characteristics will be the work-of-indentation, Wy; that is defined as the indentation
work required to create a unit volume of residual impression [41]

Wi = U/ Vi, (1.30)

where V; is the volume of residual impression approximated by

1
Ve~ gyilz(hmax)%r (131)
under the assumptions that (1) the side surfaces and edges of pyramid impression
are straight, (2) piling-up is not taken into account in calculating V;, and (3) the
projected contact area A at Pyax coincides with that of residual impression. Substi-
tuting (1.29) and (1.31) into (1.30) and comparing the result with (1.14), we can find
the equivalence between the work-of-indentation Wy and the Meyer hardness Hy

Wi = Hy1. (1.32)

The numerical results of FEA of the Meyer hardness and the work-of-indentation
for a conical indentation (having the Vickers-equivalent inclined face angle 8 of
19.7°) are plotted in Fig. 1.5 against the plastic index of E’ tan /Y to gain a
good physical insight into Wy as well as to examine the significance of the ap-
proximations included in (1.31). In Fig. 1.5, for calculating W; from (1.30), the vol-
ume V; of the respective residual impression was correctly determined without any

T ) T T
Vickers equivalent cone

Y, Wiy
N

Normalized hardness parameters
M

[ | [ eS| I [ e
10° 10’ 10?
Plastic index, E'tanf8/Y

Fig. 1.5 Comparison between the Meyer hardness (Hy/Y; the closed circles) and the work-of-
indentation (W; /Y ; the open circles)
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geometrical approximations included in (1.31) by the use of the three-dimensional
spatial coordinates of the resultant FEA-nodes of the residual impression. As readily
recognized in Fig. 1.5, although both of the hardness parameters are closely cor-
related, Wy is always larger than the corresponding values of Hyj in rather elas-
tic region of E' tanf3/Y (< 2), and both coincides in the elastoplastic region of
5 < E'tanf8/Y < 20, while Hy; exceeds Wi in ductile contacts of E' tan 3 /Y > 30.
The FEA results indicate that, in rather elastic region, the side-surfaces of the resid-
ual impression tend to be convex due to significant elastic recovery along the pen-
etration axis, suggesting that the straight-side assumption utilized in (1.31) always
overestimates the residual impression volume of V.. However, in ductile contacts,
the side-surfaces of the residual impressions are rather straight, but exhibit a signif-
icant pileup of impression, implying that the assumption of (1.31) always underes-
timates the value of V. These FEA findings for the profile of residual impression
combined with the assumptions and approximations included in (1.31) suggest that
the Wi-value via the Vi-value approximated in (1.31) will be considerably close to or
agree with the Meyer hardness Hy, confirming the equivalence given in (1.32). Ac-
cordingly, in conclusion, the present energy-based considerations suggest that the
Meyer hardness approximately represents the elastoplastic work for creating a unit
volume of hardness impression.

The Meyer hardness Hy; is reduced to the yield strength Y via the expression
of Hy = C-Y in purely plastic/ductile extreme of (E’tanf3)/Y > 50 (see Figs. 1.3
and 1.5). In the extreme of ductile flow, therefore, the work-of-indentation is reduced
to the yield strength Y through the approximated expression of ¥ ~ W;/C.

“Ductility” is simply defined as the degree of plastic flow. It plays an important
role in tribological science and engineering. A measure for ductility can be defined
and determined in an elastoplastic indentation test by the use of the energy-derived
observable parameters. Define the ductility, D, with the following nondimensional
expression,

D=U,/U; (1.33)

as the ratio of the irreversible hysteresis energy U; to the total energy applied to
the body indented. D is 0.0 for a purely elastic body with a complete elastic recov-
ery during unloading (U, = 0.0), and 1.0 for a purely ductile material (U, = Uy).
Equations (1.27) and (1.29) lead to a simple relation of D = &. This simple relation
is acceptable only when the exponent # in the indentation loading path of P = k1"
coincides with the exponent m in the subsequent unloading path of P = ky(h — h;)"™,
not only for conical/pyramidal indentation (n = 2.0) but also for spherical indenta-
tion (n = 3/2). Accordingly, instead of conducting the numerical integrations for U
and Uy (= U; + U.) (see Fig. 1.4) to determine the ductility D, we can simply deter-
mine the dimensionless residual depth & (= h;/hmax) (see Fig. 1.4) as the measure
for ductility. It should be noted that D is independent of the depth of penetration in
conical/pyramidal indentation, and be described uniquely as a function of the plas-
tic index of E’tan3/Y [41,52]. One of the practical applications of the ductility
index D was made through the combination with the energy-derived fracture tough-
ness (Kic)?/E’ for examining the machinability and the machining-induced contact
damages of engineering ceramics [85].
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1.3.3 Viscoelastic Contact Deformation and Flow

A body combining liquid-like and solid-like characteristics does not maintain a
time-independent elastic/plastic deformation under constant stress, but goes on
slowly creeping with time (creep deformation). When the body is constrained at
a constant deformation, the induced stress gradually relaxes with time (stress relax-
ation). In a body being not quite liquid, some of the energy applied to the system
is partially stored during flowing under constant stress, resulting in elastic recovery
of a part of deformation when the applied stress is removed. Materials exhibiting
such time-dependent characteristics are called viscoelastic. Noncrystalline amor-
phous materials including organic polymers, inorganic glasses, glass-forming sim-
ple liquids, and metallic glasses are classified as viscoelastic materials [12].

It is referred to as viscoelastic linearity, provided that an increase in stress ¢ by a
constant factor n, i.e., no, results in an increase in the strain response € by the same
factor, i.e., ng, and vice versa. Furthermore, for viscoelastic linearity, the resultant
strain for different stress histories simultaneously applied to the system is identical
to the sum of the stress histories acting separately, i.e., €(0]+02) = €(01) + €(02).
These facts of linear characteristics naturally lead to the Boltzmann’s hereditary
integral on the basis of the principle of superposition of hereditary memories. As a
memory function of this hereditary integral, the most common is the use of the stress
relaxation function Y (¢) for given strains and the creep compliance function D(¢) for
given stresses [86]. If their viscoelastic stress—strain relationships are linear, these
stresses and strains can be straightforward incorporated into a theoretical framework
of contact mechanics [13-18].

A linear viscoelastic theory for spherical indentation is credited to the pioneer-
ing work of Radok and Lee [13, 14]. They suggested a simple approach to finding
time-dependent viscoelastic solution of indentation contact in cases where the cor-
responding solution for a purely elastic body is known. Consider an indenter pressed
into contact with a linear viscoelastic body under a constant load. The penetration of
the indenter and its contact area both grow with time during the indentation loading.
It has been well known that the constitutive equations for linear viscoelastic materi-
als can always be reduced to the corresponding elastic constitutive equation via the
Laplace transform. The viscoelastic solutions are, therefore, obtained in terms of the
associated elastic solutions through their Laplace-transform inversion. Accordingly,
in viscoelastic contact problems, the relaxation modulus Y (¢) and the creep com-
pliance function D(¢) can be well utilized as the substitutes for the elastic modulus
E' and the elastic compliance C(=1/E’), respectively, in elastic contact problems.
Upon applying the principle of the Laplace transform and its inversion to the rela-
tionship between elastic and linear viscoelastic indentations on the basis of elastic
P — h relation of (1.5), the following integral-type constitutive equations are de-
rived in viscoelastic contact problems by the use of the Boltzmann hereditary in-
tegral with respect to the past times ¢’ from ¢/ = 0 to the present time ' = ¢. The
time-dependent indentation load P(#) resulting from a monotonic penetration depth
history i(¢';0 <1’ <t) is given by [19,21-23]
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A/ [d{hét )} }d’ (134)

In a similar way, the time-dependent penetration depth A(¢) resulting from a
monotonic indentation load history P(¢';0 < ¢’ <1t) is expressed as follows:

A/D [ )}d’ (135)

where A- and n-values for the respective indenter’s geometries are the same as those
given for the elastic solutions (1.5), and listed in Table 1.1.

In a specific case of indentation prescribed by a constant rate of penetration Vj,
i.e., h(t') = Vo', (1.34) is recast into the following formula

P(t) = A-nV] /0 Yl—) (). (1.36)

In indentation creep for stepwise loading with P(t') = PyH(¢') [H(t'): Heaviside
step function], (1.35) leads to the following creep equation

h(t) = [RD(t)/A]'". (1.37)

In contrast to constant indentation load testing, the indentation load relaxation under
a constant penetration depth of A is described in terms of the depth history of i(t") =
ho H (") substituted into (1.34) resulting in the following load relaxation

P(1) = AY (t)h}). (1.38)

Comparing (1.38) for the load relaxation with the corresponding purely elastic rela-
tion of (1.5), it is readily seen that a simple replacement of the elastic modulus E’ in
(1.5) with the stress relaxation function Y (¢) yields the constitutive expression for
time-dependent indentation load relaxation. This fact that the simple replacement of
E' to Y (1) yields an elastic-to-viscoelastic conversion plays an important role in the
later section for the indentation contact rheology of coating/substrate system.

The indentation contact behavior of viscoelastic liguid subjected to a stepwise
deformation/load is always elastic at short times, and then viscoelastic at intermedi-
ate times, whereas it becomes viscous at times long enough for attaining a steady-
state flow. The time-dependent indentation load P(¢) of a viscoelastic liguid under a
constant penetration rate of Vj is expressed by

P(t) = AnV[2(1 +v)n] -1} (1.39)

in its steady-state flow, where 1 is the steady-state shear viscosity and Vv is the
Poisson’s ratio. For a constant indentation load of Py, on the other hand, the time-
dependent penetration A(t) in its steady state is related to the shear viscosity in the
following expression
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Py ¢ 1/n
h(t) = [A 2(1+V)17} . (1.40)

Accordingly, using the viscoelastic constitutive relations given in this section,
we can determine in a quantitative manner the rheological parameters and functions
in indentation contact tests. Further details of the theoretical considerations as well
as the experimental procedures and test analyses of viscoelastic indentation contact
mechanics are reported in the literature [13-24, 87].

1.3.4 Coating/Substrate System

Micro/nanoindentation techniques are the most efficient in mechanically charac-
terizing film/substrate systems, in which the key issue is the establishment of a
quantitative procedure for correctly evaluating the substrate effect, and then singling
the film-only mechanical properties out of the indentation contact data obtained for
coating/substrate systems. Numbers of theoretical models have been proposed and
experimental studies have been conducted to examine the substrate effect on the
elastic modulus, contact hardness, and viscoelastic functions, etc. obtained in in-
dentation tests. However, in general, any rigorous test techniques and procedures
have not yet been established for determining the film-only characteristic mechan-
ical properties. In this section, elastic contact mechanics is first addressed, and
then followed by linear viscoelastic contact mechanics of coating/substrate systems.
Due to crucial difficulties associated with plastic flows, the understanding on the
contact mechanics including the physics of contact hardness of elastoplastic coat-
ing/substrate systems is still immature, and its scientific basis has not yet been es-
tablished. In this section, therefore, no arguments will be made for the elastoplastic
contact mechanics, whereas some of the potentially important studies are listed in
the references [75-80].

1.3.4.1 Elastic Contact [63-67,69]

Dhaliwal solved the Boussinesq contact problem for a flat-ended cylinder contacted
with an elastic layer resting in a frictionless manner on a rigid foundation [63].
Dhaliwal and Rau subsequently extended this analysis to axisymmetric indenters
pressed into an elastic coating perfectly bonded to an elastic substrate [64]. The con-
tact parameters are shown in Fig. 1.6a, b for a cone/pyramid (inclined face angle f3)
as the representative geometry of axisymmetric indentations. Figure 1.6a illustrates
the indentation contact of a homogeneous film at a given penetration depth of h.
The indentation contact for a film having the thickness of # coated on a substrate is
shown in Fig. 1.6b with the same penetration depth of h as that applied in Fig. 1.6a
for homogeneous film. The respective indentation loads induced are denoted by P
and P. The resultant contact radii at the penetration of & are, respectively, denoted
by ay (the subscript H indicates “homogeneous™) and a.
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a homogeneous film b film/substrate system

Fig. 1.6 Indentation contact profile and the contact parameters of (a) a homogeneous film and
(b) a film/coating system

The elastic Boussinesq problems for an axisymmetric indenter pressed into a
coating/substrate system can be solved through a similar mathematical algorithm
for a homogeneous elastic half-space via the Hankel transforms of harmonic func-
tions (see Sect. 1.3.1). Utilizing a pair of the Pabkovich-Neuber functions of ¢(r,z)
and y/(r,z) applied to the equations of equilibrium for stresses combined with the
compatibility equations for displacements, and expressing these harmonic functions
in terms of the Hankel integrals, and then applying them to the boundary conditions
both at the indenter/film contact surface and at the interface of film/substrate, Yu,
et al. derived the following Fredholm integral equation of the second kind [67]

1
Hx) = [ KO+0+ K0 =)y = R), (141)
where x represents the normalized radius r/a using the contact radius a. Fy(x) is the
dimensionless function related to the tip-geometry of indenter; Fy(x) = 1 — (a/ap)x
for a conical indenter as an example, where ay is the contact radius at the penetration
depth £ for the homogeneous half-space (see Fig. 1.6a). Since ay for a homoge-
neous film is expressed by the relation of ay = Bh"~! with the elastic modulus-
independent parameter B (see (1.6) and Table 1.1), it must be noted that the contact
radius ay is independent of the elastic modulus Ey of the coating film for a given
penetration depth of h.

The continuous symmetrical kernel K(y) in (1.41) is dependent on the contact
conditions (perfectly bonded or frictionless contact) at the film/substrate interface,
and given as a function of the elastic moduli of E{ and E, and the Poisson’s ratios of
v and Vs of the coating film and substrate, respectively. By varying the a/ay-value
included in the function Fy(x) in an iterative manner until the boundary condition
of H(1) = 0 is satisfied, the numerical solution to the Fredholm integral equation
yields H(x) in the form of a Chebyshev series [67].

The normalized indentation load P/P; (the load P for the coating/substrate
system normalized with the load P; for the homogeneous film both at a given
penetration depth of h; see Fig.1.6) is given by integrating the contact stress



20 M. Sakai

distributions over the contact area, and described by the following formula for ax-

isymmetric indentation
P a 1
—=n|— H(x)dx, 1.42
- (aH> | (1.42)

where n is 1.0, 3/2, and 2.0 for a flat-ended cylinder, sphere, and a cone, respectively
(see Table 1.1) (note that a/ay is always 1.0 for flat-ended cylinder). Since the P— h
relation of a coating/substrate system can be written by simply replacing E’ with its
effective value E.; in (1.5)

P =AE.zh" (1.5
and the relation for a homogeneous film by P; = AE{h", the alternative expression
of (1.42) is given by [88],

E 1
e Y /H(x)dx. (1.42%)
Ef ay 0

The numerical results of E./E{ and a/ay in the conical indentation, as a representa-
tive for the conventional axisymmetric indentation contacts, are plotted in Figs. 1.7
and 1.8 (marked by the symbols) against the normalized film thickness #/a for
various values of the modulus mismatch E{/E{ from 0.0 to 10.0. Figures 1.7 and 1.8
readily show that both of E./E{ and a/ay are reduced to 1.0, namely E.; and a
approach E{ and ay, respectively, in the extreme of large #;/a-values (i.e., the film

Dashed lines: py of a thin film on rigid substrate

Solid lines: py with homogeneous approximation
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Fig. 1.7 Normalized effective elastic modulus plotted against the normalized film thickness. The
symbols are the numerical solutions of the Fredholm integral equation (1.41) and (1.42")
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Conical indentation

2.5 L BUSRA IS S BLALELLE
Solid lines: Eqg. (1.49)

tE/E! =0.0
. fs

N
I

CEE S B I )

0.
0.
1.
2.
0.

ooomN

1

-

Normalized contact radius, a/aH
(6, ]

raaal I T B

107" 10° 10’

o
o

Normalized film thickness, tf/a

Fig. 1.8 Normalized plots of the contact radius vs. the film thickness for various values of the
modulus mismatch Ef/E]. The solid lines indicate the numerical predictions of (1.49)

thickness is sufficiently larger than the contact radius, implying the contact on a
homogeneous film). In another extreme of small 7;/a-values, where the film thick-
ness becomes negligibly small or the penetration is significant, the substrate-effect
progressively becomes dominant, and the substrate exclusively represents the inden-
tation contact behavior; the E. ./ E{-value, therefore, approaches E./E{-value.

As readily recognized in Fig. 1.8, in the extreme of #¢/a | 0, the contact radius
a again reaches its homogeneous value of ay, and so the ratio of a/ay is again
reduced to 1.0 (note that ay is independent of the material characteristics through
the relation of ag = B! for a given depth of penetration h (see (1.6) and B listed
in Table 1.1).

Due to a significant substrate effect, Fig. 1.8 shows that the contact radius a is
considerably different from the corresponding homogeneous value of ap, if the
modulus mismatch E{/E] is significant. For example, an indentation on a soft-
coating/hard-substrate system (see Fig. 1.8 for E{/E] < 1.0) results in the enhance-
ment of pileup even in elastic contact; the coating film elastically deformed beneath
the indenter is constrained by the rigid substrate, enhancing the elastic deformations
along the indenter’s faces upward to the regions near the contact periphery, sub-
sequently enhancing the elastic pileup. In contrast, for a coating film overlying a
compliant substrate (E{/E] > 1.0), a sink-in contact profile is more enhanced than
that for the homogeneous semi-infinite half-space. Accordingly, a is significantly
larger than ay (i.e., a/ay > 1.0) in the former and smaller (i.e., a/ayg < 1.0) in the
latter for a given penetration depth in the region of about 0.1 < #¢/a < 10.

Although the Fredholm integral equation (1.41) yields the highly reliable numer-
ical predictions for the elastic contact deformations of coating/substrate systems,
the extremely tedious and complicated mathematical algorithm that is required for
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solving the integral equation reduces its practical importance. To circumvent the
mathematical as well as numerical difficulties included in (1.41), an approximated
approach was made by Hsueh and Miranda to solve the elastic contact problems
of coating/substrate systems [89], where they reckoned on the use of Boussinesq’s
Green function G(r,z; E,V) as the elastic solution of the contact surface deforma-
tion w(r,z) induced by point loading of P on a homogeneous semi-infinite half-space
(elastic modulus E and Poisson’s ratio v) [91]

2 3-2v

+
V(P23 V422

(1.43)

G(nzE,v)(=w(nz)=—

This Green function G(r,z; E,V) applied to a coating/substrate layered composite
yields the analytical expression for the surface displacements for point loading, and
then the penetration depth 4 is derived by applying the superposition principle to the
distributed contact stresses p(r;a) beneath a solid indenter, as follows

a e 0o
h= / p(ra) { G(r,z; Er,vp)dz+ | G(rz Es,vs)dz] 2nrdr. (1.44)
0 0

If

The integration of (1.44) results in the following general expression between i and
P for axisymmetric indentation geometries [88]
n/2 P

h= Bl aE] (1.45)
E

in terms of the exponent n (n = 1.0, 3/2, and 2.0 for flat-ended cylinder, sphere, and
cone indentations (see Table 1.1)). The normalized elastic modulus E.;/Ef included
in (1.45) can then be expressed by [88]

Eer _ ! : (1.46)
B 14 f5 16— 2v)h(/a) ~ h(/a) (7 —1)
with the nondimensional functions of I; (t;/a) and I (t;/a) defined by
L (te/a) / N (tf/a) dx (1.47)
and E
bL(t/a) / PN (tf/a) g _—dx. (1.48)

In the derivation of (1.46), for s1mpllclty, the Poisson’s ratios of v¢ and vy are sup-
posed to be similar in their magnitude, being assumed to be a single value of v.
In (1.47) and (1.48), x represents the normalized radius r/a, and px(x) is the nor-
malized contact pressure distribution defined by pn(x) = p(r,a)/pm in terms of the
mean contact pressure of py, = P/(na?).
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Both of the functions of [; (#;/a) and L(t;/a) coincide with each other in the ex-
treme of thin coating of #¢/a ~ 0.0, giving the expression of o (= 1;(0) = L (0) = fol
PN (x)dx) Accordingly, utilizing (1.46), we can analytically express the composite
modulus Eéff as a function of the normalized film thickness #;/a, when we know
the modulus ratio of E{/E/, or analytically determine the film modulus E} once we
measure the composite modulus E.; in indentation test, if the substrate modulus E;
is known.

The analytical expression for the normalized contact pressure distribution py(x)
is required in calculating the functions of I; (tt/a), L(t;/a), and also Iy-value (see
(1.47) and (1.48)). Hsueh and Miranda, and Sakai made a use of the homoge-
neous approximation of the normalized contact pressure distribution pn(x) listed
in Tables 1.1 and 1.2 [88-90]. This approximated distribution is only applicable in
the extreme of thick film of #/a > 1, or for the coating with E{f ~ E;.

However, in general, pn(x) is significantly affected by the presence of substrate
if the modulus mismatch of E{/E. becomes significant. Yang examined the analyt-
ical expression of pn(x) for the thin extreme of #r/a < 1 (the extreme of a thin
film overlying a rigid substrate) [92]. These formulas of pn(x) for three different
axisymmetric indentation contacts are listed in Table 1.2 along with their homo-
geneous approximations. Figure 1.9 compares the profiles of pn(x) for the thick

Table 1.2 Contact pressure distribution py (x) and the related integrals, 7; (&) and I(&)

Homogeneous half-space Thin film coated on a rigid substrate

(a) Flat-ended cylinder

MG I
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(b) Sphere
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(c) Cone
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x and & are defined by r/a and 7;/a, respectively
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Fig. 1.9 Distributions of normalized contact pressure of a cylindrical flat-punch, sphere, and cone
indentations. The solid lines and the dashed lines represent, respectively, the distributions for the
homogeneous half-space and the thin film overlying a rigid substrate

extreme (homogeneous half-space) with those for the thin extreme, indicating that
the singularities, i.e., the infinite stresses at the tip (r/a = 0) of cone and at the
periphery (r/a = 1) of flat-ended cylinder observed in the thick extreme (the solid
lines) are extinct in the thin extreme (the dashed lines). The local strain singularities
(i.e., the infinite elastic deformations) at the tip of cone and at the periphery of flat-
punch give rise to the stress singularities in the thick extreme. The rigid substrate,
however, always suppresses these elastic deformations to finite values in thin films,
resulting in the nonsingular profiles of pn(x) over the contact area [93].

The normalized modulus of E./E{ for conical indentation as an example thus
analytically calculated using (1.46) is plotted against the normalized film thickness
of #r/a in Fig. 1.7, where the dashed lines indicate the results for the normalized
pressure pn(x) of a thin film on a rigid substrate, and the solid lines are calculated
using pN(x) for the homogeneous approximation [88,93]. As clearly seen in Fig. 1.7,
the analytical results (1.46) with pyx(x) for a thin film on a rigid substrate (the
solid lines) well reproduce the rigorous solutions of the Fredholm integral equation
((1.41); the symbols in Fig. 1.7). In particular, the successful fitting is made of the
analytical prediction to the rigorous solution in the region of E{/E, < 2.0, where
the rigid substrate well approximates the mechanical environment of the layered
composites. On the other hand, the homogeneous approximation for pn(x) leads
to finite discrepancies (the solid lines in Fig. 1.7) when the modulus mismatch be-
comes significant (E{/E] > 2 and E{/E/ < 0.2). Accordingly, instead of solving the
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Fredholm integral equation (1.41) in a numerical manner, adopting an appropriate
approximation of pN(x), we can analytically estimate the elastic modulus of coating
film Ef from the composite modulus E.; determined in a micro/nanoindentation test
as a function of the dimensionless film thickness 7t/a, when the substrate modulus
E/ is known.

In this experimental procedure for estimating Ef from the observed E.;-value,
there still exists a crucial problem for analytically or experimentally estimating the
contact radius a of coating/substrate composite system, if there are no experimental
or analytical ways to estimate the contact radius a from the experimentally observ-
able penetration depth /4. As mentioned in the preceding considerations, the sub-
strate significantly affects on the contact radius a, resulting in a sizable discrepancy
from the contact radius ay = Bh"~! of homogeneous half-space, as clearly demon-
strated in Fig. 1.8 for conical indentation, as an example.

Instead of numerically solving the Fredholm integral equation (1.41) in an it-
erating manner to obtain E'./E{ and a/ay as functions of #r/a (see the symbols
in Figs. 1.7 and 1.8), Hsueh and Miranda examined an “empirical” formula of
a/ay by best-fitting this radius-ratio to the results of FEA for spherical indenta-
tion [91]. Sakai extended their formula to include other axisymmetric indentation
contact problems [88]

n—1)/n n—1)/n .
a (Eéff>( )/ (1_1—(Ef/Es)( 1)/ -Hc(tf/a,Ef/Es)>7 (1.49)

ag Elﬁ l—l-EjCj(tf/a)j
where x (tr/a; E¢/E) and C; are the fitting function and parameters, respectively,
the details of which have been given in the literature [91].

The solid lines in Fig. 1.8 illustrate the results of (1.49) with n = 2 for conical
indentation, where the rigorous solutions of the Fredholm integral equation (1.41)
are indicated by the symbols. The empirical expression of (1.49) well represents the
rigorous solution of the Fredholm integral equation, except for the coatings overlay-
ing a very compliant substrate of E{/E/ > 10 in the regions of extremely thin film or
very deep penetration of #r/a < 0.5. Using (1.49) in combination with the relation
of ay = BI"~!, we can estimate the contact radius a of a layered composite for a
given penetration depth / that is an observable parameter in indentation test.

The elastic contact behaviors of conical indentation were demonstrated, as
an example, in the preceding considerations. However, due to the tip-acuity of
conical/pyramidal indentation, even in a shallower penetration, a finite plastic
deformation is inevitably induced beneath the indenter. Accordingly, the considera-
tions on spherical indentation problems will be more practical, when the analytical
prediction is compared with the experimental results in elastic regime. In this con-
text, the a vs. h relationship thus analytically derived using (1.49) in combination
with the relation of ag = BA"~! is plotted in Fig. 1.10 for spherical indentation
(n =3/2) in its dimensionless relation of a/t; vs. \/h/t;. The numerical results
shown in Fig. 1.10 are very essential from the practical point of view, for we can
estimate the unobservable contact radius of a from the experimentally observ-
able penetration depth %, and then using the normalized film thickness of #/a, the
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Fig. 1.10 The normalized relations between the resultant contact radius a and the applied penetra-
tion depth A for spherical indentations. The thick solid line with E{/E] = 1.0 represents the a vs. h
relation for the homogeneous half-space, i.e., ag = Bh"~! (n = 3/2). The normalized radius of
spherical indenter is defined as R/

composite modulus E/ . as a function of / is analytically predicted in (1.46), and so
the indentation load P vs. penetration depth / relation can be analytically described
by the use of the relationship of P = (4/3)v/RE.h’/>.

Figure 1.11 illustrates the elastic P — h loading curves of methylsilsesquioxane
films having various thicknesses of #f ranging from 0.5um to 20pum coated on a
soda-lime silicate glass plate that are pressed into contact with spherical indenters
(the tip radius R of 4.5um and 50.0um) [88]. The solid lines in Fig. 1.11 are the
analytical predictions, showing an excellent agreement with the observed results
(the symbols). This excellent coincidence between the observation and the analytical
prediction indicates that one can estimate the elastic modulus of coating film Ef from
the observed P — & loading curve of the composite system through inversely solving
the analytical problem demonstrated in this section.

1.3.4.2 Linear Viscoelastic Contact [93]

As emphasized in Sect. 1.3.3 for the indentation load relaxation test with a stepwise
penetration of hg, a simple replacement of the elastic modulus E’ with the stress
relaxation function Y (¢) in the elastic P — h relationship yields the constitutive rela-
tion for the time-dependent load relaxation, given in (1.38). Accordingly, a similar
replacement of E. in the elastic relation of P = AE_;h" ((1.57) in Sect. 1.3.4) with
the effective relaxation modulus of Y (#) leads to the viscoelastic expression for the
stress relaxation of a coating/substrate composite [94]

P(1) = AY,ge (1)1, (1.50)
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Applying this elastic-to-viscoelastic conversion rule to (1.46) and simply replacing

the respective elastic moduli of E{ and E/ with the corresponding relaxation func-

tions of Y;(¢) and Y;(z), the following general expression is obtained for the stress

relaxation function Yer(¢) of linear viscoelastic coating/substrate composites:
Yeir(t) _ ! , (1.51)
WO 14 et 13- 2v)hir/a) — R(/a)] (515 1)

s(1)

where both of the coating and the substrate are supposed to be viscoelastic. In a
specific case where the film is viscoelastic while the substrate is elastic, ¥s(¢) in
(1.51) must be E/, by way of example.

An organic polymer film overlaying a metal or a ceramic is an example for a vis-
coelastic film on an elastic substrate. A sol—gel derived brittle hybrid film coated
on an organic polymer substrate will be an example for an elastic coating on a
viscoelastic substrate. Several interesting numerical simulations using (1.51) were
reported in the literature to gain a deep physical insight into the stress relaxation
behaviors of various types of viscoelastic coating/substrate composites [93].

As the numerical examples of (1.51), the effects of elastic substrate on the con-
tact behavior of a viscoelastic film are illustrated in Figs. 1.12 and 1.13, where the
normalized film thickness #¢/a in the former, and the elastic modulus E of the sub-
strate in the latter are changed in a systematic manner, while the viscoelastic nature
of the film is fixed with its relaxation modulus Y¢(r) of

Cone indentation (viscoelastic film on elastic substrate)

— 7
L E' Y{0)=E" =1.0 GPa{

/ s t

Relaxation modulus, Yeﬁ(t) (GPa)

film-only

o 10 20 30 40 50
Time, t(s)

Fig. 1.12 Effect of the normalized film thickness on the effective relaxation modulus in conical
indentation. A viscoelastic film having the instantaneous modulus of ¥;(0) = 1.0GPa is coated on
an elastic substrate of E, = 1.0GPa. The observed stress relaxation behavior becomes progressively
sluggish when the elastic substrate-effect becomes significant, where the film is thinner (smaller
t¢) or the penetration is deeper (larger a)
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Cone indentation (viscoelastic film on elastic substrate)
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Fig. 1.13 Effect of the elastic modulus of the substrate on the observed effective relaxation mod-
ulus. A viscoelastic film having the instantaneous modulus of ¥¢(0) = 1.0 GPa is coated on elastic
substrates having various values of the modulus E]. The stress relaxation is examined at a fixed
value of #¢/a = 1.0. The more compliant the elastic substrate becomes, the more sluggish the ap-
parent relaxation behavior is

Yi(t) = Y. Elexp(—1/%) + EL, (1.52)
i=1

where E. is the elastic modulus in the equilibrium state. This model of viscoelas-
tic film comprises numbers of the elastic elements (springs) with the modulus
of E/ (i =1,2,3,...,m) and the viscous elements (dashpot) with the viscosity
n; (i=1,2,3,...,m). Accordingly, the relaxation time of the ith component is rep-
resented by 7; with the definition of 7; = 1;/E/. At the onset of relaxation (r = 0),
the value of the relaxation function of Y;(0) (= E.+ Y, E/) represents the glassy
modulus, being equivalent to the elastic modulus (instantaneous modulus) Ef of this
viscoelastic film. The model material is a viscoelastic liquid, provided that E. is
zero, leading to a complete stress relaxation.

A specific model viscoelastic film having five viscoelastic components (m = 5)
is supposed in the present simulation. Assumed are the relaxation times of 7| =
0.01s, 7 =0.1s, 13 =15, 74 = 10s, and 75 = 100s. Furthermore, a box-type spec-
trum for the internal elastic moduli E! is assumed for simplicity; all of E!-values
(i=1, 2,...,5), therefore, have a single value of E/. This model film has, therefore,
the glassy modulus of Y;(0)(= E{) = 5E{ + E..

Figure 1.12 shows the effect of the elastic substrate (the elastic modulus of
E! = 1.0GPa) on the stress relaxation behavior for various values of the normalized
film thickness of #¢/a. The coating film is supposed to be a viscoelastic lig-
uid, i.e., Eé = 0.0GPa. It is clearly seen in Fig.1.12 that, with the decrease in
the normalized film thickness f¢/a, the rheological transition progressively pro-
ceeds from the purely viscoelastic relaxation behavior Y(¢z) of the film to the
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time-independent elastic behavior (E.) of the substrate, resulting in the progressive
increases in the apparent relaxation times and the progressively sluggish relaxation
behaviors with the decrease in #¢/a, i.e., the decrease in the film thickness and/or
the increase in the penetration.

Figure 1.13 shows the relaxation behaviors of the same film examined in
Fig. 1.12, but the normalized film thickness #/a is fixed to be 1.0, whereas the
elastic modulus E of the substrate is systematically changed in its normalized
values from E//Y;(0) = 0.05 (¥;(0) = 1GPa) to 1.0. As readily seen in Fig. 1.13,
the viscoelastic behavior of the system is significantly affected by the modulus
value of the substrate; the more compliant the substrate becomes, the more sluggish
the stress relaxation is. When the elastic modulus of the substrate exceeds about ten
times larger than the modulus of the film, i.e., E{/Y;(0) > 10 (i.e., when the substrate
is about ten times stiffer than the film), even at #;/a = 1.0, the relaxation behavior
of the composite is reduced to that of the homogeneous film. In other words, the
relaxation time of the film is significantly and always overestimated whenever the
substrate is more compliant than the film (¥;(0) > E!). This apparently sluggish
relaxation behavior is essentially the same rheological response as that we observe
for bulk viscoelastic materials which are tested on an instrument having elastically
compliant test frames [95].

1.4 Instrumented Indentation Apparatus and the Analysis
of Experimental Data

1.4.1 Geometry of the Conventional Pyramid Indenters

The geometries of the most widely utilized pyramidal indenters, Vickers tetrahedral
pyramid and Berkovich trihedral pyramid, are depicted in Fig. 1.14. As pointed out
in Sect. 1.3.2 for geometrical similarity, the inclined face angle B of the Vickers
indenter is 22.0°, and thus the apex angle (the diagonal face-to-face angle 20) is
designed to be 136°, since this is the angle subtended by the tangent of a Brinell
sphere when the ratio of the contact diameter 2a (see Fig. 1.1b) to the diameter
of Brinell sphere 2R is 0.375, that is the most recommended ratio in the Brinell
hardness tests [83]. The diagonal edge-to edge angle 2y is 148.1°. Accordingly, the
area function g defined by A. = gh.? (see Sect. 1.3.2) is 24.5. As the projected edge
length a(= htan ) is expressed by 3.504, the resultant edge length of impression
2a is seven times of the contact penetration depth.

The trihedral Berkovich indenter has been much more preferably used in
nanoindentation tests than the Vickers, because of much more easily machin-
ing a sharp tip of indenter due to its specific geometry of trihedron rather than
tetrahedron. The g-value is prescribed to give the same g-value of 24.5 as that
of Vickers, resulting in the inclined face-angle B of 24.7°, w = 77.1°, and then
a(= hetany) = 4.37h,; the equivalent g-value of Vickers and Berkovich indenters
indicates that both of Vickers and Berkovich indenters displace the same volume of
the material beneath the indenters during their penetrations.



1 Principles and Applications of Indentation 31

Vickers pyramid Berkovich pyramid
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Berkovich | 24.7° 77.1° - |24.5(=3V3cot?3)

Fig. 1.14 The tip-geometry of the conventional pyramid indenters; (a) Vickers and (b) Berkovich

Upon machining a pyramidal tip on a tiny diamond crystal, it is impossible to
make an ideally sharp tip (i.e., atomistic tip), always resulting in a rounded or
a truncated tip. Commercially available Berkovich indenter, in general, has the
rounded tip radius of about 100 nm. This rounded tip may yield crucial difficulties
in nanoindentation testing, when the penetration depths are several tens of nanome-
ters or less [40,53,73,96-100]. A schematic of a conical indenter with a truncated
(rounded) tip is shown in Fig. 1.15, where the tip truncation Ah; and the depth of
spherical part Agppere are expressed in terms of the tip-radius r( and the inclined face-
angle B of the cone. Suppose a rounded Vickers-equivalent cone (the face-angle 8
of 19.7°, the tip-radius ry of 100 nm, and thus Ak = 6.22nm and hgppere = 5.85nm)
is pressed into contact with an elastic half-space. At the onset of penetration, the
indentation is purely spherical up to the total penetration & of %/hsphere (Ye = 2.0 for
elastic Hertzian contact; see Table 1.1), and then the surface of the material starts
contacting with the face of cone. The results of FEA are shown in Fig. 1.16a, b
(Fig. 1.16b is the magnified plot of the hatched area indicated in Fig. 1.16a) for this
rounded cone contacted with an elastic half-space having the Young’s modulus £
of 75 GPa and the Poisson’s ratio v of 0.3 (a soda-lime silicate glass is supposed).
As clearly seen in Fig. 1.16, in the initial stage of penetration, the P — / relation (the
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Fig. 1.15 Tip-geometry and penetration depth parameters of truncated cone with a round tip

open circles) faithfully goes along the path of spherical contact (the solid line) to
the penetration /4 of about 12 nm (= Y/phere ), and then gradually deviates from the
path of spherical contact, approaching the path of conical contact (the dashed line).
The present FEA study demonstrated in Fig. 1.16 suggests that the effect of rounded
tip (tip-radius of about 100 nm) will be insignificant when the penetration depth 4
exceeds about 200 nm (k2 > 40Ah).

As suggested in the preceding considerations on the significance of a truncated
tip of cone indentation, a precise calibration for the tip-geometry must be made,
prior to quantitative nanoindentation testing. This calibration can be made through
empirically modifying the relation of A. = gh? (see Sect. 1.3.2); g is 24.5 for Vickers
and Berkovich indentations that express the projected contact area A. vs. contact
depth A relation for an ideally sharp pyramid/cone indentation. Two of the repre-
sentative formulas have been proposed for the calibration [40,97,99, 100]

Ac = g he(he +2Ahy) (1.53)

and
1/128

Ac =g W2 +arhe +ash* +asht* + -+ aghd "5, (1.54)
The area function given in (1.53) is equivalent to that of (1.54) with a; = 2gAh; and
ay = a3z = --- = ag = 0. The experimental details for determining the area function
will be given in Sect. 1.4.2 along with the calibration for the frame compliance of
instrumented indentation apparatus.
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Fig. 1.16 Analytical results of the elastic P — h relationships of a sphere (the solid line) and cone
(the dashed line) indentations, and the FEA-result (the circles) of a truncated cone. The magnified
plot of the hatched region in (a) is illustrated in (b)

1.4.2 Instrumented Indentation Apparatus

The schematic of an instrumented micro/nanoindentation test system is depicted
in Fig.1.17. A piezo or an electromagnetic actuator is widely utilized as the
load/displacement actuator. Load sensors with precision of about +0.5uN and
displacement sensors with precision of about £0.1 nm are commercially available;
a strain-gage-mounted load cell for the former and a linear transducer or a capac-
itive displacement gage for the latter are, in general, mounted in the conventional
micro/nanoindentation test systems.

The calibration for the load frame compliance of the instrumented indentation
apparatus is essential because the observed total displacement /s is the sum of
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Fig. 1.17 Basic setup of an instrumented indentation test system

the displacements of the load frame and the test specimen, iy and h, respectively;
hobs = h¢+ h. In purely elastic indentation, these displacements can then be related
to the applied indentation load P as hyps = Cops - P, hf = C¢- P, and h = C - P, where
Cops, Ct, and C are the elastic compliances of the test system, load frame, and the
test specimen, respectively. Accordingly, we have the following serial expression
for the respective elastic compliances [40,49]

Cops = Cr+C. (1.55)

An elastoplastic indentation loading/unloading P — & hysteresis diagram is depicted
in Fig. 1.18. At the onset of unloading, the deformation is purely elastic due to the
exclusively elastic recovery processes at the surface of indented body. The observed
unloading stiffness Sops (the initial slope dP/dh of the unloading path at /5 ) shown
in Fig 1.18, therefore, dictates the elastic displacement of the test system, being
inversely related to Cops as Cobs = 1/Sobs-

Upon combining the elastic constitutive relations of (1.5) and (1.6), the stiffness
S defined by the slope dP/dh of the elastic P — h path is given by

\/ch
\/7_'5 )

where the contact area is described by A. = ma?. It should be noted in (1.56) that the
frontal factor nA/B is always 2.0 (see Table 1.1) independent of the indenter shape
having a solid of revolution [39]. These considerations on the elastic indentation
contact stiffness lead to the following relationship for an elastic indentation with
axisymmetric geometry

S(=dP/dh) = %E’ (1.56)
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inverse of the unloading stiffness Sops

N
2Epp VA

In (1.56’), A, is the contact area of the indenter at Py,y. E;pp is the apparent elas-
tic modulus (the composite modulus of indenter and test specimen) defined by
(Ez’ll[,p)_1 = (E")"'+ (E])~" in terms of the elastic modulus E’ of the test specimen,
and the elastic modulus of the indenter El/ (the value is 1,147 GPa for a diamond
indenter). When the observed modulus Cyps plotted against the various values of
1/+/A. is linear for a given material, the intercept of this linear plot yields the load
frame compliance Cy.

In the first step of the simultaneous calibration for the frame compliance and the
area function defined in (1.53) or (1.54), relatively large indentations at two of dif-
ferent indentation loads are made in a ductile metal, such as aluminum, copper, etc.
as the standard material for calibration, since the area function for a perfect pyramid
indenter of A, = g- hg (see the first term in the right-hand side of (1.53), and (1.54))
can be used to calculate A, for large indentations, where the experimental estimate
of the contact depth /. can be made by the use of the Oliver—Pharr approximation
using Pnax and the unloading stiffness S(= 1/(Cops — Cr)), the details of the approx-
imation is given in the following section (see (1.59) and (1.62)). The linear plot of
Cops vs. 1/+/A. for these two large indentations thus provides the initial estimate of
Cy-value from the intercept and E;pp-value from the slope. These two values com-
bined with the Cyps-values obtained in additional several indentation sizes can then
be utilized to calculate the contact area A. by rewriting (1.56°) as

Cobs = Cr+ (1.56°)

1 1

A
¢ 2 (Cobs _Cf)2

(1.57)

_r
o 4 E},
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from which we can make an initial estimate for the area function by fitting the A,
vs. he data to the relations of (1.53) or (1.54).

In the second step of calibration, as the initially assumed area function for a
perfect pyramid of A, = g-h2 has significant influences on the initially estimated
values of Cr and Ez’lpp, the new area function thus determined in the first step of
calibration is applied again to (1.56’) to estimate Cy and Ez’lpp, and iterated several
times until convergence is achieved. Similar procedures must be also subsequently
applied to several standard materials including brittle materials such as fused silica
(E’ = 74.1GPa), etc. to extend the area function to smaller depths. Some more

details of the calibration procedures are reported in the literature [40,97,99, 100].

1.4.3 Oliver—Pharr [40] and Field-Swain [42] Approximations
Jfor Estimating the Contact Depth h,

Elastic approximations/assumptions have been widely used for estimating /4. and
then A., where we always assume that the contact periphery sinks-in in a similar
manner that can be given by an axisymmetric rigid indenter pressed into contact
with a flat elastic half-space. This elastic assumption includes a critical limit, for it
does not account for pileup of material at the contact periphery occurring in ductile
materials. An elastoplastic unloading process from the maximum penetration at Ppax
is schematically shown in Fig. 1.19a for a hardness impression with a sinking-in

a elastoplastic contact

Pm ax

l
L S U4

he he

b purely elastic contact

Prax

|
N e 1 oy v

hec

Fig. 1.19 Contact profiles and the penetration depth parameters of (a) an elastoplastic and (b) a
purely elastic indentations at their maximum penetration depths and after complete unloading
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profile, where a cone indentation is demonstrated as the representative for indenters
of solid of revolution (cone/pyramid, sphere, paraboloid of revolution, etc.), where
the sum of the contact depth /. and the sink-in depth g gives the total penetra-
tion depth /max at the maximum load Pnax. After complete unloading, the residual
impression has the residual depth A, resulted from the elastically recovered pene-
tration of A.. There exist the following relations between these penetration depths
hmax = hs +he = hy + he.

Consider a purely elastic indentation shown in Fig. 1.19b, where the total penetra-
tion depth at P,y is supposed to be the recovered elastic depth . of the elastoplastic
indentation given in Fig. 1.19a. Furthermore, the Pyax-value in this purely elastic in-
dentation contact is supposed to be the Ppax-value applied to the elastoplastic contact
shown in Fig. 1.19a. The sink-in depth and the contact depth of this elastic inden-
tation are expressed by /s and /e, respectively, with the relation of he = heg + hec.
The following elastic assumption has been made by Oliver—Pharr for pyramidal in-
dentation and by Field—Swain for spherical indentation

By = hes. (1.58)

Equation (1.58) means that the sink-in depth of elastoplastic impression is assumed
to be equal to that of the elastic impression when the depth of elastic recovery in
elastoplastic indentation is the same as that of the total penetration depth in purely
elastic indentation. Combining (1.58) with the preceding relations (Amax = hs+he =
he + he and he = hes + he. ) for the respective penetration depths in elastoplastic and
purely elastic indentations, the elastoplastic contact depth /. can be described by
the experimentally observable depths of /. and Ay, as follows

he = (1—1> L (1.59)
Ye Ye

€ (S

where 7. represents the surface profile of elastic impression, being defined by
Ye = he/hec (the ratio of the total penetration depth to the contact depth in elastic
contact). As shown in Table 1.1, the }.-value is 2.0 for spherical contact (Hertzian
contact), and then (1.59) coincides with the original formula of the Field—Swain ap-
proximation [42]. Equation (1.59) with . = 1t/2 for conical/pyramidal indentation
leads to an alternative expression for the Oliver—Pharr approximation (the original
formula is given in (1.62)) [40].

Equation (1.59) is practically important, for the unobservable contact depth 7
can be given in terms of the experimentally observable depths of A, and Ap,x, and
then this value of A thus estimated affords to the contact area A. by substituting
it to the area function (1.53) or (1.54). Under the assumption of (1.58) combined
with the relations of fmax = hg + he and (1.59), the sink-in depth &g of elastoplastic
indentation can be described in the following formula

hy = (1 - 1) (hmax — ) (1.60)

(&
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by the use of the experimentally observable depths of A and /i, If the elastoplastic
P — h unloading expression is simply described by P = a(h — k)™, (1.60) is recast

into the following relation,
1 Pmax
hy = 1—— . 1.61
e ( %) s (-oh

In the original Oliver—Pharr expression [40], the frontal factor was expressed with
€ as € =m(l —1/%), and then € = 0.726 (that is, m = 2.0 and ¥ = =n/2) for
cone/pyramid indentation, and € = 0.750 (that is, m = 3/2 and . = 2.0) for spher-
ical indentation. Accordingly, the contact depth /., that is required for calculating
the contact area A, via the area function of (1.53) or (1.54), is given by the following

formula I\ P
hC:hmax—m<l—%> “;"‘ (1.62)

using only the observable parameters of Ppax, /imax, and the unloading stiffness S.
Both (1.59) and (1.62) are derived on the basis of the critical assumption of the
sinking-in profile of elastoplastic hardness impression with the relation of (1.58).
Furthermore, in the derivation of the Oliver—Pharr approximation, it is assumed that
the unloading path is subjected to the relation of P = a(h — h;)" with m = 2.0 for
conical/pyramidal indentation and m = 3 /2 for spherical indentation.

Equation (1.59) (the Oliver—Pharr/Field—Swain approximation) can be recast into
the following alternative expression

1 1 1 ,
using the elastoplastic impression profile y; defined by Y| = hmax/hc, and the rel-
ative residual depth of penetration, & (= h;/hmax). Equation (1.59’) indicates that
Yi-value approaches its elastic value of %, when & meets to the elastic extreme
of 0.0, whereas 7;-value decreases monotonically with the increase in the relative
residual depth &, reducing to 1.0 in the plastic extreme of & = 1.0, suggesting none
of piling-up profile of impression even in perfectly plastic extreme.

Equation (1.59”) (Oliver-Pharr approximation with 9% = m/2 for conical/
pyramidal indentation and Field—-Swain approximation with . = 2 for spherical
indentation) is, respectively, plotted in Fig. 1.20 as the dashed lines along with the
elastoplastic FEA results (the open circles) and the experimental observations ob-
tained by the indentation microscope (the filled circles; the details of the apparatus
are given in the following section [101, 102]). As clearly seen in Fig. 1.20, these ap-
proximations (dashed lines), in generally speaking, well represents the experimental
observations in qualitative manners. However, these elasticity-based approximations
(the dashed lines) always overestimates the y;-value (i.e., underestimates /., and
so Ac), when the indentation behavior becomes progressively ductile in the regions
of & > 0.6. This overestimate in y; results from the purely elastic assumption
(i.e., the assumption of always sinking-in profile of impression even for very ductile
indentations; refer to (1.58)).
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The contact area A, is related to the impression profile parameter y; via the fol-
lowing relationships
8

G

for cone/pyramid indentations (g = 24.5 in Vickers/Berkovich indentation), and

Ac (hmax)? (1.63)

2R
Ac = —hmax (1.64)
n

for spherical indentation. Accordingly, we can readily estimate A, from the exper-
imentally observable parameter of /., once we know the reliable value of the
impression profile parameter ;. As suggested in Fig. 1.20, y; is uniquely related
to the experimentally observable parameter &(= A /hmax). This fact indicates that
we can easily estimate A. by the use of the experimentally observable indentation
parameters of 4, and hpax, and then successfully determine the Meyer hardness Hy
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through the relation of Hy; = P/A., and the elastic modulus E’ by rewriting (1.56)
with nA/B = 2.0 into the following formula

poVrE Lo
2 VA

(1.65)

1.4.4 Indentation Microscope [101,102]

In the preceding discussions, emphasized are the reliability and the limit of the elas-
tic approximations (Oliver—Pharr and Field-Swain approximations), and recognized
is that these approximations yield rather good estimates for the A.-values only for
considerably elastic indentations, whereas for rather ductile materials with & > 0.6,
these approximations always result in an underestimate of A., and then overestimate
of Hy and E’ (see Figs. 1.20 and 1.26). Furthermore, it must be noted that these
elastic approximations are only applicable to elastoplastic homogeneous half-space;
they cannot be extended to coating/substrate systems, where the estimated values of
A, may include crucial errors as well as physical insignificances. As an example,
even for a rather elastic film, the induced plastic flow beneath the indenter highly
enhances the pileup of impression, if the film is coated on a stiff substrate. This is
resulted from the spatially constrained displacements of the coating material against
the stiff substrate to flow upward along the faces of the indenter to the free surface.
To overcome the difficulties associated with the A.-estimate not only for ductile
homogeneous bulks but also for coating/substrate composites, Miyajima et al. de-
signed and constructed a novel instrumented indentation apparatus, an indentation
microscope, to directly observe the contact regions and quantitatively determine the
contact area A [101]. In other words, the conventional instrumented indentation ap-
paratus equips a “haptic sensor,” while the indentation microscope adds an “optic
function” to it.

The schematic of an instrumented indentation microscope is depicted in Fig. 1.21
[102]. An optical beam reflected at the indentation contact region passes through
the transparent indenter (made of diamond, sapphire, etc.), and the optical image
is magnified/recorded by a microscope combined with a charge coupled device
(CCD) camera. The details for the instrumented apparatus and the bright- (dark-)
filed viewing techniques combined with the appropriate geometries and configura-
tions of pyramidal (spherical) indenter are reported in the literature [101, 102]. Ex-
amples of the bright-field images (tetragonal pyramid indentation with the inclined
face angle 3 = 45°) are shown in Fig. 1.22 for the materials ranging from a brittle
glassy carbon to a ductile stainless steel (SUS). As well demonstrated in Fig. 1.22,
we can directly determine the contact area A, and then the characteristic material
parameters of Hy; and E’ in a precise manner without utilizing any approximation
and assumption such as the Oliver—Pharr and Field-Swain approximations.

The evolution of the contact area is shown in Fig. 1.23 in a sequential manner
during the Vickers-indentation loading on a ZrO, (3Y-TZP; 3 mol% yttria partially
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Fig. 1.21 Schematic of the instrumented indentation microscope
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Fig. 1.22 Examples of the in situ bright-field images of the contact areas of a glasslike carbon,
soda-lime glass and a stainless steel at the indentation loads indicated in the respective figures

stabilized tetragonal zirconia polycrystals). Due to the inclined face angle 8 = 22.0°
of Vickers indentation, the technique of dark-field viewing was adopted. The num-
bers from 1 to 8 noted in the sequential images are corresponding to the numbered
locations (the open circles) indicated in the associated P — h loading path. Since
the instrumented indentation microscope makes possible the synchronized observa-
tions between the P — h hysteresis curve and the in situ contact images, it has very
versatile potentials in the science and engineering of contact mechanics, not only in
time-independent elastic/plastic deformations but also in time-dependent viscoelas-
tic flows of homogeneous bulk materials as well as coating/substrate composites.
The examples of its versatility are demonstrated in Figs. 1.24—1.26.

The P vs. A, relationships of several engineering materials are shown in Fig. 1.24,
directly providing the Meyer hardness as the slope of each linear plot through the
relation of Hy = P/A.. The dependence of the contact radius a. on the penetration
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Fig. 1.23 The evolution of the contact areas (dark-field images) in a zirconia ceramic in situ ob-

served along the loading path from 1 to 8
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Fig. 1.24 Indentation load is plotted against the contact area that is in situ determined by the in-
dentation microscope. The slope of each linear plot directly affords to the Meyer hardness without

assuming/approximating the contact area
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Fig. 1.26 The correlation of the elastic moduli determined by the conventional ultrasonic tech-
nique and the indentation unloading method. The open circles indicate the values estimated by
the Oliver—Pharr approximation and the closed circles represent the values determined from the
contact areas directly observed through the instrumented indentation microscope
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depth £ is plotted for Vickers indentation in Fig. 1.25, where the geometrical con-
sideration on the indenter affords to the following a. vs. & relation

V2 <hc> -h (1.66)

e = tanf \ h

with B = 22.0° for Vickers indentation. As intensively examined in the previous
considerations, the normalized contact depth & /h(= 1/7;) dictates the details of the
impression profile (sink-in or pileup) at the maximum penetration; the impression is
sinking-in for 4. /h < 1.0, and piling-up for A¢/h > 1.0. The dashed line in Fig. 1.25
represents the relation of (1.66) with h./h = 1.0. Accordingly, the materials having
their linear slopes larger than that of the dashed line imply the piling-up in the
impression profiles, and the impression profile is sinking-in for the materials with
their slopes smaller than that of the dashed line. Furthermore, it should be noted
in Fig. 1.25 that we can easily determine in experiment the contact depth /A or the
Y1-value from the slope of each linear line.

The indentation-determined elastic modulus values via (1.65) are correlated with
those determined in the conventional ultrasonic method in Fig. 1.26. The closed
circles represent the results obtained from the A.-values directly determined in the
indentation microscope, showing excellent coincidence with those in the ultrasonic
test, while the open circles are the results calculated from the A.-values estimated
by the Oliver—Pharr approximation, always resulting in finite overestimates.

1.5 Concluding Remarks

The stress/strain field beneath the contact area of an indenter is extremely
complicated even in an elastic contact. Such a complex mechanical environment
inevitably results in undesirable complexities and ambiguities to measure contact
parameters such as the contact hardness. To utilize the instrumented indentation
test systems as efficient experimental tools for characterizing the material prop-
erties in micro/nanoregimes, thoroughly understanding the physical significances
of the contact parameters is the most essential. In this chapter, therefore, the dis-
cussions have intensively focused on the indentation contact processes not only
of homogeneous bulk materials, but also of coating/substrate composites in time-
independent elastic and elastoplastic as well as in time-dependent viscoelastic
regimes.
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Chapter 2
Size Effects in Nanoindentation

Xue Feng, Yonggang Huang, and Keh-chih Hwang

2.1 Introduction

Microindentation hardness experiments have repeatedly shown that the indentation
hardness increases with the decrease of indentation depth, i.e., the smaller the harder
[3,5,9,30,31,37,43,51]. On the basis of the Taylor dislocation model [48,49] and
a model of geometrically necessary dislocations (GND) underneath an indenter tip
shown in the inset of Fig.2.1, Nix and Gao established the relation between the
microindentation hardness H and the indentation depth &

H\? h*
) o142 2.1
(1Y o0t e

where h* is a characteristic length on the order of micrometers that depends on
the properties of indented material and the indenter angle, and Hy is the indentation
hardness for a large indentation depth (e.g., 7 > h*) [33]. The above relation predicts
a linear relation between H” and 1/h, which agrees well with the microindentation
hardness data for single crystal and polycrystalline copper [31] as shown in Fig. 2.1,
as well as for single crystal silver [30].

The nanoindentation hardness data, however, do not follow (2.1) [10, 12,13, 15,
23,28,29,45,46]. Here nanoindentation and microindentation typically refer to the
indentation depth below and above 100 nm, respectively. As shown in Fig. 2.2, Lim
and Chaudhri’s nanoindentation hardness data for annealed copper start to devi-
ate from (2.1) (the dotted straight line of the Nix-Gao model for annealed copper
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Fig. 2.1 Microindentation hardness data for single crystal and polycrystalline copper [31] as well
as for single crystal silver [30]. Here £ is the indentation depth, H is the microindentation hardness,
and H) is the indentation hardness for large depths of indentation. The indentation hardness—depth
relation of (2.1) is also shown for each set of experimental data, and it agrees well with the mi-
croindentation hardness data. The inset shows [33] model of geometrically necessary dislocations
underneath a sharp indenter
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Fig. 2.2 Micro and nanoindentation hardness data for annealed polycrystalline copper [28], an-

nealed iridium [45], and MgO [15]. The indentation hardness—depth relation of (2.1) is also shown
for each set of experimental data, and it does not agree well with the nanoindentation hardness data
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in Fig.2.2) when the indentation depth /4 is on the order of 100nm [28]. Even
though the indentation hardness continues to increase as h decreases, the hard-
ness data are significantly lower than the straight line predicted by [34]. Swadener
et al. also showed that the nanoindentation hardness data for annealed iridium are
smaller than that given by (2.1) when the indentation depth & becomes submicrom-
eter (see the dotted straight line of the Nix-Gao model for iridium in Fig. 2.2) [45].
Recently, Feng and Nix and Elmustafa and Stone found that, once the indentation
depth is less than 0.2 um, (2.1) does not hold in MgO (see the dotted straight line
of the Nix-Gao model for MgO in Fig.2.2) and in annealed a-brass and aluminum,
respectively [11, 15].

There are two main factors for the discrepancy between (2.1) and the nanoinden-
tation hardness data.

(1) Indenter tip radius. Equation (2.1) holds only for “sharp,” pyramid indenters
since the effect of indenter tip radius (typically around 50 nm) has not been
accounted for [23,39]. Qu et al. studied pyramid indenters with spherical tips,
and found that the finite tip radius indeed gives smaller indentation hardness
than (2.1) [39]. Qu et al. also studied spherical indenters, and established an
analytic relation between the indentation hardness and indentation depth that is
very different from (2.1) [41]. On the basis of the maximum allowable GND
density Huang et al. established a model for the effect of finite tip radius in
nanoindentation [20,21].

(i1) Storage volume for GNDs. Equation (2.1) assumes that all GNDs are stored in
a hemisphere of radius a, where a is the contact radius of indentation. Such an
assumption may not hold in nanoindentation. Swadener et al., Feng and Nix,
and Durst et al. proposed to modify this storage volume for GNDs [10, 15,45].
Huang et al. established a model of nanoindentation based on the maximum
allowable GND density [20].

Other factors may also contribute to the discrepancy between (2.1) and nanoinden-
tation hardness data, such as the intrinsic lattice resistance or friction stress [38],
surface roughness [29,52], and long-range stress associated with GNDs [13, 14].

The objective of this chapter is to review the analytic models based on the max-
imum allowable GND density to study the nanoindentation size effect, and validate
them by comparing with the experiments. The analytical models give simple rela-
tions between the indentation hardness H and the indentation depth /4 or contact
radius in nanoindentation.

This chapter is outlined as follows. The Taylor dislocation model [48,49], which
has been widely used to explain the indentation size effect, is summarized in
Sect. 2.2. The conventional theory of mechanism-based strain gradient plasticity es-
tablished from the Taylor dislocation model is reviewed in Sect.2.3. Sections 2.4
and 2.5 review the nanoindentation models for the sharp, conical indenters and for
spherical indenters, respectively.
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2.2 Taylor Dislocation Model

The Taylor dislocation model [2,48,49] relates the shear flow stress 7 to the dislo-
cation density p by

T=aub\/p, (2.2)

where i, b, and « are the shear modulus, (magnitude of) Burgers vector and empiri-
cal coefficient around 0.3, respectively; the dislocation density p is composed of the
densities pg for statistically stored dislocations (SSD) [34] and pg for geometrically
necessary dislocations (GND) [1, 8, 34],

p = ps+pa- (23)

The GND density pg is related to the curvature of plastic deformation [33,34], or
effective plastic strain gradient n?, by

p

po =7, 2.4

where 7 is the Nye factor introduced by Arsenlis and Parks to reflect the effect of
crystallography on the distribution of GNDs, and 7 is around 1.90 for fcc polycrys-
tals [1,25-27,42].

The tensile flow stress Gf,y is related to the shear flow stress 7 by

GﬂOW :MT’ (2.5)

where M is the Taylor factor, and M = 3.06 for fcc metals [4, 6,7,24] as well as
for bee metals that slip on {110} planes [4]. The substitution of (2.2)—(2.4) into

(2.5) yields
n[’
Oflow :M(X[.lb Ps +f7 (26)

For uniaxial tension, the flow stress is related to the plastic strain €’ by Opow =
Ot f(€”), where O is a reference stress and f is a nondimensional function de-
termined from the uniaxial stress-strain curve. As the plastic strain gradient n?
vanishes in uniaxial tension, the SSD density ps [33] is determined from (2.6) as
Ps = [Oref f(e”)/(M(x,ub)]z. The flow stress in (2.6) then becomes

Oflow = \/[Gref f(gp)]z +M2’70‘2N2bn” = Oref1\/ f2(£p) +ITI”7 2.7

2 2
[ = M7 (“) b= 18a> (”) b 2.8)

where

Oref Oref

is the intrinsic material length in strain gradient plasticity, M = 3.06 and 7 = 1.90.
This intrinsic material length represents a natural combination of elasticity (via the
shear modulus, ), plasticity (via the reference stress O.¢) and atomic spacing (via
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the Burgers vector b). Even though this intrinsic material length / depends on the
choice of the reference stress Oyer in uniaxial tension, the flow stress Gjpqy in (2.7)
does not because the strain gradient term inside the square root in (2.7) becomes
02,nP = 18a*u?bn’, and is independent of Oyef.

2.3 The Conventional Theory of Mechanism-Based
Strain Gradient Plasticity

The conventional theory of mechanism-based strain gradient plasticity (CMSG) has
been established from the Taylor dislocation model to study the size-dependent ma-
terial behavior at the micro and submicrometer scale. Following [25-27], Huang
et al. rewrote the uniaxial stress-plastic strain relation 6 = Oyt f(€”) to the follow-
ing expression [19]
o m

Oref f (gp):| ,
where €7 is the rate of plastic strain, € is the effective strain rate, and m is the rate-
sensitivity exponent, which usually takes a large value (m > 20). For m — oo, (2.9)
degenerates to 0 = Oyt f(€P). For any finite m, the constitutive relation (2.9) is
still rate independent as it has strain rates on both sides. In fact, m > 20 gives an
excellent representation of the uniaxial stress-strain relation ¢ = oy f(€7) [19].

The volumetric strain rate € and deviatoric strain rate el’ f in CMSG are related
to the stress rate in the same way as in classical plasticity, i.e.,

Er=¢ { (2.9)

Gk

— 2.1
3K (2.10)

&k =
& 3P

N o . 1

=& +& =2 +>—0

2 T 20, % (2.11)
e

where K is the elastic bulk modulus, éi’j" and 81[; are the elastic deviatoric and plastic
1/2
strain rates, respectively, Gig is the deviatoric stress, and 0, = (3613 Gig / 2) is the
1/2
effective stress. The effective plastic strain rate &7 = (2&‘5 85 / 3) is obtained from

(2.9) except that the tensile flow stress Orer f(€7) in the denominator is replaced by
the flow stress in (2.7) as established from the Taylor dislocation model accounting
for the strain gradient effect, i.e.,

gl’:g(% )m:g Oe
Oflow Oref f2(8p) +In’

12
where &€ = (2&‘-’-&‘-’-/3)

, (2.12)
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It is noted that € in (2.12) is equivalent to Glilékl / Oc in uniaxial tension. Equation
(2.12) can also be written as

, m
. Oy . Oc

el = K &q >

Ce Orer\/ f2(€P)+InP

(2.13)

Equations (2.10)—(2.12) give the stress rate in terms of the strain rate as
m
éﬁl} ) (2.14)

which can be inverted to write the strain rate in terms of the stress rate as

3cl0y, o,
Gij = Kémm&;j +2u < & — —~ =
i\ mm Ojj { ij 2Ge2 Ot/ f2 <£p)+ln])

Oc

m
1 1 G/ {,e- 2(ep ZP:|
GG+ 5— G+ — OtV /e 6. (215

9? 2‘Ll. 662M{1|: o :|m} e
Oref f2(£]})+lnp

The constitutive relation (2.14) [or (2.15)] for CMSG is identical to that for

éij =

classical Jp-flow theory, &; = g¢ O'mm51J + 5 0' + " f, G., except that the in-
cremental plastic modulus s, = Gt f (SP) in un1ax1al tension is replaced by
3H{|:Gref 12 (8”)+lnl’/ce] —1}. The plastic strain gradient increases the

incremental plastic modulus, similar to some of early strain gradient plasticity
theories [?,35].
The effective plastic strain gradient 17 is given by [16—18]

o ..., .
n":/n"dt, 17 =/ MM M = &g+ & — o (2.16)

where 83 is the tensor of the plastic strain rate. The equilibrium equations in CMSG
are identical to those in conventional continuum theories. There are no extra bound-
ary conditions beyond those in conventional continuum theories.

2.4 Nanoindentation Model for Sharp, Conical Indenters

2.4.1 Indentation Model

Figure 2.3 shows a schematic diagram of GNDs underneath the indenter [33]. For
simplicity, the indenter is assumed to be a cone, and the indentation is accommo-
dated by circular loops of GNDs with Burgers vector normal to the plane of the
surface. Such an axisymmetric model neglects crystalline symmetries, and does not
account for the indenter pile-up or sink-in either, though such effect is considered in
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Fig. 2.3 A schematic diagram a
of geometrically necessary
dislocations underneath the
indenter [33]

the finite element analysis in Sect.2.4.2. As the indenter is forced into the surface
of a single crystal, GNDs are required to account for the permanent shape change at
the surface.

Let 6y denote the angle between the surfaces of the plane and conical indenter,
a the contact radius and £ the indentation depth. It is easy to show that

tan 6y = ﬁ =—, (2.17)
a s

where b is the Burgers vector and s is the spacing between individual slip steps
on the indentation surface. The length dA of injected dislocation loops with radii
between r and r4-dr is given by [33]

d h
A = 27r L —2mr—Ldr. (2.18)
s ba

The total length of injected dislocation loops is obtained by integrating (2.18) as
A = mha/b. The average GND density can be obtained from pg = A/V, where
V = 2ma’ /3 is the volume of the hemisphere [33]. This gives pg = 3tan? 6y /2bh,
which becomes very large at small indentation depth % (as in nanoindentation).

In reality, the GND density pg cannot be very large because of the strong
repulsive forces between GNDs, which push dislocations to spread beyond the
hemisphere at small indentation depth [15,45]. Feng and Nix developed a phenom-
enological model to calculate the enlarged storage volume for GNDs [15]. Huang

et al. introduced a maximum allowable GND density p&4®* such that pg can never

exceed pg*, ie.,

pc < pG, (2.19)

where pJ** is to be determined from experiments, and as to be shown later it is
on the order of 10'®m~2 [20]. For indentation depth i > 3tan® 6 /2bp&®, the
average GND density pg = 3tan? 6, /2bh satisfies (2.19) such that the relation (2.1)
still holds. For small indentation depth / < 3tan® 6/ 2bp&™, pg exceeds pg*.
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However, if pg were simply replaced by p5®, the resulting indentation hardness
2bh*p, glax
3tan? 6,
indentation depth!), which would not agree with the experimentally observed depth-

dependent indentation hardness in Fig. 2.2.
Huang et al. defined the local GND density at radius r as [20]

in (2.1) would have become a constant H = Hy4/ 1+

(independent of the

dA  tan6
(PG )iocat = g7 = == (2.20)

where dA is the length of injected dislocation loops with radii between r and r+dr
in (2.18), and dV = 2mr2dr is the volume of material between r and r+ dr. For the
maximum allowable GND density criterion (2.19), (PG )ioca is replaced by p3** for
r < tan6y/bp&™, and (2.20) then becomes

(pG)local = Pgax if h < hnano, (2.21a)
P for r < Fnano
(PG tocal = tan 6o it > hno,  (221D)
tan 6 for aano <r<a
xrxa=
br tan tan 6,

where
2
aano = t;‘;‘;) 222)
is a new characteristic length for nanoindentation. It is 51 nm for p§** = 10'm=2
(and b = 0.25nm and 6y = 19.7° [33]), and is much smaller than the character-
istic length A" in (2.1) for microindentation, which is typically on the order of
micrometers [33].

Strictly speaking, a constant local GND density (in (2.21a) and the first line of
(2.21b)) is not consistent with [33] GND distribution underneath a “sharp” indenter
shown in Fig. 2.3. However, the constant local GND density in (2.21) only holds for
small radius 7 < fipano/ tan 6y, which is on the order of 100 nm. For such small r, the
indenter tip is never sharp because the tip radius is also around 100 nm (or less).

The average GND density pg is obtained by averaging (2.21) over the hemi-
sphere, i.e., pg = % Jv (PG )10caldv, where V = %na3 is the volume of the hemisphere.
This gives

1 if 7 < hpano

_ max
PG=PG " 3hpano Mane . (2.23)
2 - 23 1 2 Mnano

Figure 2.4 shows the normalized GND density, pg/p&™, vs. the normalized recip-
rocal of indentation depth, /iano/h. The relation (2.1) is also shown by the straight
line with the slope 3/2. For large indentation depth (i.e., small /y,n0 /1), the present
result indeed approaches (2.1). The GND density deviates from (2.1) as the indenta-
tion depth decreases, and eventually reaches a constant of pj®* when the indentation
depth is less than /p,pe-
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Fig. 2.4 The normalized density of geometrically necessary dislocations (GND), pg/p&®™, vs. the

normalized reciprocal of indentation depth, /inano /5, where pE™ is the maximum allowable GND

density, and /pano 18 a characteristic length in nanoindentation given in (2.22)

The volume dV in (2.20) is for the spherical shell of radius r and thickness dr.
This is not completely consistent with the dislocation loops of radius » which are all
within the cylindrical shell (of radius r and thickness dr). Huang et al. calculated
the dislocation density on the basis of the cylindrical shell model and found that,
even though the local GND densities in (2.20) and (2.21) change, the average GND
density in (2.23) remains the same [20]. In other words, the choice of spherical
or cylindrical shells does not affect the average GND density based on which the
indentation hardness is calculated. In fact, the finite element analysis in Sect.2.4.2
involves neither spherical nor cylindrical shells.

The indentation hardness H is related to the tensile flow stress Oqw by the Tabor
factor of between 2.8 and 3 [47]; also ([33,40]),

H = 30q0w, (2.24)

where Oy 18 given in (2.5). The average plastic strain in indentation is related to
the indenter shape (tan ) instead of indentation depth % [33] such that the term
Oret f(€P) in (2.5) gives the classical indentation hardness Hy (for very large inden-
tation depth) as in (2.1). The indentation hardness is then found from (2.24), (2.5),
and (2.23) as

2N mi .
5 ZTmicro if 5 < hpano
H 3hnano
HY' . . @)
H 2
0 hmicro _ hmicroPnano if h>h
Z Nnano

h 303
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where

2 2
[ WTMbaztanz 6 (}‘I‘O) (2.26)
is the characteristic length for microindentation, and is in general on the order of
micrometers. It degenerates to #* in (2.1) for isotropic materials with von Mises
yield criterion (M = \ﬁ) The indentation hardness in (2.25) involves two lengths,
namely /Zpicro On the order of micrometers and /,yn0 on the order of 50 nm. For
indentation depth around /e, (and therefore much larger than hpane), (2.25)

degenerates to (2.1), H%) =1+ hm%, which depends linearly on 1/h. For in-

dentation depth between /pane and fmicro, (2.25) becomes a nonlinear function

2 ) " . . .
(H%) =1+ % - % For small indentation depth & < hpao, the inden-

2
tation hardness becomes a constant (Hﬂo) =1+ é’;‘l&

Figure 2.5 shows the square of indentation hardness, H?, vs. the reciprocal of
indentation depth, 1/A, for iridium. The experimental data [45] are also shown. The
classical indentation hardness (for very large indentation depth) is Hy = 2.52GPa
determined from the intercept with the vertical axis. The characteristic length for mi-
croindentation is /o = 2.42 m determined from the slope of the straight segment
at small 1/h, which corresponds to the empirical coefficient in the Taylor disloca-
tion o = 0.273 for iridium (M = 3.06, b = 0.271nm and u = 217 GPa, see [40,45])
and 6y = 19.7°. The coefficient o has the correct order of magnitude (around 0.3).
The characteristic length for nanoindentation is /pano = 286 nm, which is indeed
much smaller than /i¢ro, and corresponds to the maximum allowable GND density
P& =1.66 x 10'>m~ for iridium (b =0.271nm) and 6 = 19.7°. Equation (2.25)

50 . -
Iridium -
40 ~ -7
_- 7 hmicro=2420nm, hpano=286nm

< 30+
a
Ng nanoindentation hardness
I 20 (Swadener et al., 2002a)

104 microindentation hardness

(Swadener et al., 2002a)
0 T T T T T T T T T 1
0 2 4 6 8 10
1/h (um™1)

Fig. 2.5 The square of indentation hardness, H?, vs. the reciprocal of indentation depth, 1/,
given by the analytic relation of (2.25) with the maximum allowable GND density pj** = 1.66 x
10" m~2 for iridium. The experimental data [45] are also shown
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Fig. 2.6 The square of indentation hardness, H?, vs. the reciprocal of indentation depth, 1/A,
given by the analytic relation of (2.25) with the maximum allowable GND density pg™* = 4.48 x
10" m~2 for MgO. The experimental data [15] are also shown

agrees very well with microindentation hardness data, and captures the trend in
nanoindentation but has some discrepancies.

It is important to note that the characteristic length /i, for microindentation
is inversely proportional to the square of classical indentation hardness Hg, and
therefore becomes very small for ultra hard materials such as MgO. We show in
Fig.2.6 the square of indentation hardness, H>, vs. the reciprocal of indentation
depth, 1/h, for MgO that has the classical indentation hardness Hy = 9.23 GPa.
The experimental data [15] are also shown. The characteristic length for microin-
dentation is indeed very small, Amicro = 93.6nm, determined from the slope of
straight segment at small 1/A, which corresponds to the empirical coefficient in the
Taylor dislocation o = 0.322 for MgO (M = 3.06, b = 0.298nm and u = 126 GPa,
see [15]) and 6y = 19.7°, and once again has the correct order of magnitude (around
0.3). The characteristic length for nanoindentation is Apano = 96.2nm, which is
about the same as fpicro. This corresponds to the maximum allowable GND density
p&ax = 4.48 x 10> m~2 for MgO (b = 0.298nm) and 6, = 19.7°. Equation (2.25)
agrees very well with microindentation hardness data, and captures the trend in
nanoindentation but has little discrepancies. This explains why the indentation hard-
ness does not continue to rise at small depths of indentation.

2.4.2 Finite Element Analysis for Nanoindentation

In this section, we use the finite element method for CMSG to examine the effect of
maximum allowable GND density in micro and nanoindentation. Unlike [33] and
Sect.2.4.1, it is not necessary to assume GND distributions underneath the indenter
in the finite element analysis, or the storage volume for GNDs.
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On the basis of the maximum allowable GND density p5®, the flow stress in
(2.7) becomes

max

Orery/ f2(€P) +InP it P < bpr
Oiow = bopes 2.27)
Oref f (gP) + bpmax if np z— 7

which imposes a limit on the flow stress increase due to GNDs. The maximum
allowable GND density p®* is to be determined from nanoindentation experiments.

A sharp, conical indenter with the included angle of 140.6° is studied. Such an
included angle gives the same contact area A = 24.5h? as the Berkovich indenter at
the same indentation depth % [31]. The indentation hardness is defined as the mean
pressure exerted by the indenter at the maximum load. Indentation can be repre-
sented by the contact model between the rigid indenter and the indented material
in the finite element analysis. The finite sliding, hard contact model in the finite
element program of ABAQUS is used, which allows the sliding between two con-
tact surfaces but no interpenetration. The normal and shear tractions are continuous
within the contact zone, and they vanish outside the contact zone. The effect of in-
denter pile-up or sink-in is automatically accounted for in the contact model. For
the friction coefficient less than or equal to 0.2, there are essentially no differences
between the indentation hardness predicted by the frictional and frictionless contact
models. Only the results for frictionless contact are presented.

The relation between flow stress Oy and plastic strain €P in uniaxial tension
can be generally expressed via the power law as

EeP\V
Ofiow = Oretf(€7) = Oy (1 + GY) , (2.28)

where E is the Young’s modulus, Oy is the (initial) yield stress, and N (<1) is the
plastic work hardening exponent. For vanishing plastic strain €P — 0, the flow stress
approaches the yield stress oy. For large plastic strain, (2.28) gives a power law
relation between the flow stress and plastic strain. The reference stress in (2.28) can be
taken as Oyt = Oy (E /0y)", and the function f then becomes f(eP) = (oy /E+€P)V

2.4.2.1 Nanoindentation Hardness for MgO

For MgO, Young’s modulus £ = 297 GPa, Poisson’s ratio v = 0.177, shear mod-
ulus u = 126 GPa [15], Burgers vector b = 0.298 nm, and the plastic work hard-
ening exponent N = 0.1. The (initial) yield stress is oy = 2.82GPa such that the
classical indentation hardness (for very large indentation depth) agrees with the
experimental value Hy = 9.24GPa [15]. This (initial) yield stress is slightly less
than the flow stress obtained from the Tabor relation Ggow = Ho/3 = 3.08 GPa.
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Fig. 2.7 The square of indentation hardness, H>, vs. the reciprocal of indentation depth, 1/h,
given by the finite element analysis for MgO. The maximum allowable GND density is pg§** =
1.28 x 10'*m~2. The experimental data [15] and the finite element results without accounting for
pg™* are also shown

The empirical coefficient in the Taylor dislocation model is determined from the
slope of the H% ~1/h curve for large indentation depth 4 > 300nm (i.e., microin-
dentation) as a = 0.374, which is slightly larger than 0.322 reported in Sect.2.4.1
but still has the correct order of magnitude (around 0.3).

Figure 2.7 shows the square of indentation hardness H” vs. the reciprocal of
indentation depth 1/h given by the finite element analysis for MgO. The exper-
imental data of [15] are also shown. The maximum allowable GND density is
pdiax = 1.28 x 10'*m~2, which is a little less than three times of that in the disloca-

tion model in Sect. 2.4.1. The results based on p®* agree well with the experimental

data. For comparison Fig.2.7 also shows the results without accounting for p5®*,
which agree well with the microindentation hardness data (at small 1/k), but not
with the nanoindentation hardness data (at large 1/h). Therefore, the strain gradient
plasticity theory based on Taylor dislocation model accounting for the maximum
allowable GND density can capture the indentation size effect in micro and nanoin-

dentation.

2.4.2.2 Nanoindentation Hardness for Iridium

For iridium, the Young’s modulus E = 540 GPa, Poisson’s ratio v = 0.246, shear
modulus pt = 217 GPa [45], and Burgers vector b = 0.271 nm. Swadener et al. [45]
reported the stress-strain curve of iridium, which can be approximated by the power
law hardening at small strain and linear hardening at relatively large strain
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Fig. 2.8 The square of indentation hardness, H>, vs. the reciprocal of indentation depth, 1/h,
given by the finite element analysis for iridium. The maximum allowable GND density is p§™* =
0.968 x 10'> m~2. The experimental data [45] and the finite element results without accounting for

pg™* are also shown

[121 +2575 (eP)O"ﬂ MPa for &P < 0.02
6= . (2.29)
(2004 6671¢P) MPa for &P >0.02

On the basis of the above relation, the classical indentation hardness (for very
large indentation depth) is found as Hy = 2.38 GPa, which agrees reasonably well
with experiments [45]. The empirical coefficient in the Taylor dislocation model
is determined from the slope of the H> ~ 1/h curve for large indentation depth
h > 2um (i.e., microindentation) as & = 0.430, which is larger than 0.273 reported
in Sect. 2.4.1 but still has the correct order of magnitude (around 0.3).

Figure 2.8 shows the square of indentation hardness H? vs. the reciprocal of
indentation depth 1/h given by the finite element analysis for iridium. The ex-
perimental data of [45] are also shown. The maximum allowable GND density is
PG = 0.968 x 10'5m~2, which is more than one half of that in the dislocation
model in Sect.2.4.1. Once again the results based on pj** agree well with the ex-
perimental data, while those without accounting for p3** agree only with the mi-
croindentation and not the nanoindentation hardness data.

2.4.2.3 Distribution of GND Density

The finite element analysis in this section has better agreement with the experi-
mental data than the simple analytic model in Sect.2.4.1. This is partially because
the analytic model assumes a hemisphere for the storage volume of GNDs, while
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Fig. 2.9 Contour plots of geometrically necessary dislocation density in a region of 184 x 12h
underneath the indenter in MgO, where the indentation depth 2 = 1,000, 195, and 50 nm. The
maximum allowable density of geometrically necessary dislocations is pJ** = 1.28 x 10"0m—2,
The contour values range from pg®* to its one tenth, p&™* / 10

the finite element analysis avoids such an assumption. Figure 2.9 shows the con-
tour plots of GND density pg in MgO, where pg is obtained by rnP / b (2.27)
from the finite element analysis or from the maximum allowable GND density
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PG =1.28 x 10'*m~2, whichever is smaller. The contour values range from P&
to its one tenth, pF** / 10. The indentation depths are 7 = 1,000nm (microinden-
tation), 195 nm, and 50 nm (nanoindentation). Each contour is shown for a region
of 18h x 12h underneath the indenter, which scales with the indentation depth /.
For h = 1,000nm, the GND density is less than p§** except in a very narrow layer
immediately underneath the indenter. The GND density contours are different from
hemispheres. For 7 = 195nm and /2 = 50nm, the GND density reaches p** in rel-
atively large regions. The GND density contours are somewhat like hemispheres.
This implies that the assumption of a hemisphere storage volume for GNDs in the
analytic model cannot be accurate for both micro and nanoindentation.

2.5 Nanoindentation Model for Spherical Indenter

The inset of Fig.2.10 shows a schematic diagram of a spherical indenter with the
indenter radius R. The contact radius of indentation is a. As the indenter is forced
into the surface of the material, geometrically necessary dislocations (GNDs) are
required to account for the permanent shape change at the surface. Figure 2.10
shows the indentation hardness vs. the ratio a/R for iridium [45,46], which clearly
displays the size effect in spherical indentation, i.e., the smaller the indenter radius,
the larger the indentation hardness.

In a manner similar to Nix and Gao [33], Swadener et al. calculated the total
length of GND loops in spherical indentation as 27a’® /(3bR), where b is the Burgers
vector [45,46]. If all GNDs are confined in a hemisphere with the radius equal to
the contact radius a [33, 45, 46], the average density of GND pg; underneath the
indenter is

Y —
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Fig. 2.10 The indentation hardness data of iridium vs. the ratio of contact radius a to the indenter
radius R. The inset shows a schematic diagram of a spherical indenter with the indenter radius R
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2ma’ /(3bR) _ T

e 2.30
27ta3/3 bR’ (2.30)

pc =7

where 7 is the Nye factor introduced by Arsenlis and Parks to reflect the effect of
crystallography on the distribution of GNDs, and 7 is around 1.90 for fcc polycrys-
tals [1,42]. Similar expressions of pg have also been obtained by [35] and [50],
which all show that the average density of GNDs underneath a spherical indenter
is independent of the contact radius a, and is inversely proportional to the indenter
radius R.

For small indenter radius R, the GND density in (2.30) becomes large. In reality,
the GND density pg cannot be very large because of the strong repulsive forces
between GNDs, which push dislocations to spread beyond the hemisphere at small
indenter tip radius [15, 20, 45, 46]. Huang et al. introduced a maximum allowable
GND density p&®* such that pg can never exceed pG®*, i.e., (2.19) [20]. For indenter
radius R > 7/bp&™, the average GND density pg = 7/bR satisfies (2.19) such that
the relation (2.30) still holds. For small indenter radius R < 7/bp&®™, pg is replaced
by pG™*, and (2.30) then becomes [21]

pénax for R < Lmax
- e (2.31)
PG=19 - _ .
ﬁ for R 2 Tgax

These two cases are called the nano-indentation (R < 7/bpf™) and micro-
indentation (R > 7/bp{&®*), respectively, for spherical indenters.

The average effective plastic strain underneath a spherical indenter of radius R
can be estimated as [22,45,46,50]

a

— 2.32
SR’ (2.32)

a
P ~02= =
R

where a is the contact radius. The average flow stress underneath a spherical indenter
can then be obtained as

lb max =
Gref\/fz (SiR) + pr for R< I

b max
Gitow = l T em
a r
Oref f2(§)+ﬁ for R>Wg1ax

where [ is the intrinsic material length in (2.8).
The indentation hardness is then related to the flow stress via the Tabor rela-
tion [47],
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Fig. 2.11 The spherical indentation hardness H vs. the radius ratio a/R given by the analytic
model in (2.34) (solid line). The experimental results are also shown for comparison (R = 14 um,
open circle; R = 69 um, filled circle; R = 122um, open square; R = 318 um, filled square; R =
1,600 um, open triangle) [45,46]. The material properties of iridium are Young’s modulus E =
540GPa, Poisson’s ratio v = 0.246, Burgers vector b = 0.271nm, uniaxial stress-plastic strain
relation ¢ = 1082850 (P)*%* MPa, coefficient in the Taylor dislocation model of (2.2) & = 1/3,
and maximum allowable GND density pa* = 1.8 x 10'*m~2

lb max =
2.86,ef\/f2 (5%) + p_G for R< ——
r

b max
H = 2800y = ; PG 3
a r
2.80r1/ f? (ﬁ) + R for R> Wé‘”

This provides a very simple way to estimate the effect of indenter radius R in spher-
ical indentation.

Figure 2.11 compares the spherical indentation hardness in (2.34) with [45, 46]
experimental data for iridium. The coefficient o in the Taylor dislocation model of
(2.2) is fixed at a = 1/3, which has the correct order of magnitude (around 0.3).
The radii of spherical indenters are R = 14, 69, 122, 318 and 1,600 um. (The curve
for R = 1,600um is very close to that for 318 um and is therefore not presented
here.) For all indenter radii except the smallest one R = 14 um, the microindentation
hardness H = 2.80et\/ f2 (a/5R) + 1 /R for spherical indenters agrees well with the
experimental data. The discrepancy at small a/R is due to the neglect of elasticity
effect in (2.34). For very small a/R, the deformation underneath the indenter is elas-
tic, i.e., the elastic Hertzian contact between the indenter and iridium. The average
contact pressure in elastic contact is proportional to the contact radius a, and there-
fore approaches zero as a — 0. As the hardness H is defined as the average contact
pressure in the present study, H also approaches zero as a — 0. As the indentation
depth increases, the deformation underneath the indenter is elastic-plastic, but the
effect of elasticity is still significant, which gives experimentally measured hardness
smaller than that given by (2.34) at small a/R.
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For the smallest indenter R = 14um, the microindentation hardness in (2.34)
would significantly overestimate the indentation hardness. Instead we use the
nanoindentation hardness H = 2.80r\/f%(a/5R) +[bp&™ /F for spherical in-
denters, which agrees reasonably well with the experimental hardness data for
the smallest indenter R = 14pum with the maximum allowable GND density
pa™ = 1.8 x 10" m~2. This pg®* is smaller than p3™ = 0.968 x 10 m~2 in
Sect. 2.4 for iridium with sharp, conical indenters, which suggests that the maxi-
mum allowable GND density depends not only on materials but also on the indenter
tip geometry (conical vs. spherical indenters). The corresponding critical radius
separating the nano and microindentation is 39 um for iridium. Therefore, (2.34)
can be used to estimate the indentation hardness with spherical indenters for both
nano and microindentation.

2.6 Concluding Remarks

(1) Analytic models are established for nanoindentation hardness with sharp, con-
ical indenters, and spherical indenters on the basis of the maximum allowable
GND density. The models give simple relations between indentation hardness
and depth/contact radius. For the sharp, conical indenters, the model degen-
erates to [33] at relatively large indentation depth as in microindentation. For
spherical indenters, the model degenerates to [41] for relatively large indenters
as in microindentation. The models agree reasonably well with both micro and
nanoindentation hardness data of MgO and iridium.

(2) The finite element analysis for the strain gradient plasticity theory based on the
Taylor dislocation model and the maximum allowable GND density agrees very
well with the experimental data.

(3) Without accounting for the maximum allowable GND density, the indenter tip
radius effect alone cannot explain the nanoindentation size effect.

It is important to note that the present nanoindentation model has a lower limit be-
cause, once the indentation depth reaches the order of nanometers, discrete disloca-
tion events dominate and the indentation hardness results are scattered. The present
model should not be used in this regime.
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Chapter 3
Indentation in Shape Memory Alloys

Yang-Tse Cheng and David S. Grummon

3.1 Introduction

Research on shape memory alloys (SMAs) has been broadly active since the dis-
covery of shape memory in the compound NiTi in 1963, a decade after first reports
of the effect in Au—Cd. For general reviews, see [1-4]. Early work on NiTi-based
SMAs (primarily NiTi, and NiTiX, where X = Pt, Pd, Au, Cu, Hf, Zr, or Nb, and
others) led to applications such as the NiTi hydraulic tube couplings developed by
the Raychem Corporation. Today, a wide variety of new ideas have emerged [1-5]
for applications such as sensors, actuators, damping materials, MEMS, biomedical
devices, and hydro/aerodynamic control at surfaces. A noticeable resurgence of in-
terest in SMAs has occurred, largely in response to recent advances in alloy prepara-
tion techniques (including physical vapor deposition routes), machining and joining
technologies, and modeling capabilities.

It is well known that NiTi alloys can exhibit either the shape memory effect
(SME) or the superelastic effect (SE, often called pseudoelasticity). These are, re-
spectively, isobaric and isothermal forms of shape memory, and a single alloy may
exhibit either, depending on stress and temperature. Real behavior often combines
aspects of each effect in a complex hysteretic fashion.

Both shape memory and superelasticity depend on martensitic transformations,
which, for NiTi, involve athermal first-order displacive transformations from a CsCl
parent to a monoclinic, orthorhombic, or rhombohedral low-temperature allotrope,
sometimes in succession. The heats of transformation may exceed 20J g~ ! and the
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reactions may have large temperature and stress hysteresis. The maximum practical
strain energy storage density in NiTi (>10°MJ m~3) [6] is extremely high.

Displacive transformations are found in many metals and ceramics, but robust
shape memory can usually only be obtained when:

(a) The parent phase is a high-symmetry ordered compound.

(b) The transformational volume change is negligible.

(c) Twin boundaries in the martensite are glissile (i.e., mobile under the influence
of shear stresses).

Practical SMAs must usually also possess classical metallic toughness, and good
strength against conventional slip plasticity. Furthermore, the martensite phase must
be thermally stable below M. It is not surprising then that only a select few alloy
systems have found wide application. With regard to the above criteria, the NiTi
system is exceptionally robust.

Figure 3.1a schematically illustrates the nature of the martensite microstructure
that forms on cooling the austenite, “A,” below the M temperature. The austenite-

Fig. 3.1 (a) Self-
accommodated formation

of monoclinic martensite
from CsCl austenite in NiTi.
Top: cooperative formation
of lattice correspondence
variants L; and L, results

in the appearance of the
habit-plane variant H. This
internal twinning gives co-
herency to the habit plane
and results in a highly mo-
bile M || A boundary. At a
slightly larger scale (middle),
multiple habit-plane variants
assemble cooperatively via
“self-accommodation.” In the
idealized case, the net shear
strain is zero. (b) Bottom:
external stress can drive shear
deformation of the martensite
phase by intervariant bound-
ary motion (“detwinning”). It
is this shear that can recover
during the M-to-A transfor-
mation (the martensite may
have the approximate ap-
pearance of the 5% sheared
triangle if it forms in the pres-
ence of external stress, as is
the case in transformational
superelasticity) b
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to-martensite transformation — in the absence of stress — produces no macroscopic
shape change, because the large transformational shear strain is locally accommo-
dated by formation of multiple crystal orientation variants of the martensite. This is
possible because of the symmetry change: any one of 12 differently oriented mon-
oclinic martensite domains (“lattice correspondence variants,” L) can displacively
arise from a given orientation of the cubic austenite grain. It is observed that, at the
nano- and microscales, transformation proceeds by the formation of twin-related
pairs of these orientation variants (labeled L and L, in the top sketch Fig.3.1a),
which nucleate cooperatively to produce a single, coherent habit-plane variant
(labeled H). It is further observed that multiples of distinct habit-plane variants
(labeled Hy, H», and H3) — of which there are 24 possibilities — evolve coopera-
tively, such that the net shear strain is near zero. The resulting microstructure is
generally complex and heavily twinned at a very fine scale, and can frequently con-
tain martensite—austenite phase mixtures.

Shape memory is possible because of the mobility of twin boundaries in the
martensite. When shear stresses favor one martensite variant orientation over an-
other, twinning reactions (sometimes called “detwinning”) can produce a large (but
not unlimited) macroscopic plastic strain (see Fig. 3.1b). Under stress, some variants
shrink as others grow; but since each must later revert to the same original austen-
ite orientation (if heated), the apparent plastic deformation of the martensite can
be reversed as the austenite is “recovered.” The “remembered shape” is that which
is “set” in the austenite. The cubic phase defines the reference condition and it is
only deformation of the martensite that can be thermally reversed, at least against
nontrivial reaction stresses.

A second form of shape memory occurs under isothermal conditions at tempera-
tures above the austenite finish (A¢). When the austenite is stressed at temperatures
just above Af, martensite can form spontaneously because shear stress effectively in-
creases the martensite start (M) temperature. When martensite variants form under
stress, macroscopic shear occurs because the (shear) stress favors certain variants
over others, and the resulting microstructure can be envisioned as being similar to
that of mechanically deformed martensite suggested in Fig. 3.1b (right). But when
the stress is removed, the phase equilibrium temperatures drop back down and the
martensite isothermally reverts to austenite. Shape recovery occurs much as in the
case of thermal shape memory, except that the process occurs on falling stress at
constant temperature. Very large amounts of strain energy can be stored and released
via this mechanism and superelastic objects are highly robust against damage and
distortion.

It should be noted that, if the martensite is strained further than can be accommo-
dated by the detwinning process illustrated in Fig. 3.1b (or if stress on an austenitic
superelastic alloy is high enough), conventional slip plasticity — and consequent
dislocation production — may occur that will inhibit complete return to an original
shape. The maximum recoverable strain for practical NiTi is 4-8% in tension.

Returning to the first form of shape memory, thermal SME, our description so
far describes a “one-way” shape recovery on heating. If the return to set shape is
mechanically restrained, very large forces can be developed, as is done in the case
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Fig. 3.2 Left: thermal shape memory producing a one-time shape change on heating. Center: cyclic
actuators require some external agency (force) to cause the martensite to deform on cooling. Right:
the “biasing force” for actuator resetting can be developed by internal defects created by loading
the martensite into the dislocation slip regime

of the Raychem tube connector. As shown schematically in Fig.3.2, when SMAs
are to be used as cyclic actuators, however, some kind of force-producing element,
such as a spring or pendant mass, must be mechanically linked so as to deform the
martensite phase during the cooling part of the actuation cycle. When the actuator
is warm, the austenite appears “hard” to the biasing force and responds as a stiff
elastic element that remains contracted along the bias axis. When cooling occurs in
the presence of the bias force (think of the pendant mass), the resultant martensite
looks plastically soft to the bias stress, and plasticity occurs up to the strain limit for
transformational shear (i.e., 4-8%). In the pendant mass example, cyclic heating and
cooling alternately raises and lowers the hanging weight, whereas the spring shown
in the sketch stretches and contracts. To reiterate, in the absence of the bias forces,
no shape change is expected on cooling — there is no strong memory of previous
martensite shapes.

SMAs may, however, be specially processed to possess some degree of memory
of both the shapes of the parent and martensitic phases, which gives a two-way
SME or TWSME (see Fig.3.2, right-hand sketch). TWSME is usually obtained
via thermomechanical “training” that involves heating and cooling under controlled
load, displacement, and temperature conditions, often using stresses that will cause
generation of dislocations. Two-way SME is believed to depend on nucleation of
preferred martensite variants under the influence of stress fields around dislocations
introduced during the training process. Though two-way alloys provide an internal-
ized “reset” mechanism for actuators, significant work can only be extracted during
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the heating part of the cycle. Also, tighter limits on strain recovery and thermal
stability apply when TWSME is required.

Although there have been extensive studies of bulk SME and SE behavior us-
ing macroscopic tensile, shear, and compression loading, until recently, few studies
have been devoted to the microscopic behavior of these alloys under contact load-
ing conditions. To help better understand shape memory and superelastic effects at
small scales and under complex loading conditions, we and several other groups
have studied SMAs using micro- and nanoindentation techniques [7-32]. Unlike in
simple tension, compression, or shear experiments, the stress distribution under an
indenter is highly nonuniform and strains can easily exceed the maximum that can
be recovered by SMEs.

The shape of the indenter has a strong effect on both the magnitude and distrib-
ution of these stresses [33-35]. If one ignores natural tip imperfection, sharp pyra-
mids (i.e., Vickers and Berkovich indenters) do not possess a characteristic length
scale, so the indentation response in SMAs should be independent of indentation
depth. Spherical indenters do have a natural length scale, the ball radius R, and in-
dentation response is thus expected to have some form of depth dependence. Pyra-
mids do too if the displacements are on the order of the (imperfect) tip radius.

Below, we provide a brief overview of recent work on indentation in SMAs.
Together, they demonstrate the robust operation of shape memory and superelastic
mechanisms at both small length scales and under complex (highly anisotropic and
nonuniform) loading conditions. Some of these results are suggestive of several new
kinds of applications for SMAs.

3.2 Indentation-Induced Shape Memory Effect

Figure 3.3a shows a 3D profile of a spherical indent made in martensitic NiTi. The
initial indent profile is shown together with the altered profile after heating past A¢
[10]. The data show that nearly perfect recovery of a spherical indenter impression is
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Fig. 3.3 NiTi shape memory: (a) recovery of a spherical indent and (b) the relationship between
thermally activated recovery ratio 0 and representative strain & = 0.2a/R and the relationship
between true stress and true tensile strain measured for the same alloy
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possible by the SME. Further experiments showed, however, that if deeper spherical
indents were made, recovery would not be complete, as discussed further below.

The magnitude of “indent recovery” (a normalized change in the depth of an
indent corresponding to a temperature change) may be quantified by defining a ther-
mally induced recovery ratio:

8 = (h —hy) /hy. 3.1)

Here, Ay is the residual indentation depth recorded immediately after unloading and
hj, is the final indentation depth after the completion of thermal recovery. Both h¢
and £y, for the present experiment were measured at room temperature, which was
below My, under the assumption that no significant displacement occurs when cool-
ing from above As.

Experiments using increasing indentation load showed that, for spherical inden-
tation, 6 depends on both the indenter radius and the indentation depth in a way that
can be rationalized with the help of the concept of representative strain & [33]. This
is defined as

& =0.2a/R, (3.2)

where a and R are the in-plane contact radius and the radius of the indenter, respec-
tively. Figure 3.3b shows the relationship between the thermally induced recovery
ratio and & (open circles), with the tensile stress—strain relationship obtained for the
same NiTi martensite [16] superimposed as a solid line. It shows that J is about
unity (perfect recovery) until a critical strain is reached. This strain coincides with
the end of the stress plateau in the stress—strain curve, which is further associated
with the maximum recoverable strain for the martensitic NiTi alloy used in the ex-
periment.

Recovery has also been observed for Berkovich and Vickers indents made in
SMAs. Figure 3.4 shows the cross-section profiles of two Vickers indent on a
martensitic NiTi [10]. The thermally activated recovery ratio for the Berkovich
and Vickers indents is plotted as a function of maximum indenter displacement in
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Fig. 3.5 [16]. The recovery ratio of both Berkovich and Vickers indents in marten-
sitic NiTi is about 0.34 and it is nearly depth independent from about 100 nm
up to 6um, setting an upper limit on length scale effects in NiTi shape memory
of ~100 nm.

Other groups have also observed indentation-induced SMEs. For example, Shaw
et al. [12] observed the recovery of Berkovich indents in NiTi thin films on heating,
showing that shape memory persists down to the 10-nm scale. They proposed a
modified spherical cavity model to rationalize the magnitude of recovery of these
indents. Indent recovery has also been observed in shape memory CuAINi single
crystal samples by Liu et al. [17, 18], using a nanoindenter and an atomic force
microscope with in situ heating capabilities. The authors observed a much higher
recovery ratio (0.7-0.8) when the indentation depth was shallow. In addition to ob-
serving partial depth recovery, Huang et al. [22] observed a change in the surface
profile from sinking-in (for the initial indent) to piling-up for the recovered profile.

It has consistently been reported by various groups [12,22, 26] that Berkovich
indents made to depths less than 10 nm recover completely on heating and that the
normalized degree of recovery begins to increase for indents less than about 100-nm
deep. This observation has generally been attributed to tip imperfections, which
some investigators have measured. Few Berkovich indenters have tip radii sharper
than 50 nm. Thus, Berkovich indents at the nanoscale are expected to behave like
spherical indents.

Indentation can also induce a two-way SME. This was first observed in a NiTi
SMA sample after it had been subjected to a thermomechanical training using fixed
displacement [24]. A 3.175-mm diameter tungsten carbide ball was forced into the
sample and held in place for subsequent thermal cycling. The fixtured specimen was
then heated and cooled for 30 cycles from above A¢ to below M;. The 3D image of
the indent (Fig. 3.6a) was then captured at high and low temperature. Figure 3.6b
shows the depth of the indent as it experienced several heating—cooling cycles.

In these plots, D4 is the depth at high temperature when the sample was in the
austenitic phase. Dy is the depth at low temperature when the sample was in the
martensitic phase. After the first heating step, the indent depth decreased from
the original indent depth of about 170 to 80um — an approximately 47% decrease
indent depth recovery. After cooling the sample to obtain the martensite, the indent
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Fig. 3.6 3D profile of a heated and cooled indent made by thermal cycling of a fixed displacement
indenter: (a) first-cycle change in profile and (b) two-way indent depth changes over the first few
thermal cycles

depth increased from about 80 to 140um — an approximately 75% increase in the
depth of indent. Subsequent heating—cooling cycles produced nearly constant indent
depth ratio, (Dy — Da)/Dw, of about 45%. In summary, as shown in Fig. 3.6, we
have observed two-way depth recovery for spherical indentations in a NiTi alloy,
using a simple constrained-indenter thermomechanical training method.
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Fig. 3.7 Cross-sectional profiles of reversible indent depth change for a single-indent training
regime (no thermal cycling during indentation). The indent in the austenitic phase (heated) is shal-
lower than in the martensitic phase (cooled)

While this training method was effective in inducing a two-way SME, we have
also found that significant two-way SME can be obtained in the martensitic NiTi
via a single isothermal indentation without additional thermal training cycles [25].
A reversible depth change of about 24% of the total indent depth was observed (see
Fig.3.7). Though this is smaller than the recovery produced by thermally cycling a
fixed indenter, it is significant that robust two-way shape memory can be induced by
single-indent events. Recently, Su et al. [29] reported that Berkovich indentations
could also impart two-way SME.

An interesting variation on the indentation-induced two-way shape memory can
be observed if postindentation planarization is used. We have recently found that
reversible surface protrusions can be made by mechanically polishing down to the
base of deep spherical indents (“planarizing”) while in the as-indented martensitic
condition. Figure 3.8 shows a 3 x 3 matrix of circular protrusions after this indented-
and-planarized martensitic NiTi sample was heated to the austenitic phase [25].
Remarkably, these protrusions disappeared when the sample was cooled back to the
martensite, and the cycle could be repeated many times. Indents and protrusions can
also be made at the nanoscale using the same method on sputtered thin films [25].

Figure 3.9 shows one proposed mechanism for the observed two-way indent re-
covery and reversible surface protrusions [25]. The creation of dislocations in a
zone immediately under an indent is believed to be necessary for the observation
of two-way reversibility. Indeed, the two-way effect is found to disappear if the
plastically deformed zone is removed by polishing deeper below the base of the in-
dent [32]. At present, however, the role of dense dislocation structures produced by
deep spherical indentation is yet to be verified. It is also possible that elastic strain
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Fig. 3.8 3D profiles of a 3 x 3 matrix of circular protrusions on the surface of NiTi that can be
made to cyclically appear and disappear when warmed and cooled, respectively

energy storage in a much larger volume of material is the driver of the effect. In this
view, the role of dislocation activity near the surface is to create local strain gradi-
ents that give rise to extensive residual stress fields following the withdrawal of the
indenter load.

These experiments show that indentation is not only a useful tool for studying
microscopic shape memory behavior, but also a means to create reversible surface
features with many potential applications.

3.3 Indentation in Superelastic Austenite

Recently, several groups have demonstrated microscopic superelastic effects using
instrumented micro- and nanoindentation techniques [7,8, 11, 13, 14]. For example,
using Berkovich and spherical diamond indenters, we obtained load—displacement
curves for both an austenitic NiTi alloy at 7 > Ay and pure copper (Figs. 3.10
and 3.11) [11]. The significant differences between the load—displacement curves
in NiTi and Cu lie in the magnitude of final indentation depth %s relative to the max-
imum indentation depth &y, and the recoverable work W, relative to the total work
W;. The total work W; required to move an indenter into a solid is the area under the
loading curve. The reversible work W, is the area under the unloading curve. The
area between the loading and unloading curves is the dissipated energy. The energy
recovery ratio 1)y, may be defined as the ratio of reversible work to total work We /W;.
The depth recovery ratio 1, may be defined as M, = (hm — ht) /.
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Fig. 3.9 Experimental procedures and mechanisms for achieving two-way reversible indentations
and protrusions. (a) Indentation is accommodated both by detwinning deformation of the marten-
site and by slip plasticity with defect production. (b) When heated to recover the austenite, the
indent displacement is partially recovered. (¢) When cooled below Mj, the residual indent becomes
deeper and thermal indent depth changes are reversible on heating and cooling. The dislocation
structure and its associated stress field may facilitate the growth of oriented martensite variants
during austenite-to-martensite transformation, leading to two-way indent depth change. Alterna-
tively, longer-range residual stress fields arising from indent plasticity gradients may drive shape
changes. (d) The residual indents are removed by planar grinding while in the martensitic condi-
tion. (e) The oriented martensite region, near-surface dislocations, and long-range residual stress
fields are still present after the planarization step. (f) A surface protrusion is formed upon heating
which is found to be perfectly reversible

For Berkovich indentation in the austenitic NiTi, 1y, and 1y, are about 45%, which
is significantly larger than about 8% for copper for indentation depths between
250 and 2,000 nm. For elastic—plastic solids such as copper, the reversible and
irreversible work result from elastic and plastic deformation, respectively. It has
been shown that 1, is proportional to the ratio of the hardness to the reduced
Young’s modulus H/E*. Since H/E* is less than 2% for most metals, 7y is less
than 10% [35]. In contrast, a much greater fraction of the total work of indentation
is seen to be reversible for austenitic NiTi. We conclude that a very high degree of
superelastic recovery is possible under Berkovich nanoindenter loading of austenitic
NiTi SMAs.
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Fig. 3.10 Load—displacement curves of Berkovich (a) and spherical (b) indents made in an
austenitic NiTi alloy and Cu

The indentation-induced superelastic effect is significantly more pronounced for
spherical indentation conditions than that for pyramidal indentation. For spherical
indentation, 7, has a weak depth dependence but declines as a function of the
representative strain for strains above 0.05. This can be rationalized by compar-
ing the dependence of recovery ratio on representative strain with the tensile true
stress—true strain curve of the same austenitic alloy, as is shown in Fig.3.11 [16].
Depth recovery is nearly complete when the representative strain is less than 0.05,
corresponding closely with the end of the stress—strain plateau. This is in turn linked
to “exhaustion” of the capability for stress-induced martensite formation. Incom-
plete indent reversibility increases with straining past 5% as slip dislocation activity
ramps up.

The large difference in superelastic recovery between Berkovich and spher-
ical indenters is inevitable given the differences in expected indentation stress
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NiTi material

distribution between the two. The stress at the apex of a perfectly sharp pyra-
midal or conical indenter is singular, so plastic deformation begins immediately
with contact. A large volume of material directly below pyramidal indenters there-
fore becomes highly strained, and significant deformation occurs by dislocation
motion since indentation-induced transformational strain mechanisms are quickly
exhausted. This volume does not subsequently contribute to superelastic transfor-
mational recovery and in fact probably inhibits it by forming elastic back stresses.

In contrast, the maximum stress under a spherical indenter remains finite and is
moderate for low a/R ratios. In austenitic NiTi, the smaller maximum strain caused
by the stress distribution under the sphere can evidently be accommodated by stress-
induced martensitic formation, allowing for more complete superelastic recovery on
unloading.

Indentation-induced superelastic effects have also been demonstrated using
temperature-controlled micro- and nanoindentation techniques [20, 28]. Here, the
indentation response of a SMA above A;, where SE response is expected, was
compared with that below M. In [20], we used a temperature-controlled Berkovich
indentation instrument to show that indentation-induced superelastic effects exist at
temperatures up to A¢ + 100K, higher than is usually observed in uniaxial tension
or compression tests in bulk and thin film NiTi. A model that considers the high
hydrostatic pressure under the Berkovich indenter has been proposed to explain the
observed elevated temperature limit.

Recently, Wood and Clyne [28] used a variable temperature indenter to exam-
ine superelastic behavior in NiTi. Their spherical indentation results clearly demon-
strated superelastic behavior when the sample is austenitic, but not in the martensitic
state, as shown in Fig. 3.12 [28].



84

Y.-T. Cheng, D.S. Grummon

2500

¢

g

:

Indentation load, P (mN)

g

0 500 1000 1500 2000
Indenter depth, d (nm)

Fig. 3.12 Load-displacement curves obtained during indentation carried out at temperatures, such
that the starting material would primarily be either in the parent phase (100°C) or in the martensitic
state (25°C), using a large spherical (R = 650 um) indenter tip. The dwell period at maximum load
was 120's

3.4 Summary and Outlook

We have reviewed some recent work on indentation in SMAs that establishes the
microscopic shape memory and superelastic effects, both under complex loading
conditions and over a wide range of depths ranging from 10nm to hundreds of
micrometers. Specifically:

1.

Indentation can induce both one- and two-way SMEs when an indentation is
made in the martensitic phase of NiTi. The magnitude of this indentation-induced
SME is depth independent for sharp Berkovich and Vickers indenters, unless tip
blunting is present. With spherical indenters, indentation-induced one-way shape
memory is almost perfect when the initial indent produces a representative strain
less than 0.05. This is close to the maximum recoverable strain measured for the
same SMA under uniaxial tension. One-way shape memory recovery decreases
with increasing representative strain beyond 0.05.

. When loading spherical indenters to reach representative strains beyond 0.05,

one-way shape memory declines, but a potentially useful two-way indentation-
induced SME begins to appear. This “trained-indent” can drive thermally re-
versible displacements that are still an appreciable fraction of the initial indent
depth. Furthermore, by subsequently applying a precision surface-grinding step
to remove visible trace of the indent, it is possible to form reversible protrusions
on the surface. The method is easily extended to arrays, or alternate indenter
forms such as punches and coining dies, or to impact methods.

. Indentation can induce a superelastic effect when indents are made in the

austenitic phase of a SMA. The magnitude of this indentation-induced
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Fig. 3.13 This temperature-controlled reversible sign shows how images can appear on a surface
simply by heating

superelastic effect appears to be depth independent for sharp indenters if
tip rounding is negligible. Under spherical indenters, the magnitude of the
indentation-induced superelastic effect is almost complete when the representa-
tive strain is less than the maximum recoverable strain of the SMA under tension
(~5%), and decreases with increasing representative strain above this limit.

These effects may be exploited for a number of applications. For example, the one-
way SME has been studied for tribological applications, where surface damage in
the form of indents and scratches can be healed upon heating [36]. The one-way
SME has also been studied for high-density data storage, where bits of information
can be stored and erased as recoverable indents [19]. The two-way SME can also be
used for information storage, as demonstrated in Fig. 3.13.

The microscopic superelastic effect can also be expressed by sputtered thin films
of NiTi. It has, for example, recently been suggested that interlayers of vapor-
deposited NiTi can function as a “metallic adhesive” for improving the bonding
between hard coatings and ductile substrates [37]. The superelastic effect can also
be used for reducing friction [38] and for improving resistance to both wear [37-39]
and cavitation erosion [40].

We hope this chapter will stimulate future work on indentation in SMAs, es-
pecially in areas such as fundamental understanding of the mechanisms, numerical
modeling [28,31,32,41], and novel applications of indentation-induced shape mem-
ory and superelastic effects.
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Chapter 4
Adhesive Contact of Solid Surfaces

Fugian Yang

4.1 Introduction

The rapid progress in micro- and nanofabrication techniques over the last several
decades has led to the development of various miniature electromechanical systems,
such as microvibromotors [1], MEMS RF switches [2, 3], MEMS optical tweez-
ers [4,5], and MEMS mirrors [6, 7]. These have attracted great interest in using
movable micromechanical structures in various MEMS and NEMS devices. The
performance and lifetime of MEMS and NEMS devices are limited by the material
confinement in submicron structures with large surface area, high electric field, large
stress gradient, and other factors normally nonexistent in macroscale structures. On
the microscale, material behavior is more controlled by surface-driving effects than
by bulk effects. For example, frictional effects play a much more important role than
inertia in the control of rotary or linear micromotors; i.e., the start-up conditions
strongly depend on static friction and moving/rotational speed on kinetic friction. If
there exists electric field, field-assisted contact is present.

One of major concerns for long-term applications of MEMS and NEMS struc-
tures is mechanical failure, including surface contact, fracture and fatigue. Surface
contact of micromechanical structures can contribute to stiction (adhesive contact),
damage, pitting, and surface hardening over local contact area. The presence of stic-
tion is due to high compliance and large surface-to-volume ratio of micromechan-
ical structures, which do not have enough restoring force to overcome the surface
interaction after mechanical contact. Stiction can be classified into two categories:
release-related stiction and in-service stiction [8]. Release-related stiction appears
during the removal of sacrificial layers for the release of micromechanical struc-
tures, which basically is due to liquid bridges and is controlled by the Laplace pres-
sure and the surface tension of liquid etchants. Practical solutions to the problem
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of release-related stiction include use of dimples and cavity to reduce the contact
area [9-11], change of meniscus shape [12], avoidance of liquid—vapor interfaces
through supercritical fluid [13], freeze-sublimation drying [14], and drying release
methods. However, all of these methods could not prevent the stiction from occur-
ring during the operation of microdevices. When the separation between two solid
surfaces reaches interatomic equilibrium distance, chemical bonding (ionic, cova-
lent, or metallic) occurs and attractive force increases profoundly [15]. As attractive
force is larger than restoring force, solid surfaces permanently stick to each other
causing failure of microdevices — in-service stiction.

Several models have been developed on the adhesive contact between spheri-
cal particles or between a spherical particle and a semi-infinite substrate, includ-
ing Bradley model [16], JKR (Johnson—Kendall-Roberts) theory [17], and DMT
(Derjaguin—-Miiller-Toporov) theory [18]. In the analysis, Bradley [16] calculated
the interaction force between two rigid particles using a simple integration of mole-
cular interaction without justification of the force additivity. Assuming that the sur-
face interaction creates a uniform displacement over the contact zone and there is no
surface interaction outside the contact zone, Johnson et al. [17] used the Hertz con-
tact theory [19] to obtain the pull-off force required to separate two elastic spheres
in frictionless contact. Recently, Li [20] also obtained the same relation by using the
Moutier theorem. Derjaguin et al. [18] considered the effect of surface interaction
outside the contact zone on the contact deformation of two elastic spheres. They
obtained the pull-off force the same as the interaction force given by Bradley [16].

The pull-off force F, to separate two elastic spherical particles in frictionless

contact can be expressed as
Fy = XTReirY, 4.1

where y = 3/2 for the JKR theory and y = 2 for the DMT theory. Here, Regr =
RiRy /(R + R,) with Ry and R; being, respectively, the radius of the two spheres. Y
is the work of adhesion, which is determined by the difference between the energy
per unit area of the contacting surfaces, y; and 7, before contact and that of the
interface, ¥12, after contact (Y="7; +Y, — Y12)-

The difference between the JKR theory and the DMT theory was later addressed
by Tabor [21], who introduced the Tabor number of y: the ratio of the maximum
neck height in contact zone to intermolecular spacing. The DMT theory provides a
good description of adhesive contact for small p, while the JKR theory prevails for
large p. Such a behavior was also revealed by Miiller et al. [22] using numerical
calculation and by Maugis [23] using the theory of the Dugdale crack [24].

The development of microfabrication techniques in the last several decades has
made use of compliant structures and submicron surface coatings in MEMS and
NEMS devices. As the ratio of the contact size to the film thickness increases, the
assumption of semi-infinite space becomes invalid and the substrate effect needs to
be taken into account. This has limited the use of the JKR theory and the DMT
theory in probing the adhesive contact of micromechanical structures and has im-
posed a tremendous challenge in understanding submicron adhesive behavior and in
improving the mechanical design with a least possibility of adhesion.
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This chapter covers some basic physics related to adhesive contact of thin films,
MEMS structures, and adhesion of thin films to substrates. It summarizes the recent
development in studying the mechanical and interfacial behavior of materials.

4.2 Adhesion of a Rigid Axisymmetric Particle
to an Elastic Film

A condition for the separation of two elastic solids in contact can be derived from
thermodynamics. The total energy Ut of a system consists of the interfacial energy
Us over the contact zone, the stored strain energy Ug in the deformed system, and
the potential energy Up of the system during the contact/separation process.

The interfacial energy is

Us = —Ay, 4.2)

where A is the contact area. The stored strain energy can be calculated as [17,25-27]

S )
Us = / Fds— / Fla ds, 4.3)
0 54

where F is the normal contact force and § is the relative displacement between the
solids. The first term on the right-hand side of (4.3) represents the strain energy
stored in the system for the contact area increasing to A without surface interaction,
and the second term is the strain energy released due to the effect of the surface
interaction when maintaining the same contact area of A. The potential energy of
the system is

Up=—F3d,. 4.4
The total energy of the system is thus
Ur = Us + Ug + Up. 4.5)

Based on reversible thermodynamics, the stable equilibrium contact between a par-
ticle and a film requires [28]

8UT 8UE

il S -~k
95, |, 7" 95,

dUp

L | oA
PREFTIN M

22| =—F,. 4.6
1o (4.6)

F

In (4.6), A is considered as a variable, indicating that the contact area is similar
during the separation. If this is not the case, the second part of (4.6) is invalid.
Equation (4.6) provides the rational to evaluate the adhesion force (the pull-off
force) for the separation of a rigid particle from an elastic film. It is worth men-
tioning that the above discussion is based on elastic deformation, i.e., the energy
dissipation is negligible during the contact and the separation. If there is dissipation
of finite energy, one needs to incorporate the energy dissipation in calculating the to-
tal system energy and use irreversible thermodynamics, which will not be discussed
in this work.
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4.2.1 Adhesive Contact of an Incompressible Elastic Thin Film

Consider the contact between an axisymmetric particle and an incompressible elas-
tic film deposited on a rigid substrate. The contact between the particle and the film
is frictionless. For the contact radius of @ much larger than the film thickness of £,
the relation between the contact radius and the normal contact force without surface
interaction is [29]

8 a
F=20 [ porar @7
h Jo
for the frictionless contact between the film and the substrate, and
6mpa® (4
F = / y(r)rdr 4.8)
W3 0

for the nonslip contact between the film and the substrate. Here, f(r) is the surface
profile of the indenter and u is the shear modulus of the elastic film. The function
y(r) satisfies the following equation

& 1d f(r)

— + - —==0 4.9
(dr2+rdr>y<r)+ 3 .9)

subjected to the boundary condition: y(a) = 0. Using (4.6)—(4.8), one can determine

the effect of surface interaction on the relationship between the normal contact load

and the contact radius and the pull-off force to separate the particle from the film.
For a rigid spherical particle of R in radius, there are [25]

4

Tha 2na21 / 2ny frictionless contact

F = hR h (4.10)
- 1/2 :
Taa® —2nad® S : nonslip contact
32Rh3 32h3
and
F— 2Ry fricti(?nless contact @11
3nRy nonslip contact.

The pull-off force is the same as the result given by Bradley [16] and the DMT
theory [20] for the frictionless contact. For the nonslip contact, the pull-off force is
3/2 time of that with the frictionless contact. This is likely due to the confinement
effect on the deformation of the elastic film.

For a rigid conical particle of a semi-included angle 19, there are [25]

4mpa’ cotd 2y /2
TR WY o2 (/l;W ) frictionless contact

Fe 3h > (4.12)
muad cotd  mad (3yu) / .
e — nonslip contact

20K3 2\ 2m



4 Adhesive Contact of Solid Surfaces 91

4y tan®d  [2yh
Y% s frictionless contact
F= H 4.13)

9 54y\ '/
gnhy tan®/2 9 (W:Y ) nonslip contact.

and

In contrast to the adhesive contact between a rigid spherical particle and an elastic
thin film, the pull-off force is proportional to the square root of the film thickness for
the frictionless contact, while it is proportional to the 3/4 power of the film thickness
for the nonslip contact.

For a flat-ended cylindrical particle of a in radius, there are [28]

Apa’d
TELZZ frictionless contact
F= (4.14)
3mpatd i et
nonslip contac
813 P
and
/8
na> %Y frictionless contact
F, = (4.15)
n—aB M nonslip contact
o\ 2n P '

The pull-off force is inversely proportional to the square root of the film thickness
for the frictionless contact, while it is inversely proportional to the 3/2 power of
the film thickness for the nonslip contact. Higher pull-off force is required for the
nonslip contact between the film and the rigid substrate than that for the frictionless
contact.

It is worth pointing out that the above results are based on the frictionless contact
between the rigid particle and the elastic film. It is expected that high pull-off force
is needed for the nonslip contact, even though there is no closed-form solution for
the nonslip contact between a rigid spherical particle and an elastic film and for the
nonslip contact between a rigid conical particle and an elastic film. However, the
pull-off force is independent of the contact condition for the contact between a rigid
spherical particle/flat-ended cylindrical particle and a semi-infinite incompressible
elastic material [28, 30].

Consider self-adhesion of poly(dimethylsiloxane) (PDMS). The PDMS
samples were made from the commercial product SYLGARD 170 A&B by
DOWCORNING. The SYLGARD 170 A&B were first mixed, then left to de-
gas in a weak vacuum system (80kPa) for about 1h. After degassing, a small
portion of the mixture was coated onto a flat-ended cylindrical indenter. This layer
was less than 10-pum thick and its deformation was negligible compared with that
of the sample as verified in a finite element simulation. Both the indenter and the
sample were put in the oven for curing overnight at room temperature. Stainless
steel indenters of five different radii (0.79, 1.19, 1.59, 2.38, and 3.18 mm) were
used. The indenter radius is less than the sample thickness, which is about 5 mm.
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This suggests that one can treat the PDMS layer as a semi-infinite material. The
self-adhesion energy of the PDMS then can be calculated as [28,31,32]

F, = 44/ 2nuyad. (4.16)

Figure 4.1 shows a typical loading—unloading curve for the contact of the PDMS
at ambient temperature. In contrast to the adhesive contact of PDMS using a rigid
spherical indenter [33], there is no hysteresis between loading and unloading. Both
the loading and unloading curves display the same linear relationship between the
load applied to the indenter and the indenter displacement. During loading, the in-
denter experienced a jump-in to make adhesive contact. During unloading, the in-
denter underwent a pull-off force before separation.

By using (4.16) and the pull-off force of the unloading curve as well as the shear
modulus of 0.73 MPa [32], the self-adhesion energy for a contact time of 4 mins
was calculated to be 28 mJ m~? for the indenter 1.59-mm radius. Figure 4.2 shows
the linear relationship between the pull-off force and the 3/2 power of the indenter
radius, consistent with the result given by (4.16). The self-adhesion energy can be
obtained from the slope of the line. This self-adhesion energy is 20mJ m~2, which is
comparable with 28 mJ m~2, the value obtained previously using the pull-off force
alone for the indenter 1.59-mm radius.
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Fig. 4.3 Time dependence 0.4
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Figure 4.3 shows the linear relationship between the self-adhesion energy and the
square root of the contact time, suggesting that diffusion is the dominant mechanism
for the development of the self-adhesion between two PDMS surfaces. It is seen that
when the contact time is long enough, the self-adhesion energy can be very large,
much larger than the surface energy of PDMS, which is only about 20mJ m~2 [34].
In fact, the measurement is the fracture energy, which includes the contribution of
diffusion work of plastic deformation accompanying the separation fracture process.
As can be seen, Fig. 4.3 has not indicated a saturation after 30 h of contact.

It is seen that a cylindrical indenter with a flat end in contact with a planar surface
can avoid the loading—unloading hysteresis encountered in the JKR method using
spherical indenters. Without any hysteresis, the elastic constants can be obtained
independent of the adhesion at the contact interface. Since the contact area in the
case of the cylindrical indenter is unchanged between the time of contact and the
time of separation, it is ideal to use the cylindrical indenter to study the development
of adhesion energy with contact time.

4.2.2 Adhesive Contact of a Compressible Elastic Thin Film

In contrast to the adhesive contact between an axisymmetric rigid particle and an
incompressible elastic thin film, one needs to account for the effect of the compress-
ibility, i.e., the Poisson’s ratio, on the contact deformation of compressible elastic
films. Similar to Sect. 4.2.1, focus is on frictionless contact between a particle and a
film on a rigid substrate under the condition of the contact size much larger than the
film thickness.

For frictionless contact between the film and the substrate, the relation between
the normal contact force and the contact radius without the surface interaction is [35]

2na’p (!
F= (fivu)/o g(n)dr, 4.17)
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where Vv is the Poisson’s ratio. The function g(¢) satisfies the Fredholm integral
equation

g(t)+ \/lzfn/olg(u)[l(c(hu|)+KC(|t+u)]du - *7273’ 4.18)
with
Ke(8) = \/i /O (1) cos(Ek)dk. (4.19)
Here, f(r) = f(r/a).

Using (4.6) and (4.17), one obtains the pull-off force and the relationship between
the normal contact load and the contact radius as [35]

4
Tla 2 wy
F=——"____2 d F, =2mR 4.20
20RO\ Ty 2N T T A (4.20)
for a rigid spherical particle of R in radius,
2mua’ cotd N y 8my tan’® [ (1 —Vv)yh
F=—"—"—"_"_2 d F,= 4.21
31-vh T\ vy e 3 “21)
for a rigid conical particle of a semi-included angle ¢}, and
2una’d ) wy
F= d F,=2 4.22
1w M= L) (4.22)

for a flat-ended cylindrical particle of a in radius. Equations (4.20)—(4.22) at v =0.5
reduce to the results of (4.10)—(4.15) for the adhesive contact of an incompressible
elastic film with frictionless contact between the film and the rigid substrate.

For nonslip contact between an elastic film and a rigid substrate without surface
interface, Yang [36] used the perturbation theory to obtain the relationship between
the normal contact force and the contact radius to the first order of i/a (h < a) as

2n(1 —V)E /“
F=———— " d— d 4.23
TV 2w, Bl .23)
with the relationship between the particle displacement and the contact radius as
0 = f(a). Here, E is the Young’s modulus of the elastic film. For adhesive contact
between the film and an axisymmetric rigid particle, there are

at

2
a
F=gon— ¥\/2?y and F, =2myR (4.24)

for a rigid spherical particle of R in radius,

P a33c]z)2t19 2 \/12(7:7 and Fy— 8ny\/2n3y|<tan219

(4.25)
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for a rigid conical particle of a semi-included angle ¢}, and

2 2 2
F= % and F, = 7V;W“ (4.26)

for a flat-ended cylindrical particle of a in radius. The parameter of k is defined as

k=+/(1+v)(1—-2v)h/x(1 —V)E. (4.27)

Equations (4.24)—(4.26) are similar to (4.20)—(4.22) with the same dependence on
the contact radius, while the constant (1-2V) is in the denominator. Also, they have
different dependence on the film thickness as comparing with incompressible elas-
tic films. This suggests that one needs to use (4.10)—(4.15) in evaluating adhesive
contact of incompressible elastic films with nonslip contact between film and rigid
substrate instead of (4.24)—(4.26).

Considering the effect of the substrate elasticity in the analysis of the adhesive
contact between a spherical indenter and a compliant elastic layer, Johnson and his
coworkers [37,38] proposed a semiempirical relation between the contact load and
the contact radius as

AV ) () e

where E/ = E; /(1 — vlz) with i = 1 and 2, respectively, representing the elastic coat-
ing and the substrate and k = EJ}/E]. The functions 3(x,k) and ®(x,k) are deter-
mined by numerical simulation for a variety of combinations in (a/h, E}/E}). In
the analysis, the elastic layer was assumed to be perfectly bonded to the elastic half-
space. In general, it is very difficult if not impossible to obtain a general expression
of the functions 3 (x,k) and ®(x,k) over a wide range of a/h and E}/E{. Sridhar
et al. [38] used curve fitting to obtain semianalytical functions 3 (x, k) and ®(x, k)
for certain range of a/h and E} /E]. They also considered the effect of the indenter
elasticity and introduced an effective plane-strain modulus of the indentation sys-
tem, in which the indenter can be approximated as a rigid indenter and the bilayer
structure as a homogeneous elastic half-space.

Following Maugis’ approach [39], Sergici et al. [40] used a Dugdale model to
evaluate the JKR-DMT transition in an adhesive contact of a spherical indenter with
a layered elastic half-space. Using numerical simulation and varying the Maugis’
adhesion parameter, they studied the effects of the elastic moduli ratio of the layer
to the substrate and the layer thickness on the pull-off force and the relation between
the contact load and the contact radius. They observed a transition from DMT to
JKR adhesion. However, they did not give any semiempirical expression to correlate
the contact load with the contact radius and the indentation depth, which makes it
difficult to use their results in measuring adhesion energy between two solids.
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4.3 Indentation-Induced Delamination of Thin Films:
Characterization of Interfacial Strength

Reliable measurement of the interfacial strength between a thin film and a substrate
plays an important role in the quality assurance of MEMS and NEMS structures
and in the understanding of structural degradation occurring in multilayer struc-
tures [41,42]. Chiang et al. [43] were the first to suggest the use of indentation-
induced delamination of thin films in measuring the interfacial strength between a
film and a substrate. The indentation-induced delamination is due to the develop-
ment of compression stress during the indentation, resulting in the initiation and
propagation of interfacial crack and causing the buckling of the film.

Using the theory of linear fracture mechanics, Evans and Hutchinson [44] and
Marshall and Evans [45] developed a semianalytical relationship for measuring the
interfacial fracture resistance. They assumed that the interfacial cracks were sig-
nificantly larger than the film thickness and modeled the delamination region as
a clamped circular plate over a rigid substrate. The crack driving force G for the
indentation-induced delamination of the film is [44-47]

2

_ hoe(1—vi) + [0} — (6c — 61)7]

2E¢

(1 —a)h(1—vy)

G )
E;

(4.29)

where Ef and vy are, respectively, Young’s modulus and Poisson’s ratio of the film,
« is a constant depending on the deformation mode (& = 1 for nonbuckling mode),
o; is the residual stress in the film, and oy, is the critical buckling stress of the
clamped plate. The compression stress o, created by indentation is a function of the
indentation size in the film.

Considering the substrate effect on the indentation hardness of a bilayer structure,
Huang et al. [47] used the composite indentation hardness [48,49] in the calculation
of the indentation size. From the result given by Bhattacharya and Nix [49], they
expressed the crack driving force for the Vickers indentation of a compliant film on
a hard substrate under nonbuckling mode as

G

B (1+Vvy)Egcot® © ([ F\° 430
 144(1 — ve)m2{1 + (Hy/Hs — 1) exp[—B(8/h)2]}3 h (Hsa§> , (430)
where Hy and Hg are, respectively, the indentation hardness of the film and the sub-
strate, a. is the radius of the delamination region, 0 is the half-angle between op-
posite edges of a pyramid, and f3 is a fitting parameter. It is worth pointing out that,
to recover (4.30) to (4.29), it requires § = 0. Huang et al. [47] also formulated the
other expression for the crack driving force, using the composite hardness given by
Korsunsky et al. [48]. They found that the calculated crack driving force for the
ZnO film/Si substrate systems was same whether they used the Bhattacharya and
Nix model or the Korsunsky et al.’s model.

Realizing that it may be difficult to measure the delamination size in some con-
ditions, Dehm et al. [50] used a shear-lag model [51] to analyze the initiation of
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delamination during indentation. Assuming frictionless contact between the film
and the substrate over the delamination zone, they established a relationship be-
tween the indentation load and the indentation depth for the measurement of the
interfacial strength between a thin film and a substrate as

8Ti
= 431
7 vptan2d © “.31)
for the indentation depth less than the film thickness and
&Tih
Fo— Fy = (28. —h) — 4.32
e F= (28 )Vf tan2d (4.32)

for the indentation penetrating into the substrate. Here, F; is the indentation load cor-
responding to the indentation depth of &, for the occurrence of the delamination and
7; is the interfacial shear strength between the film and the substrate. They obtained
self-consistent values of the interfacial shear strength for the coating of epitaxial
films of (111) copper on (0001) sapphire. They also evaluated the effect of titanium
interlayer on the interfacial bonding by varying the interlayer thickness from 0.7 to
110 nm and observed about 40% increase in the interfacial strength for the interlayer
of 0.7 nm. Thicker interlayer only caused a marginal further improvement in the in-
terfacial strength. This approach avoids the determination of the delamination size
and enables us to measure the interfacial shear strength directly from the indentation
loading curve. It is unclear how one can compare the interfacial shear strength with
the critical crack driving force.

Rossington et al. [52] evaluated the indentation-induced delamination of ZnO
thin films over Si substrates. Delamination occurred either along the interface or in
the film parallel to the interface. They suggested that the change in the crack path
from the interface to the film was likely due to the indentation-induced buckling
of the films. They calculated the interfacial fracture energy using (4.29) as well
as the bulking load for the delamination. The calculated buckling loads were not
consistent with the buckling theory, which could be due to the indentation-induced
deformation in the film. Further study needs to be conducted to evaluate the effect
of out-of-plane deformation on the indentation-induced delamination.

Fan et al. [53] used a Knoop indenter to examine the adhesion of diamond coat-
ing over polycrystalline copper foil of 1 mm in thickness. They observed that the
indentation at small indentation loads caused circular delamination of the coating
similar to those by Vickers indentation and Rockwell C indentation. This suggested
that the far-field stress was independent of the indenter morphology, as stated by
Saint-Venant’s principle. They established a relation between the indentation load
and the delamination size by considering the sink-in deformation of the diamond
coating and observed the critical indentation load of 1.09 GPa. However, they did
not address the dependence of the critical indentation load on the interfacial fracture
energy or the interfacial shear strength.

Kriese et al. [54] utilized a displacement-controlled indentation to induce ini-
tiation and propagation of interfacial delamination of sputtered copper thin films
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from SiO,/Si substrates. The effects of heat treatment and interlayer on the inter-
facial fracture strength were examined. For the film systems without the interlayer,
annealing caused the increase in interfacial fracture strength, which likely was due
to the relaxation of residual stresses and the formation of intermetallic compounds at
the interface. The introduction of the chromium or titanium interlayer resulted in the
increase of interfacial strength due to the reduction of residual stresses. The inter-
facial strength also increased with the film thickness. The results of the effect of
heat treatment on the interfacial strength suggest that the dependence of the inter-
facial strength on microstructure and interfacial reaction can be assessed using the
indentation-induced delamination technique.

Lee et al. [55] used indentation-induced delamination to investigate the adhesion
of Pt films to Si substrates with a native oxide film. They pointed out the difficulty
in using this method for ultrathin films due to relatively small stored strain energy
in the film for the creation of delamination. They adopted an overlayer technique to
increase the driving force for delamination by sputtering a thick molybdenum layer
over the Pt film and used (4.29) to calculate the interfacial fracture strength. They
obtained unusually high values, which likely was due to the formation of subsurface
cracks in the Si substrates as confirmed by the FIB images. This resulted in compli-
cated stress state in the film, and the assumption used by Marshall and Evans [45]
became invalid. The experiments of the indentation-induced delamination became
inconclusive. Further study and modeling are needed for using the approach to eval-
uate local interfacial fracture strength.

Li et al. [56] studied the indentation-induced delamination of thin polystyrene
films on glass substrates by using a 90° conical diamond indenter with a tip radius
of 1um. There was no delamination presented in the 2-um film for the indenta-
tion load less than 200 mN, while the indentation-induced delamination occurred
for the indentation load of 15 mN or higher. The indentation-induced subsurface
damage initiated in the glass substrate, which led to the formation and propagation
of interfacial crack. They used three approaches to calculate the interfacial fracture
toughness, including (1) annular-plate model [56], (2) Marshall-Evans model [45],
and (3) process-zone model. From the analysis of using the Marshall-Evans model,
they suggested that there was no buckling in the film during the indentation and the
residual stresses and buckling stress had little role in the calculation of the interfacial
fracture strength. They found that the interfacial fracture strengths calculated from
all three approaches were in good agreement, while the Marshall-Evans model gave
slightly low values. It is unclear which approach is more suitable for the analysis of
the indentation-induced delamination in compliant coating systems.

Lu and Shinozaki [58] used a flat-ended cylindrical indenter to measure the in-
terfacial shear strength of polymeric coatings over relatively rigid substrates. They
observed the load drop in load—displacement curves, which was due to the initiation
of a circular decohesion zone at the interface. Following the approach by Dehm [50]
and using a modified shear-lag model, they obtained the critical shear stress at which
the delamination initiated as a function of the indentation load and the indentation
depth. The increase of rubber content in polystyrene films caused the decrease in
the critical interfacial shear stress.
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Geng et al. [59] studied the thickness effect on the indentation-induced delamina-
tion of SR399 ultrathin polymeric coatings over Si substrate. For the coatings of 47,
125, and 220 nm in thickness, there was only an excursion in the loading curve, rep-
resenting local interfacial delamination. In contrast to the submicron thin films, the
loading curve for the indentation of 3-wm polymeric coatings had four excursions
as shown in Fig. 4.4. This indicated that the stress state in the thick film was differ-
ent from the submicron films. Assuming plane-stress state in the submicron films
and following the approach by Dehm [50], Geng et al. related the interfacial shear
strength to the indentation load and the indentation depth. They did not analyze the
delamination of the thick film.

The indentation-induced delamination is complex. It involves triaxial stress state
and interfacial crack, which can cause local buckling from initially curved plate.
This will change the propagation behavior of interfacial crack and require the con-
sideration of the effect of surface contact. In addition, there may involve the forma-
tion and propagation of radial cracks in indentation of brittle films over compliant
substrates, which can change the indentation deformation and alter the driving force
for interfacial delamination. New model needs to be developed to account for the
interaction between radial cracks and interfacial crack in the measurement of inter-
facial fracture strength.

4.4 Adhesion in Micromechanical Structure

To study the adhesion of micromechanical structures, Mastrangelo and Hsu [60]
used an array of cantilever beams of different lengths to measure the adhesion of
polysilicon beam to polysilicon substrate. The cantilever beams were anchored to
the substrate at one end and were suspended at the other end. The principle is that
the cantilever beams longer than the detachment length cannot separate from the
substrate due to less restoring force than the adhesive force. The detachment length
corresponds to the critical length of the cantilever beam above which any cantilever
beam will stick to the substrate. The contact of a cantilever beam with a substrate
can be controlled by mechanical probe or electrostatic force.
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For the contact between a cantilever beam and an underlying substrate, the work
of adhesion can be calculated as [60,61]

3 Eg’t
= 4.33
V=2 —ay -39
for the S-shaped contact and
3Eg
= f § (4.34)

for only the tip-substrate contact between the beam and the substrate. Here, g is
the gap between the beam and the substrate, ¢ is the beam thickness, / is the beam
length, and d is the contact length.

Considering that both ends of a compliant plate-like structure are supported by a
rigid substrate, Yang [62] studied the adhesive contact between the structure and
a rigid substrate. Under the action of uniform pressure of p and surface force, the
relation between the work of adhesion and the contact size is

_ oyt — LOEW 3pr)
(L—d/2) =570 v |V (Gwy) ! (4.35)

for a simply supported plate and

_ 4 12Eyw3 pt 2_
(L—d/2)" = 7}72(17\/2) 1+ 2wy 1 (4.36)

for a doubly clamped plate. Here, w is the width of the structure. Equations (4.35)
and (4.36) give the work of adhesion at p =0, as

(4.37)

8(1—Vv2)(L—d/2)* |4 clamp at edges

3Eg* { 1 simple support
which is independent of the width of the structure. The results suggest that a doubly
clamped plate-like structure is more difficult to stick to the substrate than a simply
supported structure.

It is known that fluctuation can cause deflection of micromechanical structure.
This can lead to the occurrence of the jump-in instability for a micromechanical
structure in a metastable state and result in the transition from a noncontact deflec-
tion to an adhered state. If there is no energy dissipation during the transition for an
initial deflection-free plate-like structure under load-free condition, the critical gap
for the presence of the jump-in instability is [62]

312 [6(1—v2)ry|2 simple support
g = & (1=v2)ry ple supp 438)
16¢ E 1 clamp at edges.
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Equation (4.38) gives a lower bound of the critical gap between a compliant struc-
ture and a rigid substrate for the occurrence of adhered contact.

It is worth mentioning that all above results are based on smooth contact between
a smooth compliant structure and a rigid smooth substrate. In general, it would be
very difficult if not impossible to fabricate molecular smooth surface. One needs
to analyze the effect of surface roughness on adhesive contact of micromechanical
structure for the design of MEMS and NEMS devices. Analyses using Gaussian dis-
tribution and fractal geometry have been summarized by Zhao et al. [61], in which
the resultant adhesive force was derived from the integration of multiple asperity
contacts. This has imposed a challenge in evaluating the evolution of local stresses.
Numerical methods need to be developed for describing the multiscale feature of
surface topology and analyzing the multiscale effect on the adhesive contact be-
tween solid surfaces.

4.5 Summary

This chapter presents an introduction to the adhesive contact of solid surfaces oc-
curring in surface coatings, MEMS and NEMS structures. The contact deformation
itself is complex, and techniques using contact deformation have been developed
to evaluate mechanical properties of materials such as nanoindentation, impression
testing, and atomic force microscopy. The contact deformation creates triaxial stress
and strain states in materials; and local plastic deformation as well as surface inter-
action can occur simultaneously.

As the characteristic size of mechanical structure continues to shrink, surface
interaction becomes a dominant factor in controlling mechanical behavior and me-
chanical motion of structure and physical object. It can cause malfunction of MEMS
and NEMS devices. This has attracted great interest in designing micromechan-
ical structure of a least possibility of adhesion and in controlling or eliminating
surface interaction through physicochemical processes. One of the challenges is
to understand the fundamental of surface interaction and its effect on micro- and
nanomechanical behavior due to the limit of available analytical technology. With
the complexity of multiscale physics, one needs to develop multiscale numerical
technique to simulate micro- and nanoadhesive contact and compare the simulation
results with experimental observation for the characterization of surface interaction
and the intrinsic work of adhesion. This will provide us a mechanism in improving
mechanical design with a least possibility of adhesion for applications in military
and bioengineering.
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Chapter 5

Nanomechanical Characterization
of One-Dimensional Nanostructures

Yousheng Zhang, Eunice Phay Shing Tan, Chorng Haur Sow,
and Chwee Teck Lim

5.1 Introduction

One-dimensional (1D) nanostructures belong to an important class of nanomaterials.
Since the discovery of carbon nanotubes by Iijima in 1991 [1], 1D nanostructures
such as nanotubes [2], nanowires [3], nanorods [4,5], nanobelts [6], nanoribbons [7],
and nanofibers [8] have been synthesized and widely investigated. Studies have
shown that these nanostructures possess not only unique electrical, thermal, and
optical properties, but also outstanding mechanical properties [9, 10]. Nanomechan-
ical characterization of 1D nanostructures is so important that it will determine their
applications in nanotechnology such as nanoresonators [11], biological sensors [12],
nanocantilever [13], piezoelectric nanogenerators [14], nanoelectromechanical sys-
tems (NEMS), and tissue engineered scaffolds [15, 16]. It is of great importance
to measure the mechanical properties directly from these nanostructures since the
properties might have size-dependent behavior at the nanometer length scale. This
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Table 5.1 Elastic modulus of ZnO nanowires

Method Modulus (GPa) Ref.
Postbuckling by MEMS 21 [17]
test-bed in scanning electron

microscope

Tensile test Within 30% of bulk ZnO [18]
Mechanical resonance 210 (small diameter) [19]

140 (large diameter)

Nanoindentation 232 (small diameter, assume  [20]

fixed—fixed column)

454 (small diameter, assume
fixed—pinned column)

117 (large diameter, assume
fixed—fixed column)

229 (large diameter, assume
fixed—pinned column)

implies that the mechanical properties of nanostructures cannot be accurately ex-
trapolated from that of the bulk materials.

In this chapter, experimental techniques used in the nanomechanical charac-
terization of 1D nanostructures will be presented. Approaches used to measure
the mechanical properties of 1D nanostructures will be the main focus of this
chapter. Sample preparation and the challenges in conducting such tests are also
discussed.

Experimental study on the mechanical properties of 1D nanostructures is ex-
tremely challenging due to their lateral dimensions being a few tens of nanome-
ters and longitudinal dimensions of a few microns. Taking the elastic modulus of
ZnO nanowires as an example, different methods yield different results as shown in
Table 5.1.

The main challenges for quantitative measurement of the mechanical proper-
ties include (i) designing an appropriate test configuration such as fabrication of
substrate, scattering/picking/placing/clamping of specimens; (ii) applying and mea-
surement of forces in the nano-Newton level; and (iii) measuring the mechanical
deformation at the nanometer length scale. By utilizing the advantages of vari-
ous types of high-resolution microscopes, nanoscale testing techniques have been
developed. These high-resolution microscopes include scanning electron micro-
scope (SEM), transmission electron microscope (TEM), and atomic force micro-
scope (AFM) [21]. In order to manipulate and position small 1D nanostructures
under electron microscopes, nanomanipulator with probes [22,23] or MEMS-based
nanoscale material testing system (n-MTS) [24] must be installed in these micro-
scopes. The probes can be AFM tips or tungsten tips with radius of tens to a few
hundred nanometers. AFM tips serve as force sensors and tungsten tips are used as
picking/placing tools, counterpart electrode, or sample substrate. The microscope
will provide the function for measuring the mechanical deformation and specimen
dimensions at the nanometer length scale. The n-MTS incorporates a capacitive
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sensor to measure load electronically at a high resolution. As for the AFM, nano-
Newton force can be determined from the deflection of the AFM cantilever multi-
plied by the cantilever spring constant. The AFM cantilever spring constants range
from the order of 0.01 to 100N m~', which can be accurately calibrated. High-
resolution mapping of surface morphology on almost any type of conductive or
nonconductive material can be achieved with AFM. This also provides the informa-
tion of sample dimensions.

Methods developed and used for measuring the mechanical properties of indi-
vidual 1D nanostructures can be classified into two different types based on the
fundamental instruments previously mentioned: AFM-based and in situ electron-
microscopy-based testing [25]. Three-point bend test, lateral force microscopy
(LFM), and nanoindentation test are classified under the first AFM-based tech-
nique; and mechanical resonance, static axial tensile stretching, and compres-
sion/buckling tests are classified under the second. For generality, mechanical tests
on nanowires are used here for the demonstration of Mechanical Character gates of
1D nanostructures.

5.2 Bend Tests

By using AFM-based technique, different types of bend tests have been developed
such as three-point bend test and LFM.

5.2.1 Three-Point Bend Test

Among all the different bend tests, three-point bend test is most commonly
used [26-31]. The process and principle for conducting a typical nanoscale three-
point bend test can be described as follows. Individual nanowires are deposited
onto a substrate with holes or trenches. An AFM cantilever tip is used to apply a
small deflection midway along its suspended length using the force mode in AFM
contact or tapping mode. Figure 5.1a shows a schematic diagram of a nanowire with
mid-span deflected by an AFM tip. Force plot with loading and unloading curves
is obtained from the force mode. An example of such a force plot and the method
of obtaining the deflection at mid-span of the nanowire (v) are shown in Fig. 5.1b.
A reference curve is first obtained by measuring the cantilever deflection over the
Z-piezo displacement on a hard substrate, e.g., silicon wafer. The deflection of the
nanowire (v) is the difference between the loading and the reference curve.

From the AFM image, the length and diameter of the suspended nanowire can
be measured. The Young’s modulus (E) of the nanowire is calculated using beam
bending theory [32] for three-point bending of a clamped—clamped beam loaded by
a midpoint force and is given by

PL?

19200 G-
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Fig. 5.1 (a) Schematic diagram of a nanowire with mid-span deflected by an AFM tip; (b) Plot of
cantilever deflection (D) vs. vertical displacement of the Z-piezo (Z). (Reprinted with permission
from [27]. Copyright [2004], American Institute of Physics)

where P is the maximum force applied, L is the suspended length, v is the deflection
of the beam at mid-span, and / is the second moment of area of the beam. The
maximum force can be calculated as P = k;D,.x, Where k; is the AFM cantilever
spring constant and Dy, is the maximum deflection of the cantilever.

The uncertainties involved in the typical three-point bend technique are the un-
determined boundary conditions in some cases, the positioning of AFM tip over
the exact mid-span of the nanowire, and the accuracy of the length measurement.
For instance, the boundaries are always assumed to be clamped at the edge of the
trench regardless of whether the two ends of the suspended nanowires are fixed or
not. When the fixed ends are not secured well, this assumption may greatly influ-
ence the results. Steps to overcome these uncertainties have been published in recent
papers [29-31].

Mai [30] presented a method of fitting the force—deflection curves along the en-
tire length of a suspended nanowire under different loading forces, which determine
if the measured data are best fitted by the clamped—clamped beam model with the
following deflection equation

Fa*(L—a)?
- 52
3EIL (>.2a)
or the free—free beam model with the following deflection equation
Fa*(L—a)?
= 5.2b
3EIL ( )

where F is a concentrated load applied at point ¢ away from one of the ends and L is
the suspended length. This method improves the accuracy of locating the midpoint
of the suspended beam, and thus greatly increases the precision and reliability of the
measurements.
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Xiong et al. [31] proposed a similar approach to the one above. It is worth
noting that they have developed a fabrication protocol involving photolithography
and subsequent XeF, etching to produce trenches on the portion of the Si sub-
strate located underneath the nanofilaments. The merits of this method are the well-
clamped ends of the suspended nanofilaments as well as certainty of the length of
the nanofilaments.

5.2.2 Lateral Force Microscopy

Wong et al. [33] first reported the utilization of LFM to determine the Young’s mod-
ulus (E) of SiC nanorods and multiwalled CNTs. Song et al. [34] also used LFM to
measure the elastic modulus of vertically aligned ZnO nanowires.

In the study by Wong et al. [33], the SiC nanorods were dispersed randomly on a
flat surface and then pinned to a single-crystal MoS, substrate by the deposition of
a regular array of square pads. The AFM was used to directly measure lateral force
and deflection characteristics at varying distances from the pinning point (Fig. 5.2a).

In the LFM measurement of vertically aligned ZnO nanowires, the specimen is
in the form of nanowire array with relatively low density or shorter length so that
the AFM tip can exclusively reach one nanowire and the growth substrate without
touching another nanowire [34]. In AFM contact mode, when the tip comes into
contact with the nanowire, the cantilever is twisted and a rapid change in lateral
signal is detected by the photodetector (Fig.5.2b). At the largest bending position,
the scanner retracts to the highest position and the lateral signal reaches the maxi-
mum value. The lateral force is measured from the torsion of the cantilever. From
the experimental point of view, the maximum lateral force and the corresponding
deflection of the nanowire can be obtained from the lateral force image and the

TYT1YT

L.

Tip

- —

N Lateral force J J ﬂ
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Fig. 5.2 Schematic of beam bending with AFM tip, (a) SiC nanorod (From [33]. Reprinted with
permission from AAAS) (b) ZnO nanowires (Reprinted with permission from [34]. Copyright
(2005) American Chemical Society). Before the AFM tip contacts the nanowire, the lateral force,
as indicated by the trace at the bottom, is constant. When the tip bends the nanowire, there is a
corresponding linear increase in the lateral force with deflection. After the tip has passed over
the beam, the lateral force drops to its initial value, and the beam snaps back to its undeflected
equilibrium position
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topography image, respectively. The length of the nanowire can be derived from the
vertical and lateral displacements, & and d, of the AFM image at which the lateral
force reaches its maximum. The bending displacement of the nanowire (x,,) and the
length of a nanowire (L) are given by [34]

Xy =d— htanf (5.3a)

and
L~y /h2+x2, (5.3b)

respectively, where 20 is the apex angle of the AFM tip.

The elastic modulus of individual nanowire is derived from the relationship be-
tween maximum lateral force and maximum bending distance of cantilever beam,
which is

f=3EI % (5.4)
X

where f is the bending force and y is the deflection at x distance away from the
clamped end.

Wu et al. [35] and Heidelberg et al. [36] reported a LFM-based method that
unambiguously measures the full spectrum of mechanical properties ranging
from Young’s modulus, E, to yield strength, plastic deformation and failure. The
nanowire under investigation is suspended over a trench in the substrate and fixed
by Pt deposits at the trench edges using electron-beam-induced deposition (EBID)
method (refer to Fig.5.3). During the manipulation, the lateral and normal can-
tilever deflection signals are simultaneously recorded and the corresponding force—
displacement (F—d) trace was recorded. From the linear-elastic part of the F—d
curves, the Young’s modulus £ can be determined by the elastic beam-bending
theory (refer to (5.2a)).

Heidelberg et al. [36] provided a complete description of the elastic properties
in a double-clamped beam configuration over the entire deformation behavior for a

11
I 1 Lateral force signal

i
-

Photodiode

.. '.

Fig. 5.3 Schematic of a fixed wire in a lateral bending test with an AFM tip. (Reprinted by per-
mission from Macmillan Publishers Ltd: Nature Materials [35], copyright (2005))
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variety of wires. They presented a simple closed form solution by using the govern-
ing beam equation including the effects of axial forces which is given by
d*w d*w

EI@ —T@ :FcemerS(x—L/2) (55)

where w is the deflection of the beam, x is the spatial coordinate along the beam
length, T is the tension along the beam, and § is the Dirac delta function. With
this model, it is possible to perform a comprehensive analysis of linear or nonlinear
F—d curves. This enables the derivation of linear material constants such as the £
as well as the description of the entire deformation behavior from the elastic range
to fracture. Hence the yield points for distinctively different systems such as Si and
Au nanowires can be identified. As this model allows the yield point to be identified
in nanowire systems, it facilitates studies of the evolution of nanowire mechanical
properties during work hardening and annealing.

5.3 Nanoindentation

Nanoindentation is a promising approach that does not require clamping of
nanowires but instead involves direct indentation of nanomaterials [37-39]. Tan
and Lim proposed nanoindentation route to study the mechanical properties of
polymeric nanofibers by an AFM tip [40]. One shortcoming of this technique is
the AFM tip cannot be perpendicular to the sample surface, thereby causing slip
and friction between the AFM tip and the sample surface during indentation. This
is due to the angle of approximately 10° that the cantilever makes with respect to
the horizontal. The slip friction force makes it impossible for the AFM to measure
the indentation load and displacement accurately at the nanoscale. In addition, high
indentation loads cannot be reached because of the limitations of AFM cantilever
stiffness. The combination of an AFM system and a nanoindenter was used to
image a single silver nanowire [37] and then indent the wire with precise placement
of the indenter tip on the wire. After the indentation, the same indenter tip was
used to image the indentation impression on the wire. The nanoindenter moni-
tors and records the load and displacement of the three-sided pyramidal diamond
(Berkovich) indenter during indentation with a force resolution of about 1 nN and a
displacement resolution of about 0.2 nm. Figure 5.4 shows the AFM images of the
indents on a silver wire and a representative load—displacement curve. The hardness
and elastic modulus were calculated from the load—displacement data obtained by
nanoindentation.

Nanoindentation hardness is defined as the indentation load divided by the pro-
jected contact area of the indentation. It is the mean pressure that a material will
support under load. From the load—displacement curve, hardness (H) can be ob-
tained at the peak load and is given by

P max

H =
A

(5.6)
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Fig. 5.4 (a) AFM images of indents on a silver nanowire; (b) a representative nanoindenta-
tion load—displacement curve. (Reprinted with permission from [37]. Copyright (2003) American
Chemical Society)

where Py is the peak load and A is the projected contact area. The nanoindentation
elastic modulus was calculated using the Oliver—Pharr data analysis procedure [41]
by fitting the unloading curve with a power-law relation. The unloading stiffness
can be obtained from the slope of the initial portion of the unloading curve S =
dP/dh, where h is the displacement. On the basis of relationships developed by
Sneddon [42] for the indentation of an elastic half space by any punch that can be
described as a solid of revolution of a smooth function, a geometry-independent
relation involving contact stiffness, contact area, and elastic modulus can be derived

as follows
A
S:ZB\/;E“ 5.7

where f3 is a constant that depends on the geometry of the indenter (§ = 1.034 for
a Berkovich indenter) [43] and E; is the reduced elastic modulus that accounts for
the fact that elastic deformation occurs in both the sample and the indenter. E; is
given by ,

I 1=-vZ 1-v

E-E + E (5.8)
where E and v are the elastic modulus and Poisson’s ratio for the sample and E;
and v; are the same quantities for the indenter, respectively. For diamond, E; =
1,141 GPa and v; = 0.07 [41].

The above analysis is based on the standard Oliver—Pharr method. However, the
Oliver—Pharr method is based on the indentation of a half-space and it might not
be applicable to the indentation of nanowires. Feng et al. [39] presented a model
considering contact between the indenter and the nanowire and contact between the
nanowire and the substrate. The model has been used to analyze the nanoindentation
data for GaN and ZnO nanowires. They found that the Oliver—Pharr hardness may
be the rough lower bound of the hardness.
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5.4 Mechanical Resonance

Mechanical resonance method was first used to obtain the Young’s modulus of CNT
in a TEM [44]. Subsequently, the mechanical resonance method was developed to
test the Young’s modulus of nanowires inside a SEM [45, 46] or under an optical
microscope by mechanical or electrical field excitation [47]. Mechanical resonance
can be induced in a nanowire when the frequency of the applied periodic force ap-
proaches the resonance frequency of the nanowire [48]. This can be done by apply-
ing a DC and AC voltage between a sharp tip and the nanowire (refer to Fig. 5.5a)
or directly on a piezo bimorph actuator (refer to Fig. 5.5b) and tuning the frequency
of the AC voltage.

The relationship between the frequencies and the Young’s modulus is derived
from the vibration equation of a cantilever

B: |EI
2nL2\| pA’

Jn = (5.9

where the subscript n represents the nth resonant vibration of a cantilever, f is
the resonant frequency, p, A, and L are density, cross-sectional area, and length
of the nanowire, respectively. f3, is the eigenvalue from the characteristic equation:
cos Buycosh B, +1=10. By = 1.875, B1 = 4.694, B, = 7.855, B3 = 10.996 corre-
spond to the first four resonance modes for any cantilever beam. Equation (5.9) can
be simply expressed as

_ BD f - £ = SE
Z  8mL? " 47tL2 3p " 47CL2 6p

Counter Electrode Conductive AFM Cantilever
(TEM grid) Nanowires

Piezo Multilayer Bender X-Y Stage

)
J;_ Vi Va
-

AFM Cantilever

| Piezo Multifayer Bender

Fig. 5.5 Schematic of the experimental setup of the electromechanical resonance method with
excitation coming from (a) an electrical field and (b) a piezobimorph actuator. (Reprinted with
permission from [50]. Copyright [2006], Elsevier)
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for a circular cross section with diameter D, a square or rectangular sections with
width a, and a hexagon section with side width a, respectively. If the geometri-
cal parameters are known, the Young’s modulus can be calculated from the above
equations.

5.5 Tensile and Compression/Buckling Tests

Uniaxial tensile loading has been used to measure the fracture strength of nan-
otubes [50] and nanofibers [51,52]. In typical tensile tests, a specimen is stretched
continuously until it fractures. The elongation of the specimen and the applied load
are recorded during the tensile loading process. With the knowledge of the specimen
geometry, the Young’s modulus, tensile strength, and other tensile properties such
as fracture strength and failure strain of the material can be determined.

Ding et al. [49] performed tensile test on boron nanowires by clamping a boron
nanowire between two AFM cantilever tips under a tensile load inside a SEM. The
stress—strain relationship of a boron nanowire under tension, Young’s modulus and
fracture strength are obtained. The fracture strength of the Boron nanowire as a
function of nanowire length and nanowire diameter was also given. During a typical
tensile test, an individual B nanowire was picked up from the source and clamped to
two opposing AFM tips. The clamps were formed using the EBID method [53]. The
soft cantilever was then gradually moved away from the rigid cantilever by actuating
the piezoelectric bender with a DC voltage. A continuously increasing tensile load
was applied to the nanowire until it fractured. Through image analysis of a series
of SEM images taken during the tensile loading process, the tensile load or strain
during the test is obtained and analyzed.

By reversing the loading direction, postbuckling experiments on WS, nanotubes
were performed in a SEM equipped with a nanomanipulation system [54]. In this
experiment a WS, nanotube was attached to an AFM cantilever (force constant of
0.05N m~!) within the environmental SEM. A mirror-polished silicon wafer was
pushed against the mounted nanotube. The nanotube was imaged after each move-
ment and subsequently digitized and analyzed. The postbuckling behavior of the
WS, nanotubes was studied by applying the elastic theory, which describes large
deflections of buckled bars [55]. According to the theory, the large displacement co-
ordinates can be described at any point (x, y) and length (s) along the nanotube for a
thin bar with stiffness EI (where E is the Young’s modulus and 7 is the geometrical
moment of inertia) under axial force P at the free end (refer to Fig. 5.6).

In the analysis, only the expression for the y coordinate was used: [54]

[EI ¢ sinfdo
=4/ —= . 5.10
Y 4P/o -2 a2 ( )
sin“o/2 —sin” 6 /2

Young’s modulus was calculated according to (5.10) at each y point of the nano-
tube’s curve.
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Kaplan-Ashiri et al. [56] measured the Young’s modulus of WS> nanotubes ex-
perimentally using the buckling force as observed in the AFM. First, an individual
nanotube was attached to a commercial AFM cantilever. A micromanipulator sys-
tem within the high-resolution SEM chamber was used to attach a single nanotube
to the tip of an AFM probe using an adhesive. The mounted nanotubes were limited
to 1-3um in length to maintain their stiffness and reduce unwanted bending. The
cantilever was then placed in an AFM. The force constant of the cantilever was esti-
mated from the plane-view dimensions and free resonant frequency. Subsequently,
the WS, nanotube tip was pushed against the surface, thus applying a controlled
and measurable force. The buckling is seen as a discontinuity in the force curve.
The force F at the buckling point can be calculated from the force constant of the
cantilever and the cantilever deflection at which this took place. The Young’s mod-
ulus was determined from Euler’s force equation and is given by

F=nt— .11

where E is the Young’s modulus, / is the geometric moment of inertia of the cross
section of the nanotube, and L is the length of the nanotube.

5.6 Resonant Contact Atomic Force Microscopy

Resonant contact atomic force microscopy has been used to quantitatively measure
the elastic modulus of polymer nanotubes [57] and silver and lead nanowires [58].
The samples were prepared by filtering suspensions of nanotubes or nanowires
through poly(ethylene terephthalate) (PET) membranes. These membranes served
as supports for the AFM measurements. The pore diameter of the PET membrane
was chosen in order to minimize shear deformations.

An oscillating electric field is applied between the sample holder and the micro-
scope head to excite the oscillation of the AFM cantilever in contact with suspended
nanotubes/nanowires. The measured resonant frequency of this system is shifted
to higher values with respect to the resonant frequency of the free cantilever (see
Fig.5.7a). It is experimentally demonstrated that the system can simply be modeled
by a cantilever with the tip in contact with two springs (see Fig.5.7b). These two
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Fig. 5.7 (a) Typical resonance spectrum measured for a cantilever in contact with a nanotube (loga-
rithmic ordinate axis). (b) Schematic representation of a cantilever resting on a suspended nanotube
and of the equivalent mechanical model. (Reprinted with permission from [57]. Copyright [2003],
American Institute of Physics)

springs represent the vertical and lateral stiffness associated with the deformation of
the nanotube/nanowire in both directions.

The first two flexural vibration modes of the triangular Si3N, cantilever in con-
tact with two springs at the tip position are calculated using the Rayleigh—Ritz ap-
proximation. By fitting the experimental result to the calculated frequency shift, the
spring stiffness can be determined. The tensile elastic modulus is then simply deter-
mined by using the classical theory of beam deflection.

5.7 Sample Preparation

From the experimental point of view, proper sample preparation is vital for suc-
cessful nanomechanical characterization of 1D nanostructures. Nanomechanical
characterization of single nanowires can only be performed on isolated nanowires
of sufficient length for characterization, and with one or both ends fixed to a sub-
strate or loading device. In Sect. 5.2.1, two such methods of single-nanowire sample
preparation have been mentioned: photolithography with subsequent XeF, etching
and random dispersion method for bend tests. Techniques that promote large-scale
production of isolated, nonoverlapping nanowires with minimized direct manipula-
tion will aid in the mechanical characterization process. Such unique sample prepa-
ration techniques [25] are briefly introduced in this section.

DC and AC/DC electric fields were used for the alignment of nanowires [59] and
nanotubes [60] by utilizing the dielectrophoresis effect. Well-fabricated, electrically
isolated electrodes are typically used to produce electric field gradients in the gap
between them. Individual nanostructures are then aligned across the electrodes. This
facilitates the mechanical characterization process as the resulting nanostructures
are isolated and thus easily manipulated.

Self-assembly is a method of fabricating nanostructures where stable bonds are
formed between organic or inorganic molecules and substrates. Rao et al. [61]
demonstrated such an approach for large-scale assembly of carbon nanotubes.
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Instead of manipulating and aligning nanostructures after their synthesis, di-
rect growth is a very promising method to prepare specimens for nanomechanical
characterization without direct manipulation. It does not involve any nanowelding
steps like EBID [50] or clamped steps by FIB deposition, which introduce foreign
materials onto the surface of nanostructures. Kong et al. [62] reported the synthesis
of individual single-walled CNTs on patterned silicon wafers and He et al. [63] suc-
ceeded in producing direct growth of Si nanowires between two preexisting single-
crystal Si microelectrodes.

5.8 Conclusions

In summary, different methods for the nanomechanical characterization of 1D
nanostructures have been presented. Among them, three-point bend test and me-
chanical resonance method present the most convenient way to conduct such tests.
Nanoindentation may be a good choice for very short structures where the influ-
ence and effects of shear may be significant when using the other methods. Ten-
sile method has the full capacity for the measurement of elastic modulus, tensile
strength, and yield strength. A summary of the different methods and types of ma-
terials tested is listed in Table 5.2.

Table 5.2 Summary of nanomechanical characterization methods for ID nanostructures

Methods Mechanical properties Materials References
Three-point bend test Elastic modulus ZnO nanobelts [30,38]
Silver nanowires [29,64]
SiO; nanowires [28]
GaN nanowires [65]
Silicon nanowire [66]
Lateral force bend test  Elastic modulus; Bend SiC nanorods [33]
strength ZnO nanowires/nanorods [34]
Gold nanowires [35]
Nanoindentation Elastic modulus; Silver nanowires [37]
Hardness 7ZnO nanobelts/nanowires [38,39]
GaN nanowires [39]
7ZnS nanobelts [67]
Tensile test Elastic modulus; Tensile Boron nanowires [49]
strength; Yield strength WS, nanotubes [54]
Compression/buckling  Elastic modulus ‘WS> nanotubes [54,56]
Mechanical resonance  Elastic modulus SiO, nanowires [28,46]
B-Ga, O3 nanowires [68]
ZnO nanowires [19,69]
Boron nanowires [49,70]
‘WOj3 nanowires [71]
Si0; /SiC nanowires [72]
Resonant contact AFM  Elastic modulus Silver and lead nanowires [58]

test
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By using mechanical resonance or three-point bend tests, the size effect of
nanowires on the mechanical properties can be observed. The Young’s modu-
lus of silver [64], ZnO [19], and WOs3 [71] nanowires increases as diameter de-
creases, whereas that of GaN nanowires [73] decreases as diameter decreases.
The above two phenomena were explained by the surface effect (the lower defect
density in nanowires with smaller diameter) and the geometry, respectively. Be-
sides the surface effects and the geometry, the boundary conditions [29, 49, 74],
thermal effect under SEM, and residual strain due to fabrication may also play
an important role in affecting the mechanical properties measured. Overall, it is
still a challenge to quantify the modulus with size effect and to standardize the
procedures.

The influence of other factors on the mechanical properties such as effects of
structural configuration and defects, time, temperature, electromechanical coupling,
and loading conditions need to be explored in the near future. The visualization
of initial defect formation or nucleation, propagation, and ultimate failure resulting
from defects is also a challenge for further studies.
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Chapter 6
Deformation Behavior of Nanoporous Metals

Juergen Biener, Andrea M. Hodge, and Alex V. Hamza

6.1 Introduction

Nanoporous open-cell foams are a rapidly growing class of high-porosity materials
(porosity = 70%). The research in this field is driven by the desire to create func-
tional materials with unique physical, chemical, and mechanical properties where
the material properties emerge from both morphology and the material itself. An
example is the development of nanoporous metallic materials for photonic and plas-
monic applications which has recently attracted much interest. The general strategy
is to take advantage of various size effects to introduce novel properties. These size
effects arise from confinement of the material by pores and ligaments, and can range
from electromagnetic resonances [1] to length scale effects in plasticity [2,3].

In this chapter, we focus on the mechanical properties of low-density nanoporous
metals and how these properties are affected by length scale effects and bonding
characteristics. A thorough understanding of the mechanical behavior will open the
door to further improve and fine-tune the mechanical properties of these sometimes
very delicate materials, and thus will be crucial for integrating nanoporous metals
into products. Cellular solids with pore sizes above 1um have been the subject of
intense research for many years, and various scaling relations describing the me-
chanical properties have been developed [4]. In general, it has been found that the
most important parameter in controlling their mechanical properties is the relative
density, i.e., the density of the foam divided by that of solid from which the foam
is made. Other factors include the mechanical properties of the solid material and
the foam morphology such as ligament shape and connectivity. The characteristic
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internal length scale of the structure as determined by pores and ligaments, on the
other hand, usually has only little effect on the mechanical properties. This changes
at the submicron length scale where the surface-to-volume ratio becomes large and
the effect of free surfaces can no longer be neglected. As the material becomes more
and more constraint by the presence of free surfaces, length scale effects on plastic-
ity become more and more important and bulk properties can no longer be used to
describe the material properties. Even, the elastic properties may be affected as the
reduced coordination of surface atoms and the concomitant redistribution of elec-
trons may soften or stiffen the material. If, and to what extent, such length scale
effects control the mechanical behavior of nanoporous materials depends strongly
on the material and the characteristic length scale associated with its plastic defor-
mation. For example, ductile materials such as metals which deform via dislocation-
mediated processes can be expected to exhibit pronounced length scale effects in the
submicron regime, where free surfaces start to constrain efficient dislocation multi-
plication.

In this chapter, we limit our discussion to our own area of expertise which is
the mechanical behavior of nanoporous open-cell gold foams as a typical example
of nanoporous metal foams. Throughout this chapter, we review our current under-
standing of the mechanical properties of nanoporous open-cell foams including both
experimental and theoretical studies.

6.2 Processing Techniques

Nanoporous metal foams have been made in various shapes such as nanowires
[5, 6], thin films [7,8], and macroscopic 3D samples [8,9]. Their morphology ranges
from disordered three-dimensional network structures (sponge-like morphology) to
well-defined periodic thin film structures with excellent long-range order, which are
mostly used for photonic applications. This section provides a short review of the
synthesis of nonperiodic nanoporous metal foams, which can be prepared in the
form of very uniform millimeter-sized 3D objects. A typical example of the sponge-
like open-cell foam morphology of np-Au is shown in Fig. 6.1a.

Synthesis techniques include top-down (dealloying) and bottom-up strategies
(filter casting and templating) as well as combinations thereof. Many of these tech-
niques have been developed or further refined at Lawrence Livermore National
Laboratory with the ultimate goal to design a new class of three-dimensional
nanoporous metals for high-energy-density laser experiments. This application
requires the fabrication of millimeter-sized, defect-free monolithic samples of
nanoporous materials with well-defined pore size distributions (including hierar-
chical porosities) and adjustable densities down to a few atomic percent. Yet, the
material has to be mechanical robust enough to be machined. An example of such a
laser target is shown in Fig. 6.1b.
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Fig. 6.1 (a) Focused ion beam nanotomography (FIB-nt) image showing the 3D structure of
nanoporous Au. This state-of-the-art FIB-nt image was collected by L. Holzer, Ph. Gasser, and
B. Miinch from EMPA, Switzerland. The resolution of 2 x 3 x 6nm presents the current record
of the FIB-nt method and allows one to determine microstructural parameters responsible for me-
chanical size effects of nanoporous materials. (b) Machined ultralow-density Au foam target for
high-energy-density laser experiments. The picture was provided by courtesy of C. Akaba, LLNL

6.2.1 Dealloying

Dealloying is by far the most often applied method to generate macroscopic 3D
as well as 2D (thin film) and 1D (nanowire) samples of low-density nanoporous
metal foams for nanomechanical testing. In metallurgy, dealloying is defined as se-
lective corrosion (removal) of the less noble constituent from an alloy, usually via
dissolving this component in a corrosive environment [10, 11]. In the case of binary
solid-solution alloys with a narrow compositional range around A 7Bg 3 (where A
is the less noble alloy constituent), this process can lead to spontaneous pattern
formation, i.e., development of a three-dimensional bicontinuous nanoporous struc-
ture while maintaining the original shape of the alloy sample. The material can be
very uniform, even on a macroscopic length scale, and typically exhibits a specific
surface area in the order of a few m? g~! [12]. The best-studied example is the for-
mation of nanoporous gold (np-Au) via selective removal of Ag from a Ag—Au al-
loy [7,8, 11], but other alloys such as AuAl, (np-Au) [13], MnCu (np-Cu) [14], and
CuPt (np-Pt) [15] have also been successfully dealloyed. The process can be eas-
ily extended to two-dimensional thin film samples by using commercially available
white-gold leaves with a thickness of a few hundred nanometers [7] or thin sputter-
deposited alloy films [16,17]. Even, one-dimensional structures such as nanoporous
Au nanowires can be fabricated by using a combination of electrochemical tem-
plating and dealloying [5]. The characteristic sponge-like open-cell foam morphol-
ogy of np-Au is illustrated by the focused ion beam nanotomography image shown
in Fig. 6.1a.
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Fig. 6.2 Cross-sectional SEM micrographs of as-prepared (ap) and annealed np-Au: 300, 500, and
700°C. Note the self-similarity of the structure while increasing the feature size by more than a
factor of 30. The relative density of the materials remains constant at approximately 30%

Nanoporous Au is ideally suited to study length scale effects in nanoporous
metal foams due to its unique annealing behavior: the length scale of both pores
and ligaments can be easily adjusted by a simple thermal treatment in ambient
over a wide range from 3nm to the micron length scale [18-20]. Most notably,
the material rearrangement during annealing does not affect the relative density
or relative geometry of the material (ligament connectivity or ligament, pore, and
sample shape) [18,21]. An example of such an annealing experiment is shown
in Fig. 6.2.

The dealloying technique can also be used to introduce even more complicated
morphologies such as hierarchical porosities. For example, bimodal pore size dis-
tributions can be realized by using a three-step dealloying/annealing/dealloying
strategy where a micron-scale ligament structure is first generated by dealloying
followed by annealing, and nanoscale porosity is finally reintroduced into the lig-
aments by a second dealloying step. This approach either requires the use of a
ternary alloy as starting material or relies on metal deposition after the first deal-
loying/annealing step [22]. For example, we have used ternary Cu—Ag—Au alloys
to prepare low-density (~10 at.% relative density) nanoporous Au samples with a
bimodal pore size distribution. However, preparation of the appropriate homoge-
neous single phase ternary alloy is challenging and limits the applicability of this
approach.

6.2.2 Bottom-Up Approaches

Although the bottom-up approach to nanostructured metal foams is very versatile
regarding the range of accessible densities and morphologies, very little is known
about the mechanical properties of the resulting materials. The technique usually
involves the use of sacrificial organic materials such as polystyrene (PS) microbeads
as templates to generate a nanostructured porous solid [23,24]. The dimensions of
the template directly determine the length scale of the porosity in the final structure.
The technique also provides a powerful approach to create materials with complex
hierarchical porosities, specifically in combination with dealloying.
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Fig. 6.3 Ultralow-density
metal foam (1gcc™!) pre-
pared from hollow 1-pum
diameter Ago7Au 3 shells.
The SEM micrograph was
provided by courtesy of
G.W. Nyce, LLNL

In the case of Au foams, the synthesis starts with the preparation of large
quantities of Au or Ag—Au coated core—shell particles. These human-made build-
ing blocks are then assembled (casted) into a monolithic porous structure using a
procedure analogous to the slip-casting process of ceramic [25] and metal [24] par-
ticles. Finally, the pure Au foam sample is obtained by removing the PS template by
a simple heat treatment (Fig. 6.3). If Ag—Au coated core—shell particles were used
as a starting material, one can easily introduce hierarchical porosities by adding a
dealloying step. The technique outlined above has been successfully used to fabri-
cate millimeter-sized, defect-free monolithic samples of nanoporous Au with well-
defined pore size distributions and densities down to a few atomic percent (see for
example the laser target shown in Fig. 6.1b).

6.3 Deformation Behavior

6.3.1 Macroporous Foams

Before going into further details on the deformation behavior of nanoporous foams,
it is beneficial to cover the basics of foam mechanics. To keep this discussion short,
we will only address the deformation behavior of open-cell foams. A complete dis-
cussion can be found in “Cellular Solids” by Gibson and Ashby [4].

Our knowledge on foam mechanics comes almost exclusively from the study of
macroporous foams with cell sizes exceeding 1 um. As stated in the introduction,
the behavior of such materials is governed by the properties of the base material
and the porosity, or more specifically, the relative density (p*/ps), which is defined
as the density of the foam (p*) divided by the density of the material it is made of
(ps). A variety of scaling relations have been developed to predict and describe the
properties of cellular solids using these two parameters. For example, by compiling
experimental data collected from a wide variety of open-cell foams, it can be shown
that the yield strength (o) and the Young’s modulus (E) of open-cell foams can be
described by the following scaling relations:
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o* =Cy04(p"/p,)*? (6.1)
E* =CE(p*/p,)°, (6.2)

where * refers to the foam properties and s refers to the bulk properties, and C; = 1
and C, = 0.3 are fitting constants. It is important to note that these scaling relations
contain no explicit length scale dependence and assume that the material properties
of the ligaments such as the yield strength and the Young’s modulus are size inde-
pendent and equal to the bulk value. As will be discussed below, this assumption is
no longer valid for metal foams with submicron features.

Experimentally, the mechanical behavior of foams is typically studied in com-
pression; however, tensile testing has been used as well [26,27]. In the case of a
uniaxial compression test, the typical stress—strain deformation curve for an elastic—
plastic foam will be composed of a linear elastic regime followed by a collapse
plateau followed by a densification regime (Fig. 6.4).

Indentation is another frequently used technique to assess hardness and yield
strength data of cellular solids [28-32]. In the case of low-density foams (p*/ps <
0.3), it is generally assumed that the indentation hardness (H) is approximately
equal to the yield strength, H ~ 0Oy, rather than following the H ~ 30y relation-
ship typically observed for fully dense materials [4]. The reason for this is that
the material under the indenter is not constrained by the surrounding material as
it densifies with very little lateral spread (which translates into an effective plastic
Poisson’s ratio ~ 0). The H ~ oy relationship has been validified by a number of
studies and is used throughout this review to assess the yield strength of low-density
metal foams from nanoindentation hardness data. However, it has to be pointed out
that this relationship is only valid for foams with at least 60% porosity and when
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Fig. 6.4 Representative compressive stress—strain behavior of a metal foam showing regimes of
elastic and plastic deformation until densifications dominate
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issues such as indentation size effects and densification are properly accounted for.
A detailed discussion on this topic can be found in a recent publication [21].

6.3.2 Nanoporous Foams

In the case of nanoporous materials, the majority of studies have relied on nanoin-
dentation as a tool to measure mechanical properties such as yield strength and
Young’s modulus [33-35]. The technique has the advantage of being experimentally
simple and, compared with other techniques, of having relatively low requirements
regarding sample size or defect concentration. Furthermore, nanoindentation can be
easily applied to thin films and irregularly shaped samples as long as the surface
roughness is low. Other experimentally more complex methods are pillar micro-
compression tests [36,37] and film or beam-bending tests [16,35,38,39]. Examples
of nanoindentation and beam deflection tests are shown in Fig. 6.5. In the case of
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Fig. 6.5 Typical examples of nanomechanical tests performed on nanoporous Au. (a) Series of
nanoindentation load—displacement curves using a Berkovich tip (leff) and a SEM micrograph
showing a typical residual impression of such a test (right). This specific test was performed on
nanoporous Au with a relative density of 0.25 and an average ligament width of 30 nm, and reveals
a yield strength of 53 MPa. (b) Load—displacement curve of a deflective tensile test performed on
microfabricated dog-bone samples (leff). Curve fitting to nonlinear beam theory reveals an elastic
modulus of ~9 GPa (relative density ~0.35, ligament width 2040 nm). SEM micrograph of a dog-
bone sample for deflective tensile tests (right). The tensile test data were provided by courtesy of
J.W. Kysar, Columbia University, New York



128 J. Biener et al.

nanoindentation, the yield strength is typically obtained by assuming that oy ~ H as
discussed above. Given that more studies have addressed the yield strength, we will
start with a discussion of the yield strength data, followed by a short review on the
elastic properties of nanoporous Au.

6.3.2.1 Strength and Modulus

Nanoporous Au has been the preferred material in the majority of studies in this
field [21,33-36,40]. As outlined above, the material is ideally suited to study length
scale effects on plasticity in nanoporous metal foams as the pore size is experimen-
tally simple to control, for example by annealing. Another material system studied
is nanoporous Cu [14]. The two most often reported properties are yield strength
and elastic modulus, and the reported values for these properties range from 15 to
240 MPa and 7 to 40 GPa, respectively (Fig. 6.6). Surprisingly, and despite its high
porosity, nanoporous Au (240 MPa) can be stronger than bulk Au (200 MPa for
severely worked Au single crystals). It is instructive to compare these values with
the predictions made by the Gibson and Ashby scaling relations. One can calcu-
late the yield strength and the Young’s modulus of nanoporous Au as a function of
relative density using (6.1) and (6.2), and the bulk properties of Au as input. The
yield strength of bulk Au is very dependent on the sample history, and values as low
as 2 MPa for well annealed and as high as ~200 MPa for severely worked single
crystals have been reported (see for example [41] and references wherein). To be
conservative, we will use the high-end value of ~200 MPa and the average value of
the elastic modulus ~80 GPa [42]. Assuming that the relative densities range from
25 to 42%, (6.1) and (6.2) then predict yield strength values from 7.5 to 16 MPa
and elastic modulus values from 5 to 14 GPa (see solid lines in Fig. 6.6). Clearly,
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Fig. 6.6 Calculated (lines) and experimental (symbols) yield strength (a) and Young’s modulus (b)
data of nanoporous Au, plotted as a function of the relative density of the material. For compar-
ison, the yield strength and the Young’s modulus of fully dense Au are ~200 MPa and 80 GPa,
respectively. Note that np-Au can be stronger than bulk Au despite its high porosity
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the experimental data do not follow the prediction made by the scaling relations:
specifically, the yield strength data are higher than predicted, sometimes by more
than an order of magnitude. The Young’s modulus seems to be better described by
the scaling equations, but the data are still very scattered. Furthermore, one can
observe length scale effects not predicted by the Gibson and Ashby scaling rela-
tions. For example, the yield strength of nanoporous Au with relative density of
30% increases from ~15 to ~100 MPa as the ligament size decreases from 900 to
40nm [21]. In conclusion, only for the largest ligaments, a reasonable agreement
between experiment and theory is observed.

To compile data obtained from samples with different relative densities and check
for length scale effects, it is instructive to use (6.1) and (6.2) to calculate the me-
chanical properties of the ligament material and plot the result as a function of the
ligament size. The result of such a data compilation is shown in Fig. 6.7. Figure 6.7a
reveals that the calculated strength of the ligament material increases with decreas-
ing feature size, independent of the test method. This is in contrast to previous stud-
ies on macrocellular foams, which found that for a given porosity the cell size had
a minimal effect in the mechanical behavior [43, 44]. Clearly, this is not true for
nanoporous foams. In contrast, as revealed by Fig. 6.7a, the majority of studies on
nanoporous Au observed that the yield strength of the ligaments in nanoporous Au
approaches the theoretical shear stress G/27 of Au (~4.3 GPa) as the ligament size
decreases to the 10-nm length scale.

The high yield strength of the ligaments of np-Au is consistent with recent
nanomechanical measurements performed on submicron Au columns [41, 45, 46]
and nanowires [47]. Both of these test specimens closely resemble the ligaments in
foams and mechanical tests reveal the general trend that “smaller is stronger.” For
example, Greer and Nix [45, 46] reported that the yield strength of submicron Au
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Fig. 6.7 Calculated ligament yield strength (a) and modulus (b) as a function of ligament diameter.
Included are data obtained by nanoindentation [21,33,35,37], microcompression [36,37,41], beam
bending [16, 35, 38], thin film buckling [40], nanowire bending [47], and MD [48, 49] tests. For
comparison, the theoretical shear stress of Au is ~4.3 GPa and the Young’s modulus ranges from
42 to 116 GPa depending on crystal orientation
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columns fabricated by focused ion beam micromachining approaches the theoretical
yield strength of Au as the column diameter decreases to a few hundred nanometer.
Specifically, the yield strength data reported by Volkert and Lilleodden [41] are in
excellent agreement with the size dependence observed for nanoporous Au: the yield
strength of submicron Au columns follows a power law d~", where d is the column
diameter and n is 0.6. Figure 6.7a suggests that this size dependence continues to be
valid down to 10 nm, the smallest ligament size which has been tested so far.

The size dependence of the yield strength observed in column microcompression
tests has been explained by “dislocation starvation,” i.e., the absence of efficient,
easy-to-activate dislocation sources in submicron samples due to the presence of
free surfaces. The argument goes along the following line: the smaller the sam-
ple volume (column/ligament), the smaller the dislocation source which can still
be accommodated, the higher the stresses which are required to initiate yield. In
this context, np-Au can be envisioned as a three-dimensional network of defect-
free, ultrahigh-strength Au nanowires [37]. Length scale effects in plasticity can
also be studied theoretically using molecular dynamics (MD) simulations [48,49].
Preliminary MD results show indeed that it is difficult to incorporate stable dislo-
cation sources (such as a Frank-Read source) in nanometer-sized ligaments. These
simulations also reveal that plastic deformation of nanometer-sized Au columns is
still dislocation mediated and that these dislocations nucleate in the vicinity of step
edges on free surfaces at stress levels close to the theoretical strength of the ma-
terial (Fig. 6.8) [49]. Dislocation-mediated plasticity of nanometer-sized ligaments
in nanoporous Au has recently also been observed experimentally using an in situ
transmission electron microscope nanoindentation technique [50].

Additional factors which potentially could contribute to the higher-than-
predicted strength are testing method, densification, and grain size. For example,
nanoindentation hardness and strength data obtained from fully dense materials
show frequently higher values than those obtained by macroscopic tests, which
is commonly attributed to the so-called “indentation size effect.” We discard this
possibility as the strength of nanoporous Au has been tested by a variety of different
testing methods and generally good agreement has been found. Specifically, the
microcompression tests on nanoporous Au performed by Volkert et al. [36] have
shown that the measured strength is independent of the test volume, consistent with
the idea that the size effects in nanoporous Au are dominated by the ligament/pore
dimensions and not by the sample size. Similarly, densification effects can be ruled
out as the increase of strength with decreasing ligament size was observed for a
fixed initial foam density. Finally, the grain structure of the ligaments or the lack
thereof is still a subject of debate and is beyond the scope of this discussion [9].
However, even if we assume that the ligaments develop a nanocrystalline grain
structure during dealloying, this would still not account for the high strength found
experimentally since the yield strength of nanocrystalline Au [51,52] is only four
times higher than that of coarse-grained material.

The elastic properties of nanoporous Au have attracted less interest, and conse-
quently there are fewer data available which, in addition, appear to be more scattered
(Figs. 6.6b and 6.7b). Most studies report Young’s modulus values in the range of
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Fig. 6.8 Mechanical response of nanoscale Au pillars under compressive loading studied by MD.
The displayed data were obtained from a 20 x 40-nm Au pillar compressed at 0 K: (a) compressive
stress—strain curve demonstrating the high yield strength of nanoscale Au ligaments, (b) nucleation
of partial dislocations near the step edges revealing dislocation-mediated plasticity, and (c) final
state after 10% compression. The MD results were provided by courtesy of L.A. Zepeda-Ruiz and
B. Sadigh, LLNL

5-13 GPa consistent with the predictions made by (6.2) if one uses the bulk modu-
lus of Au (~80 GPa) and relative densities ranging from 0.25 to 0.4. An exception
to this is the recent study by Mathur and Erlebacher [40] who reported a fourfold
increase in the Young’s modulus, from ~10 to ~40 GPa, as the ligament diameter
decreases, from >12 to 3 nm. The narrow range of most of the available data seems
to indicate that there are little or no size effects in the elastic properties. In principle,
the high surface-to-volume ratio of the nanoscale ligaments in nanoporous Au could
give rise to a size effect in the elastic properties: One can think of the ligaments as
core—shell structures, where the core has bulk-like properties and the shell exhibits
elastic properties reflecting the reduced coordination number of surface atoms [53].
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Depending on the actual electron redistribution caused by reduced coordination, the
surface can become either softer or stiffer. Recent theoretical studies on Cu [54]
showed that the effect of free surfaces on elasticity depends also on crystal orienta-
tion. However, even in the extreme case of a two-layer system, the Young’s modulus
did not change by more than 50%.

Mathur and Erlebacher [40] attributed the increased stiffness of ultrafine nano-
porous Au to a combination of surface stress, density increase during dealloying
due to shrinkage, and a higher bending stiffness of smaller ligaments. However, the
“smaller-is-stiffer” trend could also be caused by an increased level of residual Ag
in sub-10-nm material. The preparation of this ultrafine material requires dealloy-
ing conditions which strongly suppress surface diffusion. Experimentally, this can
be achieved either by using dealloying potentials close to the Au oxidation poten-
tial [55] or by performing the dealloying process at low temperatures [20]. Both
methods have been shown to increase the amount of residual Ag which affects both
the relative density and the elastic properties of the material. Unfortunately, many
studies do not report the residual silver content, thus making the comparison from
study to study more difficult. The effect of residual Ag on the elastic properties of
nanoporous Au has recently been studied by Doucette et al. [56], who found that Ag
doping generally increases the Young’s modulus of nanoporous Au.

As mentioned above, one can think of nanoporous Au as a 3D network of Au
nanowires. Thus, it is instructive to compare the data discussed above with the litera-
ture on Au nanowires. Wu et al. [47] studied mechanical properties of Au nanowires
ranging from 40 to 250 nm in diameter and reported a Young’s modulus of ~70 GPa,
independent of the nanowire diameter and close to the value of bulk gold. Similar
observations, namely a bulk-like behavior, have been reported for submicron Au
columns [41]. The mechanical properties of sub-10-nm Au nanowires and pillars
have been the subject of several molecular dynamics studies. Generally, it was ob-
served that the Young’s modulus is only weakly dependent on the wire/pillar diam-
eter (for wires which do not undergo a phase transformation [53]) and close to the
value of bulk gold [48, 57]. Furthermore, it has been shown that the surface stress
in these ultrahigh surface-to-volume ratio systems mainly affects the strength by
creating a compressive stress state in the wire/pillar core. In conclusion, most data
presently available do not support the idea of a pronounced size effect in the elastic
properties of nanoporous Au.

6.3.2.2 Fracture Behavior

As discussed above, nanoporous Au has unique mechanical properties under com-
pressive loading conditions where it combines high strength with high porosity.
On the other hand, the material is notoriously brittle which severely limits its useful-
ness in terms of applications [18, 58]. Actually, the brittleness of nanoporous Au is
the reason why scientists started to study the mechanical behavior of nanoporous Au
in the first place: Ag—Au alloys were used to study stress corrosion cracking, i.e.,
brittle failure of otherwise ductile materials in a corrosive environment [59-61].



6 Deformation Behavior of Nanoporous Metals 133

These studies demonstrated that the formation of a thin surface layer of nanoporous
gold is responsible for crack initiation and brittle failure of the uncorroded portion
of the sample. Given the fact that Au is the most malleable metal, this brittle behav-
ior is surprising. The questions which immediately arise in this context are: What
causes the macroscopic brittleness of np-Au? Is the normal dislocation-mediated
plasticity suppressed in nanoscale Au ligaments, or is the brittleness simply a con-
sequence of the macroscopic morphology? These are the questions which will be
addressed in the following.

The brittleness generally seems to increase with increasing Ag content of the Ag—
Au master alloy, at least if dealloying is performed under free corrosion conditions:
for example, samples made from Ag;oAus, alloys tend to be fairly robust, whereas
samples made from AggoAu, alloys are generally more fragile. This trend seems
to correlate with shrinkage and the buildup of tensile stress during dealloying which
can induce crack formation [8]. In this context, it is interesting to note that thin films
and nanowires can accommodate this tensile stress better than macroscopic 3D sam-
ples as they are less constraint with regard to shrinkage: for example, nanoporous
Au nanowires have been successfully prepared from AggyAu,;g alloys [5], whereas
a 3D sample prepared from such Ag-rich alloys would typically disintegrate during
dealloying due to extensive cracking. The key to crack-free material is to avoid-
ing dealloying conditions which lead to extensive buildup of tensile stress. Indeed,
fracture-resistant nanoporous Au can be prepared by using dealloying conditions
which promote stress relaxation, i.e., at elevated temperatures and lower dealloying
potentials [55].

As described above, brittle failure of nanoporous Au is observed under tensile
loading conditions. Microstructural characterization of the fracture surfaces reveals
that nanoporous Au fails by a combination of intra- and intergranular fracture modes
[58]: intergranular fracture, where the crack follows the grain structure of the origi-
nal Ag—Au master alloy, reveals itself by the characteristic Rock candy morphology
of the fracture surface, whereas intragranular fracture gives rise to smooth and fea-
tureless regions. On a microscopic level, however, characteristic necking features re-
veal ductile failure due to overloading of individual ligaments. In particular, regions
of intragranular fracture exhibit a high density of disrupted ligaments (Fig. 6.9).
Intergranular fracture surfaces, on the other hand, exhibit a very smooth morphology
with only a few disrupted ligaments. This difference can be explained by the pres-
ence of extended two-dimensional void-like defects, which can be observed along
the original grain boundaries of the master alloy. The formation of these defects can
be explained by Ag enrichment at the grain boundaries, which leads to the devel-
opment of a reduced density material during dealloying. Indeed, Ag surface segre-
gation during annealing has been reported for the Ag—Au system [62]. The fracture
mode described here — brittle on a macroscopic length scale, but microscopically
ductile — is not a unique feature of nanoporous gold, but has recently even been
observed for glass which is the common example for brittle failure [63].

The two-dimensional void-like defects described in the previous paragraph pre-
sumably act as crack nucleation sites due to local stress enhancement (Fig. 6.10).
Ligaments connecting the regions on opposite sides of a defect experience the
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Fig. 6.9 Fracture appearance of nanoporous Au of both intragranular (a) and intergranular regions
(b). The inset shows the same region at higher magnification and reveals the ductile nature of the
fracture
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Fig. 6.10 Crack propagation along 2D defects, which are formed during dealloying along the grain
boundaries of the original Ag—Au alloy. A crack (c) propagates from the right to the left along a
defect. The remnant of a second grain boundary (gb) can be seen in the upper right. Inset: a higher
magnification image of the crack tip (ct) region reveals the void-like character of the 2D defects.
The SEM results were provided by courtesy of A. Wittstock, LLNL
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Fig. 6.11 Both SEM micrographs (left) and MD simulations (right) reveal the ductile failure be-
havior of nanoscale Au ligaments under tensile loading. The Au pillar used in the simulation is
5 x 10nm and snapshots of the configuration were taken at 0, 25, 50, 100, 125, and 150% strain.
The MD results were provided by courtesy of L.A. Zepeda-Ruiz, LLNL

highest stress fields and are the first to fail. Once an unstable crack is formed, the
crack propagates along the 2D defects until intersecting with another 2D defect at
an oblique angle, where the fracture may or may not switch from intergranular to
intragranular (see Fig. 6.9).

The microscopic ductility of nanoporous Au is particularly obvious in the vicinity
of crack tips, where highly strained ligaments still bridging the crack can be found
(Fig.6.11). These ligaments show pronounced necking and their elongation sug-
gests strain values exceeding 100%. This microscopic ductility is also observed in
molecular dynamics simulations on defect-free nanoscale Au columns under tensile
loading (Fig. 6.11). Here, the elongation to failure is in the order of 100%, consistent
with the finding of highly strained ligaments near crack tips. The microscopic duc-
tility is a remarkable result in the context of the macroscopic brittleness of np-Au,
but is consistent with the fact that Au is the most malleable metal. This immediately
raises the question of what causes the macroscopic brittleness of np-Au. A qual-
itative answer can be found by applying a random fuse network model [64, 65]:
according to this model, “brittle” failure can be expected for a sufficiently narrow
ligament-strength distribution, regardless if the ligaments fail microscopically in a
ductile or brittle manner. In the limit of a narrow ligament-strength distribution,
rupture of the weakest ligament initiates the catastrophic failure of the network
structure by overloading adjacent ligaments. The unstable crack then propagates
quickly through the bulk of the material following the path of least resistance. This
explanation is consistent with the narrow pore size/ligament width distribution of
np-Au observed experimentally, which implies uniform failure strength. The overall
strength of a randomly fused network is determined by the largest “critical” de-
fect; i.e., the defect that causes the highest stress concentration at its edge. In the
case of nanoporous Au, the two-dimensional void-like defects formed during deal-
loying along the grain boundaries of the Ag—Au master alloy serve as crack nucle-
ation sites by concentrating the stress on adjacent ligaments. Thus, instead of plastic
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deformation of the whole sample, the failure of a few ligaments triggers the brittle
fracture of the network. This conclusion may be used to improve the mechanical
properties of nanoporous Au by introducing a broader ligament-strength distribu-
tion and by reducing the number and size of defects.

6.4 Summary

In this chapter, we have reviewed the mechanical behavior for nanoporous Au.
In contrast to macroporous foams, the yield strength of nanoporous Au increases
dramatically with decreasing feature size. Consequently, a nanoporous metal foam
can be envisioned as a three-dimensional network of ultrahigh-strength nanowires,
thus bringing together two seemingly conflicting properties: high strength and high
porosity. This highly unusual combination of material properties opens a new door
for engineering applications. The elastic properties, on the other hand, seem to be
much less affected by the nanoscale morphology of the material and can be rea-
sonably well described by the scaling relations derived from macroporous foams.
Currently, the macroscopic brittleness of np-Au presents a major obstacle to ap-
plications. This brittleness seems to arise from the network structure rather than
reflecting a microscopic brittleness, and thus could potentially be overcome, for
example by introducing a broader ligament-strength distribution and by eliminating
two-dimensional defects. As progress is achieved in understanding the mechanics of
nanoporous materials, further research must include different types of nanoporous
metals to develop more general trends.
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Chapter 7

Residual Stress Determination
Using Nanoindentation Technique

Zhi-Hui Xu and Xiaodong Li

7.1 Introduction

Residual stress is defined as the stress that remains in a material without an external
load being applied to the material. It originates from the misfits between regions
and exists widely in the devices and components for various engineering applica-
tions, such as thin films and lines deposited on substrates in microelectronic and
optoelectronic devices and components, surface coatings designed to influence op-
tical, magnetic, thermal, environmental, and tribological performance, and joined
components [49, 67]. The existing residual stress field in these components has a
strong effect on their performance and plays a vital role in their failure behavior.
Thus, determination of residual stress field is very important in both scientific and
technological perspectives.

Various methods have been developed to measure the residual stresses in mate-
rials, such as neutron and X-ray tilt [16], beam bending, hole drilling [12], layer
removal [35], indentation crack [31] and methods using nanoindentation technique.
Among all these methods, the methodologies based on nanoindentation technique
have recently attracted extensive research attentions [1-3, 8, 19,25-27, 39,40, 42—
44,47,50,56,57,62,64-66]. Unlike the other methods, nanoindentation technique
has the capability of deforming materials at a very small scale and allows the deter-
mination of residual stresses to be performed at micro/nanoscale.

The purpose of this chapter is to summarize the recent research efforts on the de-
termination of residual stress using nanoindentation technique. Emphasis is placed
on the influence of residual stress on nanoindentation behavior and the various
methodologies developed on the basis of nanoindentation technique. Discussion on
the limitation of each method has been also given where it is appropriate. Future
research directions have also been pointed out after the summary of state-of-art
nanoindentation technique for residual stress measurement.
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Department of Mechanical Engineering, University of South Carolina, 300 Main Street, Columbia,
SC 29208, USA

xuzhihui @engr.sc.edu, LIXIAO @engr.sc.edu

F. Yang and J.C.M. Li (eds.), Micro and Nano Mechanical Testing of Materials and Devices, 139
doi: 10.1007/978-0-387-78701-5, © Springer Science+Business Media, LLC, 2008



140 Z.-H. Xu, X.D. Li

7.2 Nanoindentation Method

Nanoindentation is a very powerful method for characterizing the mechanical be-
havior of materials at very small length scale [7,30,33,34]. This technique is based
on high-resolution instruments that continuously monitor the load and displacement
of a diamond indenter as it is pushing into and then withdrawing from a material.
The load-displacement data obtained from the indentation process, which is often
referred to as P—h curve of indentation, contain abundant information of material
deformation and can be used to determine different mechanical properties of mate-
rials, such as hardness, elastic modulus, fracture toughness, yield stress, and work
hardening rate [6,9,32,51,52,58,59,63]. A big advantage of nanoindentation test
over conventional hardness test is that the contact area of nanoindentation can be
directly determined from the P—h curve with the known geometry of the indenter.
This feature makes it particularly suitable for measuring the mechanical properties
of materials at small scales where accurate determination of the contact area would
be an extremely difficult task for conventional hardness test.

A typical load-penetration depth curve of nanoindentation usually consists of
two parts, loading and unloading, as shown in Fig.7.1. The loading part normally
includes the elastic-plastic deformation of the material and can be expressed as

P =AW, (7.1)

where P is the indentation load, 4 is the penetration depth measured from surface,
and A is a constant that is dependent on the geometry of the indenter and the me-
chanical properties of the material. The relationship in (7.1) has been confirmed by
the experiments [14, 37], the finite element analyses [10,21], and the dimensional
analysis [4,60] of indentation on elastic-plastic materials.
For a pure elastic indentation, the P—h curve can be described by
P =Bh" (7.2)

el

Loading —m.

Unloading

Load, P

Y

Fig. 7.1 A typical load- < h >
penetration depth curve of a ] max
depth-sensing indentation Penetration Depth, h
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where A is the elastic depth of the indentation, B is a constant that is related to
the elastic properties of materials and the geometry of indenter, and m is a constant,
which equals 1, 1.5, and 2 for a flat cylindrical punch, sphere or parabola of rotation,
and cone, respectively [38]. For indentation on elastic—plastic materials, the unload-
ing part of the P—h curve is mainly elastic. Experiments conducted on a variety of
materials have revealed that the unloading curve is still well-described by (7.2) with
a modification of the surface perturbation [33], that is,

P=B(h—h)", (7.3)

where Ay is the final penetration depth after complete unloading. The value of m
obtained from the indentations of different materials ranges from about 1.2 to 1.5
for Berkovich indentation [33] and equals 2 for Vickers indentation [36].

A crucial step to determine the hardness and elastic modulus of materials from
analysing the load-penetration depth curve of an indentation is the calculation of
the projected contact area of the indentation under peak load. Two things must be
known to calculate the projected contact area. One is the geometry of the indenter,
i.e., the area function, A = f(h), that relates the cross-sectional area of the indenter
to the distance from its tip. This area function can be determined using either direct
methods, such as directly measuring the indents made on soft material with trans-
mission electron microscope [34] or the indenter itself with a scanning force micro-
scope [17], or indirect methods, such as the calibration method suggested by [33].
The other parameter needed for the calculation of the projected contact area is the
contact depth at the peak load. As shown in Fig. 7.2, the contact depth at peak load
is given by

he = hmax — hs, (7.4)

P
Surface profile after
load removal

Indenter

Initial

surface .
€—— a —» e
-

Vf\i o\ Y o

Surface profile
under load

Fig. 7.2 Cross-section of an indentation and the parameters used in the analysis of nanoindenta-
tion [33]
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where /. is the contact depth, /. is the maximum penetration depth, which can
be directly determined from the load-penetration depth curve, and A is the deflec-
tion of the surface at the perimeter of the contact, which is given by Sneddon’s
equation [38]

hy = g% (7.5)

where € is a geometric constant and € = 0.72 for cone, € = 0.75 for paraboloid of
revolution, and € = 1 for flat punch. § is the contact stiffness at the initial unloading
and S = dP/dh, which can be directly obtained by either linear curve fitting of the
top one-third of the unloading data [7] or differentiating (7.3) at hmax [33]. The
contact depth is then given by

P
he = hmax — 8§; (76)
and the projected contact area can be calculated from the relation
Ac= f(hc)' (7.7

With the projected contact area so determined, the hardness of materials can be
calculated using (7.1) and the elastic modulus is determined by

S
£ — VT (7.8)
2 A,
with
1 1=vZ 1-—V?
SR S - (7.9)

E, E; Eq

where E; is the so-called reduced modulus because of a nonrigid indenter, Ej is the
elastic modulus of the indenter, Ej is the elastic modulus of the specimen, v; and v;
are the Poisson’s ratio of the indenter and the specimen, respectively. It should be
noted that (7.8) is based on the solution of Sneddon [38] for the elastic deformation
of an isotropic elastic materials with a flat-ended cylindrical punch and should be
modified with a certain factor when it is applied to analyze the indentation data of
different indenter shapes [15,20,46] and different materials [15,46].

7.3 Determination of Residual Stress with Nanoindentation
Technique

Generally, there are two ways that nanoindentation technique can be used to de-
termine the surface residual stresses. One is by making an indentation in a resid-
ual stress field that generates radial cracks at the corner of the indent. The lengths
of these cracks are sensitive to the magnitude and sign of the residual stress state
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where the indent is made. By measuring the crack lengths of indentations on stressed
surfaces and comparing them with the crack length of indentations on unstressed
surface, the residual stress can be estimated [5, 11, 13, 18, 22-24, 31, 41, 44, 45,
48, 53-56]. Obviously the methods developed by this way can only be applied to
brittle materials like ceramics where cracking usually occurs when the indentation
load is larger than certain threshold value. The other way is based on the influ-
ence of residual stress on the P—h curve of nanoindentation. Residual stresses are
found to have significant effects on the contact area, the loading curve and unload-
ing curve of nanoindentation, which may be used for the determination of residual
stress [1-3,8,19,25-27,39,40,42,43,47,50,57,62,64-66]. All the methods devel-
oped in this way often rely on extensive finite element modeling and can be applied
to various materials and stress states.

7.3.1 Estimation of Residual Stress Using Indentation Fracture
Technique

The indentation fracture technique for measuring residual stress is based on the
classical fracture mechanics [22]. When indentation is made on the surface of a
brittle material with a moderate force, a permanent impression is often formed with
radially oriented cracks at the corner of the indent as shown in Fig. 7.3.

For sharp indenters such as Vickers or Knoop for macro/micro-indentation and
Berkovich or cube corner for nanoindentation, a radial-median and lateral crack
system is often formed during indentation. For the purpose of creating crack,
sharper cube corner is normally preferred as it can easily generate cracks at small

Fig. 7.3 Radial cracks formed at the corner of Vickers indentation
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Fig. 7.4 Radial-median and

lateral crack systems of Vick- B
ers indentation. (a) Top view Surface traces of
showing Vickers indent and Vickers Indent radial-median cracks

surface traces of the radial-
median cracks; (b) Cross-
sectional view showing the A A
plastic deformation zone, the \ /

lateral cracks, and the radial-
median cracks

Lateral Cracks Plastic Zone
\

\

Radial-median cracks
Section A-A

indentation force [28,29,61]. Schematic of the radial-median and lateral crack sys-
tem of Vickers indentation is shown in Fig. 7.4.

When indentation load is low, the radial cracks normally form at the corners of
indent during unloading and maybe not extend deep into materials. These cracks
are also called Palmqvist cracks [13,22]. When indentation load is high enough,
the median cracks nucleate and grow just underneath the plastic zone during load-
ing and are circular in shape at the initial stages. In its fully developed form, the
median crack may extend to the surface of the sample with a final semicircular
shape [24]. In most cases, both the radial and median cracks, which are indistin-
guishable from each other, occur during the indentation process. Lateral cracks also
form underneath the plastic zone and propagate in plane that is parallel with the
indented surface and have a tendency to grow toward the free surface [5,22,41,48].

Using the classic indentation fracture mechanics, the fracture toughness of
elastic—plastic brittle materials can be directly related to the length of radial-median
cracks at the surface. For residual stress free materials at equilibrium, the fracture
toughness K. is given by [22,23]

K. :xp/cg/z, (7.10)

where cq is the crack length without residual stress and ) is a dimensionless con-
stant, which is given by
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Fig. 7.5 Schematic showing 1\
the composite stress intensity
at the crack tip [53] Ke
T g
2F
2T Kq
S5
EE
23
55 S i
[ c "
/ Crack length of
\ Small Indentation

< [ 4 @
Kemgpid? | b K=K oK

x = Eo(cot)?3 (E /H)'?, (7.11)

with &y is dimensionless constant, which depends on the nature of the deforma-
tion, and 0 is the indenter half-angle. For materials with prevailing residual stresses,
composite stress intensity will act at the crack tip (Fig.7.5) and at equilibrium the
fracture toughness is given by [53,54].

Ko =P /P £ yoc'l, (7.12)

where y is dimensionless constant and oy is the residual stress. The first term on the
right hand of (7.12) represents the stress intensity due to indentation load, while the
second term corresponds to the contribution of the residual stress, which is added to
the first term for tensile stresses and subtracted for compressive stresses. Combining
(7.10) and (7.12) and noting that the same peak load is involved in both expressions,
the unknown residual stress can be solved as

1~ (co/e)”
o, =*tK. | ——————
y/c
The state of the residual stresses can be defined by comparing ¢ and cy. A tensile
stress will act to extend the residual stress-free crack (¢ > ¢), while a compressive
stress will shorten it (¢ < cp).

Although the indentation fracture technique has been developed for indentations
on bulk materials at macro/micro-scale, this technique can also be modified for mea-
suring residuals stress at nanoscale [18,44,45] and extended to apply to determine
residual stress in thin films and coatings [11,56]. However, the difficulty in measur-
ing the crack length at nanoscale may severely limit the accuracy of determination
of residual stress using the indentation fracture technique.

(7.13)
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7.3.2 Determination of Residual Stress from Indentation P - h
curve

The indentation P—h curve contains a wealth of information about the deformation
behavior of the test materials. This curve can be used for not only the analysis of
mechanical properties such as elastic modulus, hardness, work-hardening exponent,
and fracture toughness but also the determination of the prevailing residual stress
in materials. Both theoretical and experimental investigations show that residual
stresses have significant effect on the P—h curve and the mechanical properties mea-
sured by nanoindentation [1, 2, 8, 19, 25, 39, 40, 43,47, 50, 57, 62, 64-66]. Several
methodologies have been developed for the determination of the residual stresses
from the indentation P—h curves.

Suresh and Giannakopoulos [39] have developed a general methodology for the
determination of the surface residual stresses by sharp instrumented indentation.
Their method is based on the indentation contact area difference between a residual
stress-free material and the same material with residual stress. Through theoretical
analysis, Suresh and Giannakopoulos have shown that the real contact area of in-
dentation on materials with residual stress is larger than that of a virgin one at the
existence of compression residual stress while smaller for tensile residual stress.
This difference is reflected in the loading curves of indentation on materials with
and without residual stresses (Fig.7.6). As expected, material with compressive
residual stress requires larger force to be penetrated to the same depth as the one
without residual stress while material with tensile residual stress requires smaller
force. Invoking the invariance of contact pressure in the presence of residual stress,
the relation between the residual stress and the ratio of the real contact area, Ac, of
material with residual stress to that of the same material without residual stress, Ay,
indented to the same depth, is derived as

A o\ ! . .
== (1 + —r> (for tensile residual stress) (7.14)
Ao H
. -1
Ac o; - Sin . .
=1+ &Sy (for compressive residual stress), (7.15)
A H
dp ~ RO (compressive
P Ik dh N " Y residual stress)
________________ A R _
Pmax,() ,',7 [ 6x,() =0
7 !
P~K , P 0350 (tensile
. 14 residual stress)
e
P Py 1
. ’ . ' Vi :
h max hohg

Fig. 7.6 Schematic of indentation load-penetration depth curves for the surfaces with and without
residual stress [39]
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where 7 is the angle between the surface of the conical indenter and the contact sur-
face. A step-by-step analysis procedure has also been recommended for extracting
the elastic residual stress [39]. Recently, [25,65] have shown that the above method
can be successfully used to estimate biaxial surface stress in artificial strained steel
sample and diamond-like-carbon and gold coatings on silicon substrate. Limitations
to the application of this method include the requirement of a reference sample with-
out residual stress, which is often not available, and the difficulty in the application
to very soft materials where the indentation deformation is dominated by plasticity
and the influence of the elastic residual stress on the contact area is relatively small.

An alternative way to measure the residual stress is using a blunt spherical inden-
ter. Taljat and Pharr [43] has suggested that spherical indentation is more sensitive
to residual stress effects than sharp indentation. They have shown that indentation
load-penetration depth curve in a transition regime between elastic contact at small
loads and fully developed plastic contact at large loads, the so-called elastic—plastic
transition, is affected by residual stress in a potentially measurable way as shown
in Fig.7.7. Swandener et al. [40] have performed spherical nanoindentation test on
aluminum alloys stressed to prescribed levels of biaxial tension and compression.
They found that nanoindentation load-displacement curves are shifted to larger pen-
etration depth by tensile stress while smaller depth by compression stress. On the
basis of these observations, Swadener et al. have developed two analysis methods
for measurement of residual stress using spherical indenter. The first method based
on the fact that the measured depth or contact radius at the onset of yielding is af-
fected by the stress in a way that can be analyzed by Hertzian contact mechanics.
For spherical indentation, the residual stress can be related to the contact radius by

72 [ E
Gr:]_”( ra>? (7.16)
Oy 3t \Roy /,

where R is the indenter radius, a is the contact radius, and oy is the yield stress.
Apparently, if an independent estimate of yield stress is available, residual stress

A o R
3 b L gememes e s
A E
o ” ﬁA 1
2.5 | oY & E
O o § E]'
e 2F E:'o' A 3
a 15t A Hertz
b o 0 oo, =-09
LE " s ®g=00
A
05 | ‘£ a A q";‘g; =09
Fig. 7.7 Finite clement pre- ; AA |
diction of the effect of resid- 0 Arimltt-s o e S
ual stress on mean pres- 0.1 ! e al J'[:T R 100 1000
sure [40,43] ™y
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can be determined using (7.16) with experimental measurement of (E.a/R0y)o,
which can be done by extrapolating the experimental data of A¢/hmax and Eya/ Roy
t0 A /hmax = 0.

The second method proposed by [40] is based the empirical Tabor relationship
between hardness and yield stress [42], that is,

H = xo,, (7.17)

where k is the constrain factor. For materials with residual stress, experimental ob-
servations indicate that (7.17) should be modified as:

H + o; = Koy. (7.18)

If the variation of ko, with Era/Roy can be established by experiments in a refer-
ence material in a known state of stress, (7.18) may be used to determine residual
stress since hardness can be measured by indentation test.

Limitations in the application of the above two methods are that the first method
requires that the yield stress of materials is independently measured, while the sec-
ond method requires a reference specimen in a known stress state. For a test ma-
terial, these information may not be readily available and extra tests are needed to
determine either the yield stress of material or the stress state of reference material.
An attempt to use those methods in measuring residual stress in thin films has also
shown that their practical application are almost impossible because of the difficulty
arising from the factors such as surface roughness and substrate effects [27].

Another method for measuring the residual stress is based on the effect of the
prevailing residual stress on the unloading curve of nanoindentation. It has been ob-
served from nanoindentation tests on coatings [25,26] and bulk materials [19, 62]
that residual stress has a clear effect on the elastic recovery of indentation. Through
extensive finite element simulations, Xu and Li [50, 62] have systematically inves-
tigated the influence of residual stress on the elastic recovery of nanoindentation.
They have found that elastic recovery parameter he/hmax has a linear relationship
with the ratio of 6; /0y as shown in Fig. 7.8. A simple equation has been derived [62]

- a2 1, (7.19)
hmax y

where o and 3 are constants, 3 is the e /hyax ratio at 6, = 0, and o is dependent
only on the E /oy ratio while independent of strain hardening behavior of materials,

that is,
~1.25
E
a=10.53 () . (7.20)
Oy
On the basis of (7.19) and (7.20), a novel method for estimation of residual stress
from elastic recovery of nanoindentation has been proposed. Combining the stan-

dard three-point bending technique, nanoindentations have been carried out to
successfully determine the surface residual stress in a mechanically polished fused
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Fig. 7.8 Linear relationship between the he /fimax ratio and o,/ Oy ratio for materials with different
E /oy ratios and strain-hardening exponents, n [62]

quartz beam [62]. An advantage of this method is that there is no prerequisite of
the knowledge of the stress state of a reference sample or any particular mechanical
properties of the test materials. However, as the method rely on an accurate deter-
mination of the & /hmax ratio, experimental factors such as surface roughness may
result in large error in the experimental determination of the /e /hmax ratio from the
unloading curve of indentation. Moreover, as shown in Fig. 7.8, the sensitivity of the
he / hmax 1atio to the residual stress is inversely proportional to the E/ Oy ratio of ma-
terials. This also limits the application of the current method to very soft materials
with high E /oy ratios.

Recently dimensional analysis has been used to find the basic relationships be-
tween indentation parameters, such as hardness, stiffness, and piling up of materials,
and unknown parameters, such as residual stress, yield stress, and elastic modu-
lus [3,57]. Extensive finite element simulations have been carried out to build these
basic relations. Using the so determined relationship, residual stress can then be
estimated by reverse analysis method. Apparently these methods based on dimen-
sional and reverse analyses require no reference samples for comparison. Although
there is no prerequisite for the application of these methods, the basic relationships
developed by finite element simulations with certain specific boundary conditions
will limit the application of these methods, and no direct experimental validation of
these methods is available.

7.4 Summary and Future Outlook

Nanoindentation technique has been widely used for mechanical characterization
of materials at micro/nanoscale. The indentation load-penetration depth curve con-
tains a wealth of information about the deformation behavior and can be used to
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determine various mechanical properties. This chapter has summarized the current
research work on the development and application of methodologies for measuring
residual stresses using nanoindentation technique.

The existence of residual stresses affects the cracking and indentation behavior of
materials. Fundamental relationships developed on the basis of indentation fracture
mechanics or theoretical and finite element analysis of nanoindentation provide the
bases for developing different methods for determination of residual stresses using
nanoindentation technique. On the one hand, method based on indentation fracture
is only applicable to brittle materials, where fracture of materials occurs for indenta-
tion force beyond certain threshold value. In the application of indentation fracture
method to nanoscale measurement of residual stress, the difficulty in accurate deter-
mination of the crack length may limit the accuracy of residual stress measurement.
On the other hands, methods based on residual stress effects on nanoindentation be-
havior may be applied to any elastic plastic materials. Different methods have been
developed to estimate residual stresses from the loading curve, elastic recovery of
the unloading curve, contact area difference, hardness difference, and relationship
of dimensional analysis and inverse analysis. Application of these methods may be
limited by the complexity of the real stress state, the prerequisite of reference sample
or known material properties, or the accuracy of the primary parameter determined
by nanoindentation technique.

Clearly, one of the future research directions may be to further validate the cur-
rent available methods for residual stress measurement by carrying out nanoinde-
nations on materials with known stress states. Knowledge of the limitations in the
application of these methods is very important for the successful determination of
the residual stresses. Another future research direction may be to develop a novel
close-form method for mapping the residual stress field at small scale. The informa-
tion should be essential to the successful design and manufacture and the reliability
prediction of micro/nanostructures, such as micro/nano-electromechanical systems.
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Chapter 8

Piezoelectric Response in the Contact
Deformation of Piezoelectric Materials

Fugian Yang

8.1 Introduction

Micro- and nanoelectromechanical systems (MEMS and NEMS) using low-
dimensional piezoelectric structures (piezoelectric thin films, nanowires, and
nanobelts) [1-10] have potential applications in many areas, including biosen-
sors, actuators, and motion-controllers due to intrinsic electromechanical coupling.
The electromechanical coupling provides a unique route for sensing mechanical
stimuli from the change in electric potential/field, and for controlling structural
deformation via electrical loading [11], which determines the performance and life-
time of micro- and nanodevices during the device operation. It becomes of primary
interest to experimentally and theoretically investigate the piezoelectric behavior
of materials on both the micro- and nanoscales under electrical and mechanical
loading for the development, design, and process control of MEMS and NEMS
devices.

Piezoelectricity is an interaction between mechanical deformation and electric
field. Several techniques have been used to characterize the piezoelectric behavior of
piezoelectric structures and materials, which are based on either the direct piezoelec-
tric effect or the inverse piezoelectric effect. The direct piezoelectric effect is that
mechanical deformation produces electric polarization, and the inverse piezoelectric
effect represents electric field-induced mechanical strain [12]. The techniques using
the direct piezoelectric effect include stress-induced charge (Berlincourt method)
and indentation, and the techniques using the inverse piezoelectric effect consist
of laser interferometers, laser scanning vibrometers, and piezoresponse force mi-
croscope. The Berlincourt method, the laser interferometers, and the laser scanning
vibrometers can be readily used in determining the piezoelectric behavior of bulk
piezoelectric materials, while it is very difficult if not impossible to apply these
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techniques to evaluate the electromechanical functionality on the nanoscale in low-
dimensional piezoelectric structures and materials. This is due to the size constraint
and the sensitivity/resolution of the techniques, which limit their applications in
characterizing low-dimensional structures and materials.

Advances in the micro- and nanofabrication of nanoelectronics and micro- and
nanodevices have resulted in the development of surface force microscopy, includ-
ing nanoindentation and scanning force microscopy (SFM), which has been used
to evaluate the mechanical behavior of low-dimensional structures. The principle of
the nanoindentation and SFM techniques is based on the surface—contact interac-
tion through direct contact and/or intermediate contact between the probe-tip and
the surface of specimen. The sensitivity and resolution are determined by the stiff-
ness of the plate for the nanoindentation and the cantilever beam for the SFM. The
advantages of using the surface force techniques involve the use of a small amount
of materials such as low-dimensional structures and possibly the evaluation of the
local behavior of heterogeneous materials.

The use of contact mechanics was proposed by Lefki and Dormans [13] in
measuring the piezoelectric coefficients of lead zirconate titanate (PZT) thin films
through continuous charge integration. A similar technique was later used by
Fu et al. [14] to measure the piezoelectric effect of PbZrys3Tip4703 thin films.
Suresh and his co-workers [15-17] extended the indentation technique to eval-
uate the electric response of 1-3 piezoelectric ceramic—polymer composite, lead
zirconate titanate, and barium titanate by monitoring the electric current passing
through the conductive indenter and the counter electrode. They did not evaluate the
piezoelectric response. Recently, Rar et al. [18] modified nanoindentation to assess
the piezoresponse of polycrystalline lead zirconate titanate and BaTiO3 piezoce-
ramics by applying an oscillating voltage between the indenter-tip and the back-
electrode, similar to the technique of the piezoresponse force microscopy (PFM), as
demonstrated by Birk et al. [19].

In parallel, SFM modulated by electric field, such as electric force mi-
croscopy [20] and PFM [19, 21], has been developed to map surface charges
and/or examine local electromechanical behavior. The concept of PFM was demon-
strated first by Birk et al. [19], using scanning tunneling microscopy to measure
local piezoelectric activity of piezoelectric thin films made of vinylidene fluoride-
trifluoroethylene copolymer. The principle of the PFM technique is based on
monitoring the deflection of a cantilever beam responding to local surface oscil-
lation of a piezoelectric material, which is modulated by an AC electric voltage
between the conductive tip of the SFM and the counter electrode underneath the
piezoelectric material [19,21-24]. The development of MEMS and NEMS devices
in the last decade has made the PFM as an important technique for evaluating
nanopiezoelectric activities of low-dimensional structures and materials. This has
imposed a tremendous challenge in understanding the local piezoelectric activities
for quantifying the piezoelectric behavior of materials.

This chapter is devoted to the common theme of the contact deformation in
piezoelectric materials and its applications in the indentation testing and the PFM
for the characterization of the piezoelectric behavior in piezoelectric materials.
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It summarizes the dependence of the contact deformation on the electromechani-
cal interaction and the interconnection that correlate local piezoelectric activities
with piezoelectric properties and the deformation behavior. It reviews the achieve-
ments in evaluating the fracture behavior of piezoelectric materials using the inden-
tation technique. In particular, it emphasizes the need for much-deeper studies of
the electromechanical interaction present in the contact deformation of piezoelec-
tric materials.

8.2 Fundamental Equations

Crystals deform when subjected to mechanical loading. In certain classes of crys-
tals such as ZnO and ZnS, the deformation leads to the displacement of ions and
results in electrical polarization in a crystal. This produces accumulation of elec-
tric charges and measurable difference of electrical potential. Such phenomenon is
called the direct piezoelectric effect, as discovered by Pierre and Jacques Currie.
On the other hand, an electric field can cause the distortion of the crystal, i.e., the
inverse piezoelectric effect, as predicted by Lippmann and verified by the Curies.
Figure 8.1 shows the atomic origin of piezoelectricity. In a stress-free state, the cen-
ter of positive charges is the same as that of negative charges. The resultant charges
contributed from positive charges and negative charges are zero, and there is no
electrical potential gradient over the crystal. Under the action of mechanical load-
ing, the crystal is deformed to form electrical dipole layers by moving the positive
charges closer at one side and the negative charges at the other. This introduces
electrical polarization and electrical field in the crystal. The strength of the stress-
induced electrical polarization is a function of the bonding strength of the crystal
and is represented by piezoelectric coefficients.

The phenomenological theory of linear piezoelectricity is established from the
principles of thermodynamics [12]. Parton and Kudryavtsev [25] have summarized

compression
@@ @@ Q@ @@ @__@Q@__@
(D @ v G)—Gz@—» -

Q Q ©® Q2o —D
®6 ©O OO0

ﬁcompron

Fig. 8.1 (a) Stress-free state; (b) stress-induced electrical polarization — piezoelectricity

a b



158 F. Yang

the constitutive relation and piezocoupling coefficients in linear piezoelectric sys-
tems. For a piezoelectric material, the equilibrium equations in a Cartesian coordi-
nate system, x; (i = 1,2,3), are

Giji = 0 and Di,i = 0, (81)

where G;; is the stress tensor, D; is the electric displacement vector, a comma de-
notes the partial differentiation with respect to the coordinate x;, and the Einstein
summation convention over repeated indices is used. The constitutive relation of an
anisotropic, linear piezoelectric material is

Gij = Cijki€k — exijEx and D; = e €+ € kEy, (8.2)

where g;; is the strain tensor, E; is the electric field intensity, ¢;jy is the elastic
stiffness tensor measured in a constant electric field intensity, e;;; is the piezoelectric
tensor measured in the possession of a spontaneous electric field, and €;; is the
dielectric tensor. The interchange symmetry of the tensors gives

Cijki = Cijik = Cjikl = Cjilk = Ckiij»€kij = €kji, and €;; = €;. (8.3)

The relation between the components of the strain tensor and the components of the
displacement vector, u;, is given by

&j= (u,-7j+u/-7,-)/2. (8.4)
The electric field intensity can be described as
Ei=—¢, (8.5)

where the electrical potential, ¢, satisfies the Laplacian equation.

The effect of the crystalline symmetry on the independent components in the
physical property tensors has been summarized by Nye [26]. The following is a list
of the elastic stiffness matrix, the piezoelectric matrix, and the dielectric matrix for
the symmetrical classes of 32, 3m, 6mm, and 43 m. The dielectric matrix is [27]

E(;l EO 8 with €11 =&y, for the classes of 32,3 m, and 6mm,
0 52 €33 and €] =€y =¢€33 for the class of 43 m.

The piezoelectric matrix is [27]

Class 32 Class 3m Class 6mm Class 43m
€1l 0 0 0 —e22 €13 0 0 €13 0 0 O
—e1] 0 0 0 €27 €13 0 0 [k 0 0 O
0 0 0 0 0 es3;3 0 0 e3 0 0 O
€41 0 0 0 €51 0 0 é€s1 0 €41 0 0
0 —e€4] 0 €51 0 0 €51 0 0 0 e41 0

0 —6110 €22 0 0 0 0 O 0 0 e41
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The elastic stiffness matrix is [27]

Classes 32 and 3m Class 6mm Class 43m
ci1 cizcei3 cis 00 ciicpez 00 0 ciiciper 0 0 0
cr2 circeiz3—ci4 0 0 cpeirez 00 0 cpecirerz 00 0
ci3 ci3¢33 0 0 0 ci3ceizes 00 0 cipciperr 0 0 0
Cl14 —Cl4 0 C44 0 0 0 0 0 C44 0 0 0O 0 0 C44 0 O
0 0 0 0 C44 Cl4 0O 0 0 O C44 0 0O 0 0 O C44 0

0000C14C66 00000C66 00000C44

with cg6 = (c11 — ¢12)/2 for the symmetrical classes of 32, 3 m, and 6 mm.

8.3 General Solutions of Axisymmetrical Piezoelectric
Coupling Problems

Several techniques have been used to derive the analytical solutions of piezoelec-
tric deformation when subjected to mechanical and electrical loading. They include
Stroh formalism [28-31], Green’s function [32—36], and integral transform [37—42].
In general, it is very difficult to obtain closed-form solutions for anisotropic ma-
terials. There are limited analytical solutions available for electromechanical de-
formation of piezoelectric materials, depending on the geometry and the loading
condition. Most analytical solutions have been reported for transversely isotropic
piezoelectric materials.

For a semi-infinite transversely isotropic piezoelectric material of the hexago-
nal crystal class 6 mm with deformation symmetrical about the poled direction, the
general solutions of the field variables are [38]

w(r,2) = /0 T U2 (G, 8.6)

2. 0(r2)] = [ V(L2 P(E0(CAE, 8.7

where u, and u, are, respectively, the displacement components along the radial and
poled directions, and Jo(-) and J;(-) are, respectively, the Bessel functions of the
first kind of order 0 and 1. The auxiliary functions (U, V, @) can be expressed
as [38]

(U,V, @) = (As1,An,A%3) f (8.8)

with

d ) d? d 5 d?
Ari = (c13 -i-C44)§(TZ enf—esn e —(631-1—6’15)C(TZ —eisC +€33de2
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d? d? a2
_ 2 2 2¢2
Ay = (611 C—ée3 dz2) (644d22 —cnb >+(€31 +e15)°C a2

5 d2 d2 5 5 d2
Ay = — [ —ei5C +€33de2 C44d72*6‘11§ — (€13 +caa)(e31 +e15)8 a2

Here, the solution of f is a function of exp(k{z), in which & is the root of the alge-
braic equation,
ak® — bk* +ck* —d =0 (8.9)

with a, b, c, and d are constants, depending on the piezoelectric properties of piezo-
electric materials. For detailed information of a, b, ¢, and d, see [38].

For a semi-infinite transversely isotropic piezoelectric material in the space of
z > 0, the function f has four possible solutions, depending on the properties of kizz

(a) For k} # k3 #k3 > 0,
F=A10)e % 4 Ay (0)e 2% 4 A3 (Q)e %, (8.10)

(b) For k3 # k3 =k3 > 0,
f=A10)e M5+ [A2(0) +A3(0)Gele 2 .11

(c) Fork} =k =k3 >0,
f=1A10) + A2 (D)8 +A3 ()P )e 1% (8.12)

(d) For k7 >0 and k3, k3 < 0 or k3 and 3 being a pair of conjugate complex roots,
the ky and k3 are a pair of conjugate complexes —& +i®@. The solution of f is

F=A1(Q)e % 4 A5 (0)e % cos @z +As({)e Fsindlz. (8.13)

Here 6 and @ > 0, and A; (i = 1,2,3) are functions of { to be determined by the
boundary conditions.

Using (8.6)—(8.13), one can obtain the distribution of the displacement, stresses,
electric displacement, and electrical potential.

8.4 Indentation of Piezoelectric Materials

8.4.1 Contact Mechanics of Semi-Infinite Transversely Isotropic
Piezoelectric Materials

The contact problem of piezoelectric materials is complex due to anisotropic nature.
The closed-form solutions are only available for the contact between a semi-infinite
transversely isotropic piezoelectric material and a rigid axisymmetric solid. How-
ever, the results are controversial.
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Matysiak [37] was the first to address the axisymmetric contact of a linear piezo-
electric halfspace by a conductive indenter, using the Hankel transform. He obtained
the dependence of the indentation load on the contact radius for the indentation by a
flat-ended indenter and a spherical indenter and noted the contribution of piezoelec-
tric coefficients to the indentation deformation. Giannakopoulos and Suresh [43]
followed Matysiak’s approach and summarized the relations between the indenta-
tion load and the contact area for the indentations by three different conductive
rigid indenters, including flat-ended indenter, spherical indenter, and conical inden-
ter. The dependence of the indentation load on the contact area for the spherical
indenter and the conical indenter is similar to that for the indentation of an elastic
halfspace with coefficients being a function of piezoelectric constants.

Chen and Ding [44] used potential theory and the superposition principle to
obtain the relationship between the indentation load and the contact area. They
obtained the singular distribution of the electric displacement vector and found that
the indentation depth is proportional to the contact area, independent of the elec-
trical potential over the indenter. In contrast to the results given by Matysiak [37]
and Giannakopoulos and Suresh [43], the relation between the indentation load and
the contact area is a function of the applied electrical potential over the conductive
indenter. Karapetian et al. [45] noted the incorrect boundary condition used in the
work of Giannakopoulos and Suresh [43] for the indentation by a rigid flat-ended
indenter, while they did not discuss the difference between the results of Chen and
Ding [41] and those of Giannakopoulos and Suresh [43]. They used the correspon-
dence principle and the superposition principle to obtain the field distribution in-
side crystal and claimed that their results are the same as those given by Chen and
Ding [41]. The concern on their approach [44,45] is that they did not apply the
displacement constraint (the normal displacement is zero over the contact area) to
the subproblem with applied electrical loading. This likely causes the discrepancy
between their results and those given by Matysiak [37] and Giannakopoulos and
Suresh [43].

For the indentation of a semi-infinite transversely isotropic piezoelectric material
by a rigid conductive flat-ended indenter of radius a with an electric potential of ¢,
the contact area remains same. The dependence of the indentation load of F and the
resultant induced electric charge of Q over the contact area on the indentation depth
his [37,43]

F =4a(Cih—Cy¢), (8.14)
0 = 4a(C3¢9 + Csh), (8.15)

where / is the indentation depth and C; (i = 1,2,3,4) are constants, depending on the
material properties of the piezoelectric material. From (8.14) and (8.15), there are

dF
§= - =4aCy, (8.16)
F =[C10—4ad (C3C1 +CrCy) | Cy 1, (8.17)

Q/F =C4/C). (8.18)
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Here, the dot represents the time derivative. The contact stiffness, S, is proportional
to the indenter radius. The indentation load is a linear function of the electric-
polarized charge, and the charging rate (i.e., electric current) is proportional to the
indentation loading rate.

For the indentation by a rigid conductive spherical indenter of radius R with an
electric potential of ¢, the indentation depth changes with the contact radius of a as

612
h=—+Cs¢. (8.19)

The dependence of the indentation load and the resultant induced electric charge on
the indentation depth is [37,43]

8Cia®>  8C

F = 3;{ = TlRl/z(h—C5¢)3/2, (8.20)
8Cea’ 8C

Q = =7 +4a9(Cs + C4Cs) = S R (h—C59)"
+40/(C3 4+ C4Cs)RV? (h—Cs9) /2. (8.21)

Here Cs and Cg are two constants, determined by the material properties of the
piezoelectric material. Equations (8.20) and (8.21) give

S =4CIR"?(h—Cs5¢)'/?, (8.22)
CeF 3RF\ /3
0= CL +2¢(C3 4 C4Cs) <C) ; (8.23)
1 1

G 20(C3+CyCs)F23 3R\
F==0 Lo
o/ a 3 C

In contrast to the indentation by a rigid flat-ended indenter, the contact stiffness is
also a function of the applied electrical potential. Both the resultant electrical charge
and the charging rate are nonlinear functions of the indentation load. For ¢ = O,
the resultant electric charge is proportional to the indentation load and the charging
rate to the indentation loading rate, similar to the results for the indentation by a
rigid flat-ended indenter.

For the indentation by a rigid conductive conical indenter of semi-included angle
6 with an electric potential of ¢, the indentation depth changes with the contact
radius as [43]

(8.24)

1
h= Ena cot0 +Cs¢. (8.25)

The dependence of the indentation load and the resultant induced electric charge on
the indentation depth is [43]

4Cy

g Cs9)%, (8.26)

F= na2C1 cotf =
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4Ce

2 2
= 4 -6
0 = ma"Cecot 0 +4ad(C3 + C4Cs) p— (h—Cs¢)
89(C5 + C4Cs)
——F = (h—-C 8.27
which give
8Cy
S= h—C 8.28
CoF 1/2
= 44 —_— 8.2
Qo G + ¢<C3+C4C5)<nClcot6) ) (8.29)
.. Cs 20 (C3+CyCs)F1/2
o/f = S, 20(GHG 5)1/2 . (8.30)
G (mCicot6)

Similar to the spherical indentation, the contact stiffness depends on the electrical
potential applied to the conductive indenter. Both the resultant electric charge and
the charging rate are a function of the indentation load. For ¢ = 0, the ratio of the
resultant electric charge to the indentation load is the same as that of the charging
rate to the indentation loading rate, independent of the indentation load.

Equations (8.14)—(8.30) provide the rational base to evaluate the local piezoelec-
tric interaction in transversely isotropic piezoelectric materials and to characterize
the piezoelectric properties of piezoelectric materials by using the techniques of in-
dentation and surface force microscopy. It is worth mentioning that the above results
can only be applied to quasistatic indentation deformation of piezoelectric materials
for the deformation rate and the indentation velocity much less than the speed of
sound waves in materials. For high speed indentation, dynamic effect needs to be
included in the analysis.

8.4.2 Indentation Testing of Piezoelectric Materials

Three different methods have been developed to characterize piezoelectric proper-
ties, using the indentation technique. They involve different schemes in electrical
characterization or electrical modulation for measuring or controlling the indenta-
tion behavior of piezoelectric materials.

8.4.2.1 Charge Integration Technique

This method was developed by Lefki and Dormans [13], using continuous charge
integration to measure the electrical charge along the loading direction. Figure 8.2
shows the schematic setup for the characterization of the effective piezoelectric
coefficients using the direct piezoelectric effect. The total electric charge gener-
ated during the indentation is measured as an electrical voltage over a capacitor.
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Fig. 8.2 Schematic of the E d
setup for the characterization ’
of the effective piezoelectric

coefficients using the direct
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Assuming uniform distribution of electric charge over the contact area, one can ob-
tain the normal component of the apparent electrical displacement vector over the
contact surface by calculating the apparent charge density. The effective piezoelec-
tric coefficient dgg’ , called the charge constant, can be determined by

4P = 9Ds :&:gzccl

= — - , 8.31
3 0033 7 O3 F F ( )

where D3 and ©33 are, respectively, the normal component of the electrical dis-
placement vector and the stress tensor along the loading direction; D3 and 633 are,
respectively, the average value of D3 and 633 over the contact surface; E) is the
electric field intensity; Q and F are, respectively, the total electric charge and the
indentation load; C¢ is the capacitance of the capacitor; and V is the electrical volt-
age measured over the capacitor. Under simple compression (i.e., the contact size is
much larger than the thickness of the piezoelectric material), the charge constant is
a function of material properties as [13]

A = e33 —2e31 (sF5 + Vs /Es) [ (s5 +55), (8.32)

where vg and Es are, respectively, the Poisson ratio and Young’s modulus of the
substrate, and 51151, sfz, and s% are the components of the compliance matrix of the
piezoelectric material subjected to constant electric field intensity. Obviously, this
method cannot independently measure the piezoelectric coefficients, such as es3.

It is interesting to note that electrical potential difference will be created between
the conducting tip and the counter electrode during the indentation, which needs to
be taken into account in the analysis. It is worth mentioning that (8.32) becomes
invalid for the indentation size being compatible to or smaller than the thickness of
the piezoelectric material. It would be inappropriate to use (8.17), (8.23), and (8.29)
to calculate dgf since the analyses do not consider the effect of the indentation-
induced electric potential difference.
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Lefki and Dormans [13] evaluated the dependence of the effective piezoelectric
coefficient on the composition of the unpoled OMCVD PZT (lead zirconate titanate)
thin films. The maximum piezoelectric effect occurred at the morphotropic phase
boundary, and the presence of the piezoelectric effect in the unpoled PZT films was
due to the internal stress-induced alignment of ferroelectric domains. The polling of
the films dramatically increased their piezoelectric properties, as expected.

Fu et al. [14] measured the effective piezoelectric coefficient, dglé’ , of
PbZry53Tig.4703 thin films formed by chemical solution deposition. They ob-
served piezoelectric relaxation in the piezoelectric response during the loading and
unloading. They were able to describe the relaxation process using the stretched
exponential law [46,47] by introducing the intrinsic and relaxed effective piezoelec-
tric coefficients. The piezoelectric relaxation was due to the motion of domain walls
of non-180° domains, which contributed 15% to the total piezoelectric coefficient.
Fu et al. [48] also observed higher value of the effective piezoelectric coefficient for
c-axis-oriented PbZr( s53Tip 4703 thin films, which was likely due to the substrate
deformation as suggested by Barzegar et al. [49].

The charge integration technique has successfully measured the effective piezo-
electric coefficient of PZT thin films. It is expected that this technique can be
extended to the nanoindentation testing for evaluating the size dependence of piezo-
electric behavior in low-dimensional piezoelectric structures. This will require the
development of new models to take account of the effect of size confinement.

8.4.2.2 Electric Current Technique

Suresh and his co-workers [15—-17] used the indentation technique to assess the
mechanical and electrical responses of piezoelectric solids by monitoring the pass
of electric current through the conducting indenter and the counter electrode.
Figure 8.3 shows the schematic setup. The conducting indenter is connected to the
corresponding counter electrode through an Amper meter, which records the elec-
tric current generated during the indentation. The principle of the electric current
technique is similar to the charge integration technique with the measurement of the
electrical current as a function of the indentation load/depth instead of the total elec-
trical charge. It should be pointed that Suresh and his co-workers [15-17,50] did not
use this technique to evaluate the effective piezoelectric coefficient of piezoelectric
materials.
From the Sect. 8.4.1, one obtains the effective piezoelectric coefficient as

diy =Cy/C (8.33)

for the indentation by a conducting flat-ended cylindrical indenter,

(8.34)

s Go 20(C3+C4Cs)F~2/3 3R\ '3
33—a+ 3 c
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for the indentation by a conducting spherical indenter, and

. G5 20(C3+CyCs)F1/2
e oG WGHG 5)1/2 (8.35)
G (nCycotB)

for the indentation by a conducting conical indenter. In contrast to the indentation by
a conducting flat-ended cylindrical indenter, the effective piezoelectric coefficient is
a function of the indentation load for the indentation by a conducting spherical or
conical indenter. It should be mentioned that the parameter ¢ represents the electri-
cal voltage applied between the conducting indenter and the counter electrode and
the self-generated electric potential difference is not included in (8.33)—(8.35).

Sridhar et al. [50] evaluated the effects of poling, poling direction, indentation
speed, and polarization loss on the indentation-induced electric current through a
conducting spherical indenter in the indentation of PZT-4 and (Bag.917Cag.083) TiO>.
A power-law relationship was observed between the indentation velocity and the
electric current. They focused their work on the dependence of the electric current
on the indentation velocity and the poling direction without addressing the effect
of inelastic deformation. It is unclear if there was piezoelectric relaxation present
during the indentation, which could influence the amount of electric charges passing
through the conducting indenter.

Using the same technique, Saigal et al. [17] studied the dependence of
indentation-induced electric current on the indentation velocity and the indentation
size for a 1-3 piezoelectric ceramic—polymer composite. They found that the elec-
tric current increased with the increase in the indentation velocity and the indenter
size and was a nonlinear function of the indentation load. There existed discrepancy
between the experimental results and the proposed model at small indentation load,
and there was no quantitative result on the dependence of the electric current on
the indenter size. This could be due to the dependence of the indentation-induced
electric charge on the indentation load and the dynamic effect, which was neglected
in the analysis.
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Sridhar et al. [15] used conical indenter to evaluate the time-dependence of the
indentation-induced electric current in PZT-4 and (Bag 917Cag 033) TiO,. The exper-
imental results were larger than the theoretical prediction, which likely was due to
the occurrence of inelastic deformation and the time-dependence of the piezoelectric
interaction.

Algueré et al. [51] studied the stress-induced electrical depolarization in
lanthanum-modified lead titanate thin film, using the nanoindentation. A conducting
spherical indentation was used to locally pole the unpoled (Pb,La)TiO3 films, and
the electric current passing through the indenter was measured for the characteri-
zation of the depolarization process. There was electric current—load hysteresis in
an indentation loading—unloading cycle, suggesting the presence of piezoelectric
response in the films and the depolarization in the loading phase. There was the size
dependence of the depolarization with more depolarization in thicker films, which
likely was due to initially higher electrical polarization. They did not assess the
piezoelectric response of thin films.

Koval et al. [52] used nanoindentation to study the stress-electrical relaxation
in lead zirconate titanate films with a Zr/Ti ratio of 30/70. In contrast to using the
charge integration technique, they measured the electric current passing through the
conducting spherical indenter and calculated the electrical charge generated in the
indentation by the integration of the electric current curves with respect to time.
They found that the electrical relaxation followed the stretched exponential law and
the dielectric relaxation followed a single logarithmic-time function. For constant
indentation loading rate, one then could use (8.24) to determine the effective piezo-
electric coefficient if a constant electrical voltage was applied. The size-dependence
of the relaxation time was observed, which increased with the increase in the inden-
tation load and the decrease in the film thickness. It is unclear how they measured the
capacitance of the piezoelectric system. They did not evaluate the effective piezo-
electric constants and the relaxation behavior at the beginning of the indentation.

From the results given by Lefki and Dormans [13] and the normal load method
as standardized in IEEE standards [53], Koval et al. [54] realized that the ratio of the
indentation load to the indentation-generated charge represents the effective piezo-
electric coefficient consisting of the intrinsic and extrinsic effective piezoelectric
coefficients in nanoindentation and suggested that the indentation-induced electric
current included the contributions from the stress-induced polarization and the do-
main motion. They evaluated the piezoelectric response of lead zirconate titanate
thin films under nanoindentation. The indentation-induced electric current increased
with the indentation load, which resulted in a charge—force hysteresis loop. The ef-
fect of domain motion on the indentation-induced electric charge was expressed by
the Rayleigh-type behavior. The effective piezoelectric coefficient for unpoled thin
films decreased with the indentation load in the loading phase due to the stress-
depolarization of the films underneath the indentation, while, in the poled films,
the effective piezoelectric coefficient increased with the indentation load. Such a
phenomenon could be associated with the domain motion of 90° domains.
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8.4.2.3 Electrical Modulation Technique

Figure 8.4 shows the schematic setup of the electrical modulation technique in
nanoindentation, as introduced by Algueré et al. [55] for assessing the ferroelec-
tric hysteresis loops in (Pb,La)TiO;3 thin films and by Rar et al. [18] for studying
electromechanical coupling and pressure-induced behavior in ferroelectric materi-
als. The conducting indenter is used as an electrode, and the piezoelectric material
is mounted on an electrode. An oscillating electrical voltage is applied between a
conducting indenter and the bottom electrode to actuate the piezoelectric material.
Either the electric current through the indenter [55] or the surface deformation [18]
is monitored. The dependence of electric current on electric voltage can be used to
probe the indentation-induced ferroelectric hysteresis, and the dependence of sur-
face deformation on electric voltage to assess local mechanical response under the
action of localized electrical loading.

Assume that the frequency of the applied electrical voltage is much smaller than
the resonance frequency of the system and the energy dissipation is negligible. One
can neglect the dynamic effect on the indentation behavior and use the results for
static indentation. For a displacement—control indentation with a constant indenta-
tion depth, (8.20) gives

— = —4C1C5R'/2(h—C5¢)1/2% (8.36)

for a spherical indentation, and (8.26) gives

dF _ 8C1Cs (h—Cs6)

dr Tcot O

do

i (8.37)

for a conical indentation. For a load—control indentation with a constant indentation
load, there is
dh

@ =C;s (8.38)
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for the indentation by a spherical/conical indenter. Comparing (8.33)—(8.35) with
(8.36)—(8.38), one notes that the material behavior examined by using the electrical
modulation technique is different from those determined by using the charge inte-
gration technique and the electric current technique. It should be emphasized that
one needs to consider the dynamic effect if the amplitude of the surface oscilla-
tion is compatible with the indentation depth and the indentation-induced electrical
potential difference is neglected in deriving (8.36)—(8.38).

Algueré et al. [52] investigated the indentation-induced ferroelectric hysteresis
loops in (Pb,La)TiO;3 thin films. They demonstrated the effect of the indentation
deformation on the current density—electric field hysteresis loops and the ferroelec-
tric hysteresis loops, which could be due to the domain motion. The increase in the
indentation load from 100 to 500 mN caused the decrease of the maximum polar-
ization. Their results showed the stress-dependence of ferroelectric behavior.

Rar et al. [18] used nanoindentation to study the electromechanical coupling and
pressure-induced dynamic phenomenon in polycrystalline lead zirconate titanate
and barium titanate. Surface oscillation occurred under the action of an oscillating
electrical voltage due to piezoelectric interaction, and the surface oscillation was
a function of the loading—unloading sequence in the barium titanate. It is unclear
how they used the results given by Karapetian et al. [45] to relate the amplitude of
the surface oscillation to the applied electrical voltage under the action of constant
indentation load.

8.5 Piezoresponse Force Microscopy

Atomic force microscope (AFM) has become one of important techniques in the
study of local surface behavior and in the modification of surface functionality. It
has been used to evaluate local elastoplasticity [56,57] and to engineer surface struc-
ture and surface manipulation on the nanoscale [58, 59]. Based on the principle of
AFM, several new surface force microscopy have been developed, including electric
force microscope [60, 61], magnetic force microscope [62, 63], and piezoresponse
force microscope [64,65]. Among them, piezoresponse force microscope (PFM) has
become one of important techniques for probing local electromechanical interaction
in ferroelectric materials on the nanoscale through local imaging and polarization.
The concept of the PFM is based on the electrical modulation technique, as in-
troduced by Birk et al. [19] using the inverse piezoelectric effect. There are two
different approaches in the electrical modulation. The first one [19,66,67] uses sur-
face coatings over the sample surfaces as electrodes, and the surface deformation is
monitored by a conducting AFM tip. The advantage is that relatively uniform defor-
mation is created in the sample. The second one [64, 65, 68, 69] uses a conducting
AFM tip as one of the electrodes and the sensing element. The surface deforma-
tion due to the electrical modulation is superposed on the indentation deformation
by the contact between the AFM tip and the sample surface. The localized defor-
mation and polarization are complicated, and there is no closed form solution to
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relate the piezoresponse to the material properties for anisotropic piezoelectric and
ferroelectric materials except the transversely isotropic piezoelectric materials.

For the PFM using surface coatings over piezoelectric structure as electrodes,
uniform electric field causes relatively uniform deformation in the structure along
the field direction. The change in the film thickness, Az, can be expressed as [70]

Az = +zd{PEy = +d0V, (8.39)

where z is the film thickness, E3 is the component of the electric field intensity
along the thickness direction, and the = is associated with the effective piezoelectric
coefficients of antiparallel domains. It is worth pointing out that the dgf measured
is always less than the intrinsic piezoelectric coefficient, e33, due to the substrate
confinement and (8.39) is valid only for quasistatic deformation. When subjected to
an oscillation electric voltage of Vjcos @z, there exists inelastic deformation due to
mechanical and dielectric losses, and (8.39) becomes

Az = aud§Vocos(wr +9), (8.40)

where o (0 < @ < 1) is a constant, depending on the energy loss in the dynamic
deformation and ¥ is the phase difference between the applied electrical voltage
and the surface oscillation.

For the PFM using a conducting tip as an electrode and a sensing element of
the surface oscillation of the sample, there is no simple relation between the ap-
plied electrical voltage and the surface deformation. The surface deformation con-
sists of (1) the contribution from the contact between the tip and the piezoelectric
materials as discussed by Giannakopoulos and Suresh [43], Chen and Ding [44],
and Karapetian et al. [45]; (2) the contribution from the electromechanical inter-
action between the tip and the material [71,72]; and (3) the contribution from the
electromechanical interaction between the cantilever-beam and the surface of the
sample [73].

Considering the effect of electric stresses (the Maxwell stress) on the piezoelec-
tric deformation, Kalinin and Bonnel [74, 75] divided the piezoelectric response in
the PFM into two regimes (1) strong indentation and (2) weak indentation. In the
strong indentation, the indentation deformation dominates with a constant electric
potential over the contact area, while, in the weak indentation, the electromechanical
interaction is described by the image charge method. They constructed the PFM con-
trast mechanism maps, which depend on the tip size, indentation load, and electro-
mechanical interaction.

Currently, most work has focused on electromechanical imaging of ferroelectric
materials (see Fig. 8.5) and local electromechanical hysteresis (see Fig. 8.6). There
are only a few reports on the characterization of the effective piezoelectric coeffi-
cients of piezoelectric structure and materials.

Zavala et al. [77] studied the piezoelectric behavior of lead zirconate titanate
films using SFM. A silicon tip was in contact with the surface of the thin film, which
polarized the material around the contact by applying electrical voltage between the
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Fig. 8.5 (a) An PFM image of a 90°-aa-domain area in a BaTiO3, (b) an PFM image of the
indented 90°-aa-in-plane domain area. Reprinted with permission from [76]. Copyright [2005],
American Institute of Physics
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tip and the counter electrode. The effective piezoelectric coefficient decreased with
the increase in the indentation load, which could be due to the change in the mor-
photropic phase boundary composition. The intrinsic mechanisms for this phenom-
enon are still unclear.

Christman et al. [67] used a conducting diamond AFM tip in contact with a top
electrode in characterizing the piezoelectric constants of X-cut single-crystal quartz
and ZnO thin films. The electrical interaction between the tip and the electric field
could introduce significant error in monitoring the surface oscillation, which de-
pended on the spring constant of the cantilever beam and the contact force as well as
the scanner calibration constant. There was a linear relation between the amplitude
of the surface oscillation and the applied voltage, which was used to calculate the
effective piezoelectric constant according to (8.39).

Zhao et al. [66] evaluated the piezoelectric behavior of ZnO nanobelts. They ob-
served the effective piezoelectric coefficient of ZnO is higher than the corresponding
bulk ZnO and decreases with the frequency. The reason for such a behavior is still
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unclear. It might be due to the perfect crystallinity in the nanobelts and the clamping
effect from the substrate. They did not address the size effect.

Zhong et al. [78] studied the thickness dependence of the effective piezoelectric
constants in epitaxial (001) PbZrg»Tip.3O5 thin films from 5 to 30 nm in thickness.
Surface coating of STRuO3 was used as electrodes. The effective piezoelectric co-
efficient increased with the film thickness and approached a constant for the film
thickness larger than 11 nm. They suggested that the variation of the piezoelectric
behavior was due to intrinsic effects including incomplete screening, interfacial dis-
continuities, and electron-band offset effects. It is unclear if substrate deformation
and surface stress had significant effect on the surface oscillation of nanoscale piezo-
electric films.

In practice, it is not trivial to quantify the piezoelectric properties directly from
the dynamic contact deformation without knowledge of the microstructure and crys-
tal orientation in piezoelectric structures and materials. The dynamic piezoelectric
response is complex, which includes the contribution of piezoelectric coupling,
electromechanical interaction, local polarization, and domain motion. There is no
closed-form solution addressing the scaling-effect of piezoelectric response even
though there are some analytical solutions for the contact deformation of trans-
versely isotropic piezoelectric materials. It would be very difficult, if not impos-
sible, to incorporate the domain motion and crystal orientation in these solutions.
Numerical technique needs to be developed to establish the dynamic piezoelectric
response of piezoelectric structures and materials in PFM.

8.6 Indentation Fracture of Piezoelectric Materials

Indentation at high indentation loads will inevitably create cracks around the in-
dent as shown in Fig. 8.7. They are radial cracks developed around a Berkovich
indent on a ZnS nanobelt, in which the cracks emanate at the sharp edges of the
indent. The indentation fracture can provide valuable information on the fracture
mechanisms in brittle materials and determine material fracture parameters, such as
fracture toughness and crack-velocity exponents [80]. A dimensional analysis [81]

Fig. 8.7 Indentation-induced —
cracks in a ZnS nanobelt 200nm
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suggests that the fracture toughness, K., is a function of material properties and the
indentation deformation by a Vickers indenter, which can be expressed as

KC:g(F,HV,C,E,R), (8.41)
a H, a

where H, and E are, respectively, the Vickers hardness and Young’s modulus of the
material, ¢ the size of the radial crack, @ the size of the indent, and R the size of the
plastic deformation zone underneath the indentation. Different empirical relations
have been proposed, including

K.—0.16H,a'" (:) or K, =0.0732H,a" (H) (:) (8.42)
a

a v

as given by Evans and Charles [81],

1/2 _
E c\—3/2
K. = 0.028H,a <H> (a) (8.43)
as given by Lawn et al. [82], and
1/2
E F
K. =0.016 (HV) = (8.44)

as given by Anstis et al. [83]. Equations (8.42)—(8.44) provide the rational basis
of using the indentation technique to characterize the fracture behavior of brittle
materials.

Tobin and Pak [84] studied the indentation crack of PZT-8 ceramics in an elec-
trostatic field. Cracks initiated at the sharp edges of the indent and propagated along
the directions parallel and perpendicular to the electric field (the poling direction).
The crack size was a function of the poling direction with longer crack length in the
direction the same as the poling direction and shorter crack length in the opposite
direction to the poling direction. This trend suggested that electric field can enhance
or inhibit the growth of cracks, depending on the relative direction of electric field
to the poling direction.

Wang and Singh [85] evaluated the crack propagation in a PZT EC-65 material,
when indenting the material by a Vickers indenter in an electrostatic field. For un-
poled samples, the crack length in the direction perpendicular to the electric field
increased with the electric field while the crack length in the direction parallel to
the electric field decreased with the electric field intensity. In poled PZT, the cracks
propagated anisotropically in an electric field similar to the crack growth without the
electric field. When subjected to electric field the same direction as the poling di-
rection, the electric field suppressed the crack growth in both directions. For electric
field opposite to the poling direction, the crack length in the perpendicular direc-
tion increased with the electric field intensity, while the crack length in the parallel
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direction was more or less independent of the electric field intensity. This trend is
different from the results given by Tobin and Pak [84].

Jiang and Sun [86] studied the crack created by the Vickers indentation as a
semicircular surface crack in a semi-infinite space. The plastic zone underneath the
indentation was modeled as a one-dimensional piezoelectric rod element, which
elongated under the action of an electric field along the poling direction. Such an
extension would result in the development of wedging force, causing the change in
the crack opening displacement. In contrast, the size of the rod was small when a
high electric field was applied in the direction opposite to the polling direction. They
introduced effective indentation load in (8.44) by incorporating the field-induced
deformation in the plastic zone, which predicted the field-dependence of the crack
growth in electric field.

Fu and Zhang [87] investigated the effect of electric field on the indentation-
fracture test of a poled lead zirconate titanate by a Vickers indenter and used (8.44)
to calculate the fracture toughness. The application of electric field resulted in the
decrease in fracture toughness. The electric field opposite to the poling direction had
stronger influence on the indentation crack. Large scattering in the fracture tough-
ness was present under the action of electric field, which could be due to the inter-
action of structural flaws with the electric field.

Shindo et al. [88] evaluated the indentation fracture of P-7, 5-D, and N-6 poled
PZT ceramics in electric field for both closed circuit condition (zero electric field)
and open circuit condition (zero surface charge density). The tests were conducted
at a Vickers indentation at a load of 9.8 N. The crack size parallel to the poling
direction was less than that normal to the poling direction. The electric field assisted
the indentation-crack growth in the poling direction, similar to the results given
by Tobin and Pak [84]. The energy release rate increased with the electric field
in the poling direction for the crack normal to the poling direction, while it was
independent of the electric field for the crack parallel to the poling direction.

Popa and Calderon-Moreno [89] examined the propagation of indentation-
induced cracks under the action of electric field. The cracks were created in a PZT
PbZrTiOs by a Vickers indenter without applying electric field. An electric field
was applied to the material after completely removing the indentation load. The
cracks grew more than twice of their initial size at a typical poling field intensity of
1.5kV mm™'. High electric field resulted in the rupture of the material. There was
no effect of ferroelastic toughening in the crack growth during poling.

Huang et al. [90] studied the effect of electric field on the propagation of the
indentation-induced crack in silicon oil during the unloading phase of a PZT-5
ceramics. The residual stresses created in the indentation did not provide enough
driving force for the propagation of radial cracks. The electric field (0.2kV cm ™! <
E < 5.25kV cm 1) led to the delayed propagation of the indentation cracks, which
were arrested after the growth of 10-30um in length. Instantaneous crack propa-
gation occurred for electric field of larger than 5.25kV cm™'. A field-dependent
criterion was proposed for the crack propagation in electric field.

The indentation fracture of piezoelectric materials in electric field is complex.
It involves domain switch, domain motion, multiaxial stress state, piezoelectric
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interaction, and stress evolution during poling. New models need to be developed
to consider the scaling effect and the contribution of piezoelectric interaction in the
calculation of fracture toughness. The effects of electromechanical loading require
more research on understanding the field-controlled fracture behavior for micro- and
nanostructural applications of low-dimensional piezoelectric materials.

8.7 Conclusion

This chapter presents an introduction to the applications of the indentation tech-
nique and surface force microscopy to the investigation of piezoelectric behavior
in piezoelectric materials and ferroelectric materials, especially to low-dimensional
structures and materials. In general, the local piezoelectric response of piezoelec-
tric materials can be examined by the electrical-controlled indentation technique
and SFM. With the complexity of three-dimensional electroelastic and elastoplastic
deformation involving domain switch and domain motion, one needs to combine
numerical simulation with electromechanical indentation for the analysis and inter-
pretation of experimental results. In addition, surface imaging using SFM plays an
essential role in correlating piezoelectric response with microstructure and piezo-
electric properties.

Related to different electrical-controlled indentation techniques, the piezore-
sponse is quite different. Qualitatively one could examine local deformation-
induced electric behavior by using the electrical charge integration technique and the
electric current technique and the electric-induced deformation by using electrical
modulation technique and PFM. It is a great challenge to quantitatively character-
ize piezoelectric properties of materials especially low-dimensional structures and
materials, since the analyses of quasistatic deformation may be inapplicable to the
techniques involving dynamic electromechanical behavior even for the first-order
approximation. A microstructure-based electromechanical model is needed that
accounts for the evolution of microstructures and dynamic interaction for future
application in microscale and nanoscale smart structures.
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Chapter 9

Mechanics of Carbon Nanotubes
and Their Composites

Liang Chi Zhang

9.1 Introduction

Since the discovery of carbon nanotubes, extensive investigations have been carried
out on both single-walled and multiwalled nanotubes. A major research focus in the
field has been to characterize precisely the mechanical properties of nanotubes, us-
ing various methods including continuum mechanics and molecular dynamics mod-
eling, and chemical reactivity of nanotubes with a class of matrix materials to form
nanocomposites with strong interface stress transfer capability. Developing efficient
techniques for fabricating nanocomposites with tailored microstructures has also
been emphasized recently [3,57].

The aim of this chapter is to discuss some fundamentals in relation to the me-
chanics of carbon nanotubes and their composites.

9.2 Single-Walled Carbon Nanotubes

9.2.1 Continuum Mechanics Modeling

Carbon nanotubes have been found to behave like continuum structures and possess
both membrane and bending capacities. Hence, it will be beneficial if equivalent
continuum theories can be established for fast analysis of their mechanical behavior.
This has led to extensive studies on the equivalent or effective properties and geo-
metrical dimensions of a carbon nanotube. Nevertheless, the mechanics modeling
so far has been associated with strong assumptions, leaving many fundamentals to
clarify. In this section, we will discuss some of the issues.
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9.2.1.1 Effective Wall Thickness and Young’s Modulus

To characterize the mechanical properties of a carbon nanotube, one often directly
uses the mechanics quantities defined by continuum mechanics, such as Young’s
modulus. However, a carbon nanotube has a discrete molecular structure whose
“wall” comprises only a number of atoms, and hence does not have continuous
spatial distribution. Nevertheless, to calculate the Young’s modulus of a carbon
nanotube, one needs to know the wall thickness of the tube. For example, in a
simple tensile loading, the Young’s modulus E of a single-walled carbon nanotube
(SWCNT) may be defined as E = ¢ /¢, where € is the strain, and o is the axial
stress applied to the tube calculated by F/(2nRh) in which R is the radius of the
mid-surface of the tube, / is the tube thickness, and F is the axial force applied.
When R can be reasonably defined as the imagined surface radius of a nanotube
through the theoretical centers of the atoms, 4 does not exist because a nanotube
does not have a continuous wall. In the literature, mechanics modeling has been
based on unreasonable assumptions of 4. For example, some researchers treated
a carbon nanotube as a truss member [60], a solid beam [104], or a solid cylin-
der [20], and some others simply let / be the inter-planar spacing of two graphite
layers (=3.4 A) [22,23,34,47,48,85,111,112]. As a result, the Young modulus of
a carbon nanotube calculated with different / values varies in a very wide range.

Vodenitcharova and Zhang introduced a concept of an effective wall thickness
under the umbrella of continuum mechanics to reflect a nanotube’s mechanics be-
havior [94]. On the basis of the consideration of force equilibrium and equivalence,
they proposed a necessary condition that the effective wall thickness must be smaller
than the theoretical diameter of a carbon atom, which is about 0.142 nm [93]. Their
argument is that a cross-section of a nanotube contains only a number of atoms and
the forces in the tube are transmitted through these atoms; but in a continuum me-
chanics model the same forces are transmitted through a continuous wall area. As
such, the effective wall thickness cannot be greater than the theoretical diameter of
a carbon atom; as otherwise, the tube equilibrium cannot be maintained. According
to this necessary condition, continuum models using a wall thickness greater than
or equal to the diameter of a carbon atom [4,23,28,39,47,61,72,75, 89, 123] are
unreasonable, while the others below that [13, 35, 63,90, 103, 124] are possible but
their validity needs to be confirmed by further study. Vodenitcharova and Zhang
then proposed, using an elastic ring theory and the results from molecular dynamics
analysis [77], that the effective thickness of a single-walled carbon nanotube should
be h = 0.617 A, which is 43.8% of the theoretical diameter of a carbon atom, and
that the effective Young’s modulus, E, of the tube is 4.88 TPa [94].

In an attempt to address the continuum-atomic modeling issue, Zhang et al. [115,
122] directly linked interatomic potential and atomic structure of an SWCNT with a
continuum constitutive model, by equating the strain energy stored in the equivalent
constitutive model to that in atomic bonds described by Tersoff-Brenner potential [8,
82]. This method seems to be reasonable because the Tersoff-Brenner potential has
been shown to be appropriate for analysing SWCNTSs [51]. An isotropic constitutive
model was therefore derived for SWCNTSs subjected to in-plane deformation with



9 Mechanics of Carbon Nanotubes and Their Composites 181

two elastic constants, the in-plane stiffness, Kiy-plane. and the in-plane shear stiffness,
Kihear- Then the following relationship can be obtained by comparing the two elastic
constants of SWCNTS with their counterparts of three-dimensional (3D) thin shells
of thickness h:

I(in-plane = Eh/(l - Vz) and Kpear = Gh, 0.1

where G = E/2(1+ V) is shear modulus and v is Poisson ratio of SWCNTs, which
can be obtained from Kj,-plane / Kshear = (1 — V) /2. However, the effective thickness
of SWCNTs cannot be determined in this way because only in-plane deformation is
considered.

Huang et al. considered both the in-plane and off-plane deformation of SWCNT's
[25]. By using the Tersoff-Brenner potential, V, and the modified Cauchy-Born rule
[115, 122], they obtained two-dimensional isotropic constitutive relations, where
the bending stiffness, Dpending, and the off-plane torsion stiffness, Dyorsion, as well as
Kin-plane and Kshear of SWCNTS were calculated as

V3 A%
2\ dcos B

2V
or? 8
1] 0

where 6jj(k # i, j) is the angle between bonds i — j and i —k, r;; is the i — j bond
length, and A is a function of the first and second-order derivatives of V with respect
to rij, 6k, and 6;;;(I # i, j,k). In their derivation, the bending of SWCNTs was
considered as a result of the o-bond angle change while the off-plane torsion as
being independent of the deformation of the 6-bonds.

However, if we use a three-dimensional continuum thin shell theory, where bend-
ing and off-plane torsion are due to the deformation across the wall thickness, we
will have a different observation about the deformation mechanics of SWCNTs, be-
cause Dyending and Dyorsion Of a three-dimensional thin shell are related to the shell
thickness 4 and the in-plane material constants by

Dbending = ) s Diorsion = 0,

1

Kin-plane = ﬁ , and Kshear =

9.2)

A
16v/3’

Dending = El* / {12(1—1?)} and Dygrsion = Gl /12. 9.3)
Combining (9.1) and (9.3) leads to the following condition

2
Diorsion _ Kshear o I—v " Dbcnding o Diorsion _ h

9.4)

= , = —.
D bending Kin-plane 2 Kin-plane Kshear 12

The above derivation indicates that to establish a three-dimensional elastic shell
model with a well-defined effective thickness for SWCNTSs, the key is to satisfy
condition (9.4) when the corresponding elastic constants are obtained on the ba-
sis of an atomistic potential that accounts for the atomic structure and deformation
mechanisms of SWCNTSs. Unfortunately, in [25], (9.2) was obtained from potential
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V with Dyysion = 0, which obviously cannot satisfy condition (9.4) and hence leads
to an ill-defined effective thickness of SWCNTs.

To obtain a deeper understanding without the influence of the currently debatable
wall thickness and Young’s modulus, Wang and Zhang employed in-plane stiffness,
Kin-plane, Poisson ratio, v, bending stiffness, Dpending, and off-plane torsion stiff-
ness, Diorsion, as independent elastic constants in their mechanics solution to the
free vibration of SWCNTs [101]. They found that the off-plane torsion stiffness
cannot be zero, which is in agreement with molecular dynamics results and ex-
perimental measurements in the literature, and that the effective thickness is about
0.1 nm for (10,10) SWCNTs. Wang and Zhang then made an interesting observa-
tion, by plotting the diverse values of Young’s modulus and wall thickness in the
literature on a single diagram, as shown in Fig. 9.1 [102]. They found that those sat-
isfy Vodenitcharova-Zhang’s necessary condition [94] collapse very nicely along the
curve of constant in-plane stiffness (363 J/m?). It means that there is something in
common in predicting the mechanical properties of SWCNTs when using different
methods, although the values of Young’s modulus and effective wall thickness still
scatter and the experimentally measured properties available correspond to different
Kin-plane values. The above observation indicates that to clarify the critical issue of
effective wall thickness and Young’s modulus of SWCNTSs, further investigations
are definitely required.

0.34}a

0.30

=1
=]
L

o
[
=]

o
[
wh

The Effective Thickness (nm)

0.10

1 1.5 2 2.5 3 35 4 4.5 5 5.5 6
Young's Modulus (TPa)

Fig. 9.1 A comparison of the scattered values of effective wall thickness and Young’s modulus
of SWCNTs in the literature. Dots numbered are from the papers listed below. 1: [109]; 2: [124];
3: [103]; 4: [94]; 5: [63]; 6: [90]; 7: [35]; 8: [101]; 9: [72]; 10: [48]; 11: [39]; 12: [110]; 13: [62];
14: [6]; 15: [23]; 16: [28]; 17: [34]; 18: [87]
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9.2.1.2 Bending and Kinking

Carbon nanotubes are exceptionally flexible and their deformation is reversible
even under a large deflection because of their high bond-breaking resistance
[27,109]. Molecular dynamics (MD) method has been used for numerical simu-
lations [54,109]. However, an MD simulation is time consuming and computation-
ally expensive, and cannot bring about an analytical model to capture the inherent
links of mechanics quantities. In this section, we will use continuum mechanics
to establish an analytical model for characterizing the bending and kinking of an
SWCNT subjected to an external bending moment M as illustrated in Fig. 9.2
(top) [95].

When M increases, an SWCNT bends and flattens, as both experiments and MD
simulations in the literature have shown. Similar to the deformation of a continu-
ous tube [113, 120], the flattening of the SWCNT’s cross-section during bending
before kinking can be described by a flattening ratio, { = (R. —R) /R., where R
is the initial radius of the tube’s mid-surface and R, is the current radius varying
with the bending angle y. The normal and tangential displacements are approxi-
mately determined by w = R cos26 and v = —R( (sin26) /2, respectively. Once
kinking starts, the nanotube becomes a mechanical mechanism and an analytical
solution can be formulated [95]. At this deformation stage, however, the van der
Waals force must be considered to account for the interaction between the opposite
walls of the nanotube when they approach each other. The magnitude of the force

y
M(y) [2R[L___
A=wyl2 X
|
/ /
y 25
B
gz 2 »
T MD moded in lijima et al ——="
= 15 -~
8
2 1
= Present model
o 0.5
x
0
z 0 10 20 30 40 50 60

Bending angle (degrees)

Fig. 9.2 Top: a continuum bending model with kinking; Bottom left: shape change of the tube
cross-section during bending; Botfom right: bending angle vs. energy
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depends on the distance between atoms. For large distances, the van der Waals force
is attractive, but when the separation between atoms is below the equilibrium dis-
tance of 3.42 A, it becomes strongly repulsive. With increasing the bending angle,
the top and bottom parts of the kink get closer to each other, and at certain stage this
distance remains unchanged upon additional bending, because there are no external
normal loads applied on the walls to prevail over the repulsive van der Waals forces.

It was found that bending of a carbon nanotube without local kinking can hold
up to the point of Y = 25.58°. When kinking happens, the absorbed energy during
bending becomes almost linear and the corresponding bending angle is almost con-
stant. As kinking develops, the equilibrium distance of 3.42 A is quickly reached.
Tijima et al. reported that the kinking of a nanotube of radius R = 6 A occurs at
an angle of about 27.8° [27]. Further development of the kink is associated with
an almost linear increase of the strain energy. The above mechanics model, when
applied to the same nanotube, almost gives rise to the same critical bending angle
of 27.9°. Comparing the strain energies, Fig. 9.2 (bottom right), the model produces
only slightly higher strain energy before kinking. At the point of kinking, the model
predicts the same drop in energy as the molecular dynamics simulation does.

The above mechanics analysis concludes that the prebuckling deformation of an
SWCNT involves the ovalisation of the tube cross-section and the post-buckling
deformation, but the process is influenced by flattening and van der Waals forces.

9.2.1.3 Deformation in Bundle Formation

MD simulations and experiments on SWCNT bundles have shown that individual
SWCNTs in a bundle are already deformed in an externally unstressed state because
of the intertubular van der Waals forces [11,45,84]. The SWCNTs are flattened, the
lattice constant decreases and the distance between the SWCNTs, called equilibrium
distance d, becomes smaller than the equilibrium distance between two graphite
layers (3.42 A). At a distance equal to d, the resultant forces of interaction between
the neighboring SWCNTs are zero; at a distance larger than d the nanotubes attract
each other; and at a distance smaller than d the intertubular interaction becomes
repulsive. It has been found that the faceting of the SWCNTSs in a bundle is radius-
dependent [84]: the cross-sectional distortion of SWCNTSs becomes noticeable when
their radii are large. As the bundle polygonization is caused by van der Waals forces,
it would be interesting to know their magnitude, their distribution on an SWCNT,
and their dependence on the SWCNT radius.

Here, we will combine molecular dynamics and continuum mechanics to reveal
the mechanical interaction between zigzag SWCNTs in a bundle without external
loading [96].

Consider the deformation of the central SWCNT in a long bundle under the
van der Waals forces p(0), as illustrated in Fig. 9.3. According to the thin shell
theory, a point on the mid-surface of the nanotube can undergo displacements in
the longitudinal, circumferential, and radial directions, i.e., u, v, and w, measured
from the undeformed geometry. Zero displacements correspond to an isolated SW-
CNT with no forces acting on it. As the length of an SWCNT in a bundle is much
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Fig. 9.3 The central SWNT 17l
in a bundle and the notations
used in the continuum me- V-

chanics model 4

Fig. 9.4 Cross-sectional view
of the deformed (36,0) SWNT
bundle obtained by the MD
simulation. The coordinate
unit is A

greater than its diameter and the van der Waals forces along the SWCNT axis can
be considered uniform, the SWCNT can be modeled as a ring of unit length un-
der plane-strain deformation with the longitudinal displacement u neglected. The
remaining displacements are the radial displacement w (positive outward) and the
tangential displacement v (positive in the direction of positive 6, Fig. 9.3). Using
the ring theory of continuum mechanics, Vodenitcharova et al. obtained an analyt-
ical solution, which shows the following deformation features of an SWCNT in a
bundle [96].

Figure 9.4 shows the typical deformation pattern of a (36, 0) SWCNT bundle,
where each dot represents a carbon atom on the cross-section of the bundle. It is
clear that the central SWCNT has been deformed significantly into a symmetrical
faceting shape.

The initial van der Walls interaction energy of the circular tubes in a bundle
is very small (2-4 meV per atom). This is in agreement with the results reported
by [45]. The strain energy induced during flattening was calculated as the differ-
ence in the minimum total energy of the bundle and the total energy of the isolated
undeformed nanotubes. It was found that the strain energy varies from 8.3 meV per
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Fig. 9.5 Distribution of the 0
van der Waals attraction on an

SWNT as calculated from the

continuum mechanics model

re I' .
flh-t JL(L Prin

atom for a nanotube with a radius of 7.05 A, to 7.2meV per atom for a nanotube
with a radius of 14.1 A. Obviously, the strain energy decreases with the increase in
radius, indicating that more energy is required to deform nanotubes of smaller radii.
The results show that the circumferential displacement v is negligible compared
with the radial displacement w, demonstrating that during the bundle formation the
nanotube atoms displace predominantly in the radial direction. Furthermore, the van
der Waals forces p(0) are attractive (negative sign means attraction) and attain their
maximum value ppx in the channels (Fig. 9.5) where the attraction between the
neighboring atoms of adjacent nanotubes is more significant, and attain their mini-
mum value pni, at the points of minimum intertubular distance where the attraction
is small. The radial displacement is outward even at the shortest distance between
the SWCNTSs. For radii greater than 11 A, the nonuniform inward displacement
dominates at the points of minimum intertubular distance. The bundle formation of
larger nanotubes is associated with a lower intensity of the attractive van der Waals
forces, but the values of both pyin and pnax are significant. For the nanotube radii
considered, pmax varies from —6 to —11GPa and py;, varies from —1 to —5 GPa.

The above analysis shows that at the formation of a bundle, without external
loads, the neighboring SWCNTSs attract each other, with the maximum attraction in
the channels and minimum attraction at the shortest distance between the SWCNTs.
The radius of SWCNTs plays an important role. The distance between SWCNTs
and cross-sectional distortion increase when the radius increases. An SWCNT with
radius smaller than 11 A will experience an overall expansion in a bundle.

9.2.2 Molecular Dynamics Modeling

9.2.2.1 Fundamentals

Molecular dynamics simulation has been widely used in characterising the mechan-
ical properties of materials and understanding their mechanisms of deformation on
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the nanometer scale [116, 117]. However, the simulations must be done carefully
to best represent the reality. First, it is important to select an appropriate interac-
tion potential that can effectively describe the deformation of a nanotube correctly.
Second, during a loading process, improper treatment of temperature rise can lead
to fictitious results. In molecular dynamics, heat conduction is accomplished via
the so-called thermostat atoms, using a thermostatting method. Adiabatic relaxation
method, isokinetic thermostatting, Andersen stochastic thermostatting, and Nose-
Hoover feed back thermostatting are some typical methods in the literature for tem-
perature conversion [14]. For small systems, the adiabatic relaxation method can
lead to a fluctuation of the vibrational-relaxation rate. In isokinetic thermostatting,
the temperature is maintained in different ways. For example, in the Berendsen ther-
mostat scheme with velocity scaling, the velocities of thermostat atoms are scaled
to fix the total kinetic energy. In the Gaussian feedback or Evans-Hoover scheme
with force scaling, however, the kinetic energy is monitored and information is fed
back into the equations of motion so that the kinetic energy is kept constant to dis-
sipate heat by controlling the thermostatting force. Velocity scaling [118, 119] has
been widely used because of its simplicity in implementation. For small time steps,
the Gaussian isokinetic method and velocity scaling method become identical [14].
However, on one hand, a very small time step will give an unusually high elonga-
tion speed. On the other hand, a small displacement step with a small time step will
be computationally expensive. The flaw in the isokinetic-thermostatting method is
that it is impossible to separate the effects of thermostatting on rate processes. The
other two schemes also have this limitation to a certain extent. Third, a system has
to be relaxed initially as well as during the simulation so that the velocities of the
Newtonian and thermostat atoms reach equilibrium at the specified temperature of
simulation; thus appropriate time step and displacement step have to be selected to
get a reasonable elongation speed. A natural question is therefore: Which simulation
scheme will be appropriate and effective for simulating the deformation of carbon
nanotubes.

In this section of the chapter, we will discuss some necessary details that are
central to a reliable simulation, such as the selection of potential, number of ther-
mostat atoms, thermostat method, time step, displacement step, and the number of
relaxation steps [51, 54].

Consider a single-walled armchair nanotube (10,10) with 100 repeat units along
the axial direction and a zigzag nanotube (17, 0) with 58 repeat units along the ax-
ial direction, both having a length of about 245 A. The interatomic forces will be
described by the Tersoff (T) potential [81, 83] and the empirical bond order poten-
tial — the Tersoff-Brenner (TB) potential [8, 9]. The simulations will be carried out
at 300 K with Berendsen (B) and Evans-Hoover (EH) thermostats and a time step of
0.5 fs. To examine the reliability of the simulations, we will carry out the analysis
using the following schemes:

Scheme I (S1). In this scheme, the first two layers of atoms on both ends of a car-
bon nanotube will be held rigid. The next four layers will be taken as thermostat
atoms and the remaining be treated as Newtonian atoms. First, the tubes will be
annealed at the simulation temperature for 5,000 time steps. Then the rigid atoms
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on both ends will be pulled along the axial direction at an increment of 0.05 A.
After each displacement step, 1,000 relaxation steps will be done to dissipate the
effect of preceding displacement step over the entire length of the tube.

Scheme 2 (S2). In this scheme, all atoms except the boundary ones rigidly held
will be treated as thermostat atoms. Fifty relaxation steps will be carried out after
each displacement step.

We find that simulation parameters have a remarkable influence on the results
[51]. For example, different schemes lead to significantly different stress-strain
curves and necking processes, as shown in Figs. 9.6 and 9.7. We conclude that
a simulation using Tersoff-Brenner potential and Berendsen thermostat with all
atoms as thermostat atoms (except the rigid ones) with 50 relaxation steps after
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Fig. 9.6 The stress—strain curves of (a) a (10,10) armchair SWCNT; (b) a (17,0) zigzag SW-
CNT using Tersoff and Tersoff-Brenner potentials. In the figure, TB(B-S1) is the calculation with
Berendsen thermostat following Scheme 1, TB(B-S2) is the calculation with Berendsen thermostat
following Scheme 2, and TB(B-S3) is the calculation as in TB(B-S2) but with a smaller displace-
ment step of 0.008 A. TB(EH) is the calculation with Evans-Hoover thermostat
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Fig. 9.7 Deformation of an
SWCNT when using Berend-
sen thermostat: (a) an arm-
chair tube (b) a zigzag tube (c)
necking that propagates along
a zigzag carbon nanotube

each displacement of 0.008 A is a reliable and cost effective method. We also found
that the Young’s modulus and Poisson’s ratio of (1) the armchair tube are 3.96 TPa
and 0.15, respectively, and (2) the zigzag tube are 4.88 TPa and 0.19, respectively.
The armchair tube can undergo a higher tensile stress compared with the zigzag
tube. Under tension, both armchair and zigzag nanotubes exhibit carbon chain un-
ravelling and one-atom chain at a strain of around 0.4.

9.2.2.2 Dynamic Properties and Ballistic Resistance

The dynamic properties of SWCNTSs have not been well understood, but they are
important for some potential applications such as in making light bullet proof vests
and shields or explosion proof blankets [16,50], because for these applications, thin-
ner, lighter, and flexible materials with superior dynamic mechanical properties are
preferred. The best material will have a high level of elastic storage energy that will
cause the projectile to bounce off or be deflected to reduce the effects of “blunt
trauma” on the wearer after being struck by a bullet. Currently, the Kevlar fiber
having a toughness of ~33 J/gm [97] is widely used in bullet-proof vests.

In this section, we will investigate the dynamic properties and ballistic resistance
of SWCNTs in terms of nanotube radius, position of bullet striking, bullet speed,
and energy absorbed by a nanotube for a particular bullet size and shape [55].

Consider SWCNTs (27,0), (18,0), and (9,0) of radii 10.576, 7.051, and
3.525 A, respectively, all having a length of ~75 A, fixed at one end to a
diamond surface. A piece of diamond having 1,903 atoms with dimensions
35.67 x 35.67 x 7.13 A’ is used as a bullet with its speed varying from 100—
1,500 m/s. The bullet dimension is selected in such a way that its width is larger
than that of the biggest tube considered above after flattening. The bullet is re-
leased from a target about 15 A from the center of the tube and moves at a
constant velocity in the horizontal direction (i.e., perpendicular to the nanotube
axis) as shown in Fig. 9.8. The tube performance is examined for bullet re-
leased with various speeds at various heights, &, using the classical molecular
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Fig. 9.8 Initial model for MD
simulation

nanotube

surface

Table 9.1 The maximum bullet speed, the maximum absorption energy, and the maximum tem-
perature of three different radii tubes when the bullet strikes the tube at various heights

h  (9,0) tube of radius 3.53 A (18,0) tube of radius 7.05 A (27,0) tube of radius 10.6 A

(A) Speed Absorption Temp Speed Absorption Temp Speed Absorption Temp
(m/s) Energy (eV) (K) (m/s) Energy(eV) (K) (m/s) Energy(eV) (K)

10 190 129.1 - - - -
20 360 139.9 360 2254 340 510.1
30 650 189.6 600 429.0 600 652.7
42 950 298.3 5239 870 616.0 416.7 850 781.8 381.8
50 1,080 291.2 523.0 1050 558.8 4212 1050 752.7 387.6
60 1,400 196.3 5332 1400 363.1 440.9 1450 670.2 416.8

dynamics (MD) method with a three-body Tersoff-Brenner potential [8, 9].
As pointed out previously [51], to minimize the heat conduction problem and
improve the computational efficiency, Berendsen thermostat will be applied to all
atoms except those rigidly held. At the beginning the energy of the SWCNTS is
minimized by the conjugate gradient method.

We find that the maximum speeds of the bullet that the tube can bear are given in
Table 9.1. When the bullet strikes the tube with a higher speed, the tube will break.
As the bullet strikes, the tube is indented, and the stress developed is passed along
the tube in both directions. When the bullet hits the tube below half of its length,
initially the stress is released by sagging and buckling near the base as shown in
Fig. 9.9a. (Hence, the bullet with high speed detaches the tube at the base because
of the dynamic effect.) Further stress developed causes the tube to flatten around the
bullet striking point and bend near the buckle as shown in Fig. 9.9b. The flattening
and bending continues until the bullet passes away. In this period, the stress is re-
leased mainly via the top end of the tube. When the bullet hits the tube above half
the length of the tube, initially the tube does not buckle near the base. This is be-
cause the stress developed is released via the top end. The upper portion of the tube
bent a little and the tube flattened where the bullet struck as shown in Fig. 9.10a.
Flattening and bending continued for some time; then the tube buckled near the base
and started to sag (Fig. 9.10b).

During the shooting process, the tube absorbed some energy. At high bullet
speeds the energy absorbed and the temperature of the tube increased with time,
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Fig. 9.9 A bullet strikes the
(9,0) nanotube at 20 A with a
speed of 360 m/s and traveled
by (a) 22.5 A in 6,250 fs and
(b) 45 A in 12,500 fs

nanotube

nanotube

reached a maximum value, and then decreased as shown in Fig. 9.11a, b. This means
that a portion of the energy is converted into thermal energy. But at lower bullet
speeds and when the bullet strikes the tube somewhere below half of its length, the
energy absorbed increased with time, became almost constant for some time and
then decreased (Fig. 9.12a), whereas the temperature of the tube did not change ex-
cept a little fluctuation within 10-15° as shown in Fig. 9.12b. The maximum energy
absorbed and the maximum temperature at high bullet speeds are also tabulated in
Table 9.1.

The velocity of the bullet for which the tube could be resilient, increases linearly
with the height at which it strikes the tube (Fig. 9.13a). At lower heights, the bullet
speed is low. As a result, the entire portion of the tube that is above the struck point
bend and flattens over a period of time as the stress is developed and released at
the same time. During this, the absorption energy of the tube is almost constant and
this is reflected by the nearly flat portion of the energy vs. time step curve shown in
Fig. 9.12a. However, all these happen in 1/100th of a nanosecond. The maximum
bullet speed for which the tube could bear is almost independent of the tube radii
when the bullet struck a tube at a particular height. Any one row of Table 9.1 clearly
shows this. The maximum absorption energy of the tube is high when the bullet
strikes the tube at half the length (Fig. 9.13b).

When the bullet strikes the tube with a high speed the maximum energy absorbed
by the tube increases with the tube radius. However, the maximum temperature of
the tube decreases with the tube radius (Fig. 9.14a, b). This means when the bullet
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the (9,0) nanotube at 50 A T
with a speed of 1,050 m/s A e
and traveled by (a) 52.5 A __’ a4
in 5,000fs (b) 65.625 A V=1050 m/s

in 6,250 fs

Fig. 9.10 A bullet strikes bullet .

o,

bullet

hits the small tube with high speed, more energy is converted into thermal energy.
However, we find that the thermal energy kT (where k is the Boltzmann constant) is
only about 0.01% of the calculated absorbed energy. Energy absorption behaviour
is often characterized by the absorption efficiency &€, which can be defined as, € =
W /(FmaxL), where W is the absorbed energy at a given deflection L and Fj,x is the
maximum load received by the tube up to this deflection. Although the absorption
energy of the tube increases linearly with radius, the calculated absorption efficiency
of all three tubes are nearly equal (~0.08) when the bullet strikes the tube at the
same speed.

In summary, the above study shows that carbon nanotubes could bear projectiles
travelling at comparable speeds (200—1,400 m/s) of typical rifle bullets. For a partic-
ular bullet, the bearing speed of the tube increases linearly with the height at which
it strikes the nanotube, and it is independent of the tube radius when it strikes the
tube at a given height. On impact, the tube absorbs more energy when the bullet is
released at a height that is nearly half the length of the tube. At a given bullet speed,
the absorption efficiency of a nanotube is independent of the tube radius.
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9.3 Nanotube-Reinforced Composites

9.3.1 Stress Transfer

As carbon nanotubes (CNT) have a highest axial strength and modulus among all
existing whiskers [64,74, 88, 115], they have been considered a promising reinforc-
ing material for composites, if a large interfacial bonding strength with a matrix
can be achieved for a great load transfer. Some studies on a number of CNT-
reinforced polymer composites have discussed the CNT-matrix interfacial bonding
strength. For example, Wager and coworkers claimed that a strong CNT-polymer
adhesion and a high interfacial bonding strength in a CNT/polyurethane system
were attributed to a “2 + 2" cycloaddition reaction between the tube and the poly-
mer [46, 98—-100]. Using the traditional Kelly-Tyson model [30], Wagner showed
that the interfacial bonding strength in a CNT composite is higher than that in a fiber-
reinforced composite, although this model is unable to demonstrate the distribution
of the tensile and interfacial shear stresses along a tube under an external load-
ing [98]. Liao and Li used molecular mechanics to simulate a pull-out process in an
SWCNT-polystyrene system and reported that the interfacial bond strength could
be up to 160 MPa even without considering the chemical bonding between the tube
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and matrix [41]. Qian and coworkers also found the significant load transfer ability
of CNTs under tension [67, 68]. However, in a transmission electron microscopy
study on an aligned nanotube-epoxy composite, Ajayan et al. indicated that the in-
terfacial bonding between a CNT and epoxy matrix was weak [1]. Using Raman
spectroscopy, Schadler et al. concluded that the interfacial bonding was very weak
when a multiwalled CN'T/epoxy composite was under tension [71].

To obtain a deeper understanding, Xiao and Zhang developed a mechanics model
to investigate the effects of length and diameter of an SWCNT in an epoxy matrix
on the load transfer behavior [105]. On one hand, they found that the shear stress
along a tube reaches its maximum value at the two tube ends and becomes zero
at the middle. Therefore theoretically, to obtain a sufficiently large load transfer,
a nanotube’s length should be over 200-500 nm. On the other hand, tensile stress
starts to build up at the two ends of a nanotube and reaches its maximum at the
middle. To have an effective reinforcement, tube length must be sufficiently long to
make full use of its high tensile strength.
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Because the bonding between inner and outer tubes of a multiwalled carbon
nanotube (MWCNT) is weak [111, 112], inter-wall sliding may occur. Thus, an
MWCNT may be approximately treated as an SWCNT in a composite system with
a greater wall thickness.

Under two extreme nanotube—matrix bonding conditions, an SWCNT-reinforced
composite can fail in two modes. On one hand, when the bonding is weak, the nan-
otube will be pulled out as the maximum shear stress at the two ends of the tube
reaches the bonding strength. In this case, because a large amount of energy will
be absorbed by the pull-out, the composite will exhibit good fracture toughness but
a low tensile strength. On the other hand, if the interfacial bonding is very strong,
the build-up of the interfacial shear stress will bring about a high tensile stress in
the tube, resulting in the tube breakage as discussed before. In this case, the com-
posite has a high tensile strength but a poor toughness. Therefore, modifying the
interfacial bonding strength can lead to a property balance between tensile strength
and toughness. The large stress transfer efficiency of a CNT-reinforced composite
indicates that the improvement of its toughness can be achieved at a less loss of its
tensile strength, and vice versa, by tailoring the interfacial bonding strength. These
cannot be achieved by the usual fiber-reinforced composite [29].

The above mechanics was based on two basic assumptions: (1) the loading is in
the SWCNT axis and (2) the SWCNT-matrix bonding is perfect. These are techni-
cally impossible. In the following sections, we will discuss some effects of varia-
tions to these idealised situations, such as alignment and chemical bonding.

9.3.2 Nanotube Dispersion and Alignment

It has been found that if carbon nanotubes can be well aligned and dispersed in a
matrix, tailored properties of composites can be achieved. Currently, the dispersion
of entangled nanotubes is ineffective, usually by sonication in a solvent such as
acetone. Although a prolonged sonication can separate nanotubes by breaking them
into short pieces [44], it produces defects and causes thermal degradation of the nan-
otubes at the same time [33]. Short nanotubes are not desirable because they cannot
maximize the stress transfer ability [105], which is an important factor for making a
composite of strong reinforcement. To align carbon nanotubes in polymer matrices,
some methods have been proposed, including the melt-processing [21], mechani-
cal stretching [42], slicing [1], spin coating [108], extruding [15, 86], and magnetic
field-oriented processing [31].

Xiao and Zhang developed an effective mechanical method to simultaneously
separate and align long, entangled carbon nanotubes in epoxy matrices by making
use of the effect of matrix viscosity on the microstructures of the composites [106].
They found that to effectively disperse and align nanotubes, the matrix viscosity
must be sufficiently large so that high mechanical stresses can be transferred to
nanotubes. To this end, they added matrix hardener and then placed the mixture
between two parallel rotating disks and applied a continuous steady shear at the
rate of 0.22s~! at 40°C until the viscosity of the composite increased to above
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6 x 10*Pa s. The composite was further cured in situ to ensure that the nanotubes
remained in their aligned direction.

The TEM image in Fig. 9.15a shows that the nanotubes were aligned in the shear
direction, as expected. The orientation distribution of the nanotubes is displayed in
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Fig. 9.15 (a) Nanotubes aligned in the shear direction (from left to right); (b) Orientation distribu-
tion histograms for the composite after alignment; (¢) A cross-sectional view of aligned nanotubes
in matrix (some are indicated by white arrows). Note that the nanotubes were well dispersed in the
matrix
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Fig. 9.15b, which shows that about 75% of the nanotubes are aligned within +30°
along the shear direction. The cross-section of the specimen perpendicular to the
nanotube alignment direction, Fig. 9.15c, clearly shows that the nanotubes, while
well aligned, have been uniformed dispersed in the matrix.

9.3.3 Nanotube-Matrix Interface Bonding

Compared with carbon fibers, carbon nanotubes have many superior mechanical
properties and their aspect ratio is much greater, which is preferable in making
a stronger composite. As such carbon nanotubes are being considered in place
of fibers for reinforcing polymers. However, reports on the relevant properties of
nanotube-reinforced composites have been confusing and often conflicting. Some
researchers [7, 69, 78] claimed to have obtained good improvement in fatigue re-
sistant, fracture toughness, and tensile strength, but some others [37,38] found that
the use of nanotubes had actually reduced the composite strength. These conflict-
ing results were mainly due to the lack of mechanism understanding of nanotube—
matrix interface bonding. The theoretical rationale for the chemical bonding was not
verified.

Mylvaganam and Zhang used the density functional theory to study the possi-
ble chemical bond formation between a model polyethylene chain radical and a
model nanotube [52, 53]. They investigated the following four structures: Model
I (C¢o—CsH;;®), a fullerene having 60 carbon atoms and a pentyl radical with
unpaired electron on the third carbon atom; Model IT (CgoH0—CsH;;°®), a (5,0)
nanotube segment having 60 C atoms with hydrogen atoms added to the dangling
bonds of the perimeter carbons and a pentyl radical as in Model I; Model III
(CesHop—CsH;;®), a section of a (17,0) nanotube sidewall consisting of 23 hexagons
with 20 hydrogen atoms added to the dangling bonds of the perimeter carbons
(i.e., Ce4Hpp) and a pentyl radical as in Model I; and Model IV (CgoH;0—C7H4°°),
a (5,0) nanotube segment used in Model II and a C7H4 biradical with unpaired
electrons on the second and sixth carbon atoms.

Mylvaganam and Zhang found that the covalent bond formation between alkyl
radicals and carbon nanotubes is energetically favorable, that the reaction may take
place at multiple sites of nanotubes, and that the reaction is more favorable with
tubes of a small diameter [52, 53]. As alkyl radicals are good representatives of
polyethylene chain radicals, it may be possible to form multiple covalent bonds be-
tween polyethylene chain radicals and nanotubes. They therefore concluded that one
way to improve the load transfer of carbon nanotube/HDPE composite via chemical
bonds at the interface is to use free radical generators such as peroxide or incorporate
nanotubes in the in situ polymerization. This offers a direct guideline on the basis
of an established free radical polymerization scheme for making composites with
strong carbon nanotube—polyethylene interfaces and high stress transfer ability.

Mylvaganam and Zhang [56] and Mylvaganam et al. [59] discovered that the de-
formation of a carbon nanotube can promote its chemical reactivity with hydrogen
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and alkyl radicals. A tube deformed by central loading and compression can bind
atoms and radicals strongly at the ridges when the strain energy is as low as
~2 kJ /mol. Pure bending shows a much stronger binding when the strain energy is
little higher than 2 kJ/mol. A nanotube under torsion also shows strong binding al-
beit at high strain energy and high applied force than pure bending. Thus mechanical
deformations in composite blending can promote reactivity with nearby chemical
species without adding specific chemical reagents to functionalize the nanotubes.

9.3.4 Wear and Friction

Relatively, very few studies have been carried out on the tribological properties of
CNT-polymer composites [2, 10, 12, 19, 125]. Zoo et al. reported that an addition of
0.5wt% CNTs to an ultra-high molecular weight polyethylene could significantly
reduce the wear loss of the composite but increase its friction coefficient [125].
It was considered that this was mainly caused by the increased shear strength of the
composite. An et al. acknowledged an improved wear and mechanical properties of
alumina-based composites containing CNTs up to 4 wt%, though without a mecha-
nism explanation [2]. Chen et al. believed that the favorable tribological properties
of a CNT-polytetrafluoroethylene composite was due to the high strength and high
aspect ratio of the CNTs [12]. They commented that the CNTs might have been
released from the composite during sliding, which then prevented direct contact of
worn surfaces and hence reduced both the wear rate and friction coefficient. How-
ever, no direct evidence was given. Cai et al. reported that the contribution of CNTs
in a polyimide composite was to restrain the scuffing and adhesion of the polyimide
matrix in sliding, providing a much better resistance than the neat polyimide [10].
In this section, we will take CNT-reinforced epoxy as an example to explore
the role of CNTs in the wear of the composite. The multiwalled CNTs used were
prepared by chemical vapor deposition (provided by Nanolab) with their diameters
ranging from 10 to 25 nm and their lengths from 10 to 20 um (Fig. 9.16). Details
of experiments have been described by [121]. Because the dispersion of the CNTs

Fig. 9.16 CNTs in the ini-
tial state
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Fig. 9.17 The CNTs in a epoxy composite before a wear test

in epoxy was not absolutely uniform, particular attention was placed to monitor the
coverage area ratio of CNTs to matrix on a pin surface, R /. In addition to those
randomly cut, a special group of pins with a specific R.,, > 0.25 were prepared to
explore the effect.

Figure 9.17 is a typical image showing the structure of the composite before
wear testing. It is clear that the CNTs in the composite have the same structure as
that supplied (Fig. 9.16), demonstrating that the morphology and structure of the
CNTs were not altered by the composite preparation process.

Results of the wear tests are presented in Fig. 9.18a. The phenomenon of running-
in wear is obvious for both the pure epoxy and the nanotube-reinforced epoxy com-
posite. A stable wear then takes place after a sliding distance of about 2,000 m. The
wear rate at this stage was 16 x 10~*mm?3 /m for the pure epoxy. It is clear that
an addition of only 0.1 wt% nanotubes to the epoxy matrix dramatically reduces
the wear rate. The samples with R/, < 25% had a wear rate of 8 x 10~ *mm? /m,
which is over 1.7 times lower than that of the pure epoxy. These samples had rough
surfaces as presented in Fig. 9.19a. Brittle fragments and multiple microcracks were
evident, indicating that the material removal was via brittle fracture. More signifi-
cantly, the samples with R;/, > 25% had a remarkably lower wear rate (see the
bottom curve with triangular dots in Fig. 9.18a), with an extremely small weight
loss up to a sliding distance of 1,700 m. The wear rate upon further sliding kept low,
varying in the range of 0.05 x 10 to 2 x 10~*mm? /m, about 3.2 times smaller than
that of the sample with R./, < 25% and 5.5 times lower then that of pure epoxy.
The surface of these samples appeared very smooth. A more close look at the sur-
face topography (Fig. 9.19b) did not detect a single brittle fragmentation, which
seems to suggest that the mechanism of the materials removal in the wear process
was ductile. The electron micrograph of the worn surface, Fig. 9.19c¢, clearly indi-
cates that the CNTs covered the surface greatly slowed down the wear process of
the epoxy matrix.

The coefficient of friction for the composites with R./, > 25% was much lower
(Fig. 9.18b) for all sliding distances checked. Again, the surface microstructure, as
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Fig. 9.18 Effect of CNTs on (a) wear resistance; (b) coefficient of friction

shown in Fig. 9.19¢ and to be discussed later, suggests that the CNTs exposed to
the sliding interface were acting as a solid lubricant at the sliding interface which
reduced the coefficient of friction. After a wear test, a specimen surface subjected to
sliding became very shining and smooth. For the composite with R./,, < 25%, the
coefficient of friction varied. A further study is necessary to clarify the mechanism.

Figure 9.19c¢ gives the distribution of CNTs on a sample’s surface with a high
R, /m- The high concentration of CNTs, most with bamboo structures, is obvious.
The exposed length of CNTs varies from 100 to 400 nm, and it is evident that the
fragmentation of CNTs during a wear test did take place, maybe caused by the high
contact stress and abrasion at the sliding interface, because many CNTs no longer
have their caps (see CNTs 1-9 in Fig. 9.19c¢). The orientation of the CNTs with a
short length exposed to the sliding surface scatters, but those with longer exposed
lengths have obviously been aligned along the sliding direction of the wear test
(from right to left in Fig. 9.19¢). The fragmentation of the CNTs was also coupled
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-

fragment ~

Fig. 9.19 Sample surfaces after wear test (sliding distance 2,500 m) (a) R /m < 25%; (b—¢) Re/m >
25%; (a=b) surface topography; (c) electron micrograph
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with sever deformation of the walls. The removal of the CNT caps seems to occur
always at the end exposed to the sliding surface. The above observation suggests the
following wear mechanism. At the first stage of sliding wear, the epoxy matrix at
a sample’s surface was removed in a brittle mode. The CNTs were then exposed to
the sliding interface. Because the CNTs have a high strength, they reduce the wear
rate significantly. Nevertheless, the CNTs underwent severe deformation leading to
the removal of their caps and distortion of their walls. Meanwhile, the rotation of
the steel disk aligned the CNTs along the sliding direction. As a result, the structure
seen in Fig. 9.19c was formed with aligned capless CNTs.

The above investigation into the wear of CNT-reinforced epoxy composites
brings about the following conclusions. The surface coverage area of CNTS, R; /.
plays a significant role in the wearability of the composites. With R, > 25%, the
wear rate can be reduced by a factor of 5.5. The improvement of the wear resistance
of a high R./,, composite was due to the CNTs exposed to the sliding interface,
which protected the epoxy matrix effectively. The exposed CNTs also reduced the
coefficient of friction significantly.

9.3.5 Stress-Induced Structural Change of Nanotubes

This section will discuss the deformation and structural transformation of CNTs in
an epoxy composite when subjected to contact sliding [114].

The CNTs in the epoxy composite before contact sliding is presented in Fig. 9.20.
The CNTs have a bamboo structure. Most of them are not deformed and have
smooth walls and closed caps (Fig. 9.21a). Some CNTs are buckled (Fig. 9.21b),
which could have occurred as a result of bending of CNTs above certain critical
curvature [36].

The situation became different after contact sliding. Most CNTs were fragmen-
tized to segments of 100—400 nm after a wear test. The CNT walls were no longer
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Fig. 9.20 CNTs in composite: (a) before wear test; (b) after wear test
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Fig. 9.21 Microstructure of CNTs before wear test: (a) Note closed caps of CNTs and undistorted
walls; (b) Note buckling of some CNTs walls

smooth, and with atomic distortion and dislocations. These types of permanent de-
formation of the walls due to the repeated interaction of composite with the asper-
ities of the steel disk in the contact sliding of the wear test led to the outer shell
breakages of the CNTs [36]. More interestingly, nanoparticles were detected in the
composite after wear tests. These nanoparticles were similar to those obtained by
electron irradiation [91] or by ball milling [40]. Some nanoparticles were partially
connected to CNTs proving that CNTs were their parents. For example, one side
of nanoparticle marked as 1 in Fig. 9.22a is connected to the wall of a nanotube.
However, the second side, marked as 2, has no connection with CNT. Rupture of
this wall of CNT with following closure created nanoparticle with elliptical shape.
According to Li et al. the closure of nanoparticles can be due to the deposition of
small grapheme sheets, eliminating dangling bonds, on the fractured sites [40]. The
nanoparticles can be seen in more details in Fig. 9.22b. It features 12 nm in outer
diameter, 5 nm in inner diameter and composition of 12 shells. Both outer and inner
shells are imperfect with unclosed deformed shells.

Nanoparticles having been broken away from their parent CNTs were of two
main kinds. Some of them were with faceted or partly faceted walls (Fig. 9.22c¢).
These nanopatricles had an inner diameter of 5-8 nm and a moderate number of
shells 15-18. Besides that, spherical nanoparticles resembling an onion-like struc-
ture were obvious (Fig. 9.22d). The difference between nanoparticles in samples
after wear tests and onion-like nanoparticles described by Ugarte was in presence
of inner amorphous core of 4-5 nm and a large number of defects located in particle
shells [92]. The outer and inner shells were not continuous as in the case of irradi-
ated nanoparticles. Iijima pointed out that the onion-like nanoparticles are the most
stable form of nanoparticles [26]. An irradiation treatment transforms metastable
faceted nanoparticles to more stable circular onion-like particles. In this way, the
system is stabilized by the energy gain from the van der Waals interaction between
shells [91]. In our case the transformation from faceted particle to onion-like par-
ticle could happen not because of irradiation but due to deformation taking place
during the wear test. It is possible that sharp corners between facets act as stress
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Fig. 9.22 HRTEM images of nanoparticles on the sample’s surface after wear test. (a) A nanopar-
ticle; note that the nanoparticle is connected with the CNT from the side marked 1 and lose its
connection with the CNT at the side marked 2; (b) The nanoparticle in more details; (c) A faceted
nanoparticle; (d) An onion-like nanoparticle

concentrators during composite-disk interaction in contact sliding and round shape
particles are formed. The mechanical deformation can also destroy some shells, and
as a result a lot of defects are formed in the inner structure of the nanoparticles.

9.3.6 Rheological Properties

The relationship between processability and performance is an important issue
in the manufacture of CNT composites using the melt blending technique. Like
the composites reinforced by whiskers or carbon fibers, the addition of CNTs
to a polymer involves profound processing-related difficulties due to increased
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viscosity. There is usually a limited processing window, in terms of processing
conditions, which gives attractive properties and hence an in-depth understand-
ing of the rheological behavior of the materials is necessary. A few investigations
on dynamic frequency sweeps [43, 49, 65, 66, 73] have been reported using melt
processed thermoplastic polymer/CNT composites, whose matrices include poly-
carbonate [43, 65, 66], polypropylene [73], and polyamide-6 and its blends with
acrylonitrile/butadiene/styrene [49]. These studies found that the complex viscos-
ity continuously decreases with increasing frequency while storage modulus G’ and
loss modulus G” increase. A characteristic change in the rheological behavior with
increasing nanotube content was also found for temperatures well above the glass
transition or melting temperature, referred to as the percolation threshold or gelation
point in relation to fluid-to-solid, fluid-to-gel transition or a combined nanotube-
polymer network.

In this section, we will discuss the rheological behavior of a low density poly-
ethylene (LDPE) composite reinforced by multiwalled carbon nanotubes [107].

Figure 9.23 shows the variation of the complex viscosity |17*| of the composites
as a function of sweep frequencies. Compared with the neat LDPE, the compos-
ites, in particular those with high nanotube contents, have much greater viscosities.
A Newtonian plateau at low frequencies is clearly visible up to 3 wt% nanotube
content. At a higher content, the plateau vanishes and the composites show a strong
shear thinning effect. The viscosity almost decreases linearly with increasing the
frequency, but the reduction gradient becomes greater when the CNT content in-
creases. As a result, viscosity difference of the composites from the pure LDPE at
the high frequency region becomes small. This, as to be discussed later, may imply
a structural change in the composites.

Tand is sensitive to the structural change of the materials, as shown in Fig. 9.24.
A viscoelastic peak occurs at the frequency of about 1rad/s and disappears with
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Fig. 9.23 Complex viscosity n* of the composites as a function of sweep frequencies
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Fig. 9.25 Variation of tand with the nanotube content at different frequencies

increasing CNT content, showing the material becomes more elastic. This is also
a characteristic when a viscoelastic fluid experiences a fluid—solid transition. Gela-
tion as an example for such a fluid—solid transition has been extensively described
by Ewen et al. [18]. At the gelation point, tand is expected to be independent of
frequency. With the present composites, such transition occurs at CNT content be-
tween 3 and 5 wt%. In the postgel stage, tand increases with frequency, indicating
a dominating elastic response of the material. CNT content at gelation point can be
estimated more accurately from a multifrequency plot, as shown in Fig. 9.25. Tand
decreases with frequency and all curves intersect at nearly a single point where tand
becomes frequency-independent. Thus the gelation composition of the present com-
posites, Cg, can be estimated to be 4.8 wt%, beyond which a continuous CNT-CNT
network forms in the composites [70].
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Fig. 9.26 A comparison of the complex and steady shear viscosities

The steady shear property of a material is important to the processing of a ma-
terial and is often estimated by the empirical Cox-Merz rule, which states that the
steady shear rate viscosity and complex viscosity are closely super-imposable for
numerically equivalent values of shear rate and frequency. Kinloch et al. investi-
gated steady shear properties of aqueous MWCNT dispersions [32], although there
are no such measurements reported in polymer matrix composites. They found that
Cox-Merz rule is no longer valid in these aqueous MWCNT dispersions and steady
shear viscosity is a few orders of magnitude lower than complex one. The similar
phenomenon was also reported in other composite systems [76]. Figure 9.26 gives a
comparison of these two viscosities. It is clear that the Cox-Merz rule holds when the
CNT content is low but becomes inaccurate when the content gets higher at which
the composite is more solid-like. The composite with 10 wt% CNTs shows a rapid
decrease in steady shear viscosity when the shear rate increases. The torque traces as
a function of shear rate for the composites are displayed in Fig. 9.27. A torque peak
appears at a high CNT content (e.g., 5 and 10 wt%), and reaches a steady state with
increasing shear rate. Generally, the maximum torque value shifts to a low shear
rate with increasing CNT content. It is, therefore, clear that the optimal processing
condition changes significantly with the variation of the CNT content. On one hand,
a low shear rate is preferred to achieve a low torque for composites with low CNT
content. On the other hand, for a composite with a high CNT content (e.g., 10 wt%),
which has a high initial viscosity (Fig. 9.26), it is easy to be processed at a high
shear rate.

Figure 9.28 shows the variation of stress ¢ as a function of the strain €. Below the
gelation point of 4.8 wt%, o increases with € and levels off at high € values. How-
ever, it should be noted that even at the upper measurement limit of € = 107, & does
not completely reach a plateau (a typical indication of yielding). Kinloch et al. ob-
served an obvious stress yielding in aqueous CNT dispersions [32], which occurred
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Fig. 9.28 Stress-strain relationships for the composites at various MWCNT loadings

in a shear rate range from 1 to 100/s (corresponding to a strain of 8.5 x 107 in this
work) when the CNT content changed from 0.5 to 9.2 vol%. In aqueous suspen-
sions of single wall carbon nanotubes, Hough et al. found that stress yielding is
composition dependent and the higher the nanotube content, the lower the yielding
strain is [24]. The yielding plateaus in these suspensions existed below € = 10. They
also concluded that the elasticity of nanotube networks originated from the bonding
of nanotube rods rather than from stretching or bending of the tubes. A plausible
explanation for this yielding behavior was proposed for flocculated networks by
Barnes [5]. He argued that under shear (or strain) the network broke down into
floccs. As the rate is increased, the floccs break into smaller floccs, which require
less stress to flow, keeping the stress virtually constant with increasing shear rate or
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strain. On the basis of this explanation, it is easy to understand that in these aque-
ous suspensions interaction between nanotube networks dominates and it is weak.
Therefore, stress yields at a quite low strain or shear rate value. In MWCNT-PE
composites with tube content below C,, where the materials are viscous fluid-like,
the interaction of PE-PE molecular networks is stronger than either that of MWCNT-
MWCNT networks or that of PE-MWCNT networks. Consequently, a larger strain
is required to break down these PE networks. With further increasing nanotube con-
tent beyond C,, where materials becomes solid-like and the number of weak PE-
MWCNT and MWCNT-MWCNT networks increase, stress yield occurs at a lower
strain value.

The above results show that the stress yielding behavior in polymeric composites
is not completely the same as that in aqueous nanotube dispersions [24, 32], floc-
culated networks [5], the gel made of hydroxyl-12 stearic acid in nitrobenzene [80]
and aqueous suspensions of steroid nanotubules [79]. The result does not show a
plateau but a decrease in stress when nanotube loading is larger than C. This indi-
cates that the breaking down and recovering processes of the three networks in these
MWCNT loadings should be different from those with a plateau.

The above discussion shows that the dynamic mechanical moduli and viscosity
increase with the incorporation of MWCNTs into PE. The materials experience a
fluid—solid transition at a gelation composition of Cg = 4.8 wt%, where a continu-
ous MWCNT network form. It was also observed that Cox-Merz rule is still valid
in the MWCNT-PE composites in fluid-like composition region but becomes inac-
curate beyond C,. The processing property of the composites depends strongly on
nanotube concentrations and a proper selection of shear rate can reduce torque value
in the mixing of the MWCNTs with PE. It was also found that the PE-PE network
is more difficult to be broken down under shear than the network of PE-MWCNT or
MWCNT-MWCNT. There exists a strong composition-dependence of stress yield-
ing behavior. However, this yielding in the composite systems studied in this section
does not show a typical stress plateau as observed in many other materials.

9.4 Concluding Remarks

This chapter has discussed some fundamentals of the mechanics of carbon nan-
otubes and their composites, including the effective wall thickness of a single-
walled carbon nanotube for continuum mechanics modeling, its mechanisms of
bending and kinking, the essentials for reliable molecular dynamics simulations,
the possibility of chemical bonding and deformation-promoted reactivity, dispersion
and alignment, stress transfer, and the rheological behavior of nanotube-reinforced
composites. It is clear that studies along the line are far from sufficient, particularly
in the areas of nanomechanics modeling using continuum mechanics, improvement
of interface bonding strength, tribological properties and mechanisms, and develop-
ment of efficient methods for aligning nanotubes.
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There are different views on the mechanical characterization of CNTs and their
composites. For instance, some researchers think that there is no need to clarify
the effective wall thickness and Young’s modulus of CNTs, because one may use
other parameters in a specific application, e.g., using bending stiffness. The author
believes that the effective wall thickness and Young’s modulus are the most fun-
damental mechanics quantities for modeling using the well-established continuum
mechanics theory. Bypassing the basics in specific case studies cannot verify, at
the grassroots level, the applicability of continuum mechanics theory to nanoscopic
analysis [17,58].
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Chapter 10
Microbridge Tests

Tong-Yi Zhang

10.1 Introduction

With wide applications of thin films in microelectronic devices, microelectro-
mechanical systems (MEMS), and nanoelectromechanical systems (NEMS), thin
films have attracted great interest from academics and industrialists. In general, thin
films have different mechanical properties from their bulk counterparts [3, 16, 23].
The mechanical properties of a thin film, such as its Young’s modulus and residual
stress, are essential and necessary input information for detailed design and analy-
sis of MEMS and NEMS devices. Mechanical characterization of thin films has
in fact become one of the most important challenges in the development of mi-
cro/nanotechnologies and a very active area of research, as illustrated by the fact
that the US Materials Research Society has organized 11 symposiums on the sub-
ject since 1988. The major difficulty encountered in the mechanical characterization
of thin films is that they are not amenable to testing by conventional means because
of their sizes and configurations. Therefore, various novel characterization meth-
ods have been developed, such as micro/nanoindentation tests [15,24,41,44], bulge
tests [35], bending tests with one fixed end [29] and with two fixed ends [22, 45],
tensile tests [10], etc.

The MEMS/NEMS fabrication technique has made it possible to fabricate mi-
cro/nanobeams. If only one end of the beam is fixed, it is called a cantilever beam.
A micro/nanobeam with two fixed ends is called a micro/nanobridge. A load and
displacement sensing nanoindenter or atomic force microscope is a perfect load-
ing machine to be used in the bending test on cantilever micro/nanobeams and mi-
cro/nanobridges. We call the bending test on micro/nanobridges as the microbridge
test. Especially, employing a microwedge tip with its wedge size larger than the
width of a tested microbeam in the bending test makes one-dimensional analysis of
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Fig. 10.1 (a) Depiction of the microcantilever test and (b) the microbridge test

the deformation behavior more appropriate [8]. Figure 10.1 schematically shows the
bending test on a cantilever micro/nanobeam and the micro/nanobridge test. Homo-
geneous residual stresses, if any, in thin films bonded on substrates are completely
released in cantilever beams. Inhomogeneous residual stresses may cause cantilever
beams bent, wrinkled, or/and curled severely, therefore rendering them useless for
the bending test. In contrast, homogeneous residual stresses in thin films bonded on
substrates are not released in the length direction of microbridge beams because of
the two fixed ends. That is why the microbridge test is able to characterize residual
stress in a film.

When conducting a load—deflection test on a thin film, one has to consider the
influence of substrate deformation. Fang and Wickert investigated the methods for
the determination of the mean and the gradient of residual stresses in a microcan-
tilever [12]. They considered the stress state in the still bonded film and found that
the analytical ideal boundary conditions, i.e., the simply supported and clamped
boundary conditions, might not completely reflect the real boundary conditions.
In microcantilever bending tests, Baker and Nix found that the slope of the beam
deflection vs. the applied load consisted of two terms [2]. One term was due to
the beam deformation and directly proportional to the cubic of the beam length,
while the other was due to the substrate deformation and directly proportional to the
square of the beam length. The influence of substrate deformation makes the appar-
ent length of the beam larger than its real length when the solution without including
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substrate deformation is used to fit the experimental results. Similar phenomenon
was observed by Wong et al. [39] when conducting cantilever-bending tests on sili-
con carbide nanorods and multiwall carbon nanotubes. An extra length up to 50 nm
must be added to the original distance between the loading-point and the fixed end
to let the measured slope of the beam deflection vs. the applied load fit the equa-
tion without considering the substrate deformation [39]. Zhang et al. theoretically
studied the effect of substrate deformation on the microcantilever beam bending
test [46]. In general, there are two ways to eliminate the influence of the substrate
deformation. One approach is to use a rigid substrate in experiments, which means
the elastic constants of the substrate should be one or two orders higher than those of
tested micro/nanobeams. An alternate and practical approach is to develop a model
that considers the substrate deformation and the derived formula includes the influ-
ence of the substrate deformation.

The microbridge test technique was thus developed by employing the practical
approach because experimentally measured deflection with a nanoindenter system
includes the contribution from the substrate deformation [45]. The substrate defor-
mation was modeled with three linear springs, and hence analytic solutions were
derived for microbridge deformation. The analytic solutions were confirmed by fi-
nite element analysis (FEA) and experimental observations [45]. The theoretical and
experimental results indicate that ignoring the substrate deformation will induce a
large error in the measured elastic constant and residual stress. The microbridge test
was first developed for single-layer elastic thin films [22,45]. The microbridge test
is able to simultaneously characterize the Young’s modulus, film residual stress in
tension or compression, the bending strength of brittle thin films [45], and the plas-
tic behavior of ductile films [19,47]. As microbridge samples are fabricated with the
MEMS technique, they are easy to handle. Denhoff proposed a similar microbridge
testing method, in which a point force provided by a surface profiler was applied at
an arbitrary position along the length of the beam, and the deformation of supports
was simply treated by adding an additional beam length [9]. Fitting the measured
profile of the beam deflected by a given force to the theoretical formula, Denhoff
determined the Young’s modulus and the residual stress of PECVD silicon nitride
films [9].

In comparison with single-layer thin films, mechanical characterization of mul-
tilayer films is more challenging because the mechanical property changes from
layer to layer. Theoretically, Townsend et al. treated a multilayer thin film as a com-
posite plate and provided formulas for equivalent elastic properties [34]. Klein and
Miller [21] followed the theoretical framework of Townsend et al. [34] and devel-
oped applicable equations for bilayer systems, especially for systems of a thin film
deposited on a thick substrate. Alshits and Kirchner studied the elasticity of multi-
layers, in particular, for strips, coatings, and sandwiches [1]. Finot and Suresh ex-
amined the small and large deformation of multilayer films and studied the effects
of layer geometry, plasticity, and compositional gradients [13]. In a sense, we may
call the theoretical study as a direct process. It is an inverse process to character-
ize experimentally the mechanical properties of each layer in a multilayer thin film
from measured deformation behaviors.



218 T.-Y. Zhang

Su et al. extended the microbridge testing method to characterize the mechanical
properties of silicon nitride/silicon oxide bilayer thin films [31]. In their approach,
they first tested single-layer silicon nitride films, and then assumed the Young’s
modulus and the residual stress of the single-layer silicon nitride films to be the
same as those of the silicon nitride layers in the bilayer films in order to evaluate the
mechanical properties of the silicon oxide layers in the bilayer films. This is because
that a nonlinear load—deflection curve of a bilayer microbridge under large deforma-
tion reflects the response of the composite bilayer, and one can uniquely determine
only two parameters from a nonlinear smooth load—deflection curve. In general, to
characterize the mechanical property of one layer in an n-fold-layer thin film by a
load—deflection method, it is generally required that the mechanical properties of the
n— 1 layers in the n-fold-layer thin film are available. This approach may be called
the consecutive approach, in which if the mechanical properties of the n — 1 layers
in an n-fold-layer thin film are known, one can extract the mechanical properties of
the nth layer by testing the n-fold-layer thin film. As mentioned earlier, the consecu-
tive approach is based on the assumption that the mechanical properties of the n — 1
layers in an n-fold-layer thin film should be the same as that of a film made of the
same n — | layers. If more information can be provided by experiments, one shall
be able to determine the mechanical properties of each layer in a multilayer film.

Xu and Zhang conducted microbridge tests on two sets of symmetrical trilayer
samples, consisting of Si0O2/Si3N4/SiO, and SizN4/SiO,/Si3N, [40]. The exper-
imental results were analyzed using the small deformation formula including sub-
strate deformation. By changing the sample length, they determined the bending
stiffness and the resultant residual force per unit width in each of the trilayer thin
films. Then, they made a simplification that the residual stress and Young’s mod-
ulus of the silicon oxide or silicon nitride layer are independent of the deposition
sequence to estimate residual stress and Young’s modulus in each layer. Wang et al.
further extended the microbridge testing method to mechanically characterize sym-
metrical trilayer thin films without the previous assumption that the mechanical
properties of one or two layers should be available in advance [36]. The slope of a
deflection—load curve under small deformation determines the relationship between
the bending stiffness and the residual force of the trilayer film. Using this additional
relationship, one is able to simultaneously evaluate the Young’s modulus and the
average residual stress of the symmetrical trilayer film by fitting the entire nonlinear
load—deflection curve under large deformation.

Wang et al. further developed the microbridge method to characterize simulta-
neously the mechanical properties of each layer in a trilayer thin film, which rep-
resents the microbridge testing of multilayer thin films [37]. The residual stresses
in a multilayer thin film may generate a residual moment, which produces an initial
deflection of a microbridge sample. Measuring the initial deflection provides more
information about the mechanical property of the multilayer film. If the residual re-
sultant force in a multilayer film is tensile, an initial deflection will be induced only
by the residual moment. The initial deflection caused by a residual moment is not
due to buckling. Buckling is induced by a compressive resultant force in a multilayer
film when the magnitude of the compressive resultant force exceeds a critical value.
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Film buckling has been studied without any applied loads [11, 14,43]. Usually, the
classic Euler beam theory is adopted in the analysis, and fitting a buckling profile
with theoretical result yields residual stress in the buckled film, such as in polysil-
icon [14,43] and silicon dioxide films [11]. Cao et al. conducted the microbridge
test on buckled silicon oxide single-layer films [5]. The initial deflection was taken
into account in the data analysis, and the unloading curve was used to determine
the Young’s modulus and the residual stress of the silicon dioxide film [5]. Huang
and Zhang systematically studied microbridge tests on a buckled gold single-layer
film [19]. In single-layer films, there is no residual moment if residual stress in the
film is homogeneously distributed, which is usually assumed in the study of film
stresses. In multilayer thin films, however, there may coexist a residual moment
and a compressive resultant force even if residual stress in each layer of the film is
homogeneously distributed. A residual moment and a compressive resultant force
may jointly cause microbeams and other structures made of multilayer thin films to
buckle and bend. Wang and Zhang further developed the microbridge test to char-
acterize the mechanical properties of a multilayer thin film with a residual moment
and a compressive resultant force [38]. For simplicity and clarity, a bilayer film was
taken as an example to demonstrate the developed methodology.

Zhang et al. and Huang and Zhang developed a microbridge testing approach to
determine the yield strength of a ductile thin film [19,47]. The elastic deformation
behavior of a ductile film under low loads should be characterized first to have the
elastic properties of the film, with which one is able to build an elastically large
deformation load—deflection curve as a reference. Then, using the 2% offset in the
deflection, one can determine the yield strength of the film. The microbridge test
was conducted on 0.48-um-thick Au microbridge samples to illustrate the developed
method.

In this chapter, the microbridge testing of thin films is summarized in detail. We
start with the mechanics analysis of an n-fold-layer microbridge and its associated
base. The analytic results show that only four parameters determine the elastic bend-
ing behavior of the n-fold-layer microbridge as long as the beam theory holds. The
general results are then reduced to that for trilayer, bilayer, and single-layer micro-
bridges. Experimental results are reported by following the analytic results.

10.2 Mechanics Analysis

10.2.1 Deformation of a Multilayer Laminated Beam

In the mechanics analysis, the multilayer microbridge is treated as a multilayer beam
because the length of the microbridge is much larger than its width and thickness.
The wedge indenter used in the experiment is wider than the sample width, which
makes one-dimensional analysis appropriate. The mechanics analysis is based on
the following assumptions: perfect bonding at all interfaces and validity of the
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Kirchhoff hypothesis of normal-remain-normal in the multilayer beam. The residual
stresses are assumed to be completely released along the beam width and thickness
directions and uniformly distributed only along the beam length direction in each
layer. First, we determine the neutral plane of bending of the multilayer beam, which
is described in Appendix 1. The distance between the neutral plane of bending and
the free surface of the first layer, d, is expressed as,

n k—1
Y. Exhi Y (2hj+ hy)

g="= : (10.1)

where hy and Ey, (k=1, 2,..., n), denote the thickness and the Young’s modulus
of the kth layer in the multilayer film, respectively. The mechanics analysis in the
following is based on the coordinate system that the x-axis lies in the neutral plane
of bending, as shown in Fig. 10.2.

According to the classical laminated beam theory [33], the displacements in the
kth layer of the laminated beam are expressed by

wi(x,z) = w(x), (10.2a)

0
ur(x,z) = u(x) —z£7 (z—1 <z < %) (10.2b)

where z; (k=0, 1, 2,..., n) are given by,

20 = _d>
21 =h—d,
2=h+hy—d, (10.2¢)
Zn:h1+h2+ ...... +hn d’
Zp
, D b4\ layer 1
hy layer 2
‘ = d
X
0 neutral plane of
bending
h, Za layer n
1/2 172
Z
v

Fig. 10.2 The coordinate system of a multilayer laminated beam
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and u(x) and w(x) denote the displacements of the neutral plane of bending along
the x-axis and the z-axis, respectively. The strain is expressed by

0 ow\> 92
Exxk = au+ <a§:) _ZTX‘:, (Zk71<Z<Zk). (10.3)

The stress is then deduced from Hooke’s law and given by
du_ 1(aw\_ Pw
dx 2\ odx Yoz

where residual stress oy (k =1, 2,..., n) is added. Consequently, we calculate the
resultant force per unit width, N, and the moment per unit width, M.

2 2
IW—Z/)OQNZ ou 2(%ﬁ1—B8W+M, (10.5)
-1

Oxxk = Ex +ow, (1 <z<zm) (10.4)

Jx ox ox?
au ow\ > %w
M, = Z[k 1GXXkZdZ o (ax> _Dﬁ + M, (10.6)

where N; and M; denote residual force per unit width and residual moment per unit
width, respectively, and A, B, and D are called tension stiffness, tension-bending
coupling stiffness, and bending stiffness, respectively. For a multilayer microbridge,
the explicit forms of A, B, and D, and N;, and M; are:

A=Y Eiy, (10.7a)
k=1
1 2 2
B = —FEp (2 —z;_1) =0, 10.7b
1{;2 k(2k —zc—1) ( )
n ZS *Z37
D= I;Ek% (10.7¢)
n
Z ochy, (10.7d)
o
My =Y 50u(s —zi1)- (10.7¢)
k=1

Generally, there exists a residual moment in a multilayer microbridge, which causes
an initial deflection. When the neutral plane of bending is chosen as the x-axis, the
tension-bending coupling stiffness, B, becomes zero. Equation (10.7b) is consistent
to (10.69) or (10.71), indicating that the neutral plane of bending can also be deter-
mined by letting B = 0. Equations (10.5) and (10.6) indicate that the deformation is
related to the net resultant force per unit width, AN = N, — N;, and the net moment
per unit width, AM = M,, — M. In the case of B =0, (10.6) is reduced to
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02w

My=-D52

+M,. (10.8)

The equilibrium equations of the resultant force, N,, moment, M,, and shear
force, T, are given by

= =0, (10.9a)
T = agi", (10.9b)
oT 92

Z:_Q_N"T;;’ (10.9¢)

where g denotes an applied lateral load per unit width at any location of x along
the beam length. Equation (10.9a) indicates that the resultant force is constant along
the length direction of the beam. Using (10.5) and (10.6), we have the governing
equation for the multilayer beam

o*w 2%w

Dmultiw _wa =4,

(10.9d)

where Dy = D — B? /A is the equivalent bending stiffness of a multilayer beam.
Again, if the neutral plane of bending is chosen as the x-axis, B = 0 and Dy = D.
The governing equation for bending a multilayer beam has the same form as that for
bending a single-layer beam. Therefore, (10.9d) can be solved in the same way as
that for a single-layer beam [45].

Figure 10.3 shows the mechanics analysis of the beam, where only a lateral load
per unit width, Q, is applied at the beam center. The substrate acts a lateral force,
Q/2, aresultant force, AN, and a moment, My, at each of the two ends. The moment
boundary condition at each of the beam ends can be calculated from (10.6) and
given by

2w

Mo=-D 55

M, (10.10)
x=%1/2

Mo, 8o Mo, -8
Nx—Ng. =y / \ Nx _Nx- Ug
- / >

NI
02w V2 . 12

X

0/2. Wy

vZ

Fig. 10.3 Mechanics analysis of a multilayer laminated beam with deformable boundary
conditions
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In this case, integrating (10.9d) over x twice yields the governing equation for the
deflection of the beam in terms of the moment balance, which is

Ddz—WfN( - )+g +£ +My=0, for —1/2<x<0, (10.11a)
dxz x\W wo 2 X 2 0o=VY, IR Y, .

Ddz—W—N(w—w)Jrg LX) 4My=0, for0<x<I/2, (10.11b)
dxz X 0 2 2 0= b) X X 9 .
where My = My — M,.

If N, > 0, the general solution to (10.11) is

w = Ajcosh {k (x+é)] + By sinh {k (x+é)] + 2%)( <x+é)

My l
+wo+—2, for — 5 <x<0, (10.122)
Ny 2

_ l . l 0 (1
w = A;cosh [k <2—x>} + B, sinh {k <2 —xﬂ 4 N <2 —x>

My l
N f Og <,7
+W0+Nx, or X 3

(10.12b)

N,
where kK2 = —=.

At the two ends (i.e., x = £1/2), w = wy, and at the loading point, the two portions
should have the same deflection and a common tangent. These conditions yield

M !
A=A == for —-<x<0, (10.13a)
N

)
X

\S)

- 0 My sinh(k/2)
2Nykcosh(kl/2) = Ny cosh(kl/2)’

B =B, = (10.13b)

Substituting (10.15) in (10.13) yields the deflection profile. Since the deflection is
symmetric about x = 0, we write down the result for —//2 < x <0,

_ M sinh(kl/2) . i ;
w = Fx {1 +msmh {k <x+ 2)] —cosh {k <x+2>} }
—Wh(kl/z) sinh [k <x+ 2)] + N, (x—i— 2) +wp. (10.14)

Thus, the deflection at the loading point, x = 0, is given by

0 K\ ol M, 1
=2 tanh (= ol . (10.15
YT TN ( 2 ) HPTARA ( cosh(kl/Z)) two. (10.15)
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From (10.14), the slope of the deflection is obtained at the beam end of x = —//2
to be
_dw Qlcosh(kl/2)—1] Mok

T x|, 2Necosh(d/2) N, tanh(k1/2).  (10.16)

6o

Because the deflection of the beam is symmetric with x = 0, we study the defor-
mation of the beam in the x direction only for a half of the beam. Because of the
symmetry, we have

ul,_o=0. (10.17)
From (10.5), we have
N :/O F”H (awﬂ dx. (10.18)
2Est 12| dx 2\ odx
Thus, the displacement along the x-axis at the end of x = —1/2 is obtained
1P fow\2 . I(N—N) I(N, = N,)
w=1 Zz <8x> e R B (10.19a)

where

17 fow\?
w
12/<8x>dx
—1/2

1
~ 32kN2cosh?(kl/2)

[—4k3[My” + 4K* My sinh (ki)

+8kMyQ + 2k1Q* — 16kMyQcosh(kl /2) — 30?sinh(kl)
+kQ(8My + 1Q)cosh(kl) — 4k*[MoQsinh(kl /2)]. (10.19b)

Equation (10.21) indicates that for a nondeformable substrate, ug = 0 and the large
deformation of deflection, expressed by the first term in the right-hand side, causes
a change in the resultant force, N,, only, given by the second term in the right-hand
side. For a deformable substrate, however, the large deformation of deflection causes
a change in the resultant force and a displacement of the substrate at the joint point,
thereby implying that substrate deformation will make the change in the resultant
force small.

The above description considers positive resultant force per unit width, i.e.,
N, > 0. However, the residual resultant force per unit width will be negative,
i.e., Ny <0, if residual stresses in a multilayer film are predominant by compressive
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stresses. A compressive residual force in a microbridge beam may cause buckling
of the beam. In the case of N, < 0, the general solution to (10.11) is

w = Ajcos [k (x+é>} + By sin [k (x+é>} + 2%}( <x+;>

My l
+W0+Ff’ for 3 <x<0, (10.202)
l l [
w = A;cos |:k (2 —x>:| + B, sin |:k (2 —x>:| + 2%}( (2 —x)
My l
o+t for0<x <3, (10.20b)
N,
where k> = — —.
D

The conditions at the beam-ends and at the loading point determine the parameters:

My
A=A = _FO’ (10.21a)
X

0 My sin(kl/2)

B=B =-— .
LT T ONkcos(kl/2) Ny cos(kl/2)

(10.21b)

Thus, the general solution of (10.22) can be rewritten as

__ Qsinfk(1/2+x)] Q< l)Mo{cos(kx)

Wkeos(kif2) TN, \* 2

—1 +W07
. k|

cos(kl/2
[
for — 5 <x<0, (10.22a)

_Qsinfk(i/2-x)]  Q <l )_Mo[cos(kx)

2N.keos(klj2) | 2N \2 "

-1 +W07
el

cos(kl/2
[
for0 <x < X (10.22b)

The slope of the deflection of the beam is obtained at the end of x = —1/2,

0 1 Mok
0= —|1————=| — ——tan(kl/2). 10.23
072N, { cos(kl /2)} N, an(ki/2) (10.23)
Similarly, we have the displacement along the x-axis at the end of x = —//2 as
up=1-— [N — M) (10.24a)

2A
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where,
40Mok Q2kl ]
NZcos(kl/2) ~ 4NZcos?(kl/2)
Mokl 20%I  40Mok

+
1 NZcos?(kl/2) = 4N? N2
8k | 20Q%sin(kl/2) QMok?lsin(kl/2)
NZcos(kl/2) N2 cos?(kl/2)
Q%sin(kl)  Mok*sin(kl)
| 4NZcos?(kl/2) NZcos?(kl/2)" |

(10.24b)

Actually, these equations for a compressive resultant force can be directly derived
from the equations for a tensile resultant force and vice verse by using the following
relations of complex functions:

sinh(iz) =i sin(z), cosh(iz) =cos(z), tanh(iz) =i tan(z), (10.25a)
sin(iz) =i sinh(z), cos(iz) =cosh(z), tan(iz) =i tanh(z), (10.25b)

where i = v —1.

10.2.2 Substrate Deformation

Figure 10.4 shows the mechanics analysis of the substrate (or base) deformation,
which is modeled by three coupled springs.

Three generalized forces (force per unit width of the film), i.e., two forces,
N and P, along the x and z-axis, respectively, and a moment (moment per unit width
of the film), M, act on the three coupled springs and induce correspondingly three
generalized displacements, u, 0, and 6. A linear constitutive equation,

P.§

\ Thin film

Substrate

Fig. 10.4 Mechanics analysis
of the substrate
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u SN\N O Sne Swm | [N
o | =|Spn Spp SpMm P, (10.26)
9 SMN SMP SMM M

is applied herein, where Sj; are the compliances and have the symmetry of Sj; = Sj;.
The spring compliances are determined with the consideration of the difference
in the elastic constants, the dimensional analysis, and finite element calculations,
which are described in detail in Appendix 2. The spring compliances depend greatly
on the support angle, as shown in Fig. 10.1. Silicon wafers are widely used in MEMS
and NEMS fabrication. Because of anisotropic etching, three support angles are usu-
ally formed in silicon substrates. Figure 10.5 illustrates the three support angles and
the associated lattice orientations of the silicon substrates. The right support angle

\ Thin film i |
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Silicon Substrate

®

— [Tu]
™~
Silicon Substrate
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Fig. 10.5 Schematic de-

piction of silicon substrate
support angles, (i) 54.74°,
(ii) 90°, and (iii) 125.26° (iii)

Silicon Substrate
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of o =90° is generally formed in (110) silicon wafers. For (100) silicon wafers, the
backside etching generates the support angle of o = 54.74°, whereas the front side
etching forms the support angle of @ = 125.26°.

For a deformable substrate, each of the beam ends of x = +//2 is subjected to
a moment per unit width, My, an axial load per unit width, N, — N, and a lateral
load per unit width, T = Q/2, and has a rotation, 6y, an axial displacement, u,
and a lateral displacment, wy. At the connecting point of the film and substrate, the
displacement continuity and force equilibrium require

u = up, 0 = wo, 0 = 90)

N=N—N, P =02, M =M. (10.27)

Thus, using the boundary conditions of (10.27) and the spring compliances, we have
the theoretical solution for the microbridge test.

Before the formation of the microbridge beams, the multilayer film is entirely
bonded to the substrate. This state is taken here as the reference state for deforma-
tion. In the reference state, there are residual force and residual moment in the multi-
layer film, but deformation is treated as zero. The microbridge beams are formed by
patterning, etching, and removing the underneath substrate part. After the formation
of the microbridge beam, the residual stresses in the multilayer beam will be differ-
ent from the original ones in the multilayer film. As described earlier, the present
work assumes residual stresses being completed released in the beam width direc-
tion. In the beam length direction, the residual force will be released slightly because
of the substrate deformation of the microbridge base after the removal of the under-
neath substrate part. Without considering buckling, the release of the residual force
does not bend the beam, rather makes the beam slightly longer or shorter. The slight
change in the beam length is difficult to be detected. Actually, the beam length is ex-
perimentally measured one by one after the fabrication of the microbridge samples.
Therefore, the residual force is assumed unchanged before and after the removal
of the underneath substrate part. That is why the net resultant force, AN, rather than
the resultant force, Ny, is used in (10.27), to act on the substrate.

The removal of the underneath substrate part also causes bending of the micro-
bridge beam because of the presence of the residual moment. Clearly, without the
residual moment, the beam will not bend when buckling is excluded. Furthermore,
if the substrate base is nondeformable, the beam will not bend even there is a resid-
ual moment in the beam. To model the bending behavior with the two features, we
use My rather than My in (10.27), indicating that the beam acts a moment, M, on
the substrate, while the net moment acting on the beam end is M. The value of
My depends on the residual moment. This means that only a residual moment can
deform the substrate and then the beam from the reference state because of the re-
moval of the underneath substrate part. If M = —M is used in (10.27), without any
applied load, the residual moment M; is balanced by M at each of the ends such
that My = 0. In that case, no moment will exert on the substrate; and no moment
will cause the bend of the beam and the beam will remain flat as that in the refer-
ence state. However, an initial bending of a multilayer microbridge induced only by
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a residual moment has been observed experimentally, as described in Sect. 10.3.2.
Furthermore, the residual moment determined from the initial bending profile is
the same as that determined from load—deflection curves under large deformation,
which might confirm the rationality of the present approach.

For readers’ convenience, we also provide the analysis for microcantilever bend-
ing tests in Appendix 3 [46].

10.3 Deflection of a Multilayer Microbridge for N, > 0
and M, # 0

10.3.1 Analysis

Considering the substrate deformation, we have the deflection of a multilayer mi-
crobridge at the mircobridge center, x = 0, where the lateral load per unit width, Q,
is applied, as

_ Qunh(k/2) QI My 1
N 2N,k 4N, = N, cosh(kl/2)

} +wo,  (10.28a)

where My = My — M,, as defined by (10.12), and wg, My, and N, are coupled in the
following equations:

wo = Sxp(Ne — Vo) + Sop 2 — SnpMo, (10.28b)
Qlcosh(kl/2) —1] Mok kl 1
tanh [ = ) = Sy (Ne — No)+ = Sup @ — SsniMo. (1028
2N, cosh(kl/2) + N, anh { = MN (Ny r)+2 MPQO — SMmMo, ( C)
I(N.—N,
- % — Sxn(Nx — Ny) +SNP% — SynMo. (10.28d)

The expression of [ is given in (10.19b). For a given load, O, and a given residual
moment, M;, (10.28c) and (10.28d) determine the values of N, and My, and conse-
quently the deflection at the beam center is predicted by (10.28a) with (10.28b). In
Appendix 4, we reduce (10.31) to solutions with the simply supported and clamped
boundary conditions.

If there is a residual moment, the multilayer microbridge may initially be bent
without any applied loads. The initial deflection profile should be measured to pro-
vide more information about the deformation behavior. The initial deflection caused
only by the residual moment is given by

A +7/\
Mo —M,
Wi (x) — W = —— -t cosh(k/ . (10.292)

S BN
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for 0 < x < I/2. Here Wy, My, Ny, and k denote the initial values of wo, Mo, Ny
and k, respectively, under purely residual moment loading, and k= /N, /D. The

values of o, Mo and N, are coupled in the following equations:

Wwo = Snp(Nx — Ny) — SmpMo, (10.29b)
Mo — M,k R . .
(()Tr) tanh(kl/2) = Sy~ (Ny — N;) — SmunMo, (10.29¢)
X
—kl +sinh (k) » , 2 (N —N,) . .
— L R (Mo — M) — 2 — SN (N — N, — SunMo. (10.29d
SR oS (R12) (Mo — M) 7 NN (Ny = Np) = SMnMo. ( )

For a given residual moment, M, (10.29c) and (10.29d) determine the values of N,
and My. Then, (10.29a) with (10.29b) describes the profile of the initial deflection.
At the center of the microbridge, x = 0, the deflection is calculated from (10.29a)
and given by

My — M, 1
Wp — W = — > r<1 . > (10.29¢)
Ny cosh(kl/2)

The initial deflection induced by the residual moment may be large or small. Under
small deformation, the initial values of My and N, can be approximately calculated
from (10.29¢) and (10.29d) and are given by

Vo — ko tanh(kol/Z)Mr + SMNNAN

— 10.30
0= T kotanh(kol /2) + SunD; (10.30a)
AN = koSmn tanh(kol /2)M;
{SMN tanh(kol/Z) + (SMMSNN — SMNSMN)Nr (10.30b)

l
—&—a [ko tanh(kol/Z) + SMMNJ}

where ko = \/N;/D and AN = N — N, Equations (10.30a) and (10.30b) indicate
that the moment, MO, is proportional to the residual moment, M;. Therefore, the
initial deflection is proportional to the residual moment under small deformation.
The initial deflection can be concave or convex, depending on the residual moment.
Experimentally, we can measure the profile of the initial deflection by using a laser
beam to scan the microbridge along its length. The profile of the initial deflection
provides us with the material properties of the thin film.

When the applied load, Q, is small, the deflection is approximately linear to the
load. The slope, p = w/Q, of the deflection—load curve under small loads can be
obtained by Taylor expansion of (10.28a) at the load starting point, Q = 0, no matter
whether the initial deflection caused by the residual moment is small or large. The
slope, p, is given by
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tanh( 1/2) [ Spp 1 1
P=""omk a2 T {SMP“LNX (cosh(icl/z) _1>]
P Jcosh(kl/2) —1
SMpN +[1/cosh(kl/2) — 1] o A, (1031)
2SnmDNs + 2k tanh(k1/2) N SvviNy + & tanh (ki /2) '

S [SmpiV, + (1/cosh(kl/2) —1)] — Sxp [k tanh(kl/2) + SnmAy
2(k tanh(kZ/2) + SvmVe) (SN + 25 ) — 283 n Ve

The slope, p, under small loads is experimentally measurable and depends on the
bending stiffness, D, the beam length, /, the initial resultant force without any ap-
plied loads, Nx, and the tension stiffness, A. For a given beam length, the slope, p,

is a function of A, Ny, and D or a function of A, N, and k through k= \/ Ny /D.

As described earlier, the four parameters, A, D, N;, and M;, determine the bend-
ing behavior including the initial deflection. Wang et al. experimentally determined
the four parameters from the slope, p, the initial displacement at the microbridge
ends (x = £1/2), Wy, and the profile of the initial deflection [37]. From the mea-
sured value of the slope, p, we express the initial resultant force, Nr, as a function
of k and A, whereas from the measured displacement of v, we express the residual
force, N;, as a function of Mo, N, and A through the spring compliances. Since N,
is determined as a function of k and A, the residual force, N;, can be expressed as
a function of Mm lAc, and A. Then, we can express the initial moment induced by
the boundary, Mo, and the residual moment, M, both in terms of kand A by using
(10.29¢) and (10.29d). As indicated in (10 29a) the profile of the initial deflection
apparently depends on the parameters, k, Ny, Mo, and M,. With the experimental
measurements of the slope, p, and the initial displacement, W, we are able to re-
duce the independent parameters to A and k, which can be uniquely determined from
fitting the initial deflection curve with (10.29a) by using the least squares technique.
When A and k are determined, we will also have the values of the initial resul-
tant force, Ny, through (10.31), and the residual force, N, the residual moment, M.,
the initial moment induced by the boundary, Mo, by using (10.29b), (10.29¢), and
(10.29d). Then, the bending stiffness, D, is also determined through D = N, / . In
brief, the characteristic parameters, A, D, N;, and M;, of an asymmetrical multilayer
microbridge can be extracted from the profile of the initial deflection and the slope
of deflection vs. load under small loads. Once the four parameters, A, D, N, and
M, are determined, we are able to predict the nonlinear load—deflection behavior of
the multilayer thin film under large loads.

Under large loads, the deflection varies nonlinearly with the load, and the
deflection—load behavior depends on the parameters, the tension stiffness, A,
the bending stiffness, D, the residual force, N;, and the residual moment, M.
All these material properties are already determined from fitting the initial deflec-
tion curve. Here, we may use the deflection—load relationship under large loads to
verify the results extracted from fitting the initial deflection profile and the slope
of deflection vs. load under small loads. As we can uniquely determine only two
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independent parameters from fitting a smooth curve, we may randomly choose two
parameters as the input data from four parameters, the tension stiffness (A), the
bending stiffness (D), the residual force (N;), and the residual moment (M;). For
example, we may choose the tension stiffness (A) and the residual force (N;), as
the input data to determine the other two parameters, the bending stiffness (D)
and the residual moment (M;). Or we may choose the tension stiffness, A, and the
residual moment, M,, as the input data to determine the bending stiffness, D, and the
residual force, M;. In brief, we shall uniquely determine the values of two remaining
independent parameters from fitting a nonlinear load—deflection curve with (10.31)
by using the least square technique,

=Y [(Wi(Q) +wr) —wi(Qi, X1, X2)]7, (10.32)

™~

i=1

where n denotes the number of data, and w$(Q;) and w!(Q;, X;, X») denote the ex-
perimentally observed and theoretically predicted deflections, respectively. X; and
X5 can be any two of the four parameters, the tension stiffness, A, the bending stiff-
ness, D, the residual force, N;, and the residual moment, M;. The sign of the initial
deflection at the bridge center, wy, is negative, if the shape of the initial deflection is
convex; otherwise, the sign is positive if the shape is concave. The initial deflection
at the bridge center, wy, should be added to the measured deflection, w¢ (Q;), for the
fitting purpose because the theoretical predictions are based on the bending neutral
plane without any initial deflections.

In summary, we are able to measure the four properties of the tension stiffness, A,
the bending stiffness, D, the residual force, N;, and the residual moment, M;, which
determine the initial deflection and the response of a multilayer microbridge to an
applied load during the microbridge test.

10.3.2 Experimental Results for Asymmetrical Trilayer Thin
Films [37]

Si0; (300 nm)/Si3Ny (570 nm)/SiO, (140 nm) asymmetrical trilayer thin films were
used as an example to demonstrate the microbridge testing method for multilayer
thin films, where the thickness of each layer is indicated in the parentheses after
the layer material. The SiO, (300 nm)/Si3Ny4 (570 nm)/SiO; (140 nm) asymmetri-
cal trilayer microbridge samples were fabricated on two-side polished 4-in. p-type
(100) 525-um thick silicon wafers with the following deposition process. The first
layer of SiO, was grown by the wet oxidation technique. After the wafer was put
in a horizontally oriented diffusion furnace (ASM LB 45) at 700°C for 25 min, the
furnace temperature was boosted up to 1,050 °C. Then, superfluous O, and H, car-
ried by N, were burned at the back end of the furnace to produce H,O (about 95%)
and O (about 5%) under a total pressure of 1,000 mTorr for wet oxidation. The
wet oxidation with a rate of about 333 nm/min lasted for 54 s to produce an about
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300-nm thick silicon oxide layer. Sequentially, an annealing process was done at
900°C in an O, atmosphere for 30 min to make the oxide dense. On the top of the
oxide, a silicon nitride layer was deposited by means of the LPCVD (low pressure
chemical vapor deposition) technique at 840 °C and under 200 mTorr pressure. The
gas flow ratio among DCS (Dichlorosilane, SiH,Cl,)/NH3 /N, was 16:4:25. The
deposition lasted for 140 min at a rate of about 4.0 nm/min to grow a 570 nm sil-
icon nitride layer. Another silicon oxide layer was deposited on the silicon nitride
layer with the LPCVD technique at 425 °C. The gas flow ratio between SiHy and O,
was 4:5, and the total gas pressure was 110 mTorr, thereby resulting in a deposition
rate 11.5 nm/min. The deposition lasted for 26 min, yielding a 300 nm silicon ox-
ide layer. After that, the SiO,/Si3N4/SiO,/Si sample was also annealed at 900°C
in an O, atmosphere for 30 min to produce dense silicon oxide. The final anneal-
ing process might make the upper and lower oxide layers have the same Young’s
modulus and the same residual stress. The final thickness of each layer was deter-
mined by a film thickness measurement system (Nanometric, model 4150) at room
temperature.

Figure 10.6 illustrates the fabrication process of the SiO,/Si3N4/SiO; micro-
bridge samples by the MEMS method. All films on the backsides of the wafers
were patterned by the photolithography technique and subsequently etched away by
plasma etching. The exposed silicon was etched in a tetramethyl ammonium hy-
droxide (TMAH) solution at a temperature of 80°C to create rectangular windows
with the designated dimensions, which yields a support angle of 54.74°. Finally,
the trilayer film on the frontside of the wafer was aligned with the backside win-
dows, patterned by photolithography, and then dry-etched by plasma to complete
the microbridge structures. As the microbridges were covered by resists after dry
etching, the wafers must be immersed in an organic resist stripper MS2001 at 70°C
for 5 min to strip off the resists. The bridge length and width of each microbridge
sample were precisely measured one by one with the digital coordinates provided
by a Hysitron Nanoindenter system. The microbridge lengths ranged from 100.67
to 143.15um, whereas the widths of the microbridges were all about 12 um with a
standard deviation of 0.5um. Figure 10.7 shows the top view of the image, taken
by a WYKO NT3300 optical profiler in the vertical-scanning interferometry mode,
of a microbridge sample. The gap between two adjacent bridges is 57 um, which is
large enough so that each microbridge can be treated as an isolated one. The exten-
sion of the trilayer beam on the underneath substrate, [y, is about 25 m, as shown in
Fig. 10.7. Totally, 120 microbridge samples were tested and all of them were chosen
from the center part of the wafer such that the 120 samples had the same thickness.

The initial profile of each microbridge was measured by the laser interferome-
try technique with the WYKO NT3300 optical profiler. The optical system has a
vertical resolution of 0.1 nm. The results indicate that the microbridges were ini-
tially curved convexly, implying the existence of residual moments that bent the
microbridges. As an example, Fig. 10.8 shows a laser profile of a microbridge with
a length of 133.63um. The initial deflection at the microbridge end (x = 0), w?,
was determined by taking a region on the substrate 30 um far away from the micro-
bridge end as a reference. As shown in the inset of Fig. 10.8, the experimentally mea-
sured initial deflection at the microbridge end (x = —1/2), Wy, has a finite nonzero
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Fig. 10.8 Fitting an initial deflection profile of a microbridge with a length of / = 133.6um

value, indicating that the substrate is deformed. The initial deflection is convex, as
indicated in Fig. 10.8. The measured initial deflections at the microbridge center
range from 60 to 85 nm for all the measured samples, and the deflection is about
70nm in the sample shown in Fig. 10.8. The initial deformation is thus small be-
cause the magnitude of the deflection is much smaller than the thickness, 1,010 nm,
of the trilayer film. For a small initial deflection, as mentioned earlier, we can use
the simplified equation of (10.33) in the numerical fitting.

A Hysitron Nanoindenter system equipped with a wedge indenter was used to
conduct the microbridge test, as schematically shown as Fig. 10.1. The Nanoinden-
ter system has a load resolution of 0.1 uN and a vertical displacement resolution of
0.1 nm. The width of the diamond wedge indenter, 20 um, is wider than the sample
width of about 12 um, thereby making one-dimensional analysis appropriate. Cal-
ibration and alignment were performed prior to the microbridge test to ensure that
the wedge indenter was set at the middle of each microbridge and perpendicular
to the microbridge length direction. To prevent oscillation during the microbridge
test, each sample was affixed to a steel disk and the steel disk was then adhered on
the stage by a very strong magnetic force. The microbridge tests were conducted at
room temperature with a preset maximum load of 1,500 uN and at a loading rate of
250 uN/s and the same rate during unloading.

Figure 10.9 illustrates the deflection—load curves during loading and unload-
ing, showing that the unloading curve almost completely coincides with the load-
ing curve. The almost completed overlap of the unloading curve over the loading
curve indicates the elastic behavior of the silicon oxide/silicon nitride/silicon ox-
ide film and the silicon substrate. Figure 10.10 shows a loading curve under small
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Fig. 10.10 A typical load—deflection curve of a microbridge under small deflection

loads where the solid circles represent the experimental data and the straight line
is the linear fitting result. In the study, the deflection was regarded as small defor-
mation if the magnitude of the deflection was less than the film thickness and the
deflection within this range was fitted as a linear function of the load, which yielded
the slope, p. For the example shown in Fig. 10.10, the slope was determined to be
185.7 (um)?/mN.

From the initial deflection profile and the slope, p, under small loads, we
determined the tension stiffness, A, the bending stiffness, D, the residual moment,
M;, and the residual force, N;, for each microbridge sample of the asymmetrical
Si02(300 nm)/Si3N4(570 nm)/SiO, (140 nm) film. Figures 10.11-10.14 show the
determined values of the tension stiffness, A, the bending stiffness, D, the residual
moment, M;, and the residual force, N;, for all the 120 microbridge samples,
respectively. As expected, the four parameters do not vary with the microbridge
length, as indicated in Figs. 10.11-10.14. The average values and associated standard
deviations are A = 160.0+6.7 x 10° N/m, D = 6.792+0.231 x 10~ N/m, M, =
3.98+0.08 x 1073 N/m, and N; = 118.414+8.94N/m, thereby giving relative errors
of 4.19%, 3.40%, 2.01%, and 7.55% for A, D, M,, and N,, respectively.
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When the values of the tension stiffness, A, the bending stiffness, D, the resid-
ual moment, M;, and the residual force, N;, are available, we can verify any two of
the four parameters, A, D, M;, and N;, from fitting the load—deflection curve un-
der large deformation with (10.31). As an example, Fig. 10.15 illustrates a typical
experimental load—deflection curve under large deformation and the theoretical
fitting curve, indicating that the analytic solution fits perfectly the experimental
curve. For the microbridge sample, which load—deflection curve is demonstrated in
Fig. 10.15, the values of the four parameters extracted from fitting the initial deflec-
tion profile and the slope, p, are A = 155,100N/m, D = 6.641 x 10"°N/m, M, =
3.966 x 107°N/m, and A = 119.51 N/m. If we choose the tension stiffness, A, and
the residual moment, M;, as the input data, the values of the bending stiffness, D,
and the residual force, N;, determined from fitting the load—deflection curve under
large deformation are D = 6.727 x 10~°N m, and N; = 121.34N/m. When compar-
ing to the results extracted from the initial deflection and the slope, p, this gives a
relative error of 1.3% and 1.5% for D and N;, respectively. Alternately, if we choose
the tension stiffness, A, and the residual force, N;, as the input data, the values of the
bending stiffness, D, and the residual moment, M;, are D = 6.738 x 107N m and
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M, = 4.025 x 107> N, from fitting the load—deflection curve under large deforma-
tion. This gives a relative error of 1.5% and 1.5% for D and M, respectively, when
comparing to the results extracted from the initial deflection and the slope, p. Con-
sistent results are expected because the four parameters completely determine the
initial deflection and the response of an asymmetrical trilayer microbridge sample
under an applied lateral load. In the following discussion, we shall use the results
from the fitting of the initial deflection profile and the slope, p.

The final annealing of the fabricated samples at 900°C in an O, atmosphere for
30 min might let the upper and lower oxide layers have the same Young’s modulus and
the same residual stress. On the basis of this point, we are able to determine the Young’s
modulus and the residual stress in each layer of the asymmetrical trilayer film from the
determined values of A, D, M., and N; by using (10.7). The average values and the as-
sociated standard deviations of the Young’s modulus of the silicon oxide, £y, and the
Young’s modulus of the silicon nitride, E>, are 37.92 +1.84 GPaand 251.15 4 11.68
GPa, respectively, for the 120 microbridge samples, which give the relative errors of
4.8% and 4.6% for E| and E», respectively. The estimated Young’s modulus of the
silicon oxide layers is lower than the values reported in the literature. However, the
Young’s modulus of a thin film is considerably dependent on its deposition process.
For example, Reyntjens and Puers used the focused ion beam deposition technique,
and had the Young’s modulus of 45 GPa for the deposited silicon oxide film, while
the Young’s modulus of silicon oxide films grown by the thermal dry growth, thermal
wet growth, and sputtered growth were 69 £ 14, 57 £ 11, and 92 &+ 18 GPa, respec-
tively [25,27]. Furthermore, Zywitzki et al. found that with increasing the monomer
hexamethyldisiloxane (HMDSO) in vapor stream the Young’s modulus of silicon ox-
ide coatings decreased from approximately 42 to 15 GPa [48]. The similar behavior
has been found for the Young’s modulus of silicon nitride films. For reference, a few
reported values of Young’s modulus of silicon nitride films are listed here, 222 + 3 GPa
[35], 130 GPa [26], and 370 GPa [42]. Similarly, we calculated the residual stress in
the silicon oxide layers, oy, and the residual stress in the silicon nitride layer, oy, for
each of the 120 microbridge samples. The average values and the associated standard
deviations of ;1 and oy are —464.67 £ 10.52 and 566.43 4= 13.36 MPa, respectively,
thereby yielding the relative error of 2.3% for o, and the relative error of 2.4% for G;>.
As the case for Young’s modulus, residual stress in a thin film is highly dependent on
the process conditions. Robic et al. systematically investigated the residual stresses in
silicon oxide films produced by ion-assisted deposition [28]. Their results show that
the residual stresses in silicon oxide films vary from —10 to —470 MPa, depending
on the process conditions. For reference, a few values of residual stresses in silicon
nitride films reported in the literature are listed here, 113—151 MPa[9], 110 MPa [35],
and 1.0 GPa [32].

If there are only two layers in a thin film, there are only two Young’s mod-
uli, £y and E,, and two residual stresses, ¢;; and O;y, to be determined. There-
fore, no assumptions are needed in the evaluation of the four properties by the
microbridge test. To demonstrate this method, we fabricated SiO; (400 nm)/SizNy
(800 nm) bilayer microbridges and adopted the same approach as described ear-
lier. We determined the four parameters, A, D, M;, and N; to be A = 223,500 +
7,800N/m, D = 1.625 4 0.0457 x 1078 N/m, M; = 1.13 4+ 0.0305 x 10~*N/m,



240 T.-Y. Zhang

N; =242.36+21.59N/m. The Young’s moduli and residual stresses of the two lay-
ersare £| =36.48+1.30GPa, E; =261.14+9.82GPa, ;1 =430.60+14.72MPa,
and oy = 518.25+19.63 MPa.

10.4 Deflection of a Multilayer Microbridge for N, > 0
and M. =0

If there is a tensile residual resultant force and no residual moment in a microbridge
sample, the microbridge beam will not be initially bent without any applied load.
In this case, the deflection of a multilayer microbridge at the mircobridge center,
x = 0, where the lateral load per unit width, Q, is applied, is reduced from (10.31)
and given by

Qtanh(kl/2) QI My 1
_ Moy, o 10.33
2N,k v, T |1 cosnmigay | e (10-33)
where wg, My, and N, are coupled in the following equations:
w0 = Sip(Ne — Ne) + Sop 2 — S, (10.33b)
h(kl/2)—1] Mok
Qleosh(kl/2) ~ 1] | Mok (. 1k /2)
2N, cosh(kl/2) N, (10.33¢)
= SMN(Nx —Ny) + 55mpQ — SmmMo,
[(Ny — N,
11— % = SNN(Nx —Nr) +SNP% — SmnMo, (10.33d)
1

[—4k>IM3 + 4k> MG sinh (kI ) 4 8kM

I =
32kN2cosh? (k1 /2)

0+ 2klQ* — 16kM a2 (10.33e)
0Qcosh(kl/2) —3Q"sinh(kl)

+kQ(8Mp + 1Q)cosh(kl) — 4k2IMyQsinh (k1 /2)).

For a given load, Q, (10.33c) and (10.33d) determine the values of N, and M; and
consequently the deflection at the beam center is predicted by (10.33a) and (10.33b).
In Appendix 5, we reduce (10.36) to the solutions with the simply supported and
clamped boundary conditions.

Under small deformation, we may approximately ignore the deformation of the
beam in the x direction. Thus, we render (10.33d) useless and have N, = N; and

k= +/N;/D and

1 1 1

SMpNed 2 | — 1

2 oMt S [cosh(/d/z) ]
SMMNrJrktanh(kl/Z)

My = 0, (10.34)
from (10.33c). Equation (10.34) indicates that the moment applied by the substrate
to the microbridge beam is proportional to the applied load. In this case, the deflec-
tion is proportional to the applied load, i.e., w = pQ, with a slope of
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tanh(kl/2) l Spp 1 1
—_—— — | = ——= 1) +Swpr
2Nk 4N; 2 N; \ cosh(kl/2) (10.35)
. SN+ [1/cosh(kl/2) —1] '
2SMmN; + 2k tanh (k1 /2) ’

which depends on the bending stiffness, the beam length, and the resultant resid-
ual force. Equation (10.35) gives the relationship of the residual force, N;, and the
parameter, k, which is linked to the bending stiffness, D. If the microbridge is long
enough to meet kI > 5, we can further approximately simplify (10.35) to

l 1 Spp (1—SmpM;)?

= - e oM 10.36
N, 2Nk T2 2N SN+ K) (10.36)

p

From (10.36), we are able to explicitly express the k parameter in terms of N;:

_—of+1+y+/(ap—1-y)>+4ap

k 10.37
20 ( )
where
i
o= 5 = 2pNe + SppNi, (10.382)
B = SmmMN;, (10.38b)
y=(1—SupN;)*. (10.38¢)

Thus, the bending stiffness, D, can be explicitly expressed in terms of N; through
k = \/N;/D. Under large deformation, the deflection varies nonlinearly with the
load, and the load—deflection behavior depends on the three parameters of A, D,
and N;, which we are going to extract from fitting the nonlinear load—deflection
curve. With the measured slope under small deformation, we determine uniquely
the parameters from a nonlinear deflection—load curve by the least square method.

10.4.1 Symmetrical Trilayer Microbridges [36]

For a symmetrical trilayer microbridge thin film with E; = E3, h; = h3, and
O;] = O3, there is no residual moment, i.e., M, = 0. Hence, there will be no ini-
tial deflection. Once the values of A and D are determined, we can calculate the
Young’s modulus for the two materials composed in the symmetrical trilayer thin
film, which are given by

12D — h3A
E| = 2 , (10.39a)
4h1(h2+2h1 +3h1hy)
—12D + (4h} 4 6h1hy + 3h3)A

2hy(h3 +2h3 4 3hihy)

E, =

(10.39b)
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The average residual stress, Opayer, Of the symmetrical trilayer film is calculated from
the residual force, N;, as

Oraver = Nr/(Zhl + hZ)- (1039C)

In the experiment, symmetrical SiO; (300 nm)/SizNy (500 nm)/SiO, (300 nm)
microbridges were fabricated. The image profile of the microbridge taken by the
WYKO NT3300 optical profiler did not reveal any detectable deflection, indicat-
ing that the microbridge was initially flat and the residual moment was negligible
in the samples. Again, the unloading deflection—load curves are coincided to the
loading deflection—load curves, indicating the elastic deformation behavior. Under
small deformation, we determined the slope, p, which provides additional informa-
tion about the relationship of the residual force, N;, and the bending stiffness, D.
Using this relationship, we extract the tension stiffness, A, and the residual force,
N;, from a nonlinear load—deflection curve by using the least squares technique.
The tension stiffness, A, and the residual force, N;, were extracted from the fit-
ting. Then, the corresponding value of the bending stiffness, D, for each micro-
bridge sample, was calculated for a given value of the residual force, N;. In total,
81 microbridge samples were tested and all of them were chosen from the center
part of the wafer such that the 81 samples had the same thickness. The evaluated
tension stiffness, A, the bending stiffness, D, and the residual force, N;, of the sym-
metrical SiO,(300nm)/Si3N4(500nm)/SiO,(300nm) films for 81 samples are A =
162.5+17.2x 10°N/m, D = 6.27+0.73 x 10" N/m, and N; = 9.70 + 1.50N/m.
Using the values of the tension stiffness, A, and the bending stiffness, D, of each
microbridge sample, we calculate the Young’s modulus of the silicon oxide, £, and
the silicon nitride, E,, for each of the microbridge samples. The average value of
the Young’s modulus of silicon oxide turns out to be 31 + 5GPa, and the Young’s
modulus of silicon nitride is 294 4+-29 GPa. The thickness-averaged residual stress of
the symmetrical SiO; (300nm)/Si3Ny4 (500nm)/SiO, (300nm) films is calculated
to be 8.8 MPa.

10.4.2 Symmetrical Trilayer Microbridges under Small
Deformation [40]

Equation (10.36) indicates that the slope of the deflection vs. the load is a func-
tion of the microbridge length. We can obtain more information by measuring the
slopes with samples of different lengths. As many microbridge samples with dif-
ferent lengths can be fabricated by the MEMS technique on a substrate, the resid-
ual stress and the Young’s modulus can be treated to be the same in all the sam-
ples. Thus, measuring deflection—load slopes for samples of different lengths, we
can determine the bending stiffness, D, and the residual force, N;. Following this
methodology, Xu and Zhang conducted microbridge tests on two sets of trilayer
samples, consisting of SiO, (300nm)/SizN4 (500nm)/SiO; (300nm) and SizNy4
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Fig. 10.16 Deflection-over-load slope, p, vs. the microbridge length, [, for the SiO,
(300nm)/SizNy4 (500nm)/SiO; (300nm) and SizNy (250nm)/SiO, (600nm)/ SizN4 (600nm)
trilayer microbridges

(250 nm)/Si0; (600 nm)/SizNy4 (250 nm) [40]. The measured slope for each sample,
p, vs. the microbridge length, /, is illustrated in Fig. 10.16 for the SiO,/Si3Ny4/SiO,
and Si3N4/SiO, /Si3N, microbridge samples. Figure 10.16 indicates that the exper-
imental data for both sets are well fitted by the linear relationship between p and [.
Using (10.7), we determine the values of N; from the slopes in Fig. 10.16 and the
values of k = \/N;/Dy; from the interceptions in Fig. 10.8 and then the values of
Dy Furthermore, Xu and Zhang assumed that the residual stress and Young’s mod-
ulus of the silicon oxide or silicon nitride layer are independent of the deposition
sequence in the SiO,/SizsN4/Si0, and SizN4/SiO,/Si3N, trilayer films [40]. Thus,
they estimated the residual stresses of —429.49MPa and 550.75 MPa and Young’s
moduli of 54.59 GPa and 270.54 GPa, respectively, for SiO, and SizNy layers.

10.4.3 Single-Layer Microbridges [45]

The microbridge test was developed first for single-layer films with residual tensile
stresses. For single-layer microbridges, no residual moment exists, and hence there
is no initial deflection. The Young’s modulus and the residual stress are determined
from fitting the nonlinearly experimental load—deflection curve with the theoreti-
cal solution by the least square technique. Zhang et al. fabricated SizN4 (760 nm)
singer-layer microbridge samples and conducted the test [45]. The averaged Young’s
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modulus and residual stress of the silicon nitride film were 202.57 4 15.80 GPa and
291.07 £56.17 MPa, respectively. Once the Young’s modulus and residual stress are
evaluated, the stress in the thin film under given loads can be determined by
2

o % _ %%Ef, (10.40)
where ¢ is the thickness of the microbridge, ¢ denotes the maximum tensile stress,
and its magnitude under the fracture load is defined as the bending strength. The
bending strength of the film refers to the maximum tensile stress in the film under
the fracture load, and this maximum tensile stress is almost independent of the film
boundary conditions. All 33 samples were loaded to fracture during the tests, and
the bending strength for each specimen was evaluated using (10.40). Figure 10.17
shows the bending strength against the bridge length, indicating that the bending
strength is also independent of the bridge length. Moreover, the 33 data of the
bending strength follow the Weibull distribution

F(0)=1—exp [— (;)bl , (10.41)

where F is the cumulative probability of failure, b is the Weibull modulus, and oy
is the scaling parameter. Figure 10.18 shows the experimental data on a Weibull
distribution paper. From the plot, we have a Weibull modulus of 7.95 and a scaling
parameter of 12.96 GPa. The average bending strength and the standard deviation
are 12.26 + 1.69 GPa, which are also plotted in Fig. 10.17 as solid and dashed lines,
respectively. The bending strength depends on the process condition. For example,
Cardinale and Tustison reported that the nitrogen-rich silicon nitride films have a
biaxial modulus of 160 GPa and an ultimate tensile strength of 420 MPa, while the
silicon-rich silicon nitride films have a biaxial modulus of 110 GPa and an ultimate
tensile strength of 390 MPa [6].
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Fig. 10.17 The bending strength of the SizNy4 (766.2 nm) single-layer microbridges vs. the bridge
length
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Fig. 10.18 Weibull distribution of the measured data of the bending strength shown in Fig. 10.17

10.4.4 Consecutive Approach [31]

As described earlier, the consecutive approach is based on the assumption that the
mechanical properties of the n — 1 layers in an n-fold-layer thin film should be the
same as that of a film made of the same n — 1 layers. One can extract the mechani-
cal properties of the nth layer by testing the n-fold-layer thin film if the mechanical
properties of the n — 1 layers in an n-fold-layer thin film are known. The simple mul-
tilayer films are bilayer films. If the mechanical properties of one layer are available
in a bilayer microbridge, the microbridge test is able to evaluate simultaneously the
Young’s modulus, and the residual stress of the other layer via the consecutive ap-
proach. In addition, the bending strength of a bilayer film can also be determined
from the microbridge test. Using the consecutive approach, Su et al. conducted mi-
crobridge tests on silicon nitride(870 nm)/silicon oxide(1,080 nm) bilayer films [31].
They first tested single-layer silicon nitride films and then assumed the Young’s
modulus and the residual stress of the single-layer silicon nitride films to be the
same as those of the silicon nitride layer in the bilayer films to evaluate the mechan-
ical properties of the silicon oxide layer in the bilayer films. The evaluated Young’s
modulus and residual stress of the low-temperature silicon oxide (LTO) layer were
41.00 £ 3.60GPa and —180.88 4= 7.90 MPa, respectively. Once the Young’s moduli
and residual stresses for both layers are known, and the stress in each layer can be
determined by the following equations,

B *w  Ne—N;
G]()C,Z):El X*Z W+ 1 -+ Oy1,

B 2’w  Ny—N,
62(X7Z):E2 [(A_Z)W+ XA -

The maximum tensile stress in the silicon nitride layer occurs at the lower surface
of the bridge center, whereas the maximum tensile stress of the LTO film occurs

(10.42)

:| + Op.



246 T.-Y. Zhang

at the upper surface of the bridge ends. The maximum tensile stress at the frac-
ture load for each sample was calculated by using (10.42). The mean maximum
tensile stresses were 0.903 £0.111GPa in the LTO layer and 0.983 4 0.087 GPa
in the silicon nitride layer. Failure occurs once the maximum tensile stress in ei-
ther layer reaches its bending strength. The bending strength of silicon nitride,
6.87 GPa, [45] is much larger than 0.983 GPa; therefore, the LTO layer at one of the
bridge ends fractures first and then the bilayer bridge fails. This conclusion is sup-
ported by optical observations, as indicated in Fig. 10.19. Figures 10.20 and 10.21
are scanning electron microscopic (SEM) pictures of the morphology of the fracture

Microbridge Fractured microbridge

7

»

—>

b —3

|
— T

Fig. 10.19 The fracture of the Si3N4 (870nm)/SiO; (1,080nm) bilayer microbridges occurs at

one end of the bridges

Fig. 10.20 SEM picture showing the fracture surface of a bilayer bridge, where the sample was as
it was
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Fig. 10.21 SEM picture showing the fracture surface of a bilayer bridge, where the sample was
etched by HF solution for 5's

surface at the bridge end, where the fractured sample in Fig. 10.20 is as it was, while
the sample in Fig. 10.21 was etched by HF solution for about 5 s. Figures 10.20 and
10.21 show a flat interface between the LTO and silicon nitride films. The bonding
between the LTO and silicon nitride seems good because one cannot detect the inter-
face without etching. Figure 10.21 illustrates some surface cracks in the LTO film,
indicating again that failure starts from the LTO film. Thus, the maximum tensile
stress, 0.903 £ 0.111 GPa, represents the bending strength of the LTO layer.

10.5 Deflection of a Multilayer Microbridge for N, < 0
and M, # 0

10.5.1 Analysis

In multilayer thin films, however, there may coexist a residual moment and a com-
pressive resultant force even if the residual stress in each layer of the film is
homogeneously distributed. A residual moment and a compressive resultant force
may jointly cause microbeams and other structures made of multilayer thin films
to buckle and bend. From the mechanics analysis as described earlier, we have the
deflection, w, at the loading point for a line load per unit width, Q, applied at the
middle of a microbridge beam as

0 ol My 1
=— tan(kl /2 —— | ——1 10.43
W= g Wk 2+ Los(kl/Z) } +wo, (10.43a)
wo = SpN(Ny — N;) +SPPQ — SpmMo, (10.43b)

2
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1 Mok
Q2 [ ~ ] _ K an(ki2)
2N, cos(kl/2) Ny (10.43c)
1
= SMN(NX 7Nr) + ESMPQ - SMMM07
[(Ny — N,
I— % = SNN(N: —N;) +SNP% — SnmMo, (10.43d)

where [ is given by (10.24b). For a given load, Q, a given residual force, N;, and
a given residual moment, M, (10.43c) and (10.43d) determine the values of N,
and Mj. Then, the deflection at the beam center is determined by (10.43a). In
Appendix 6, we reduce (10.46) to the solutions with simply supported and clamped
boundary conditions.

When the applied load, Q, is small, the deflection is approximately linear with
the load. The slope, p, of the deflection to the load for small loads can be obtained
by a Taylor expansion of (10.46) at the load starting point, Q = 0, no matter that the
initial deflection is large or small. The slope is given by

Nk 4N, T 2 N, kl)2)
o 1/cos(kl/2) —1
| SweNo [1/cos(k/2) 1] | ¢ Mp + N,
2SnmNx + 2ktan (k1 /2) N SNy + ktan (k1 /2) (10.44)

{ SMN [SMPNx + (1/005(/{1/2) — 1)] }
—SNp [ktan(kl/Z) + SMMNX]

2 (ktan (kL /2) + SyiiNe) (Sax + 25) — 283Ny

The slope, p = w/Q, under small loads is experimentally measurable and depends
on the equivalent bending stiffness, D, the beam length, [, the resultant force, N,,
and the tension stiffness, A. For a given beam length, the slope, p, is a function of
A, Ny, and D or a function of A, Ny, and k (k = \/—Ny/D).

When there is no applied load, the buckling profile of the microbridge beam can
be described as

My cos(kx)
=— |l - ——+7 10.45
W) =5 [ cos(kl/2)] +wo, (10-45a)
wo = SpN(Nx — Ny) — SpmMo, (10.45b)
ktan(kl/2)—
- %Mo = SMN(Nx — Ny) — SmmMo, (10.45¢)

= SNN(Nx _Nr) — SN]\/I[‘407 (1045(1)

1[ Mok r[ _sin(kl)}_l(Nx—Nr)

8 | Ny cos(kl/2) ki 24
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Here again, (10.45¢) and (10.45d) determine the values of N, and M, for a given
residual resultant force, N;, and a given residual moment, M;. Then, (10.45a) and
(10.45b) describe the buckling profile of a microbridge.

10.5.2 Critical Resultant Force for Buckling [38]

Equations (10.48c) and (10.48d) are used to discuss the critical residual resultant
force for the buckling. For convenience, we introduce the following dimensionless
parameters:

N, N,
x=K/2, xo=kl/2, B=-T7, K=-7,
A A < SMMD ~ SMND

D/(i/2)2 "MMT Ty PMNT gy
g S\ND - My 5 M

Sw=ar ™= prme M= o

and rewrite (10.48c) and (10.48d) in dimensionless form:

|- 1 1 - -
My {SMM + < tan(x)] -3 tan(x)M; = SmN (x% —xz), (10.46a)

(x% - xz) =S\~ (x% —x2) — SunMp. (10.46b)

| —

1 [ My—M, 1° | sin(2x)
4 | —xcos(x) 2x
For simplicity, let us consider a nondeformable substrate, which means that the

clamped boundary condition is applied at the two ends of the microbridge. In this
case, all spring compliances are zero and (10.49) is reduced to

(Mo — M) %tan(x) =0, (10.47a)
T _
Moy — M, sin20)] 4 5,

[—x(ms(x)] [1_ 2x } = A(XO x7). (10.47b)

Equation (10.50a) gives the critical resultant force for the buckling as

2 2
Xo = n, Nfz—(’?) D, n=1,23, ..., (10.48)

which can be reduced to the well-known Euler buckling stress for clamped-clamped
beams. Equation (10.50b) determines the moment if xy > x = x.. For the first mode
of buckling, the moment takes the explicit form:

2 _ 2

~ ~ Xo— T
My—M, ==+2x i (10.49)
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It is the net moment, Mpe = Mo — M,, that determines the buckling behavior.
Equation (10.49) indicates that with the clamped boundary condition, the upward
net moment has the same magnitude as the downward net moment such that the
upward and downward buckling should occur randomly if the substrate is nonde-
formable.

The substrate deformation affects the critical resultant force for buckling. Af-
ter buckling, the magnitude of the compressive resultant force in the buckled beam
should be lower than that of the original compressive resultant force. Therefore, we
have ko > k > 0 and xp > x > 0. At the critical condition of buckling, the origi-
nal compressive resultant force must approach a critical value and the compressive
resultant force in the buckled beam must approach the same critical value. In the
dimensionless variables, we have

X9 — Xxc and x — x. under the condition xy > x >0, (10.50)

at the onset of buckling. To calculate the x value for a given x( value, we substitute
(10.49a) into (10.49b) and then have

1 |:§MN(X(2) —x*) _SMMMr:| ? [1 _ sin(Zx)]

4 | xcos(x)Sym + sin(x) 2x (10.51)
. 1 xS 2 a2y, SunMtan(x)
—SWH = | (X )t =
A xSum + tan(x) xSmMm + tan(x)

For a given xg value, the x value is determined from solving (10.51) numerically;
and there are multiple values of x corresponding to multiple modes of buckling.
Taking a microbridge as an example, where Sypv = 3.8 x 1073, Syn = 1.3427 x
107>, Sxy = 3.7983 x 1077, A = 1.329 x 10?2, and M, = 5.2071 x 108, the left-
hand side of (10.51) is plotted as a function of x for a given xg in Fig. 10.22 to show
the multiple modes of buckling. At each mode of buckling, there are two values of
x =x; and x = x; for a given value of x, although they are very close to each other,
as indicated in Fig. 10.22. Two roots of x at each mode of buckling are caused by the
substrate deformation. As indicated in (10.50), we should have xo — x. and x — x,
on the onset of buckling, which is illustrated in Fig. 10.23 for the example shown
in Fig. 10.22, where the critical values, xi. and xy., are determined to be 2.9846
and 3.2681, respectively. Clearly, the critical values of the resultant force depend
strongly on the residual moment. Figure 10.24 shows that the x;. value decreases
with increasing M;, whereas the x,. value increases with increasing M,. Therefore,
the higher the residual moment is, the bigger the difference between the two critical
values will be.

For a given value of xo larger than both x;. and x., there are two roots of x
corresponding to a given residual moment. As an example, Fig. 10.25 shows the
two roots of x as a function of the residual moment.

As the residual moment increases, one root, x», increases, while the other root,
x1, decreases. As mentioned earlier, the net moment, M., determines the buckling
behavior. Figure 10.26 shows the variation of the net moment M with the residual
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Fig. 10.22 Multivalues of x under a given x¢, showing the multi modes of buckling. At each mode
of buckling, there are two values of x, very close to each other, corresponding to a given xo
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Fig. 10.23 Determine the critical buckling stress. The two intersections give the minimum values
of xp for buckling

moment M; for a given value of xo = 12.4935. For a given value of the residual
moment, there are two values of the net moment corresponding to the two roots of x;
and x,, respectively. Figure 10.26 indicates that Mye (x| ) is positive and Mpe((x2) is
negative. For example, My (1) increases from 0.36 x 107 to 0.9 x 107, 1.45 x 107,
and 2.3 x 107 as the residual moment M, increases from 0 to 2 x 108, 4 x 108, and
8 x 108, meanwhile M, (x>) decreases from —0.4 x 107 to —1.2 x 107, —2.1x 107,
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Fig. 10.24 The critical buckling stress vs. the residual moment
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Fig. 10.25 The stress after buckling vs. the residual moment at a given residual stress

and —3 x 107. The magnitude of My (x2) is larger than the magnitude of Mie(x1),
and the difference between the magnitudes of Mye(x2) and Mye(x1 ) increases from
0.04 x 107, 0.3 x 107, 0.65 x 107, and 0.7 x 107 when the residual moment M,
increases from 0 to 2 x 108, 4 % 10%, and 8 x 10%. The numerical results and Myt =
Mo — M, indicate that the net moment with a greater magnitude has an opposite
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Fig. 10.26 The net moment vs. the residual moment for a given xo. The negative net moment
corresponds to upward buckling

sign in comparison to the residual moment and the microbridge will be bent by the
larger absolute net moment. As shown by (10.48a), a positive net moment causes
the microbridge to bend and buckle downward, while net negative moment causes
the microbridge to bend and buckle upward.

As mentioned above, the four parameters, A, D, N; and M,, determine the bend-
ing behavior including buckling. As indicated in (10.44), we can express the resul-
tant force, Ny, as a function of k and A, once the slope, p, is available. Additional
information can be obtained by the experimentally measured displacement at the
end of the microbridge, wp, and using (10.48b), from which we can express the
residual force, N;, as a function of My, N, and A through the spring compliances.
The residual force, Ny, can be expressed as a function of My, k, and A, since N is de-
termined as a function of k and A by the slope, p. Then, we can express the moment
applied by the substrate to the microbridge, My, and the residual moment, M;, both
in terms of k and A by using (10.48c) and (10.48d). Finally, the two independent
parameters, A and k, can be uniquely determined from fitting the buckling profile
with (10.48a) by using the least square technique. When A and k are determined,
we will also have the values of the resultant force, Ny, through (10.44), the residual
force, N;, and the residual moment, M;, the moment applied by the substrate to the
microbridge, My, through (10.48b), (10.48c), and (10.48d). The bending stiffness,
D, is also determined through D = —N,/k>. In brief, the characteristic parameters,
A, D, N;, and M, of a bilayer microbridge can be determined from the buckling
profile and the slope of deflection vs. the load under small loads.

Under large loads, the deflection varies nonlinearly with the load. The load-
deflection behavior is also governed by the tension stiffness, A, the bending stiff-
ness, D, the residual force, N;, and the residual moment, M;, which are already
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determined from fitting the buckling profile. Here again, we may use the load—
deflection relationship under large loads to verify the results obtained from fitting
the buckling profile and the slope of deflection vs. load under small loads, as de-
scribed in Sect. 10.3. Note that the buckling height at the bridge center, w;, should
be added to the measured deflection, w$(Q;), for the fitting purpose because the
buckling profile is taken as a reference for the measured deflection, and the theo-
retical predictions are based on the bending of the neutral plane without any initial
deflections. The sign of the buckling height at the bridge center, wy, is negative, if
the shape of the buckle is convex, otherwise the sign is positive if the shape is con-
cave. Furthermore, for a bilayer film, we can calculate the Young’s moduli, £; and
E», and the residual stresses, 0y and Oy, of each layer from the parameters of A, D,
N;, and M.

10.5.3 Bilayer Microbridges [38]

Experimentally, Si3N4 (200nm)/SiO; (400nm) bilayer microbridges were fabri-
cated on two-side polished 4-in. p-type (100) 525-um thick silicon wafers. The
fabrication process is the same as that described previously. The final thickness of
each layer was determined by a film thickness measurement system (Nanometric
model 4,150) at room temperature. The bridge length and width of each microbridge
sample were precisely measured one by one, using the digital coordinates provided
by the Hysitron Nanoindenter system. The initial profile of each microbridge was
measured by the scanning along the microbridge length direction, using the laser
interferometry technique with the WYKO NT3300 optical profiler. The results in-
dicate that the microbridges were initially curved, as shown in Fig. 10.27 and its
inset, implying the existence of residual moments and/or the buckling induced by
the compressive force that bent the microbridges. The microbridge tests were con-
ducted with the Hysitron Nanoindenter system at room temperature with a preset
maximum load of 1,500 uN and at a controlled loading rate of 250 uN/s and the

0.07 o— experimental profile A= 63000 N/m
— - —theoretical fitting D=1.33*10° N'm
o N=-58 N/m

R M=419"10°N

0.03
T 004
Fig. 10.27 Measured and =
fitted buckling profiles of a 3 00
microbridge. The inset is an 0.02
optical top view of a micro-
bridge sample. The profile 001

is obtained by the scanning
along the microbridge length . -
direction, which is indicated -10 05 00 05 10
by a vertical line x/(0.5L)
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Fig. 10.28 Loading-unloading curve of a microbridge. The inset is the curve under small defor-
mation, together with a linear fitting curve

same rate during unloading. Experimental observations found that all fabricated mi-
crobridge samples were buckling upwards. This is because the silicon nitride layer
has a tensile residual stress, and the silicon oxide layer has a compressive residual
stress such that the residual moment is positive. This is consistent with the theo-
retical prediction described earlier. As an example, Fig. 10.27 shows one measured
buckling profile. The buckling profile is not ideally symmetric, which might be due
to the nonuniform thickness and/or roughness (9.5 + 1.5nm) of the beam. The ini-
tial deflection profile was fitted with (10.48). To determine the values of the tension
stiffness, A, the bending stiffness, D, the residual force, N;, and the residual mo-
ment, M;, from fitting the buckling profile, we need the slope of the deflection vs.
the load under small loads. Figure 10.28 illustrates the load—deflection curves dur-
ing loading and unloading. The unloading curve coincides with the loading curve,
indicating the completely elastic behavior of the silicon nitride/silicon oxide film
and the silicon substrate. The inset of Fig. 10.28 shows a loading curve under small
loads, where the squares represent the experimental data and the straight line is the
linear fitting result. For the example shown in Fig. 10.28, the slope was determined
to be 154.45 (um)?/mN.

The theoretical buckling profile was also shown in Fig. 10.27, from which the
four parameters were extracted to be A = 63,000N/m, D =1.33x 107N m, N, =
—58N/m, and M; = 4.19 x 107N, respectively. The theoretical profile did not
match to the measured profile perfectly because of the asymmetry of the real buck-
ling profile itself. Totally, 30 microbridge samples were tested. All of them were
chosen from the center part of the wafer such that all the samples had the same
thickness. The mean values and standard deviations of the tension stiffness, bending
stiffness, residual force, and residual moment were A = 64,000+ 1,700N/m, D =
1.3440.06 x 107N m, N, = —58 +8N/m, and M; =4.18 £0.19 x 107> N, respec-
tively. As expected, the four parameters do not vary with the microbridge length.
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Fig. 10.29 The experimental load—deflection and theoretical fitting curves of the microbridge
whose buckling profile is shown in Fig. 10.27

When the values of the tension stiffness, A, the bending stiffness, D, the resid-
ual force, N;, and the residual moment, M,, are available, we can verify any two of
the four parameters, A, D, N;, and M,, from fitting the load—deflection curve un-
der large deformation with (10.46). As an example, Fig. 10.29 illustrates a typical
experimental load—deflection curve under large deformation and the theoretical fit-
ting curve, indicating that the analytic solution fits the experimental data well. The
extracted values are more or less correspondingly the same as the values obtained
from the buckling profile fitting, as shown in the Figs. 10.27 and 10.29. The con-
sistent results are expected because the four parameters completely determine the
buckling profile and the response of a bilayer microbridge sample under an applied
lateral load. It should be noted that the resultant force in microbridge would change
gradually from compression to tension with increasing load. Thus, there must exist
a particular load, at which N, = 0. When the load is lower than this level, N, < 0,
while N, > 0 if the load exceeds this level. This particular load is also determined
in fitting and indicated in Fig. 10.29, where Q = 4.231 mN/um and w = 0.637 um.
After this load, Ny > 0, thus, k is a pure imaginary number and complex calculation
is carried out in solving (10.46).

Using (10.7) and the determined values of A, D, N;, and M;, we can determine
the Young’s modulus and the residual stress in each layer of the bilayer film. The
average value and the associated standard deviation of the Young’s modulus are
E1 = 35+ 2GPa for the silicon oxide layer and E, = 250 4- 7 GPa for the silicon ni-
tride layer. For silicon oxide films, the estimated values of the moduli are essentially
the same as the previous value of 38 GPa [37]. For silicon nitride films, the estimated
values of the moduli are smaller than the previous reported value of 290 GPa [32],
but essentially the same as the values of 251 GPa [37], 222 GPa [35], 235 GPa [18].
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Similarly, we calculated the residual stress in the silicon oxide layers, o;1, and the
residual stress in the silicon nitride layer, o;2, for each of the 30 microbridge sam-
ples. The average value and the associated standard deviation of the residual stress
are o;] = —380 420 MPa for the silicon oxide layer and 6, = 470+ 15 MPa for the
silicon nitride layer. For silicon oxide films, the estimated magnitudes of the resid-
ual stress are larger than the reported value of —320MPa [28]. For silicon nitride
films, the estimated values of the residual stress are larger than the reported values
of 120-150 MPa [35], 151 MPa [9], 420 MPa [6] in the literature.

In summary, a multilayer beam with a compressive residual resultant force will
buckle if the compressive residual resultant force exceeds a critical value. If there
coexists a residual moment and a compressive residual resultant force in a multilayer
beam, the residual moment may change the critical value of the compressive residual
resultant force for buckling due to substrate deformation. The larger absolute net
moment determines the buckling direction. Measuring the buckling profile and the
slope of deflection to load, we determine the four parameters of A, D, N; and M;,
which govern the buckling and bending behavior of the multilayer beam. For bilayer
beams, the Young’s modulus and the residual stress of each layer can be uniquely
determined from the microbridge test without any further assumptions.

10.6 Deflection of a Multilayer Microbridge for N, < 0
and M, =0

10.6.1 Buckling Behavior

If the magnitude of the residual compressive force per unit width, N;, exceeds a crit-
ical value, the microbridge beam buckles, causing partial relaxation of the residual
compressive force. If N, denotes the compressive force per unit width along the
length direction in the buckled beam, both N, and N, are negative and N; < N, or
|Ny| > |Ny|. In this case, (10.48) reduces to

My cos(kx)
w= N, [ cos(kl/z)} +wo. (10.52a)
wo = SpN(Nx — Nr) — SpmMo, (10.52b)
ktan(kl /2
7%% = SmN (N — N;) — MoSwim, (10.52¢)
X
i Mok 12 | sin(kD)] 1N —Ne) _
8 | Nycos(kl/2) ki 24 (10.52d)

SNN(Ny — Ny) — SnmMo.

For a given value of residual compressive force, Ny, (10.55¢) and (10.44d) determine
the values of Ny and My. Then, (10.55a) with (10.55b) describes the buckling profile
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of a microbridge. We introduce the thickness-averaged Young’s modulus, Ef =A/t,
where 7 is the thickness of a multilayer film. Then, we rewrite (10.55¢) and (10.55d)
in dimensionless form:

- 1 N
My [SMM +- tan(x)} = Sun(xd —x?), (10.53a)

- 12 : ~
1 M sin(2x)] 7, ,
1 1- -2 = ~N,) — SxmMo. (10.53b
4{xcos(x)} { 2x ] 12(x0 x%) = SNN(Ny = Ne) — SnuMo. - ( )

where 7 = /(1/2). Substituting (10.56a) into (10.56b) yields
{1 ~ sin(x) cos(x)} (2

-~ x5 — xz) — S[Snmvxcos(x) + sin(x)]?

+4xcos (x) [Spmx cos(x) +sin(x)] = 0, (10.54)

N A
S:4 SNN+E SMN'

For a given xo value, the x value is determined by solving (10.54) numerically
and there are multivalues of x corresponding to multimodes of buckling. Taking
a microbridge as an example, where Sy = 5.84608 x 10’3, Svin = 2.65162 x
1073, Snn = 8.72744 x 1077, and 7 = 0.0121705, we plot the left-hand side of
(10.54) as a function of x under a given xg in Fig. 10.30 to show this multimodes of
buckling. Apparently, at each mode of buckling, there are two values of x = x; and
x = xp for a given value of xp, although they are very close to each other, as indi-
cated in Fig. 10.30. This phenomenon is caused by the substrate deformation. Each
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Fig. 10.30 Multivalues of x under a given xo, showing the multimodes of buckling. At each mode
of buckling, there are two values of x, very close to each other, corresponding to a given xg
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Fig. 10.31 Numerical solutions of x as function of xy. The two intersections give the minimum
values of xq for buckling

of the x values increases with increasing the x( value, indicating that a higher initial
residual stress will result in a higher residual stress in the buckled beam, which is
different from the prediction by the Euler buckling theory that the residual stress in
a buckled beam is a constant.

As we are interested in the critical stress for buckling, we plot the x value as a
function of xy near the critical point, at which xop — x, and x — x, in Fig. 10.31.
The values located on the right side of the straight line of xy = x satisfy xo > x > 0.
Figure 10.31 shows that with decreasing xo, x; and x, approach the critical values,
X1¢ and xpc, respectively, at which x; = xg = x;¢ and xp = x9 = x».. For the example,
the critical values, x;. and x»¢, are 3.12334 and 3.12350, respectively. In fact, the
critical buckling condition of xy = x reduces (10.54) to

{—S[Spmxcos(x) +sin(x)] +4xcos(x)} [Symxcos(x) +sin(x)] = 0. (10.55)
Equation (10.55) is satisfied if
Swvmxcos(x) +sin(x) =0, (10.56a)
and/or

S[Spmxcos(x) + sin(x)] — 4xcos(x) = 0. (10.56b)

Then, taking the zero moment as the buckling criterion, we obtain (10.59b) from
(10.59c¢).
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The critical values, x| and xy, are determined by (10.59a) and (10.59b), respec-
tively. Actually, (10.59a) can be directly deduced from (10.56a) by letting xo = x. If
we substitute (10.56a) into (10.56b) to eliminate the term of (x§ —x?), we have

1 1 2 sin(2x) i Svm + Ltan(x) .
— My |1— =|—=+S —*—~ —Sun. (10.56¢
4 Lccos(x)} 0 { 2x } (12 - NN) Sun - (10.56¢)

Using the values of x| and x, for a given xj, we can calculate the moment, M, from
(10.56) and determine the buckling direction from the moment sign. For a given set
values of x| and xg, or x, and xg, (10.56a) gives a moment value, but (10.56b) yields
two moment values:

M = 28y [xcos(x))

sin(2x 7 N
— 2] s (54 Sw) () (10.57)
[xcos(x)]?

[1
*SMN:IZ SI%/IN +

sin(2x) ’
- 2xx

where M(()l) and 1\71(()2) correspond to the solutions with the plus and minus signs of
the square root, respectively. It should be pointed out that only one root of (10.57)
is consistent with the solution of (10.56a) and this root is the true solution. For the
Xx] set, 1171(()1) from (10.56b) gives the same value as that determined by (10.56a),

whereas for the x; set, M(()z) from (10.56b) gives the same value as that determined
by (10.56a). Numerical results are plotted in Fig. 10.32 to demonstrate this conclu-
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Fig. 10.32 Calculated moments for various xo, where My is from (10.12a), and Mél) and M(()z) are
from (10.59b). The negative moment corresponds to downward buckling
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sion. Figure 10.32 shows that the moment for the x; set is negative and the buckling
is downward, while the moment for the x; set is positive and the associated buck-
ling is upward. When xg > xp. = 3.12350, the microbridge could buckle upward or
downward, randomly oriented, but the downward buckling will release more resid-
uals tress, as indicated in Fig. 10.31. When 3.12350 = xp. > x¢p > x;. = 3.12334, the
microbridge could uniquely buckle downward. While xy < x;. = 3.12334, though
the moment has a nonzero value if the microbridge buckles downward, the stress in
it does not release at all, as shown in Fig. 10.31. In this case, the microbridge will not
buckle. If a disturbance occurs to make it buckle, the microbridge will completely
recover to its flat state, at which the strain energy is lower than that at the buckled
state. This situation is similar to the classic nucleation case, in which a new nucleus
will grow up when it is larger than a critical size, otherwise, the new nucleus will
disappear.

If the substrate is nondeformable, i.e., if the clamped boundary condition is ap-
plied at the two ends of the microbridge, the spring compliances will be zero. In this
case, (10.56) reduces to

Moita“(x) =0, (10.582)
My [ sin20)] 2.,
[xcos(x)] {1 T oy } = g(xo —x7). (10.58b)

Equation (10.61a) gives the buckling stress

2nm 2n\?> D

2
Xc =NT, Nf = — <l) D, and O-lf: = — (l) ?, (1059)
n=1,2,3,...
which is the well-known Euler buckling stress. Equation (10.61b) determines the

moment if xp = x = x.. For the first mode of buckling, the moment takes the
explicit form:

2 2
Xop— T

Mo = +n7 (10.60)

Equation (10.60) is a special case of (10.49) for M, = 0. With the clamped boundary
condition, the upward moment has the same magnitude as the downward moment,
as indicated in (10.60).

10.6.2 Load-Deflection Curves under Elastic Deformation

Without any residual moment, (10.46) reduces to
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0 ol My 1
=——= tan(kl/2 S . — 10.61
W= ong WK F g N sy Y e (1061
w0 = So(Ne — Vo) + Sop 2 — SpwaM, (10.61b)
L SN + 3 S ONs + 50 et~ 1] -
0 SwivilNx — ktan(kl/2) : (1061¢)
I(Ny—N,
SNN (Ny — Nr) +SN1>g —SnuMo =1— 10 = Vo) (10.61d)
2 2Et
with
_ 40Mok Okl 1
NZcos(kl/2) = 4NZcos?(kl/2)
N M3l 20%I  40Myk
1 N2cos2(kl/2 4N2 N2
I=— ¢ cos?(k1/2) ) ) (10.61e)

8k | 20Q%sin(kl/2) QMok?lsin(kl/2)
N2 cos(kl/2) N2 cos?(kl/2)
Q?sin(kl) M3k?sin(kl)
| 4NZcos?(kl/2)  NZcos?(kl/2)

Equation (10.64) reduces to (10.55) if the load, Q, is not applied. In Appendix 7,
we reduce (10.64) to the solutions with the simply supported and clamped boundary
conditions.

10.6.3 Experiments on Gold Thin Films [19]

Au microbridge specimens were fabricated on (100) Si wafers with double polished
sides. Figure 10.33 is a schematic depiction showing fabrication steps. A layer of
Si3Ny4 was first deposited on both sides of the wafer. Dry etching was then used to
create windows in the bottom side of the Si3Ny layer to expose the underneath Si,
and to remove the top side of the SizNy layer. After that, the sputtering technique
was used to deposit a few nanometer thick of Cr layer on the top side of the wafer,
which aids adhesion of Au to Si, and followed by depositing a few nanometer thick
Au layer, which serves as a seed layer in subsequent electroplating process. Next,
the photoresist was spinning-coated on the Au layer and patterned to microbridge
shapes. Then, the microbridges on the wafer were further electroplated with Au to
a designed thickness. The commercially available NEUTRONEX 309 gold elec-
troplating technique, which is frequently used in “bump” plating on metallized Si
wafers, was used in this step, depositing the Au layer of 99.99% purity. During
plating, the pH value of electrolyte was maintained between 9.2 and 9.8, the plating
bath temperature was kept at 50°C, and the current density was set at 0.25mA/ cm”.
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After the electroplating, the wafer was immersed in a KOH solution to etch Si from
the bottom side windows with protection of the top side covered by a Teflon chuck.
After the Si was etched through, windows through the wafer thickness was formed,
while the sputtered Au/Cr film still sustained microbridges to suspend upon the
windows. The sputtered Cr and Au layers were etched away sequentially from the
bottom side by wet etching using the Cr etchant and the mixture of nitric acid and
hydrochloric acid, respectively. Finally, the microbridges were made of only the
electroplated Au and free-stand on the windows. Figure 10.34 shows the optical

100 pm
=

20 pm

b
Fig. 10.34 Optical images of Au microbridge(s), (a) gross view and (b) fine view
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Fig. 10.35 X-ray diffraction pattern of the gold film

image of the microbridges. The dimensions, such as length, width, and thickness,
of each microbridge were measured individually using the WYKO NT3300 opti-
cal profiler working in the vertical-scanning interferometry mode. From the height
difference of topography of the sputtered and electroplated Au, the average thick-
ness of microbridge was measured to be 0.481 4-0.005 um. The average width of
microbridge was 16.1 + 0.1 um. Different lengths of microbridges were designed,
which ranged from 68 to 82 um with an accuracy of 0.2 um. The extension of micro-
bridges on the supporting substrate was about 25 um. The gap between two adjacent
microbridges was 100 wm, which was large enough so that each microbridge can be
treated as an isolated one.

The X-ray diffraction (PW 1830, Philips) pattern, as shown in Fig. 10.35, reveals
two features of the gold film. First, the peaks at 38.18° and 44.39° correspond to the
Au (111) and (200) diffractions, indicating the film is polycrystalline in structure.
Second, the peak intensity ratio of (200) over (111) is 0.56, which is slightly higher
than the ratio of 0.52 for a random orientation distribution [20]. This exhibits that
the amount of grains in the film grown along the (100) direction perpendicular to
the film surface is larger than that with a random orientation distribution, i.e., the Au
film has a gentle {100} texture. The quantitative texture analysis of the film was fur-
ther carried out by using Siemens D-5000 X-ray diffraction equipment. The (111)
and (200) pole figures shown in Fig. 10.36 were characterized with the reflection
method under a condition of 35kV and 28 mA. The orientation distribution func-
tion of grains was then determined from the pole figures. With the measured grain
orientation distribution function, Young’s modulus of the film was calculated and
compared with the experimental results. The microbridge tests were conducted with
the same test procedure as that described previously. The profiles of the beams prior
to and after the bending test were examined also using the WYKO NT3300 Profiler.
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Fig. 10.36 Pole figures of the
thin gold films
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10.6.3.1 Young’s Modulus of the Film Calculated from the Texture Analysis

The orientation distribution function (ODF) is expressed in terms of three Euler
angles: g = (@1, P, @) (4), which were determined from the (111) and (200) pole
figures. For a single FCC crystal film, we can calculate the elastic modulus in the
direction parallel to the film surface, provided that the elastic constants of the crystal
are available

=811 —2(S11 — Si2 — $Saa) (P L + L I* + 13%1%), (10.62)
E(g) 2

where S11, S12, and S4 are the independent elastic compliances of the crystal. In the
case of Au, S11, S12, and Syq are 23.66, —10.83, and 23.81 TPa~ !, respectively [7].
I7, I, and I3 in (10.62) are the direction cosines to transform the crystallographic
axes to parallel direction to the film surface and read as

[} = cos @1 cos ¢ — sin Qg sin @ cos P,
lp = —cos @y sin @y — sin @) cos ¢, cos P, (10.63)
I3 = sin @ sin®.

The average elastic modulus, £ I of thin film, in parallel direction to the surface was
estimated from [17]

.1
Ej=3 j{E(g)anngr (10.64)

T
¢ E(g)) Fydg

where dg = sin®d@;dP@, /872, and Fy is the ODF of g = (¢1, @, ¢,). The integral
space is the entire orientation space, i.e. 0 < @ <27, 0 < P < 7w, 0 < @ < 27

The calculated Young’s moduli at two mutually orthogonal directions in the sur-
face plane are 68.17 and 68.42 GPa, respectively. The almost identical values imply
the mechanical properties of the thin Au film are in-plane isotropic, i.e., direction-
independent in the surface plane of the film.
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10.6.3.2 Young’s Modulus and Residual Stress Determined from the Initial
Buckling Profile Fitting

The buckling direction of the microbridges is random, could be upward or down-
ward. Figure 10.37 shows two measured initial profiles of microbridges with op-
posite buckling directions. Note that in our coordinates, the downward direction is
defined as positive. The buckling profile is not ideally symmetric, which might be
due to the nonuniform thickness and/or roughness (7.3 4 1.1 nm) of the beam. Nev-
ertheless, the buckling profile was fitted with (10.55). As a result, the theoretical
profiles were also shown in Fig. 10.37, from which the Young’s moduli and resid-
ual stresses were obtained to be 67.2 GPa, —8.4MPa and 67.4 GPa, —7.7MPa, re-
spectively. The theoretical profile could not match to the measured profile perfectly
because of the asymmetry of the real buckling profile itself. Totally, 22 profiles of
microbridges with different lengths were measured and fitted, yielding the mean
values of the Young’s modulus and the residual stress to be 66.2 + 2.9 GPa and
—8.5 £ 1.0MPa, respectively, as shown in Fig. 10.38. It is noted that the extracted
Young’s modulus, 66.2 2.9 GPa, is close to the value, 68 GPa, determined by the
texture analysis.

10.6.3.3 Elastic Deformation Under Small Loads

Under small loads, the response of the microbridge to the load is elastic. From the
elastic part of a load—deflection curve, we can extract the Young’s modulus and the
residual stress by fitting the experimental load—deflection curve with the theoretical
prediction. Figure 10.39 is an example of such fitting. The coincidence of loading
and unloading curves indicates the bending is elastic. The theoretical curve fits to

-0.07 —
E=67.2GPa
-0.035 - gy

w (um)

0.035 £ =813 M Pal
o, Measured

E=67.4 GPa
6,=-7.7 MPa - — Fitted
0-07 T T T
-1 -05 0 0.5 1

xI(0.5L)

Fig. 10.37 Measured and fitted profiles of the microbridges buckling upward and downward.
Young’s modulus and residual compressive stress of the thin gold film are extracted from the buck-
ling profiles and indicated inside the figure
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Fig. 10.39 The measured and fitted load—deflection curves of the microbridge under small loads.
The insert is the corresponding initial buckling profile and an associated fitting curve
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the experimental data well, from which the Young’s modulus and residual stress are
evaluated to be 64.7 GPa and —9.9MPa, respectively, which are correspondingly
identical to the values of 64.1 GPa and —9.8 MPa obtained by the buckling profile
fitting, as shown in the insert of Fig. 10.39.

A matter deserving to point out is that the resultant force in microbridge will
change gradually from compression to tension with increasing load. Thus, there
must exist a particular load, at which N, = 0. When the load is lower than this
level, N, < 0, while N, > 0 if the load exceeds this level. This particular load is
also determined in fitting and indicated in Fig. 10.39, where Q = 0.1892uN/um
and w = 0.5885um. After this load, Ny > 0, thus, k is a pure imaginary number
and complex calculation is carried out in conducting (10.64). The Young’s modu-
lus and residual stress were determined from fitting elastic load—deflection curves.
The average values of Young’s modulus and residual stress are 66.4 + 2.8 GPa and
—8.51 1.0MPa, respectively, which are correspondingly the same as those from the
buckling profile fitting.

10.7 Yield Strength

When the applied load is high, plastic deformation will occur in the Au beams.
As an example, Fig. 10.40 shows the load—deflection curves during loading and un-
loading for the microbridge whose initial buckling profile is downward, as shown
in Fig. 10.37. Clearly, the loading and unloading curves do not coincide with each
other, as shown in Fig. 10.40, indicating plastic deformation occurred in the Au
beam during the test. Figure 10.41 is a scanning interferometer image of two mi-
crobridge beams after loading—unloading. Clearly, plastic deformation occurred in

0.012 4
L =813 um
0.01 - E =674 GPa
. G, =—7.7 MPa
g 0.008 - 6, =168.1 MPa
% 0.006 - Alﬂading
s}
0.004 - yielding point
+ Experimental
0.002 + = Theoretical
0 T T T
0 1 2 3

W (um)

Fig. 10.40 The load—deflection curve of the microbridge whose initial buckling profile is shown
in Fig. 10.37. A theoretically elastic loading curve is plotted here as a reference, which coincides
with the experimental curve within the elastic range
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Fig. 10.41 Scanning interferometer image of two microbridge beams after loading—unloading.
Plastic deformation occurred in the lower beam

the lower beam. The smooth change of load with deflection excludes the possibility
to determine the yield strength from a sudden change in the load—deflection curve.
To determine the yield strength, we plot an elastic load—deflection curve with the
material constants obtained from fitting elastic load—deflection curve under small
loads for the same microbridge beam, as shown by the red line in Fig. 10.40. The
theoretical and experimental curves coincide with each other under small loads, i.e.,
within the elastic range. Beyond the elastic range, the experimental curve deviates
from the elastic curve due to plastic deformation. Following the 0.2% offset strain
in the determination of the yield strength in a tensile test, we define a 2% offset
deflection here, which means that the yield load is defined as such a load at which
the normalized deflection deviation from the theoretical elastic deflection is equal
to 2%, i.e., (WP — wel@) /el = 29, By this way, we determined the yield point
and indicated it in Fig. 10.40. For clarity, we marked also in Fig. 10.40 the load at
which N, = 0. Apparently, the yield point far exceeds the point of N, = 0, indicating
the resultant force is tensile at the yield point. Then, from the yield point, we can
determine the yield strength of the microbridge beam.

As indicated in (10.40), the stress in a microbridge changes along the thickness
direction and is composed of two parts, one due to the middle plane tension (or
compression) and the other due to bending. For the film with an initial residual
compressive stress without residual moment, we have from (10.64) that

_ QOsinfk(1/2+x)] QI My [ cos(kx)
= " Nkeosk2) TN, 2 TV T w, [cos(kl/Z) - 1] o
for —é <x<0. (10.65)

Because of the symmetry, (10.65) gives the solution only for a half length of the
beam for simplicity. Equation (10.65) is still valid after N, > 0 during loading except
that k is a pure imaginary number and the calculation is carried out in complex form,
just the same as that in elastic fitting of load—deflection curve with (10.64) after
N, > 0. From (10.65), we have
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Fig. 10.42 Yield strengths 200
determined f.rom the 2% 162.4 + 5.9 MPa
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The maximum stress should occur at some points on the surfaces, at which the
bending stress, denoted by the second term on the right-hand side of (10.40), has
the same sign as the tensile stress, represented by the first term on the right-hand
side of (10.40). Thus, we can substitute the absolute value of the bending stress into
(10.40), which yields

Ny

t . |QKsin[k(l/24x)] | Mok* cos(kx)
t 2

2Nykcos(kl/2) Ny cos(kl/2)|

o= £ (10.67)
The maximum tensile stress occurs at the lower surface of the microbridge center.
The maximum tensile stress at the offset point is defined as the yield strength of the
film. By this way, we found the yield strength of the gold film to be 168.1 MPa,
which is also shown in Fig. 10.40. Totally, 20 load—deflection curves of micro-
bridges were measured and fitted. The determined values of yield strength were
plotted in Fig. 10.42 with a mean value of 162.4 £5.9MPa, which is close to the
value of 170 MPa measured on the 0.5 um thickness gold film with the microscale
tension test method [10].

10.8 Concluding Remarks

The microbridge testing method for the mechanical characterization of thin films
is based on the elastic beam theory. For brittle single-layer films, the microbridge
testing method is able to evaluate simultaneously the Young’s modulus, residual
stress, and bending fracture strength from an experimental load—deflection curve.
For multilayer films, the analysis shows that the bending of a multilayer beam is
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equivalent to the bending of a single-layer beam with an equivalent bending stiff-
ness, a tension stiffness, a residual force, and a residual moment. The residual mo-
ment results in an initial deflection. Measuring the profile of an initial deflection
provides more information of the multilayer film, which is therefore one aspect of
the mechanical characterization of the film. With the measured value of the slope
of a load—deflection curve under small loads, which gives the relationship between
the equivalent bending stiffness and the initial resultant force, we are able to deter-
mine the tension stiffness, A, the bending stiffness, D, the residual moment, M;, and
the residual force, N;, from the profile of the initial deflection. The four parameters
completely determine the elastic bending behavior of multilayer microbridges. For
bilayer thin films, the Young’s modulus and the residual stress of each layer can be
determined from the four parameters without any assumptions. If the layer number
is equal to or larger than three, we may need to make more assumptions to deter-
mine the Young’s modulus and the residual stress of each layer, as described above
for the symmetrical and asymmetrical trilayer films. One may conduct the micro-
bridge test on samples with different lengths to obtain more information about the
mechanical behavior of a multilayer film. As microbridge samples are fabricated by
the MEMS technique on a substrate, it is reasonable to assume that the microbridge
samples have the same mechanical properties except for the difference in length.
The consecutive approach means that one can estimate the Young’s modulus and
the residual stress of one layer in an n-layer film if the corresponding values of the
rest of the n — 1 layers are known. Although the consecutive approach sounds per-
fect in theory, it may be difficult in experiment to have the mechanical properties of
the n — 1 layers.

A multilayer beam with a compressive residual resultant force will buckle if the
compressive residual resultant force exceeds a critical value. If there coexist a resid-
ual moment and a compressive residual resultant force in a multilayer beam, the
residual moment may change the critical value of compressive residual resultant
force for buckling because of the substrate deformation. The larger absolute net
moment determines the buckling direction. Measuring the buckling profile and the
slope of deflection to load determines the four parameters of A, D, N;, and M;,
which govern the buckling and bending behavior of the multilayer beam. For bilayer
beams, the Young’s modulus and the residual stress of each layer can be uniquely
determined from the microbridge test without any further assumptions.

The microbridge testing method is like a three-point bending test at the microme-
ter scale. The stress due to bending does not uniformly distribute along the thickness
of a tested sample. Therefore, it is, in some way, subjective to define a yield point by
the two percent deviation in the deflection. However, this definition is analogous to
the definition of the offset yield strength in a tensile test, where a 0.2% plastic strain
is used for a smooth stress-strain curve without any detectable yielding point. The
yield strength of the Au films determined by the microbridge test is more or less the
same as that reported in the literature, thereby demonstrating that the microbridge
test can be utilized in the mechanical characterization of ductile thin films.
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Under large deformation, the deflection is much larger than the beam thickness
such that the axial stretching could dominate the deformation in the microbridge
beam. On the basis of this fact, Espinosa et al. developed a tensile test on thin films
by applying a lateral load [10]. The microbridge test together with the bending test
of cantilever beams will allow researchers to investigate the strain gradient plasticity
behavior [30].
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Appendix 1: The Neutral Plane of Bending

The coordinate system is first set up such that the x’-axis lies in the free surface of
the first layer and along the length direction, the y’-axis is along the width direction,
and the 7'-axis is along the thickness direction of the trilayer beam. We use 7, z;.
and zj_, to denote the thickness and the coordinates of two surfaces of the kth layer
(k=1,2,..., n) and E; and oy to stand for the Young’s modulus and the residual
stresses of the kth layer, respectively. In this coordinate system, we have

Z6:O7
=25+ hi = hy,

n
=2, +th, = '21 h;.

i=
Figure 10.2 shows a new coordinate system in which the x-axis lies in the neutral
plane of bending and along the length direction of the laminated beam, and the
z-axis is along the thickness direction of the thin film. The new coordinate system
is linked to the old coordinate system by transiting the x-axis from the free surface
of the first layer to the neutral plane of bending, such that z = z’—d, where d is the
distance from the neutral plane of bending to the free surface of the first layer, as

shown in Fig. 10.2. The neutral plane of bending is determined by the condition

/ Gidz =0, (10.69)
t

where ¢ denotes the total thickness of the n-layer film and oy is the stress in the kth
layer induced by bending only, which is given by,
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o = Ek%, (10.70)

with R being the bending curvature radius of the neutral plane of bending. Using
7z =7/—d and (10.70), we rewrite (10.69) as

/

/_d
/E,f dz =0, (10.71)
JFTR

From (10.71), we determine the value of d, as indicated in (10.1).

Appendix 2: The Spring Compliances

2.1 Dimensional Analysis of the Spring Compliances

The six compliance coefficients, S;; (i, j=M, N, and P), are functions of the para-
meters, namely Young’s modulus of substrate (Es), Young’s modulus of film (Ef),
Poisson’s ratio of substrate (Vs), Poisson’s ratio of film (v), film thickness (¢), film
width (W, ), the support angle (), and the gap between two adjacent bridges (W)).
Mathematically, we have

Sij = ﬁj(E57Ef7vSavfat7Wb7WO7a)' (1072)
Among the eight parameters, Es, Ef, Vs, Vi, t, Wy, o, and Wy, we may

choose Eg and ¢ to be the independent dimensions. Thus, the dimensions of
Es, Vs, Vg, t, Wy, o, Wp and Sj; are given by

(10.73)
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Using the dimensional analysis, we have

S
1 Ey t Wy
S — —, Vs, Vg, — ,
MN EsthN<Eb7 SV T Wy
1 Ey t W
Smp = — — —_—, —
MP EslfMP <E57 ) f,Wb’Wb’ )

(10.74)

2.2 Simplified Expression of the Spring Compliances

In addition to Young’s modulus of the substrate and the film thickness, (10.74)
shows that the spring compliances of S;; are functions of Er/Ej, Vs, v, t /Wy, Wo /Wi,
and o. With the commercial software ABAQUS/Standard V6.4, Wang et al. [37]
conducted finite element analysis to examine the above factors.

First, Wang et al. examined the influence of W,/W,, on the spring compliances
[37]. In FEA models, they [37] changed the ratio of Wy/W, without changing other
factors and calculated the spring compliances. The used materials data in the FEA
calculations were Ef = E; = 159GPa, v = v, =0.25, t = 0.8 um, W, = 10um, and
o = 54.74°, while the ratio of Wy/W;, varied from 1 to 20. The results show that
Wo/Ws, has little influence on Sj;. Especially, when Wy /W, > 4, the bridge gap is
large enough to approximately neglect the interaction between bridges.

Second, Wang et al. examined the influence of Poisson’s ratio of materials on the
spring compliances by calculating S;; with different values of Poisson’s ratios [37].
In the FEA calculations, the support angle was 54.74°, Wy /W, = 16, t = 0.8 um, and
E¢ = E; = 159 GPa, whereas Poisson’s ratio of the film material was the same as that
of the substrate material and varies from O to 0.5. The results show that Poisson’s
ratio has little influence on Sj;. Especially, when Poisson’s ratio is in the range of
0.1-0.4, the spring compliances are almost independent of the Poisson’s ratio.

Then, Wang et al. examined the influence of the film thickness (7), i.e., the influ-
ence of the ratio of the film thickness to the film width (/W,), on the spring com-
pliances [37]. In the FEA calculations, the support angle was 54.74°, Wy /W, = 16,
Ey = Eg = 159GPa, and vy = v = 0.25. For a fixed ratio of /W, the results show
that Svn and Syp are inversely proportional to ¢, Sy are inversely proportional to
2, while SNN, Snp, and Spp remain nearly constant, thereby being consistent with
the above dimensional analysis. For a given film thickness, however, the FEA re-
sults show that Syin, Smp, and Sym are independent from the ratio of ¢/Wj, but
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SNN, Snp, and Spp vary with the ratio of #/W,,. In practice, Poisson’s ratio of most
materials is among the range of 0.1-0.4. The normalized gap between two adja-
cent bridges, Wy /Wy, is designed to be larger than 4. From the FEA results, Wang
et al. [37] further simplified the expressions of the compliance coefficients as,

1 E¢
S o
MM = 5 tszM (Eg ) .

1 Ef
SMN = o
MN = fMN (Es ) )

E
o,
f MP ( ) (10.75)
1 Er t
SN = —
NN = fNN (Es Wy 05) )
Ee ¢t
Snp = — o
NP = fNP (Es W ) ,

1 Ef t
Sop — —
e fep (E W Ol)

2.3 The Final Expression of the Spring Compliances
for the Base Support Angle of 54.74°

As mentioned in the text, the support angle of 54.74° is due to anisotropic etch-
ing of (100) Si wafers. Wang et al. numerically calculated the spring compliances
for the support angle, o¢ = 54.74° [37]. The Reuss average value of 159 GPa of the
silicon Young’s modulus was used in the FEA calculations for the substrate. Using
Wo/We = 16, Wy, = 10um and v¢ = vy = 0.25, Wang et al. calculated the spring com-
pliances for different Young’s modulus of the film from 19.875 GPa to 1,276 GPa
and various film thickness from 0.2 to 12.8 um. Fitting the FEA results as functions
of E¢/Eg and t /W, Wang et al. had the spring compliances [37]:

o 148 (E —0.692
MM — E tz E 5

¢ 247 E; —0.835
MN = EAt Es ’

s 4.85 Q —0.298
MP — E ; Es )
0.149 (10.76)

3.19 ( ¢ ) —0.318 <Ef>—0.645(t/Wb) :
SNN = o ;
E,

Eg
3.04 —0.371 E; —0.502—0.0557In(z /W)
SNP = e - )
Ex
E

E;
: 741 —0.367 —0.367(r/W;,)0-182
PP = E.
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In the work, thin films were deposited on (100) silicon wafers. The Reuss aver-
age value of 159 GPa of the silicon Young’s modulus was used in the fitting as the
substrate Young’s modulus.

Appendix 3: Mechanics Analysis of the Microcantilever
Beam-Bending Test

Figure 10.43a illustrates the mechanical analysis of a cantilever beam subjected
to a load P (per unit width) and the associated coordinate system. The governing
equation for the beam bending is

D— =P(L—x), (10.77)
and its general solution has the form of

P
Dw= ¢ (L—x)* +Ax+B, (10.78)

where A and B are constants to be determined by the boundary conditions. The
moment, My, the displacement, wy, and the rotation, 6y, at the supported end, i.e., at
x =0, are, respectively, given by

M, |
| X

Y

b

Fig. 10.43 Mechanical analysis of (a) a microcantilever beam under a lateral load, P, and (b) its
substrate
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My=—PL, (10.79)
P
Dwy = gL3 +B, (10.80)
P 2
Dy = — 51> +A. (10.81)

Figure 10.43b shows the mechanical analysis of the substrate or the base. For
simplicity, the substrate includes the top part of the deposited thin film, and this
part of the thin film is assumed to have the same mechanical properties as the sub-
strate. The substrate deformation is modeled by two coupled springs subjected to
a moment, M, and the same load, P. The substrate deformation is described by a
local rotation, 0, and a local displacement, 8. The constitutive equation of the two
coupled springs is proposed to be

0| [Sep Spm| |P
[9} - [SMP SMM] {M} ' (10.82)

Clearly, (10.82) can be reduced from (10.26). Zhang et al. conducted finite ele-
ment analysis (FEA) with the commercial software ABAQUS to calculate the com-
pliance tensor for the silicon substrates [46]. For simplicity, silicon substrates were
assumed to be mechanically isotropic with a Reuss Young’s modulus of 159 GPa
and a Poisson’s ratio of 0.25 in the calculations. The compliance values for three
supported angles were listed in the previous publication on the basis of the FEA
results [46].

At the connecting point of the film and substrate, the displacement continuity and
Newton’s third law require

0= wo,
0 = 6y, (10.83)
M = —M,.

Using (10.83), we determine the constants A and B as

L2
A= |:2 + D (Spm +SMML):| P, (10.84)
L3
B= [—6 +D (Spp +SPML):| P. (10.85)

Then, (10.78) is rewritten as

1
w= <3DL3 + SMML2 +2SpmL + Spp) -P. (10.86)

Equation (10.86) shows that the deflection at the loading point is proportional to
the load, and the bending compliance is

1 1
=} L? +2SppL =} L?
C 3D + SmmL” + 2SpmL + Spp 3D + Smm

SmmL + SmmL?

2
<1+ Sem , See ).(10.87)
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The bending compliance is a third-order polynomial of the length from the load-
ing point to the supported beam end. The first term is the same as that for the
clamped boundary conditions, representing the beam compliance. The second, third,
and fourth terms are attributed to the substrate deformation. The second is due to the
local rotation; the third is due to the coupling between local rotation and displace-
ment; and the fourth is due to the local displacement. The analytic results were
verified by the FEA [46]. If the value of the last two terms in the parentheses of
(10.87) is much smaller than unity, (10.87) reduces to

1 3 2
C=—L"+SuwmL", 10.88
3D + MM ( )

with sufficient accuracy. Equation (10.88) is identical to the equation proposed by
Baker and Nix [2]. If adding an extra length, AL, to the original length, we have

1 3 AL ALN\?  [AL\’
L4+AL? = = |1+32= — =) 1. 10.
C= 3D( +AL) = 3D +3L+3<L> +<L)1 (10.89)

When (AL/L) < 1, we may ignore the high order terms of AL/L. Thus, the extra
length is estimated as

AL = DSy (10.90)

Note that the extra length depends not only on the substrate properties but also on
the beam thickness and Young’s modulus of the beam.

Appendix 4: Solutions with the Simply Supported and Clamped
Boundary Conditions for Ny > 0 and M) # 0

The clamped boundary conditions give

Wi =0, (10.91)
P)

v -0, (10.92)
dx x=%1/2

ul,_iyp =0. (10.93)

Comparing (10.91)—(10.93) with (10.31b)—(10.31d) indicates that the clamped
boundary conditions treat the substrate to be nondeformable with zero values of all
spring compliances Sj;. Then, it is a straightforward matter to obtain expressions of
the deflection at the beam center for the clamped boundary conditions from (10.31).
Letting all spring compliances be zero leads to

_ Qtanh(kl/2) My | 1
2Nk +4N N, { cosh(kl/Z)}’

(10.94)
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where My = My — M) and N, are coupled in the following equations:
Q[cosh(kl/2) — 1]

My = — 10.95
0 2ksinh(kl/2) (1099
I(Ne—NW) 1 — . _
= 4k“My~sinh(kl) — 16kMyQcosh(kl /2
24 32kN2cosh? (k1/2) o sinh(kT) oQeosh(ki/2)

+kQ(8Mp + 1Q)cosh(kl) — 4k> 1My
—3Q?sinh(kl) — 4k*[MoQsinh(kl /2) + 2k1Q?
+8kﬁoQ} . (10.96)

One assumption in the simply supported boundary conditions is that there is no
constraint to the slope of the deflection, namely to the rotation angle, at the bound-
ary. Therefore, the rotation angle equation, i.e., (10.28c¢) is surrendered if the simply
supported boundary conditions are applied. When there is a residual moment, the
simply supported boundary conditions require

Wli—iy2 =0, (10.97)

M) —Daz—w =0 (10.98)
ox* x=+1/2 .

Uiy =0. (10.99)

Equation (10.98) means My = 0 and My = —M ("), Then, considering the symme-
try of the spring compliances indicates that letting all spring compliances and M, be
zero reduces (10.31) to that for simply supported ends, which gives

Qtanh(kl/2) QI M, 1
_ My 10.100
2Nk + 4N, Ny cosh(kl/2) |’ ( )
I(Nx —N;) 1 342 2
= — 4k IM: + 2kl
2A 32kN2cosh? (k1 /2) { ! ¢

4k M?sinh(kl) + 16k M,Qcosh(kl/2)
—3Q?sinh(kl) + kQ(—8M; + [Q)cosh(kl)
+4ICIM, Qsinh (k1 /2) =8k M:Q| . (10.101)

As described in the text, only a residual moment can bend the microbridge
beam if the deformable boundary conditions are used. If the base is nondeformable,
i.e., letting all spring compliances be zero in (10.32), we shall have N, =N;, My=M;
and w = 0. Thereby this indicates that only a residual moment cannot bend the
microbridge beam if the clamped boundary conditions are used. For clamped and
simply supported boundary conditions, we may assume that small deformation is
satisfied if there is no stretch in the neutral plane of bending, and thus N, = N;.
With this assumption, the deflection is independent of the residual moment under
the clamped boundary conditions and is given by
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_ ~ Qtanh(kl/2) n 0Ol Qlcosh(kl/2) —1]

2Nk 4N, 2kN;sinh(ki/2) [ _cosh(kl/Z)}’

(10.102)

For the simply supported boundary ends, there is no constraint to the rotation
angle at the boundary and no moment is applied by the base to the microbridge
beam. In this case, the deflection under small deformation is

_ Qtanh(kl/2) QI M; {1_ 1 ]
- 2N;k 4N, N; cosh(kl/2) |

If the residual resultant force, N;, is zero, the k parameter will be zero. Then,
using

(10.103)

3 2 3
sinh(x) ~ x+ < cosh(x) ~ 14 5 tanh(x) ~ x — 3 for x—0,

we reduce (10.102) and (10.103), respectively, to

l3
w= 182D for clamped ends, (10.104)
_or M? ,
w=7 <D 8D for simply supported ends. (10.105)

Appendix 5: Solutions with the Simply Supported and Clamped
Boundary Conditions for N, > 0 and M, =0

Without any residual moment, we have My = M. The solutions for the clamped and
simply supported boundary conditions can be easily obtained from (10.94-10.96)
and (10.101). For the clamped ends, the solutions are

Qtanh(kl/2) QI = My 1
=" — |l = 10.106
2N,k 4N, Ny cosh(kl/2) |’ ( )
where M\ and N, are coupled in the following equations:
Qlcosh(kl/2) — 1]
My = — 10.107
0 2ksinh(kl/2) ( )
I(Nx—N) 1 3742 2
= —4k” My 4 8kM
24 32kN2cosh? (ki /2) [ 0 00

+4k>MZsinh(kl) — 4k>IMoQsinh (ki /2)
—3Q?%sinh(kl) — 16kMyQcosh(kl /2) + 2kIQ
+kQ(8Mo + 1Q)cosh(kl)]. (10.108)
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For the simply supported ends, the solution takes the form of

_Quanh(kl/2) QI
N 2N,k 4N,’

(10.109)

and N, is calculated from

I(Ny—N;) 2kl +kicosh(kl) —3sinh(kl) ,
24 32kN2cosh? (k1 /2) '

(10.110)

For the clamped ends, the solutions for small deformation are the same as those of
(10.102) with a finite nonzero value of N; and (10.104) with a zero N;. For the sim-
ply supported ends, however, the solutions are further simplified by letting M, = 0,
which are

_ Qtanh(kl/2) . ol

for N. £ 0 10.111
INK v, lorN7 ( )

_9F o N—0 (10.112)
T e :

Appendix 6: Solutions with the Simply Supported and Clamped
Boundary Conditions for Ny <0 and M) # 0

From the same arguments described in Appendix 4, letting all spring compliances
in (10.46) be zero leads to expressions of the deflection at the beam center for the
clamped boundary conditions. They are

Y ol My 1
_ 2 i P 10.11
W= o Wk 2)+ = [cos(kl/Z) ] : (10.113)
0 1 Mok
P ). 2 10.114
2N, [ cos(kl/Z)} Ny tan(kl/2), (10.114)
_ 40Mok N 0%kl |
NZcos(kl/2) ~ 4NZcos?(kl/2)
. Mol 20%kI  AQMok
IN—N) 1 NZcos?(kl/2) = 4N? N2 10.115)
24 8k | 207%sin(kl/2) OMok*Isin(kl/2) '
NZcos(kl/2) NZcos?(kl/2)
Q*sin(kl)  Mok*sin(kl)
| 4NZcos?(kl/2)  NZcos?(kl/2)
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The deflection at the beam center for the simply supported boundary conditions is
obtained by letting all spring compliances and M in (10.46) be zero. The solution is

w:—ziktan(k1/2)+4%x+% Los(lld/Z)_l}’ (10.116)
[ 40Mk 0%kl 7
N2 cos(kl/2) * 4N2 cos? (k1 /2)
N M?I31 20%  40M;k
I(N«—N;) 1 NZcos?(kl/2) = 4N? N2
24 8k | 20%sin(kl/2) OM.K3sin(kl/2) (10-119)
NZcos(kl/2) NZcos?(kl/2)
Q?sin(kl) M?2k?sin(kl)
L 4NZcos?(kl/2) ~ NZcos? (ki /2)

Without any applied loads, as described in Sect. 10.5.1, a residual moment and
a compressive resultant force may jointly bend the microbridge beam and reduce
the magnitude of the resultant force. Buckling is of large deformation. In general,
small deformation is based on the assumption that there is no stretch in the neutral
plane of bending, which gives N, = N;. In the discussion of small deformation, we
will not consider buckling. Ignoring (10.115) and replacing Ny by N; in (10.113)
and (10.114) give the deflection under small deformation for the clamped boundary
conditions,

_ Ol Quan(kl/2) 0
AN, 2Nk 2N ktan(kl/2)

(10.118)

. {1 - cos(ild/m} [cosald/z) - 1] '

Similarly, the small deformation solution for the clamped boundary conditions is

o 0 M
w= AN, — INK tan(kl/2)+ﬁr |:COS(kl/2) - 1:| . (10.119)

When there is no residual resultant force, N; and the k parameter are zero.
Then, using

X3 2 3

< cos(x) = 1——, tan(x)%x+% forx — 0,

sin(x) ~ x — >

we reduce (10.118) and (10.119), respectively, to

_or
w= 192D for clamped ends, (10.120)
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B M2
w= A%—D — ﬁ for simply supported ends. (10.121)

As expected, (10.120) and (10.121) are identical to (10.104) and (10.105),
respectively.

Appendix 7: Solutions with the Simply Supported and Clamped
Boundary Conditions for N, <0 and M) =0

Without any residual moment, we have My = M. The solutions for the clamped
and simply supported boundary conditions can be easily obtained from (10.113)—
(10.115) and (10.116)—(10.117). For the clamped ends, the solutions are

0 0ol My 1
=— tan(kl /2 - — 1 10.122
W= N W R2) e [cos(kl/Z) ] ( )
0 1 Mok
- | =22 2 10.12
2Nx{ cos(kl/Z)} N, @nkl/2), (10.123)
[ 40Mok N 0%kl T
NZcos(kl/2) = 4NZcos?(kl/2)
N M2l 20%kI  40Mok
I(N—Ny) 1 NZcos?(kl/2) = 4N? N2 10.124)
24 8k | 20%sin(kl/2)  QMok3Isin(kl/2) '
NZcos(kl/2) NZcos?(kl/2)
Q?sin(kl) M3k sin(kl)
L 4N2cos?(kl/2)  NZcos?(kl/2)
For the clamped ends, the solution is
0 ol
=— tan(kl /2 10.125
W= g ke /2)+ s ( )
IN.—N:) Q> | kl+sin(kl) 2kl 2sin(kl/2) (10.126)
2A BkN? |4cos(kl/2) 4  cos(kl/2) )

For the clamped ends, the solutions for small deformation are the same as those of
(10.118) with a finite nonzero value of N; and (10.120) with a zero N;. For the sim-
ply supported ends, however, the solutions are further simplified by letting M, = 0,
which are

0l 0
= — 2)  fi 10.12
w N, 2Nrktan(kl/) or N; #0 (10.127)
3
—g for N, = 0. (10.128)

Y= 48D
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Chapter 11
Nanoscale Testing of One-Dimensional
Nanostructures

Bei Peng, Yugang Sun, Yong Zhu, Hsien-Hau Wang,
and Horacio Dante Espinosa

11.1 Introduction

The emergence of numerous nanoscale materials and structures such as nanowires
(N'Ws), nanorods, nanotubes, and nanobelts of various materials in the past decade
has prompted a need for methods to characterize their unique mechanical properties.
These one-dimensional (1D) nanostructures possess superior mechanical properties
[1,2]; hence, applications of these structures ranging from nanoelectromechanical
systems (NEMS) [3] to nanocomposites [4] are envisioned.

Two overarching questions have spurred the development of nanomechanical
testing techniques and the modeling of materials behavior at the nanoscale: how
superior is material behavior at the nanoscale as compared to its bulk counter-
part, and what are the underlying mechanisms that dictate this? Due to the limited
number of atoms present in these nanostructures, they provide an excellent opportu-
nity to couple experimentation and atomistic modeling on a one-to-one basis. This
approach has the potential to greatly advance our understanding of material defor-
mation and failure, as well as to validate the various assumptions employed in mul-
tiscale models proposed in the literature. A large number of atomistic simulations
have been performed to predict nanostructure properties and reveal their deforma-
tion mechanisms [2]. However, due to the minute scale of these nanostructures, it
has proven quite challenging to conduct well-instrumented mechanical testing and
validate computational predictions.
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Earlier nanomechanical testing techniques include thermally- or electrically
induced vibration of cantilevered nanostructures inside a transmission electron
microscope (TEM) [5, 6]; lateral bending of suspended nanostructures using an
atomic force microscope (AFM) [7, 8]; radial compression, by means of atomic
force microscopy (AFM) probes, or nanoindentation of nanostructures on sub-
strates [9, 10]; and tensile testing of freestanding nanostructures between two AFM
cantilevers within a scanning electron microscope (SEM) [11]. Despite the exciting
progress achieved by these methods, they are in general not well controlled in terms
of loading, boundary conditions, and force—displacement measurements. In some
instances, the nanostructure properties must be inferred from assumed models of
the experimental setup.

Recent advances in mechanical characterization of thin films have been remark-
able and provide good insight for the testing of nanostructures. Among numerous
techniques, two categories are particularly fascinating: in situ testing and on-chip
testing. In situ testing provides a powerful means to obtain the deformation field
and to observe the deformation mechanisms though real-time imaging, for example,
by SEM. The SEM chamber is large enough to accommodate a microscale testing
setup, and has been used for in situ tensile testing [12,13]. Another example of in situ
testing involves an AFM to record the surface profile during a tensile test [14]. TEM
is ideal for in situ testing since it provides direct evidence of the defects nucleation
and reaction. Although most in situ TEM setups do not measure or control stresses
in the specimen [15, 16], Haque and Saif recently incorporated a load sensor in the
TEM [17,18]. An on-chip testing system consists of micromachined elements, such
as comb-drive actuators and force (load) sensors that can be integrated on a chip.
One of the early attempts used electrostatic actuation and sensing for fatigue testing
of silicon cantilever beams [19]. Osterberg and Senturia used electrostatic actuation
for chip-level testing of cantilever beams, fixed—fixed beams, and clamped circular
diaphragms to extract material properties [20]. Kahn et al. [21] used electrostatic
actuators integrated with microfracture specimens to study fracture properties of
polysilicon films. Owing to the capability of generating and measuring small-scale
forces and displacements with high resolution, on-chip testing has the potential to
impact the small-scale testing field profoundly. Note that these two concepts, in situ
and on-chip, are related but different. On-chip testing can be performed in situ or
ex situ. In situ testing does not necessarily utilize an on-chip device. But due to the
small size of on-chip devices and integrated loading and force sensing capabilities,
they conveniently facilitate in situ testing.

In this chapter, the nanomechanical characterization of 1D nanostructures is re-
viewed. In Sect. 11.2, we summarize the challenges for mechanical characteriza-
tion of 1D nanostructures. In Sect. 11.3, an overview of the existing experimental
techniques is presented. In Sect. 11.4, a newly developed nanoscale material test-
ing system for characterizing nanostructures is described in detail. In Sect. 11.5,
some experimental results [22, 23] are summarized with emphasis on the in situ
electromechanical testing of nanostructures, which complements our nanomechani-
cal testing.
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11.2 Challenges for Mechanical Characterization
of 1D Nanostructures

The proper measurement of loads and displacements applied to 1D nanostructures,
such as NWs and CNTs, is extremely challenging because of the miniscule size.
Earlier studies on mechanical properties of nanostructures focused on theoretical
analyses and numerical simulations [2, 24]. Owing to advancement in various mi-
croscopic techniques, nanoscale experimental tools have been developed to exploit
the capabilities of high-resolution microscopes. Major challenges in the experimen-
tal study of 1D nanostructures include (1) constructing appropriate tools to manipu-
late and position specimens; (2) applying and measuring forces with nano-Newton
resolution; and (3) measuring local mechanical deformation with subnanometer
resolution.

11.2.1 Manipulation and Positioning

The first important step in testing is to manipulate and position the nanostructures
at the desired location with nanometer resolution. For tensile testing, this becomes
even more challenging, as the specimens must be freestanding and clamped at both
ends. Furthermore, they should be well-aligned with the tensile direction. In the
following section, we review the available methods to mount the specimens meeting
the requirements for the tensile tests.

11.2.1.1 Random Dispersion

After purification, a small aliquot of the nanostructure suspension is dropped onto
the gap between two surfaces. By random distribution, some of the nanostruc-
tures are suspended across the gap with random orientation. After an appropriate
nanostructure is identified, a technique called electron-beam-induced deposition
(EBID) is then used to fix the two ends. This is done by depositing foreign ma-
terials [11], such as residual carbon in an SEM chamber or external precursors, such
as trimethylcyclopentadienyl-platinum (CH3)3;CH3CsH4Pt). Random dispersion is
the simplest method for most of the mechanical testing experiments to date, but it is
only modestly effective.

11.2.1.2 Nanomanipulation
AFM can be used to both image and manipulate carbon nanotubes. A “NanoManip-

ulator” AFM system, comprising an advanced visual interface for manual control
of the AFM tip and tactile presentation of the AFM data, has been developed [25].



290 B. Peng et al.

In addition, Veeco Instruments (Woodbury, New York) developed the “NanoMan”
system for high-resolution imaging, high-definition nanolithography, and direct
nanoscale in-plane manipulation.

Electron microscopy provides the imaging capability for manipulation of nanos-
tructures with nanometer resolution. Various nanomanipulators working under ei-
ther SEM [11, 26] or TEM [6, 27] have been developed. These manipulators are
generally composed of both a coarse micrometer-resolution translation stage and a
fine nanometer-resolution translation stage, the latter being based on piezo-driven
mechanisms. These manipulators typically have three linear degrees of freedom,
and some even have rotational capabilities.

11.2.1.3 External Field Alignment

DC and AC/DC electric fields have been used for the alignment of nanowires [28],
nanotubes [29], and bioparticles [30]. Microfabricated electrodes in close proximity
are typically used to create an electric field in the gap between them. A droplet con-
taining nanostructures in suspension is dispensed into the gap with a micropipette.
The applied electric field aligns the nanostructures, due to the dielectrophoretic
effect, which results in the bridging of the electrodes by a single nanostructure.
Electric circuits may be used to ensure the manipulation of one single nanostructure
by immediately switching off the field upon bridging (i.e., shorting of the elec-
trodes) [30].

Huang et al. [31] demonstrated another method for aligning nanowires. A laminar
flow was employed to achieve preferential orientation of nanowires on chemically
patterned surfaces. Magnetic fields have also been used to align carbon nano-
tubes [32].

11.2.1.4 Directed Self-Assembly

Self-assembly is a method of constructing nanostructures by forming stable bonds
between the organic or nonorganic molecules and substrates. Rao and colleagues
[33] reported an approach in large scale assembly of carbon nanotubes with high
throughput. Dip Pen Nanolithography (DPN) [34] was employed to functional-
ize the specific surface regions either with polar chemical groups such as amino
—NH,/ —NHJ or carboxyl (—COOH/ —COO™), or with nonpolar groups such as
methyl (—CHj3). When the substrate with functionalized surfaces was dipped into
a liquid suspension of carbon nanotubes, the nanotubes were attracted toward the
polar regions and the tubes self-assembled to form predesigned structures, usually
within 10 s, with a yield higher than 90%. This method is scalable to large arrays of
nanotube devices by using high-throughput patterning methods such as photolitho-
graphy, stamping, or massively paralle]l DPN.
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11.2.1.5 Direct Growth

Rather than manipulating and aligning nanostructures postsynthesis, researchers
also examined methods for controlled direct growth. Dai and co-workers [35, 36]
reported several patterned growth approaches for CNTs. The idea is to pattern the
catalyst in an arrayed fashion and control the growth of CNTs between specific
catalytic sites. He et al. [37] recently succeeded in direct growth of Si nanowires
between two preexisting single-crystal Si microelectrodes with <111> sidewalls.
Si catalysts are deposited on the sidewalls of the electrodes and epitaxially grown
perpendicularly to the <111> surfaces.

Direct growth is a very promising method to prepare specimens for nanome-
chanical characterization. It does not involve the nano-welding steps using EBID
technique, which is advantageous because EBID brings foreign materials, e.g., car-
bon and platinum, onto the surface of nanostructures, which might cause some sec-
ondary effects on the property measurement. In addition, it is a rapid process, which
does not require tedious manual nanomanipulation.

11.2.2 High Resolution Displacement and Force Measurements

SEM, TEM, and AFM have been widely used in characterizing nanostructures. These
instruments provide effective ways of measuring dimensions and deformations with
nanometer resolution. Electron microscopy uses high-energy electron beams for
scattering (SEM) and diffraction (TEM). A field emission gun SEM has a resolution
of about 1 nm and the TEM is capable of achieving a point-to-point resolution of
0.1-0.2nm. The resolution of SEM is limited by the interaction volume between
the electron beam and the sample surface. The resolution of TEM is limited by the
spread in energy of the electron beam and the quality of the microscope optics.

Commercial force sensors usually cannot reach nano-Newton resolution. There-
fore, AFM cantilevers have been effectively employed as force sensors [11, 38],
provided that their spring constant has been accurately calibrated. Alternatively, mi-
croelectromechanical systems (MEMS) offer the capability to measure force with
nano-Newton resolution. This MEMS-based methodology will be further discussed
in Sect. 11.4.

11.3 Nanomechanical Testing of 1D Nanostructures

To date, the experimental techniques employed in the mechanical testing of 1D
nanostructures can be roughly grouped into three major categories: dynamic vibra-
tion, bending, and tensile testing.
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11.3.1 Dynamic Vibration

Treacy et al. [5] estimated the Young’s modulus of MWNTSs by measuring the am-
plitude of their thermal vibrations during in situ TEM imaging. The nanotubes were
attached to the edge of a hole in 3-mm-diameter nickel rings for TEM observation,
with one end clamped and the other free. The TEM images were blurred at the free
ends, and the blurring was significantly increased with the temperature increase of
the CNTs. This indicated that the vibration was of thermal origin. Blurring occurs
because the vibration cycle is much shorter than the integration time needed for cap-
turing the TEM image. The Young’s modulus was estimated from the envelope of
the thermal vibration.

Poncharal et al. [6] measured the Young’s modulus of MWNTSs by inducing me-
chanical resonance. The actuation was achieved utilizing an AC electrostatic field
within a TEM (Fig. 11.1a). In the experiment, the nanotubes were attached to a fine
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Fig. 11.1 Techniques for mechanical characterization of nanostructures. (a) Dynamic responses
of an individual CNT to alternate applied potentials, (/eff) absence of a potential, and (right) at
fundamental mode. Reprinted with permission from Poncharal et al., Science 283, 1513 (1999).
© 1999, American Association for the Advancement of Science. (b) A CNT with one end clamped
is deflected by an AFM in lateral force mode. Reprinted with permission from Wong et al., Science
277, 1971 (1997). © 1997, American Association for the Advancement of Science. (¢) An individ-
ual MWNT mounted between two opposing AFM tips and stretched uniaxially by moving one tip.
Reprinted with permission from Yu et al., Science 287, 637 (2000). © 2000, American Association
for the Advancement of Science
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gold wire, on which a potential was applied. In order to precisely position the wire
near the grounded electrode, a special TEM holder with a piezo-driven translation
stage and a micrometer-resolution translation stage were used. Application of an AC
voltage to the nanotubes caused a time-dependent deflection. The elastic modulus
was then estimated from the observed resonance frequencies.

11.3.2 Bending Test

Wong et al. [8] measured the Young’s modulus, strength and toughness of MWNTs
and SiC nanorods using an AFM in lateral force mode (Fig. 11.1b). The nanos-
tructures were dispersed randomly on a flat surface and pinned to the substrate by
means of microfabricated patches. AFM was then used to bend the cantilevered
nanostructures transversely. At a certain location along the length of each structure,
the force vs. deflection (F—d) curve was recorded to obtain the spring constant
of the system. Multiple F—d curves were recorded at various locations along the
structure. By considering the nanostructure as a beam, the F—d data were used to
estimate the Young’s modulus.

Bending of nanostructures resting on a substrate is straightforward to implement.
Nevertheless, it cannot eliminate the effect of adhesion and friction from the
substrate. To solve the friction issue, Walters et al. [7] suspended the nanotube
over a microfabricated trench and bent the nanotube using AFM lateral force mode.
Salvetat et al. [38] introduced a similar method by dispersing MWNTs on an alu-
mina ultrafiltration membrane with 200 nm pores. The adhesion between the nan-
otubes and the membrane was found sufficiently strong to fix the two ends. Using
AFM in contact mode, the authors deflected the suspended NTs vertically and
measured F'—d curves.

11.3.3 Tensile Test

Pan et al. [39] used a stress—strain rig to pull a very long (~2mm) MWNT rope
containing tens of thousands of parallel tubes. Yu et al. [11] conducted in situ SEM
tensile testing of MWNTSs with the aid of a nanomanipulator (Fig. 11.1c). A single
nanotube was clamped to the AFM tips by localized EBID of carbonaceous mater-
ial inside the SEM chamber. The experimental setup consisted of three components:
a soft AFM probe (force constant less than 0.1N m~!) as a load sensor, a rigid
AFM probe as an actuator, which was driven by a linear motor, and the nanotubes
mounted between the two AFM tips. Following the motion of the rigid cantilever,
the soft cantilever was bent due to the tensile load, equal to the force applied on the
nanotube. The nanotube deformation was recorded by SEM imaging, and the force
was measured by recording the deflection of the soft cantilever. The Young’s mod-
ulus and failure strength of the MWNTSs was then obtained using the acquired data.

Although significant progress has been made, the mechanical testing of nanos-
tructures is still quite rudimental. This is mainly due to the lack of control in
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experimental conditions and the lack of accuracy in force and displacement mea-
surements. Recent advances in thin film characterization have been remarkable,
which have provided some guidance for nanostructure characterization.

11.4 A MEMS-Based Material Testing Stage

MEMS lend themselves naturally to material testing at the nanoscale. These systems
consist of a combination of micromachined elements, including strain sensors and
actuators, integrated on a single chip. Due to their intermediate size, MEMS serve
as an excellent interface between the macro- and nanoworlds. Their extremely fine
force and displacement resolution allows accurate measurement and transduction
of forces and displacements relevant at the nanometer scale. At the same time, the
larger feature sizes and signal levels of MEMS allow handling and addressing by
macroscale tools. Furthermore, many of the sensing and actuation schemes are em-
ployed in MEMS scale favorably. For example, the time response, sensitivity, and
power consumption of electrostatic displacement sensors improve as their dimen-
sions shrink.

Electrostatic comb-drive actuators are often used in MEMS-based testing sys-
tems to apply time-dependent forces. van Arsdell and Brown [19] repeatedly
stressed a micrometer-scale specimen in bending using a comb-drive actuator fixed
to one end of the specimen. This comb-drive actuator swept in an arc-like motion
while the opposite end of the specimen was fixed, causing bending stresses in the
specimen. The comb-drive was also used to measure displacement, and collect
fracture and fatigue data while testing to the point of failure. Kahn et al. [20, 21]
determined fracture toughness by controlling crack propagation in a notched spec-
imen using a comb-drive. One end of the specimen was fixed while the other was
attached to a perpendicularly oriented comb-drive.

Electrothermal actuation schemes have also been used to apply loading [22,23]. In
these actuators, Joule heating induces localized thermal expansion of regions in the
actuators and anoverall displacement. The resulting strains are often measured using an
integrated capacitive sensor and may be verified through digital image correlation.

This section presents a detailed description of the design and modeling of a
MEMS-based material testing system [24] for in situ electron microscopy mechani-
cal testing of nanostructures. The device allows for continuous observation of spec-
imen deformation and failure with subnanometer resolution by SEM or TEM while
simultaneously measuring the applied load electronically with nano-Newton reso-
lution. First, an analytical model of the thermal actuator used to apply tensile load-
ing is analyzed. It includes an electrothermal analysis to determine the temperature
distribution in the actuator, followed by a thermomechanical analysis to determine
the resulting displacement. A coupled-field finite element analysis compliments the
analytical model. Next, the differential capacitive load sensor is analyzed to deter-
mine the output voltage for a given displacement. Finally, a set of design criteria
are established based on the analysis as guidelines for design of similar devices. In
Sect. 11.5, experimental results using the device are described.
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11.4.1 Device Description

The MEMS-based material testing system described here has previously been re-
ported in detail [22,23,40]. For the purpose of this chapter, a brief review of the
device is presented so that the following experimental results and the way in which
they were obtained can be more clearly understood. The device consists of three
parts: an actuator, a load sensor, and a gap between them for placement of nanostruc-
tures, as shown in Fig. 11.2. The devices were fabricated at MEMSCAP (Durham,
NC) using the Multi-User MEMS Processes (MUMPs). Two types of actuators, an
electrostatic (comb-drive) actuator [19-21] and an electrothermal actuator [41,42]
were used to apply time-dependent forces or displacements, respectively. The load
sensor operates on the basis of differential capacitive sensing [22,23,40]. The sensor
displacement is determined by the measured change in capacitance. This displace-
ment is used to compute the applied force based on the known stiffness of the sensor.
The design of the actuator and load sensor is described later in detail.

Figure 11.2a shows the entire device with a thermal actuator, load sensor, and
space to position the specimen. The electrothermal actuator acts as a “displacement-
controlled actuator” in the sense that it applies a prescribed displacement to the
specimen regardless of the force required to achieve this displacement (within the
functional range of the device). The load sensor is suspended on a set of folded
beams of known stiffness and measures the corresponding tensile force applied to
the specimen. Figure 11.2b shows an alternative loading stage using an electrostatic
rather than a thermal actuator. The electrostatic actuator works as a “force controlled
actuator,” applying a prescribed force regardless of the resulting displacement (again
within a functional range).

The electrothermal actuator has the capability of testing stiff structures, e.g.,
nanoscale thin films and large diameter NWs, while the comb-drive actuator is
better-suited for relatively compliant structures. Both the electrothermal and elec-
trostatic actuators can be readily made using standard microfabrication techniques.
The remainder of this section focuses on using the electrothermal actuator as a case
study from the perspective of its design, modeling, and integration with the rest of

Fig. 11.2 Two variations of the MEMS-based material testing stage. (a) “Displacement-
controlled” device using a thermal actuator and differential capacitive load sensor. (b) “Force-
controlled” device using an electrostatic comb-drive actuator and differential capacitive load sensor
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the device. Electrostatic actuators have been thoroughly described elsewhere in the
literature [43—-45].

In this design for in situ SEM testing, 20 devices with different types of actuators
and load sensors are arranged on a 10 x 10mm? chip. To make electrical con-
nection, there are 100 gold pads fabricated around the periphery of the chip. The
chip is glued to the cavity of a ceramic pin grid array package, and the gold pads
are wire-bonded to the 100 leads around the cavity as shown in Fig. 11.3a. The
corresponding pins in the back of the package make the electric connection to a
printed circuit board, which in turn is connected to electronic actuation and measur-
ing instrumentation.

At this size scale, the changes in capacitance of the load sensor are on the or-
der of femtofarads, which is quite challenging to measure. Fortunately, a method
to measure charge that mitigates the effect of parasitic capacitance has been devel-
oped by the MEMS community [46,47]. A commercially available integrated cir-
cuit based on this method, Universal Capacitive Readout MS3110 (MicroSensors,
Costa Mesa, CA), is used here. The MEMS device chip is positioned close to the

b

Fig. 11.3 (a) Experimental setup for in situ SEM testing. The MEMS device chip is positioned
near the MS3110 chip on a printed circuit board. The setup is connected to a power supply, a
digital multimeter, and a computer outside the SEM by means of a chamber feedthrough. (b) The
upper image shows the In situ TEM holder containing a feedthrough, the lower one shows the
magnified view of the eight electric contact pads [36] along with a 5 x I0mm MEMS chip. In an
actual experiment, the MEMS chip is flipped, placed in the TEM holder, and fixed by the left and
right clamps
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integrated sensing chip on the circuit board to minimize amplified electromagnetic
interference (Fig. 11.3a). The output voltage of the integrated circuit is proportional
to the capacitance change.

In addition to the in situ SEM measurements reported here, this device has the
potential to impact other nanoscale characterization techniques. For instance, in
situ TEM testing of nanostructures is possible with the addition of a microfabri-
cated window beneath specimen gap to allow the imaging beam to pass through the
device substrate. The major challenge here is to etch the window, from the back
of the silicon wafer, without damaging the previously fabricated structures. This
was accomplished by deep reactive ion etching of the window before releasing the
devices [22,23]. Figure 11.3b shows a MEMS chip (5 x 10mm) containing four
MEMS devices. The two devices in the center are used for in situ TEM testing,
while the other two devices are used for calibration purposes. The chip has eight
contact pads for electrical actuation/sensing. The chip is designed to be directly
mounted on a specially designed TEM holder containing a feed-through and inter-
connects to electrically operate the devices (Fig. 11.3b) [22,23]. In this case, the
sensing integrated circuit chip (MS3110) used in the capacitance measurement is
located outside of the TEM.

11.4.2 Electrothermal Actuator Design

Electrothermal actuation complements electrostatic schemes as a compact, stable,
high-force actuation technique [48]. Various forms of thermal actuators have been
employed in systems ranging from linear and rotary microengines [49] to two-
dimensional nanoscale positioners [50], optical benches [51], and instrumentation
for material characterization [52]. By incorporating compliant mechanisms, larger
displacements can be achieved [50].

Modeling of the thermal actuators generally takes one of two approaches:

1. A sequential electrothermal and thermostructural analysis [53-55]
2. A completely coupled three-dimensional FEA [56]

Additional analyses include characterization of the temperature-dependent elec-
trothermal properties [48—56] of these devices. A schematic of the thermal actuator
analyzed in this section is shown in Fig. 11.4. The thermal actuator consists of a
series of inclined polysilicon beams supporting a free-standing shuttle. One end of
each of the inclined beams is anchored to the substrate while the other end con-
nects to the shuttle. Thermal expansion of the inclined beams, induced by Joule
heating, causes the shuttle to move forward. The heating is the result of current
flowing through the beams because of a voltage bias applied across the two anchor
points [57]. Modeling of these actuators requires a two-step analysis; first an elec-
trothermal analysis to determine the temperature distribution in the device, followed
by a thermostructural analysis to determine the resulting displacement field.
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Fig. 11.4 (a) Schematic of the thermal actuator. (b) Cross section of a single beam suspended over
the substrate

An electrothermal model of the device is developed to determine the tempera-
ture distribution as a function of the applied voltage. This is highly dependent upon
the operating environment. When operating in air, the dominant heat transfer mech-
anism is heat conduction between the actuator and substrate through the air-filled
gap between them [54,55,57]. In this scenario, the governing equation is

d’r

ST—T,
e T h

2

kp +Jp—h Rr (11.1)
where kj, and p are the thermal conductivity and resistivity of the polysilicon beams,
respectively; T is the temperature; J is the current density; S = (h/w)((2hgir/h)+1)
+1 is a shape factor accounting for the effect of element shape on heat conduction to
the substrate; Rt = (Mair/kair) + (hn/kn) + (hs/ks) is the thermal resistance between
the polysilicon beam and substrate; & and w are the thickness and width of a single
beam, respectively; hy;; is the gap between the beam and silicon nitride layer on the
substrate; A, is the thickness of the silicon nitride; A is the representative thickness
of the substrate; ki, kn, ks are the thermal conductivities of air, silicon nitride, and
the substrate, respectively; and T is the temperature of the substrate.

The thermal conductivities kp and k,;, are both temperature dependent. However,
the assumption of a constant k, yields results similar to those using a temperature-
dependent value of kj, [53]. Assuming a constant k;, and temperature dependent ky;;,
the finite difference method is implemented to solve (11.1) by writing the second-

order differential equation in the form d?7 /dx? = b(x,T), and approximating it as

&7 1
w2 W(Tm

Figure 11.5a shows the steady-state temperature profile obtained for a two-leg
(one pair of inclined beams) thermal actuator operating in air. The temperature of
the shuttle is significantly lower than that of each of the beams. This is due to the rel-
atively low current density in the shuttle, resulting in a lower rate of heat generation

—2T; +Ti—y). (11.2)
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Fig. 11.5 Steady-state temperature profile (with respect to the substrate) along a pair of inclined
beams and the shuttle while operated (a) in air for both constant and temperature-dependent values
of kuir and (b) in vacuum with an input current of 10 mA. In both cases, locations 0-300um and
360-660 um correspond to the thermal beams while the center region is the shuttle between the
beams. The beams are anchored to the substrate at 0 and 660 um. In air, the highest temperature
occurs in the beams

as compared to that of the beams. Furthermore the relatively large area of the shuttle
results in greater heat dissipation through the air as compared to the beams.

The thermal conductivity of air has a significant effect on the actuator behavior
[54]. This strong dependence is clearly seen in the two curves plotted in Fig. 11.5a —
in one case (lower curve) temperature dependence of thermal conductivity of air is
taken into account. k,;; increases with temperature, increasing the heat flow between
the beams and shuttle and the substrate. Consequently the temperature of the beams
and shuttle is lower for a given current flow. It is clear that decreasing heat conduc-
tion through the air increases the temperature of the beams. Ultimately, operation
in vacuum maximizes the beam temperature for a given current flow, making the
device more efficient.

In contrast, heat dissipation by conduction through the anchors to the substrate
dominates in vacuum [54, 57]. Assuming each beam is thermally independent, an
electrothermal model based on a single beam is presented [54]. Heat transfer within
the beam is treated as a one-dimensional problem since the length dimension is
significantly larger than either of the cross-sectional dimensions. To analyze the
case where the thermal actuator operates in vacuum, the term for heat conduction
through the air is removed from (11.1),

2
kp‘:lx—fwzp:o. (11.3)
Figure 11.5b shows that the highest temperature now occurs in the shuttle rather
than in the beams. Here the temperature depends mostly upon the distance from the
anchor points which are now assumed to be the only source of heat dissipation.
Since the shuttle is furthest from the anchors, it reaches the highest temperature.
With the temperature distribution known from this electrothermal analysis, the
thermomechanical behavior of the actuator is modeled to determine the resulting
displacement [22,23].
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While the displacement of the actuator in vacuum is easily characterized
experimentally [40], the temperature distribution is more difficult to obtain. There-
fore a coupled-field simulation is particularly necessary. Coupled analysis also
helps to assess the temperature at the actuator—specimen interface and to examine
the effectiveness of the thin heat sink beams in controlling the temperature increase
of the specimen during actuation.

The MEMS-based tensile stage is intended to operate within the SEM or TEM.
Thus the following finite element electrothermal analysis is carried out for the case
where the device operates in vacuum. The actuation voltage applied across the an-
chor points serves as the input while the output includes both the actuator temper-
ature and displacement fields. Displacements at the anchor points are held fixed as
applied mechanical boundary conditions. The thermal boundary conditions dictate
a constant temperature at the anchors.

Figure 11.6a, b depict the temperature and displacement fields observed in the
thermal actuator for an actuation voltage of 1V. As previously mentioned, heat
dissipation through the anchors is the dominant dissipation mechanism. Since the
shuttle is furthest from the anchors, the highest temperature occurs in the shuttle.
Due to the nonuniformity of the temperature distribution, the displacement is also
nonuniform.

Displacement (nm)

Temperature (°C)

0 63.5 127 191

Temperature (°C)

0 18.4 36.7 55 0o 217 435 65.3
c d

Fig. 11.6 (a) Temperature increase (°C) and (b) displacement field (nm) in the thermal actuator.
The displacement component plotted is in the shuttle axial direction. (¢) Temperature (°C) and (d)
displacement field (nm) in the thermal actuator with three pairs of heat sink beams at the specimen
end. In this analysis, the heat sink beams are 40 um in length and 4-um wide with 16 um spacing
between them. ANSYS Multiphysics, version 6.1 was used for this analysis
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Heating of the specimen during actuation is unavoidable as a result of the
increased temperature of the shuttle to which the sample is attached. However,
this effect is minimized with the addition of a series of heat sink beams running
between the shuttle and substrate near the shuttle-specimen interface as shown in
Fig. 11.6¢, d. To avoid out-of-plane bending, another three pairs of heat sink beams
are placed at the opposite end of the shuttle. Comparing the two cases — with and
without heat sink beams — it is found that similar displacement can be obtained at
shuttle end for significantly smaller temperatures at the shuttle—specimen interface
with heat sink beams. For highly temperature sensitive materials, the problem of
specimen heating can be further mitigated with the addition of a thermal isolation
layer between the actuator and specimen following the custom microfabrication
process [57].

The thermal actuator is calibrated experimentally to verify the analytical and
FEA models described above. Figure 11.7 [40] shows a comparison of experimen-
tally measured results with the analytical and FEA predictions of the actuator dis-
placement for a given current input. The displacement of the actuators was mea-
sured with a SEM [22], having spatial resolution of better than 5Snm. Using the
analytical model, the displacement is computed based on experimentally measured
temperatures in the actuator [40]. In order to obtain the current, resistance of the
actuator is computed using the output temperature and a value of resistivity corre-
sponding to the average temperature of the device.

The models agree well with the experimentally measured actuator displace-
ments as shown in Fig. 11.7. This suggests that the models are useful in predicting
the behavior of thermal actuators of other geometry. At large currents (more than
~12mA), both analytical and FEA models deviate slightly from the experimental
results. This can be explained largely by inaccuracies in material parameters such as
resistivity and thermal conductivity at high temperatures [48, 54]. Furthermore, the
microstructure of polysilicon starts getting transformed at these high current levels
and elevated temperatures [40].
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11.4.3 Load Sensor Design

The load sensing mechanism consists of a differential capacitive displacement sen-
sor suspended on a set of elastic members of known stiffness. By calibrating the
stiffness of the elastic members [22, 23], the load is computed based on the mea-
sured displacement. The differential capacitive displacement sensor [45, 46, 58] is
chosen for its sensitivity and linear behavior over a range of displacements appro-
priate for tensile testing of nanostructures.

The differential capacitive sensor is comprised of a movable rigid shuttle with
electrodes (or “fingers”) pointing outward as shown schematically in Fig.11.8b [22].
These fingers are interdigitated between pairs of stationary fingers (Fig. 11.8b) fixed
to the substrate. Under load-free condition each movable finger sits in the middle of
two stationary fingers. Each set of fingers (one movable and two stationary ones on
the sides) forms two capacitors. The entire capacitance sensor is equivalent to two
combined capacitances, C| and Cs, as shown in Fig. 11.8a.

A
C=Cr=Co=eN_-(1+]), (11.4)
0

where € is the electric permittivity; N is the number of unit movable fingers; A and
dy are the area of overlap and initial gap, respectively between the movable finger
and each stationary finger; and f = 0.65dy/h is the fringing field correction factor
with / being the beam height [59].
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Fig. 11.8 (a) A simple model of the differential capacitor. (b) Double chip architecture used
for measuring capacitance change. The capacitance change is proportional to the output-voltage
change
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The movable fingers are attached to the folded beams via the rigid movable shut-
tle, such that the displacement of shuttle and the beams is the same. This displace-
ment yields a change in capacitance given by,

Ad, (11.5)

1 1 2NeA
ACZCl—C2=N8A< )N

do—Ad  dy+Ad) " &2

where Ad is the displacement of the load sensor. Note that the fringing effect fac-
tor cancels. For displacements Ad with 50% of the initial gap dy, the capacitance
changes approximately linearly with the sensor displacement. This relatively large
range of linear sensing is a major advantage of differential capacitance sensing over
direct capacitance sensing which uses a single fixed beam for each movable beam.

A variety of circuit configurations may be used in measuring capacitance [45,46].
Figure 11.8b shows schematically the charge sensing method used in the device.
This method mitigates the effects of parasitic capacitances that generally occur in
electrostatic MEMS devices. Here the change in output voltage AViepse is propor-
tional to the capacitance change [22],

\%
AViense = éAcy (11.6)

where Vp is the amplitude of an AC voltage signal applied to the stationary fingers
and Ct the feedback capacitor as shown in Fig. 11.8b.

Minimizing stray capacitance and electromagnetic interference is critical in
high resolution capacitance measurements. In this case, integrating the MEMS
differential capacitor and sensing electronics on a single chip minimizes these
effects, allowing detection of changes in capacitance at the atto-Farad level [46].
However, this greatly increases the fabrication complexity. The double chip archi-
tecture depicted in Fig. 11.8 is an alternative to the single chip scheme. Here the
MEMS-based system is fabricated on one chip while a commercial integrated circuit
chip (for e.g., Universal Capacitive Readout MS3110, Microsensors, Costa Mesa,
CA) is used to measure changes in capacitance. Both chips are housed on a single
printed circuit board.

11.4.4 System Analysis

With the mechanical response of the thermal actuator known for a given current
input, it is now possible to formulate a set of equations governing the behavior of
the entire device [40]. A lumped model of the entire device is shown in Fig. 11.9.
Here Kj is the stiffness of the tensile specimen, K s is the stiffness of the load sensor
corresponding to the folding beams by which it is suspended, Kta is the stiffness
of the thermal actuator computed before, and Urg is the displacement of the load
sensor. The central shuttle is assumed to be rigid.
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Thermal actuator Sample Load sensor

Fig. 11.9 Lumped model of the entire tensile loading device with internal forces and displacements
shown in free body form

The following are the governing equations for the lumped system [40]:

AUs = Uta — Urs
2moaATEAs — Fra

TA —

Kta
Fra = Fs =Fis ’ (L7
Fs = KsAUg
Fs = KisUrs

where s = sin O and AUg is the elongation of the specimen, E is the Young’s
modulus, o is the coefficient of thermal expansion of the beam material, and m
is the number of pairs of beams. Solving the system of equations (11.7), one obtains
the displacement of the thermal actuator Uta, the tensile force on the specimen Fs,
the elongation of the specimen AUs, and the corresponding displacement of the load
sensor Uy g as,

2maATEAs n 2moATEAs
(Kta + K1aKis/Ks +Kis)  (Kta+Ks + KtaKs/Kis)
2maATEAs
(Kta/Ks + 1+ Kta /KLs)
2maATEAs
(Kta + Ks + KtaKs /KLs)
2maATEAs
(KtA + K1aKLs /Ks + Ki5)

Uta =

AUg = (11.8)

Urs =

where A is the cross-sectional area of the beam. These represent the critical
parameters in obtaining force—displacement data using the MEMS-based tensile
testing device.
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Considering the above analyses, the following design criteria are set to achieve
an effective and reliable material testing system:

1. Large load sensor displacements to maximize load resolution

2. Low temperature at the actuator—specimen interface to avoid artificial heating of
the specimen

3. Displacement-controlled testing i.e., the stiffness of the thermal actuator is sig-
nificantly higher than that of the specimen and load sensor

The specimen stiffness, failure load, and elongation at failure (AUs) dictate the
choice of actuator geometry and the number and dimensions of the beams. Conse-
quently optimization of the device design requires some preliminary knowledge of
the specimen behavior as is customary in experimental mechanics.

11.5 Experimental Results

11.5.1 Device Calibration

To obtain the relationship between the measured capacitance and corresponding dis-
placement, an identical device with a solid connection between the actuator and
load sensor (i.e., no gap for specimen mounting) was fabricated on the same chip.
Real time high-resolution images were employed to calibrate the capacitance mea-
surements [23] within a field emission SEM (Leo Gemini 1525). The device was
actuated with a series of stepwise increasing voltages, applied sequentially in six
ON-OFF cycles. A high contrast feature on the movable shuttle was selected for
capturing images at high magnification (x183k). The device state during succes-
sive ON-OFF actuation cycles was captured in a single SEM image, as shown in
Fig. 11.10a. Simultaneously, the output voltage Vicnse Was recorded by a digital
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Fig. 11.10 Calibration of the load sensor showing the relationship between the capacitance change
and measured displacement from SEM images at a series of actuation voltage. (a) and (b) Signa-
tures when actuator is at 2 V; reference feature in the SEM image showing a motion of 15 nm due
to four ON-OFF actuations (a), and plot corresponding to a 0.7 fF capacitance change resulting
from the same actuation (b). Both raw data and fitted data are shown in the plot of capacitance
measurements. (c¢) Plot of displacement vs. capacitance change resulting from the calibration



306 B. Peng et al.

multimeter and converted to the capacitance change using (11.6). Figure 11.10b
shows the raw data of Viepee at an actuation voltage of 5.5 V.

Figure 11.10c shows a plot of experimental data correlating the displace-
ments/loads and the capacitance changes (in dots). The relationship between
displacement and capacitance change as predicted in (11.5) is plotted in solid
line [40] is evident that the experimental data agrees with the predictions very well.
The achievable resolution of the measured capacitance change is 0.05 fF and the
corresponding displacement resolution is 1 nm.

Another important step in the calibration procedure is the accurate measurement
of the load sensor stiffness. This can be accomplished in one of two ways (1) by
resonance methods, a common procedure in MEMS research [22] or (2) by iden-
tifying the Young’s modulus of the material, E, and then using FEA with accurate
metrology to determine the structural stiffness. For the parallel beams in the load
sensor, the resonating voltage cannot be larger than the pull-in voltage so the second
methodology is employed. Since the load sensor and actuator are comprised of the
same material, the accuracy of the load sensor stiffness prediction is assessed by
determining the comb-drive actuator stiffness using the resonance method and then
comparing this result with the one calculated by FEA. In the resonance method, the
stiffness is calculated by K = (27 ;)?(Ms+0.3714M,) [22], where f; is the resonant
frequency, M and My, the masses of the shuttle and the folded beams, respectively.
For the comb-drive actuator, we measured a resonant frequency of 17.2 +0.1kHz.
The corresponding stiffness is 20.3N m~!, while the computed stiffness based on
the measured folded beam geometry, using E = 170 GPa [60], was 20.7N m~!. This
clearly shows that the stiffness computed based on the fabricated geometry and the
known value of Young’s modulus is in good agreement with that identified from
the resonance experiment. Following this procedure, the stiffness of the load sensor
designed for the testing CNTs was computed to be 11.8N m~!, which corresponds
to a load resolution of 11.8 nN [22]. Likewise, the stiffness of the load sensor de-
signed for testing NWs was 48.5N m~! with a load resolution of 48.5 nN. It should
be noted that by reducing the stiffness of the load sensor, the load resolution can be
achieved below 1 nN.

11.5.2 Tensile Tests of Co-Fabricated Polysilicon Thin Films

The size and fragile nature of nanostructures demands specialized techniques
for preparation and mounting on the aforementioned MEMS device. Thin films
may be co-fabricated with the MEMS device. This eliminates any handling or
nanomanipulation of the specimen. For example, freestanding polysilicon films
were co-fabricated with the MEMS device between the actuator and the load sensor
(Fig. 11.11a) [23]. Due to limitations in the resolution of the photolithography used
to make the devices, the initial specimen width could not be made thinner than ap-
proximately 2um. To reduce this dimension, the polysilicon specimen was further
machined by focused ion beam (FIB) down to 350-450 nm.

Thin film specimens co-fabricated with the MEMS device were then tested in
in situ SEM. The results of a tensile test of a polysilicon specimen prepared as
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Fig. 11.11 (a) A tensile specimen of polysilicon thin film co-fabricated with the MEMS device
and further thinned by FIB machining. (b) Measured stress—strain data [40]

described above are shown in Fig. 11.11b. Here the stress—strain curve shows strong
linearity with a Young’s modulus of 156 & 17 GPa [40]. This result is consistent
with other reported values for polysilicon films [60-62], which provides confidence
in the overall experimental protocol and data reduction.

11.5.3 Tensile Tests of Nanowires

It is known that nanowires posses a relatively large surface area-to-volume ratio.
Consequently interfaces, interfacial energy, and surface topography play an increas-
ingly important role in their deformation and failure processes. In larger structures,
generation and propagation of defects dictate material behavior. As grain sizes or
structural dimensions fall below 50-100 nm, interatomic reorganization near sur-
faces gain influence over bulk material behavior. Therefore understanding the de-
formation and fracture mechanics of these new one-dimensional nanostructures is
essential.

Testing of individual nanowires and nanotubes with the MEMS device as de-
scribed above may be achieved either by growing the specimen across the gap be-
tween actuator and load sensor or by placement of the specimen in the device by
nanomanipulation [23]. The latter procedure involves use of a nanomanipulator op-
erated inside an SEM to pick up and place the individual nanostructure across the
gap, followed by EBID of platinum to weld the ends.

In situ SEM tensile tests of silver nanowires using the MEMS device were per-
formed to identify the material stress—strain behavior and failure. Figure 11.12a
shows sequential SEM images obtained during the testing of a silver nanowire. The
nanowire specimen began to deform at an actuation voltage of 0.8V and failed
at 6.6 V. The strain—stress data, shown in Fig. 11.12b, reveal key features. The
nanowires were stressed to about 2—-2.5 GPa, which is significantly higher than the
tensile strength (1.7 GPa) of bulk silver [63], before necking. This phenomenon,
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Fig. 11.12 In situ SEM tensile testing of a silver nanowire. (a) Sequential SEM images of a tensile
loading process. The nanowire is 1.9 um in length and 100 nm in width. (b) The strain—stress data,
and (c) the fracture surface of the nanowire showing the necking

a

which is attributed to the absence of defects and high stress threshold for the nucle-
ation of defects [64, 65], agrees with the hypothesis that the strength of the mate-
rial increases as the specimen’s characteristic dimension decreases. The nanowires
underwent large localized plastic deformation leading to necking and fracture
(Fig. 11.12c). A failure strain of about 6% was identified in the experiment. It is
interesting to note that the softening regime captured in the experiments was possi-
ble only because of the displacement control characteristic of the thermal actuator.

11.6 Summary

The first 1D nanostructure was synthesized more than a decade ago. Since then, a
number of nanodevices using these nanostructures have been developed. Mechan-
ical characterizations at the nanoscale become an important activity to predict and
assess device integrity and durability as well as to gain fundamental understanding
of deformation processes at the nanoscale. Most of the developed nanomechanincal
testing techniques did not possess a well-controlled loading condition and elec-
tronic load—displacement measurement. As such, in situ mechanical testing relied
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on indirect measurement of load through imaging of deforming beams. This chapter
described the modeling and analysis involved in the design of a MEMS-based ma-
terial testing system, which allows simultaneous load—displacement measurements
combined with real-time high resolution SEM or TEM imaging of the specimen
without the need for shifting the imaging beam. The system uses a thermal actuator
to apply load and a differential capacitive displacement sensor, of known stiffness, to
electronically measure the applied load. An analytical model of the thermal actuator
involving electro-thermal-mechanical analysis was developed to determine the tem-
perature distribution in the actuator, displacement and force fields. A coupled-field
FEA was used to verify the analytical model and obtained further insight on the field
variables. A set of design criteria were then established. Finally, examples of ap-
plication of the MEMS-based material testing system to characterize co-fabricated
polysilicon thin films and Ag nanowires were presented.
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Chapter 12

Metrologies for Mechanical Response
of Micro- and Nanoscale Systems

Robert R. Keller, Donna C. Hurley, David T. Read, and Paul Rice

12.1 Introduction

Thin films and nanomaterials lie at the heart of the burgeoning fields of nano-
electronics and nanotechnology, and the accurate measurement of their properties
provides a basis for consistent manufacturing, fair trade, and reliable performance.
Introduction of such materials into current and future technologies has opened an
entirely new suite of both materials science and measurement science challenges —
effects of dimensional scaling play a stronger role in the reliability of thin films and
nanomaterials than in any other materials previously known. Surfaces and interfaces
can dominate and change behaviors and properties known to develop in bulk mate-
rials of the same chemical composition. As a result, extrapolation of bulk responses
to the nanoscale is often inaccurate.

This chapter describes metrologies developed by NIST scientists and collab-
orators for mechanical properties of dimensionally constrained materials; these
approaches make use of methods inherently sensitive to small volumes. Atten-
tion is focused on emerging test methods for several key forms of mechanical
response — elasticity, strength, and fatigue. We attempt to avoid excessive duplica-
tion of discussion contained in other chapters. Emphasis is placed on structures that
are volume constrained, with one or more dimensions less than 1 wm and often less
than 100 nm.

The first metrology is contact-resonance atomic force microscopy (AFM),
wherein the mechanical resonance properties of an AFM cantilever in contact
with a thin-film or nanoparticle-based specimen are shown to depend sensitively
on the elastic properties of a small volume of material beneath the tip. The second
metrology is microtensile testing, wherein thin-film specimens are patterned into
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free-standing tensile specimens by use of integrated circuit fabrication methods, and
force—displacement response measured. The third metrology is based on application
of controlled Joule heating to patterned thin films on substrates by alternating cur-
rent, for the purpose of measuring fatigue and strength of thin patterned films on
substrates.

12.2 Contact-Resonance AFM Methods for Nanoscale
Mechanical Properties

Many emerging nanotechnology applications require nanoscale spatial resolution in
more than one dimension. Furthermore, in many new applications it is desirable to
visualize the spatial distribution in properties. This is because new systems increas-
ingly involve several disparate materials integrated on the micro- or nanoscale (e.g.,
electronic interconnect, nanocomposites). Failure in such heterogeneous systems
frequently occurs due to a localized variation or divergence in properties (void for-
mation, fracture, etc.). Engineering these complex systems therefore requires quan-
titative nanomechanical imaging to better predict reliability and performance.

Methods utilizing the atomic force microscope (AFM) [1] present an attractive
solution for characterizing mechanical properties with true nanoscale resolution.
The AFM’s scanning capabilities and the small radius of the cantilever tip (typically
5-50 nm) enable rapid, in situ imaging with nanoscale spatial resolution. The AFM
was originally created to measure surface topography with atomic spatial resolu-
tion [1]. Since then, several AFM techniques to sense mechanical properties have
been demonstrated [2—6]. For relatively stiff materials such as ceramics or metals,
the most promising AFM methods for quantitative measurements are dynamic ap-
proaches, in which the cantilever is vibrated at or near its resonant frequencies [7].
These methods are often called “acoustic” or “ultrasonic” due to the frequency
of vibration involved (~100kHz —3MHz). Among them are ultrasonic force mi-
croscopy (UFM) [8], heterodyne force microscopy [9], ultrasonic atomic force
microscopy (UAFM) [10], and atomic force acoustic microscopy (AFAM) [11].
A general name for all of these approaches is “‘contact-resonance-spectroscopy
AFM” or simply “contact-resonance AFM.”

Of these methods, AFAM has arguably achieved the most progress in quantitative
measurements. In this section, we describe how contact-resonance AFM methods
can be used for quantitative measurements and imaging of nanoscale mechanical
properties. We present the basic physical concepts, and then explain how they can be
used to measure elastic properties. Techniques are described to obtain measurements
at a single sample position as well as by both qualitative and quantitative imaging.
Results are shown for specific material systems in order to demonstrate the potential
of the techniques for nanoscale materials characterization.
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12.2.1 Principles of Contact-Resonance AFM

Contact-resonance AFM methods make use of resonant modes of the AFM can-
tilever in order to evaluate near-surface mechanical properties. Several groups have
developed approaches based on the basic principles described here [11-16]. Reso-
nant vibrational modes of the cantilever are excited by either a piezoelectric element
attached to the AFM cantilever holder or an external actuator such as an ultrasonic
transducer. Typically, the two lowest-order flexural (bending) modes of the can-
tilever are used. When the tip of the cantilever is in free space, the resonant modes
occur at the free or natural frequencies of the cantilever. The exact values of the
resonant frequencies are determined by the geometry and material properties of the
cantilever. When the tip is brought into contact with a specimen by applying a static
load, the frequencies of the resonant modes are higher than the corresponding free-
space values, due to tip—sample forces that stiffen the system. Contact-resonance
AFM methods involve exciting these “free-space” and “contact-resonance” modes,
and measuring the frequencies at which they occur. The frequency data are then in-
terpreted with appropriate models in order to deduce the mechanical properties of
the sample.

After acquiring contact-resonance spectra in the manner described below, the
frequency information is first analyzed with a model for the dynamics of the vi-
brating cantilever. Both analytical [15, 17] and finite-element [14, 18] analysis ap-
proaches have been used. The simplest model to describe the interaction is shown
in Fig. 12.1a. The cantilever is modeled as a rectangular beam of length L and stiff-
ness k. (spring constant). The cantilever is clamped at one end. It is coupled to
the sample by a tip located a distance L; < L from the clamped end. The coupling
between the tip and sample is assumed to be purely elastic and is therefore repre-
sented by a spring of stiffness k. This assumption is valid if the applied load Fy

A
Y

Fig. 12.1 Concepts of the contact-resonance AFM. (a) Model for cantilever dynamics. A rectan-
gular cantilever beam with stiffness k. (spring constant) is clamped at one end and has a total
length L. It is coupled to the surface through a spring of stiffness k& (contact stiffness) located at
a position L; with respect to the clamped end. (b) Model for contact mechanics. A hemispherical
tip of radius R is brought into contact with a flat surface under a normal applied force Fy. The
resulting deformation of the surface is 6 and the radius of contact is a. The elastic properties of the
tip and sample are indicated by the indentation moduli M, and M, respectively
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is much greater than the adhesive force, but low enough to avoid plastic deforma-
tion of the sample. These conditions are valid under typical experimental condi-
tions involving relatively stiff materials (e.g., metals, ceramics) and stiff cantilevers
(ke = 40-50 N m~1), for which Fy ~ 0.4-2 uN.

The analytical model for cantilever dynamics provides a characteristic equation
that links the measured resonant frequencies to the tip—sample contact stiffness k.
If the model assumes that the AFM tip is located at the very end of the cantilever, the
values of k calculated with this equation for different resonant modes are usually not
equal. The adjustable tip position parameter L; is used to ensure that the value of k
is the same regardless of mode. Contact-resonance spectra are acquired for the two
lowest-order flexural modes. Values of k are then calculated as a function of the
relative tip position L; /L for each mode. The value of L; /L at which k is the same
for both modes is taken as the solution. Typically, L; /L ~ 0.96-0.98.

Elastic properties of the sample are deduced from k by means of a second model
for the contact mechanics between the tip and the sample [19]. Most commonly
used is Hertzian contact mechanics, which describes the elastic interaction between
a hemispherical tip with a radius of curvature R and a flat surface. The parameters
involved in this model are shown in Fig. 12.1b. A normal (vertical) static load Fx
is applied to the tip, causing the sample to deform by an amount §. The contact
area has radius a. The normal contact stiffness k between the tip and the sample is
given by
3/3RFN

4E*

= /6E*2RFy. (12.1)

k=2aE* =2E*

Here, E* is a reduced modulus defined by

1 1 1
=t —. (12.2)
E* Mg, M,

M; and My, correspond to the indentation (plane strain) moduli of the sample
and the AFM tip, respectively. For elastically isotropic materials M = E /(1 — v?),
where E is Young’s modulus and v is Poisson’s ratio. In anisotropic materials,
M depends on direction and is calculated from the second-order elastic stiffness
tensor [20].

In principle, one could measure a directly, or determine R and Fy for a given
experiment and calculate a. Equation (12.1) could then be used to determine E*,
from which the modulus M; could be found using (12.2). This approach is difficult
in practice. With typical values of R = 25nm, Fy = 1 uN, and E* = 80GPa, (12.1)
yields a ~ 6nm. Although the small size of a is precisely why contact-resonance
AFM methods can achieve nanoscale spatial resolution, it means that direct mea-
surements of a are very difficult. To overcome this problem, the referencing ap-
proach described below has been developed for use in experiments [15,21].
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12.2.2 Modulus Measurements

Contact-resonance AFM experiments are performed with an apparatus such as the
one shown schematically in Fig. 12.2a. The apparatus consists of a commercially
available AFM and a few off-the-shelf components. The specimen is bonded to
an ultrasonic piezoelectric transducer mounted on the AFM translation stage. The
transducer is excited with a continuous sine wave voltage by a function genera-
tor. The amplitude of the cantilever deflection is monitored by the AFM’s internal

position-sensitive photodiode. Lock-in techniques
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Fig. 12.2 Schematics of experimental apparatus used in the contact-resonance AFM experi-
ments. (a) Apparatus for modulus measurements at a fixed sample or for qualitative imaging.

(b) Frequency-tracking apparatus for quantitative imaging
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of the photodiode signal at the excitation frequency. In this way, a spectrum of the
cantilever response vs. frequency can be obtained by sweeping the transducer excita-
tion frequency and recording the lock-in output signal. The typical frequency range
involved (~0.1-3MHz) means that it is necessary to have access to the unfiltered
photodiode output signal from the AFM.

Contact-resonance spectra are acquired for transducer excitation voltages low
enough to ensure a linear interaction, i.e., the tip remains in contact with the sample
at all times. As described above, spectra for two different resonant modes are used
to determine the correct value of k and the tip position L; /L. Resonance frequency
is measured on two samples in alternation: (1) the test or unknown sample, and (2) a
reference or calibration specimen whose elastic properties have been determined by
another means. The measured contact-resonance frequencies are used to calculate
values of k for both the test and reference materials with the cantilever-dynamics
model described above.

If measurements are performed on the test (subscript s) and reference (subscript
ref) samples at the same values of Fy, it can be shown [21] that

k m
E = ref<ksf> , (12.3)
Te

where m = 3/2 for Hertzian contact and m = 1 for a flat punch. The indentation
modulus M; of the test sample is then determined from E} by use of (12.2) and
knowledge of Mj;,. Because the true shape of the tip is usually intermediate be-
tween a hemisphere and a flat [22], the values calculated with m = 3/2 and m = 1
set upper and lower limits on M, respectively. Multiple data sets are obtained by
comparing measurements on the unknown sample to those made on the reference
sample immediately before and afterward. Averaging the data sets yields a single
value for the indentation modulus M of the test sample.

The referencing approach eliminates the need for precise knowledge of R, Fy,
and a (see (12.1)), which are difficult to determine accurately. Because k depends
on the contact area, this approach assumes that the contact geometries for the test
material and for the reference material are identical. An alternative approach that
avoids this assumption by means of a tip-shape-estimation procedure has also been
developed [23]. Accuracy may also be improved by use of multiple reference sam-
ples [14,24,25].

The accuracy of this technique has been examined experimentally by comparing
contact-resonance measurements with values obtained by other methods [14, 26].
Some example results are shown in Fig. 12.3. Values for the indentation modulus
M were obtained for several thin supported films of different materials by means of
contact-resonance AFM (AFAM), nanoindentation (INI), and surface acoustic wave
spectroscopy (SAWS). NI is destructive to the sample and has somewhat poorer
spatial resolution than AFM methods, but is widely used in industry. The SAWS
method is nondestructive and is used primarily in research laboratories. The values
obtained by SAWS represent the average properties over a few square centimeters
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Fig. 12.3 Indentation modulus M of thin supported films obtained by contact-resonance AFM
(AFAM), nanoindentation (NI), and surface acoustic wave spectroscopy (SAWS). The thickness
t of each film was determined by cross-sectional SEM analysis or by stylus profilometer meth-
ods. Film materials include fluorinated silica glass (FSG), amorphous hydrogenated silicon car-
bide (a-Sij—,C,:H), aluminum (Al), niobium (Nb), and nickel (Ni). The error bars represent one
standard deviation of the individual measurements
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of the sample. It can be seen in Fig. 12.3 that the results obtained by all three meth-
ods are in very good agreement, with differences of less than 10% and within the
measurement uncertainty for all of the samples.

The validity of contact-resonance AFM for elastic-property measurements hav-
ing been established, it can be used to investigate specific systems. Work has
spanned a wide range of materials, including piezoelectrics (PZT [27]), dickite clay
[24], semiconductors (InP and GaAs [28]), and nanostructures (SnO; nanobelts [29]
and ZnO nanowires [30]). A more complete survey of results can be found else-
where [15]. Additional research is underway to better understand the range and
limits of applicability of the method. For instance, how thin a film can be mea-
sured accurately without accounting for the properties of the underlying substrate?
We have examined this question using a series of nanocrystalline nickel (Ni) films
deposited on silicon (Si) substrates [31]. The results indicated that the modulus of
films as thin as ~50nm could be accurately measured with contact-resonance AFM.
The film thickness for which the substrate begins to play a role depends on the elas-
tic properties of both the tip and sample. Other work has shown how to extend the
basic approach described above in order to obtain further information about elastic
properties [32]. By simultaneously measuring the contact-resonance frequencies of
both flexural and torsional modes, shear elastic properties such as Poisson’s ratio v
or shear modulus G separately from Young’s modulus E. Further work is needed
to incorporate the results of these and other studies into standardized measurement
procedures.
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12.2.3 Imaging and Mapping

The scanning capabilities of the AFM mean that two-dimensional images of near-
surface mechanical properties can be obtained with contact-resonance methods.
Qualitative “amplitude images” indicative of local variations in stiffness are
obtained with an apparatus like that in Fig. 12.2. The frequency of the excita-
tion transducer is held constant while the tip is scanned across the sample. During
scanning, the lock-in detector senses variations in the cantilever vibration amplitude
at the excitation frequency due to changes in the local contact stiffness. The output
signal of the lock-in is used as an external input to the AFM for image acquisition.
Amplitude imaging has been used to investigate the nanoscale elastic properties of
systems such as carbon-fiber-reinforced polymers [12], piezoelectric ceramics [33],
and dislocations in graphite [34].

Examples of amplitude imaging are shown in Fig. 12.4. The sample contained a
blanket film of an organosilicate glass (denoted SiOC) approximately 280 nm thick.
Copper (Cu) lines were deposited into trenches created in the SiOC blanket film.
The sample was etched briefly in a hydrofluoric acid solution in order to remove
any protective surface layers. The topography image shown in Fig. 12.4a reveals that
the sample is very flat, with features <10nm high. Figure 12.4b, ¢ shows amplitude
images acquired at two different frequencies. Small features inside the Cu lines can
be seen. These are most likely due to shifts in the contact area that arise from small
topographical features (e.g., pores, polishing effects). In addition to the SiOC film
and the Cu lines, bright regions can be seen at the SiOC/Cu interfaces. This feature
corresponds to a thin barrier layer deposited on the sidewall of the trenches, and is
not obvious in the topography image. In Fig. 12.4b, the SiOC regions of the image
are brighter than the Cu regions. However, the Cu regions are brighter in the image
in Fig. 12.4c, which was acquired at a higher excitation frequency. This information
suggests that the contact-resonance frequency of the Cu regions is generally higher
than that of the SiOC regions. Because higher contact-resonance frequencies imply
greater elastic modulus, it can be inferred that the modulus of the Cu lines is higher

than that of the SiOC film.
"o e ==
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Fig. 12.4 Example of contact-resonance AFM amplitude imaging. The sample contained copper
(Cu) lines in an organosilicate glass (SiOC) film. (a) Topography. (b) Amplitude of the cantilever
vibration at an excitation frequency f = 550kHz. (¢) Amplitude at f = 630kHz. Images were
acquired using a cantilever with lowest free-space frequency flo = 151.3kHz
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Figure 12.4 shows that the components of different elastic stiffness are easily
identified by amplitude imaging. However, the figure also illustrates the difficul-
ties involved in trying to evaluate the relative stiffness of different sample com-
ponents. Instead, quantitative imaging or mapping of nansocale elastic properties
is ultimately desired. Quantitative imaging involves detecting the frequency of the
contact-resonance peak at each position as the tip moves across the sample. A sin-
gle such contact-resonance-frequency image could provide more information than
an entire series of amplitude images. However, if the sample components differ
greatly in their elastic properties, the contact-resonance frequency will vary signif-
icantly across the sample making detection more difficult. Several solutions to this
challenge have been demonstrated [16,25,26,33,35,36]. Typically, there is a trade-
off between the imaging speed and the amount of custom hardware and software
required.

We have also developed contact-resonance-frequency imaging techniques for
nanomechanical mapping [26, 37]. Our approach differs conceptually from other
implementations, in that the starting frequency of the frequency sweep window is
continuously adjusted to track the contact-resonance peak frequency. In this way, a
high-resolution spectrum is acquired with a minimum number of data points, even if
the contact-resonance frequency shifts significantly across the imaged region. With-
out feedback, other approaches must perform a frequency sweep at every point over
the same relatively wide range that encompasses all possible peaks. Our approach
also utilizes a digital signal processor (DSP) architecture. One advantage of a DSP
approach is that it facilitates future upgrades, because changes are made in software
instead of hardware.

A schematic of the frequency-tracking apparatus is shown in Fig. 12.2b. The
circuit is described in detail elsewhere [37]. In brief, an adjustable-amplitude, swept-
frequency sinusoidal voltage is applied to the piezoelectric actuator beneath the sam-
ple. As the cantilever is swept through its resonant frequency by the piezoelectric
actuator, the photodiode detects the cantilever’s vibration amplitude and sends this
signal to the DSP circuit. Inside the circuit, the signal is converted to a voltage
proportional to the root-mean-square (rms) amplitude of vibration and sent to an
analog-to-digital (A/D) converter. The DSP reads the A/D converter output signal
and constructs a complete resonance curve as each sweep completes. It then finds
the peak in the resonance curve and uses this information in a feedback-control
loop. The control loop adjusts a voltage-controlled oscillator (VCO) to tune the
center frequency of vibration to maintain the cantilever response curve centered on
resonance. The control voltage is also sent to an auxiliary input port of the AFM
instrument for image acquisition. Each pixel in the resulting image thus contains
a value proportional to the peak (resonant) frequency at that position. A frequency
range can be specified in order to exclude all but the cantilever mode of interest.
A total of 128 data points are acquired for each resonance curve, and at 48 kS s
the system is capable of acquiring the full cantilever resonance curve 375 times
per second. The currently implemented circuit realizes approximately 17-18 bits
of resolution, corresponding to a frequency resolution of about 12 Hz over the full-
range span of 3 kHz-3 MHz. The AFM scan speed must be adjusted to ensure that
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Fig. 12.5 Example of quantitative contact-resonance AFM imaging. The images correspond to
approximately the same region of the SiOC/Cu sample shown in Fig. 12.4. Contact-resonance-
frequency images of (a) first (f1) and (b) second (f2) flexural modes, respectively. (¢) Normalized
contact stiffness k/k. calculated from (a) and (b). (d) Map of the indentation modulus M calculated
from (c¢) assuming flat-punch contact mechanics. The free-space frequencies of the cantilever’s
lowest two flexural modes were f{ = 151.3kHz and £ = 938.0kHz

several spectrum sweeps are made at each image position. For scan lengths up to
several micrometers, an image with 256 x 256 pixels is usually acquired in less than
25 min.

An example of quantitative imaging with our frequency-tracking electronics is
shown in Fig. 12.5. The images correspond to the same region of the SiIOC/Cu struc-
ture in Fig. 12.4. The topography image in Fig. 12.5a shows the SiOC blanket film
and the slightly recessed (<5nm) Cu lines. The contact-resonance-frequency im-
ages for the two lowest flexural modes of the cantilever are shown in Fig. 12.5b, c,
respectively. The frequency images reveal directly that the contact-resonance fre-
quency in the Cu regions is higher than in the SiOC regions.

An image of the normalized contact stiffness k/k. calculated from the images
of fi and f; is shown in Fig. 12.5d. The image was calculated on a pixel-by-pixel
basis with the analysis approach described above for point measurements. Depend-
ing on the sample and type of information desired, it may be sufficient to evaluate
the contact-stiffness map alone. In other cases, it may be preferable to calculate a
map of the indentation modulus M from the contact-stiffness image. Such calcula-
tions involve the same models and assumptions used in point measurements of M.
For instance, it is necessary to choose a specific contact-mechanics model, and to
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assume that the model remains valid for the entire image (i.e., tip wear is not dra-
matic). Reference values of E* and k/k. are also needed. Here, we calculated a map
of the indentation modulus M from the contact-stiffness image assuming that the tip
was flat. We assumed that the mean value of E* for the SiOC region corresponded to
Msioc = 44.3 GPa. This value was obtained from point measurements made directly
on the SiOC film. For the reference value of k/kjeyer, We used the average value over
the SiOC region of the image. The resulting modulus map is shown in Fig. 12.5e.
Although some assumptions were made to obtain the map, it shows that quantitative
values for M can be achieved.

Other mechanical properties besides elastic modulus can be imaged with contact-
resonance AFM methods, if they influence the contact stiffness between the tip
and the sample. One such property of technological interest is the relative bond-
ing or adhesion between a film and a substrate. To experimentally investigate the
sensitivity of contact-resonance AFM to variations in film adhesion [38], we fab-
ricated a model system of gold (Au) and titanium (Ti) films on (001) silicon (Si).
Figure 12.6a shows a cross-sectional schematic of the sample. A rectangular grid
with Spum x 5 um squares (10-pum pitch) of Ti was created on Si by standard micro-
fabrication techniques. A blanket film of gold (Au) and a 1-nm topcoat of Ti were
deposited on top of the grid. The sample was intended to contain variations in the
adhesion of a buried interface, but only minimal variations in topography and com-
position at the surface. A crude scratch test was performed by lightly dragging one
end of a tweezer across the sample. Optical micrographs showed that this treatment
had removed the film in the scratched regions without a Ti interlayer (squares), but
left the gold intact in the scratched regions containing a Ti interlayer (grid). The
result confirmed our expectation that the film adhesion was much stronger in re-
gions containing the Ti interlayer. The Ti topcoat was included merely to prevent
contamination of the AFM tip by the soft Au film.
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Fig. 12.6 Imaging of film/substrate adhesion. (a) Schematic of sample in cross section. (b) Map
of the normalized contact stiffness k/k. calculated from contact-resonance-frequency images.
(c) Average stiffness vs. position across the center of (b)
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To understand how contact-resonance methods sense variations in a buried in-
terface, note that experiments probe the sample properties to a depth z ~ 3a,
where a is the tip—sample contact radius [19]. For Hertzian contact mechanics,
a® = (3RFN)/(4E*). For z > 3a, the stress field beneath the tip is sufficiently small
relative to its value at the surface (less than 10%) that the measurement is not sensi-
tive to property variations. The relative depth sensitivity of contact methods is deter-
mined by the choice of experimental parameters R and Fy, as well as the sample and
tip properties (E*). We estimate that ¢ = 6-8.5 nm for our experimental conditions.
Therefore, the experiments should probe the film interface (z = 22-24nm = 3a).

Contact-resonance-frequency imaging experiments were performed on the sam-
ple with the methods described above. An image of the normalized contact stiffness
k/k. calculated from the experimental contact-resonance-frequency images of fj
and f> is shown in Fig. 12.6b. The image reveals that the contact stiffness is lower
in the square region with poor adhesion (no Ti interlayer). A line scan of the average
value of k/k. vs. position obtained from 40 lines in the center of the image is shown
in Fig. 12.6¢c. The mean value of k/k. is 39.1 £0.6 in the grid regions and 37.14+0.5
in the square, a difference of 5%. Several other contact-stiffness images acquired at
different sample positions consistently showed a decrease in k/k. of 4-5% for the
regions of poor adhesion that lacked a Ti interlayer.

The results are consistent with theoretical predictions for layered systems with
disbonds [39]. An impedance-radiation theory was used to model the disbonded
substrate/film interface by a change in boundary conditions (i.e., zero shear stress
at the interface). For a disbond in a 20 nm aluminum film (M = 78 GPa) on (001)
Si (M = 165GPa), a reduction of approximately 4% in the contact stiffness was
predicted, very similar to our results. The system modeled in Ref. [39] contained
a film material different from that used in our experiments. However, the overall
combination of conditions (film and substrate modulus, applied force, etc.) was suf-
ficiently similar to ours that we believe a comparison is valid. These results represent
progress toward quantitative imaging of adhesion, a goal with important implica-
tions for the development of thin-film devices in many technological applications.

12.3 Microtensile Testing

Techniques for microtensile testing of thin films have now been under development
at NIST Boulder for over 10 years [40-42]. This section reviews and summarizes
the rationale behind microtensile testing, and the current state of the experimen-
tal techniques available here. Only experimental techniques in use at the authors’
laboratory are described in detail; many alternative techniques for obtaining infor-
mation about the strength, ductility, and other mechanical properties of micro- and
nanoscale materials are being explored elsewhere. An extensive list of microtensile
results from the literature is given, to emphasize the usefulness of the microtensile
technique.
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12.3.1 Rationale for Microtensile Testing

Tensile testing is the standard means of obtaining mechanical properties of structural
metals [43]. Because the stress field is uniaxial and uniform throughout the gage sec-
tion until significant plastic strain occurs, unambiguous and accurate Young’s mod-
ulus, yield strength, ultimate tensile strength, and ductility can be obtained from an
accurate force—displacement record. For macroscale structures, these properties are
often specified for a given material and used for comparison of alternative materials,
development of new materials, and quality control. In addition, tensile properties are
the essential input parameters for structural design and numerical modeling and sim-
ulation of mechanical behavior of structures. These modeling and simulation tech-
niques are routinely applied to micro- and nanoscale structures used in advanced
microelectronics devices and are a fundamental tool in designing applications of
nanomaterials. The accuracy of the results of these analytical efforts depends on the
accuracy of the material property values used as input. However, it has long been
realized that micro- and nanometer-sized thin films typically have microstructures
and properties, produced by their fabrication processes, that are different from the
microstructures and properties of bulk materials of the same nominal chemical com-
position [44,45]. Usefully accurate estimates of properties of films prepared by one
process often cannot be made from films prepared by another process or from bulk
specimens. The properties of thin films need to be measured in the dimension and
conditions that are used in actual structural applications. Therefore, accurate meth-
ods for mechanical characterization of micro- and nanoscale materials are needed,
and tensile testing is being developed to meet this need. Tensile test techniques ap-
plicable to micro- and nanoscale materials are only now beginning to be used as part
of the commercial design and quality control of advanced small-scale devices and
structures.

12.3.2 Specialized Techniques Required

Tensile properties of macroscale materials are generally measured according to stan-
dardized procedures, such as ASTM E8 and ASTM E345 [46,47]. Specimens spec-
ified in these test methods are typically several millimeters or even centimeters in
thickness for rectangular specimens (or in diameter for round specimens); these di-
mensions are orders of magnitude larger than thin films used in today’s microelec-
tronics industry. The testing machines, gripping devices, and specimen-preparation
procedures prescribed in the standard test methods are difficult to apply in testing
thin films that have thicknesses measured in micro- or nanometers. Early devel-
opments of the experimental techniques have been reviewed by Hoffman [48] and
Menter and Pashley [49]. Most of the specimens used in these early approaches
were still relatively large compared with those of current interest. Early attempts
to pull thin films in conventional testing machines used specimens lifted from the
substrate; researchers encountered problems in placing the specimen on the grips
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without excessive wrinkling, and depended on special separation layers beneath
the specimen film, such as water soluble sodium chloride. Specimen fabrication,
preparation, and especially mounting specimens to the loading devices were cited
as major difficulties.

12.3.3 Bulk Micromachined Microtensile Specimens

The test methods for thin films, at NIST and elsewhere, took a big step forward with
the introduction of microfabrication techniques, including lithography, deposition,
and etching, to produce tensile specimens [40, 50-53]. Microfabrication of tensile
specimens brought its own advantage, namely, that a large number of specimens
with uniform thickness, composition, geometry, and structure are fabricated in a
single process run. It became evident that since films in actual devices are always
produced on substrates, the use of the substrate to support the thin film specimen
is appropriate. Bulk micromachining of MEMS devices had been developed by this
time, demonstrating the concept of etching away a selected portion of the original
substrate to form a useful device. But the substrate is always much more massive
than the film, so it must be removed at least from beneath the gage section of the
specimen. The fabrication challenge here is the chemical selectivity required to etch
through hundreds of micrometers of silicon without damaging the metal specimen.
Aqueous hydrazine has been used, but this material is hazardous. Another disad-
vantage is the large width of the gage section, 100um or more, compared to the
line widths used in microelectronic interconnect structures and also compared to
a typical film thicknesses of 1um. Ding et al. [50] reported the use of a silicon
frame design for testing doped silicon. The first realization of this scheme for metal
films was the silicon frame tensile specimen [40]. To produce the silicon frame ten-
sile specimen, photolithographic patterning is used to form a straight and relatively
narrow gage section with larger grip sections on a silicon frame. The substrate be-
neath the gage section is removed by a suitable etchant. The silicon frame, carrying
its tensile specimen of a thin film, is mounted on a suitable test device capable of
supplying force and displacement [54]. The silicon frame is cut, while leaving the
specimen undamaged. This step has been accomplished manually with a dental drill,
using a temporary clamp to hold the specimen in place, and by the use of a cutting
wheel mounted on a moveable stage [53]. A device driven by piezoelectric blocks
was used to conduct tensile and fatigue tests on aluminum and copper films using
the silicon frame tensile specimen [54—56]. Similar specimens and instrumentation
have been used at other laboratories.

All the microtensile (MT) techniques include measurements of force and dis-
placement. The force is measured using a load cell, either commercial or custom-
built. For the generation of bulk-micromachined specimens discussed so far, the
force might amount to 0.1 N; commercial load cells with this range are available.
The challenge in displacement measurement for microscale testing is the same in
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principle as for macroscale testing: Measurement of the stretch of the gage section,
which may be much different from the displacement of the load fixture because of
the variable compliance of the load train. But the adaptation of common macroscale
techniques for measurement of strain in a thin film proved impossible. Adhesively
bonded strain gages or displacement gages clipped onto the specimen have not been
successfully scaled down to dimensions useful for testing of thin films. Optical tech-
niques have been adapted instead. Displacement has been measured by interferomet-
ric techniques such as electron speckle pattern interferometry (ESPI), for example
as in [57], or by diffraction from markers placed on the specimen surface [58].

12.3.4 Surface-Micromachined Tensile Specimens

In recent years, a new generation of smaller-scale tensile specimens produced by
surface micromachining and complementary test techniques, has been developed
[41,59, 60]. The NIST-Boulder version is described here. Depending on the mate-
rial to be tested and the deposition processes used, the pattern-and-etch steps may
vary. The substrates used originally were (100) silicon wafers coated by suppliers
with a “wet” oxide layer about 0.5 wm thick. A typical fabricated specimen ready for
testing is shown in Fig. 12.7. A mask-pattern-etch procedure was used to produce
a rectangular window in the oxide, exposing the underlying bare silicon where the
specimen would be formed. More recently, entirely uncoated silicon wafers have
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Fig. 12.7 Fabricated microtensile specimen ready for testing. The gage section, which is the long
section to the right of the structure, is just under 200-um long. The hole, which is used for loading,
is about 50um in diameter. The narrower lines connected to the tab are the tethers, which are
usually cut before testing
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been used. This eliminated a processing step. The specimen material is deposited
as a blanket film, aluminum in Fig. 12.7. The specimen geometry is formed, within
the region of exposed silicon on oxidized wafers or at arbitrary locations on bare
wafers, by subtractive photolithography using masking and wet-chemical etching.
One end of the specimen’s gauge section (right side in Fig. 12.7) connects to the
surrounding film that remains adhered to the oxidized silicon. The other end con-
nects to a tab, which has a hole of 50um in diameter for pin-loading. There are
three tethers connected to the tab, as shown in Fig. 12.7. The function of the tethers
is to hold the tab in place after the underlying silicon has been removed. More re-
cent designs have eliminated some of the tethers. The gauge section, the tab, and the
tethers are freed by chemically removing the underlying silicon substrate with xenon
difluoride (XeF;). This dry etchant very selectively attacks silicon, but is stopped
by SiO,, copper, aluminum, polyimide, and many other materials of interest in the
electronics industry. For easy loading, the silicon needs to be removed to a depth of
at least 50pum everywhere within the rectangular etch region.

The original design [61] for the loading hole was a square because it was more
convenient for the mask-design software to generate. During testing, however, fail-
ure commonly occurred at the loading hole with cracks initiated at the corners of
the hole. The current specimen has a circular hole that eliminates the loading-hole
failure in thick specimens, while loading-hole reinforcement through selective litho-
graphy is also used in specimens made from thinner films. At the ends of the gauge
section, there are flags that facilitate the measurements of displacement and strain
by the digital image correlation technique [62, 63]. The nominal dimensions for
the gauge section of the rectangular specimen are 180 wm x 10 wm x 1 um. Vari-
ants with thickness down to 0.5 um and up to 10 um have been tested. For stress
and strain calculations, the dimensions of each specimen are individually measured.
The thickness is determined by a profilometer. The length and width are measured
with a scanning electron microscope (SEM). The measurement accuracy of length
and width is within +1%, while thickness is within £3%.

12.3.5 Microtensile Apparatus

Our present test apparatus consists of the following components:

1. A three-axis micromanipulator, which is assembled from three separate com-
mercial single-axis stages, each driven by an inchworm piezomotor. The motors
are controlled by a desktop computer with a specialized interface and software.
According to the manufacturer, each axis of the micromanipulator assembly has
a travel range of 25 mm. The motor drive for each axis has an encoder with a
resolution of 0.05 um. We move the manipulator by specifying end points, but
the displacement rates vary from the nominal values because of the variable ac-
tion of the piezo-stepping of the motors. The motors have a nominal speed range
from 0.004 to 1,000 um s~!. It is noted that the manufacturer’s specifications of
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Fig. 12.8 Schematic drawing of a loading system with tungsten loading pin or hook mounted at
the end of the brass rod and force sensor assembly

the micromanipulators given here are for reference only. The actual strains of
a specimen during a test are determined from digital images of the specimen
surface.

2. Aloading system consisting of tungsten pin, brass rod, and force sensor, which is
carried by the micromanipulator assembly, as shown in Fig. 12.8. The force sen-
sor contains an eddy-current displacement sensor and two spring steel flex strips.
As shown in the figure, the ends of the steel strips are screw-fastened to two
ceramic blocks that serve as a heat insulator when tests are performed at elevated
temperatures. The top ceramic block is attached to the micromanipulator assem-
bly and the bottom one is supported by the flex strips. The brass loading rod with
the tungsten pin at its end is attached to the bottom ceramic block. The rod is
aligned to one of the micromanipulator’s axes to facilitate alignment during test-
ing. The sharp tungsten pins are commercially available as electrical contacts for
wafer probes. We bend the tip 45° so it will be normal to the surface of the spec-
imen, and blunt it to a diameter of about 40 um to fit the hole in the specimen’s
tab. The steel flex strips have a fixed nominal length of 20.3 mm and a width of
6.4 mm. Two thicknesses, 0.13 mm and 0.38 mm, have been used depending on
the force required. The eddy-current sensor monitors the deflection of the lower
ceramic block against the stiffness of the flex strips. With the 0.13-mm plates,
the sensitivity is about 8 mN for the nominal range of the eddy current sensor,
which is 25 um. For the 0.38-mm plates, the sensitivity is about 150 mN for the
same deflection range.

3. An optical microscope equipped with a digital camera. High magnification is
needed to view the specimen for alignment and for engagement of the loading
pin to the specimen under manual control of the micromanipulator. The images
of the specimen surface during the course of a test are required for calculation
of specimen’s extensions and strains. We use a simple 25x objective lens with
a working distance of about 20 mm to view the specimen while we engage the
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loading pin; then we move the microscope to view and record images of the
specimen gage during the test. The 200-um gage length of the specimen was
chosen to nearly fill the field of view of the digital camera on the microscope. The
long working distance is needed to leave room for the loading system between
the lens and the surface of the specimen. We also have conducted tests in the
SEM, which has continuous magnifications that provide sufficient flexibility for
handling and testing specimens. However, the time required to pump down the
SEM and its slower image acquisition has led us to prefer the optical microscope
for microscale testing.

4. A second desktop computer controls a digital camera on the microscope to ac-
quire images of the specimen surface during testing. The two computers are
synchronized through communications via serial ports on the computers, so
that the individual data points for force and stage movement can be associated
with the proper corresponding image. Our camera acquires grayscale images of
1,280 x 1,024 pixels, although we save only 1,280 x 256 pixels.

12.3.6 Force Calibration

While force calibrations for conventional mechanical test machines are based on
dead weights and gravity, dead-weight calibration with standard gram-denominated
masses is not practical for the load cells used in present-day microtensile testing. For
example, an aluminum specimen of the nominal 1 x 10um ™2 cross section fails at an
applied load of approximately 2 mN or less, while a mass of only 1 g provides a force
of about 10 mN. Along with the minuscule forces involved is the geometry issue.
Microscope stages are horizontal, so in microtensile testing the force is applied in
a horizontal direction; dead-weight loads would have to be redirected from vertical
to horizontal, and the needed pulleys are prone to friction. We have used a force
pendulum setup for calibration. With a 20 g mass and a height of a few hundred
millimeters, our setup provides on the order of 1 mN per millimeter of horizontal
displacement. The friction and inertia are much less than those in simple pulley
systems with comparable force levels. The setup can be trivially converted to higher
force levels by using a larger mass. The accuracy of our force measurement scheme,
as estimated from variability among repeat calibrations, is about 4%. For low-force
measurements, the system is limited by its drift rate of about 20 uUN over times of
tens of minutes. This drift is believed to be produced by temperature variation and
air currents in the laboratory.

12.3.7 Strain Measurement

Our tensile testing practice typically records the engineering strain of the specimen,
given by the change in length divided by the initial length. We obtain the needed
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displacements of the two ends of the gage section by use of digital image correlation
[62]. Our optical references for the ends of the gage section were shown in Fig. 12.7.
We track the displacement of both reference shapes through the course of the test. If
the specimen stays in focus, so that the images remain sharp, the precision of each
position measurement is about 0.05 pixel. The gage length is about 780 pixels, so the
accuracy of the strain measurement is about 60 microstrain. The range is determined
by the size in pixels of the image, and is over 20% for our gage length. Digital image
correlation is a powerful technique but has its pitfalls. For our system, problems
have been found from “pixellation” in the cameras we have used, meaning that the
individual pixels in the camera have slightly different sensitivity, so that artificial
steps in intensity are introduced into the image, and from previously uncontrolled
vertical motion of the specimen because of compliance in the loading system.

12.3.8 Our Results

Stress—strain curves obtained for thin films using the NIST apparatus are shown in
Fig. 12.9, for an electrodeposited copper film [64], and Fig. 12.10, for a commercial
photodefinable polyimide [65].

We often measure low modulus values, especially for electrodeposited copper
[64]. On the other hand, Hurley et al. [66] showed that the values of Young’s mod-
ulus measured by a variety of test techniques, including microtensile testing, seem
to be consistent.
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Fig. 12.9 Stress—strain curve for an electrodeposited copper film, obtained by the NIST microten-
sile test technique
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Fig. 12.10 Engineering stress—strain curve for photodefinable polyimide

12.3.8.1 Results in General

The underlying capability for and interest in standardization of microtensile testing
is a relatively recent development. Until a few years ago, testing in one labora-
tory of specimens made elsewhere was a novelty. There is at present no standard
test method for microtensile testing of thin films; individual investigators adapt the
standard methods for bulk metal specimens to fit their specific specimen geometry.
Standardization is hindered by the multitude of specimen sizes and designs that are
in use, which has resulted from the difficulty of fabricating microtensile specimens.
A recent round robin showed reasonable agreement among several laboratories in
the strength of polySi, though most labs required their own unique specimen geom-
etry. The different geometries were produced on the same MEMS chip [67]. The
strength values obtained for polySi were impressively high, of the order of 1/30 of
the polycrystalline Young’s modulus, which is the usual estimate of the theoretical
strength of a solid.

12.3.9 Other Recent Techniques

The membrane deflection tensile test was applied to a series of face-centered-cubic
(FCC) metals by Espinosa et al. [68]. Another recent advance is the cofabrication of
a specimen and a protective frame that includes a force sensor [69]. This specimen
is suitable for use inside a transmission electron microscope (TEM).
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12.4 Properties of Specific Materials

Fabrication methods and test techniques for some widely used thin film materials
have become sufficiently widespread so that specific values of the properties can be
usefully given. Of course, Brotzen’s rule 3 still holds: the microstructure and chem-
ical composition of the specific material at hand determine its properties. Table 12.1
shows a summary of mechanical properties for commonly used thin film materials.

Table 12.1 Mechanical properties of selected thin films as measured by microtensile testing or
nanoindentation

Material Fabrication Thickness  Yield Ultimate  Young’s  Elongation to Ref.
method (um) strength tensile modulus  failure (%)
(MPa) strength  (GPa)
(MPa)
Al Sputtered 0.05 327 62% [69]
Al Sputtered 0.1 700 [69]
Al Sputtered 0.2 330 70 [69]
Al e-Beam 0.2 205 375° 65-70 [60]
evaporated
Al e-Beam 1 150 65-70 [60]
evaporated
Al e-Beam 1 94 151 24-30 22.5 [61]
evaporated
Al-0.5%Cu MOSIS® 1.5and 2.4 65 74 40 1.4 [70]
Cu e-Beam 0.2 345 125-129 [60]
evaporated
Cu e-Beam 1 160¢ 125-129 [60]
evaporated
Cu Electrodeposited 9.7 253 311 67 [71]
Au e-Beam 0.3,0.5 220 53-55 [60]
evaporated
Au e-Beam 1 90 53-55 [60]
evaporated
Ni Electrodeposited 4.7 1,516 102-114 [72]
Polyimide  Spun on, baked 0.6 103 181 5.5 24 [65]
PolySi MUMPS 25,30° 3.5 NA 950 157 [73]
PolySi SUMMIT® 2.5 NA 3,000 [67]

The study by Espinosa [69] is quoted extensively here because it is recent; uses consistent methods
on gold, aluminum, and copper films; includes specimen thickness and width effects; and includes
considerable microstructural characterization and posttest observations of the specimens.

2The authors remark that this value shows the effect of film thickness on Young’s modulus. If
correct, this would be one of the first experimental demonstrations of this theoretically predicted
effect

PUnusually high value for this material and thickness

“Special proprietary deposition process; sources identified in the references

dUnusually low value for this material and thickness
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Fig. 12.11 Yield strength of copper plotted against grain size to the minus one-half power. Bulk
materials are represented as the solid line

It is a testament to the progress of research in thin film characterization that the
large uncertainty in the mechanical properties of even 1-um thick films of common
materials such as aluminum and copper, that existed as late as around the year 1990,
is past. Now the mechanical properties of films with dimensions of 1 um and larger
are considered to be fully understandable based on their microstructure. As an ex-
ample of this, Fig. 12.11 displays the dependence of the yield strength, obtained by
microtensile testing, of some copper films [74]. The yield strength values follow the
trend for bulk copper. There are no “mysterious effects’ arising from the micrometer
size scale.

12.5 Controlled Joule Heating by Alternating Current

The microelectronics industry often makes use of thin patterned films that are not
easily accessed by many of the more established methods. For example, lower-level
conductors may be less than 100 nm in width, deposited into trenches, fully encased
within a dielectric, and located several micrometers below the surface of a device.
In order to characterize these materials with such methods, either cross sections
must be prepared from fabricated devices, or special test configurations must be
made, approximating the materials of interest. As a result, test specimens might
not accurately represent the microstructures, geometries, or mechanical constraint
conditions undergone by final products. To consider such effects, approximations
and extrapolations must then be incorporated, potentially leading to considerable
measurement uncertainty.
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Fig. 12.12 Schematic speci-
men suitable for electrical ap-
proach to fatigue and strength
testing. V represents voltage
probes and i represents cur-
rent probes

Test Segment

This section introduces an alternative approach to testing the fatigue and strength
properties of thin-film materials in their as-fabricated condition, by application of
controlled Joule heating. This approach is applicable to systems with extremely fine
dimensions, meandering geometries, multiple layers, and/or passivations. The test
is based on early observations by Philofsky et al. [75], who first related alternat-
ing current loading to thermal fatigue. An electrical test method for mechanical
response circumvents the need for special test configurations or specimen cross sec-
tioning. The primary experimental requirement is that the material of interest be
accessible electrically, i.e., one must be able to contact it through electrical probes
or wire-bonded connections, shown schematically for a nonpassivated specimen in
Fig. 12.12. Careful experimental design may allow implementation in a manufac-
turing environment. We discuss the principle of cyclic Joule heating as a basis for
thermal fatigue testing and strength testing, and conclude with descriptions of mi-
crostructural changes induced by the test.

12.5.1 Cyclic Joule Heating

Application of electric current to a thin patterned film leads to Joule heating, which
refers to the increase in energy of a conductor due to interactions between the con-
ducting particles and ions making up the conductor. Alternating current applied to
a conductor under conditions of low frequency and high current density can then
result in cyclic Joule heating.

Mechanical testing of a patterned film on a substrate by use of AC is based on the
principle that within each half cycle of current, joule heating of the current-carrying
segment causes not only that segment, but also the immediately surrounding mate-
rials, to become heated. A cyclic strain, Ag, results from the change in temperature,
AT, if there is a difference in coefficients of thermal expansion, A, between the
film and the substrate:

Ae =Aa-AT. (12.4)

For the case of a film constrained by a semi-infinite substrate, nearly all of the
cyclic strain is taken up by the film. Assumption of an appropriate constitutive rela-
tion such as linear elasticity then leads to a determination of cyclic stress in the film.
These cyclic variables provide a means for performing fatigue tests and, as shown
later, strength tests.
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Fig. 12.13 Schematic re- : 100 Hz i
lationships between low- / /\ /\ /\ ~10MA/cm
frequency, high-density al-
ternating current input into

a patterned metal segment
and resulting temperature
and mechanical stress be-
haviors as functions of time.
Values for current density,
temperature, and stress are
order-of-magnitude examples

Figure 12.13 shows schematically the variations of current density, j, tempera-
ture, 7', and stress, 0, in a patterned metal segment with time, upon exposure to an
AC current. A key requirement for successful application of electrical-based tests
is knowledge of specimen temperature with time. Calibration of the variation of
electrical resistance, R, with temperature can be performed by measuring the (low-
current) steady-state resistance of a test structure that is allowed to reach thermal
equilibrium in a furnace at a variety of temperatures spanning the range of interest.

This results in dR/dT for a specific specimen material and provides a means for
determining specimen temperature during the course of a test through

dR
dar’
where R(T) is the measured specimen resistance at the unknown temperature 7, Ry

is the initial room-temperature resistance, and AT = T — Ty, where 7T is room tem-
perature. Solving for T gives:

R(T) = Ry +AT (12.5)

T = M+To. (12.6)

(ar)

An example data set for the variation of temperature with time during the course
of a test, as measured by resistance, is shown in Fig. 12.14, for the case of a cop-
per line subjected to AC stressing at an RMS current density of 17.5MA cm2,
at 100 Hz. Note that it is not difficult to attain temperature amplitudes of several
hundred degrees Celsius.

In order for this method to be useful as a test of mechanical response, it is impor-
tant to identify the conditions that lead to well-controlled cyclic Joule heating with-
out interference from phenomena that can affect the strain cycle, e.g., insufficient
temperature cycling, or cause unintended forms of damage, e.g., electromigration.

Heat flow in materials that typically compose a microelectronic device is
rapid enough to allow for nearly complete dissipation within one power cycle
for frequencies up to several kilohertz [76]. Within this range of frequencies, the
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Fig. 12.14 Example of the time-resolved variation of temperature in a patterned copper segment
subjected to current stressing at 17.5 MA cm 2, at an AC frequency of 100 Hz

instantaneous power varies slowly enough that steady-state conditions can be main-
tained throughout each power cycle. For higher frequencies, this is not the case, and
it can be shown for an infinitely long, narrow line on a substrate that the temperature
amplitude will decrease with the logarithm of the frequency [76]:

0
nk
where Q is the amplitude of the power per unit length, @/27 is the frequency of
the electrical signal, and k is the thermal conductivity of the substrate. Practically
speaking, electrical signal frequencies below several kilohertz have been found to
provide sufficient temperature amplitudes for mechanical testing.

A phenomenon that could potentially induce an unintended form of damage is
electromigration, where atoms of the conductor can be displaced due to momen-
tum transfer from the conducting electrons [77]. Resulting failures take the form
of voids and hillocks, which can lead to open- or short-circuit events. Electromi-
gration damage takes place by diffusive mechanisms, suggesting the importance of
time during which a stress-based driving force is active. Under conditions of AC,
the important factor is the time available for diffusion during one power cycle. An
estimate of diffusion distance, x, during a power cycle can be made by considering
x = /Dt, where D is diffusivity and ¢ is the duration of the power cycle. For lattice

diffusion a typical value of D for metallic conductors used in microelectronics is

10~"8m? s ; for grain boundary diffusion, a typical value of D is 10~'% m? s

A test running at an electrical frequency of 100 Hz, i.e., power cycling at 200 Hz,
gives t = 0.005 s, resulting in diffusion distances of 0.05 nm for lattice diffusion and

AT = = (—In(2®)/2 + const), (12.7)
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1.5 nm for grain boundary diffusion. These are relatively short distances, producing
a very small amount of atomic motion in each power cycle. With a reversal in the
direction of the current, most if not all of the motion may be reversed [78]. Consid-
eration of low enough frequencies to allow nearly complete thermal dissipation in
each power cycle, combined with high enough frequencies to avoid conditions that
lead to electromigration damage, suggests an effective range of testing frequencies
of several tens to several thousands of hertz.

12.5.2 Fatigue Testing

Cyclic Joule heating under properly controlled conditions provides a convenient
method for performing strain-control fatigue tests on patterned materials adherent
to substrates. Measurement of fatigue lifetime from a specimen entails applying
constant-amplitude AC to the specimen and measuring the time to open circuit
failure. Conversion to current density compensates for slight variations in cross-
sectional area from specimen to specimen. Generation of a lifetime curve requires
testing of multiple specimens over a range of current densities, measuring their times
to failure, and plotting all data on the same graph.

Raw test data may take the form of current density plotted against lifetime, as
shown in Fig. 12.15 for interconnects of copper and Al-1Si [79]. Note that the form
of this data is reminiscent of S — N curves commonly found in fatigue testing of
bulk materials. The data may be alternatively represented in terms of temperature
amplitude, total strain amplitude, or stress amplitude vs. lifetime, through use of the
resistance calibration described earlier. Replotting the data of this figure in terms
of number of cycles to failure shows that the AC stressing method can be used for
both low- and high-cycle fatigue measurements, with the conventional view that
the transition between these regimes occurs for lifetimes in the range of 10*~10°
cycles [80].
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Table 12.2 Total strain amplitudes corresponding to various temperature ranges for the cases of
aluminum on silicon (Ac (Al/Si) = 2.05 x 107> per °C) and copper on silicon (Act (Cu/Si) =
1.30 x 1073 per °C)

AT (°C)  Ae (A1/Si) (%) Ae (Cu/Si) (%)

400 0.82 0.52
350 0.72 0.46
300 0.62 0.39
250 0.51 0.33
200 0.41 0.26
150 0.31 0.20
100 0.21 0.13
50 0.10 0.07

In a typical laboratory setup, current can usually be sufficiently well controlled
without the need for highly specialized electronic equipment, to enable applied
temperature amplitudes that are repeatable to approximately +1°C. This suggests
control over total strain amplitude down to the range 0.001-0.002%. These ranges
of temperature and strain are sufficient for characterizing the types of thermal cy-
cling undergone by microelectronic devices during manufacture and use. Table 12.2
shows some relationships between temperature amplitude and total strain amplitude
for fatigue testing of aluminum films on silicon and copper films on silicon.

With strain control down to 107> and frequencies of up to several kilohertz, AC
stressing also enables the study of ultra-high-cycle fatigue behavior. For example, a
test running at an AC frequency of 5 kHz can result in application of 10' cycles in
about 11.5 days. The facts that numerous test specimens can reside on one wafer,
and wire-bonding methods can be used to control each specimen, point out another
advantage of this test method — a large number of tests can be run in a relatively short
period, so that statistically significant lifetime data can be generated much more
quickly, compared to serial testing of individual specimens at lower frequencies.
Furthermore, this approach to thermal fatigue testing is much faster than methods
such as wafer curvature measurements associated with temperature cycling within a
furnace.

Examples of microstructural changes observed in electrically cycled patterned
metal interconnects will be covered in a later section, with emphases on grain struc-
ture and defect behavior. It will be shown that the damage induced by this test
method does indeed take place by cyclic deformation mechanisms.

12.5.3 Strength Measurement

Cyclic joule heating can also be used to evaluate ultimate strength of patterned mate-
rials on substrates [81]. Predictions of fatigue lifetime from measurements of tensile
properties have been made in numerous engineering materials through application
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of a method termed the modified universal slopes equation, which was the result
of an empirical correlation study of the fatigue lifetime behaviors of 50 steels, alu-
minum, and titanium alloys [82]. This strain-based approach to fatigue analysis rep-
resents total strain range, A€, as a sum of power-law terms in the elastic and plastic

strain ranges
o
(Ef) (2Np)® + & (2N;)°, (12.8)

Ae
3=

where ©Of is the true fracture strength, E is Young’s modulus, Nt is the number of
cycles to failure, & is the true fracture strain, and b and c are fitting constants.
Assumption of globally elastic behavior in each cycle, reasonable for the types of
strains that microelectronic devices typically undergo, leads to

Ae

. (9) (2Np). (12.9)

E

Multiplying through by E gives a stress representation, also termed the Basquin
relation
AG = o;(2Ny)?, (12.10)

where Ao is the stress amplitude, oy is termed the fatigue strength coefficient in this
relation, and b the fatigue strength exponent. Ultimate strength provides a reason-
able estimate of of for negligible necking [83]. Tensile data obtained from numerous
materials were used to generate fatigue lifetime predictions, and those predictions
compared to experimental fatigue data from the same materials [84]. Eighty percent
of the fatigue data came within a factor of 3 of the predicted lifetime, which suggests
that tensile data can indeed be used to reasonably predict cyclic behavior.

An inverse approach can also be taken — strength may be estimated from fatigue
data such as that generated by the AC stressing method. A plot of stress amplitude
vs. cycles to failure can be fit to the Basquin relation. Extrapolating such a fit to a
single load reversal (Ny = 1/2) leads to AG = o, and the stress amplitude becomes
equal to the ultimate strength, providing the basis for estimating strength from elec-
trically induced fatigue data.

The electrical method of inducing cyclic strain, in the absence of controlled sub-
strate temperature, requires additional considerations due to the fact that it imparts
a nonzero mean stress to the tested material. Mean stress must be taken into consid-
eration when applying the Basquin relation, since a tensile mean stress is observed
to reduce cyclic lifetime. Morrow [85] has suggested the following modification to
the Basquin relation, to properly consider the effect of mean stress, Gpy,:

AG = (07 — Om) (2N;)". (12.11)

A log plot of stress amplitude vs. cycles to failure provides values for oy — o, and b.
In the absence of control of substrate temperature, fatigue testing by cyclic Joule
heating inherently causes not only a nonzero mean stress, but also a nonconstant
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Fig. 12.16 Stress—lifetime analysis for pure aluminum interconnects subjected to electrically in-
duced fatigue testing. Arrows represent correlations between stress amplitude and mean stress for
each measurement. o is stress amplitude and oy, is mean stress

mean stress. In other words, the nonzero mean stress varies with applied stress am-
plitude. This is a result of the fact that thermal strains are added to the initial state
of residual strain in the specimen. For the case of physical-vapor-deposited metals,
the residual strain tends to be tensile, so that application of additional heat acts to
reduce this tensile stress, resulting in a tensile mean stress. Higher current density
increases stress amplitude, but decreases the mean tensile stress.

Figure 12.16 shows a plot of stress vs. lifetime for pure aluminum intercon-
nects subjected to AC stressing, including results of a nonlinear regression used
to determine the fatigue strength coefficient and exponent [81]. The solid line repre-
sents the case for zero mean stress, and the dashed lines represent cases for ten-
sile mean stresses of 42 MPa, 71 MPa, and 102 MPa, determined by subtracting
the stress corresponding to the measured temperature amplitude from the initial
level of residual stress. The open symbols are applied stress amplitude, and the
filled symbols are mean stress associated with each value of stress amplitude. The
regression technique for this set of aluminum interconnects resulted in a fatigue
strength coefficient (~ultimate strength) of 250 +=40MPa and a fatigue strength ex-
ponent of —0.03 = 0.02. This estimate of ultimate strength compares nicely with
the value of 239 4+-4 MPa obtained from microtensile specimens fabricated from the
same films.
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12.5.4 Microstructure Changes During AC Stressing

Electron-microscopic observations of the evolution of damage in aluminum and
copper films subjected to cyclic Joule heating by alternating current have revealed
heterogeneous behavior typical of plastic deformation in polycrystalline metals. For
example, surface roughness was observed to increase with increasing cycling, but
developed only in selected regions of stressed lines. The evolution of damage also
included selective changes in grain size and crystallographic texture, which can be
explained in terms of crystal plasticity.

Figure 12.17 shows a sequence of SEM images taken in plan-view from one
area of one specimen after it was subjected to Os, 10s, 20s, and 40s of thermal
cycling. Note the progressive development of damage, observable after even just
several seconds of cycling, taking the form of surface undulations in selected areas.

Continued cycling led to the formation of severe surface topography that eventu-
ally caused open-circuit failure. Figure 12.18 shows a sequence of SEM images that

Os

10s

Fig. 12.17 SEM sequence

showing development of sur- 20s
face topography in selected
regions of an Al-1Si in-
terconnect subjected to the
indicated levels of accumu-
lated cycling. Current density
of 12.2 MA cm ™2, cyclic
straining frequency of 200 Hz

40s

40s

80s |

160 s

Fig. 12.18 SEM sequence
showing advanced stages of
surface damage in a different
region of same specimen as
that shown in Fig. 12.17

320 s
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300 nm

Fig. 12.19 TEM images showing variations in surface topography from one region to another,
after 1.39 x 10° thermal cycles, or 697 s of cycling, within the same specimen of Al-1Si shown
in Figs. 12.17 and 12.18. The images also show differences in dislocation arrangements, with the
image on the left containing more isolated dislocation segments and fewer dislocation loops than
the image on the right. The bottom edge of both images corresponds to the substrate surface

demonstrate more advanced degrees of damage in the same specimen; the particular
specimen under observation failed after 697 s of thermal cycling. Cross-sectional
TEM observations showed that the surface topography that developed as a result
of thermal cycling varied considerably from place to place within one specimen, as
shown in Fig. 12.19, corresponding to natural variations in localized plasticity from
grain to grain [86]. Both grains shown in the figure were part of a specimen cycled
for 1.39 x 10° thermal cycles. The grain in the left image of the figure shows a flat
surface, virtually unchanged from its original thickness of 0.5 um. Surface upsets
corresponding to a local film thickness of approximately 0.7 um and depressions
corresponding to a local film thickness of approximately 0.3 wm are visible in the
grain shown in the right image of the figure. Figure 12.19 also shows the presence
of dislocations in the film — the grain with a flatter surface contains residual disloca-
tion segments, while the grain with surface undulations is free of isolated segments,
but contains debris in the form of prismatic loops. In the latter case, dislocations
could easily glide and leave the surface, resulting in upsets and depressions akin to
intrusions and extrusions seen in purely mechanical fatigue; prismatic loop debris is
typically left behind in face-centered cubic metals as a result of extensive disloca-
tion glide [87]. In the case of the flatter surface, residual segments remained in the
interior of the grain due to localized variations in grain size, dislocation sources, or
resolved shear stress, any of which could inhibit dislocation motion.

Mapping of the grain structure by automated electron backscatter diffraction
(EBSD) showed that with increased cycling, some grains grew considerably, while
others disappeared [86]. An example is shown in Fig. 12.20, where after just 2,000
thermal cycles, grain “A” increased in area by 114%, representing an equivalent cir-
cular diameter increase from 3.0 to 4.4 wm. Grain “B” shows an area increase of
60%, corresponding to an equivalent circular diameter increase from 4.0 to 5.2 um.

Measurements made over a 100 pm x 3 wm region of the tested interconnect
showed that the mean grain diameter increased from 1.4 +0.4 um at the start of the
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Fig. 12.20 EBSD maps showing two examples of grain growth in an Al-1Si interconnect sub-
jected to 2,000 thermal cycles at 200 Hz. Left images represent grains at start of test; right images
represent grains after cycling

test to 2.4 & 0.4 um after 6.4 x 10* thermal cycles. Correlations of residual disloca-
tion content with EBSD pattern sharpness [86] showed that grains that grew tended
to be those that had lower residual dislocation content. Grains that shrunk tended
to be those that had higher residual dislocation content. This set of observations
suggested that during rapid thermal cycling as induced by alternating current, grain
growth takes place by strain-induced boundary migration [88, 89], wherein stored
plastic strain energy differences from grain to grain drive growth.

12.6 Summary and Outlook

In a discussion of metrologies developed at NIST for determination of mechani-
cal response of micro- and nanoscale systems, we have addressed three emerging
approaches. First, we discussed new tools to measure and image mechanical prop-
erties that exploit the nanoscale spatial resolution of the atomic force microscope.
Contact-resonance AFM methods examine the resonant modes of a vibrating AFM
cantilever when its tip is in contact with a specimen. The frequency information is
used to deduce the tip—sample contact stiffness, from which near-surface proper-
ties such as local elastic modulus can be extracted. In addition to the basic physi-
cal principles involved, the experimental apparatus and measurement methods were
discussed. Examples were also given of the different information that can be ob-
tained with contact-resonance AFM methods. This includes not only measurements
of the indentation modulus M at a single sample location, but also elastic-property
imaging and mapping, and evaluating thin-film adhesion at a buried interface. The
results discussed here, as well as those from groups around the world, show signifi-
cant progress in advancing the state of the art. It is anticipated that contact-resonance
AFM techniques will continue to develop, and will play a significant role in future
nanotechnology efforts by providing quantitative nanomechanical information.
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In regard to microtensile testing for direct determination of film properties, the
practical issue facing experimentalists now is the need for imaging at magnifica-
tions higher than optical microscopy can provide. The logical path forward would
be to test routinely within the SEM or TEM. Haque et al. [59] have shown one
possible path, but it requires a big advance in specimen fabrication over the one-
mask, micrometer-scale lithography that suffices for specimens for testing under the
optical microscope.

Scientific impetus for additional advances in mechanical test techniques may
come from a new frontier of materials research — mechanical behavior of small
volumes of material. The effects of “length scale” on mechanical behavior have re-
ceived intense study recently [90]. A complementary viewpoint is that fine-scale
microstructural variation may become significant when an experiment samples the
behavior of materials of very small volumes, for example, the material under the
sharp tip of a nanoindenter [91]. Tensile testing of films has not contributed any of
the surprising results in this new field, but eventually the question of whether and
when small volume effects appear in the behavior of tensile specimens will have to
be answered.

The ultimate length scale for mechanical property measurements is the few-atom
scale, which may be a source of insight into the behavior of practical materials,
and may also be important in establishing the accuracy of atomistic modeling ap-
proaches such as molecular dynamics. In this regard, the results reported by Rubio-
Bollinger et al. [92], which seem to show that a chain of gold atoms can have a
strength value (calculated by the authors from the results in [92]) surpassing that
of high-strength steel, stand as a challenge to material testers and material devel-
opers alike. Another provocative recent result by Uchic et al. [93] seems to show
that small volume effects can begin to appear in stressed cross sections with an area
of hundreds of square micrometers. At the present time this result seems to be at
odds with the typical results of microtensile testing of specimens with the typical
1 x 10um? cross section, because the tensile results are generally considered to be
consistent with the behavior of the bulk material when the Hall-Petch rule is used
to account for the grain size.

Extending our test methodologies to approaches that do not require special spec-
imen configurations, we have presented a method for inducing thermal fatigue in
patterned thin films on substrates, by application of alternating current under con-
ditions of low frequency and high current density. The sole requirement is that the
specimen be accessible electrically. The AC stressing method makes use of differ-
ences in coefficients of thermal expansion between the test film of interest and its
substrate. Measurements of fatigue lifetime are straightforward with this approach,
when coupling the raw data with calibration of specimen resistance with tempera-
ture. Ultimate strength can also be measured, by extrapolation of fatigue data back
to a single load reversal. At this point, the electrical approach is still under de-
velopment, but holds promise for accessing the mechanical response of extremely
narrow structures, unusual geometries, and films buried beneath other layers, all of
which pose significant difficulties for the more established methods for measuring
mechanical response.
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Chapter 13

Mechanical Characterization
of Low-Dimensional Structures
Through On-Chip Tests

Alberto Corigliano, Fabrizio Cacchione, and Sarah Zerbini

13.1 Introduction

The field of microelectromechanical systems (MEMS) [27,41,42,50,51] is moving
from its pioneering period to a growing diffusion phase. Many large-scale applica-
tions can nowadays be found in various fields of engineering: automotive, aerospace,
consumer.

The large-scale industrial production obliges producers to more carefully focus
on reliability issues related to various causes of failures and in particular on mechan-
ical failures such as fatigue and fracture induced by accidental drop. It is therefore
of paramount importance to measure and control the mechanical properties of ma-
terials used in MEMS and nanoelectromechanical systems (NEMS), in primis of
polysilicon, which is by far the most diffused material in the production of MEMS.
The successful fabrication and the reliable use of structures with feature sizes in the
range of 1 um to 1 mm is strongly contingent on a sufficiently rigorous understand-
ing of their length-scale-dependent and process-dependent mechanical properties.
In turn, such understanding requires the ability to measure the mechanical proper-
ties of micro-scale structures.

There exist today many different micro-scale mechanical test techniques for
polysilicon at the micro-scale, researchers have explored a variety of physical prin-
ciples and experimental setup which allow to determine mechanical properties of
almost invisible structures [1, 3-5, 14-17, 19-21, 23, 28, 32-34, 38, 43, 44, 47, 49,
53,55, 61, 62, 68, 69]. A major distinction can be done between so called off-
chip [1,3,14-16,38,53,55,62] and on-chip [6,19,21,28,32,33,44] methodologies.
In both cases, the micro-device is generally produced by the deposition and etching
procedures. An off-chip tensile test generally resorts to some sort of external
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gripping mechanism actuating the force together with an external sensor which
measures the response of the specimen. On the contrary, on-chip test devices are
real MEMS in which actuation and sensing are performed with the same working
principles of MEMS.

The purpose of the present chapter is first to give a brief review of state of the
art related to the mechanical characterization of polysilicon at the micro-scale and
second to discuss some recent results related to a completely on-chip approach for
the mechanical characterization of thin and thick polysilicon layers pursued recently
in [8-11,21,22,24,65]. Three different MEMS devices for on-chip testing are here
discussed, which load up to rupture under bending thin (0.7um) or thick (15um)
polysilicon specimens. The first one is based on a rotational electrostatic actuator
which contains a series of interdigitated comb-fingers and loads a couple of thin
polysilicon specimens in bending in the plane parallel to the substrate. The second
one loads the couple of thin polysilicon specimens in the plane orthogonal to the
substrate by a parallel plate actuator which moves in the direction orthogonal to
the substrate. The third device is conceived to cause initiation and propagation of a
crack in a thick polysilicon specimen. It is based on a large number of comb-finger
electrostatic actuators which deform a notched specimen through a lever system. In
all three cases discussed, the data reduction procedure is based on the measurement
of the capacitance variation of a displacement sensor, which makes it possible to
determine the Young’s modulus of various specimens and the maximum stress at
rupture.

An outline of the chapter is as follows. Section 13.2 is dedicated to a brief dis-
cussion of state of the art concerning off-chip and on-chip methodologies recently
proposed for MEMS mechanical characterization. Section 13.3 contains a brief de-
scription of the fabrication process and of the data reduction procedure adopted in
the experimental tests carried out by the authors. Section 13.4 is devoted to the de-
scription of the Weibull approach for the determination of the failure probability
of polysilicon MEMS. Sections 13.5 and 13.6 are, respectively, dedicated to the
description of the rotational and parallel plate electrostatic actuators used for me-
chanical characterization of thin polysilicon films as well as relevant experimental
results. Section 13.7 concerns the description of devices and the discussion on ex-
perimental results relevant to the test structures used for mechanical characterization
of thick polysilicon films. Finally, Section 13.8 contains some closing remarks.

13.2 Mechanical Characterization of Polysilicon as a Structural
Material for MEMS

13.2.1 Polysilicon as a Structural Material in MEMS

Polysilicon is by far the most common structural material in MEMS applications. It
is used for a huge variety of applications, mainly because of two factors (1) the ex-
istence of well-established deposition technologies, in which polycrystalline silicon
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has a very important role since the beginning of the microelectronics era and (2)
the excellent physical properties of this material. Its Young’s modulus is higher than
that of titanium and comparable with that of steel. The rupture resistance of silicon
at the micro-scale is within the resistance range of the best construction steels, while
its density is less than aluminium’s. Silicon has high thermal conductivity and small
thermal expansion coefficient, and its melting point is just 100°C less than iron’s.
The excellent thermal properties make it a very good material for high temperature
applications.

Since polysilicon is an aggregate of mono-crystalline silicon grains, its properties
depend on the behaviour of the grains, on their shapes, on their crystal orientation,
and on the physical characteristics of grain boundaries. This means that the overall
properties of polysilicon are strongly influenced by the process used for the depo-
sition. Process data such as the deposition temperature and the deposition pressure
affect the final properties of the material.

Besides the dependence of physical properties on the processes, it must be em-
phasised that the measure of these properties is a very difficult and challenging task
at the micro-scale. Earlier work conducted by several researchers revealed signif-
icant differences in the elastic properties and the nominal strength of polysilicon
without providing in-depth explanation. A main question was arisen, therefore, as
to whether the newly evolving test methodologies are adequately precise. In pur-
suing this question, a round robin study [54] demonstrated the inconsistency of
the measured modulus and strength values, even when specimens from the same
source were examined. The material used in that work was fabricated in close phys-
ical proximity from the same wafer of the same run and in the same deposition
reactor at the Microelectronics Center of North Carolina (MCNC, now Cronos-JDS
Uniphase). In the round robin study, values of the elastic modulus differed consid-
erably, namely from 132 to 174 GPa, and the strength also had a rather wide scatter-
ing, ranging from 1.0 GPa, for specimens tested in tension, to 2.7 GPa for specimens
tested in bending. A second round robin examination, conducted on the material fab-
ricated at the Sandia National Laboratories [39] also showed signs of inconsistent
rupture strengths due to the dependence on the specimen size and the measurement
technique. A relatively new round robin test was carried out by Tsuchiya et al. [64].
The specimens, produced by the same process, in the same wafer, were distributed
to five different research groups. In this case the measured modulus varied from 134
to 173 GPa, while the fracture strength varied from 1.44 to 2.51 GPa. As a result
of these findings, it appears advisable for any micro-fabrication facility not to use
the properties cited in the literature for final design and verifications but to identify
the most feasible measurement technique and to conduct measurements for every
fabrication run.

13.2.2 Testing Methodologies

According to some definitions provided by ASTM (American Society for Testing
and Materials) standards for testing at the macro-scale, among material properties
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of interest in the context of the present discussion are (1) the Young’s modulus, de-
fined as the slope of the linear part of the stress—strain curve; (2) the Poisson’s ratio,
associated with the lateral expansion or contraction when the material is subjected to
uniaxial test in the linear range; (3) the fracture strength, defined as the normal stress
at the beginning of fracture and (4) the response to cyclic loading in terms of the S—N
curve, related to the number of cycles at rupture. In order to measure material prop-
erties, one should be able to construct a specimen according to a given design, apply
an external input in terms of forces or displacements and measure the specimen re-
sponse using direct procedures, in the sense that the variable of interest should be
(almost) directly measured. All these steps are fully standardised at the macro-scale
and are currently applied for testing construction materials like steel and concrete.
Unfortunately, these practices cannot be easily fulfilled at the scale of MEMS. In
particular, one has to resort to fully or partially indirect approaches, e.g. to mea-
sure the Young’s modulus, the bending of cantilever beams is often utilised; from
which deflection is measured and the property of interest is calculated on the basis
of an analytical or numerical model. Even during on-chip tension tests some sort of
inverse analysis has to be performed since, in general, only capacitance variations
are measured directly while deformations are obtained on the basis of a numerical
model. Many testing methodologies have been proposed in scientific literature for
the extraction of static mechanical properties of polysilicon [56]. Limiting the at-
tention to silicon MEMS, a general classification of test procedures can be made
between off-chip and on-chip devices. In both cases the micro-device is generally
produced by deposition and etching procedures.

On-chip test devices [21] are real MEMS in which actuation and sensing are per-
formed with the same working principles of MEMS. On-chip devices rely on the
fact that all the mechanical parts needed to load the specimen and the majority of
the ones (electrical or optical) needed for the measure of displacements and strains
are built together with the specimen during the micromachining fabrication process.
Usually, in these structures two main parts (the actuator and the sensing devices)
can be found. In many cases these consist of a large number of capacitors that can
be used for the creation of an electric field, which in turn causes a force to act onto
the specimen, or for the measure of a capacitance which is directly related to the
displacement of the specimen itself. The advantage of on-chip testing methods is
linked to the ease of fabrication and use (usually without costly equipments) and
to the fact that complex handling and alignment of the specimen are avoided. The
major drawback is that the force developed by on-chip actuators can be insufficient
to break specimens in quasi-static conditions and that the maximum displacement is
also limited in the order of micrometre. On-chip testing of MEMS devices is espe-
cially advocated since the thin-film microstructure and the state of residual stress is a
strong function of the micro-fabrication processes. Nevertheless it requires accurate
modelling and numerical/analytical analyses of the whole device.

An off-chip test [56] generally resorts to some sort of external gripping mech-
anism actuating the force and an external sensor measuring the response of the
specimen. All the experimental setups that use an external apparatus (load cells,
micro-regulation screws, etc.) in order to create a stress state into the specimen are
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usually included in the category of off-chip testing. In this case a lot of attention
has to be paid during the handling of tiny MEMS specimens during the system-—
specimen alignment and to the specimen gripping systems. The challenge of pick-
ing a specimen only a few micron thick, place it into a test machine and perform the
test is a formidable task. The main advantage of off-chip methodologies is that the
forces and the displacements can be relatively high to break even several microme-
tres thick specimens in pure tension and that many different configurations can be
set up to create an a priori desired multi-axial stress state into the specimen.

In principle, material parameters for MEMS, and in primis the Young’s modu-
lus, E, can be determined using several test devices. Among others: tension tests,
bending of cantilever beams, resonant devices, bulge tests, buckling tests. Clearly,
the most direct approach is the tension test, but unfortunately this is not always ap-
plicable since it requires the deployment of considerable forces at the micro-scale in
order to produce sensible deformation in the specimen. Hence a wealth of alternative
solutions has appeared in the literature.

In Sects. 13.2.3 and 13.2.4, the mechanical characterization of polysilicon as a
structural material for MEMS is discussed. It is decided to group the most important
experiments in two principal families: quasi-static testing, used for the character-
ization of Young’s modulus, Poisson’s ratio and fracture properties (Sect. 13.2.3)
and high-frequency testing, used for the characterization of fatigue properties
(Sect. 13.2.4).

13.2.3 Quasi-static Testing

The very first test carried out for the quasi-static, mechanical characterization of sil-
icon can be traced back to the 1980s [18]. The volume of the specimens used was
approximately 1cm? huge if compared with typical MEMS dimensions. From the
first half of 1990s the increasing interest for mechanical characterization of polysil-
icon arose and the consequence was that a large number of test typologies were
designed.

In the following, a selection of test devices and setups considered as the most
common and interesting is presented. The classification is based upon the actuation
mechanism and on the way the system response is sensed.

13.2.3.1 Off-Chip Tension Test

This is the most common and important technique for the measurement of mechan-
ical properties for MEMS applications [3,12-16,48,52,55,56,60,63,64]. A MEMS
specimen is produced and then placed on a testing system. Usually the specimen
is gripped to the system with the aid of UV curing adhesives or via electrosta-
tic gripping. This is the way to re-create common macro-scale testing techniques
at the micro-scale. The displacement is imposed onto the specimen by the use of
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piezo-transducers with a resolution in the order of nanometre. The load cells mea-
sure the applied load with an accuracy of some UN. Specimen displacements can
be measured either with the use of optical systems [48] or using laser interferome-
try [52] or via digital image correlation [12].

The results obtained from off-chip tension tests cover the most important quanti-
ties for mechanical design using polysilicon. The measure of Young’s modulus and
in some cases of Poisson’s ratio [53] together with the rupture strength are the most
common for all the research groups that worked with the off-chip tension testing.
Besides, it is important to underline that with this kind of setup it is possible to study
the scale effects due to specimen’s dimension and the stress gradient acting in the
specimen.

Recently Chasiotis [12] also demonstrated the determination of the fracture
toughness Kjc of polysilicon. This result was achieved by means of a nano-
indentation nearby the specimen that caused a crack to propagate through the
substrate and partially involve the specimen. At the end of the process it was
thus possible to have a pre-cracked specimen, necessary for a complete fracture
mechanics characterization.

Other possible configurations for off-chip tension tests [56] can be obtained,
e.g. by first patterning a tensile specimen onto the surface of a wafer and then ex-
posing the gauge section by the etching of the wafer. Alternatively, a specimen can
be fixed to a die at one end and actuated by means of an electrostatic probe at the
other end.

13.2.3.2 Off-Chip and On-Chip Bending Test

Out-of-plane bending of test specimens is generally performed via an off-chip appa-
ratus, e.g. by a diamond stylus which deflects a cantilever beam [29]. The deflection
of the free end is measured and the Young’s modulus is obtained through inverse
modelling of the cantilever beam. However, if the beam is long, forces are small and
difficult to calibrate; if the beam is short, forces are higher but inverse analysis of
the beam is more involved.

Doubly supported silicon-micro-machined beams [37] can also be used to study
the out-of-plane bending of materials. In this case a voltage is applied between the
conductive polysilicon or micro-machined beam and the substrate to pull the beam
down. The voltage that causes the beam to make contact can be related to the beam
stiffness. Residual stresses in the beams and support compliance cause significant
vertical deflections, which affect the performance of these micro-machined devices.
Tests need to be supported by models of the devices that take into account the com-
pliance of the supports and the geometrical nonlinear dependence of the vertical
deflections on the stress in the beam.

In-plane bending is a classical test for MEMS since several structural parts of
accelerometers are subjected to this kind of deformation. A typical on-chip layout
is presented in Fig. 13.1, where a cantilever polysilicon beam attached to a moving
mass (on the left) is subjected to bending induced by the fixed rectangular block (on
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Fig. 13.1 On-chip in-plane
bending test (courtesy of
MEMS Production Division
STMicroelectronics)
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the right). Actuation is performed by means of interdigitated comb-finger capaci-
tors. This test is often conducted to establish the flexural strength of the cantilever
beam as a structural component, but it requires considerable care when employed
for the evaluation of the Young’s modulus due to the uncertainties in geometrical
parameters and the model of the beam.

13.2.3.3 Test on Membranes (Bulge Test)

The bulge test is one of the earliest techniques used to measure the Young’s modulus,
Poisson’s ratio and/or residual stress of non-integrated, free-standing thin structures.
This method relies on the use of thin polysilicon membranes (circular, square, or
rectangular in shape [70]), relatively easy to design and realize, bonded along their
periphery to a supporting frame [31, 59, 67, 70]. Micro-fabrication techniques are
particularly well suited for the creation of such test structures with reproducible and
well-defined boundary conditions. During the test the membrane is loaded with a
pressure difference acting on the top and bottom surfaces. The membrane deforms
and its profile is measured by a profilometer. Usually the deflection at the centre is
recorded as a function of the applied pressure. There are several analytical or semi-
empirical formulae correlating the deflection to elastic properties. From this test it
is possible to measure (1) the biaxial elasticity modulus; (2) the Poisson’s ratio; (3)
the nominal rupture strength and (4) the internal stresses (measuring the buckled
configuration of the membrane). One of the shortcomings of this methodology is
that sometimes the membrane separates from the substrate before the end of the
test. Moreover, since the mechanical response of the membrane varies with the third
power of its thickness and the fourth power of its lateral dimension, it is necessary
to have a good fabrication technology and a very accurate measure of the thickness
of the layer.
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13.2.3.4 Nano-Indenter Driven Test

Nano-indenters are often used for the mechanical characterization of thin films.
Basically there are two ways of using nano-indenters: film nano-indentation and the
use of a nano-indenter as an actuator to load MEMS structures. Hardness (inden-
tation) tests are routinely used to characterise large-scale structures. In direct anal-
ogy, considerable efforts have been made to develop nano-indentation technique to
characterise micro-scale structures, and commercial instruments have been devel-
oped [40]. Nano-indentation experiments [25, 35, 40, 48] are performed allowing
the tip to penetrate the film under study. During the penetration in the layer, an
elastic—plastic stress state is generated. This is the main reason why the elastic char-
acterization is done during the unloading phase, when the tip starts going backward
to reach the rest position. The results of this experimental test are a force vs. pene-
tration depth plot and the projected area of contact under the indenter. The Young’s
modulus and fracture properties are computed using some semi-empirical formulae.
The main advantage of this method is that there is no need for an ad hoc designed
specimen; it is sufficient to have a portion of material large enough to apply the
nano-indenter. However, the application of this technique to thin films is compli-
cated by several factors including substrate effects and pile-up of material around
the indenter.

Another possibility is to use the nano-indenter tip as an actuator to perform a sort
of off-chip test [26, 58]. In these tests the tip moves an extremity of the specimen,
creating a stress state in it. The applied load is measured with a piezo-scanner, while
there are different ways to measure the displacement of the specimen, like interfer-
ometry [26] or the measure of the displacement of the tip with aid of a laser beam
and photodiodes [58]. This methodology could be very accurate, but it needs a very
expensive instrumentation.

13.2.4 High-Frequency Testing

Polysilicon in the MEMS technology is also used for the fabrication of resonators,
gyroscopes and other devices that oscillate at high frequencies during their whole
life. One of the most important failure mechanisms for such systems is fatigue.
Fatigue is usually interpreted as a phenomenon caused by the motion of the dis-
locations present in the material that can coalesce during the stress cycles to form
micro-cracks. Micro-cracks then can lead to the formation of one or more macro-
cracks which cause the failure of the structure. Polysilicon is a brittle material and
there is no dislocation motion below temperature of about 900 °C, therefore it is not
expected to be prone to fatigue in usual operating conditions. Nevertheless, in the
second half of 1990s some groups started working on this subject and found that
also polysilicon can undergo fatigue after a large number of cycles, typically more
than 10°, combined with high stress levels. In order to reproduce experimentally
fatigue failure, it is very important to work with experimental setups that can allow
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a relatively high-frequency testing (at least 1 kHz) which in turn allow to reach a
large number of cycles in reasonable time. On-chip tests are usually the best choice
for this kind of study because they can work at high frequencies and it is possi-
ble to perform multiple fatigue tests at the same time with some electrical control
system.

On-chip test systems make in general use of electrostatic actuation between a
fixed (stator) and a movable part (rotor) to load the specimen with a desired level of
stress. The force developed by the actuator is proportional to the actuation area and
inversely proportional to the gap between the rotor and the stator. It turns out that to
have a force sufficiently large to induce fatigue into the specimens one should have
a highly scaled lithography, a thick polysilicon layer and a design area big enough
for the thousands of capacitors needed for the actuation. These requirements are the
main reason why on-chip testing is not common for quasi-static characterization.
Since the MEMS is a dynamic system, the force needed to move the seismic mass
decreases if one loads the structure with a time-varying force at a frequency close to
the resonant frequency of the system. This is what is usually done in fatigue tests for
MEMS, in which a reasonable low voltage is used to cause the specimen to fatigue
rupture. Very interesting results were obtained e.g. in [2].

13.2.4.1 Fatigue Mechanisms

As discussed in Sect. 13.2.4, it has been experimentally shown that fatigue in
polysilicon is a possible failure mechanism. Nevertheless, the reasons why fatigue
rupture occurs in polysilicon are not yet completely clear and understood. Among
the most active groups in the study of fatigue in polysilicon are those of Pennsyl-
vania State University and of Case Western Reserve University. These two groups
proposed the most known and accepted interpretations for fatigue mechanisms in
polysilicon.

The first group [44-47] proposed a mechanism called reaction layer fatigue
which can be summarized as follows: when the polysilicon is first exposed to air
the native oxide is formed, as one of the final steps of the process. The oxide thick-
ens in the highly stressed regions and becomes the site for environmentally assisted
cracks which grow in a stable way in the layer. When the critical size is reached, the
silicon itself fractures catastrophically by trans-granular cleavage.

The second group [32-34] showed that even an high stress state cannot cause
an appreciable growth of the native oxide, thus excluding the pure environmentally
assisted fatigue. On the other hand, they noticed that fatigue life decreases with
increasing the level of humidity. They did not propose a specific fatigue mechanism
for polysilicon.

Fatigue testing remains one of the most open research area in the field of mechan-
ical characterization of polysilicon. The mentioned researches are only examples of
a wider discussion now active in the scientific literature [1].
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13.3 On-Chip Testing with Electrostatic Actuation: Description
of the General Methodology

13.3.1 Fabrication Process

The on-chip test devices discussed in this chapter can be produced following the
surface micromachining process ThHELMA™ (Thick Epipoly Layer for Microac-
tuators and Accelerometers) which has been developed by STMicroelectronics to
realize in-silicon inertial sensors and actuators (see also [21,24,42] for further de-
tails). The Thelma process permits the realization of suspended structures anchored
to substrate through very compliant parts (springs) which are capable of moving in
a direction orthogonal to the plane of the wafer, such as the structure described in
Sect. 13.6, or in a plane parallel to the underlying silicon substrate, such as those
described in Sects. 13.5 and 13.7. The process flow exploits several state-of-the-art
integrated circuit technology steps, together with dedicated MEMS operations, like
high aspect ratio (trench), dry etch and sacrificial layer removal for structure release.

This technology is more complex than the Surface Micromachining but allows
obtaining silicon structures with a relatively large thickness. This, in turn, increases
the area of side surfaces and the global capacitance in electrostatic actuators which
move parallel to the substrate.

The process consists of the phases described concisely hereafter and illustrated
schematically in Fig. 13.2:

1. Thermal oxidation of substrate. The silicon substrate is covered by a layer of
permanent oxide of 2.5 um in thickness which is formed by a thermal treatment
at 1,100°C.

2. Deposition and patterning of horizontal interconnections. The first polysilicon
layer is deposited above the thermal oxide. This layer (poly!) is used to define the
buried runners which are used to bring potential and capacitance signals outside
the device and can be used as structural layer in thin polysilicon devices, as done
in Sects. 13.5 and 13.6.

3. Deposition and patterning of a sacrificial layer. An oxide layer of 1.6 um in
thickness is deposited by means of a Plasma Enhanced Chemical Vapour Depo-
sition (PECVD) process. This layer, together with the thermal oxide layer, forms
a 4.1-um thick layer which separates the moving part from the substrate and is
analogous with the sacrificial layer in a Surface Micromachining process.

4. Epitaxial growth of the structural layer (thick polysilicon). The polysilicon grows
to a thickness of 15 um in the reactors.

5. Structural layer patterning by trench etching. The parts of the mobile structure
are fabricated by deep trench etch to reach the oxide layer.

6. Sacrificial oxide removal and contact metallization deposition. The sacrificial
oxide layer is removed using a chemical reaction. In order to avoid stiction due to
the capillary interaction, this is done in dry conditions. The contact metallization
is deposited which is used to make the wire-bonding between the device and the
metallic frame.
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Fig. 13.2 Schematic of the Thelma surface micromachining process: (1) Substrate thermal oxida-
tion; (2) Deposition and patterning of horizontal interconnections; (3) Deposition and patterning
of a sacrificial layer; (4) Epitaxial growth of the structural layer (thick polysilicon); (5) Struc-
tural layer patterning by trench etching and (6) Sacrificial oxide removal and contact metallization
deposition

Here, the focus is on the mechanical characterization of the thin polysilicon film
named polyl and of the thick structural layer named epipoly as described previously
in the Thelma process (see phases 2 and 4). The devices for on-chip testing described
in Sects. 13.5 and 13.6 contains 0.7-um thick poly! specimens (see Fig. 13.3) sus-
pended over the substrate, which is obtained by removing part of the initial 2.5-um
thick oxide layer in the etching phase (phase 1). The device discussed in Sect. 13.7
concerns the mechanical characterization of thick epipoly specimens. Figure 13.4
shows a vertical section of the material, in which a clear columnar pattern can be
recognized.

13.3.2 Test Structures and Data Reduction Procedures

In the test devices to be described in Sects. 13.5-13.7, the specimens are cofab-
ricated with the actuator in order to obtain precise alignment and gripping of the
specimens and also to reduce the setup size. The devices have an integrated system
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Fig. 13.3 SEM image of the tested 0.7-pum thick polysilicon

EPIPOLY: polyseed by LPCVD (secco d'aragona 1')

2um EHT = 5.00 kv Signal A=InLens Date :14 Feb 2001
MAG= 709KX |_| WD= &6mm Photo Ne. = 871 Time :11:34

Fig. 13.4 SEM image of the tested 15-um thick polysilicon

of electrostatic actuation: inter-digitized comb-finger actuators in the bending tests,
and parallel plate actuator in the out-of-plane bending test.

During the test an input voltage V is applied to the actuator and a capacitance
variation C is measured. The capacitance variation can be related to some significant
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displacement (or rotation) of the specimen through simplified analytical formulae or
through finite element simulations of the complete device. The corresponding elec-
trostatic force can then be determined as a function of the displacement from the
derivative of the electrostatic energy, which, in turn, is proportional to the deriva-
tive of the capacitance. This general scheme for the data reduction will be detailed
in Sects. 13.5-13.7 for each on-chip test structure. In Fig. 13.5, the meaningful
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experimental plots used in the data reduction procedure are shown for the rotational
device in Sect. 13.5, while Fig. 13.6 shows the final torque vs. rotation plots.

Tests are carried out at room temperature and at atmospheric humidity, with a
probe station mounted on an optical microscope. A slowly increasing voltage is
applied in order to create quasi-static loading conditions in the specimen. Details on
the experimental setup can be found in the papers of the authors [21].

13.4 Weibull Approach

The Weibull approach [7,57,66] is widely used in the study of brittle materials, such
as ceramics. This is the reason why it has been recently applied also to the study
of rupture phenomena in polysilicon MEMS [15,16,21,28,30]. The Weibull theory
essentially provides a way to estimate the failure probability of a mechanical system,
starting from the computation of the probability of failure of its weakest part. The
theory is therefore also known as the weakest link approach. The Weibull cumulative
distribution function is found, applying the theorem of joint probability, by first
computing the probability of survival of a system composed by a large number of
elementary parts. This basic idea is extended to a general case, after introduction
of limiting hypotheses. The choice of the function giving the survival probability
of a single part was not originally based on a precise mechanical interpretation of
the rupture process. A recent and interesting discussion on the applicability of the
Weibull approach can be found in [7].

By means of the Weibull approach, it is possible to take into account the experi-
mental scatter of the strength values of brittle materials, the statistical size effect and
the dependence of the probability of failure on the stress distribution. The applica-
tion of the Weibull approach to a uniformly stressed uniaxial bar gives the following
equation for the probability of failure P:

szl—exp[—g<o-_o-u> } (13.1)

T 0o +
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where Q is the volume of the bar, 2, is a statistically uniform representative volume,
Ou, Op and m are material parameters, (o) denotes the positive part of e (< @ >, =
o ife>0; <e>,=0,if e <O0). It is important to recall that (13.1) is based on
the assumption of statistically uniformity of every element .. From (13.1), the
parameter oy can be interpreted as the increase of the stress level with respect to
the value o, to which corresponds a probability of failure of 63.2% in a tensile
specimen, uniformly stressed, with the volume €,.

In a multi-axial, non-uniform stress state, it is usually assumed that cracks form
in the planes normal to the principal stresses o} (xX), 02(xX), 03(x); the probability of
failure is given by:

1 3 . o m
Pr=1—exp Q/Z<G(X)°“> Q| . (13.2)
Ty il G0 +

Equation (13.2) is obtained from (13.1) assuming statistical uniformity of every
volume and computing the joint probability of survival for every infinitesimal vol-
ume.

The general expression (13.2) is here applied under the assumption that ¢, = 0,
which means that all level of stresses have an influence on the probability of failure.
Equation (13.2) is then re-written in a more compact way as:

Pr=1—exp 1/(6()()) dQ | . (13.3)

Q, Op
Q

The equivalent stress &(x) is defined by:

1
3

6(x) = <Z <oi(x)>’1> ' : (13.4)

i=1

The above relations can be used to estimate the probability of failure Pr of a given
structure or solid once the Weibull parameters m and oy are known and the elastic
distribution of stresses has been computed via analytical formulae or numerical so-
lutions, e.g., the finite element (FE) method.

The parameters m and oy are usually experimentally determined starting from a
series of uniaxially tensile tests on cylindrical specimens of volume £ and surface
area A. In this simple case (13.3) reduces to:

Pr=1—exp {—g (;’O) } . (13.5)

The Weibull parameters can be identified also from a specimen or structure
loaded in a multi-axial situation with a non-uniform stress distribution. Let us re-
write (13.3) in a form similar to (13.5):
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Pr=1—exp —{;/(6(;?)) dQ El—exp{—g(anom> ﬁm}, (13.6)
:{2 T

where f3 is defined by

m— TS /Z 0i(x))"1dQ = —/(h(x))’"d.Q (13.7)
Q

Q

and Opop represents a nominal stress in the non-uniformly stressed specimen or
structure, which acts as a scaling parameter for the elastic response. Note that
function A(x), defined by the relations (13.7), depends only on the normalized
stress distribution in the linear elastic response and is therefore independent of the
load level.

To compare the behaviour of different structures, it is possible to define a crit-
ical stress level as the nominal stress level G,omo evaluated in the structure when
the probability of failure is equal to 63.2%, in equivalence to oy for a uniaxially,
uniformly loaded specimen. From the relations (13.6), there is

) Q 1/m
Onom0 = ? (_Q) . (138)

Given two structures (13.1) and (13.2), it is therefore possible to write

I L ;

L[5 () Lo (2:

(O'nomO)l = B, <Ql> > (O-nomO)Z = B> (-(22) > (GnomO)Z - B \ 2
(13.9)

The relation (13.9) allows a direct comparison of the behaviour of structures with
different volumes and stress distributions. The variation of parameter cyomo With the
volume determines the size effect related to the statistical uniform distribution of
defects as described by the Weibull approach. 6,00 is inversely proportional to the
volume, and this dependence increases with decreasing m. At the limit, by letting m
be infinite, the statistical size effect disappears. Noteworthy is also the dependence
of Gyomo on the parameter B, which in turn depends on the stress non-uniformity.

13.5 On-Chip Bending Test Through a Comb-Finger Rotational
Electrostatic Actuator
13.5.1 General Description

The first on-chip device discussed in this chapter is shown in Fig. 13.7 [8—10]. It is
made of a central ring connected to the substrate by means of two tapered 0.7-um
thick specimens (Fig. 13.7b) which also act as the suspension springs of the whole
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Signal A = SE2 Date 13 Nov 2003 Time :17:30
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Fig. 13.7 Rotational electrostatic actuator for on-chip bending tests, (a) general view; (b) the detail
of the bending specimen

device. Rigidly connected to the central ring are 12 arms with a total of 384 comb-
fingers capacitors which move, due to the electrostatic attraction, towards the stators
connected rigidly to the substrate. When a voltage is applied to the device, the comb-
fingers develop a force distributed along the 12 arms, equivalent to a torque applied
to the central ring. This in turn loads the two specimens in bending in the plane
parallel to the substrate. The force developed by the system of the comb-fingers is
sufficient to load the specimens up to rupture. The specimens are a pair of doubly
clamped slender beams, with a length of 34um and a trapezoidal cross section.
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Their width decreases linearly from 5.3 to 1.8 wm. This shape is ad hoc designed to
localize the fracture of the specimen in a specified area through stress concentration.

13.5.2 Data Reduction Procedure

The rotational on-chip device is tested in order to experimentally determine the
Young’s modulus and the rupture strength of a 0.7-um thick thin polysilicon. The
general data reduction procedure described in Sect. 13.3.2 is applied. In the present
case, simplified analytical formulae are used in order to transform the applied volt-
age to the torque applied by the electrostatic actuator on the rotational device and
the measured capacitance variation (with respect to a reference level) to the angle of
rotation of the central ring of the rotational device.

The electrostatic attraction of the 32 comb-fingers placed along each arm is as-
sumed to be uniformly distributed along the arm, with a resultant force Fym; the
total torque is therefore evaluated as:

larm larm Z‘V2
M=n IO+T Farm:l’la ZO+T l’lcf'g()?7 (1310)

where n, is the number of arms, /y the distance between the external part of the
central ring and the centre of the whole device, /,y, the length of each arm, nt
the number of comb-fingers for each arm, & the dielectric constant of vacuum, ¢ the
thickness of the arms in the direction orthogonal to substrate, g the gap between the
rotor and the stator in each comb-finger, and V the applied voltage. Equation (13.10)
allows us to compute the value of the global torque M for a given voltage V.

Let us consider the 32 comb-fingers distributed along each arm defined by index
i=0,1, ..., 31, being i = O the finger nearest to the centre. The contribution to the
total capacitance of the ith comb-finger is given by

Ept Eot
Ci=Coi+ 2L Ax; =222 0(Ry +iAR), (13.11)
g g

where Cy; is the capacitance corresponding to the initial configuration, Ax; the value
of the displacement in the direction orthogonal to the arm due to electrostatic attrac-
tion, 6 the angle of rotation of the device, Ry the distance between the rotor finger
i = 0 and the centre, AR the distance between two stator fingers. The total capaci-
tance of the rotational device can be computed by summing the contribution of each
finger and of each arm:

31 31 ot 31
C=n,Y Ci=nyY Coi+2n,—0Y (Ro+iAR) (13.12)
i=0 i=0 i=0

t
= Co+ |2n 2 (32R) +496AR) | 6.
g
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Table 13.1 Parameters used for the rotational electrostatic actuator

ny, =12 nef =32

lp = 100 pum larm = 307.65 um
t = 15um g=2.5um
Ro =108 pum AR =9.5um

& = 8.854 x 10 ®pFum™!

From the above equation, it is possible to compute the rotation of the device from
the measured total capacitance C; since only the capacitance variations are relevant
and the value of Cy is assumed to be zero.

The total torque and the total capacitance are computed starting from experi-
mental values of the voltage and capacitance variation by introducing the data of
Table 13.1 in (13.10) and (13.12).

The resulting values are

M =5.18V>uNum; C=Cy+10.416 pF. (13.13)

An example of the experimental capacitance vs. applied voltage plots and the
corresponding torque vs. rotation plots obtained after using the relations (13.13) is
also shown in Figs. 13.5 and 13.6.

Starting from the torque vs. rotation plot, it is possible to calculate the Young’s
modulus and the rupture strength of the material using linear elastic FEM analysis
performed on a 3D FEM mesh. This result is obtained after assuming (1) the defor-
mation of the device is only due to the beam specimens at the centre, i.e. the external
part built with a 15-um thick polysilicon is assumed to be rigid; (2) the specimen
is linear elastic and homogeneous up to rupture; (3) displacements and strains are
small and (4) the global behaviour is linear and the global stiffness is proportional
to the Young’s modulus of the specimen.

It is important to remark that, besides the above-mentioned hypotheses, the ge-
ometry of the specimen must be carefully reproduced in the FEM model. The final
FEM mesh is therefore obtained from SEM images in order to reproduce the real
geometry.

13.5.3 Experimental Results

Figure 13.8 shows the experimental distributions of the Young’s modulus obtained
using the rotational devices described in Sect. 13.5.2. The mean value is 178 GPa.
An image of a specimen loaded up to rupture in the plane parallel to the substrate
by means of the rotational actuator is shown in Fig. 13.9.

The Weibull approach briefly described in Sect. 13.4 is applied to 50 experimen-
tal results, computing the volume integral in (13.7) starting from a linear elastic
FEM analysis. The volume integrals are computed by using a numerical Gaussian
integration on each FEM.
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Fig. 13.9 Rotational actuator for the in-plane bending tests: Example of rupture

The Weibull parameters oy = 1.84 GPa; m = 6.2 were obtained and the nominal
stress value in (13.8) was Opomo = 2.89 GPa. These results are shown in Fig. 13.10.

13.6 On-Chip Bending Test Through a Parallel Plate
Electrostatic Actuator

13.6.1 General Description

The second on-chip device discussed in this chapter is shown in Fig. 13.11 [8,9,11].
Figure 13.11a shows the whole device, and Fig. 13.11b is a zoom view of the central
part where the 0.7-um thick beam specimens are placed. A holed plate of 15-um
thick polysilicon is suspended over the substrate by means of four elastic springs
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Fig. 13.10 Rotational actuator for the in-plane bending tests: The Weibull cumulative probability
densities. (a) Equivalent Weibull plot for a uniaxial, unit volume specimen; (b) Experimental data
obtained from 50 tests on the rotational structure, Gnomo = 6o(£2:/2)"/" /B = 2.89 GPa

placed at the four corners. The holed plate is also connected to the thin polysilicon
film specimens placed at the centre as shown in Fig. 13.11. The two symmetric
specimens are in turn connected on one side to the holed plate, while on the other
are rigidly connected to the substrate.

The two specimens are therefore equivalent to a couple of doubly clamped
beams. The holes in the plate are due to the etching process for the elimination
of the sacrificial layer, thus allowing for movement of the holed plate with respect
to the substrate. The movement in the direction orthogonal to the substrate is ob-
tained by electrostatic attraction of the holed plate towards the substrate. The whole
plate and the substrate thus act as a parallel plate electrostatic actuator. When the
plate moves towards the substrate, the couple of specimens bend.
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Fig. 13.11 Parallel plate actuator for the out-of-plane bending tests: (a) General view; (b) detail of
one of the specimen

It is important to remark that only the squared part of the holed plate acts as an
actuator (see Fig. 13.11a), while the holed rectangular parts added to each side of
the plate act as sensors. These in turn allow for the experimental determination of
the capacitance variation and vertical movement, as discussed in Sect. 13.6.2. The
length of each specimen is 7pum. In order to force the rupture in a section, their
cross section changes linearly with the decrease in the width from 3 to 1 um (see
Fig. 13.11b).
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13.6.2 Data Reduction Procedure

Similar to the device described in Sect. 13.5, the parallel plate actuator is used to ex-
perimentally determine the Young’s modulus and the rupture strength of the 0.7-um
thick thin polysilicon.

The general data reduction procedure, as described in Sect. 13.3.2, is again ap-
plied. The experimentally determined capacitance vs. voltage plots are transformed
into the force vs. displacement plots by using the relationships between capacitance
and displacement and between voltage and electrostatic force, respectively. These
relations are determined by the electrostatic boundary element (BEM) and FEM
simulations. In particular, a series of electrostatic BEM simulations on one of the
lateral sensors allows for the determination of the capacitance variation vs. vertical
gap plot, which is directly used to convert experimental capacitance variation data
to the vertical displacements.

The FEM electrostatic simulations are used in order to obtain the vertical force
of attraction on the square holed plate acting as a rotor. From the results of the
FEM simulations it is deduced that the attractive vertical force can be computed
by making use, with negligible error, of the analytical relation for a parallel plate
actuator with the same surface and with the correction due to edge effects.

Starting from the force—displacement plot, the force acting on the specimens is
obtained by subtracting the part equilibrated by the elastic suspension springs in
the four corners of the holed plate (see Fig. 13.11a). An elastic 3D FEM solution
of the specimen under bending in the vertical plane is then used to relate the global
stiffness of the specimen to the Young’s modulus and the force at rupture to the max-
imum tensile stress in the specimen. Experimental values of the Young’s modulus
and rupture stress are therefore finally obtained.

A key point in the data reduction procedure, which deserves further study and
careful examination, is the sensitivity of the results to the value of the vertical gap
between the holed plate and the substrate. The vertical gap cannot be easily mea-
sured on the real device and it can strongly depend on the quality of the etching
process. In the results presented here a mean value of 1.65um is used.

13.6.3 Experimental Results

Figure 13.12 shows the distributions of the Young’s modulus obtained using the
device described in Sect. 13.6.1. The mean value is 174 GPa. It can be observed that
the mean values of the Young’s modulus (178 GPa and 174 GPa) obtained from the
two devices as described in Sects. 13.5.1 and 13.6.1, differ less than the standard
deviation of the two distributions. It can therefore be concluded that the two sets
of experimental results give in practice the same value for the Young’s modulus.
The conclusion implies that the possible non-uniformity of the thin polysilicon film
along its thickness does not influence sensibly the value of the average Young’s
modulus obtained.
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Fig. 13.13 Parallel plate actuator for the out-of-plane bending tests: Example of rupture

For the present device, the Weibull approach described in Sect. 13.4 is applied.
Figures 13.13 and 13.14 have the same meaning of Figs. 13.9 and 13.10 as obtained
in the case of the rotational actuator. The obtained Weibull parameters are oy =
2.24GPa, m = 5.1 in this case, while the nominal stress value in (13.8) is Gpomo =
3.03 GPa. The remarkable difference between o and G,om0 Obtained from both test
structures demonstrates the importance of the effects of the stress distribution. In a
highly non-uniformly stressed structure like the ones here tested, the apparent value
of rupture is higher than in a uniformly stressed specimen.

The difference in the Weibull parameters obtained from the two sets of exper-
imental results may be explained in various ways. A first explanation could be
the influence of different loading conditions (in plane and out of plane) which
could locally initiate different rupture mechanisms, related to the anisotropy and
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Fig. 13.14 Parallel plate actuator for the out-of-plane bending tests: The Weibull cumulative proba-
bility densities. (a) Equivalent Weibull plot for a uniaxial, unit volume specimen; (b) Experimental
data obtained from 21 tests on the parallel plate structure, Gnomo = 0o(£2;/2)"/" /B = 3.03GPa

non-uniformity of distribution of the polysilicon film along its thickness. This con-
clusion is in partial contrast with the one derived with reference to the elastic be-
haviour.

A second explanation could be associated with the assumption of 6, = 0 as in-
troduced in Sect. 13.4 in order to simplify the Weibull approach. It is in fact known
that a non-zero o, value has an influence on the final value of the Weibull parame-
ters 0p, m. In addition, the possible discrepancies in the results obtained from the
two on-chip tests can be due to the influence of geometrical parameters like the gap
between stator and holed plate in the device described in Sect. 13.6.1.
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13.7 Test Structure for the Mechanical Characterization of
Thick Polysilicon

13.7.1 General Description

The third device is shown in Fig. 13.15. Compared to the one presented in the pre-
vious section, this structure presents many unique features. It is designed to test the
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Fig. 13.15 Test structure for thick polysilicon — top view of the structure and zoom of the specimen
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mechanical properties of the epitaxial polysilicon, epipoly, the thick layer deposited
with the ThHELMA process. This film is about 20 times thicker than the poly/ film;
therefore it requires a larger force to break the specimen. This explains the reason
for the relatively big dimensions of the structure that takes up a 1,600 x 2,250 um?>
rectangular area.

The actuation mechanism is controlled by a number of comb-finger capacitors
in a plane parallel to the one of the wafer, a very common choice for MEMS struc-
tures. In the next subsections the structure will be divided into four parts, which are
separately discussed in detail.

13.7.1.1 The Actuator

The electrostatic actuation is realized by over 4,000 comb-finger actuators, grouped
on specific structures called arms (see Fig. 13.16). Every arm contains 31 comb-
fingers actuator. Its capacitance is a function of the seismic mass displacement x, as:

260t
Ca,m:Co+31Ccomb:Cg+31%x, (13.14)

where C is the capacitance of the system at rest, C.omp 1 the capacitance of a single
comb-finger actuator. ¢ is equal to 15 m, representing the thickness of the layer, and
g is equal to 2.2 um, representing the gap between stator finger and rotor finger. The
force from every arm is:

10 Carm
Foum ==
AT 9x

Eot

= 31 (13.15)

where V is the applied voltage. The total number of arms n, is 130. Hence the total
force developed by the actuator can be expressed as:

19C, t
Fym = a2 222my2 — 4 030200 2 (13.16)
2 Jdx g
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Actuation arm of the test structure for thick polysilicon
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13.7.1.2 Frame

The frame is a suspended structure that supports the actuator arms (see Fig. 13.17).
Six suspension springs are placed in the central part of the frame. These springs
avoid the collapse of the structure onto the substrate during actuation. They are
rectangular cross-sectioned slender beams of 291 um in length. The in-plane width
is 3.2um, and the out-of plane thickness is 15um. Using a Young’s modulus of
E = 145GPa, as determined in [21], the linear stiffness of the six springs for a
movement parallel to the substrate as shown in Fig. 13.17 can be easily computed:

EJ
Kspring = 6 <121_3> =17.35uNpum". (13.17)

With reference to Fig. 13.15, the upper part of the frame is clamped to the speci-
men, which is thus loaded with the force created by the actuator that is not absorbed
by the spring system. It is worth noting that the suspension system is designed in
order to be as compliant as possible to exert almost all the force (the 90% of the
force developed) onto the specimen.

13.7.1.3 Sensing

In the upper part of the structure shown in Fig. 13.15, there is the sensing system. It
is made up with six arms with 80 comb-finger capacitors on each (Fig. 13.18). The
total sensing capacitance is a function of the displacement of the specimen as:

260t
Cens = CF™ + 480%)& (13.18)
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Fig. 13.19 Test structure for thick polysilicon. Deformed shape of the specimen and contour plot
of principal tensile stress of the notched zone

Using the FEM analysis, a simulation of the sensing system is performed. The
results of the simulations show that the analytical formula holds for a displacement
up to 10um, which has never been reached during the experimental test.

13.7.1.4 Specimen

The specimen is designed to perform both quasi-static and fatigue tests. It consists
in a lever system that causes a stress concentration in a localized region (Fig. 13.19).
The specimen can be divided into four parts: a beam that is the physical link between
the frame and the specimen; the lever, that transforms the axial action coming from
the beam into a bending moment acting in the notched zone; a notch, that is the most
stressed part, where the crack nucleates; and a part fixed to the substrate.

13.7.2 Data Reduction Procedure

The measured capacitance change (Fig. 13.20) is used to compute the displacement
imposed on the extremity of the loaded beam in (13.18). This causes the rotation
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Fig. 13.20 Test structure for thick polysilicon — capacitance variation vs. applied voltage plot

1200 ; ; : . : i
1000 | 1
800 | = i

600 | :

Force [uN]

200 - g .

o 1 1 1 1 1 1
1] 1 2 3 4 5 6 7

Displacement [um]

Fig. 13.21 Test structure for thick polysilicon — force vs. displacement plots

of the lever arm and the creation of the desired state of stress in the notch. The
force produced by the actuator for every imposed voltage is computed using (13.16).
From this information it is then possible to plot the force vs. displacement curves
(Fig. 13.21). Thus one can combine the experimental results and the FEM simula-
tions to determine the Young’s modulus and the maximum tensile stress at which
rupture occurs in every test.
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13.7.3 Experimental Results

A number of 31 structures, deposited on the same wafer, are tested. As seen from
Fig. 13.20, the measurements are very repeatable. The force vs. displacement plots
shown in Fig. 13.21 appear to be linear, implying that the electrostatic behaviour of
the rotor and sensor parts could be described by the analytical formulae used in the
data reduction procedure.

From the slope of the force vs. displacement plots it is possible, as done with the
out-of-plane structure, to compute the Young’s modulus. The values deduced are in
agreement with the ones obtained by Corigliano et al. [21], confirming the overall
quality of the data reduction procedure. The mean value measured is 143 GPa with
a standard deviation of +£3 GPa.

Even in this case, the data concerning the rupture of the specimens are inter-
preted in the framework of the Weibull statistics as discussed in Sect. 13.4. From
Fig. 13.22, the experimental results are clearly well interpolated by the Weibull cu-
mulative distribution function. This allows for the computation of the Weibull mod-
ulus, m = 25.76 and the Weibull stress op. The Weibull stress, representing the level
of stress, which gives 63.2% of failure probability for a pure tension specimen with
the same size as the reference volume, is 3.62 GPa.

After the testing, the specimens are investigated using an optical microscope. The
images show that the fracture starts from the notch as predicted from the FEM sim-
ulations carried out during the design phase. From the pictures shown in Fig. 13.23,
there are two main aspects.
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Fig. 13.22 Test structure for thick polysilicon — the Weibull plot of the experimental data (aster-
isks) and interpolating Weibull cumulative distribution (dashed line)
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Fig. 13.23 Test structure for thick polysilicon — optical microscope images of broken specimens

1. The crack path is often irregular and can be quite different from one structure
to another. This can be due to the crystalline structure and grains orientation in
the notched area. The grain morphology and orientation is different from one
structure to another and has a very important impact on the direction of the crack
propagation.

2. The crack starting point is not always the same. This is due to the non-uniform
flaw distribution on the notch surface, caused by the fabrication process. The dis-
tribution of flaws is supposed to be responsible of the scatter of the experimental
results.
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13.8 Conclusions

The focus of this chapter is on the mechanical characterization of a variety of small
polysilicon structures using the on-chip testing methodology. After reviewing recent
results in literature, the discussion has addressed the general on-chip testing proce-
dure, as developed recently by the authors, with reference to three designed and
fabricated on-chip structures. As a useful approach to interpret the rupture values,
the Weibull theory is used and issues related to the size effect and stress gradient
effect are discussed.

The results and list of references presented in this chapter are by no means com-
plete and are highly based on the author’s experience. It is nevertheless the author’s
opinion that the general overview and technical results here presented can be a use-
ful introduction to the use of the on-chip testing devices, not only for the mechanical
characterization of polysilicon but also for the mechanical testing of other materials
at the micro- and nano-scale.
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