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PREFACE

Everyday we are exposed to a myriad of applications of polymer thin
films. This is whether it occurs in food wrapping, the packaging of
virtually any item that is sold, or in protective coatings placed on
the surface of furniture or glass. More and more often, though, the
thickness of the polymer film decreases to dimensions comparable to the
dimensions of a single polymer chain, or in the case of block copolymers
or mixtures, comparable to the characteristic period of the microphase
separated or phase separated morphology. For example, in the case
of microelectronic circuits where polymers can be used as a dielectric
insulator or as a template to produce a porous oxide layer, the
dimensions of and separation distance between the conducting elements
is rapidly decreasing to several tens of nanometers. We are forced,
therefore, to ask the question as to whether the confinement of the
polymer to such small dimensions will change the fundamental
characteristics of the polymer. In addition, with such small scale features,
the surface to volume ratio increases significantly, so does the abundance
of interfacial area affect the nature of the polymer in the confined
geometry. In the case of block copolymers, how does such confinement
alter the nature or orientation of the microphase-separated morphology?
More importantly, if we can understand the influence of such
confinement, can we use this to our advantage in designing systems to
induce behavior not seen in the bulk or can we control the interactions of
the polymer or block copolymer with the interfaces to manipulate the
spatial arrangement of the nanoscopic elements in the morphology?
If so, then this will open numerous applications of polymers and
block copolymers in the burgeoning field of nanotechnology which
encompasses applications ranging from ultrahigh density storage media,
ultralow dielectric constant materials, high resolution separations media,
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self-healing and self-corralling nanocomposites, flexible electronics and
displays, and photovoltaic devices. Consequently, there has been a
significant growth in the amount of research dedicated to understanding
the structure and properties of polymer thin films.

The growth in the interest of polymer thin films has also been
catalyzed by the increase in the number of techniques available to
characterize thin polymer films. While these techniques may have been
available for decades, only recently has it been recognized that they
could be used to great advantage to characterize polymeric materials.
Some of these techniques include scanning probe microscopies, neutron
and x-ray reflectivity, grazing incidence x-ray scattering, forward recoil
and Rutherford backscattering spectroscopies, dynamic secondary ion
mass spectroscopy, x-ray microscopy and electron tomography. The
growth in the use of these techniques to characterize polymer thin films,
coupled with the use of fairly standard techniques, like ellipsometry,
x-ray photoelectron spectroscopy, electron microscopy, x-ray and neutron
scattering, dielectric spectroscopy, infrared and Raman spectroscopies,
and optical microscopy, has revolutionized our understanding of polymer
thin films. At the same time, there have been tremendous advances made
in modifying either the chemical nature or the topography of surfaces, by
use of photolithography, electron beam lithography, ion beam etching,
and surface specific chemistries. This has imparted elegant routes to
control the interactions between a polymer and a surface.

Perhaps the most significant development in the characterization of
polymer thin films is the interest that a broad scientific community has
taken in this area. From the engineering side, there are challenges that are
faced in producing perfectly uniform thin films. Yet, this in turn has
sparked the interest from the physics community in studies on
instabilities in thin films and on the confinement of highly ordered
structures. Controlling interfacial interactions has presented numerous
challenges to surface chemists, both small molecule chemists and
polymer chemists. The influence of confinement on phase transitions like
crystallization, phase separation and microphase separation, has piqued
the interest of physicists and physical chemists. Producing surfaces
with well-defined topographies, chemistries and mechanical properties
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has enabled the manipulation of the interactions of living cells with
surfaces, and as such, has generated interest from the biological and
microbiological communities. This convergence of interest from a
wide-range of different disciplines has further promoted advances in our
understanding of thin polymer films.

An overview encompassing the large variety of areas that have spun
off from this vastly developing field is overdue. It is, however, important
that this overview be understandable by the novice to the area and
appreciated by the experts. This is the rather daunting task that faced the
authors of the different chapters in this book. We hope that these
chapters will serve as a useful resource for instructors of undergraduate
and graduate courses. To reflect the interdisciplinarity, the authors of the
different chapters include chemists, engineers, materials scientists and
physicists that have made significant contributions in their respective
areas.

This book contains eleven chapters that can be categorized into six
major areas:

¢ The design and construction of nanostructures in block copolymer
films — the fundamental principles, fabrication methods and
applications (Ch. 1-4)

e Alternative methods of fabricating sophisticated nanostructures in
polymer thin films (Ch. 5-6)

e Crystallization of polymers confined in nanometer films (Ch. 7)

® Tribology of polymer thin films — friction and adhesion (Ch. 8 and
9, respectively)

* Wetting stability of polymer films supported by a substrate (Ch. 10)

® Novel dynamical properties of polymer nanometer films (Ch. 11)

We are indebted to the contributors of this book who have abided to
the cause and taken time and effort in completing the chapters. Despite
the crash of a hard disk (Shimomura), laboratory floods (Jacobs) and
over-commitment of time (all of the authors), the chapters were
completed in a timely manner, are of high-quality, and a pleasure to read.
We are grateful to the students and postdoctoral fellows in our groups
(Z. Yang, J. Wang, R. Tangirala, W. Chen, J. Xu, J. Chen, D. Chen, L. Li,
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P. Dobriyal, J. He and H. Liu) who had helped compile the subject index.
Special thanks are due to the anonymous reviewers who had generously
contributed their time in reading the chapters and given suggestions for
improvements.

We hope that the students, professors and researchers will find this
book a useful guide and resource to the field of polymer thin films.

O.K. C. Tsui
T. P. Russell
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CHAPTER 1

BLOCK COPOLYMER THIN FILMS

Jia-Yu Wang, Soojin Park, Thomas P. Russell

Department of Polymer Science and Engineering
University of Massachusetts, Amherst
Amherst, MA 01003, U.S.A.

E-mail: russell@mail.pse.umass.edu

The behavior of amorphous block copolymers (BCPs) in thin films
depends on a combination of segmental interactions, interfacial
interactions, surface energies and entropy. Commensurability between
the film thickness, h, and the natural period, Ly, of the microdomains in
the bulk is also of importance. This chapter summarizes recent
developments in our understanding of the influence of confinement,
surface energies and surface heterogeneities on the morphology of BCP
thin films, the use of thin BCP films as scaffolds and templates for the
fabrication of nanostructured materials, and the generation BCP arrays
in thin films having long-range lateral order for potential addressable
media.

1. Introduction

Block copolymers (BCPs) consist of two or more chemically different
polymer chains joined covalently at their ends. Due to the positive
enthalpy and small entropy of mixing, dissimilar blocks tend to
microphase separate into well-ordered arrays of domains, classically
termed microdomains. The sizes of these microdomains, due to the
connectivity of the blocks, are limited to molecular dimensions and, as
such, are tens of nanometers or less. At temperature below an order-to-
disorder transition temperature, Topr, BCPs microphase separate into
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arrays of spherical, cylindrical, gyroid or lamellar microdomains,
depending on the volume fractions of the blocks, f, and the degree of
microphase separation, yN, where y is the Flory-Huggins segmental
interaction parameter and N is the total number of segments in BCPs.
Above the Topr, BCPs phase mix and are disordered.

The self-assembly of BCPs into well-defined morphologies has
opened numerous applications ranging from drug delivery to structural
materials. In contrast to the bulk, the morphology of amorphous BCP
thin films can be strongly influenced by surface and interfacial energies
as well as the commensurability between the film thickness, h, and the
period of the microdomain morphology, L,. With decreasing film
thickness these parameters become increasingly important in defining the
morphology. By controlling the orientation and lateral ordering the BCP
microdomains in thin films, unique opportunities in the use of BCPs in
materials science (adhesive properties, lubrication, membranes, and
coatings), lithography and microfabrication (addressable memory,
magnetic storage, insulating foams) and device technologies (light-
emitting diodes, photodiodes, and transistors) are beginning to emerge.
In this chapter, two aspects of BCP thin films will be addressed. First, the
effect of confinement, surface energies and surface heterogeneities on
the morphology of BCP thin films will be discussed on the basis of the
simplest and most studied system, namely thin films of compositionally
symmetric, amorphous diblock copolymers. This is followed by a review
of BCP thin films for nanopatterning with discussion centering on
fabrication of long-range ordered nanostructures of BCP thin films by
applying various external fields.

2. Morphologies of BCP Thin Films
2.1. Effect of Confinement

The presence of a surface or interface can strongly influence the phase
behavior, morphology and kinetics of a multicomponent system.
Understanding of the influence of boundary surfaces, in particular,
commensurability and interfacial interactions, on the morphology
of BCP thin films has attracted much attention. Phenomena like
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symmetric/asymmetric wetting, surface topographies of “islands” or
“holes”, surface-induced ordering, and commensurability have been
extensively studied.

Symmetric/Asymmetric Wetting. Consider a thin film of a block
copolymer below Topr. The connectivity of the block means that the film
thickness is not arbitrary but rather defined in terms of Lo.""® For an A-b-
B BCP, if A or B preferentially locates at both the surface and substrate
interface, i.e. symmetric wetting, then the film thickness, h, is defined by
nl, where n is an integer. If, on the other hand, different blocks
segregate to the interfaces, then the film thickness is given by (n+1/2)L,.
So, to a first approximation, a thin BCP film is smooth, only if these
constraints are satisfied. In all other cases, a surface topography
consisting of islands or holes are seen where the step height is L.
Examples of these are shown in the scanning force micrographs in Figure 1.
Optical microscopy can also be used where discrete interference colors
are seen, corresponding to the different thickness or optical path lengths.

nL

{n+ 1/2)L

film thickness, h

(m+ 3L

“islands”

Fig. 1. (A-C) Schematic of three types of film structures. (A) h = H, = (n+1/2)Ly;
(B) h = H, = nLy; (C) (h = H,+ Ah). (D-E) AFM images of topographical features of (D)
holes; (E) bicontinuous and (F) islands. Reproduced with permission from Advances in
Colloid and Interface Science.'
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It should be noted that if h is not much different than nL, or
(n+1/2)L, for symmetric or asymmetric wetting conditions, respectively,
then a surface topography may not be seen and the copolymer chains can
stretch or compress to accommodate this incommensurability. This, of
course, depends on a balance of the energy associated with stretching or
compressing the BCP chains and the additional energy arising from the
generation of more surface areas.

Frustration. If the film is confined between two parallel, impenetrable
walls, having strong interactions with either A or B block, a surface
topography cannot form and the incommensurability between L, and h
causes a frustration, since the hard boundaries prohibit the formation of
surface topography and the characteristic period of BCPs must change to
accommodate this frustration. Lambooy et al."” ** and, subsequently
Koneripalli et al.® developed techniques to suppress the formation of
surface topography by confining copolymer thin films between two hard
walls. Strong interactions of the blocks with the confining walls were
sufficient to force the period of BCPs to expand or compress by as much
as 50% in some cases. Kickuchi and Binder,21’ 22 Turner” and Walton
et al.” theoretically examined the confinement of lamellar BCPs and
found that the frustration imposed on BCPs chains by thickness
constraints depended strongly on the strength of the interactions of the
blocks with the substrate. In the case of strong interactions, stretched
or compressed copolymer multilayers were predicted. However, as
observed by Lambooy et al.,’ as the interactions of the copolymer with
the confining walls became weaker, the copolymer domains can change
their orientation with respect to the substrate, i.e. orient normal to the
wall interface, allowing the period of the copolymer to be L, but paying
the energetic price associated with unfavorable interaction at the
interfaces.

Surface-Induced Instabilities. For T > Topr, if BCPs film is thinner
than a characteristic thickness, i.e. & < h,, (h;= L, for symmetric wetting
and 1/2L, for asymmetric wetting), a “spinodal-like” pattern forms on the
surface due to the frustration mentioned above. Prior to the formation of
the surface topography, the film is unstable and shows periodic
fluctuations.'® ***’ These surface patterns form spontaneously across the
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film surface, similar to a film undergoing dewetting. In the BCPs cases,
though, the substrate is the initial copolymer layer that is preferentially
located at the substrate. When & = #h,, the film is stable and the surface
remains smooth. For films of 4 > A, a layer of thickness & - h, becomes
unstable and dewets an underlying layer of thickness A, forming
“islands”, “holes” or a “spinodal-like” topography. This type of
autophobic dewetting has not been observed in homopolymers.'® 27
Surface-Induced Ordering. The presence of a surface can induce
ordering of a phase-mixed copolymer, i.e. when T > Tgpr." ™ '¢ 231
This was first predicted by Fredrickson using mean-field theoretical
arguments.”” Anastasiadia et al. experimentally verified this predication
in a neutron reflectivity study on BCPs of polystyrene and poly(methyl
methacrylate), denoted PS-6-PMMA. By fitting the scattering length
density profiles, it was shown that the ordering decays exponentially
from the surface with a correlation length very close to the bulk
correlation length, in agreement with the arguments of Fredrickson.*
Subsequently, Menelle et al.* studied film thickness dependence of the
ordering transition temperature and found that Topr was significantly
elevated by the surface-induced ordering and, in fact, an order-to-
disorder transition did not exist in thin films since the order parameter
did not decay to zero at any point in the film. However, the films were
shown to undergo a transition from a partially to a fully ordered state at a
temperature that depended in a power-law manner on the film thickness,
as shown in Figure 2.

2.2. Surface Energy

The morphology of BCP thin films is strongly influenced by the strength
of interfacial interactions.”>® Strong preferential interactions of one
block with the substrate or a lower surface energy of one component
causes a segregation of that block to either the surface of the film or the
substrate interface. As a result, the connectivity of the blocks forces a
parallel orientation of the microdomain to the substrate. When the
surface is neutral, i.e., the interfacial interactions of both blocks are
equally favorable or unfavorable, there is no preferential segregation of
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Fig. 2. Left: Neutron reflectivity profiles for a
5232 nm film of dPS-b-PMMA symmetric
diblock copolymer as a function of the neutron
Wew——— —o——+——  momentum normal to the surface at the
temperatures indicated. The scattering length
density b/V profiles as a function of depth z,
where z = 0 is the air surface, shown in the insets
were used to calculate the reflectivity profiles
drawn as the solid lines in the figures. Right: A
log-log plot of the difference between T_  and
the bulk value of Topr, g as a function of film
thickness using the value of Topr, g extrapolated
from the neutron reflectivity measurements.
Reproduced with permission from Physical
Review Letters.*®
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the components to the interfaces. Any slight incommensurability will
cause the microdomains to orient normal to the surface. The interfacial
energies of an A-b-B BCP with a solid surface can be precisely
controlled by anchoring a random copolymer of A and B, A-r-B, to the
surface, where the volume fraction, f, of A monomers in the brush can
be varied in the synthesis. As f is varied from O to 1, the system goes
from a condition of preferential wetting of the substrate by A to a
preferential wetting by B. However, for one specific value of f the
interactions of A and B with the substrate are balanced. This was
demonstrated with styrene and methyl methacrylate pairs and it was
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found that a P(S-~-MMA) brush surface has equal interfacial energies
with PS and PMMA when f = 0.57 (Figure 3).” The use of random

>
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Fig. 3. (A) Interfacial energies Ys; and Yyy and (B) Ay (f') = Yy - Ysr for PS (circles) and
PMMA (triangles) on a P(S-r-MMA) brush as a function of f. Reproduced with
permission from Science. **

copolymers to modify and control interfacial interactions requires a
simple synthetic method. Figure 4A shows the synthesis of (PS--MMA)
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Fig. 4. (A) Schematic synthesis of P(S---MMA); (B) Schematic synthesis of P(S-r-BCB-
r-MMA) which has 2% reactive benzocyclobutene (BCB) functionality randomly
incorporated along the backbone that can be thermally crosslinked. Reproduced with
permission from Science.** >
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random copolymers by a “living” free-radical polymerization using a
unimolecular initiator which has a hydroxyl (OH) group that can be used
to end-graft the random copolymer chains to the native silicon oxide
surface.” However, this covalent attachment of the random copolymer to
the surface requires substrate-specific chemistry which limits
applications. Hawker and Russell et al.”’ modified the reaction and
synthesized a random copolymer containing crosslinkable groups in the
chain. Using a simple, highly efficient cross-linking reaction, an
insoluble, ultrathin mat of the random copolymer can be formed which is
more robust than anchored random copolymer brushes and is
independent of the nature of the substrate (Figure 4B) and, as such, can
be used to modify virtually any surface on which a thin film could be
prepared.

Using anchored and crosslinked random copolymers, Russell and
coworkers** #6432 333 guantitatively studied the influence of interfacial
energies on the orientation of symmetric PS-b-PMMA microdomains
in thin films. For BCP films placed on random copolymer brushes
rich in PS, the PS block segregated to the random copolymer
interface, leading to symmetric wetting. (The PS block segregates to the
polymer/air interface due to its lower surface energy.) Conversely,
PS-b-PMMA films on PMMA-rich random copolymers showed asym-
metric wetting due to the wetting of the random copolymer layer with the
PMMA block. For BCP films cast on random copolymer modified
surfaces where interfacial interactions were balanced, preferential
segregation of either block did not occur. This condition means that
either A or B or both blocks could be located at the interface. Any film
thickness that introduces a condition of incommensurability will result in
an orientation of the microdomains normal to the interface. It should be
noted that by balancing interfacial interactions, commensurability
conditions are not the same as when there is a strong preference for
either component to the interface. In fact, commensurability can be
realized when the film thickness is n/2L,, where n is an integer. This
effectively means that an interface can cut a microdomain through the
center, i.e. half cylinders or half lamellar layers located at the interface,
and still satisfy the constraints imposed by the hard walls. Outside of this
condition, if interfacial interactions are balanced, the microdomains are
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oriented normal to the interface with the orientation persisting through
the entire film thickness. Thus, by varying the composition of the
random copolymer brushes, four boundary conditions can be achieved as
shown in Figure 5.

Fig. 5. Block copolymer structures observed for films having (a) symmetric boundary
conditions, (b) asymmetric boundary conditions, (c) one nonpreferential and one
preferential boundary surface, and (d) nonpreferential boundaries. Reproduced with
permission from Macromolecules.*®

Modifying a solid substrate, as described above, can easily be
achieved by anchoring a brush to the substrate or by placing a thin
crosslinked film on the substrate. However, controlling interactions at the
opposite interface, either the air surface or the second hard boundary
placed in contact with the free surface, is not as straightforward. This can
be achieved by transferring a random copolymer film on top of the BCP
film, followed by placing the second hard wall in contact with this
transferred layer. Alternatively, a polymer film where interactions
between the blocks and this polymer are balanced can be spin-coated on
top of the BCP film, as long as a non-solvent for the BCP is used.

2.3. Heterogeneous Surfaces

The strength and lateral distribution of interfacial interactions can direct
the BCP morphologies in thin films.””® Surfaces where the interfacial
interactions were laterally heterogeneous and periodic were used to
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selectively place blocks at specific locations on a surface. Kramer
and coworkers’’ experimentally demonstrated this by designing a surface
where CH;- and HO- terminated thiols were periodically modified on a
gold surface to precisely tune the surface potential. This led to a
preferential wetting of the components across the surface. Rockford
et al.” investigated the ordering of BCP ultrathin films on chemically
heterogeneous surfaces and found that highly ordered lamellar structures
perpendicular to the surface could be obtained on a patterned surface
with the period of the surface pattern within 10% of commensuration
with the period of BCPs, L,. When the mismatch is greater than 10%, the
lamellar microdomains orient parallel to the surface.” By using soft-
x-ray-based photolithographic process to make chemically patterned
substrates precisely, Nealey and coworkers®® have significantly
improved direct assembly of BCP thin films on chemically
heterogeneous surfaces Not only have they shown that the patterning
can direct the morphology but that the copolymers can be used to
improve the line-edge roughness of the features lithographically
placed on the surface which is a technologically critical problem in
nanolithography.

Heterogeneous surfaces with a gradient in length scales, from the
nanoscopic to the microscopic, can also be produced by using mixtures
of homopolymers and BCPs to act as templates for surface patterning.®”
In particular, by blade coating heterogeneous surfaces can be prepared,
though such surfaces have not been used to control the orientation or
ordering of BCPs.

3. Nanopatterning from BCP Thin Films

The self-assembly of BCPs into arrays of nanoscopic elements makes
them ideal candidates as templates and scaffolds for the fabrication of
nanostructured materials. While self-assembly generates the arrays of
elements, it is necessary to harness the self-assembly so as to spatially
direct the assembly into usable structures. This may simply mean
controlling the orientation of the microdomains into arrays oriented
parallel or normal to the surface of the film without any concern over the
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lateral ordering of the microdomains. Indeed applications ranging from
low dielectric constant insulators to filtration membranes for virus
particles have already been realized using such a directed self-assembly
concept where only the orientation of the microdomains is controlled.
However, if BCP thin films are used as templates for addressable media
or for polarization applications, it is necessary to control both the
orientation and the ordering of the microdomains to a high degree and a
biased, directed self-assembly must be used. Here, top-down approaches,
like photolithography, which are used to pattern or sector a surface and
are coupled with a bottom-up approach, like self-assembly, to
obtain multi-length scales control over the ordering and spatial location
of nanoscopic elements for device fabrication. Approaches to control
the orientation of BCP microdomains include the use of solvent
6263 epitaxial
crystallization,” graphoepitaxy,’® controlled interfacial interactions,*
thermal gradients,”’ zone casting,”® optical alignment,” * and shear.*"™*’
This section will discuss long-range ordering of BCP thin films induced
by solvent annealing, zone casting and optical alignment approaches that
have been used effectively.

fields,69'73 electric fields,74 chemically patterned substrates,

3.1. Solvent Annealing

The preparation of BCP thin films under various solvent evaporation
conditions is an effective way to manipulate the orientation and lateral
ordering of BCP microdomains in thin films. The solvent evaporation
rate is one of the key factors that control these kinetically trapped
nanostructures. For instance, inverted phases consisting of spheres or
cylinders of the majority fraction block in a polystyrene-block-
polybutadiene-block-polystyrene (PS-b-PB-b-PS) copolymer, which
were not predicted on the basis of typical thermodynamic considerations
for block copolymer melts, were observed by the control over the solvent
evaporation rate.*" * Libera and coworkers first reported that solvent
evaporation could be used to induce the ordering and orientation of BCP
microdomains.”” " ¥ Vertically aligned cylindrical PS microdomains
could be obtained in a PS-b-PB-b-PS triblock copolymer thin films with
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a thickness of ~ 100 nm.”” The same effect was also observed in a
polystyrene-block-poly(ethylene oxide) (PS-5-PEO) BCP thin films and
was attributed to a copolymer/solvent concentration gradient along the
direction normal to the film surface giving rise to an ordering front that
propagated into the film during solvent evaporation.”’ This orientation
was independent of the substrate. However, the lateral ordering of the
cylindrical microdomains was poor. Sibener® and later Russell et al.”
showed that evaporation-induced flow, in solvent cast BCP films,
produced arrays of nanoscopic cylinders oriented normal to the surface
with a high degree of ordering. Recently, Krausch and coworkers®® *
demonstrated that solvent annealing could markedly enhance the
ordering of BCP microdomains in thin films. By controlling the rate of
solvent evaporation and solvent annealing in thin films of PS-b-PEO,
Russell and coworkers’"”> achieved nearly-defect-free arrays of
cylindrical microdomains oriented normal to the film surface that
spanned the entire films. Moreover, the use of a co-solvent enabled
further control over the length scale of lateral ordering. Our most recent
results’ showed that cylindrical microdomains oriented normal to the
film surface could be obtained directly by spin-coating polystyrene-
block-poly(4-vinylpyridine) (PS-b-P4VP) BCPs from mixed solvents of
toluene and tetrahydrofuran (THF) (Figure 6(a)) and arrays
of highly ordered cylindrical microdomains formed over large areas
(Figure 6(b)) after exposing the films in the vapor of a toluene/THF
mixture for a while. This process was independent of substrates, but
strongly dependent on the quality of the solvents for each block and the
solvent evaporation rate.

Solvent-induced surface reconstruction has been used to generate
nanoporous templates from highly oriented PS-b-PMMA thin films.” By
modifying the interfacial interactions with an anchored random
copolymer, arrays of PMMA cylinders oriented normal to the film
surface could be produced. By exposing the films to acetic acid, PMMA
was solvated, while the glassy PS matrix remained intact. Upon drying, a
film reconstruction was observed where pores were opened in the
positions of the original PMMA cylinders as the PMMA within the pores
was transferred to the surface. This pore generation is completely
reversible such that, by heating the film above the glass transition
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temperature of the PMMA, the original morphology was regenerated. A
similar method was also used to generate nanoporous structures in PS-b-
P4VP BCP thin films by using ethanol to draw the P4VP to the surface.”'
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Fig. 6. A PS-b-P4VP thin film obtained by spin-coating (2 pm x 2 pm): (a) SFM height
images of an as-spun film; (c) SFM height images of a highly ordered and oriented array
of cylindrical microdomains after solvent annealing. Insets are the corresponding Fourier
transform spectra. (b, d) the corresponding Voronoi diagrams. Reproduced with
permission from ACS Nano.’"

3.2. Zone Casting

Zone-casting originally developed for the oriented growth of molecular
crystals, has been used to achieve large-scale alignment of nanoscale
domains in micro-phase separated BCPs.” Kowalewski and coworkers
demonstrated a large-scale, long-range ordering of lamellae in thin films
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of poly(n-butyl acrylate)-block-poly(acrylonitrile) (PBA-b-PAN) BCPs
by using a simple zone-casting technique.”® Zone-casting was performed
by depositing the copolymer solution from N, N-dimethylformamide
(DMF) onto a moving substrate with the aid of a syringe equipped with a
flat nozzle. To achieve the desirable solvent evaporation rate, the
temperatures of the copolymer solution and of the substrate were
controlled. It should also be noted that, by varying the casting condition,
the orientation of the microdomains with respect to the casting direction
could be controlled.

3.3. Opftical Alignment

Optical-alignment method on the molecular level is well-established in
liquid-crystalline systems.”” > Directionally selective light excitation,
using linearly polarized light of photoisomerizable molecules in a liquid-
crystalline polymer produced patterned, oriented microdomains in the
films. Recent investigations have revealed that such photoexcited
collective molecular motions can lead to lateral mass transport over
distances of micrometers.”” > Seki and coworkers’® proposed an optical
3-D (both out-of-plane and in-plane) alignment of nanocylinders of a
BCP comprised of a liquid-crystalline photo-responsive block and a PEO
block by applying the concept of photo-induced mass migration. The key
for out-of-plane alignment (whether the cylinders are oriented normal to
or parallel to the substrate surface) is the control of the film thickness,
while that for the in-plane alignment is the direction of polarization
of the light during the illumination (Figure 7). Moreover, lkeda and
coworkers® demonstrated a noncontact-optical method by using
polarized light to control a parallel patterning of PEO nanocylinders in
an amphiphilic- liquid-crystalline BCP film.

3.4. Shearing

BCPs in bulk can easily be aligned by mechanical shear.* * This
technique has been widely used to align lamellar, cylindrical, spherical,
and bicontinuous microdomains, but was limited to relatively thick films.
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Recently, Register, Chaikin and coworkers®!" % have demonstrated that a
single layer of cylindrical microdomains®' and bilayers of spherical
microdomains® in BCP thin films can be aligned by applying shear. In
their experiment, a PDMS pad is placed in contact with a heated BCP
film. When subjected to a lateral motion, the stamp elastically distorts
and shears the BCP thin film reorienting the microdomains in the

direction of the applied shear.
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Fig. 7. Thickness dependence of the
azobenzene (Az) and cylinder
alignment. a) Chemical structure of
the diblock copolymer consists of
PEO and poly(methacrylate) con-
taining an Az unit. b—d) Phase-mode
AFM images (1 wm x 1 pm) of the
p(EO;14-Azg7) film with different
film thickness: b) 20 nm, c¢) 30 nm,
and d) 70 nm after annealing and
exposure to hexane vapor. e-g) UV-
vis absorption spectra of the
corresponding p(EO14-Azg;) films
are shown: e) 20 nm, f) 30 nm, and
g) 70 nm thickness for as-cast (1)
films and after exposure to hexane
vapor (2). h) Schematic illustration
of thickness dependence on cylinder
alignment. Reproduced with permis-
sion from Advanced Materials.*®

4. Applications of Nanopatterned BCP Thin Films

4.1. Nanoporous Membrane for Filtration of Viruses

Ultrafiltration membranes with small pore sizes have been used for the
separation of viruses.”” *® However, they were not very effective, since
the virus particles permeates through a small number of abnormally large
sized pores.”” Track-etched polycarbonate (PC) and anodized aluminum
oxide (AAO) membranes with uniform pore sizes have also been studied
for the separation of viruses. While the pore size distributions are narrow
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for these membranes, both types of membranes show a very low flux for
virus separation.”® Thus, a new type of membrane, providing both high
selectivity and high flux, was needed for this purpose. Recently, Yang et
al. introduced a new membrane with an asymmetric film geometry,
which shows both high selectivity and high flux.” Figure 8 shows
schematic diagram of the fabrication of asymmetric nanoporous
membranes. This membrane consists of a thin nanoporous layer,
prepared from a PS-b-PMMA BCP template (~80 nm thick film with
cylindrical pores of ~15 nm in diameter and a narrow pore size
distribution), and a supported membrane that provides mechanical
strength. This asymmetric membrane showed ultrahigh selectivity while
maintaining a high flux for the separation of human rhinovirus type 14
(HRV14), which has a diameter of ~ 30 nm.'® This virus is a major
pathogen for the common cold in humans. Since the pore diameter in the
top layer can be tuned from 10 to 40 nm by changing the molecular
weights of BCP or by adding a homopolymer miscible with the minor
component of the BCP,'™ ! the cutoff size of the membrane filter could
be precisely controlled.

(@)
-I-.-l- Floa

ting film
Si wafer |-

I sio, B Neutral Brush
PS block W PMMA block

Bl PMMA homopolymer

l Acetic acid
® o ®

F-EW = rag'\ree"i

Fig. 8. Schematic depiction of the procedure for the fabrication of asymmetric
nanoporous membranes. Reproduced with permission from Advanced Materials.*®
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With these pore sizes, these asymmetric membranes allow
biomolecules like proteins, present in the unfiltered solution, to pass
through the membrane, while only the viruses are screened. The unique
characteristic of this new membrane filter eliminates the risk of
contamination from viruses while processing biotherapeutic proteins
such as vaccines and hormones. Therefore, this new membrane can be
used to develop new types of blood filtering systems, such as a
haemodialysis membrane that is free of the risk of viral infection.

4.2. Incorporation of Nanocrystals and Nanoreactors

Quantum size effects and large surface to volume ratios contribute to the
unusual properties of inorganic nanoparticles and studies of these effects
have sparked great interests in novel fabrication processes of metal or
metal oxide nanoparticles. The synthesis of nanoparticles from BCP
microdomains is an effective route to control the size distributions,
shapes, and spatial placements of nanoparticles. In the simplest rendition,
one may use BCPs where one block has a higher affinity to the
inorganics. For instance, Jaeger and coworkers demonstrated that metals
deposited directly to the surface of a film would segregate into the
underlying microdomains.'” The formation of ordered patterns is also
possible by assembling BCP micelles upon casting, which has evoked a
major interest for potential applications. Micellar cores offer a unique
microenvironment, namely a nanoreactor, where inorganic precursors
can be loaded and then processed by wet chemical methods to produce
nanoparticles with a narrow size distribution, in a similar way as it is
done with microemulsions.'” The ordered deposition of gold and silver
nanoclusters from micellar PS-b-P4VP'* ' and PS-b-PAA'" have been
reported.

4.3. Planar Optical Waveguide

While polymer-based optical waveguide materials have been widely
discussed,'”” little attention has been paid to BCP systems in regard to
their applications in the field of optical elements. Kim et al.'®
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demonstrated that thin films of BCPs with controlled orientation of
microdomains can be used as planar optical waveguides and they
investigated the waveguiding properties using optical waveguide
spectroscopy (OWS).'” "' Thin films of mixtures of PS-b-PMMA and
PMMA homopolymers, with cylindrical PMMA microdomains oriented
normal to the film plane, were used as optical waveguides with light
being coupled into the film at different modes. The nanofabrication
processes occurring inside the layer were monitored by OWS. The
confinement of the PMMA homopolymer to the microdomains markedly
enhances the aspect ratio of the microdomains by ~10 times over that
seen in the bulk period,'"' which makes the film suitable for waveguiding
applications. Resonance coupling between surface plasmons (or plasmon
surface polaritons) and incident photons can occur at a metal/dielectric
interface, especially in the experimental setup known as the Kretschmann
configuration (Figure 9).'" ''* If the thickness of the dielectric layer is

(A) (B)
laser @ deﬂtector
light W
g E \
\)
IR R L R R R R AT R R
EH glass substrate [ 3-MPS PS block
| Ny sio, PMMA block
Ag [l Heutral Brush B PMMA homopolymers

Fig. 9. A) Schematic diagram of the OWS setup based on the Kretschmann
configuration, and of the idealized field distributions of several guided modes in the
waveguiding layer. B) Schematic diagram of a thin film of PS-b-PMMA/PMMA
homopolymer mixture with PMMA microdomains aligned normal to the substrate
surface fabricated onto glass substrate. PS: polystyrene; PMMA: poly(methyl
methacrylate); 3-MPS: 3-mercaptopropyl trimethoxysilane. Reproduced with permission
from Advanced Materials."®
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further increased (in organic polymeric layers typically thicker than
~ 200 nm), waveguide optical modes, in addition to surface plasmon
resonance, can be observed.'” '’

4.4. Templated Growth of Nanowires

An advantage of the cylindrical microdomains in BCPs is the high
aspect ratio and non-connectivity of the microdomains. For a 20-pm-
thick film containing cylindrical microdomains that are 20 nm in
diameter, an aspect ratio of 1000:1 is obtained. This advantage has been
used where, under an applied electric field, the cylindrical microdomains
of PMMA were oriented normal to the surface in films with thicknesses
of ~30 pm. Thurn-Albrecht et al.”* oriented the PMMA cylindrical
microdomains in a PS-b-PMMA BCP by applying an electric field across
the polymer film (Figure 10). Upon removal of the PMMA
microdomains, metals, including cobalt, lead, and iron were placed

a. Al

Kapton
PS
) PMMA
Au
Kapton
b.

Nanowires

Fig. 10. Left: A schematic representation of high-density nanowire fabrication in a
polymer matrix. (a) An asymmetric diblock copolymer annealed above the glass
transition temperature of the copolymer between two electrodes under an applied electric
field, forming a hexagonal array of cylinders oriented normal to the film surface.
(b) After removal of the minor component, a nanoporous film is formed.
(c) By electrodeposition, nanowires can be grown in the porous template, forming an
array of nanowires in a polymer matrix. Reproduced with permission from Science.”
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within the nanopores by electrochemical deposition. The cobalt
nanowires showed a single magnetic domain behavior™* and enhanced
coercivities'”® in comparison to continuous cobalt films, and hold
promise for use in ultrahigh-density magnetic storage devices
(approaching one terabit per square inch). The effectiveness of
nanoporous PS-b-PMMA thin films in generating such structures has
motivated in-depth work in optimizing the fidelity of the structures and
controlling the feature sizes.'"*

In addition to above mentioned applications, BCP thin films have
received attention for use in the nanolithography process. The periodic
nanostructure patterns of BCP films can be subsequently transferred to
various kinds of substrates by a standard lithographic ion-etching process,
due to the different etching sensitivities of the two building blocks. The
regular nanopattern achieved can be used for a variety of applications,
like high-density magnetic recording media, and quantum dot
arrays.'™''® Another application of BCP thin films is in photonic
materials. This is especially the case of BCP thin films that self-assemble
into well-defined alternating layered structures.'"’

5. Summary and Outlook

Recent research efforts have demonstrated the utility of BCP thin films
as components in a new generation of optical and electronic devices.
Lithographic and micro-fabrication techniques using BCP thin films
offer unprecedented feature dimensions and densities. Moreover, elegant
methods of harnessing the microphase separation to produce ordered
dispersions of inorganic nanoparticles are being developed. However,
for many potential applications, e.g., addressable memory devices,
limitations arise from imperfections in the long-range lateral order and
the restricted choice of motifs. Significant advances have been made,
though, by exploiting interfacial interactions and confinement effects, the
use of external fields, and the use of chemically and topographically
patterned substrates. Such morphological control, necessary in any
applications, evolved directly from research on the fundamental physics,
chemistry and engineering of BCP films. Further control in generating
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hierarchical assemblies with 3-D structures can easily be envisioned with
BCPs where control over structures and assembly on multiple length
scales will be possible.
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CHAPTER 2

EQUILIBRATION OF BLOCK COPOLYMER FILMS ON
CHEMICALLY PATTERNED SURFACES

Gordon S. W. Craig, Huiman Kang and Paul F. Nealey

Department of Chemical and Biological Engineering
University of Wisconsin-Madison
Madison, Wisconsin, 53706
E-mail: nealey@engr.wisc.edu

We provide a summary of the assembly of block copolymer films as
they equilibrate on substrates patterned with regions of different
chemical functionality at the approximate length scale of the domain
dimensions of the copolymer. Important characteristics of the
chemically patterned surface are shown to be the interfacial energy
contrast of alternating regions of the pattern, and the pattern layout. As
the interfacial energy contrast with respect to the two blocks of the
copolymer increases, the selective wetting of the alternating regions of
the pattern by different blocks of the copolymer also increases. As the
contribution of interfacial energy is increased, it plays a larger role in
the equilibration of the copolymer, and drives the assembly towards
vertical orientation of domains away from the surface, and alignment
and registration of the domains with the underlying chemical pattern.
In some cases, the interfacial energy of the chemical pattern can
eliminate structural defects, elongate or compress the configuration of
copolymer chains, and create morphologies that do not naturally occur
in the bulk. The forced registration of the copolymer domains to the
chemical pattern automatically causes low defect densities in periodic
and nonregular structures registered to the chemical pattern. Research
on this subject has benefited from a combined theoretical and
experimental approach.
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1. Introduction

One of the fundamental characteristics of block copolymers is that they
can self-assemble into discrete domains in a process governed by
thermodynamics.' The size and configuration of the domains depends
upon the number and relative lengths of the blocks in the copolymer, the
total degree of polymerization, and the Flory-Huggins interaction
parameter, ¥, of the disparate blocks. In the case of thin films, added to
these intrinsic characteristics that govern self-assembly are external
factors of the copolymer film system, such as film thickness® and surface
and interfacial interactions.” The resulting domain structures have length
scales on the order of 5-100 nm, which span current and future integrated
circuit element dimensions.* As a result, interest has grown in the use of
thin film block copolymer domain structures as templates for device
fabrication”™? or as precursors for the fabrication of electronic
elements.””"> However, for many template applications, it is necessary
to control the orientation and ordering of the domains,'®'” and desirable
to create patterns beyond what one would obtain with the predominantly
occurring morphologies of block copolymers, e.g. series of parallel lines
or hexagonal arrays of spots.'®"

One straightforward approach to control domain orientation relies
upon tailoring of surface and interfacial interactions. Surfaces that are
wet preferentially by one of the blocks can force lamellar’®*' or
cylindrical>>* structures to lie parallel to the surface. In contrast, a
surface that is not preferentially wet by either block of the copolymer
will lead to perpendicularly oriented lamellae®* or cylinders,”***
although these structures usually lack any lateral long-range order.”>**’

Several methods have been developed to create long-range lateral
order of block copolymer domains in thin films, including solvent
annealing,g,zg'31 electric field alignment,”’33 shear alignment,34 and
directed assembly on topographically'®*>*" or chemically>*'* patterned
substrates. In this chapter we will focus on the process of directed
assembly on chemically patterned substrates, in which alternating
regions of the chemical pattern are spaced to match approximately the
domain spacing of the block copolymer, and also have a significant
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contrast in their interfacial energies with respect to the two blocks of the
copolymer, resulting in selective wetting of the alternating regions by the
different blocks. The selective wetting of the chemical pattern regions
drives the domain assembly process, to which we refer in this chapter
simply as “directed assembly.”

The effect that the contrast in interfacial energy of neighboring
regions of the chemical pattern has on the block copolymer morphology
as it equilibrates on the pattern can be understood in terms of the
thermodynamic free energy of the total system. The energy of the total
system, comprised of the block copolymer film on the chemical
nanopattern, can be divided into the primary factors that contribute to the
energy of the system, and then analyzed to determine which factors
dominate the free energy of the system. In the case of a thin block
copolymer film on a chemically patterned substrate the primary factors
are assumed to be the following: the polymer chain configuration, the
interface between domains, and the contrast of interfacial energy
between the polymer and neighboring regions of the chemical pattern.’
The energy of these factors can be estimated with equations in the
literature. For example, one can estimate the free energy per chain to
change the width of the domains in a thin block copolymer film on a
chemically neutral surface by using equations for the energy associated
with stretching or compressing chains and for the interfacial energy per
chain at the domain interface.*** In an example system of a 40-nm-thick
film of symmetric polystyrene-block-poly(methyl methacrylate) (P(S-b-
MMA)), with a M,, of ~100 kg/mol, the estimated free energy per chain
to change the chain configurational entropy such that the domain period
is decreased by 5% would be 0.011, in units of k7, which
includes a free energy change of -0.141 kT for the compression of the
chain and 0.152 kT for the change of the S-MMA domain interface. It is
the balance between chain configuration and interfacial energy that sets
the bulk lamellar period, L,.' These free energy values can be compared
to the free energy per chain provided by moving one block of the
example system from a neutral surface chemistry to a surface chemistry
with great affinity for the block, which equals 0.064 kT, based on
equations’ and surface energy values™ in the literature. The interfacial
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energy contribution to the film by the chemical pattern is a function of
film thickness, such that the surface would contribute 0.129 kT per chain
to a 20-nm-thick film, but only 0.026 kT to a 100-nm-thick film. Thus,
in the example system as the block copolymer morphology equilibrates
in the presence of the chemical pattern, it will be thermodynamically
driven to register to the pattern, even for film thicknesses of 200 nm. In
the case of morphologies that do not match the chemical pattern, the
chemical pattern can direct the copolymer to completely reconfigure its
morphology, again over significant film thicknesses.

Knowledge of the relative energy contributions in the block
copolymer film on a chemical nanopattern can shed light on both the
lateral long-range order and defect reduction achieved with the directed
assembly of block copolymer films. In terms of lateral long-range order,
the energy imparted by the chemical nanopattern to the block copolymer
film drives the registration and orientation of the domains to the
pattern,*' such that the long-range, lateral domain order matches that of
the underlying chemical nanopattern. In terms of defect reduction, the
energy associated with the various defects in a block copolymer domain
structure has not been calculated, but one could consider the 5% width
change mentioned in the previous paragraph as a type of defect.
Similarly, one could consider a curved lamellar domain as another type
of defect. We can estimate the free energy per chain required to deform
a lamellar structure about a curve*’ with a radius equal to 5 times L, to be
approximately 0.012 kT in the example system. These free energy values
are all fractions of a kT unit, so there is not a large free energy penalty
for the existence of a defect in the lamellar structure. Additionally, large
activation energy barriers exist to prevent the block copolymer from
removing the defect on its own.”’” However, the energy associated with
these example “defects” is significantly less than the interfacial energy
imparted to the film by the chemical pattern. Thus, in the example case
given in the preceding paragraph, the interfacial energy can overwhelm
the relatively small free energy values of defect structures, orient and
position domains, and even force the copolymer into morphologies that
do not exist in the bulk.**"’
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2. Directed Assembly of Block Copolymers

The general directed assembly process, shown in Fig. 1, starts with the
creation of a chemical surface pattern. A thin (< 100 nm) film of block
copolymer is coated onto the chemical pattern, and subsequently
annealed. The different blocks of the copolymer selectively wet
alternating regions of the pattern, causing the block copolymer domains
to register to the pattern.*"**  For technological applications, one of the
blocks can be selectively removed, leaving the remaining block to serve
as a template. Unlike the formation of the block copolymer morphology
in the bulk, the domain orientation and ordering is driven primarily by
the chemical pattern, and less strongly by neighboring domains.

o & & N

Si wafer
a— y ——F 5 ' >
a b c
Block A affinit B A domain
Y Il A-B copolymer film
Block B affinity Il B domain

Fig. 1. Directed assembly of a thin film of A-B block copolymer on a patterned surface.
The top and bottom rows depict the directed assembly of lamellar and cylindrical
morphologies, respectively. The directed assembly process starts with a chemical
nanopattern on a substrate. In step (a), the block copolymer is spin coated onto the
chemical nanopattern. Annealing in step (b) leads to self-assembly of the copolymer
domains, directed by the underlying chemical nanopattern. In step (c), one of the
domains is selectively removed to leave a template consisting of the other domain.

Assuming the pattern period L, is commensurate with L,, the block
copolymer domains will be oriented perpendicular to the substrate, and
the morphology will have the same lateral long-range order as the
chemical pattern at the copolymer/pattern interface. In this case, the
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only question concerning long-range order is how far the morphology at
the interface propagates through the thickness of the film toward its
surface. As the distance from the interface increases, the influence of
the chemical pattern decreases, and for sufficiently thick films, the
copolymer will revert to a bulk-like morphology at its free surface. As L
and L, become less commensurate, the thickness over which the
chemical pattern can direct the polymer morphology will decrease.
Finally, in the case when L; >> L,, the domains will assume a parallel
orientation at the substrate interfaces.*

2.1. Importance of Commensurability

Initial research by Rockford et al. demonstrated that one could use a
chemical nanopattern to influence the orientation and order of a block
copolymer’s morphology in a thin film.* They created a chemical
surface pattern by evaporating Au at an oblique angle on the crystal
lattice steps of an etched, mis-cut silicon wafer, resulting in a substrate
that had alternating Au and silicon oxide stripes with L; of 60 nm. They
then used symmetric P(S-b-MMA) of varying molecular weights to
investigate the effect that the commensurability of L, and L; had on
copolymer self-assembly on their chemically patterned surface. They
defined the degree of commensurability J as the ratio of L, to L, and
used a two-dimensional order parameter f, calculated from the Fourier
transform of the image data, to analyze the assembled morphologies as a
function of O. The resulting P(S-b-MMA) thin films had vertically
oriented domains for dvalues of 0.78, 0.99, and 1.40, as shown in Fig. 2.
When & was 0.99, the most ordered domain structure was obtained.
However, even when commensurate, many defects in the domain
structure were apparent. Such defects could have been caused by a
number of factors, such as imperfections in the underlying chemical
pattern, insufficient interfacial energy contrast between the alternating
stripes of the chemical pattern to overcome defect formation in the film,
or intrinsic defects in the block copolymer self-assembly. The statistical
analysis done by Rockford et al. showed that the Au/oxide pattern
had approximately the same f as the sample with ¢ = 0.99 (see inset in
Fig. 2), but unfortunately, no direct mapping of the block copolymer
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morphology to the underlying chemical pattern was done. As a result, it
was impossible to discern whether the defects in the assembled structure
were due to replication of defects in the underlying chemical pattern, or
to a fundamental problem with the directed assembly process. In
hindsight, we believe that the commensurate samples were the only
samples with sufficient commensurability to have a high degree of
registration of the domains to the underlying chemical pattern, and that
the defects observed in the commensurate samples were likely due to

O substrate
O _Orientation|

© o}
o]
L L L L L |
0 100 200 300 400 500 600
Molecular Weight (Kg/mol)

Fig. 2. AFM tapping mode phase images of the free surface of P(S-b-MMA) films of a
range of molecular weights, solution cast on a 60 nm heterogeneous substrate. Molecular
weights (x 103 g/mol) [degree of commensurability 8], are as follows: (a) 57 [0.48];
(b) 84 [0.61]; (c) 113 [0.74]; (d) 121.3 [0.78]; (e) 177 [0.99], (f ) 300 [1.4]; (g) 535
[2.05]. The scale bar shown in (e) is 0.5 pm; same scale applies to all images. Inset is the
calculated 2D orientation function for each sample. (Reprinted from Ref. 49 with
permission of authors and the American Physical Society. Copyright 1999 by the
American Physical Society.)
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registration of the P(S-b-MMA) domains to defects in the chemical
pattern.

In subsequent work, Yang er al*® assembled P(S-b-MMA) on
chemically nanopatterned substrates made from self-assembled
monolayers (SAM) patterned with the interference fringes produced by a
Lloyd’s mirror.® They were able to generate substrates with a variety of
L, values, and studied systems with d ranging from 1 to 25. When L, >>
L,, the lamellar domains oriented parallel to the substrate, similar to
earlier studies of block copolymer thin films.’"** However, similar to the
work of Rockford et al., when L, = L,, the lamellar domains oriented
vertically to the substrate. But the work of Yang et al. suffered from the
same uncertainty as that of Rockford et al. in that it was impossible to
verify whether defects were due to problems with the directed assembly
process, or to defects in the underlying structure that were replicated in
the P(S-5-MMA) by the directed assembly process.

Along with the significance of commensurability, the work of the
Rockford and Yang teams pointed to the importance of quantitatively
mapping the chemical pattern, including whatever defects it may have, to
the final copolymer structure. Such mapping is necessary to discern
whether the directed assembly process is limited by defects that occur in
the copolymer self-assembly, or by defects in the chemical pattern. If the
process is limited by defects in the copolymer itself, then even a perfect
chemical pattern could not always induce a perfect structure in the
copolymer, and the technological applications of directed assembly
would be severely limited. By contrast, if the quantitative mapping
showed that the directed assembly process was limited by defects in the
chemical pattern, such that defects in the copolymer structure were only
due to defects in the underlying chemical pattern, then it could be
inferred that the copolymer domains were perfectly registered to the
underlying chemical pattern. In such a situation, registration of the
copolymer to a perfect chemical nanopattern would induce a defect-free
block copolymer morphology. Thus, the ability to quantitatively map the
chemical pattern to the final, equilibrated copolymer structure addresses
a singularly important question because it is ties directly to the efficacy
of the directed assembly process to generate defect-free domain
structures that are oriented and have long-range order.
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Kim et al.*' developed a process that enabled the quantitative
mapping needed to analyze the efficacy of the directed assembly process.
They used extreme ultraviolet interference lithography (EUV-IL) with a
transmission grating™ to pattern a photoresist layer on top of a SAM.
The use of EUV-IL with a transmission grating was a key technological
advancement in the study of directed assembly because it enabled the
creation of defect-free, fine-scale patterns over the entire patterned area.
The pattern formed in the photoresist was transferred to the underlying
SAM layer through an oxygen plasma process. An essential feature of
this process was that, although mapping the chemical pattern directly
was not feasible, one could quantitatively map the chemical pattern by
mapping the resist pattern used to create it. Importantly, the pattern also
had sufficient interfacial energy contrast to direct the assembly of the
copolymer. The combination of high interfacial energy contrast,
commensurability, and chemical surface pattern quality led to an
assembled morphology that covered a large area with a high degree of
perfection, as shown in Fig. 3.*' The perfection of the structure shown in
Fig. 3 proved that it is possible to put enough energy into the block

Fig. 3. Top-down SEM image of the perfect ordering of a P(S-6-MMA) block copolymer
patterned by an underlying SAM chemical pattern. The chemical pattern period was
commensurate with the copolymer bulk pattern period. The light and dark regions were
PS and PMMA domains, respectively.
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copolymer film through the interfacial energy contrast of the chemical
nanopattern to overcome defect structures. However, Kim et al. were
only able to achieve this structure when L; and L, were commensurate.
When L; was 2.5 nm larger or smaller than L,, such a perfect structure
was not obtained.

An example of the quantitative mapping of the chemical pattern
to the block copolymer structure performed by Kim et al. is shown
in Fig. 4* They imaged a section of photoresist that had a range
of exposures during EUV-IL (Fig. 4a), ranging from unexposed to
overexposed. They then used this section of chemical nanopattern to
direct the assembly of a thin film of P(S-b-MMA) (Fig. 4b). The
unpatterned or underexposed regions of PMMA caused the SAM to be
untreated chemically, resulting in the formation of perpendicular
lamellae without long-range order in the P(S-6>-MMA) film that covered
these regions. By contrast, the overexposed region resulted in the
oxidation of the underlying SAM during the chemical treatment. The
oxygenated SAM had affinity for the PMMA in the P(S-b-MMA),
resulting in a morphology that was parallel to the substrate.

2.2. Importance of Pattern Interfacial Energy Contrast

At the core of the directed assembly process is the effect that the
chemical pattern has on the thermodynamics of the block copolymer thin
film system. As alluded to in the introduction, the total free energy of
the block copolymer film can be viewed as a balance of thermodynamic
factors intrinsic to the bulk copolymer, such as the energy of the S-MMA
interface and the energy of stretching or compressing a polymer
chain configuration, and thermodynamic factors extrinsic to the bulk
copolymer such as the surface and interfacial free energies.” On a
neutral, unpatterned substrate, there is minimal contribution to the free
energy of the system by the extrinsic factors, and the intrinsic factors
dominate, resulting in perpendicular lamellae that have precise
dimensions but that are also relatively disordered. When the substrate is
chemically patterned, the interfacial energy can add to the free energy of
the system. As the amount of interfacial energy is increased, it can affect
the ordering and orientation of the domains of the film, as shown above.
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To achieve perfect structures like that shown in Fig. 3, there needs to be
sufficient free energy to overcome the formation of defect structures.
However, when L, and L, are commensurate, the amount of free energy

Fig. 4. Comparison of SEM images of chemical nanopattern and block copolymer
morphology. (a) Unpatterned (1), underexposed (2), and overexposed (3) regions of
photoresist used to form chemical nanopattern. (b) Resulting directed assembly
morphology, with the regions corresponding to (1), (2), and (3) denoted in (a).
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required to overcome the formation of defect structures can be achieved
without supplying the additional energy that would be required to stretch
or compress the polymer chains away from their bulk configuration. The
fact that additional energy is required to stretch or compress polymer
chains is why the directed assembly work of Kim er al.*' was only
completely successful when L, and L, were commensurate.

Based on this phenomenological argument, one can discern two key
attributes of the chemical nanopattern that affect the ability of the
chemical pattern to direct the assembly of the copolymer morphology:
commensurability of L; and L,, as referenced above in the work of
Rockford” and Yang,* and the strength of the interfacial energy of the
alternating sections of the chemical nanopattern. Edwards et al. were
able to demonstrate the thermodynamic balance of interfacial energy
contrast and commensurability by testing directed assembly on a series
of chemical patterns with increasing interfacial energy contrast.’
Edwards et al. built on the seminal work of Mansky et al. on neutral
wetting surfaces, which reported interfacial free energies of a series of
PS-PMMA random copolymer (P(S-~-MMA)) brushes with varying PS
content.”” Edwards et al. used EUV-IL to pattern a similar series of P(S-
r-MMA) brushes with varying PS content. The pattern was transferred
from the photoresist used in EUV-IL to the underlying P(S-r-MMA),
resulting in oxidized regions that were preferential to PMMA blocks, and
unoxidized regions that were preferential to PS blocks. The least energy
contrast was achieved with a patterned, oxidized 50:50 P(S--MMA)
brush, and the greatest energy contrast was achieved with a patterned,
oxidized PS homopolymer brush. They studied the range of
commensurability over which they could achieve perfect directed
assembly, as shown in Fig. 5. As they increased the interfacial energy
contrast, they were able to move away from the requirement of
commensurability.  In the case of the patterned, oxidized PS
homopolymer brush, they were able to assemble perfect structures when
L, was as much as 10% different from L,. The key point of their work
was that they demonstrated that the contribution of interfacial energy to
the thermodynamics of the system could overcome other thermodynamic
factors, such as the energy required to stretch or compress copolymer
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chains. The final structures of the copolymers in their work were truly
equilibrated, taking into account both the intrinsic and extrinsic factors
described above. With such strong interfacial energy contrast of the
alternating regions of the pattern with respect to the different blocks of
the copolymer, the alternating regions of the chemical pattern would
be wet by the different blocks regardless of the value of L,, When
the copolymer and the pattern were approximately commensurate, the

45 nm 47.5 nm . nm 52.5 nm

Fig. 5. Top-down SEM images of the directed assembly morphologies of P(S-b-MMA)
on chemically patterned surfaces of P(S-~-MMA) brushes as a function of pattern L;
(columns) and brush PS content (rows). Each micrograph shows a 2um x 2um area.
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impact of the patterned interface extended throughout an equilibrated,
50-nm-thick film.

Similar research has shown that the chemical pattern could supply
sufficient energy to overcome other thermodynamic barriers, such as the
energy required to bend lamellar domains, which increases as the radius
of curvature increases. For example, Wilmes et al. used a chemically
patterned PS homopolymer brush to direct the assembly of a lamellae-
forming P(S-b-MMA) copolymer into a series of concentric rings, as
shown in Fig. 6. The results of Wilmes et al. underscore one of the
basic principles of directed assembly, which is that the chemical pattern
will direct the assembly of the block copolymer as long as the energy
supplied by the chemical pattern is greater than the energy required for
the copolymer to replicate the pattern.

Fig. 6. SEM micrograph of P(S-b-MMA) on a silicon wafer with concentric
circles chemically patterned into a PS brush. Scale bar is 500 nm. (Figure
reprinted from Ref. 43 with permission of the American Chemical Society.)
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3. Directed Assembly Kinetics and Mechanism

While the preceding investigations have focused on the thermodynamics
of directed assembly, and shown the importance of the interfacial energy
contrast, it is also important to understand the kinetics and the
mechanism of the process. The mechanism of the directed assembly
process was experimentally investigated by examining the top surface of
a thin film of lamellae-forming P(S-6>-MMA) on a chemically patterned
surface at regular intervals during the course of annealing.™
Immediately after spin-coating, the P(S-b-MMA) is typically assumed to
be in a disordered state. After a short period of annealing, the copolymer
formed hexagonally-close-packed (HCP) styrene domains at the surface.
Additional annealing caused the styrene domains to coalesce to form a
mixed morphology of spheres and linear styrene domains. With
continued annealing, the linear styrene domains broke and reformed until
lamellae were formed. Several elements of this process can be observed
in Fig. 7, including the HCP styrene domains, vertical lamellar
structures, and disclination defects as the lamellar structures reform to
register with the underlying chemical pattern. In keeping with the
importance of the interfacial energy contrast, it is worth noting that the
P(S-b-MMA) film shown in Fig. 7 was on a chemical pattern with
relatively weak interfacial energy contrast, such that more defects were
apparent, and a longer time was required to anneal the sample to
perfection compared to other samples that were made with chemical
nanopatterns with greater interfacial energy contrast.”

Single-chain-in-mean-field (SCMF) simulations provided significant
insight into the experimental observations by delineating the interfacial
as well as the three-dimensional structure of the film as the copolymer
equilibrates in the presence of the chemical pattern (see Fig. 8). The
simulations suggested that first the PS and PMMA blocks wet their
preferred regions of the chemical nanopattern, forming an ordered layer
at the substrate that is registered with the underlying chemical surface
pattern. As the simulated annealing proceeds, the order at the interface
propagates upward through the film to the free surface. The unregistered
linear domains near the free surface break and reform new conformations
of linear domains until defects are removed.
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Fig. 7. Plan-view scanning electron micrograph of hexagonally-close-packed styrene
domains of P(S-b-MMA) transitioning into linear domains over a chemically patterned
neutral brush with L and L, commensurate. The chemically nanopatterned lines run from
left to right in the image. The black scale bar represents 200 nm.

b)u | ©) Cd) ]
: ' g
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Fig. 8. Snapshot images of the three dimensional behavior of P(S-6-MMA) on
chemically patterned substrates with L; =46 nm and L, =47.5 nm after various time steps
in SCMF simulations. PS domains are in yellow; PMMA domains have been removed
from the images. Blue areas represent an interface between PS and PMMA domains. In
the bottom left of each image, the top 75% of the film has been removed to reveal the
behavior of the block copolymer at the substrate. The number of Monte Carlo steps
corresponding to each image is (a) 100, (b) 1000, (c) 3000, (d) 5000, (e) 7500, (f) 10,000,
(g) 15,000, and (h) 21,000. (Reprinted from Ref. 54 with permission of authors and John
Wiley & Sons, Inc. Copyright © 2005.)
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There are important implications of the simulations and experiments
on the mechanism of directed assembly. First, at the interface the PS and
PMMA blocks will rapidly and uniformly wet their preferred regions on
the chemical pattern. Second, only after long annealing times can
defects at the surface be assumed to be equilibrium structures. The
SCMF simulations reveal that the morphology observed in the SEM
in Fig. 7 represents surface structures, and is likely not indicative of
the three-dimensional structure. Third, the kinetics of non-equilibrium
defect annihilation leading to the equilibrium domain structure
are governed primarily by the thermodynamics of the chemical
pattern/copolymer interface, which is markedly different from defect
annihilation in self-assembled block copolymers on chemically
homogeneous surfaces. In the latter case, fully developed domains are
formed, and the defects in those domains must diffuse until they are in
close proximity to other defects prior to annihilation.”® The effect of the
interfacial thermodynamics on the kinetics of defect annihilation in
directed assembly was readily apparent in the longer annealing times
required to achieve defect-free block copolymer domains on chemical
surface patterns that were either incommensurate with the block
copolymer or had lower interfacial energy contrast.

The mechanistic studies of directed assembly suggest that the time
frame for assembly relates to polymer mobility. The chains must have
the opportunity to diffuse over a characteristic length scale on the order
of the film thickness or L,. Indeed, annealing studies™ have revealed
that the time required for assembly decays exponentially with increasing
temperature, indicative of a thermally activated process. These
annealing studies showed that for the P(S->-MMA) system, the annealing
time to reach perfect assembly can be shortened significantly by
increasing the annealing temperature, as shown in Fig. 9.°° Because of
the weak temperature dependence of y on T for P(S-b-MMA),” even at
elevated temperatures the P(S->-MMA) remains below the ODT. In the
case of a commensurate chemical pattern with a high interfacial energy
contrast, by increasing the temperature to 250 °C, a perfect structure was
achieved within 1 minute.
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190 °C 210°C 250°C

TS [—
50 minutes 7 minutes 1 minutes

Fig. 9. SEM micrographs of the morphologies achieved from directed assembly of thin
films of P(S-b-MMA) on chemically patterned surfaces. The annealing temperature and
time to reach perfection for each image is shown above and below the image,
respectively. (All micrographs show a luym x 1 um area.)

4. Role of Block Copolymer Thermodynamics

Under certain conditions, the assembly process is not particularly
sensitive to the detailed geometry of the underlying chemical pattern. In
this sense, the directed assembly process is not “epitaxial”, as it has been
sometimes labeled.*"™® For example, irrespective of the width W of
adjacent stripes in the pattern, for a chemical pattern that has a large
interfacial energy contrast and has L; commensurate with L,, directed
assembly occurs with domain periods equal to L, and the domain
widths equal to Y2 L,. In other words, L, matters more than W. This
dependence on L, and relative independence from W, occurs because the
fundamental thermodynamic properties of the block copolymer still play
a significant role.

In a demonstration of a block copolymer’s ability to correct for
variation in W, Edwards et al. recently reported on the directed assembly
of P(S-b-MMA) on a series of chemical patterns with fixed L; and
varying W.”* Through experimentation and modeling, they demonstrated
that a chemically patterned PS brush could direct the assembly of P(S-b-
MMA) domains over a range of W, for a given L, as shown in Fig. 10.
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Similar to previous work on directed assembly, they found that perfect
directed assembly could be achieved over a wider range of W values
when L; and L, were closer to commensurability. Edwards et al. also
performed SCMF simulations to analyze the cross-sections of the
assembled lamellar domains as W was varied (see Fig. 10(c)). On
chemical surface patterns with a value of W/Lg of approximately 0.50,
the block copolymer structures oriented perpendicularly to the substrate
throughout the film. As W/L, diverged from 0.50, the domains created
trapezoidal structures to accommodate the underlying chemical surface
pattern. The width of the PS domains at half height, as determined from

(@) constantLs (D)

¢ le WI W/Ls=0.40 === W/Ls=0.50

Small W/Ls

E= W/Ls = 0.65 s

Fig. 10. (a) Schematic showing variation of line-width W while maintaining constant
pattern period L,. (b) Top-down SEM images showing uniformity of copolymer domain
width over constant L; chemical nanopatterns with variations of linewidth W ranging
from 20% smaller to 30% larger than the median value of Y2 L. (c) Results of SCMF
simulations of block copolymer thin films on chemically patterned substrates with
varying W. Three-dimensional snapshot (large) and two-dimensional contour plots
(inset) of SCMF simulations with W/Lg = 0.30, 0.45, and 0.65, from left to right, and
Lg= Ly =80 nm. Red domains are PS and blue domains are PMMA.
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the SCMF simulations, was equal to Ly/2, regardless of W, thereby
correcting for pattern regions where W # L/2.

5. Achievable Structures with Directed Assembly

Based on the understanding that the interfacial energy of the chemical
pattern can have a significant impact on the morphology of the block
copolymer film as it equilibrates, such that chain configurations that are
unfavorable in the bulk can be stabilized to minimize the overall free
energy of the system, one would expect that a variety of interesting and
potentially useful structures could be obtained. Recent work by Park
et al. demonstrated the variety of chemical pattern features that can be
replicated by a block copolymer.”® Park et al. chemically modified the
disordered fingerprint pattern that is generated when a lamellae-forming
block copolymer is placed on a neutral surface. The chemically modified
fingerprint structure served as a chemical pattern for a second layer
of the same block copolymer. Thus, L, and L, were automatically
commensurate. As shown in Fig. 11, the fingerprint chemical pattern
directed the assembly of the block copolymer for a variety of pattern
features, including line terminations, sharp bends, small radii of
curvature, and junctions. Also, although the domains in the copolymer
shown in Fig. 11 had different lengths, they all had the same block
copolymer period.

200 nm

Fig. 11. SEM images of (a) fingerprint chemical nanopattern and (b) corresponding
block copolymer morphology that was assembled on top of pattern in (a).
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One of the applications of directed assembly is the formation of
templates for integrated circuit manufacturing.”®**®" While the pattern
in Fig. 11 was generated randomly, elements of the fingerprint pattern,
such as T-junctions and line terminations, are regular fabric architectures
necessary for integrated circuit design.  Advanced lithographic
techniques such as EUV-IL and electron beam lithography can be used
to make periodic patterns of these fabric architectures. Curved lines
were shown in Fig. 6. Other useful fabric structures are shown below in
Fig. 12.”

Fig. 12. SEM images of P(S-b-MMA) structures after directed assembly on a variety of
regular fabric architectures generated by electron beam lithography: (a) line
terminations, (b) junctions, (c) T-junctions, and (d) jogs. Scale bar represents 250 nm.

It would also be beneficial to have the ability to generate structures
in which the spacing between domains could be varied. Stoykovich et al.
demonstrated this possibility in the formation of angled domains, as
shown in Fig. 13(a).”” The presence of an angle in a chemical pattern
creates two different pattern periods, as shown in Fig. 13(b). In addition
to the period L; away from the corner, there is the period L. at the
corners. In the case of a 90° bend, L. is 41% larger than L;,. Comparison
with the commensurability results presented above suggests that for a
block copolymer with L, = L, L. of 1.41*L is a much less favorable
geometry than defect structures at L,. The addition of PS and PMMA
homopolymer assisted the domain formation across L; and L.. SCMF
simulation of the blend formation showed that the PS preferentially
gathers at the angle of the cornered structure, as shown in Fig. 13(c). It
is significant to note that in this case, the interfacial energy supplied by



48 G. Craig, H. Kang & P. Nealey

the chemical pattern assembled a non-bulk period, and also stabilized a
homopolymer concentration gradient in the P(S-b-MMA)/PS/PMMA
blend, which would not normally exist in the bulk.

() (b)

Fig. 13. Angled domains of a ternary P(S-b-MMA)/PS/PMMA blend assembled on an
angled chemical nanopattern. (a) Top-down SEM of a 2pm x 2pum section of the ternary
blend directed to assemble on an angled chemical pattern with L, of 70 nm and a 90°
bend. (b) Schematic of the increased lamellar period at the corners of the bends. The
linear structures have a lamellar period of L, whereas the corner-to-corner lamellar
period is L. such that L. > L,. (c) Contour plot of the total homopolymer concentration
obtained from SCMF simulations for the blend directed to assemble on the same pattern
shown in (a), with the bulk period of the blend equal to 70 nm. The periodic red areas are
enriched in PS homopolymer.

6. Conclusion

Several key points can be drawn from the investigations of the directed
assembly of block copolymers on chemically nanopatterned substrates.
First, the final film morphologies represent thermodynamic minima of
the block copolymer equilibrating in the presence of the chemical
nanopattern. The contribution of the total free energy of the system from
the interfacial interactions between the film and the chemical pattern can
be a substantial fraction of the system free energy, and can drive the
orientation and order of block copolymer domains. The result is block
copolymer structures with low defect densities that are registered to the
underlying chemical pattern, and that can overcome propensity of the
system to form defects. Second, the directed assembly process is most
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readily accomplished when there is a large pattern interfacial energy
contrast and L, is commensurate with L,. However, with sufficiently
large interfacial energy contrast, the pattern can drive the block
copolymer into structures that have a period equal to Ly, even if L; # L,,
or into structures that do not naturally appear in the bulk. In the case of
symmetric block copolymers, the domain width will equal ¥2 L;, and not
the width of the corresponding pattern region. Third, because of
the interfacial energy contrast with respect to the different blocks of the
copolymer, the correct block will always wet the correct portion of the
chemical pattern. The morphology of the block copolymer will
propagate from the interface through the film if the pattern and
copolymer are approximately commensurate. Finally, the kinetics of the
process are thermally activated, with assembly time decaying
exponentially as temperature is increased.

These fundamental findings have garnered interest in using directed
assembly of block copolymers in advanced lithographic applications.”
Directed assembly can satisfy the essential lithographic process attributes
of being able to pattern a variety of semiconductor fabric architectures
with low defect densities over areas limited only by the lithographic
equipment used. The block copolymer is registered to the pattern, and
insomuch as one can control the formation of the chemical pattern, one
can control the placement of the block copolymer domains equally well.
The process is thermally activated, so it is possible to achieve the desired
block copolymer structures in under 1 minute, meeting one of the goals
of the International Technology Roadmap for Semiconductors.*

The directed assembly process has the potential to improve advanced
lithography in the arena of process control, because the assembled
copolymer structure is at a thermodynamic minimum. As a result, it is
not subject to change due to minor process variations, unlike kinetically-
limited processes. Additionally, the length scale of the structure that is
obtained depends on the period of the chemical pattern, and not the width
of a particular chemical pattern element. Fluctuations in linewidth that
might occur during the initial patterning of the chemical pattern would be
reduced or eliminated by the equilibrated block copolymer structure
overlying the chemical pattern. As a result, directed assembly of block
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copolymers on chemically patterned surfaces offers the potential to
reduce line edge roughness and improve critical dimension control in
advanced lithographic processes.
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1.

Block copolymers (BCP) are attractive materials, as they are lightweight,
corrosion resistant, easy to process at low temperatures, and generally in-
expensive. Moreover, due to the different chemical nature of the blocks,
(rational) design strategies, key to the philosophy of modern ‘soft’ nan-
otechnology, are within reach. For example, styrene-butadiene (PS-block-
PB) BCP can be devised that serve either as rigid, tough and transpar-
ent thermoplastics or as soft, flexible and thermoplastic elastomers, by

CHAPTER 3

STRUCTURE FORMATION AND EVOLUTION IN
CONFINED CYLINDER-FORMING
BLOCK COPOLYMERS

G.J.A. Sevink and J.G.E.M. Fraaije

Soft Condensed Matter Group, Leiden Institute of Chemistry,
Leiden University,
PO Bozxz 9502, 2300 RA Leiden, The Netherlands

We review the main results of an experimental /computational collabo-
rative effort. This research aimed at determining the fundamental mech-
anisms of structure formation in block copolymer thin films. Although
the experimental system was a cylinder-forming SBS block copolymer
thin film that forms terraces upon annealing, the results are general and
can be useful for the understanding of phase behavior also in other con-
fined systems. In this review, we focus on the computational part of this
study: we formulate the dynamic density functional method (DDFT),
that was developed earlier in our group, and show several applications.
We discuss in detail the important factors in thin films with both sym-
metric and asymmetric surface wetting conditions, and relate these find-
ings to experimental observations in annealed thin films. Finally, we
show how our computational method and an advanced dynamic scan-
ning force microscopy (SFM) method can be exploited in a synergetic
fashion to extract information about the elementary steps in structural
transitions at the mesoscopic level. In particular, the experiments vali-
date the dynamic DDFT method, and the DDFT calculations rationalize
the experimental surface measurements away from the surface.
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appropriate control of the chain architecture and PS/PB ratio.! They are
part of a fascinating class of materials of ordered fluids, that combines
crystal-like order on mesoscopic length scales with liquid-like disorder on
microscopic scales, and tend to self-assemble into patterns with character-
istic length scales determined by the molecular size, i.e. in the 10-100 nm
range. In bulk materials, the design manifests itself in the observation that
desired macroscopic properties, such as mechanical strength and opacity,
depend on the way that the polymer blocks are organised in space: in
particular, the structure on the mesoscale. In ‘soft’ nanotechnology, for
instance in the design of delivery systems for hydrophobic medicines or
scaffolds for other nanostructures, the macroscopic bulk properties are of
lesser importance, but there is a desire to assembly structures with specific
mesoscopic structure and/or behavior.

In the absence of external factors, the (equilibrium) patterns in BCP are
dictated by the interaction between the segments that comprise the copoly-
mer, the volume fraction of the blocks, and the molecular architecture of
the BCP. The patterns can, depending on these variables, be very com-
plex.? In reality, patterns are often also affected by kinetic factors, such as
the slow thermodynamic relaxation towards equilibrium and external fields
(for instance, shear fields) during their preparation, resulting in irregular
and/or metastable structures. Understanding the fundamental relation be-
tween molecular properties, processing conditions and kinetic factors on one
hand, and supra-molecular structures (or patterns) on the other hand, is
therefore key to any rational design strategy. A very important condition
is confinement, since molecular conformations and assembly are strongly
influenced by confinement. Interfacial interactions, symmetry breaking,
structural frustration and confinement-induced entropy loss play a deter-
mining role and may even lead to structures that differ from the ones found
in bulk. Especially the interfacial interactions give rise to an additional
driving force, because typically one component/block has a lower interfacial
energy than the other(s). This phenomenon belongs to a class of interfaces
of modulated phases.? In more general terms, confinement can be employed
to induce global orientation of microdomains, whereas in the bulk, grains of
ordered microdomains are randomly oriented. Recently, phase separation in
confinement has been the subject of extensive theoretical and experimental
work due to the intriguing prospects from a technological viewpoint. Here
we consider pattern formation in block copolymers in one-dimensional con-
finement. This type of confinement is present in thin block copolymer films,
which can either be free standing, bounded by air at two sides, supported,
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bounded by air and a solid substrate, or slits, confined between two solid
interfaces. Pattern formation in two- and three-dimensional confinement,
nanopores and nanospheres respectively, have been considered as well re-
cently, but are outside the scope of this chapter. Surface induced ordering
was first identified in lamellae-forming BCP thin supported films. The first
detailed experimental work, including a simple model, dates back to the
eighties of last century.®® The first theoretical investigation used mean-field
theory to study the 1-D equilibrium composition profile for near-symmetric
BCP in the presence of a confining wall.® Later studies identified two
major effects in lamellae-forming BCP.” ? The preferential segregation of
one type of blocks to the surface (the surface field) breaks the symmetry
and causes lamellae to align parallel to the confining interface. Moreover,
the film forms terraces, islands or holes, where the film thickness devi-
ates from the favored thickness, quantized with the bulk lamellar domain
distance L (the commensurability effect). This favored thickness can be ei-
ther nL or (n+1/2)L, with n an integer, depending on whether the surface
field promotes the same block (symmetric conditions) or different blocks
(asymmetric conditions) close to the surface. Slits are a special case of
confinement, as terrace formation is prohibited, and frustration due to a
mismatch between the favored and the actual film thickness can give rise
to perpendicular lamellae (with respect to the surface).

Several authors noticed that the situation for lamellae is special. The
symmetry of the bulk structure and the planar surface is the same, and con-
sequently the formation of parallel structures does not involve additional
elastic chain deformation. The situation for systems forming spheres, cylin-
ders or gyroid in the bulk (the other equilibrium morphologies in A — B
systems) confined between planar interfaces is different, and, as a result,
the phase behavior is expected to be much more complex. In these systems,
a planar surface, regardless of its orientation, always breaks the symmetry
of the bulk structure, and the microdomain structure has to adjust. Here,
we focus on thin films of cylinder-forming BCP. Experimentally, a variety
of deviations from the bulk cylinder structures was observed near surfaces
and in thin films, such as a wetting layer,'? spherical microdomains,!! a
perforated lamellae,'! cylinders with necks,'? and more complicated struc-
tures.'®14 A number of early modelling studies showed qualitative agree-
ment, and only in parts.!® In particular, it remained unclear which of the
reported phenomena were specific to the particular system and/or route of
film preparation, and which were general behavior.
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As systems with non-lamellar bulk structures play an significant role in

16 several groups have focussed on an unifying

technological applications,
description of the role of confinement, including a determination of key fac-
tors for different bulk structures. Here, we primarily focus on the combined
computational /experimental contribution of our group to the development
of this field, in collaboration with leading experimentalists from Bayreuth
University. This approach is truly synergetic: the measurements validated
the computational model, and the computational model allowed us to ratio-
nalize the thin film behavior away for the surface at which the measurements
were performed. Several phenomena in thin films of cylinder-forming BCP
were considered: phase behavior in symmetric conditions, in asymmetric
conditions, the dynamics of a particular phase transition, and the dynamic
of terrace formation. We review the most important computational results
and conclusions of these works. The general aim is to give the reader an
understanding of static and dynamic aspects of pattern formation in thin
films of BCP in general. First, we introduce the particular experimental
system for completeness and consider the computational model in more
detail.

2. Experimental System and Measurements

The experimental model system is a thin film of cylinder-forming
polystyrene-block-polybutadiene-block-polystyrenen (SBS) triblock copoly-
mer swollen in chloroform vapor, with molecular weights M,, ps = 14k,
M. pg = 73k and M, ps = 15k, respectively (PS is polystyrene, PB is
polybutadiene). More information about this system, that forms PS cylin-
ders in a PB matrix in the bulk, can be found in Ref. 17; only relevant
information is shortly reviewed here. Thin SBS films were spun cast from
toluene solution onto polished silicon substrates. The films were annealed
by exposing them for 7 h to a controlled partial pressure p of chloroform va-
por. The resulting microdomain structures were quenched via fast solvent
removal. The nonselective solvent acts as a plasticizer during annealing,
and merely induces chain mobility. Within the studied range of p = p/ps
(ps is the partial pressure of saturnated chloroform vapor at annealing
temperature) the lateral spacing between two neighboring PS cylinders, ay,
decreases with increasing p from ag ~ 41 to 39 nm. Initially the film is flat.
Terrace formation takes place during vapor annealing. The mesostructure
formation is monitored by TappingMode scanning force microscopy (TM-
SFM). Phase images were recorded along with height images to map the
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Fig. 1. (a,b)TM-SFM phase images of thin SBS films on Si substrates after annealing
in chloroform vapor at p = 0.62. The surface is everywhere covered with an ~ 10 nm
thick PB layer. Bright (dark) corresponds to PS (PB) microdomains below this top PB
layer. Contour lines calculated from the corresponding height images are superimposed.
(¢) Schematic height profile of the phase images shown in (a,b). (d) Simulation in
one simulation box of 352 x 32 x H(z) dimension, with increasing film thickness H(z),
eap = 6.5 and £ = 6. The isodensity surface 84 = 0.5 is shown. Reprinted from?28 with
permission. Copyright APS (2002)

lateral distribution of PS (bright) and PB (black) near the film surface,
via the difference in modulus.'®  Figures 1(a)-(b) show phase images of
two annealed SBS films for p = 0.62 with different initial film thickness.
Both films have formed regions of well-defined film thickness (terraces) as
indicated by the height profile shown in Fig. 1(c). At the same time, well-
defined microdomain patterns have formed, systematically changing with
the gradually changing film thickness. In particular, boundaries between
different structures correspond to height contour lines. Anticipating on the
computational results, we denote the structures by a shorthand symbol.
Bright stripes, indicative of PS cylinders parallel to the film surface (C))),
are the majority phase on the two terraces. Earlier work showed that the
parallel orientation on the higher terrace continues though the depth of
the film.'?2° The thinnest region of the film does not display any lateral
structure at all, indicative of either a disordered (dis) phase or a lamel-
lar wetting (W) layer. Thickness measurement suggest the presence of a
wetting layer everywhere in the film, so we conclude that a wetting layer is
most probable.?! On the slopes towards the first and second terrace, hexag-
onal patterns of bright dots are found, indicative of PS cylinders oriented
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perpendicular to the surface (C') ). Hexagonally ordered black dots indicate
the formation of a non-bulk structure of PB microdomains in an otherwise
continuous PS layer (a perforated PS lamellae, PL). Besides dots, and per-
forated lamellae, stripes are also found on this slope. Since these stripes are
found to coexist with dots for a particular film thickness (in between con-
tour lines), we conclude that this structure displays features associated with
both parallel and perpendicular cylinders. Modulated cylinders, ie parallel
cylinders with undulations or perpendicular necks, possess this property
and ‘C||+necks’ was therefore assigned to this structure. We refer to sepa-
rate publications for a detailed discussion of this type of cylindrical shape
modulations®® and the role of these interconnected structures in structure
transitions.*¢ Since all these phases appear in a single system and under
identical experimental conditions, we conclude that local film thickness is an
important control parameter. The experiments were repeated for a range of
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Fig. 2. Structure diagram of thin SBS block copolymer films on Si substrate after
annealing in chloroform vapor. Data are given for equilibrium film thicknesses of C) ,
(circles) and ‘dis’ (star), and for the upper and lower bounds, open or closed symbols
respectively, of C'| (squares) and PL (triangles). The latter correspond to contour lines
such as those shown in Figs 1(a,b). All lines and areas are drawn to guide the eye.
Reprinted from?8 with permission. Copyright APS (2002).

p during the annealing process, and surface morphologies were determined
for varying film thickness (after drying, see Fig. 2). With increasing p, the
total polymer concentration in the film decreases, which has the effect of
reducing the strength of the surface field (for a discussion, see the end of
next section). From Fig. 2, one can observe that the non-bulk PL phase is
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predominantly observed near the lower terrace, nested between C||. With
increasing p the total area of the PL phase decreases, and for p > 0.71 no
PL is observed. For larger thickness, only a small fraction of PL is formed
at particular film thicknesses.

3. Computational Model

The dynamic density functional theory (DDFT?2:23) is used to describe pat-
tern formation on the mesoscale. This method belongs to the class of field-
theoretic computer simulations (FTS) methods; for a recent overview, see
Ref. 24. This type of approaches were devised to overcome the drawbacks
of many microscopic particle-based methods. Except in rare instances,
particle-based methods are incapable of equilibrating sufficiently large sys-
tems of polymers at realistic densities to extract meaningful information
about structure and thermodynamics. The strategy in field approaches
involve a number of steps: (1) representation of the BCP by a suitable
particle-based model, leading to a reduction of the degrees of freedom to
particle coordinates, (2) conversion to a field theory, by replacing the vari-
ables in the partition function from particle coordinates to one or more
fluctuating potential fields, (3) discretization on a computational grid, and
(4) sampling with the proper statistical weights. The Gaussian chain rep-
resentation in DDFT, step (1), is known to be a sufficiently good model for
most (semi)flexible BCP. It is the same coarse-grained molecular model as
used in the well-known self-consistent field (SCF) theory. The goal in these
methods, the determination of the equilibrium solutions (or fields), requires
the localization of (inhomogeneous) saddle points. An powerful approach to
solve the SCFT equations (and find the equilibrium structures) are spectral
methods that act in the Fourrier domain.?® In contrast, the DDFT method
is a real space strategy. Compared to the spectral methods, it has the ad-
vantage that no symmetry is required in advance. At the same time, it has
the disadvantage of being rather inefficient for the determination of equilib-
rium solutions. If the DDFT algorithm reaches equilibrium (the situation
where the driving forces vanish, see below for details), the structure repre-
sents a solution of the SCF theory. In general, there are a finite number
of saddle points. The great advantage of DDFT over SCF theory is that
it follows the structural evolution in inhomogeneous BCP systems towards
equilibrium based upon a physical model. It is increasingly recognized that
many experimental structures are metastable (see, for instance, Ref. 25),
and that an understanding of dynamic pathways is crucial. In contrast
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to locating the saddle point based upon mathematical techniques, the dy-
namic equations in DDFT describe the collective diffusive dynamics of the
BCP system, and are therefore expected to relate directly to the dynamic
pathways and saddle points that are relevant in experimental systems. Al-
though one can argue that some physical phenomena, like viscoelastic and
hydrodynamic effects and chain entanglements, are not properly captured
in this model, we will show that the computational pathways capture the
dynamics in experimental thin film system very well (see section 6).

The dynamic equations, describing the time evolution of the relevant
field variables p;(r), are given by?”

%ZMV'PIVM-H?L (1)
Here, the type I denotes different bead types on the coarse-grained chain.
Each block copolymer molecule is represented by a set of connected har-
monic springs, or a Gaussian chain, with IV the total number of beads in
the chain, Gaussian bond length @ and bead volume v. We choose A3B12A3
as a coarse-grained chain representation for the SBS triblock copolymer.2®
The different bead types (A or B) relate to difference in chemical nature in
the actual chain; these beads typically represent a number of monomers.??
The fields p; are the concentration of blocks of type I, which have dimen-
sions of inverse volume; i is chemical potential, M is constant mobility and
17 is thermal noise, which is related to M via the fluctuation-dissipation
theorem.?? We note that the noise term is subject to some debate in the
literature? and does not extend the method beyond the mean-field ap-
proximation. However, fluctuations do not play a large role in the systems
considered in this chapter. In the absence of the noise term, the free energy
F' (see below) is monotonically decreasing; the role of the noise is primarily
to cross small barriers in the free energy landscape. We use a fairly simple
kinetic model; an extensive description of this and other dynamical models
can be found in Refs. 30 and 31. The chemical potential uy = 6F/dpy can

be found from the free energy?%23

Flp| = —len% - 2/\/ Ur(r)pr(r)dr
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for a system with mean-field interactions, occupying a simulation volume
V', in the absence of any external fields. This free energy functional does
not explicitly depend on time. The time evolution of the system as de-
scribed by Eq. 1 assumes that the system is in quasi-equilibrium, so that
there exists a free energy functional, Eq. 2. On every time instance of the
systems evolution, all intra-molecular degrees of freedom are assumed to be
equilibrated. This is a good approximation in case that the internal dynam-
ics of a single chain is faster than the collective dynamics of the ensemble
of chains. Although the free energy description, Eq. 2, incorporates spatial
resolution on the level of beads of chains, the time evolution described by
Eq. 1 is coarse grained. The bead-bead interaction potential er;(r —r’) is
chosen Gaussian and given by

e 1) = ey (s ) e |-l 0

Furthermore, in equation (2) k denotes the Boltzmann constant, T is the
temperature in Kelvin, n is the number of polymer molecules in the volume
V, and @ is the intra-molecular partition function for ideal polymer chains.
The last term is added to keep the system (nearly) incompressible. Exact
incompressibility would lead to an extra constraint for the chemical poten-
tials, and slow convergence due to the stiffness of the set of equations (1).
Hence, the parameter x determines the compressibility of the system and
pY is the mean concentration of the I-block (where the average is taken over
the sample volume V). The external potentials U; and the concentration
fields p; are related via the density functional.?? Confinement is incorpo-
rated as stationary ‘mask’ fields, vpys(r) = 1 for r € V°, in the simulation
volume V' (V? C V). The concentration and external potential fields (and
integration of these fields) are now restricted to V/V°. The presence of
the walls is accounted for by rigid wall boundary conditions in equation
(1), n-Vuy = 0, where n is the normal towards the surface.?* In the other
directions, the standard periodic boundary conditions apply. Moreover, the
energetic interaction of the BCP with the wall is accounted for by an extra
term in the free energy

D /V ennilr =2 pr (x)puy (' aedr (4)

similar to the third term for the cohesive interaction in equation (2).
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The (continuous) dynamic equations are numerically integrated on a
regular lattice by a Crank-Nicholson scheme, and specially developed finite-
difference stencils.3? The spatial resolution is limited to the grid distance
Ax, which is the base unit for all distances in the remainder. Prior to
the implementation, all variables were made dimensionless, and only the
most important choices are briefly reviewed here. From numerical con-
siderations, the time step AT = kT MAtAz~2 should be taken equal or
smaller than 0.5 to ensure stability of the numerical scheme.?? We chose
a slightly larger timestep, A7 = 0.73, but still small enough for stability.
Since ¢ and M enter in the simulation only as a product, all simulation
can be done without specifying either of them explicitly. As a result, the
timescale for the structure evolution can be determined from the exper-
imentally measurable mobility. Here, we focus on an alternative route,
were the time scales are derived from a direct comparison of pronounced
stages in the experimental and computational pathways. We make the rel-
evant variables, the concentration fields, dimensionless by multiplication
with the smallest volume v, and follow the evolution of 0;(r) = vp;(r).
In 3-D, the microstructure can be determined from isodensity surfaces,
which are computed by connecting all positions in space with the same
dimensionless concentration (isodensity) value. The energetic mean-field
interactions are determined by the weights €9, (bead-bead) and £9,,(bead-
surface) in the Gaussian kernels in Eqgs. 2 and 4. The dimension of these
parameters is kJ/mol, as in all our previous works,?3 and we omit zero-
superscripts in the following for simplicity. These parameters are directly
related to the more familiar dimensionless Flory-Huggins (FH) interaction
parameter x = ¢/(NakT), where € in J/mol and N4 is Avogadro num-
ber.?? Both the BCP architecture and length (A3 B12A3, N = 18) and this
FH interaction parameter are important, as they determine the equilibrium
morphology. We previously discussed in detail how these parameters can
be obtained for a three-component system of Pluronics 64 in an aqueous
environment.?? Although solvent is present in the experimental SBS sys-
tem, it is non-selective. Theoretical considerations show that the solvent
can be incorporated only implicitly,3® by considering effective interaction
parameters ¢ = ®& (where ® is a function of the polymer concentration,
and tilde denotes the value in the melt). In our earlier study,* this ef-
fective A — B interaction parameter for an A3Bg system was obtained as
x =2 (T = 413K), by fitting the order-disorder transition temperature of
an experimental SBS triblock copolymer.3> For the particular experimental
SBS triblock copolymer used here, we determined this effective interaction
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to be eap = 6.5 kJ/mol or x = 1.9 (T = 413). This value was determined
by matching the phase sequences for increasing thickness, and used in all
later studies.?® It gives rise to a hexagonally packed cylindrical phase in
the bulk.?® The slit calculations have been performed in volumes V of
dimension L x L x (H + 1), with H the thickness of the film. The vol-
ume is always chosen large enough to avoid strong boundary effects on the
microstructure and small enough to ensure numerical efficiency, needed to
do systematic analysis. The slit surfaces were represented as planes of one
layer thickness, one of which is positioned parallel to the L x L faces of
the volume, at the volume boundary (the other one is automatic, due to
the periodic boundary conditions). Only in the computational system of
Fig. 1(d), with dimensions 352 x 32 x H(z), the film thickness H was not
taken constant throughout the simulation volume. Instead, we imposed a
laterally varying film thickness H(z) similar (but not equal) to the pro-
file observed in the experimental terrace-forming thin film (see Fig. 1(c)).
In particular, the profile in the computational system is stepwise, and the
film thickness is incremented (from H = 3 to H = 11, see Fig. 1(d)) at
regular intervals along the a-direction (each 44 gridpoints). The surface
field strength is quantized by the value of € 45 and egy;. We consider the
difference £ = €4y — ey, since only the difference counts in the calcula-
tion of the chemical potential.37 For all simulations we set ey = 0. The
sign of £ shows the preferential attraction of A-beads (negative) or B-beads
(positive) to the surface. Finally we note that the experimental structures
for a decreased polymer concentration (increasing p) should be compared
to computational structures for a lower effective surface interaction £ (or
weaker surface field), following the reasoning above. This experimental
condition will also affect the effective € 45, the bead-bead interactions, that
was determined for p = 0.62. However, we will disregard this effect for
a small range around this value, since the experimental diagram in Fig. 2
suggests that we remain in the cylinder-forming regime (see Ref. 36 for a
more extensive discussion).

4. Symmetric Conditions

Here, we consider the computational systems where the surface field, &, is
equal at both surfaces. Focussing on the experimental thin film behavior
(Fig. 1(a)-(c)) once more, we note that the thickness gradient is actually
rather modest: the height of the step between the first and second terrace
is approximately 30 nm, while these terraces are laterally 1-2 pm apart.
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Consequently, the film can be considered almost flat on the scale of the
microdomain structures. Combined with the fact that the interfaces be-
tween different structures coincide very well with the contour lines derived
from height measurements, our computational focus lies on slits with fixed
thickness H (and periodic boundary conditions in other directions, L = 32),
and the relation between microstructure and two important system param-
eters in particular: the slit thickness H and surface interaction £&. We
have systematically varied these parameters in a broad range. The com-
putational H and experimentally measured film thickness can be directly
related by matching the microdomain distances ¢y, which is the relevant
length scale in the systems (see for a matching of £, lateron in this section).
To be complete, we have also studied the role of the interfaces between
different structures on the thermodynamic behavior. Starting with the lat-
ter, we first consider the result of DDFT in a simulation volume where the
surface interactions are appropriately chosen, and a thickness gradient is
imposed (wedge-shaped simulation volume V', Fig. 1(d), £ = 6). We note
that we have chosen a single wedge shaped simulation volume and that
the microstructure is not compiled from structures obtained by separate
simulations; more details about the simulation setup can be found in the
previous paragraph. With varying film thickness H, one can clearly observe
the same sequence of phases as in the experimental data (Fig. 1(a)-(b)): a
disordered layer (H = 3), short upright cylinders C'; (H = 4), parallel
cylinders C); (H = 5), perforated lamellae PL (H = 6), coexistence of
perforated lamellae and parallel cylinders PL/C) (H = 7), cylinders with
necks C|CL (H =8), C1 (H =9) and two layers of parallel cylinders C||
(H = 10—12). First, we note that the film thickness associated with differ-
ent structures is correctly predicted. Also the spacing of the perforation in
PL is 1.15 times larger than the spacing ag (= 7.0 £0.5) between cylinders,
similar to the experiments. The calculated structure diagram in Fig. 3,
showing final microstructure types in simulation volumes with constant £
and H, is not necessarily a phase diagram. In contrast to SCF theory, struc-
tures calculated with DDFT do not only represent equilibrium states; they
may be kinetically trapped metastable states, like in experiments. For the
determination of the final structure, we have used the requirement that the
free energy (2) does not vary with time any longer. For a quantitative com-
parison of the diagrams in Figs. 2 and 3, we have to take into account that
the film thickness on the vertical axis in Fig. 2 was measured in the dried
state (hereafter denoted by h%¥), whereas structure formation takes place
in the swollen state. We can estimate the thickness h*¢' in the swollen film
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Fig. 3. Diagram of surface structures of a Az B12 A3 block copolymer thin film calculated
by DDFT for e 4g = 6.5. The shades of grey in the boxes indicate that two phases were
found to coexist after finite simulation time. Smooth phase boundaries have been drawn
to guide the eye. Reproduced from?® with permission. Copyright APS (2002).

from the particular observed film structure by simple geometrical means
(for perfect C)| o, the thickness h** = aoV/3). This procedure has the ef-
fect of lining up the phase boundaries to the (almost) horizontal position.
For the horizontal axis, we previously assumed a simple qualitative relation
between vapor pressure p and surface field strength £ via the polymer con-
centration ®. Since the exact relation is unknown, we map both diagrams,
by fixing £ = 6 to p = 0.68 and using linear scaling around this value (see
axis in Fig. 2). We conclude that there is a striking agreement between
measured and calculated diagrams of intriguing complexity. In particular,
several important features, such as the onset of the PL phase for different
thickness, are well reproduced. In the remainder of this section, we there-
fore use the computational model to distinguish between the effects of two
constraints that are simultaneously present in thin films: the surface field
and the film thickness. For very thick films (H = 54, see Fig. 3) the effect
of the surface field is most prominent. While the structure in the bulk of
the film is (parallel) cylindrical, independent of the surface field, this field
is sufficient to induce considerable rearrangements of microdomains near
the surface, i.e. surface reconstructions. When there is a preferential at-
traction of the A-block to the surface (£ < 2), a thin A-wetting layer (W)
forms, which may be seen as half a lamella (Lz). In contrast to confined
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lamella-forming systems, a A-wetting layer is also formed for a vanishing
and slightly repulsive surface field. The cause of this behavior is the asym-
metry of the molecule; chain conformations with the shortest part of the
chain towards the surface are entropically favored. The cross-over point
where the entropic contributions and A repulsion are (nearly) balanced de-
pends on the asymmetry, and for this chain found at £ ~ 3. The result is
(') (chain conformations parallel to the surface). For larger &, the repulsion
of the A-block dominates, and the B block is preferential at the surface.
In the experimental thin film, the difference in interfacial energy between
PS and PB is like in this situation, and dictates PB surface-coverage. Next
to the B-wetting layer, cylinders of A align parallel to the surface (C|).
When ¢ is further increased, surface reconstructions with noncylindrical
microdomains are induced: first as PL, then a lamella (L). In these struc-
tures, the averaged mean curvature is gradually decreased to adopt to the
planar symmetry of the surface. On a chain level, the formation of these
surface reconstructions requires an increased elastic chain deformation (in
the layer closest to the surface) with increasing surface field. Since only the
layer next to the surface forms surface reconstructions, the range of the sur-
face field is limited. Our results indicate that surface fields extend into the
bulk with a decay length of about one microdomain spacing, and that they
are additive. The additivity explains why weaker surface fields are sufficient
to form a PL (or L) for thin films, compared to thick films. It also explains
the formation of PL in combination with a wetting layer (W + PL). Similar
to the situation in lamellae-forming systems, confinement effects modulate
the stability regions of the parallel phases (Cy, PL and L). The natural do-
main distance for hexagonally packed cylinders, co = agv/3/2 ~ 6, dictates
these commensurability effects, and a thickness H = ncg (n an integer) is
energetically favored. This causes easier deformable cylindrical phases to
occur at intermediate film thicknesses. For very small H (< ¢g) and weak
surface fields, confinement prevents microphase separation and stabilizes a
disordered phase. Such a disordered phase has been reported for ultrathin

films of lamella-forming diblock copolymers.3®

5. Asymmetric Conditions

In most supported films, the surface field, £, at the air and the substrate
are different. Also in our experimental system (section 2), PB is prefer-
ential at the air surface, while the substrate is covered by a wetting layer
of PS. This effect was considered in detail.3® Here, we focus on the main
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conclusions. For thick films, the situation is similar to the previous section,
although instead of only the same structure also different structures can
form in the layer next to the surfaces (in the bulk of the film, again parallel
cylinders are formed). For thin films, the asymmetry may lead to differ-
ent structures or orientations at each of the surfaces, that should connect
in a stable grain boundary somewhere in the bulk of the film. For thin
films of lamella-forming BCP, it was already shown that asymmetric sur-
face fields can give rise to hybrid structures®® when the two surfaces favor
different lamellar orientations. We found that cylinders can only form a
connected structure that is conceptually similar to this hybrid phase in
lamella-forming systems: cylinders with necks (C}|C1 ). Moreover, also dis-
tinct modulations of the cylindrical shape were observed, indicating once
again that the (bulk) cylindrical phase is easy deformable compared to the
induced phases. All other observed hybrid phases were combinations of
undistorted structures, W, C1, C);, PL or L (in the order of increasing
surface field), in parallel layers separated by a B-layer, or combinations
of these phases and cylinders with necks. Confinement effects modulate
the stability regions of parallel phases as before. However, the wetting
(W) layer plays a special role. When a A-wetting layer is present only
at one side (always of thickness ¢g/2), it effectively reduces the available
space for the other structures in the film to a more energetically favored
thickness. Wetting layers were not only found for stronger surface fields
than before (larger than & ~ 2, see Fig. 3), they can be structured, in
contrast to the featureless W for similar substrates. This structured wet-
ting layer was denoted as a half structure, and could be any of the undis-
torted structures. The combinations with full structures in the remain-
ing part of the film are only restricted by impossible chain conformations.
Finally, the experimentally determined wetting layer at the substrate ex-
plains the good match in the previous section. When a wetting layer is
present, the reduced film is effectively screened from the substrate, and
experiences an effective surface field at the side where the wetting layer is
located.?” For a featureless A-wetting layer, this surface field can be ex-
pected to be (almost) equal to the A — B interaction (eap = 6.5). If we
assume that the surface field on the air side is well parametrized (§ = 6),
this gives rise to almost symmetric conditions. Since the effective surface
field depends on the structure of the wetting layer, we concluded that the
structure formation in films with dissimilar substrates is the result of a com-
plex interplay between confinement effects, actual surface field strength and
(partial) screening.



68 G.J.A. Sevink & J.G.E.M. Fraaije
6. Dynamics of a Phase Transition

Although the static results were encouraging, the unique property of DDFT,
the kinetic model, was not fully exploited. The unique experimental setup
of our collaborators (in situ tapping mode scanning force microscopy TM-
SFM) allowed for direct imaging, in real time and space, of the microstruc-
ture dynamics during annealing. The results indicated that the influence
of the SFM tip on the structure dynamics was negligible. We concentrated
on the dynamics of a Cjj — PL phase transition that takes place dur-
ing the formation of the lower terrace (see the images of static structures,
Fig. 1(a)-(b)). To start with, a film of incommensurate thickness was spun
cast on a silicon substrate. Since microphase separation takes place on a
much shorter time scale than terrace formation, initially a surface structure
of white (PS) dots and rather flat film is observed. Assuming symmetric
conditions due to the presence of a wetting layer (screening, see the previ-
ous section), the associated 3-D film structure for this incommensurate film
thickness is perpendicular cylinders (C ) (see Fig. 3). At later stages, the
unfavorable film thickness gives rise to the formation of terraces of com-
mensurate thickness, by a complex interplay of microstructure transitions
and mass transport at a larger scale. With decreasing film thickness, a
bright dots — bright stripes — hexagonally-ordered dark spots transition
was observed, which can be related to a C'; — OII — PL transition (see
the supplementary movies in Ref. 40 for details). Apparently, the thermo-
dynamic driving force for the €| — PL transition is rather small, since
both structures are experimentally found on the first terrace, and height
measurements indicate that the transition is associated with only a very
small change in film thickness (compared to the C'| — C) transition). We
concluded that we can investigate the elementary steps in the C| — PL
transition by means of a simulation with dissimilar substrates for constant
film thickness H and large lateral dimensions (L = 128). We choose a com-
mensurate i/ = 10, and cross the C}/PL boundary by a small change in
the surface field &» at the upper surface ({1 = —1, giving rise to a wetting
layer W of thickness c¢y/2 = 3). In particular, starting from a homogeneous
mixture the simulated system is first quenched into a region where W+ C|,
(&2 = 5.5) is stable and subsequently into a region where W+ PL ({5 = 6.5)
is stable (see Fig. 3, we note that the effective &; =~ 6.5 due to screening).
We found that the simulations match the experimental data in great detail.
In the nucleation and growth stage, we observe the same structural defects
in the )| phase, such as cylinder-ends and three-armed connections, in the
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Fig. 4. Nucleation and growth. White dots indicate perforations and the star (in a
and e) denotes a three-armed defect in the C)| phase. a-d: snapshots of TM-SFM after
237, 267, 333 and 480 min of annealing. e-h corresponding snapshots from a large-scale
simulation movie after 8350, 10900, 17000 and 21650 time steps. Reprinted from*° with
permission. Copyright Nature (2004).

experiments and simulations (see Fig. 4). The connections always serve as
nucleation centres for the PL phase, which can be considered as a regular
network of three-armed branching points. A single defect is sufficient to
create a nucleus. First, three-armed connections cluster and form a single
ring, which becomes the minimal nucleus of the PL phase. Near the isolated
ring, additional connections between cylinders form, leading to a doubling
of the perforation number. This cluster continues to grow at its border.
The elementary process of this growth is the movement of kinks parallel
to the C)|/PL border. The existence of sharp borders is a clear indication
that the €| — PL is a first-order transition. Kink movement is similar to
the zippering transition that was proposed for the C' — L transition in bulk
specimens.*! The extend of the growth stage depends on the number of
nucleation centres. As grains with differently oriented PL touch, only small
grains of C|| remain. The annihilation stage (Fig. 5) proceeds by movement
of kinks at the phase borders, and the consecutive formation of rings. The
decrease of the area A of the ()| domain in time is shown in Fig. 6, and
clearly displays the stepwise and stochastic nature of the process, with the
formation of connections as the elementary step. This quantitative mea-
sure shows that the kinetics in the simulations and the experiments match
very well, and that one time step in the simulations corresponds to about
6 seconds of real time. Moreover, we used the decay rate to estimate the
interfacial tension between the two phases and found a very small value of
o ~ 2.5uNm~1,4 showing that the thermodynamic driving force for this
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Fig. 5. Annihilation. Dots indicate perforations at the PL/C|; boundary, crosses mark
spots where connections between microdomains form with time. a-e: snapshots of TM-
SFM after 538, 556, 607, 621 and 629 min of annealing. e-h corresponding snapshots
from a large-scale simulation movie after 22300, 24000, 24600, 25100 and 25300 time
steps. Reprinted from*® with permission. Copyright Nature (2004).

Time steps

Experiment ¢
NI S Simulation ---

10,000 0
te)

Fig. 6. Time evolution of the surface area A of the C|| grain in Fig. 5. The area is
estimated by the number of potential connections, marked by crosses. At ¢ =0, the C|
grain disappears. The solid line is a fit to obtain the surface tension. The inset shows the
experimental data and the fit on a logarithmic scale. Reprinted from° with permission.
Copright Nature (2004).

transition is indeed small. This small surface tension o, together with the
large viscosity of the BCP explains the difficulty of annealing defects in
BCP melts and solutions, and supports the characterization of order fluids
as soft condensed matter.
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7. Conclusion and Outlook

We have given a short introduction to the DDFT methodology, and showed
how this method was used to describe and understand complex pattern for-
mation and pattern formation kinetics in thin BCP films. Various other
methods, for instance coarse-grained Monte Carlo,*? have been used to
study confined BCP systems in various conditions (including patterned
surfaces), and we refer to the reviews and other chapters in this book for
details. The conclusions drawn from our own studies are general, since
the validated model is based on a coarse-grained chain representation and
mean-field interactions. We have restricted ourselves to BCP that form
hexagonally-packed cylinders in the bulk, and in particular found that sur-
face reconstructions, PL and L, can be induced by strong surface fields.
Few studies have considered the effect of confinement for other non-lamellar
A — B structures: gyroid (G) and spheres (S). We note that they may be
anticipated from our results, since PL directly relates to a confined G struc-
ture and the S — C transition was already observed in combination with
other external fields.*3 Although our kinetic model is simple and local, and
does not include hydrodynamics, the results of the previous section suggest
that the model is sufficient. This is a remarkable finding, as more detailed
simulation methods, such as molecular dynamics, hardly cover time and
length scales of 10 nm and 1 pus. We have shown here that mesoscopic mod-
els (like DDFT) can realistically model processes covering multiple length
(10 nm to 1 pm) and time (1 s to 10 h) scales. We note that, because of
the high viscosity in most BCP systems, one could have anticipated that
hydrodynamics does not play an important role. Moreover, chain entangle-
ments play a role in experimental systems, depending on the BCP length,
but our results indicate that our particular model for chain diffusion only
differs by a constant factor, which is hidden in the mobility M. In particu-
lar, we neglegt kinetic coupling between different beads by our choice of the
Onsager coefficients, and consequently the bead mobility does not depend
on the polymer length N. In more elaborate models for chain dynamics,
for instance Rouse or reptation, the total friction experienced by a diffusing
chain depends on the polymer length, and the bead mobility scales as N !
and N 2, respectively.4* Surface relief (the formation of terraces) has been
considered with DDFT,%%46 but is not discussed in detail here. Besides
showing a good match between experiments and simulations, including a
corroboration of the time scaling found in Ref. 40 of one time step =~ sec-
onds, the studies indicate that connected structures C;|CL and PL play
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an important role in mediating phase transitions. Future research on thin
films may focus on more complex morphologies in confinement (multiblock
and star BCP), selective solvent, combinations with other external fields,
and BCP /nanoparticle mixtures.
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Block copolymers have been used in a number of lithographic
applications including the fabrication of magnetic nanostructures,
which are of particular interest in data storage. This chapter reviews
the materials and processing requirements for block copolymer
lithography, and then describes pattern transfer from block copolymer
films into magnetic materials using both additive and subtractive
methods, and the magnetic properties of the resulting structures. To
create structures with long-range order, templating of the block
copolymer microphase separation is necessary, and the strategies for
accomplishing this will be reviewed with emphasis on the use of
topographically modulated templates. The chapter concludes with a
summary and outlook for block copolymer patterning of nanomagnetic
devices.

1. Introduction

The self-assembling nature of block copolymers makes them ideal for

the generation of periodic patterns useful in nanolithography.

Conventional lithography involves exposing a resist layer with photons
followed by a development step, and the feature size is therefore limited
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by diffraction, making the generation of sub-50 nm features difficult. To
create smaller features, electron-beam lithography is commonly used,'
but the serial nature of the process makes it expensive to pattern large
areas. A number of other nanoscale patterning processes have been
developed, including nanoimprint lithography,'*"> probe-based methods
such as dip-pen nanolithography,'® interference lithography,'”'® x-ray
lithography," and block copolymer lithography. The latter process has
received considerable attention over the last decade because of its ability
to pattern periodic features over large areas, and several reviews on this
subject have been published.""" In this chapter we will describe block
copolymer lithography with particular reference to the formation of
magnetic nanostructures and magnetic devices, in order to illustrate the
processes of pattern generation and pattern transfer. We will conclude
with a perspective on the application of block copolymer lithography in
device fabrication.

The overwhelming majority of block copolymer (BCP) lithography
research has been carried out using thin films of diblock copolymers
such as poly(styrene-b-methylmethacrylate) (PS-PMMA), though
triblock copolymers are occasionally used, offering the possibilities of
more complex pattern geometries. When spin coated from solution to
form a thin film on a substrate, diblock copolymers form the familiar
spherical, cylindrical or lamellar morphologies depending on the volume
fraction of the two blocks.” In PS-PMMA, for example, if the PS and
PMMA blocks have similar volume fractions, the polymer forms lamellar
domains of alternating PS and PMMA, and if the PMMA block is
between 21 and 33% by volume, the structure consists of parallel
cylinders of PMMA in a PS matrix. If the PMMA volume is below about
21%, the structure consists of a body centered cubic arrangement of
PMMA spheres in a PS matrix. For lithography applications, thin films
of BCPs can be processed similarly to a resist material. They can be spin-
cast, baked, and etched or stained. Removal of one block leaves a pattern
that can be used as a mask for subtractive patterning (e.g., etching) or
additive patterning (e.g., liftoff or electrodeposition) of a functional
material, in combination with other planar processing methods. This
compatibility with semiconductor tooling and processing makes BCP
lithography attractive for as an integrated part for nanofabrication.
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The geometry of the patterns that can be created by BCP lithography
depends on the morphology and orientation of the BCP thin films.”
Arrays of parallel lines can be made from a lamellar BCP with the
lamellae standing perpendicular to the substrate surface, or from a
cylindrical morphology BCP with the cylinders lying in plane. Arrays of
‘dots’ or holes may be made from a cylindrical morphology BCP with
the cylinders lying perpendicular to the plane, or from a spherical
morphology BCP. As will be described below, significant effort has been
devoted to imposing long-range order and improving uniformity in these
self-assembled patterns by the use of shallow substrate topography, by
chemical patterning of the substrate, or by the imposition of stimuli such
as an external electric field or a shear force to guide the self-organization
of the block copolymer domains. Guided self-assembly has enabled
arrays of well-ordered dots and lines, as well as structures with designed
aperiodicity, to be formed in BCP films and subsequently transferred into
functional materials.

The patterning of magnetic nanostructures using BCP lithography
has proved particularly interesting because of the potential applications
in data storage.””* The conventional hard disk stores data as a
magnetization pattern written in a continuous thin film of a
polycrystalline magnetic alloy. However, as data density increases,
thermal energy can overcome the anisotropy of the material and cause
erasure of the written data. It is believed that this superparamagnetic
behavior will impose an ultimate limit to the data density that can be
achieved in thin-film media.***® A possible strategy to extend recording
densities is to use patterned (discrete) magnetic media, consisting of an
array of magnetic ‘dots’ which are physically separated from each other.
Each dot is a single magnetic domain, and stores one bit of data.””>* For
such media to be competitive, data densities on the order of 1 Tbit/in®
and above are required,”’ corresponding to a pitch of less than about
25 nm, which imposes strict demands on the lithography method chosen
to define the pattern. BCP lithography has been proposed as a possible
method for creating patterned media, and a prototype with a period of
80 nm has been demonstrated by a group at Toshiba.”

This chapter will describe first the transfer of patterns from self-
assembled block copolymers into magnetic materials to form arrays of
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magnetic dots, ‘antidots’ or wires. The desirable characteristics of BCPs
for lithography applications will be described. Distinctions will be made
between additive patterning, for example the electrodeposition of
magnetic material into the channels of an etched BCP film, or the use of
a BCP film as a liftoff mask, and subtractive patterning, where the block
copolymer forms a mask through which a magnetic material is etched.
We will also discuss the formation of nanoparticles of magnetic materials
within the domains of a BCP, and will describe the properties of
magnetic nanostructures formed by BCP lithography. Second, we will
describe how long-range order and pattern registration can be imposed
on self-assembled BCP domains using suitable topographical or chemical
pattern substrates. Templating allows control over the placement
accuracy and gives better uniformity in feature size. These are important
requirements for lithography, since most devices require structures with
well-defined size and location. Strategies for directing the self-assembly
of BCPs will be described, including the use of topographical or
chemical substrate patterns, shear flow or electric fields. Finally, we will
give a perspective on the limitations and advantages of BCP lithography,
and discuss possible applications in the fabrication of magnetic and other
devices.

2. Pattern Transfer from Block Copolymers to Magnetic Materials

2.1. Materials, Structural and Process Considerations for BCP
Lithography

The attractiveness of BCP films as self-assembled masks for
nanopatterning became apparent in the mid-1990s,” and pattern transfer
from block copolymer to planar substrate was first demonstrated in 1997
by Park et al.** Park et al. used a thin film of PS-PI as a mask and
transferred the pattern from the polymer film into the underlying SizNy4
substrate. The chemical contrast between the domains in the BCP
allowed selective removal of one specific domain. Depending on the
process, either the PS block or the stained PI block can be removed to
generate post or hole arrays. After pattern transfer, post or hole arrays in
SizN4 were made with a periodicity of 40 nm and diameter and height of
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20 nm as shown in Figure 1. This demonstration of block copolymer
lithography stimulated a range of experiments on pattern formation and
pattern transfer of a variety of block copolymer systems. The ability to
selectively remove one block is an important characteristic of a BCP
used for lithography. PS-PMMA is the most thoroughly investigated
systems for block copolymer lithography because of the ease of selective
removal of the PMMA, material availability and well-developed
full-wafer orientation control methods.’”** PMMA can be selectively
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removed by either degradation by UV or dissolution by acetic acid®™

dry reactive-ion etching using oxygen, argon or CF,.*" The acetic acid
rinse typically gives better selectivity between PS and PMMA domains
than the plasma etch, but the dry etch avoids the pattern collapse

or
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common in wet etch processes. Hole arrays with high aspect ratio have
been made using PS-PMMA and a wet etch.”® A triblock copolymer PS-
PMMA-polyethylene oxide (PS-PMMA-PEO), which combines the
advantages of the perpendicular orientation of PS-PEO with the
cleavable character of PMMA, provides another way to generate high-
aspect-ratio hole arrays without a neutral underlying substrate surface.*"**
Selective wet etching was also demonstrated in PS-polylactide (PLA)
and PS-PI-PLA.** PLA can be removed by basic solvents such as
water/methanol/NaOH without damaging the PS and PI domains.

A high plasma etch resistance of the unetched block can improve
the profile of the resulting nanostructures and reduce process complexity.
One way to increase etch resistance is to incorporate inorganic elements
into one domain of the BCP. Block copolymer systems such as
PS-polyferrocenyldimethylsilane  (PS-PES),”” PI-PES,*** and PS-
polydimethylsiloxane (PS-PDMS)* provide high etch selectivity
between the organic and the silicon- or iron-containing domains. Instead
of synthesizing the BCP with an inorganic component, the inorganic
component can be introduced into the BCP system by blending silicon
containing polymers or oligomers which are selectively miscible with
one domain. For example, a hybrid block copolymer system such as
PS-PEO + organosilicate (OS) has been developed in which the OS
is selectively miscible with the PEO to form silicon-containing
domains.”® An oxygen plasma can be used to remove the organic
domain and leave the inorganic-containing domains on the substrate,
forming an oxidized surface layer which prevents further etching of the
inorganic-containing domains.

A significant characteristic of block copolymer lithography is that the
domain dimensions scale with the molecular weight of the BCP, and
therefore the periodicity of the pattern can be controlled. The scalability
of block copolymer lithography depends on the Flory-Huggins
interaction parameter, 7%, which describes the driving force for
microphase separation. To obtain a microphase-separated structure, the
product yN of the degree of polymerization, N, and the Flory-Huggins
interaction parameter needs to be at least 10. To achieve a smaller
periodicity, a low molecular weight (low N) BCP must be used, and a
high % is therefore advantageous in term of scalability because
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microphase separation can happen at smaller periods. Some typical room
temperature y parameter values are y~0.04-0.06 for PS-PMMA,"*
¥~0.08 for PS-PEO,” %~0.09 for PS-PL>* y~0.18 for poly(styrene-b-2-
vinylpyridine) (PS-P2VP),”* y~0.08 for PS-PFS” and ¥~0.26 for
PS-PDMS.* Based on the  value, the minimum domain dimension in
PS-PDMS can be half that achievable in PS-PMMA. In the strong
segregation limit, the domain size is proportional to N**y"® and the
interfacial width between the domains is proportional to x*.** BCPs
with higher y value therefore have smaller interfacial widths which is
expected to lead to smaller high-frequency line-edge roughness.

Another important consideration for choice of a BCP is to be able to
obtain appropriate orientation of the domains within the BCP thin film.
Domain orientation can be controlled by a number of methods including
surface functionalisation of the substrates, solvent annealing, and
application of external fields such an electric field or a flow field during
annealing. Interfacial interactions play a critical role in controlling
domain orientation in block copolymer thin films. For example, PS and
PMMA have very similar surface tension at the air/polymer interfaces, so
there is no preference for one block to be present at the surface. Neutral
underlayers made from random PS-PMMA copolymers or self-
assembled monolayers have been used to generate perpendicularly
oriented cylinders and lamellae in thin PS-PMMA films.*>”* On the other
hand, in PS-PDMS the surface energy of PDMS is much lower that of
PS, and thus PDMS preferentially segregates at the air/polymer interface.
The preferential segregation of PDMS at the air/polymer interface
induces orientation in lamellae and cylinder-forming PS-PDMS parallel
to the surface.”® Conditions such as solvent evaporation or electric field
also can be used to control the orientation of the BCP domains. Thick
films consisting of perpendicular oriented cylinders have been achieved
in Poly(n-butylacrylate)-b-polyacrylonitrile (PBA-PAN), PS-polybutadiene
(PS-PB), PS-PFS, PS-PEO, PS-PLA, and poly(amethylstyrene-b-
hydroxystyrene (PeMS-PHOST) by controlling the solvent evaporation
rate from the film.*"**® Thick PS-PMMA films consisting of
perpendicular cylinders were achieved by annealing the polymer film
between electrodes that provide an external electric field.”
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Finally, some consideration must be given to the processing times
required to obtain well-ordered block copolymer thin films. Both thermal
annealing and solvent vapor annealing have been employed to increase
the polymer diffusivity and therefore help to optimize the size uniformity
and domain spacing. Thermal annealing is usually carried out at a
temperature higher than the glass transition temperature T, of both
blocks and lower than the order-disorder transition temperature. The
higher the annealing temperature, the larger the mobility of the polymer,
and therefore, a shorter time is needed to remove defects and improve
long-range ordering. Well-ordered domain structures in PS-PMMA
films have been achieved by annealing between 140°C to 200°C which is
higher than the T, of PS and PMMA. Typical annealing times in the
literature range from a few minutes to a few days. Higher annealing
temperature greatly reduces annealing time because of the increase in
diffusivity. On the other hand, with a low T, block copolymer, such as
PI-PFS, well-ordered PES spheres in a PI matrix can be achieved at room
temperature within 30 min."’

Instead of thermal annealing, solvent annealing provides another
route to optimize the domain arrangement. Solvent vapor annealing at
room temperature has been demonstrated to improve structural
uniformity in PS-PMMA, PS-PEO and PS-PDMS thin films.*¢"%
Solvent annealing effects are highly dependent on the polymer, solvent,
and vapor pressure, with typical annealing times from minutes to days. A
neutral solvent swells both types of domain and increases the mobility of
the polymer chains as well as the domain volume. Selective solvents
which swell one domain more than the other can be used to adjust the
volume ratio of the swollen BCP and therefore change the morphology
of the film.®" In addition, the interfacial properties of air-polymer,
polymer-polymer and polymer-substrate can be changed during solvent
annealing because the swollen domains have different surface energies
compared to the neat polymer.” The annealing process can be further
facilitated by introducing substrate surface modifications to reduce
substrate pinning and the polymer substrate interaction. For example, in
PS-PDMS, a PDMS brush layer on the silica substrate enabled more
rapid diffusivity of the PS-PDMS layer compared with observations of
the same BCP on a PS-coated or uncoated silica substrate.*®
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The requirement of annealing time in BCP lithography varies with
the application. If BCPs are used to form a pattern on every wafer or
disk, then a high throughput is critical to successful implementation of
block copolymer lithography. The ideal annealing time would be less
than a minute to achieve the high throughput requirement for generating
magnetic patterned media. On the other hand, if block copolymers are
used to make for example a nanoimprint master which is then used to
make many replicas, a processing time of hours or days for annealing
may be acceptable.

2.2. Subtractive Patterning Methods

We have discussed the desirable characteristics of block copolymers for
nanolithography masks. We will now illustrate this with examples of
nanostructures patterned by BCP lithography. Since the BCP patterning
process has been reviewed several times in recent years,""" we will focus
our discussion here on the patterning of magnetic nanostructures.
Subtractive patterning refers to the removal of part of a material
using an etching process, while the desired structures are protected by an
etch mask. Subtractive patterning allows the deposition of the magnetic
thin film to be carried out prior to the deposition and processing of the
BCP film, so that the magnetic properties of the thin film and the pattern
transfer process can be optimized independently. Subtractive patterning
is illustrated in Figure 2 for the transfer of an array of PFS spheres into
an underlying Co film to make an array of Co dots with period 55 nm
and diameter 35 nm.* The PS-PFS thin film consists of spheres of PFS
in a PS matrix. The PS is removed using an oxygen plasma (Figure 2A),
then the PFS pattern is transferred into a silica layer using a CHF; plasma
(Figure 2B). This pattern is transferred into a W layer using a CF,/O,
plasma (Figure 2C), and the W pattern is finally transferred into the Co
layer by ion milling using Ne (Figure 2D). This process illustrates some
of the issues involved in BCP pattern transfer. The silica layer ensures
good wetting of the substrate by the BCP. The Co layer, in common with
many transition metals, cannot be etched using a reactive ion etch
process, and must be etched instead by physical sputtering (known as ion
bombardment, ion beam etching or ion milling). This process is
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conveniently accomplished using a hard mask of W, which provides
good etch contrast with Co under Ne bombardment.”> A similar process
was used to pattern NiFe films and NiFe/Cu/CoFe multilayers,* as well
as CoCrPt/Ti perpendicular magnetic films. Magnetic measurements of

Fig. 2. Tilted SEM micrographs
of the fabrication process of
Co dot array using PS-PFS
PR RUALE AR BCPs. (A) An O,-RIE treated
LA a N a P RAR block copolymer thin film
on a multilayer of silica, the
metallic films and the silicon
substrate. (B) Pillars of silicon
oxide capped with oxidized
PFS after CHF;-RIE. (C) W
(tungsten) hard mask on top of
a Co layer. (D) Co dot array
produced Ne ion-beam etching.
(Adapted from Ref. 45 with
permission. Copyright Wiley-
VCH.)

200 nm

the multilayer showed that the layered structure was preserved through
the processing steps.

Another subtractive approach is illustrated by the fabrication of a
patterned media prototype’>**® using PS-PMMA as a template to pattern
CoCrPt or FePt thin films. Figure 3A shows the process. The PS-PMMA
was spin-cast onto the magnetic thin film, the PMMA domains were
removed by an oxygen reactive ion etch, and the voids in the polymer
film were then back-filled using spin-on glass. Arrays of discrete
magnetic dots were then generated by argon ion beam etching the
magnetic film using the spin-on glass as a hard mask. Figure 3B shows
that pattern transfer can be optimised by choice of ion beam etching
angle.

BCP templates have also been used as a mask to pattern antidot
arrays, which are films containing an array of holes. Fe/FeF, antidot
arrays were made by ion beam etching using a PS-PMMA cylindrical
morphology BCP as the mask, after removing the PMMA cylinders with
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UV and acetic acid.”’ Similarly, NigoFe, antidot arrays were made by
coating films of PS-PI-PLA onto NigFe,;—coated substrates to form
perpendicular PLA cylinders in a PI/ PS matrix. After removing the PLA

_______/'Ni @aster Fig. 3. (A) Scheme of the preparation

method of a prototype patterned
medium. A Ni master disk possessing
spiral patterns was pressed, at room
temperature and a pressure of 1000
) bar, onto a resist film that was top
ngmc/ Spin on glass of either a Coy4Ptys or Co74CrgPty
S magnetic film. The magnetic film was
—— Patterned medium deposited by dc magnetron sputtering
onto a 40-nm Ti underlayer. A PS-
B ] _ ] ) _ PMMA thin film was cast into the
; potees” obtained grooves, and then annealed
to prepare ordered dot structures
aligned along the grooves. The
PMMA dots were selectively removed
Etch angle =20° imm»  Etchangle =30° oo Etchangle=40° i DY the oxygen plasma. The resulting
holes were filled by spin-on-glass
(SOG). The underlying magnetic films were patterned by ion beam etching using the
SOG dots as a mask. (Figure 1 from Ref. 32) (B) Plan-view and cross-sectional SEM
images of a magnetic dot array fabricated with an etching angle of 20°, 30°, and 40°.
(Reprinted from Ref. 40 with permission. Copyright Institute of Pure and Applied
Physics.)

v Diblock copolymer
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with a basic aqueous solution, Ar ion beam etching was used to etch the
NigoFe, film forming 30 nm diameter holes.**

Additive Patterning Methods

In additive patterning, the magnetic materials are deposited within or on
top of a BCP template, avoiding the need for etching the magnetic
material. Perpendicularly oriented cylindrical domains can be used for
generating close-packed arrays of magnetic dots or wires, by removing
the cylindrical domain and then coating the pores by sputtering or filling
them by electrodeposition. Both thin films and thick films of cylinder-
forming PS-PMMA have been used as templates, for example to form the
Co nanowires shown in Figure 4A by electrodeposition.” The orientation
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of the c-axis of the grains and the grain size can be controlled by tuning
the pH of the solution and the deposition conditions.*’*"!

Magnetic dot arrays can be made by sputtering or evaporating
magnetic materials onto etched BCP templates, then lifting off
(dissolving) the BCP to leave an array of dots at the locations of the
pores in the template. Xiao et al.”” sputtered a 10 nm Co layer onto an
etched PS-PMMA film. A standard lift-off process, which requires a long
ultrasonic treatment to remove the continuous Co layer and the PS
matrix, results in many defects because of the detachment of magnetic
dots (Figure 4B), but successful lift-off was accomplished using mild ion
beam etching followed by an oxygen etch (Figure 4C). In addition to
PS-PMMA, cylindrical morphology PS-PLA and PS-PI-PLA BCPs
have been used as templates. The etch resistivity of PS was enhanced by

Fig. 4. (A) Cross-section SEM micrograph of an
array of Co nanowires grown within an array of
nanopores formed from PS-PMMA. The growth
of the nanowires was terminated before the
template was completely filled. (Reprinted with
permission from Ref. 38. Copyright The
American Association for the Advancement of
Science.) (B&C) Plan-view SEM images of
magnetic Co dot arrays after a sputtering and
lift-off process using PS-PMMA templates.
(B) ‘Poor’ metal dot arrays on a flat substrate,
o, i after a wet etching process. (C) ‘Good’ metal dot
arrays on a ﬂat substrate, after a dry etching process. (Reprinted from Ref. 72 with
permission. Copyright Institute of Physics and IOP Publishing Limited.)

staining PS with OsO,4 and then the BCP film was etched in an oxygen
plasma to remove PLA, followed by deposition of NigyFe,y and liftoff.**
Black et al.” deposited 2 nm Ti/6 nm Co over a porous template
made by removing PMMA cylinders from a PS-PMMA BCP with the
cylinders perpendicular to the substrate. Jeong et al.”* deposited
CoCr(18at%)Pt(14at%) films over a film of PS-P2VP micelles formed by
dissolving the block copolymer in toluene (a good solvent only for the
PS) then spin-coating the resulting micelles on a Si surface. The micelle
array had period 40 nm and a height variation of 4 nm, so the overlying
magnetic film had a significant roughness.
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Antidot arrays may be made by depositing magnetic material over
an etched BCP film. Chuang et al.” prepared antidot arrays by ion-
beam-sputter depositing single layer 3.5 nm Co films and Co 3.5 nm/
Cu 5 nm/NiFe 3 nm pseudo-spin-valve films over hole arrays formed
from a PS-PEO/OS hybrid BCP system. The PS-PEO/OS was spin-
coated on top of a 40 nm polymeric underlayer. An oxygen reactive ion
etch removed PS spheres and the uncovered parts of the underlayer to
create channels of period 26 nm or 40 nm, and diameters 12 nm or 17 nm.

2.3. Block Copolymer Templates for Selective Deposition

Chemical differences between the blocks can be useful for selective
sequestration or deposition of magnetic and other nanoparticles. For
example, nanoparticles of Fe,O;, Co, FeCo, Fe and CoNi have been
selectively deposited within the P2VP blocks of PS-P2VP"®™® by a
chemical reaction that occurs preferentially within the P2VP; similar
strategies have been applied to a range of semiconductor and other
nanoparticles. Electroless deposition may also be used for selective
deposition of materials, for example Ni was deposited into the
continuous channels formed by removing the PI domains of a blend of
PS-PI with a PS homopolymer.” Such processes have so far been
applied to bulk BCPs or thick films, but may be extendable to thin films
of BCPs to make 2D magnetic nanostructures.

The small scale topography resulting from pattern transfer from a
BCP can be used to direct the location of nanoparticles. Figure SA-C
shows a process to deposit Co nanocrystals into Si templates made by
pattern transfer from a perpendicularly oriented PS-PMMA thin film. A
drop of hexane containing a dilute solution of Co nanocrystals (diameter
~10 nm) was placed on the substrate and allowed to dry. Figure 5D
demonstrates that the nanocrystals locate preferentially in the pits of the
templates.” Nanoparticle location can also be controlled by the chemical
differences between the blocks, which can result in selective surface
adsorption. This was demonstrated using a film consisting of UV-treated
PS-PMMA semicylinders.*”® Oleic acid-capped FePt nanocrystals
adsorb into the treated PMMA regions with near-perfect selectivity to
form two-dimensional nanoparticle arrays as shown in Figures 5E and
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SE® These techniques may be useful in making patterned magnetic
media from nanocrystals, but the strong absorption between the
nanocrystals and the surface can limit the applicability of annealing
techniques to improve ordering.®' An additional challenge is the control
of the crystalline orientation of the magnetic particles.

Fig. 5. Magnetic nanoparticles and block copolymer templates. (a-c) Schematic of
nanocrystal separation process. (a) The starting etched silicon substrate. (b) Nanocrystals
deposited on the substrate by evaporation of the carrier solvent. (c) The resulting
substrate with deposited nanocrystals. (d) Top-down SEM image of nanocrystals residing
in etched pits on silicon substrate. (Reprinted from Ref. 73 with permission. Copyright
Materials Research Society.) (e) Schematic of nanocrystal deposition on chemically
heterogenous templates made from BCP thin films. (f) AFM phase images showing 99%
selective adsorption of FePt nanoparticles onto the photochemically modified PS-PMMA
domains. (Reprinted from Ref. 80 with permission. Copyright Wiley-VCH.)

2.4. Magnetic Properties of Nanostructure Arrays Made by Block
Copolymer Lithography

As mentioned previously, magnetic materials have been patterned using
both subtractive and additive methods. The 2D magnetic structures
described to date consist primarily of particle arrays, dot arrays, wire
arrays and antidot arrays. In this section we will describe the properties
of these structures, including pattern fidelity, switching field distributions
and interactions.
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2.4.1. ‘Dot’ or nanoparticle arrays

Cheng and coworkers described the properties of dot arrays made
from thin evaporated/sputtered films of Co, Ni, NiFe/Cu/CoFe® and
Ti/CoCr(22at%)Pt(12at%)** which were patterned subtractively using a
PS-PFS spherical morphology BCP. The dots had thicknesses of 5-20
nm, diameters of 35 nm and period of 55 nm. Changes in the magnetic
properties (magnetization and coercivity) could be used to detect the
endpoint of the pattern transfer. Co and NiFe films and dot arrays
showed in-plane magnetization, as a result of shape anisotropy, with the
out-of-plane direction a hard axis. The in-plane coercivity was higher for
the dot arrays than for the unpatterned films, but was still relatively
low (100 — 200 Oe). Measurements of switching volume, which is the
volume of magnetic material that participates in the magnetization
reversal process, showed it to be several times greater than the physical
volume of a single dot (Figure 6A). This was interpreted as showing
collective behavior of the dots, i.e. they reverse in small groups. This is a
result of the magnetostatic interactions between adjacent dots, which are
strong compared with the coercivity. A considerably different result was
obtained from Ti/CoCrPt patterned into similar geometry arrays.* In this
system, the Ti underlayer causes the Co-alloy to grow with its c-axis, and
hence its magnetic easy axis, perpendicular to the plane of the substrate.
Both the unpatterned film and the dot array had an out-of-plane easy
axis, but the dot arrays had considerably higher coercivity, e.g. 1600 Oe
for 10 nm thick dots. This is large compared with the magnetostatic
interactions between adjacent dots, and as a result the switching volume
of the dots was close to their physical volume. This implies that the dots
are single magnetic domains which reverse independently, making them
a possible candidate for patterned media.

The authors analysed the size and shape distribution of the Co and
NiFe dots, showing an average ellipticity of 6% and a standard deviation
in dot diameter of 9%. The slight ellipticity, as well as edge roughness
and the effects of polycrystallinity in the case of high anisotropy
materials such as Co, were sufficient to explain the non-zero in-plane
coercivity, since a perfectly circular and homogeneous dot would have
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Fig. 6. A compilation of magnetic data from structures patterned using block copolymer
lithography. (A) The switching volume measured for NiFe and Co dot arrays as a
function of dot thickness (top panel). For the NiFe arrays the switching volume
significantly exceeds the physical volume of the dots, indicating collective reversal. The
lower panel shows the energy barrier for reversal. (Reprinted from Ref. 64 with
permission. Copyright American Institute of Physics.) (B) A magnetic force microscope
image of patterned media tracks consisting of CoCrPt dots with perpendicular
magnetization. The black and white contrast represents ‘up’ or ‘down’ magnetization
states of individual dots. The black rectangle indicates the trajectory of
the recording head, which has been used to write a pattern on one track. (Reprinted from
Ref. 68 with permission. Copyright Institute of Physics and IOP Publishing Limited.) (C)
Hysteresis loops of a 15 nm Fe/20. FeF, continuous film (top panel) and a 15 nm Fe
antidot array/20 nm continuous FeF, film (bottom panel) measured at 10K, showing
exchange pinning from the antiferromagnetic FeF,. (Reprinted from Ref. 69 with
permission. Copyright American Institute of Physics.) (D) Hysteresis loops of a Co wire
array measured at 5K after exposure to air for one month, leading to CoO formation. The
solid symbols are for the field applied perpendicular to the plane, while the open symbols
are for an in-plane field. The exchange pinning from the CoO is evident, as is the strong
anisotropy due to the shape of the wires. (Reprinted from Ref. 70 with permission.
Copyright American Institute of Physics.)
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zero in-plane coercivity. The NiFe/Cu/CoFe dots showed remanent states
in which the CoFe and NiFe layers are coupled antiparallel, via
magnetostatic interactions. The dots were coated with gold and
electrically tested, showing a giant magnetoresistance which correlated
with the hysteresis loop, and which was comparable to that of the
unpatterned film taking into account the effect of current shunting by the
gold. Thus the patterning process did not significantly disrupt the layered
structure.

Naito et al. described magnetic dots made by etching
CoCr(6at%)Pt(20at%) or FePt films.***® A Ti underlayer gave the
CoCrPt film a c-axis out-of-plane orientation, so the magnetic easy axis
was also out-of-plane. CoCrPt dots could be magnetized with a recording
head (Figure 6B), and behaved independently; the average coercivity was
4 kOe with a distribution between 0.5 and 7.5 kOe and standard
deviation 1.4 kOe. This variability was attributed to variations in the size
of the PMMA domains as well as polycrystallinity in the magnetic film,
since each dot contains a small number of grains from the original
CoCrPt film (grain size 23 nm).® High anisotropy FePt L,’structured
films showed very high out-of-plane anisotropy with a coercivity that
increased from 4.5kOe in the unpatterned film to at least 13kOe in the
dot array.”’” Olayo-Valles et al.** reported on 5 nm thick NiFe dot arrays
formed by a liftoff process using PS-PLA BCP films as the template. The
dots had diameters of 49 nm, and higher coercivity (80 Oe) and lower
squareness than an unpatterned film.

The work presented to date is significant in showing the fabrication
and properties of both ordered and disordered dot arrays made from
complex alloys and layer sequences. Although individual dots can act as
single magnetic domains with coherent reversal, the dot arrays show a
wide range of switching fields, in common with arrays of magnetic
nanostructures made by other forms of lithography. This is most likely
due to the polycrystallinity of the film, and edge roughness or size
variations, which have major effects on the switching field of individual
dots. Further work will need to address these issues, since a tight
switching field distribution is required for patterned media.
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2.4.2. Antidot arrays and non-planar films

An antidot array is a thin film containing an array of holes.*”** These
structures are interesting because the holes modify the magnetic
properties of the film profoundly, for example they can act as pinning
sites for domain walls, and have even been proposed as data storage
structures.® Liu et al.” described the properties of antidot arrays of Fe
and FeF,/Fe. The FeF, is an antiferromagnet below 80K, and the bilayer
film at low temperature shows exchange bias of 200 Oe or more, and
asymmetric loops indicating different reversal mechanisms for
magnetization reversal in the ascending branch (coherent reversal) and
the descending branch (domain wall nucleation and incoherent rotation)
as shown in Figure 6C. Kubo et al.** described an antidot array made
from a 5 nm thick NiFe film capped with 5 nm gold, with 31 nm
diameter, 61 nm period holes. The change in coercivity, anisotropic
magnetoresistance and resistivity was correlated with the etch depth in
the magnetic film.

Chuang et al.” prepared antidot arrays of single layer 3.5 nm Co
films and pseudo-spin-valve Co 3.5 nm/Cu 5 nm/NiFe 3 nm films,
deposited over porous BCP films with pore period 26 nm or 40 nm,
and diameter 12 nm or 17 nm. Compared with a continuous thin
film, the coercivities of the Co and Co/Cu/NiFe antidot arrays were
higher, and the saturation field was considerably increased. The giant
magnetoresistance of the multilayer was 0.24% for the continuous film
and 0.26% or 0.21% for the two antidot arrays. In the multilayer, unlike
the continuous film, the NiFe reverses at positive fields due to the strong
magnetostatic interactions between the Co and NiFe layers present near
the holes. As the inter-hole spacing is decreased, both experiment and
micromagnetic simulation results show that the coercivity and switching
field distribution is reduced, unlike the behavior seen in films with
micron-sized holes.** The simulation shows in particular the trapping of
360 degree domain walls between rows of holes, which are eliminated
only at fields above 5000 Oe.

Jeong et al. reported the properties of 3 — 50 nm CoCrPt films
deposited over a BCP micelle array.”* The films appeared to be
continuous but with significant roughness and local thickness variations,
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and had a higher coercivity and perpendicular anisotropy compared to a
smooth film. The change in magnetic properties was attributed to surface
roughness of the film, which reduced the demagnetizing factor and
pinned domain wall motion.

2.4.3. Wire arrays

Arrays of parallel nanoscale magnetic wires can be prepared by
deposition within a cylindrical-morphology block copolymer. Depending
on the thickness of the BCP film, such wires can have extremely long
aspect ratios, and their magnetic properties are very different from those
of dot arrays because the shape anisotropy of the wires generally leads to
a magnetic easy axis parallel to the wire length. Wire arrays have been
proposed for data storage, though the high aspect ratio and close spacing
makes it challenging to write data by reversing wires individually,
compared to writing on a dot array.

Tuominen et al.””*®7"*% produced electrodeposited Co wire arrays
in PS-PMMA BCP films with wire diameters of 15 nm and period
of 24 nm. The Co crystal orientation could be controlled through
the electrodeposition conditions enabling the net anisotropy to be
controlled,”' and wire arrays with high coercivity (2.7 kOe) and
remanence were obtained.”’*® Exchange bias appeared at low
temperatures due to CoO formation’' as demonstrated in Figure 6D.
Ferromagnetic resonance was used to measure anisotropy.®® Wire arrays
made of Co/Au were deposited in selected areas of a BCP film, and
magnetoresistance measurements showed evidence of anisotropic and
giant magnetoresistance.®” Magnetic wire arrays have also been produced
by electrodepositing within an anodic alumina template, typically with
slightly larger periodicities, and analogous behavior has been found.

3. Directed Self-Assembly of Block Copolymers
3.1. Approaches to Directed Self-Assembly

For magnetic devices such as patterned media or cross-point memories,
the long-range ordering and placement accuracy of each active element
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are critical to device performance. However, thin films of block
copolymers typically have many defects in their domain arrangements.
Directed self-assembly of BCPs, taking advantage of the spatial precision
achievable from lithographically-defined patterns to guide the self-
assembly of the BCP, provides a method to generate nanostructures with
high spatial resolution as well as good placement accuracy.

There are two major directed self-assembly (or graphoepitaxy)
methods used in BCP thin films: topographical epitaxy and chemical
epitaxy. In the topographical epitaxy method, self-organization of block
copolymers is guided by prepatterned substrates with topographical
features. The lateral confinement of the BCP thin films induces long-
range ordering of the domains. In the chemical epitaxy method, the self-
assembly of block copolymers is guided by chemical patterns on the
substrate. The affinity between the chemical patterns and the BCP
domains results in the placement of BCP domains on specific locations.

Both topographical epitaxy and chemical epitaxy can be applied to
fabricate large-area well-ordered nanostructures. A major difference
between topographical epitaxy and chemical epitaxy is the relative length
scale between the prepatterned substrate and the natural periodicity of the
BCP. The length scale of the topographically patterned substrate can be
much larger than the periodicity of the BCP, and therefore, the BCP
domains subdivide the topographical prepatterns to form sub-
lithographical features. Until recently, in chemical epitaxy, the length
scale of chemical patterns was close to the periodicity of the BCP, but
recent work has overcome this limitation and used a chemical pattern 2 —
4 times larger than the block copolymer period. In chemical epitaxy, the
‘self-healing’ nature of the BCP pattern is believed to reduce the
variability in sizes and the line-edge roughness compared to those of the
initial chemical pattern. Directed self-assembly of BCP films has been
reviewed recently.*"" In this section we will discuss advances, limitations
and applications of these two methods.

3.2. Epitaxy of Block Copolymers on Chemical Patterns

Research in recent years has advanced our understanding of the
interaction between block copolymers and nanometer scale chemically
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patterned substrates, and demonstrated that block copolymers can be
precisely guided. Similar to epitaxy in a crystalline thin film, the
commensurability and chemical affinity of the microdomains to the
patterned substrate both play important roles. Additionally, blending low
molecular weight homopolymers into block copolymers in order to alter
the thickness of the respective domains gives a wider process window for
precise microdomain epitaxy.

Rockford et al. investigated a symmetric PS-b-PMMA block
copolymer dip-coated onto chemically heterogeneous substrates
comprised of alternating silicon dioxide and gold stripes.” The SiO, and
Au stripes are wet by PMMA and PS, respectively. Perpendicularly
oriented PS-b-PMMA lamellae form with the highest in-plane order
parameter on the patterned substrates when the lamellar period, L,
matches the substrate stripe period Ls. The defect density increases with
the mismatch between Lg and L,. In a thin film, the interaction between
the microdomains and surface stripes is sufficiently strong to orient
lamellar microdomains perpendicular to the substrate even when there is
as much as 40% mismatch. Further studies showed a smaller window of
orientational control in a thicker film (> 500 nm), where even a 10%
mismatch caused loss of orientational control.”

Nealey and coworkers observed similar results in symmetric PS-b-
PMMA on flat substrates with alternating hydrophilic/hydrophobic
stripes of an e-beam or extreme ultraviolet interference lithography
patterned self-assembled monolayer’®*. Well-registered perpendicularly
oriented lamellae formed over large areas when Lg ~ Ly. When Lg = (0.95 —
1.15) Ly, lamellae formed perpendicular to the substrate, but dropped out
of registry with the substrate surface pattern as Lg and L, diverge. As
expected, defect levels increase as the difference between Lg and L,
increases.”>”® By varying the affinity between the chemical patterns and
the BCP domains, it was found that a well-registered surface-directed
epitaxial block copolymer film can be formed if the interfacial energy
gain from preferential wetting of each block is sufficient to compensate
the strain energy that results from deviation between Lg and L,”***
Beyond simple periodic line/space patterns, chemical patterns with bent
stripes could be replicated by block copolymers using a ternary blend of
homopolymer and BCP.”* The blend system shows advantages in
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enabling the block copolymer lamellae to conform to substrate stripe
arrays with sharp bends. In the unblended block copolymer system, a
high strain builds up at the sharp corners because the corner-to-corner
distance is much larger than the natural periodicity of the block
copolymer. The successful replication of arrays with 45° and 90° angles
was a result of the redistribution of the homopolymer. Homopolymer is
depleted in the adjacent regions and concentrated at the boundary region
to reduce the strain from incommensurability.”

One of the major advantages of chemical epitaxy is the reduction of
variations in feature size and edge roughness due to the self-healing
behavior of block copolymers. If the chemical pattern has an area
fraction of one block different from the volume fraction in the BCP, the
lamellar boundaries tilt, but their dimensions at half-height are invariant
with respect to the area fraction of the chemical pattern.”® This suggests
that irregularities in the chemical pattern do not necessarily translate into
irregularities in the BCP domain arrangement. In addition, edge
roughness in the BCP may be lower than that in the chemical pattern,
especially for high . This relieves the requirements on the perfection of
the chemical pattern, which can be limited by, for example, the stochastic
nature of the e-beam lithography process used to make the chemical
pattern. Epitaxy of BCPs on chemical patterns may also be used to
improve the uniformity in feature sizes in order to make high-density
imprint molds for mass production of patterned media. Recent work has
shown how chemical patterns can be used to template BCPs with a
period 2 — 4 times smaller than that of the chemical pattern.”””® A more
complete discussion of chemical epitaxy may be found in Chapter 2.

3.3. Topographical Epitaxy of Block Copolymers

3.3.1. Pattern formation in topographical templates

Topographical epitaxy of block copolymers has been demonstrated in
templates with various length scales and with one-dimensional, two-
dimensional and three-dimensional topographical features. The width of
the topographical patterns, Lg may be tens or hundreds of times greater
than L,, the period of the BCP. Segalman et al. were the first to
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demonstrate the formation of long range ordered sphere arrays on a
grating substrate, by floating a BCP film onto a patterned substrate.”” A
monolayer of PVP domains of a spherical-morphology PS-PVP film was
placed on the photolithographically-patterned substrate and then was
annealed to generate ordered structures propagating several microns from
the sidewalls of the grooves and the edges of the mesas (Figure 7). The
effects of incommensurability are negligible in this case since Lg >> Ly,
and the spacing of the spheres in the groove and on the mesa is
indistinguishable from that on a smooth substrate. In addition to linear
confinement, single crystals of PS-PVP sphere arrays have been achieved
in hexagonal wells whose width was a few micrometers.'”

Fig. 7. (A) AFM image of a 2D ordered array of spheres in a PS-PVP film on top of a
mesa. (B) The six sharp diffraction peaks in the associated Fast Fourier Transform
indicate that the entire mesa region is well ordered with hexagonal symmetry. (C) The
cross sectional schematic shows a polyvinylpyridine (blue) brush on the SiO, surfaces
(green) and a monolayer of PVP spheres encased in a styrene matrix (red). (Reprinted
from Ref. 99 with permission. Copyright Wiley-VCH.)

In narrow templates whose width is a few times L,, incom-
mensurability is neither negligible as it is in the wide template, nor as
critical as it is during epitaxy in templates with width Lg ~ Ly. Ordered
spherical, cylindrical and lamellar microdomains have been observed in
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narrow templates regardless of the incommensurability. To drive the in-
plane long-range order of spherical and cylindrical microdomains in thin
films, lithographically-defined grooved substrates,”>*>'*''"* soft PDMS
stamps and hard imprint molds''®""” have been used as templates to
impose lateral confinement. In-plane cylinders typically line up along the
edges of the templates, while spheres and perpendicularly-oriented
cylinders align their most densely-packed rows parallel to the edges.
Cheng et al. demonstrated ordered domains of sphere-forming PS-PFS in
templates with various widths (see Figure 8A).'"” The number of rows n
in the arrays is determined by the confinement width, Ls. Similar to
lamellae confined between two rigid plates, defect-free arrays with n
rows of domains are observed in narrow grooves with confinement width
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Fig. 8. Directed self-assembly of spherical PFS domains within 1D templates of varying
width.(A) SEM micrographs of ordered arrays of PFS domains with N = 2 to 12 rows.
(B) The number of rows in the groove, N, vs. confinement width, Lg, showing the widths
at which arrays with N rows are stable. The confinement width is expressed in terms of
Ly, the equilibrium row spacing, 24.8 nm in this polymer. The overlap region at Lg ~
(N+0.5) L, is circled to show the coexistence of two possible states, N rows and N+1
rows. (C) Energy vs. confinement width of a block copolymer system. The confined
block copolymer system, of given Lg, will select the value of N with the lowest free
energy. A transition in the number of rows from N to N+1 occurs when W ~ (N+0.5)d,,
in agreement with the experimental data of Figure 4A. The model also predicts wider
coexistence regions at larger values of Ls. The free energy of the confined block
copolymer (F¢) is presented relative to the free energy of the bulk block copolymer (Fj).
(Reprinted from Ref. 103 with permission. Copyright Nature Publishing Group.)
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Ls when (n-0.5)L, < Ly < (n+0.5) L,y as shown in Figure 8B. When Lg~
(n0.5) Ly, both n row and n+1 row arrays are found at the same value of
Ls, and the range of groove widths at which this coexistence occurs
increases with increasing Ls. Sundrani and Xiao observed similar
behavior for cylinders in PS-PEP and PS-PMMA.'"'® Imprinting and
molding techniques can also create ordered arrays of spheres and
cylinders, but these approaches show more defects and poorer size
uniformity, which may be a consequence of non-uniform filling of the
mold, or a distribution of mechanical stresses during processing.''®'"’

The free energy of a confined sphere or cylinder microdomain
system can be treated analogously to that of lamellae confined between
parallel surfaces.'"®'" The ratio between the free energy per polymer
chain F. of the confined array of spheres in the template, and the free
energy per polymer chain F, in the unconfined bulk block copolymer
spherical morphology, is approximated as a function of normalized row
spacing A (A=Lgs /n Ly)."”>"*" A plot of free energy F, vs. confinement
width Lg can be constructed for each value of n as shown in Figure 8C.
F_ has its local minimum when Lg equals nL,. At a given L, a confined
block copolymer system will ideally select the integer value of n with the
lowest free energy. A transition in the number of rows from 7 to n+1 is
expected to occur when Lg = (n+0.5) L,. If small energy fluctuations are
available to the system, the coexistence of n rows and n+1 rows for nL,<
Lg < (n+1)L, becomes more probable for large n, in agreement with data
in Figure 8B. The similarity in energy between an n row and an n+1 row
configuration at large confinement width indicates that precise control of
the pattern can only occur if the confinement width is relatively small.
For the polymer and annealing condition in Ref. 103, the limit is
Ls=10L,.

An interesting situation arises when the confinement width Lg is
similar to the natural periodicity of the BCP L,. For example, a sphere-
forming PS-PFS with row spacing dy, was spin-cast into trenches of
width, W, varying from W=0.5d, to W=1.6d,,. If the template width is the
same as d,, the block copolymer forms a single row of spheres inside the
trench, but if the template is incommensurate with d, the spheres distort
to fit within the template, leading to ellipsoidal shapes (Fig. 9A).'"
Figure 9B shows that the diameter of the domains, measured perpendicular
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to the channel, increases with the groove width, while the diameter
parallel to the channel remains constant. Figure 9C shows the aspect ratio
of the domains vs W/d, also increases with template width. By contrast
(Figure 9D), the period of the 1D array parallel to the template remains
constant and equal to the equilibrium periodicity of the unconfined block
copolymer film. In this way a row of spheres or ellipsoids with variable
aspect ratio and major axis orientation (parallel or perpendicular to
the row) can be created; this shape control may be useful in patterning
rows of magnetic nanostructures because it can introduce in-plane shape
anisotropy. A recent extension of topographical templating uses a
sparse array of pillars, made by electron-beam lithography, to template a
sphere array in PS-PDMS.'* Unlike groove templates, the pillars are
incorporated seamlessly into the final BCP pattern.
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Fig. 9. (A) A composite image of PFS block copolymer domains within channels of
different confinement widths W. A single row of spheres forms for 0.6 < W/dy < 1.5,
where d, is the equilibrium row spacing of this block copolymer. (B) The domain
dimensions parallel and perpendicular to the channel were found by fitting ellipses to the
domain images in the micrographs and measuring the projected major and minor axes.
(C) The aspect ratio of the domains calculated from the data of (B), with a linear best fit
to the data for W/d, in the range 0.65-1.5. (D) The periodicity of the 1D array is equal to
Do, the center-to-center spacing of the unconfined block copolymer, and independent of
confinement width. (Reprinted from Ref. 113 with permission. Copyright American
Chemical Society.)
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Cylindrical domains have been oriented on a substrate with a
sinusoidal height variation, although the degree of order obtained by
this approach is limited. The deposited block copolymer film covers
both troughs and crests of the substrate, and the parallel alignment of
domains in the troughs leads to the orientation of domains on the
crests.'” A soft-molding method to orient in-plane cylinders using a
PDMS mold with a sinusoidal grating has also been developed, in which
the cylindrical domains align perpendicular to the grating lines of the
mold, due to shear.'"" Three-dimensional arrays of BCP domains may
also be templated, for example by spin-coating thick films of BCPs
over topographical templates or by confining BCPs within cylindrical
pores,'"'* droplets,**'”” sphere interstices'*® or V-shaped grooves.'
These structures are less easily used in planar pattern transfer, so will not
be discussed here in any detail.

3.3.2. Thermal annealing of block copolymers in topographical
templates

Many factors determine the ordering kinetics of BCP domains in
topographical templates, including molecular weight, the Flory-Huggins
parameter ¥, annealing history and domain morphology. Templating
effects on the ordering behavior of 2D spherical block copolymer
domains have been characterized via the translational correlation
function and the orientational order correlation function.">'*"** For
example, in the case that the domains in a thin film of a particular
spherical block copolymer have liquid-like packing, imposing a
topographical constraint induces ordering at the template edges, and the
translational correlation length decreases algebraically with distance
from an edge. The ordering propagates perpendicular to the edge, similar
to the surface-induced layer ordering of thick films perpendicular to an
unpatterned substrate. Both thermodynamics and kinetics play important
roles in the in-plane ordering. Kramer and coworkers have demonstrated
that the segregation energy associated with the minority block, XN yin,
where N,,;, is the degree of polymerization of the minority block, can be
used to describe the ordering of the system.”' A large value of %Ny,
gives a ‘polycrystalline’ structure because of slow diffusion. Systems
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with an intermediate value of ¥N,;, can form a near ‘single crystalline’
structure with few defects, whereas for a low YN, value, fluctuations
are more stable, so that dislocation pairs and disclination clusters are
generated and the templated block copolymer forms hexatic and liquid
phases. Therefore, given an appropriate molecular weight and interaction
parameter, there is a processing window to optimize both the diffusivity
and microphase segregation of the block copolymer thin film to reach the
near-single crystalline state in a wide topographical template.

The results of thermal annealing can be also improved by choice of
annealing history. It is suggested that annealing above the order-disorder
transition temperature for a short time before annealing at a lower
temperature helps to improve long-range order by ‘resetting’ the isotropic
state.”* Zone annealing is a very efficient method to improve ordering
and to control the in-plane orientation of block copolymer domains.
Zone-annealing involves processing by a moving hot-cold temperature
gradient zone, hot being below the order-disorder transition temperature
but above the glass transition temperature. A significant increase in the
ordering kinetics of the BCP occurs, where morphologies characteristic
of isothermal annealing times approaching a day are created in minutes
using a moving thermal front."®> The morphology of block copolymers
also play a role in the efficiency of defect removal. Defect removal is
much slower in confined lamellae than in confined cylinders of the same
lateral periodicity. This might be a result of different film stress values in
lamellar and cylindrical materials during defect annihilation or the
different activation energies for dislocation displacement perpendicular
to the layers.'"”

The ordering process for BCP microdomains in trenches using ex-
situ and in-situ time-lapse atomic force microscopy was studied by
Sibener and coworkers.'” The process for domain rearrangement differs
from the ordering process in an unconfined film. Figure 10 shows that
the ordering of polymer domains begins with one or two cylinders
aligned with the edge, then at random locations along the groove, regions
of parallel cylinders start to grow. The final stage of alignment is
achieved by merging of misoriented regions, and it therefore takes longer
for cylinders in wider grooves to align compared with narrow grooves.
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Fig. 10. Sequential phase-contest AFM images of a film of cylindrical PS-PEP BCP
prepared on a 95 nm deep and 600 nm wide template with annealing times of (A) 9,
(B) 14, (C) 19, (D) 24, and (E) 33 h at 130 °C. (Reprinted from Ref. 105 with permission.

Copyright American Chemical Society.)

Fig. 11. (A) Schematic representation of a
trench cross section prior to polymer
deposition taken along the dashed line
shown in (B). (B) Schematic representation
of a fabricated silicon channel. White areas
are recessed by ~20 nm with respect to the
gray areas. (C-F) Lithographic channels with
narrow regions of width w=9 L, and lengths
of (C) 0.4 pm, (D) 0.6 um, (E) 1.7 pm, and
(F) 5 pm. (Reprinted from Ref. 134 with
permission. Copyright Wiley-VCH.)

The efficiency of thermal annealing can be further improved by the
design of the topographical templates. Because of the extremely limited
degree of pattern coarsening in perpendicular lamellar materials, Ruiz
et al. developed specially shaped templates to increase the rate of defect
removal.”** The defect formation energy is a function of groove width,
such that a defect in a wider groove is less energetically costly than one
in a narrower groove. Figures 11A and B show a trench with a funnel at
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both ends. Well-aligned and defect-free perpendicular lamellae domains
from PS-PMMA can be achieved in trenches up to 5 um long (as shown
in Figures 11C-F). Defects are preferentially located in the funnel area
where the defect energy is smaller; the shape of the trench also promotes
shear flow which aligns the lamellae.

3.3.3. Solvent vapor annealing of block copolymer films within
topographical substrates

As an alternative to thermal annealing, solvent vapor annealing can be
used to improve long-range ordering in topographical. During solvent
vapor annealing, the BCP thin film is swelled by the solvent, affecting
the diffusivity and the surface energy of the blocks and enabling control
of BCP morphology and domain orientation.*****"%* Solvent vapor
annealing can be used to improve long-range ordering of high molecular-
weight, low-diffusivity BCPs, but it can also lead to domain volume
fractions and morphologies not seen in thermally annealed films.
Long-range ordered perpendicularly oriented cylinders of PS-PEO
within trenches have been demonstrated by Kim et al.,* where the
ordering improves dramatically and defect density drops significantly
within first few hours of solvent annealing. At long anneal times,
however, the films dewet from the substrates. Well-ordered cylinders in a

Fig. 12. (A) An AFM phase image of PS-PEO spin-casted on a topographical trench
of 875 nm width. Upon solvent vapor annealing the film dewets in the region outside
the channels and the dewetted PS-PEO is trapped within the channels. Solvent
evaporation produces highly aligned arrays of perpendicular cylinders. (from Ref. 62)
(B) and (C) SEM images of parallel cylinders on trench substrates with narrow mesas
(Whesa = 125 nm and W, = 875 nm) under a high vapor pressure of toluene
and (D) perpendicular cylinders in a wide-mesa pattern (W, = 270 nm and Wiepen =
730 nm) at a lower vapor pressure. The annealing time was 15 h. (Reprinted from Ref. 48
with permission. Copyright American Chemical Society.)
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875 nm wide trench produced by annealing under benzene and water
vapor at room temperature are shown in Figure 12A. Jung et al.
demonstrated that in-plane PDMS cylinders in confined PS-PDMS
thin films can be oriented perpendicular or parallel to trench edges by
solvent vapor annealing (Figure 10B-10D).*® The direction of cylinder
orientation depends on the trench geometry and annealing conditions.
Trenches with wide mesas and a relatively low vapor pressure during the
annealing lead to cylinders oriented across the trenches. Perpendicular
alignment of cylinders in PS-PEP in local areas of trenches has been
attributed to capillary flow of BCP from the mesas to trenches,
perpendicular to the trench.'”

3.3.4. Placement accuracy and pattern uniformity of block
copolymer domains

Successful implementation of BCP lithography to make devices such as
patterned media requires the ability to make uniform patterns with high
placement accuracy of the features. A size distribution of the BCP
domains will translate into a distribution of magnetic properties of dots
including a distribution of the net magnetic moment (and therefore the
readback signal), and a distribution of switching fields which introduces
variability in the writing process. In addition, a size distribution of the
BCP domains will degrade the spatial coherency of the BCP features
leading to placement error in the magnetic dots and introducing jitter into
the readback process.

There are some reports on the size uniformity of a monolayer of BCP
domains in a thin film. Cheng et al. found a 9% standard deviation of
diameters in magnetic dots made using a PS-PFS spherical BCP as an
etch mask.*® Guarini et al. showed that the size distribution of a
perpendicularly oriented PS-PMMA cylindrical BCP increased with the
molecular weight of the BCP. For 64k molecular weight PS-PMMA with
20 nm diameter perpendicular cylinders, the standard deviation of
cylinder diameter was 10% after a long thermal anneal.*® Xiao and Sun
reported a standard deviation of 4.3 — 5.3% in cylindrical PS-PMMA of
molecular weight 67k."””” A monolayer of spheres or perpendicularly-
oriented cylinders forms a closed packed array in which most domains
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have six-fold coordination, while defects have either five-fold or
seven-fold coordination. Hammond et al. characterized the size of
5-fold, 6-fold and 7-fold coordinated cylinders in vertically oriented
poly(cyclohexylethylene)-b-poly(ethylene)-b-poly-(cyclohexylethylene)
(PCHE-PE-PCHE). The average diameter of a 5-fold coordinated PE
domain was 10% smaller than that of a 6-fold coordinated cylinder while
a 7-fold coordinated domain was 10% larger. Therefore, removal of 5-
fold and 7-fold coordinated defects can reduce the size variation. On the
other hand, within the 6-fold coordinated cylinders the standard deviation
in diameter is ~5% from experiment and 3% from simulation.'®
Therefore, even if defects can be removed, there could still be a 3%-5%
variation in the size of 6-fold coordinated BCP domains.

Besides pattern uniformity, placement accuracy is another critical
factor for nanomagnetic devices. In a patterned recording media, the
readback jitter (noise), as well as the quality of the written pattern,
depend on the exact locations of the magnetic dots. In chemical epitaxy,
the placement accuracy of the BCP domains depends on the placement
accuracy of the guiding chemical patterns and on random alignment
defects. In topographical epitaxy, the placement accuracy is determined
by both template edge roughness and fluctuations in the size and spacing
of the polymer domains. Cheng et al. found that while placement errors
of spherical BCP domains near a template edge are proportional to the
template roughness, the relatively soft domain-domain potential ensures
that the portion of the array further from the edge of the template is
almost unperturbed by the template roughness.”'*>"’ Away from the
template edge the intrinsic fluctuations in spacing and size of BCP
domains arise from the limitations on phase separation and on
compositional and molecular weight polydispersity effects, which
determine the ultimate placement accuracy in templated self-assembled
BCPs. Pair distribution functions were used to characterize the positional
distribution of the confined polymer domains. In Figure 13A, the
amplitude of oscillation in the 2D pair distribution function of an array of
spherical domains of PS-PFS on flat substrates decreases rapidly with
distance, and the correlation length is approximately 10 L,. In contrast,
the 1D pair distribution function parallel to the groove wall of the same
polymer in a groove (Figure 13B) shows that precise domain position
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can be predicted over distances exceeding 35 L,. A standard deviation of
~0.1Ly in a spherical PS-PFS block copolymer is found in this particular
system, which implies that the array can be located to within 6 nm
(~0.2Ly) of a registration mark, with 95% confidence. More studies of
the effects of materials and annealing conditions on the pattern
uniformity and placement accuracy will help determine the ultimate
precision and uniformity achievable in templated self-assembled BCPs
for lithography.

Fig 13. (A) 2D pair distribution
A B function (PDF) of spherical
4 domains in an as-cast film of PS-
PFS on a flat substrate. (B) 1D
PDF of annealed PS-PFS spheres
in a 1D groove. The width of
the peaks in the PDF gives the
lateral placement accuracy of
03 PrOS 10 20 30 the spherical domains. (Reprinted
Distance (L,) from Ref. 9 with permission.

Copyright Wiley-VCH.)

2D-PDF
1D-PDF

4. Summary and Outlook for Block Copolymer Patterning of
Nanomagnetic Devices

In combination with pattern transfer processes, block copolymer
patterning provides a simple and low-cost route to fabricate arrays of
nanoscale structures. Discrete magnetic dots are particularly interesting
because of their geometry-dependent magnetic properties as well as
practical applications such as high-density patterned magnetic data
storage media. We have highlighted here (i) the fabrication by BCP
patterning and the magnetic properties of arrays of nanoscale magnetic
elements, and (ii) the possible methods for improvement of long-range
order and placement accuracy through directed self-assembly of BCPs.

In the review of nanomagnet fabrication, we saw that both
subtractive and addictive methods have been used in combination with
BCP patterning to generate nanoscale magnetic structures, and the
magnetic properties of a limited number of systems have been explored.
These fabrication methods will continue to be improved, giving
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structures with better pattern definition and size distribution. We also
showed that long-range ordering of the self-assembled BCP arrays can be
accomplished using chemically or topographically patterned substrates,
enabling specific orientation, alignment, pattern registration, and even
new microdomain geometries to be formed.

However, there are still many issues to address in order to
demonstrate the full potential of block copolymer patterning. Most
research in directed self-assembly of block copolymers has focused on
the generation of ordered periodic patterns. Although periodic patterns
are useful in some applications, the ability to precisely control domain
positions and the purposeful placement of ‘defects’ (i.e. aperiodicities)
will permit the encoding of additional spatial information into directed
self-assembled systems. This may be valuable in, for example, the
formation of servo-patterns in patterned media. More studies are needed
to illuminate the role of the templates in defect formation and defect
control. Further exploration of the kinetics of the ordering within the
imposed boundary conditions will provide insights into the roles of
diffusion, molecular weight and the )-parameter and will benefit system
design and optimization. Further experimental and theoretical studies on
placement accuracy and pattern uniformity of directed block copolymers
are needed: the combined effects of external fields such as electric,
optical, stress, flow fields and temperature gradients combined with
substrate patterns and annealing conditions will bring more control
factors into play and may allow better manipulation of ordering and
defects.

There is also considerable latitude in BCP design to give better
control over domain-domain interactions and available pattern
geometries. The use of triblock and more complex BCPs such as star
copolymers can increase the geometries available, for example ring-
shaped structures or square arrays of features may be generated by using
triblock copolymers. In addition, the use of functional blocks, such as
photosensitive materials, liquid crystals, or materials that can serve as
precursors, can increase the functionality of the self-assembled pattern
beyond its simple use as an etch mask. Increasing complexity allows
more information to be coded into the self-assembly system. Compared
to bio-macromolecules, synthetic block copolymers are comprised of
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simple sequences with relatively simple monomer-monomer interactions,
but the possibilities inherent in more complex systems are becoming
more apparent. A beautiful demonstration of high-yield, programmable
complex self-assembly was shown by Rothemund,'’ who generated
squares, triangles, happy faces and other shapes using DNA self-
assembly. The patterned substrates developed for directed self-assembly
of block copolymers could be used for the self-assembly of synthetic co-
polypeptides and even bio-molecules.

Advances in BCP patterning will contribute directly to our ability to
fabricate useful magnetic devices. BCP patterning has been used to make
transistors, capacitors, patterned media and other simple devices, but we
may anticipate the construction of more complex structures based on
precisely templated nanostructures. There has as yet been little use of
templated BCP arrays to form magnetic nanostructures other than early
demonstrations of patterned media, and it will be interesting to see what
magnetic or magnetoelectronic devices become possible as templated
BCP patterning techniques become more mature.
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Spontaneous formation of polymer nanoparticles and their mesoscopic
assemblies are achieved by using self-organization processes. Spherical
and hemispherical polymer nanoparticles are formed from a clear
solution, containing a non-volatile poor solvent, by slow evaporation of
a volatile good solvent. Homogeneous nucleation and successive
growth of polymer particles is emerged during dynamic non-
equilibrium process of the solvent evaporation at the solution/air
interface. Micro phase separation is observed not only in the block
copolymer particles but also in the particles of polymer blend.
Hierarchical structuring is successfully achieved by combining
nanoparticles and self-organized honeycomb-patterned polymer matrix,
and also by using “dissipative structures” formed in the evaporating
front of aqueous polymer particles dispersions.
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1. Introduction

Hierarchical self-organization of molecules from nanoscopic to
macroscopic scale in biological systems is structural bottom-up strategy
of spatial functions for many biological processes associated with their
temporal developments. Biological membranes are fundamental
functional “molecular devices” in biological systems and multi-
component complex systems mainly consisting of lipid bilayers and
biological macromolecules. Furthermore, biomembranes are elemental
structural components of mesoscopic submicrometer-sized subcellular
apparatuses, i.e. organelles. Biological cells are micrometer-size
assemblies of the organelles, and basal constructing units of biological
tissues and living organs in macroscopic scale. Hierarchical structuring
of biomolecules from nanoscopic to macroscopic scale in biological
systems is a vital and constitutional base of living organs. Then the
hierarchical structuring of functional molecules is an indispensable
strategy of the biomimetic approach in the advanced materials
fabrication.

In the last century, by using the self-assembling nature of artificially
designed molecules, chemists have succeeded to construct many sorts of
nanometer-size molecular assemblies, e.g. surfactant bilayer assemblies,’
Langmuir-Blodgett films,” self-assembled monolayers,” polymer
assemblies,”” and so on. “Supramolecular Chemistry”® is nanoscopic
chemistry beyond molecules and has suggested fundamental aspects of
designing novel materials based on self-assembly. Driving forces of
molecular assembling employed in the nanoscopic world are many weak
physico-chemical intermolecular interactions, e.g. van der Waals force,
hydrogen bonds, hydrophobic interaction, electrostatic force, and so on.
Assembling the nanostructured molecular architectures up to
mesoscopic-scaled organizates is the next challenging step of the
hierarchical structuring of molecules for novel materials fabrication.

Efforts have been made to fabricate mesoscopic molecular
organizations. It is well known that some mesoscopic patterns of
polymer assemblies have been found as micro- and macrophase
separated structures of block copolymers,”® and polymer blends,
respectively. The main driving force for the mesoscopic self-structuring
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in the polymer films is the compatibility of each block of the copolymers
or blended polymers. However, the essential driving forces of the
mesoscopic self-structuring in the artificial systems are distinctively
different from the biological systems. In the biological systems, the
hierarchical structuring is employed by dynamic “self-organization”
processes with energy consumption in an open system. As a general
physical phenomenon, we know self-structuring in the open system
based on the energy-consuming dynamic ‘“‘self-organization” process,
which is the “dissipative structure” coined by Ilya Prigogine.” Belousov-
Zabotinsky reaction and Rayleigh-Bénard convection are well known
examples of the dissipative structures that spontaneously produce
“spatio-temporal patterns” in various spatial scales from sub-micrometer
to kilometer size.

Nowadays many attentions have been attracted to the terms of “self-
organization” and “self-assembly” especially in nanotechnology. These
are the strategic basis of the bottom-up methods for the nanomaterials
fabrication. “Self-assembly” is the fundamental principle of integration
where the components spontaneously assemble on all scale from atoms,
molecules to galaxies, including living organs. A crystal is a typical
example of the ordered integrated states spontaneously formed by “self-
assembly” as the thermodynamic energy minimum states. “Self-
organization” is another “self-assembly” which is dynamically emerged
in an open system far from thermodynamic equilibrium. The dissipative
structure, a typical example of “self-organization”, is dynamic “self-
assembly” characterized by the spontaneous appearance of order
structure with energy and/or matters dissipation from chaos.

We have recently demonstrated that using dissipative structures
generated in casting polymer solutions formed varieties of mesoscopic
polymer assemblies'®"* such as regularly arranged dots,” stripes,'®
grids,"” and honeycomb-like structures,®>' and so on. Because of the
physical generality of dissipative structures and a diversity of materials
selection, our new preparation methodology based on “self-organization”
is widely applicable to nano and micro fabrication of polymer materials
without conventional lithographic procedures. In this chapter we have
expanded our strategy based on dynamic ‘“self-assembly” into the
fabrication of polymer nanoparticles and their self-structured
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organization. We have focused here to the solvent evaporation process of
polymer solutions because it occurs in an open system with the solvent
dissipation and succeeding physico-chemical events emerged far from
thermal equilibrium.

2. Preparation of Polymer Nanoparticles by Self-Organization

Polymer nanoparticles are widely used for versatile applications in
the fields of photonics,” electronics,” and biotechnology.** There are
many preparation methods” of polymer nanoparticles including milling
bulk materials, emulsion polymerization, and reprecipitation.*®
Reprecipitation is commonly used for collection and purification of
polymer substances from their solutions. In the reprecipitation process,
polymer molecules dissolved in a good solvent are immediately
precipitated as particles of polymer aggregates when a small amount of
polymer solution is dropped into a large amount of poor solvent. Rapid
exchange of solvent molecules surrounding polymer solutes decreases
polymer solubility toward precipitation of polymer aggregates. Size and
shape of polymer precipitates are largely dependent on physical
conditions of mixing, such as stirring speed of mixing, dropping rate of
solution, etc.

Recently, we have found that nanoparticles with narrow size
distribution can be formed by evaporation of a good solvent from a
polymer solution containing good and poor solvents.””*® In our method,
precipitation of polymer particles starts from a clear solution of mixed
solvent. Initially, the solution is homogeneously transparent because the
amount of the poor solvent contained in the polymer solution is not
enough large for polymer precipitation. With gradual evaporation of the
good solvent at room temperature the solubility of the polymer solution
reduces to form precipitation of the polymer molecules as fine particles.

2.1. Self-Organized Particle Emergence by Good Solvent Evacuation

Contrary to the reprecipitation method, in our procedure, a poor solvent
is first added to a polymer solution of a good solvent and then the good
solvent is slowly evacuated by evaporation. Finally polymer particles are
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dispersed in the poor solvent. The combination of the solvents used for
this method requires that two solvents are miscible and boiling point of
the good solvent is lower than that of the poor solvent. Figure 1 shows
typical experimental procedures of polymer nanoparticle formation.
Polystyrene (1.0 mg) was first dissolved in 2 ml of tetrahydrofuran
(THF) as a good solvent, and 2 ml of water, a poor solvent, was slowly
added into the THF solution through a syringe pump with dropping
speed of 1 ml/min under stirring. The polymer solution was still optically
transparent after mixing. If the receptacle was closed tightly to prevent
the good solvent evaporation, the solution kept clear at room temperature
ever after. When the mixed solution was left open for gradual
evaporation of the good solvent, the solution kept optical transparency
for a long while and then turned to turbid® (see a time course of
transmittance in Figure 1). The long induction for turbidity generation in
our method strongly suggests that particle formation mechanism is
different from the reprecipitation method. Instantaneous clouding just

Schematic illustration of experimental procedure
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Fig. 1. Schematic illustration of experimental procedure of particle preparation and time
course of the turbidity change after solvent evaporation. SEM images of nanoparticles
indicating particle growth.
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after mixing with the poor solvent observed in the reprecipitation process
indicates that formation of polymer particles immediately occurs in the
solution. Two images of a scanning electron microscope (SEM) of
polystyrene particles are shown in Figure 1, too. Uniform sized (ca. 200 nm
of diameter) spherical particles were observed when a small amount of
polymer solution was picked up from the transparent solution (a). Since
the particle size was in the sub-wavelength region the solution was
optically transparent. The polymer solution abruptly became opaque
ca.250 minutes after starting of evaporation. The SEM image (b) clearly
shows that the particle size exceeds one micrometer.

From these experimental results, a plausible schematic model of the
nanoparticle formation mechanism during the good solvent evaporation
is proposed in Figure 2. Due to solvation by the good solvent, polymer
molecules are dissolved as random coil form. Increasing the poor solvent,
desolvation of polymer molecules starts to form the compact folding of
the polymer chain and polymer molecules grow to small nuclei of
particles. The equilibrium between random coils and nuclei dynamically
shifts toward nuclei with decreasing the good solvent during its
evaporation. The equilibrium changed from moment to moment during
the evaporation may be a driving force of the homogeneous nuclei
formation and successive growth of polymer nanoparticles. Particles
grow with decreasing polymer solubility of the mixed solution, and the
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Fig. 2. Schematic representation of formation mechanism of uniform sized nanoparticles
during dynamic process of solvent evaporation.
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solution turns turbid when the particle size exceeds the wavelength
region. Finally after complete evaporation of the good solvent polymer
nanoparticles are dispersed in the poor solvent.

The final size of polymer nanoparticles is affected by the polymer
concentration and the mixing ratio of the poor solvent. The particle size
decreases with decreasing the polymer concentration as well as with
increasing the mixing ratio of the poor solvent. Since the particle
formation is based on general physical process, a large variety of
polymers, e.g., engineering plastics, electro-conductive polymers,
biodegradable polymers and biopolymers, etc. can be used for
nanoparticle formation.

2.2. Preparation of Hemispherical Polymer Nanoparticles

As shown in Figure 1, a long induction period is required for the
turbidity formation even though the solution is kept standing in open for
the good solvent evaporation without any stirring. With careful
observation of the external appearance of the polymer solution during the
good solvent evaporation, we have found noticeable effect of the solution
concentration on polymer particle formation.”” The concentration of
the polymer solution affects not only particle size but also its shape. In
the case of polystyrene, spherical particles were formed when the
concentration of the polystyrene solution was higher than 0.4 g/L. Their
particle size were controlled from several tens nm to several tens pm. We
have found that hemispherical particles were formed if the solution was
diluted lower than ca. 0.2 g/L (Figure 3(a)).

After the long induction period, the turbidity starts from the surface
of the solution whose concentration is lower than 0.2 g/L. (Figure 3(b)
left). We observed the time courses of the scattering intensity at upper
and bottom regions of the low concentration solution. At the upper
region of the solution, the scattering intensity was increased after mixing
of the poor solvent (water). On the other hand, the scattering intensity at
the bottom region was gradually increased to reach the same scattering
intensity of the upper region for 10 hours after mixing the poor solvent.
Since the good solvent, THF, evaporates from the surface of the solution,
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Fig. 3. Effect of polymer concentration on particle size and shape (a) and turbidity change
of the polymer solution during THF evaporation (b).

the polystyrene was aggregated at the air/solution interface. Thus, the
upper region of the solution firstly turned turbid. If the nucleation of the
polymer particle starts at the air/solution interface, it is suggested that
the particles grew up asymmetrically as the hemispherical particles.

In the bottom region of the solution, there was enough THF to
dissolve polystyrene. The convectional flow, which was driven by the
temperature and the concentration gradient due to the THF evaporation,
transported the hemispherical particles or nuclei down to the bottom
region of the solution. The hemispherical particles partially dissolved
again in THF rich solution but were supposed to act as asymmetrical
shaped nuclei of growing polymer particles. Finally, the hemispherical
shaped particles grew and dispersed in water rich medium with keeping
of their unique shape.

In the case of higher concentration than 0.4 g/L, the turbidity spread
uniformly in the solution after the induction period for clouding (Figure
3(b) right). Nucleation and particle formation might start homogeneously
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in the solution after decreasing the good solvent to the critical
concentration for the nucleation. Homogeneous nucleation and
symmetrical growth from the nuclei results the formation of the spherical
shaped polymer particle. Switching the asymmetrical growth at the
interface to the symmetrical growth in the solution induces the spherical
particle shape. In our particle preparation procedure, the polymer
solution is kept standing without any mechanical stirring during the
good solvent evaporation. When the evaporating solution of lower
concentration was stirred after surface clouding, asymmetrical growth
was switched to the symmetrical growth. A SEM image of a particle in
the bottom of Figure 3(b) clearly shows boundary in the particle (white
arrows), which means spherical growth starts from the hemispherical
particle. It is remarkably mentioned that if the evaporation of the good
solvent is proceeded under mechanical stirring from the beginning,
polymers aggregate as bulk amorphous precipitates but not regular
shaped particles.

Nucleation and asymmetrical growth of polymer particles at the
evaporating solution surface provide unique inner nanostructures in the
particles of block copolymers and polymer blends described in session 3.

3. Unique Nanostructures of Polymer Particles Prepared by
Self-Organization

3.1. Inner Nanostructures in Block-Copolymer Nanoparticles

Block-copolymers are very important materials for nanotechnology.
Block-copolymer has two or more different polymer segments covalently
attached linearly with end-to-end, or comb-shaped with end-to-side
connections. Since these polymer segments are immiscible each other,
unique nanoscale structures based on their micro phase separation,
depending on their molecular shape and segment size, are spontaneously
emerged. Many types of block-copolymers have been synthesized and
their characteristic micro-phase separation structures have been
reported.”””' Nanoparticles of block-copolymers are also interesting
building components of nanomaterials because of their unique
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microstructures. It is intensely interesting to know what kinds of micro-
phase separation structures are formed in nanoparticles of block-
copolymers.

Emulsion polymerization is most conventional method to prepare
polymer nanoparticles. Some sorts of amphiphilic block-copolymers
bearing water-soluble polymer blocks have been prepared by the
emulsion polymerization.”> These block-copolymers can be dissolved in
water as nanoparticles with core-shell type structure like surfactant
micelles.”® The emulsion polymerization, which is carried in an aqueous
solution, is not applicable for preparation of hydrophobic block-
copolymers nanoparticles, because most hydrophobic block-copolymers
are prepared by anionic polymerization, which requires highly controlled
non-aqueous polymerization conditions.

To our knowledge, only the reprecipitation method was a way to
prepare nanoparticles of hydrophobic block-copolymers. We have
applied our new method for nanoparticle formation of block-copolymers.
Poly(styrene-block-isoprene) (PSt-b-PI) is used because there are many
data about phase diagram in bulk film of this copolymer. Two types of
PSt-b-PI, one has same segment ratio in molecular weight to form
lamella structure as in its bulk film (Mn: PSt(17800)-b-PI(12000),
Mw/Mn =1.02), and another forms cylindrical phase in the bulk film
(Mn: PSt(40800)- b-PI(10400), Mw/Mn: 1.06), were used.

As shown in Figure 4, electron micrographs clearly show formation
of regular-sized nanoparticles from block-copolymers by our solvent
evaporation method. Figure 4(a) shows surface image of the lamella
forming PSt(17800)-b-PI1(12000) particles observed by STEM (scanning
transmission electron microscope). Bright parts show the presence of the
isoprene block, because the electrons are scattered by heavy metal ion,
osmium, used for selective staining of the carbon-carbon double bond in
the isoprene unit. The repeating period of the lamella is corresponds to
the twice of the calculated polymer length. Periodic distribution of
osmium located in the bright parts of the particle surface was found in
the EDX (energy dispersive x-ray) spectrum, too. Figure 4(b) shows a
TEM (transmission electron microscope) image of particle’s cross
section prepared by an ultra-microtome.
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A STEM image in Figure 4(d) suggests that hexagonal packing of
cylindrical phase is formed in the nanoparticle of PSt(40800)-b-
PI(10400). A cross sectional SEM image shown in Figure 4(e) clearly
indicates the bundle structure of block copolymer cylinders in the
particle. Figure 4(f) simultaneously shows the parallel alignment of the
cylinder long axis and hexagonal packing of the cylinder edges. Size of
the hexagonally packed lattice of the isoprene cores in each cylinders is
almost same as the calculated value from the molecular weight of
PSt(40800)-b-PI(10400). These results strongly indicate that micro-phase
separation is formed in the block copolymer nanoparticles as well as in
its bulk film. It is worthy of note that polymer particles having well
developed lamella structures with narrow size distribution are not formed
by the conventional reprecipitation method.

Recently, we have succeeded to prepare nanoparticles from the
amphiphilic block copolymers, poly(styrene-block-sodium acrylate)**
and poly(styrene-block-4-vinylpyridine).” As shown in Figure 5, SEM
reveals spherical and uniform-sized particle formation. There are some
particles having a single hole (white arrow in Figure 5(a) and (c)). Cross

PSt(17800)-5-PI(12000)

PSt(40800)-5-PI(10400)

@

300 nm
I

Fig. 4. STEM and cross sectional TEM images of lamella (a—c) and cylinder (d—f) phased
PSt-b-PI block copolymer nanoparticles.
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Fig. 5. Surface and cross sectional STEM images of amphiphilic block copolymers
particles.

sectional STEM images of the thin film samples scratching from PVA
embedded nanoparticles by FIB (focused ion beam) clearly show a large
hollow in individual particles. By using our method, these amphiphilic
block copolymers form hollow particles but not simple micelle-like core-
shell particles.

3.2. Phase Transition of Block Copolymer Nanoparticle

In order to prepare the highly ordered micro-phase separation structures
in bulk films of block-copolymers, films are annealed over glass
transition temperature (7,) for a long time and then gradually cooled
down below Tg36 or exposed with vapor of a good solvent.”’ We have
investigated the effect of annealing on the phase separation structures
formed in the block-copolymer nanoparticles.”® Water suspension of
lamellar-structured nanoparticles prepared by our method at room
temperature (~20°C) was annealed at 30°C and 50°C for 10 hours,
respectively. After annealing, these suspensions were cooled down at
room temperature for 30 min. and then were stained with osmium
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tetraoxide. Electron microscopy revealed that the lamellar structure was
kept after annealing at 30°C and transformed to random web-like
structure after annealing at 50°C.

Hashimoto et al.* and Floudas et al.*’ reported that the lamellar
phase in the bulk film turns to disorder phase by annealing over its T,
described as

1‘40

Toor = 213 + 1.00742Nn (1)

where Topr and Nr are the order-disorder transition temperature and the
number average degree of polymerization of the block copolymers,
respectively. The annealing experiment shows that Topr in the particles is
much lower than that in the film whose Topr is estimated to 290°C from
equation (1). These results show the lamellar structure formed in the
particles is not stable.

This instability of the lamellar structures formed in the particles
relates to the particle formation mechanism of our method. It is known
that the phase separation structure of block-copolymers is affected by the
interface. For example, a hydrophilic polymer segment tends to face the
hydrophilic substrate in a phase separation structures. By using this
property, spontaneous patterning of block-copolymers can be realized."’
Russell et al. reported that when the block-copolymer is filled in the
anodized alumina pores, the concentric lamellar structures along the
walls of pores were formed.”” Considering the phase separation
structures in the block-copolymer particles based on this concept, the
onion-like lamellar structure is the most suitable to reduce the surface
free energy.

It is, however, shown in Figure 4(a) and (b) that the nanoparticles
prepared by our method consist of piled-up lamellar layers one-
directionally oriented in each particle. As described in section 2.2, we
have found that the polymers were gradually aggregated as particles at
the air/solution interface to form the hemispherical shaped particles.
When formation of lamellar structure and particle growth are
simultaneously occurred at the air/solution interface, anisotropic lamellar
structures can be formed in the particles. We are now finding preparation
conditions of the onion-like concentric lamella particles. Concentration
and temperature are important experimental factors determining
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nanostructures in the block copolymer particles. Figure 4(c) is a typical
cross sectional TEM image of the PSt(17800)-b-PI(12000) particle
prepared from the high concentration solution. Details about the
determinant factors are now under investigation. The anisotropic lamellar
structure is assumed to thermodynamically be less stable than the
isotropic onion-like concentric sphere structures.

3.3. Structural Approach of Anisotropic Lamellar Formation in
Particles

Broken symmetry reflected not only in the one-directionally piled-up
lamellar structure in the block copolymer particles but also in the
hemispherical shaped polymer particles strongly suggests the particle
formation mechanism at interface. This section describes structural
approach of the particle formation mechanism. Osmium tetraoxide used
for selective staining of the isoprene moiety selectively reacts with the
carbon-carbon double bond to bridge two polymer chains (see reaction
scheme in Figure 6). Due to the cross linking by osmium the
polyisoprene moiety can not dissolve in THF again. Only the polystyrene
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Fig. 6. Cross-link reaction of PI by osmium tetraoxide (a), schematic representation of
SISE method (b) and nano disk formation from lamella phase nanoparticles (c,d).
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(a)

Fig. 7. Isolation of the cylinder phases from the PSt-b-PI block copolymer nanoparticle
by SISE method.

moiety can dissolve in THF after staining. According to the procedure
schematically shown in Figure 6(b), the stained nanoparticles are
redispersed in THF under ultrasonication. Figure 6(c) clearly shows SEM
image of discotic fragmental plates after sonication of the stained
particles in THF. The disc consists of PSt-PI-PSt layers because it is
pealed from the spherical lamellar particles (Figure 6(d)).

We are now developing the procedure of metal ion staining and
dissolution as a novel preparation method of nanostructured materials.
During the process represented in Figure 6(b), selective immobilization
of the isoprene moiety is achieved by the metal complex formation and
in the following process only the untreated polystyrene moiety
selectively dissolves in organic solvent. Combination of the selective
immobilization and the selective elution (SISE) of each polymer
segments in the block copolymer polymer particle provides novel
polymer structure as the nanodisc. Figure 7 shows the results of SISE
experiment of nanoparticle having cylinder phase. Entangled polymer
cylinders in the particle are effectively isolated by ultrasonication.
Careful observation of single thread of polymer reveals that the
polystyrene layer envelops the immobilized isoprene core (Figure 7(c)).

3.4. Nanoparticles of Polymer Blends

Polymer blends are another candidate of nano- and micro-structured polymer
assemblies. What kind of phase separation is emerged in polymer
nanoparticles when two different polymers are employed for our
solvent evaporation method? We prepared two polymer mixtures, poly
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(methyl methacrylate) (PMMA) and polyisoprene (PI), and polystyrene
(PSt) and PI. A STEM image clearly shows that core—shell type particles,
where the PI core (white region) is surrounded by the PMMA shell (gray
region), are formed from the mixed solution of PI and PMMA in THF
after addition of water as poor solvent (Figure 8(a)). Since the solubility
of PI to the poor solvent is lower than PMMA, the PI core is firstly
formed during the good solvent (THF) evaporation and then PMMA
shell deposited to form shell on the PI core. Particle shape depends on
the polymer concentration as well as the polystyrene experiment shown
in Figure 3, the hemispherical core-shell particles are mainly formed in
the dilute solution.

PSt has similar THF solubility of PI but is a little more hydrophobic.
Figure 8(b) clearly shows that “Janus” particles are formed in this
combination. Each particle is composed by two polymers with clear

phase separation. Interesting finding is that the volume of each polymer

(a) (b)

ST PStPI=4:1

0.1 g/L

PMMA
shell —Pp

400 nm PSt:PI= 1:1
]

Fig. 8. STEM images of the polymer blend nanoparticles of PI/PMMA (a) and
PSt/PI (b).
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is almost parallel to the mixing weight ratio in the THF solution when
the total polymer concentration is 0.1 g/L.

4. Hierarchical Assembling of Polymer Nanoparticles in
Self-Organized Honeycomb Mesh Template and by
Dissipative Processes

Assembling the nanostructured polymer particles up to mesoscopic-
scaled organizates is the next step of the hierarchical structuring of novel
materials based on nanoparticles. Here we show the preparation of
honeycomb-nanoparticles hybrid structures by simple casting of
nanoparticle dispersion onto the self-organized honeycomb-patterned
films. Dissipative structure formation in the casting nanoparticle solution
is another driving force of the hierarchic assembling of particles. Two
experimental results of regular pattern formation of nanoparticle
assemblies are described in this section.

The polystyrene honeycomb-patterned films were prepared by the
“Breath Figure” method.'*** Hexagonally packed water micro-droplets
are formed by evaporative cooling on the surface of the casting solution,
and these water droplets are transferred to the solution front by
convectional flow or capillary force. When the water droplets condense
on the solution surface, the clear solution surface turns opaque. After
solvent evaporation, a honeycomb-patterned polymer film is formed with
the water droplet array acting as a template; the water droplets
themselves evaporate soon after the solvent. Here, we show the
fabrication of periodic micro-structured films having multiple
periodicities by hybridization of the honeycomb-patterned films and
polymer nanoparticles.

To embed polymer nanoparticles in the regular pores in the
honeycomb matrix, a dispersion of polystyrene particles was simply cast
onto the honeycomb-patterned films. However, the surface of the
honeycomb-patterned polystyrene films is too hydrophobic®™* to
incorporate aqueous dispersion of polymer particles into its regular pore.
To improve the surface wettability of the honeycomb matrix, UV-ozone
treatment was performed. After surface treatment, the submicron sized



134 M. Shimomura et al.

polystyrene particles are embedded only in the honeycomb pores.
Figure 9 clearly shows the number of particles embedded in each pore
can be controlled by changing the size of particles.*’

By using “dissipative structure” formed in evaporating particle
solution, mesoscopic regular patterns of nano-particles are formed on
solid substrate by simply casting or dipping of their aqueous dispersions.
Regular pattern formation based on the “dissipative structure” is usually
observed in our daily life. Periodic liquid stripes formation in a wine
glass, called “wine legs” or “tear of wines” is a typical “dissipative
structure”. Due to faster evaporation of ethanol in the thin liquid film of
water-ethanol mixture climbing the wine glass surface, convectional flow,
so-called Maringoni convection, is induced by changing local surface
tension in the front of thin liquid film. With increasing surface tension,
the water-rich liquid film turns small droplets and eventually the droplet
crawl down as periodic stripes after breaking the balance of surface
tension and gravity. The “wine legs” phenomenon is called a fingering
instability in physics.*

We have found that the fingering instability and regular stripe
formation were formed in the casting dilute polymer solution on solid
surfaces.”° Dynamic regular structures, periodic “wine legs” formed in
casting polymer solutions are fixed as regularly arranged striped polymer
patterns after solvent evaporation.”' Periodic stripes are formed from the
casting aqueous dispersions of polymer nanoparticles. Interesting finding

particle size 750nm particle size 2 um

Fig. 9. SEM images of nanoparticles embedded honeycomb-patterned polymer matrix
(pore size 5um).
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in spontaneous phase separation is occurred when an aqueous mixture of
different sized particles is cast on mica surface. Figure 10(a) and (b)
shows two types of phase separation in the striped patterns. When an
aqueous mixture of different sized polystyrene particles (32 nm and
100 nm) is cast on mica substrate, periodically arranged stripes of
particle assemblies are generated from the receding front of the casting
solution. Figure 10(a) clearly shows that these two sized particles (32 nm
and 100 nm) spontaneously separate in a single stripe. Magnified SEM
image shows the large particles are surrounded by the small sized
particle. Complete phase separation is observed when small (25 nm) and
large (100 nm) silica particles are used. As shown in Figure 10(b), these
particles form alternatively arranged individual stripes. Due to dewetting,
stripes of the small particles are shrunk to regularly align dot-shaped
particle assemblies. Mesoscopic patterns of particles assemblies
generated from receding front of casting or dipping solution are
largely independent on experimental conditions,”>>* e.g. concentration,

temperature, surface wettability, etc. Recently we have found that high

@

500 nm

Fig. 10. Mesoscopic particles patterns formed from dissipative structures in the casting
particle solutions. Arrows mean the receding direction of the casting solution front.
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humidity of the dipping experiment provided “Sierpinski Gasket” typed
fractal patterns of nanoparticle assembly of polystyrene (Figure 10(c)).
Details about mesoscopic patterning of particle assemblies by using
“dissipative structure” are now under investigation.

5. Conclusion

We have described a novel and simple method of spontaneous formation
of polymer nanoparticles based on non-equilibrium processes emerging
in slowly evaporating polymer solutions. The method consists of two
procedures, (1) gentle mixing of the poor solvent to the polymer solution
of good solvent, and (2) gradual evaporation of the good solvent.
Miscibility of two solvents is essentially required to this method. In order
to evaporate the good solvent preferentially, boiling point of the good
solvent must be lower than that of the poor solvent. Particle size is
affected by the mixing ratio of two solvents as well as the polymer
concentration. Due to the physical generality of the formation
mechanism, this method can be applicable for a wide variety of
polymers. Unique micro-phase separation structure, regularly piled-up
lamellae, was formed in the nanoparticles of the block copolymer.

Formation mechanism of nanoparticles resembles that of
crystallization. Dynamic equilibrium between dissolved polymer
molecules and nuclei of polymer particles, which shifts every moment
with the temporal change of the solvent composition, may causatively
induce the uniform nucleation of particles. Formation of hemispherical
particles and anisotropic phase separation of lamella typed block
copolymer nanoparticles strongly suggest that the dynamic events of
nuclei formation emerge at air/solution interface.

Hierarchic structuring of nanoparticles is achieved when the
honeycomb-patterned self-organized polymer matrix and “dissipative
structure” are combined with nanoparticles. The hybrid and hierarchic
structures of nanoparticles can be utilized as novel materials not only for
photonic band gap materials but also for optical display devices, micro-
electrodes, novel cell-culture devices, and other practical applications. A
novel preparation method of supra-polymer assemblies from phase
separated polymer nanoparticles, the selective immobilization and
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ective elution method (SISE), is proposed in this article. Isolated

polymer nano disks and cylinders are novel candidates of building
polymer blocks of the hierarchical mesoscopic polymer organizations.
Broken symmetry and spontaneous phase separation in the nano scale
space as well as in the mesoscopic world are challenging mysteries to
clarify the intrinsic and essential nature of “self-organization”.
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Surface wrinkling offers a unique, novel, and robust approach to define
the topography of polymer surfaces. Not only can structure be defined
with discrete, predictable length scales, but the direct control of surface
properties can be achieved. Significant efforts have been demonstrated,
but this field is only emerging in the broad context of a new design
paradigm for polymer surfaces and many challenges remain. In this
chapter, we present a brief overview of the general mechanics that
govern surface wrinkling and an experimental discussion on strategies
that use swelling of a constrained elastomer to generate wrinkled
surfaces. We discuss factors that dictate the length scale, alignment,
and general morphology of wrinkled surfaces, and we end with an
overview of potential applications for surfaces defined by this strategy.

1. Introduction

The local structure of a material’s surface defines its interactions with the
environment and determines the physical properties of a material,
ranging from optical reflectivity to cell adhesion. Thus, the ability to
define surface structures across multiple length scales is a powerful
strategy for property control and serves as one of the primary initiatives
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for nano- and bio-technology. In nature, elastic instabilities are
ubiquitous in determining shape, structure, and function. Examples
include ridges on plant leaves, wrinkles on human skin, and blebs in cell
membranes.'™ In synthetic materials, elastic instabilities have classically
been studied in the context of materials failure and deformation, mostly
focused on designing materials to avoid initiation of instabilities.*®

At an increasing rate, over the past decade researchers have exploited
the elastic instability of surface wrinkling as a mechanism for controlling
polymer surface morphology, enabling technical advances in areas from
enhanced metrology for materials properties to flexible electronics.” >
However, unleashing the full potential of surface wrinkling requires a
fundamental understanding of the material properties that define kinetic
and equilibrium structures.

This understanding will define a new materials design paradigm to
control the morphology of polymer surfaces, to arrange these structures
in complex, long range hierarchies, and to capitalize on their unique
ability to define surface properties that can adapt to their environment.
This paradigm lies at the intersection of chemistry, physics, biology, and
engineering and provides scalable strategies for tuning physical
properties.

Several review articles have been written to summarize the current
understanding of surface wrinkling and the numerous strategies that have
been developed to induce and control them.>®  Here it is not our
intention to repeat these reviews, rather we discuss the physics and
design of surface wrinkles by the development of an osmotic stress in a
polymer film. This process offers significant advantages in the definition
of polymer film morphologies with advanced property control and
function. We begin the discussion with a brief background on the
mechanics of surface instabilities and an overview of available strategies
with the aim of highlighting the advantages of osmotic pressure-
driven surface wrinkling. Next, we discuss the mechanics of surface
wrinkles induced by osmotic pressure and the experimental details
for two demonstrated strategies. We then discuss the ability to define
hierarchical surface structures and conclude by describing technological
applications of surface wrinkles and the challenges that remain unsolved.
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2. Background
2.1. Surface Wrinkling Instability Mechanics

A film or sheet will deform out-of-plane at the imposition of a critical in-
plane compressive stress (Fig. 1(a)). This out-of-plane deformation is
associated with the onset of an elastic instability, where the total energy
is best minimized by the film bending rather than straining in-plane.
This elastic instability has been studied classically,8 especially in the
context of failure modes for structural panels, and its onset can be
determined in a straightforward manner by considering the work done by
external loads and the strain energy due to bending. At the point of
instability, the increase in strain energy due to bending will be less than
the work done by external loads for in-plane compression. For a square
film loaded equibiaxially, this condition is marked by a critical in-plane
stress related to the reduced modulus (E*:E/(l-vz)), the thickness (h),
and the lateral dimension (b) of the film:®

E (h)
o)

Intuitively, thin, long films buckle at lower stresses. This critical
condition is valid for a free sheet or film, but many wrinkling examples
involve a thin film that is attached to a compliant substrate (Fig. 1(b)). In
this geometry, the compliant substrate exerts a stress on the film, and its
strain energy must be accounted in the total energy of the system.

Accordingly, the critical stress for out-of-plane buckling is: 2%
ES ES %
Ef | . E,
G =—1| 35 @)
4| E ¢

where subscripts f and s denote film and substrate, respectively. This
critical condition is valid for any loading mode (e.g. uniaxial, biaxial)
that produces deformations with a critical wavenumber: 728
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region characterized by

C
) “4” piaxial stress state

herringbone pattern

_a region dominated by
uniaxial stress state

aligned 1D wrinkle

Fig. 1. Examples of general approaches used to develop surface wrinkles. a) Uniaxial
mechanical compression of a film with thickness (h) and elastic modulus (E). At a
critical compressive stress (G,,), the film deforms by wrinkling with a periodic profile as
described by a characteristic wavelength (A). b) The uniaxial compression of a film with
elastic modulus (E”p) adhered to an elastomeric substrate with elastic modulus (E”,). This
example is the typical approach used to develop polymeric surface wrinkles since the
elastomer can facilitate the generation of the required compressive stress. Again, above
G, wrinkles develop on the film surface with a characteristic wavelength, amplitude (A)
and persistence length (§). ¢) Development of surface wrinkles by application of a biaxial
stress state on a patterned elastomer. At the pattern edge, the compressive stress is
predominantly uniaxial parallel to the boundary. This altered stress state leads to the
development of aligned one-dimensional wrinkles that persist for a finite length as
described by L. Beyond {, the stress state reverts back to biaxial, which favors the
formation of herringbone wrinkles when the stress state far exceeds the critical value.”” %
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where h is the thickness of the top film and k; and k, are the
wavenumbers in the orthogonal, in-plane axes directions. The
wavenumber k is inversely related to the wavelength, A, of the wrinkled
film: k = 2n/A. Comparing equations (1) and (2), it is evident that the
underlying substrate imposes additional constraint that delays buckling.
Additionally, the wavelength is defined by the thickness and modulus
mismatch, not the lateral dimensions of the sample.

2.2. Morphology of Surface Wrinkles

The morphology of surface wrinkles can be characterized by the
dominant length scales of the imposed pattern: wavelength (A) and
amplitude (A) (Fig. 1(b)). These length scales have been presented by
Cerda and Mahadevan in a general format:

)

(7]
K “4)

Ao A
where D is the bending stiffness of the top film, K is the effective
stiffness of the substrate, and € is the in-plane compressive strain
applied to the sample. For an isotropic, linear elastic thin film with
thickness h on a semi-infinite, isotropically linear elastic substrate,”®
A= h(E*f/E*S)m, which is consistent with the uniaxial deformation
mode (k.=k;) in equation (3). Equation (4) clearly demonstrates that the
wavelength of the wrinkled surface is defined by the balance of geometry
and materials properties, while the amplitude of the surface wrinkles is

linked additionally to the extent of compressive strain.

Besides wavelength and amplitude, the arrangement of surface
wrinkles and their persistence length ({) perpendicular to A play a critical
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role in defining surface topography (Fig. 1(b)). For uniaxial loading
conditions, a one-dimensional periodic wave will be observed where C is
defined by the lateral extent, or width, of the compressed sample. For
biaxial stress states, the arranged pattern of surface wrinkles is dependent
upon the level of applied stress relative to the critical wrinkling stress, as
Hutchinson has described in recent publications.27’28 For stresses far
exceeding the critical stress, a herringbone pattern is predicted as the
lowest energy configuration and has been observed experimentally by
many research groups.14’25’27’28’30 In this configuration, the length of
the herringbone “jogs” is not predicted in a straightforward manner
from equilibrium mechanics and is suggested to be dependent upon the
kinetics of wrinkle formation. Near an edge of a biaxially stressed
material, the compressive stress parallel to the edge is predominantly
uniaxial, which leads to the formation of wrinkles with a defined
persistence length perpendicular to the edge (Fig. 1(c)). Groenewold has
described this distance as’:

b
1 1 E.
~ A +2. L1 5
¢ 0 ali-v,)E, ®)

3. Using Osmotic Pressure to Drive Surface Wrinkling

The general requirement for the onset of surface wrinkling is the
development of a critical compressive stress; therefore, a variety of
strategies can lead to this critical stress development. Examples range
from direct application of compressive stresses by external loads®" to
compressive stresses associated with differences in the coefficient of
thermal expansion between composite layers that are exposed to thermal
processing conditions.” Although all of these approaches are unique and
offer advantages for specific applications, one attractive route is the use
of swelling to generate surface wrinkles since most polymers have the
propensity to swell. This approach is particularly attractive since the
wrinkling polymer can be designed to swell in the presence of a
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particular agent or chemical environment; furthermore, the swelling
agent can be a monomer or formulation that can be polymerized upon
wrinkling. This approach not only provides stabilization of the wrinkled
topography but also allows for the definition of the surface and near
surface chemistry. Furthermore, osmotically-driven surface wrinkles can
achieve wavelengths that range from ~100 nm to ~1 mm, and their lateral
extent has been demonstrated, without effort, over several square
centimeters, suggesting the scalability of the process."*

Similar to wrinkling in laminates with different thermal expansion
coefficients, wrinkling with osmotic stress requires a multi-component
“composite” with different swelling responses in each component. This
“composite” can be as simple as a homogeneous polymer film fixed to a
rigid substrate or as complex as a multilayer composite. In all cases, one
of the components or layers restricts the swelling processes in another
component. This constraint can impose compressive stresses near a free
surface. Values that exceed a materials-defined critical stress will lead to
the onset of the elastic instability as characterized by wrinkling of the
free surface. To understand this process in more detail, we consider the
details of two model systems.

Bottom-constrained materials

Consider a bilayer that consists of a thin elastomer (swellable) adhered to
a rigid substrate (not swellable), as illustrated in Fig. 2(a). Upon exposure
to a swelling agent, the elastomer layer attempts to expand, or swell, in
all directions; however, for thin films this expansion is constrained in-
plane by adhesion to the rigid substrate. Consequently, expansion is
limited to the out-of-plane direction, and in-plane compressive stresses
develop in the elastomer layer. If the equilibrium osmotic stress of the
swollen elastomer leads to the development of an in-plane compression
that exceeds the instability conditions, then surface wrinkles on the free
surface will develop. One of the first observations of this process was
reported by Southern and Thomas,”' but more recently several research
groups have studied this process in more detail. In particular, Hayward
et al. have focused on the development of a related surface instability,
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Fig. 2. a) Example of a bottom-constrained material wrinkled with an osmotic stress.
b) An approach developed by Chan et al. for the fabrication of stable surface wrinkles
on a poly(n-butyl acrylate) (PnBA) elastomer surface.'' Their approach utilizes
photochemistry in the swelling agent to stabilize the wrinkles. The micrograph is an
optical profilometry image of the resultant wrinkled surface.

termed creasing, where very large local strains are associated with the
instability morphology.9

In the research by Southern and Thomas,”' the swelling of a confined
elastomer with a volatile swelling agent clearly demonstrated the
dynamic response of surface wrinkles. As the swelling agent evaporated,
the wrinkled surface returned to its native planar state. This dynamic or
transient attribute of surface wrinkle topographies is especially attractive
for the design of responsive surfaces that can reversibly change
properties such as adhesion, friction, or reflectivity in response to
environmental stimuli. If stable wrinkles are desired, then the swelling
agent can incorporate chemistry that facilitates stabilization. One
approach developed by Chan ef al. is presented in Fig. 2(b)."" In their
approach, a thin PnBA elastomeric film is adhered to a rigid substrate.
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Next, a photocurable n-butyl acrylate-based formulation is used to swell
the elastomer. Again, due to the development of a net compressive stress
associated with confined swelling, wrinkles develop on the free surface
of the elastomer. Following wrinkling, the entire assembly is irradiated
with ultra-violet light that photopolymerizes the swelling agent and
stabilizes the wrinkles. Other approaches such as thermal polymerization
of the swelling agent can also be used; however, the use of
photochemistry facilitates a more rapid and controlled stabilization route.

Top-constrained materials

Similarly, surface wrinkling can be induced in an elastomer that is not
bound to a rigid substrate when the confinement layer is introduced from
the top surface, i.e. a rigid, skin layer. Again, the differences in the
swelling response between the skin (resists swelling) and elastomer
(prefers swelling) layers lead to the development of a net compressive
stress and subsequent wrinkling. Chan and Crosby have demonstrated
this route with a very simple process that begins with the modification of
a polydimethylsiloxane (PDMS) elastomer in the presence of UV/Ozone,
as illustrated in Fig. 3.4 In this process, the UV/Ozone converts the
surface region of the PDMS into a gradient SiOx layer, which is
significantly more rigid compared to the non-modified elastomer. This
elastomer with a rigid, strongly adhered capping layer is then exposed to
a swelling agent. Upon initial swelling, the capping layer restricts the
swelling of the elastomer, and a net compressive stress develops near
the capping layer/elastomer interface. At a critical compressive stress,
the capping layer/elastomer interface buckles, or wrinkles. In contrast to
surface creasing as observed by Hayward9 and others®'? for bottom-
confined elastomers, the high bending energy of the rigid capping layer
in this process limits the morphology to more wave-like patterns. If
desired, the swelling agent can be a formulation consisting of monomer,
crosslinker, and initiators that can be polymerized and crosslinked to
stabilize the wrinkled topography. If the swelling agent is removed, the
wrinkled topography will disappear and the surface returns to initial
planar state. If the swelling agent’s equilibrium osmotic stress within the
elastomer is significantly large, the rigid capping layer may not be



150 E. Chan & A. Crosby

Step 1 UV/Ozone

W % &

2. Initial state

glass slide glass
—

slide

Step 2 UVO modified surface
\F ------------ I/A
B——o< O —— ———— —0—/o<—A‘

glass slide

<LnBA solution
3B. Strain compatibility at the interface

Step 4 UV light

3C. Buckling of the top PDMS layer
Step 5

crosslinked
P(nBA)

Fig. 3. Example of a top-constrained material wrinkled with an osmotic stress. An
approach demonstrated by Chan and Crosby uses a polydimethylsiloxane (PDMS)
elastomer as the substrate and develops the top constraint layer through a UV/Ozone
(UVO) oxidation process to form an SiOx skin.™*

capable of restricting the swelling of the underlying elastomer. Under
these conditions, the rigid capping layer may fracture to relieve the stress
development thereby relieving the stresses that caused the surface
wrinkling.33

4. Controlling Wrinkle Morphology

The orientation of the surface wrinkles is associated with the direction of
the applied compressive stress. This relationship between wrinkle
orientation and compression direction can be easily defined in the
wrinkling of skin and the wrinkling by mechanical compression, where
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a)

Y //}4— disordered wrinkles — o

Fig. 4. Alignment of surface wrinkles with topography. a) Illustration of aligning sur-
face wrinkles with topography. Order is observed at the physical edge of a feature.
b) Example of topographical alignment of surface wrinkles. However, away from the
topographic feature of the PDMS elastomer, the wrinkles became disordered. Figure
reproduced by Bowden et al.*

wrinkles align perpendicular to the direction of the compression.3’19’21

However, stimuli such as swelling and thermal mismatch are inherently
triaxial processes. In the context of film geometry, these processes can
be approximated as biaxial processes, which as predicted, lead to
equilibrium herringbone wrinkle patterns at stresses above the critical
buckling stress." %7 In order to align wrinkles developed by biaxial
stress states, a local principle compressive stress must be developed. For
wrinkling by thermal mismatch, one common approach involves the use
of topography to develop a primary compressive stress.” The use of a
patterned elastomer facilitates alignment since the boundary conditions
defined by the physical edge of a topographic feature establish a primary
compressive stress (Fig. 4(a)). Far from a pattern feature in the absence
of physical boundaries, the compressive stress is biaxial. Hence, this
region forms the 2-D isotropic wrinkles. Near the physical edge of a
pattern feature, the discontinuity of the elastomer surface leads to the
development of a compressive stress perpendicular to the feature edge.
Since the elastomer is a continuous medium parallel to the feature edge,
the stress is still continuous parallel to the edge. This control has been
demonstrated by Bowden ef al. on the wrinkling of gold or silicate thin
films supported by a patterned PDMS elastomer. (Fig. 4(b)). Similar
results have been obtained by Yoo et al. by using a patterned elastomer
stamp to confine a thin metal film upon cooling, thus altering the local
stress state to cause wrinkle alignment.”
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An alternative means to align wrinkles without a pre-existing
topographic pattern has been demonstrated by Chan and Crosby'* using
PDMS elastomer as the elastic support (Fig. 5(a)). In this approach,
moduli-mismatch in the near-surface region was created through
selective UV/Ozone oxidation of the PDMS through a stencil mask. This
oxidation process leads to the selective conversion of regions of the
PDMS surface into SiOx films, thus creating the desired moduli-
mismatch between the SiOx and neighboring regions of non-modified
PDMS. Upon swelling, a net compressive stress develops due to the
differences in the swelling response between the PDMS and silicate
layer, as described above for the top-constraint process. Due to the
presence of the moduli-mismatch between the finite silicate regions and
the PDMS, a primary compressive stress develops parallel to the PDMS-
silicate boundary and leads to the formation of aligned surface wrinkles
(Fig. 5(b)).

Regardless of the specific approach to generating aligned surface
wrinkles, the alignment process is only effective over a finite distance
from the stress-altering boundary. Beyond this finite length, the wrinkles
become disordered and defects develop as equibiaxial morphologies
dominate. This distance is described as { in equation (5). An
experimental confirmation of this distance is shown in Fig. 5(b), where
the distance between stress-altering boundaries is varied continuously in
one feature."* At a critical separation distance, defects in the aligned
wrinkles are observed and { can be measured directly.

In addition to 1-D alignment of surface wrinkles, both spatial and
orientational control can be achieved by confining their development in
two-dimensions (2-D). Extending the concept of moduli-mismatch to
2-D, Chan and Crosby confined the formation of surface wrinkles within
hexagonally-shaped silicate patches (Fig. 5((:)).15 Consistent with
mechanism of 1-D alignment, oriented wrinkles were observed at the
boundaries where a primary compressive stress develops. The ordering
continues until interaction with neighboring wrinkles occurs, beyond
which the random wrinkles dominate due to the evolution to an
equibiaxial stress state. By systemically reducing the average diameter
of the silicate plate (D), two new wrinkling morphologies were observed.
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Fig. 5. Methodology to produce alignment of surface wrinkles without pre-existing
topography. a) An approach developed by Chan and Crosby that utilizes selective UVO
oxidation of the PDMS surface to develop a mismatch in elastic modulus in the near-
surface region of the elastomer.'* b) Demonstration of one-dimensional alignment of
surface wrinkles through the formation of a SiOx strip region. c) Formation of spatially
and orientationally defined surface wrinkles through the formation of SiOx patches on the
PDMS surface.

The first is a dimpled surface and the second is the microlens
morphology (Fig. 6). The formation of these new morphologies is
related to the commensurability of the dimension of the wrinkles in
relation to the plate diameter. To estimate this commensurability, the
authors defined a confinement parameter that is described as the ratio of
the silicate plate diameter versus the persistence length (D/C). For large
confinement parameter values (D/{ > 1), 2-D isotropic wrinkles were
formed since the dimension of a wrinkle is significantly less than the
silicate plate diameter. This result is attributed to the fact that the
boundary defined by the plate diameter does not significantly influence
the wrinkle formation. Away from the plate edges, specifically, at the
center of the plate, (v in Fig. 6), 2-D isotropic wrinkles develop. Slight
reduction of the plate diameter leads to further alignment of the wrinkles
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Fig. 6. Control of the surface wrinkling morphologies by defining the silicate plate
diameter (D). The morphological transitions can be predicted using a experimentally-
established and materials-defined confinement parameter. This confinement parameter is
defined by the ratio of D versus C.

(iii & iv in Fig. 6). Further increases in plate confinement (i.e. when
D/C < 1) lead to the formation of the two new axisymmetric patterns that
includes the dimple (ii) and microlens (i) morphologies. These two new
morphologies can be explained by the commensurability of the
materials-defined persistence length compared with the experimental
defined plate diameter. Additionally, the axisymmetric nature of the
morphologies results from the axisymmetic compressive stress state
defined by the silicate plate; the plate is significantly small such that the
net compressive stress is a hoop stress. The dimple morphology occurs
when only a single wrinkle can be accommodated (D/{ ~ 1). The
microlens morphology occurs at the highest confinement that we develop
for our materials (D/C < 1) as only a fraction of the wrinkle can be
accommodated.

5. Hierarchical Patterning

In addition to the benefits of scalable patterning, another attribute of
surface wrinkling is the potential for generating hierarchical structures,
where the structure consists of multiple discrete length-scales. For
osmotically-driven surface wrinkling, the formation of wrinkling patterns
can occur on both planar and non-planar surfaces. As a simple
demonstration of dual length-scale patterning, Chan and Crosby
patterned a crosslinked PDMS hemispherical surface with the microlens
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array formed by surface wrinkling to create a biomimetic compound eye
(Fig. 7(a)).15 Their approach involves selectively oxidizing the PDMS
hemispherical surface to generate silicate patches. This surface is then
swollen with the photocurable acrylate swelling agent and then
subsequently crosslinked to form the final compound lens. Alternatively,

on a planar surface, wrinkle patterns can be formed with one wavelength,
but multiple, discrete persistence lengths.14 The presence of multiple
persistence lengths on one surface pattern can be classified as a
hierarchical pattern. An example is presented in Fig. 7(b).

Similarly, Efimenko and coworkers used a similar material system to
form a nested “self-similar” wrinkled surface (Fig. 7(c)), where one
persistence length develops but multiple wrinkle wavelengths are

C) top-down

Buckle amplitude (um)

Substrate

. . 1 2
side Proflle Buckle period (jum)

Fig. 7. a) A biomimetic compound eye fabricated by patterning a PDMS hemisphere with
surface wrinkles. This structure consists of two pattern principal length-scales as defined
by the radii of curvatures of the microlenses and the macroscopic hemisphere. Figure
reproduced from Chan and Crosby.'> b) Hierarchical length scale pattern consisting of
multiple persistence lengths. Figure reproduced from Chan and Crosby.'* c) A nest self-
similar wrinkled surface consisting of multiple wavelengths. Figure reproduced from
Efimenko ef al."




156 E. Chan & A. Crosby

present.19 Unlike the swelling approach used by Chan and Crosby,
Efimenko er al. used mechanical compression to induce wrinkling.
Specifically, they uniaxially stretched a PDMS elastomer and then
oxidized the surface by UV/Ozone to form the silicate skin layer. Upon
releasing the strain, the compressive force generated due to the moduli-
mismatched materials leads to wrinkling. The authors report a hierarchy
of five generations of wrinkle wavelengths for their materials. They
attribute this high degree of structure hierarchy to the processing
conditions: slow release of the applied strain leads to formation of the
smallest wrinkles, and as the strain is further released, an “effective” skin
that is thicker than the silicate develops and leads to the formation of the
second generation wrinkles. Further release of the strain leads to the
formation of a thicker “effective” skin which develops the higher order
wrinkles.

6. Applications

Recently, there have been tremendous interests in designing surface
wrinkles as functional materials. Several attributes make surface
wrinkling attractive as technological applications. These attributes
include ease in pattern formation, formation of well-defined and
controllable pattern length-scales and amenability to a variety of
materials. Hence, surface wrinkling can potentially have broad impacts
in a variety of technologies. Currently, there are several applications of
these instabilities including metrology of thin films, optical devices,
flexible electronics and patterned adhesives (Fig. 8).

Stafford and coworkers have developed a metrology tool that
utilizes surface wrinkling as an indirect way to measure the elastic
modulus of polymers (Fig. 8(21)).20 This approach, termed Strain-
Induced Elastic Buckling Instability for Mechanical Measurement
(SIEBIMM), measures the mechanical properties of thin films by
measuring the wavelength of mechanically-induced wrinkles, which is
clearly defined by equation (4).”” Therefore, prior knowledge of the
elastic modulus of the foundation and the thickness of the thin film,
along with measurement of the wrinkle wavelength, allows for the
determination of the elastic modulus of the thin film. Compared with
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Fig. 8. a) Using surface wrinkling to measure the elastic modulus of thin films. Figure

1.20

reproduced from Stafford ef al.™ b) Application of the wrinkled microlenses as an optical

device for information capture.

other mechanical measurement of thin films such as nanoindentation, this
measurement technique is very simple since the wavelength of the
wrinkles can be observed optically. Conversely, if the elastic modulus
and film thickness of the thin film is known, then the modulus of the
elastic support can be determined with the STEBIMM approach.™

Menon and Russell have developed an alternative wrinkling strategy
that is especially attractive for measuring the elastic and viscoelastic
properties of thin films without the aid of an elastic foundation.” This
strategy wrinkles a thin film that is supported on a liquid foundation.
The wrinkles are generated by surface tension of a liquid droplet placed
on the floating thin film. The ease, simplicity, and potential for wide
materials application make this approach very robust since the properties
of the liquid foundation do not play a role in the wrinkle wavelength.
Only the thickness and mechanical properties of the floating thin film
determine the wrinkle dimensions.

For optical applications, Chan and Crosby have demonstrated that an
array of microlenses created by surface wrinkling can be used as an
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optical device."” The authors demonstrated that the wrinkled microlens
array are optically responsive and can be used to display information as
illustrated by the simple light projection experiment shown in Fig. 8(b).
The depth of focus of the lenses can be controlled by tuning the radius of
curvature of the microlenses, which the authors demonstrated by their
processing conditions. Additionally, the field of view of the microlens
array can be enhanced by mimicking the compound eye of dragonfly,
where the peripheral vision is enhanced by designing a microlens array
on a spherical surface (Fig. 7(a)).

With the new drive for designing electronic circuits to adapt to non-
planar platforms, flexible electronic devices are being developed to meet
this demand. The Rogers research group has utilized wrinkling as a
strategy to generate flexible electronic devices.**®  This concept is
analogous to the use of pre-stressed concrete in structural engineering
applications such as bridge design. In their approach, single-crystal
silicon stripes are adhered onto a uniaxially stretched PDMS elastomer.
Upon the release of the strain, a compressive stress develops that leads to
buckling or compression of the semi-conducting stripes. In this buckled
configuration, the semi-conductor is more resistant to permanent
deformation.

Surface wrinkled polymers have also been used as gecko-inspired
patterned adhesives.'' The underlying mechanism of adhesion for these
patterned surfaces is associated with the enhanced control of the contact
line per area during separation. In other words, patterning an adhesive
does not increase interfacial contact area compared with the smooth
analog, rather, the patterned interface lengthens the total contact line
per area during separation. Previous work has demonstrated that
well-defined microfabricated pillar arrays can enhance the properties
of polymer adhesives.”*® However, as the patterning process is
lithography-based, commercial application of these materials is rather
limited due to scalability of the fabrication process. Surface wrinkling
provides an efficient and scalable approach to fabricating a patterned
adhesive. Using the osmotic stress wrinkling approach to generate
wrinkles on an acrylate elastomer surface, Chan et al. demonstrated that
the an initially-smooth, nonpatterned adhesive can be patterned in-situ
and used directly as a patterned adhesive.'"' More importantly, they were
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able to show that the wavelength of the wrinkles controls the properties
of the adhesive that is based on the mechanism of contact line
enhancement.

7. Summary

Elastic instabilities, especially in the form of surface wrinkling, offer a
unique, novel, and robust approach to defining the topography of
polymer surfaces. Not only can structure be defined with discrete,
predictable length scales, but function in the direct control of surface
properties can be achieved. Furthermore, environmental stimuli can be
used to drive the onset of surface wrinkling, thus presenting an attractive
strategy for the definition of responsive surfaces for dynamic surface
property control. Although significant efforts have been demonstrated,
this field is only emerging in the broad context of a new design paradigm
for polymer surfaces and many challenges remain. Among these
challenges are describing the kinetic parameters that dictate wrinkle
morphology, controlling the development of defects in equilibrium
morphologies, describing the mechanics of wrinkled surfaces, and
identifying the dimensional limits of surface wrinkling. As these
challenges are met, there is little doubt that these strategies will find
application in a vast range of advanced materials.
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CHAPTER 7

CRYSTALLIZATION IN POLYMER THIN FILMS:
MORPHOLOGY AND GROWTH
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E-mail: scheng @uakron.edu

Confinement of semi-crystalline polymers into thin films can affect
both the morphology and the growth of the resultant crystals. Several
morphologies, including polycrystalline and single crystalline, can be
obtained in thin films under certain conditions. In addition, the
molecular orientation and kinetics can be affected by the temperature,
film thickness, and interfacial energy. This chapter is a review of
various reports in thin film crystallization.

1. Introduction

Phase behavior of polymers is an important aspect in understanding their
resulting macroscopic properties. These phases range from amorphous
liquids and glasses to mesophases to three-dimensionally (3D) ordered
crystals. The relationship between the molecular arrangement, molecular
dynamics, structures in different length scales and resultant bulk
properties has been studied for decades. Mechanical, optical, and
electrical properties are important in the fields of microelectronics,
biomedical technology, and nanotechnology. Recently, due to new
science in low dimensional materials and the miniaturization of products,
there has been increasing interest in these relationships in thin films.'
Specifically, crystallization of polymers plays a vital role in
determining the final properties of the material. Crystallization can
enhance a material’s strength and toughness, disrupt optical clarity, or
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improve conductivity. Thus, it is important to understand the physics
behind polymer crystallization. This topic has been studied for years
in order to predict crystallization behavior.”'® It is well known that
polymers crystallize into lamellar habits in either a folded-chain
conformation (metastable state) or an extended chain conformation
(equilibrium state). It is also known from the theory developed by
Hoffman and Lauritzen'” that the growth rate of these crystals, G, is
ex-ponentially proportional to the inverse of the supercooling, A7,
exp{-1/AT}, which is the distance from the equilibrium melting
temperature, T,,°. The crystal lamellar thickness and morphology are
also determined by A7, However, there are many features of polymer
crystallization that are unexplained by this theory and are currently under
discussion.'>'*

Because of the growing interest in nanotechnology, it becomes
important to understand crystallization in low dimensional space
under confinement. As the desired size of the product material gets
increasingly smaller, it is important to determine the variations in crystal
morphology, growth, or kinetics as compared to the bulk. There are two
common ways to study crystallization in confinement. One is in block
copolymers with at least one crystalline component; the other is in thin
films. In both of the systems, the size of the domain in block copolymers
or the thickness of the film approaches the length scale of the crystal size
or even the chain dimensions. Thin film confinement has been shown to
affect the chain dynamics and thus, the glass transition temperature, T,
of several polymers, though the origin of this change is still being
studied;'®** therefore, we would expect crystallization to undergo
alterations. In addition to the application needs, crystallization under
confinement provides a new way to study the fundamental physics of
crystallization in real time.

In this chapter, we will focus on the crystallization behavior of
pseudo-2D confined polymers in a thin film with a thickness between
several nanometers and 1 pm. Similar to those in three dimensions, the
morphology of these crystals varies from quasi-spherulites to single
crystals; however, by confining these structures to two dimensions, the
growth and kinetic study of general crystallization becomes more
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accessible. These subjects will all be covered in more detail throughout
the chapter.

The processing of these films will be relegated to a few specific
cases. We will not be discussing films made from conventional
industrial methods, such as extrusion, rolling, and biaxial stretching. All
films were made either by spin-casting or solution-casting. In both
cases, a dilute polymer solution, typically between 0.1% and 1% is cast
onto a substrate of mica, silicon, or glass (with some exceptions). In
spin-casting, the substrate is placed on a rotating stage. The stage is spun
between 2000 and 3000 rpm depending on the desired thickness. For
solution-casting, a drop or two of solution is placed on the substrate. The
solvent evaporates leaving a uniform film behind. It is important that the
solvent has a low vapor pressure and that it wets the substrate surface.
The thickness of these films is also determined by the concentration. For
more uniform films, optimized spin-coating conditions typically provide
the best results.

As for instrumentation and experimental techniques, there are
several methods to study crystallization in thin films. Any technique
that can separate the responses of crystalline and amorphous segments
can be utilized here, given the amount of material is sufficient. Typically
there are several main techniques to be used. They are optical
microscopy (OM), atomic force microscopy (AFM) and transmission
electron microscopy (TEM) in real space. Optical microscopy provides
visualization of the crystal morphology as well as a method of tracking
crystal growth. In reciprocal space, the grazing incidence x-ray
diffraction (GIXRD) technique is commonly utilized. X-ray diffraction
provides structural information caused by a difference of electron
densities of the materials in different phases. In the grazing incidence
geometry, specifically, it is possible to follow the crystallization at the
surface, interface, and inside of the film. Additional methods include
Fourier transform infrared spectroscopy (FT-IR) and ultra-violet
spectroscopy (UV). Differences in crystalline and amorphous absorption
bands in the IR and UV spectra provide information on the crystallinity
of the sample and its dependence on crystallization time. Because of
their wider use, the following will be an in-depth look at the uses of
AFM and TEM in studying the crystallization in thin films.
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The use of AFM provides many advantages over other experimental
techniques. AFM is equipped to study crystallization in situ over a large
temperature range.” Using the tapping mode, one can visualize the
crystal morphology as well as determine the crystal thickness, which are
both a function of A7, The hot stage attachment allows one to change
the temperature of the system. This allows the user to determine other
factors such as growth rate, kinetics, and melting and thickening
mechanisms. It is important to use a minimum tapping force as to not
fracture the surface or induce external energy to assist in crystallization.

TEM can be used to study the morphology and crystal structure,
post-crystallization. The bright field image provides a real space
representation of the crystal morphology; while, electron diffraction
(ED) provides a reciprocal space representation giving the crystal
structure and unit cell dimensions. Using other techniques such as dark
field imaging or polyethylene decoration, special features of the crystal
can be determined, such as orientation of specific crystallographic planes
or folds, respectively. Transfer of the thin film on to a copper grid and
shadowing of the sample with Pt/C are critical steps in preparing the film
for TEM imaging.

The study of polymer crystallization and crystallization in thin films
is quite extensive. Our goal is to provide an overview of the literature
involving crystal morphology, growth, and kinetics in thin films. The
results here will be discussed in a way that non-crystallographers
studying thin films can obtain the appropriate knowledge; however, in
depth analysis of general polymer crystallization, crystal structure, and
crystallization theory will be minimal for simplicity. In addition, the
melt state properties of the thin film will only be discussed where
appropriate. These properties have a general affect on crystallization —
these are unchanged by the confined dimensions — that can be found in
the literature. For more general information on crystallization, see
references 2, 3 and 15.

2. Spherulitic and Dendritic Morphology

Polycrystalline morphologies consist of those that have growth from a
central nucleus with lots of branching. The two main polycrystalline
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morphologies are spherulites and dendrites.” Spherulites have lamellar
crystals that grow from the center with sufficient branching to create a
3D sphere. The sphere has crystalline branches with amorphous sections
in between. Under polarized optical microscopy, spherulites exhibit a
Maltese cross pattern due to the orientation of the crystalline regions
with respect to the polarizer. These crystals are typically formed at high
AT due to the higher growth rate.

Dendrites are single-crystalline-like structures that grow due to a
concentration gradient at the growth front of the crystal. The ratio of the
diffusion constant, D, to growth rate, G, is critical for dendrite formation.
This limitation causes branching that leads to needle-like growth. When
finished, the growing crystal looks like a tree. Due to spiral dislocations,
these dendrites can have multiple layers of crystalline material.
Dendritic growth becomes more prominent at moderate-to-low
supercoolings.

In thin films, we see formations of both of these structures. For
spherulites, because of the pseudo-2D space, the branching occurs
in-plane. The growing lamellae continue to branch as the material is
consumed in the crystallization process. Typically, the crystals grow
edge-on with respect to the substrate, meaning the fold surface is
perpendicular to the substrate. Dendrites, or diffusion-limited aggregates
(DLA),* are formed as flat-on “single crystals” with a large degree of
branching. There are a few different kinds of DLA’s as described by
Brener and coworkers.”’” They are compact seaweed (CS), fractal
seaweed (FS), compact dendrite (CD), and fractal dendrite (FD) where
seaweeds are isotropic and dendrites are anisotropic. All of these
morphologies are highly dependent on supercooling as well as substrate
surface energy.

2.1. Spherulites

Several research groups have studied the spherulite morphology and their
growth using in situ AFM and TEM for poly(e-caprolactone) (PCL),”*°
poly(triflouroethylene) (PF;E),”” poly(bisphenol A-co-octane) (PBACS),”
poly(ethylene terephthalate) (PET),"?! poly(ethylene oxide) (PEO),*™
isotactic polystyrene (i-PS),” and polyethylene (PE).”® All of these
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studies show that the polymer crystals grow from a central nucleus.
From this nucleus, a lamellar sheaf is created. As the chains attach to
the crystal, they form long edge-on lamellae. It is determined that the
crystals are edge-on because their width is approximately the same as the
lamellar thickness in the bulk at the given isothermal crystallization
temperature.” These lamellae continue to grow; however, due to the
high growth rate, they begin to branch off. As branching continues,
the crystal begins to resemble the 3D spherulite. Near the center, or eye,
the lamellae appear to grow flat-on.> As the crystallization time
increases, these lamellae begin to thicken.

Generally speaking, the cause of branching is due to screw
dislocations within the primary lamellae; however, in some cases,
especially in thin films, it is caused by secondary nucleation along the
dominant lamellae.**” As the original growth front propagates, small
secondary nuclei are formed near the growing crystal. The nuclei are
formed by loose loops or protruding cilia from the surface of the mother
crystal. As these daughter lamellae propagate, they intersect with the
mother lamella. The material between the branches acts as a reservoir for
the growth front; however, the limited space between branches also
facilitates the joining of two lamellae. This joining, along with the high
branching density, gives the crystal the characteristic morphology.

As the spherulite grows in the thin layer of liquid, the non-crystalline
material is rejected from the growth front, and transported away from
this front. The distance that they can be transported depends upon the
diffusion rate of the molecules and crystal growth rate. On the other
hand, the crystalline chains find channels in the thin layer to diffuse to
the growth front. This mechanism is vital to all crystallization in thin
films and will be discussed throughout the chapter. The overall growth
rate of the spherulite is constant in isothermal conditions; however, the
growth of individual lamella varies slightly.

Figure 1 shows the development of a spherulite of poly(bisphenol A-
co-octane) as observed by in situ AFM. The spherulite was grown at
room temperature (AT = 59°C) from a film with a thickness of 300 nm.
In Figure 1la, the lamellar sheaf is beginning to develop with flat-on
crystals near the center and fibrous lamellae extending outward. Figures
1b-1f show the development of the branches from the primary lamellae.
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Over time, the central area of the spherulite becomes quite dense. This
shows the high branching density and the joining of the lamellae. Near
the center, there remains some uncrystallized area. The lamellae at the
periphery continue to splay outward, thus leaving this region
uncrystallized. Spherulites of this morphology are called “hedgehog”
spherulites, or hedrites. Spherulites with a more regular radial growth
can be seen in references 33 and 35.

Fig. 1. Growth of “hedgehog” spherulite, or hedrite, from AFM phase image. Source: Li
(2001)

2.2. Diffusion-Limited Aggregates (DLA)

In addition to spherulitic growth, dendritic growth is a polycrystalline
morphology that occurs at large A7. Similar techniques have been used
to identify the dendrite morphology along with their growth, 73353839
Dendrites are single-crystal like and grow flat-on as compared to edge-on
as confirmed by the ED technique. The branching occurs along the
growth faces and is caused by a difference in the diffusion rate of the
chain and the growth rate. Unlike spherulites, this is the only mechanism
for branching and does not include secondary nucleation from the fold
surface.
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There are four different DLA morphologies, compact dendrite (CD),
compact seaweed (CS), fractal dendrite (FD), and fractal seaweed (FS).®
The fractal pattern has self-similarity; whereas, the compact does not.
These assessments have been made according to theoretical work. They
have been observed experimentally as well. The dendrites exhibit
patterns from a nearly spherulitic morphology (those with high branching
density) to the single-crystal morphology (those with fewer branches).
The seaweed morphology is not as common but can be found with low
anisotropy or high AT. Figure 2 shows a range of dendrite morphologies
for i-PS. Figure 2(a) is similar to the spherulite morphology. Figure 2(b)
is the CS morphology. Figure 2(c) is the CD morphology. The final three
morphologies (2(d)-2(f)) are characteristic of the fractal patterns (FD and
FS). These morphologies occur with a difference in film thickness
indicating that the surface energy (anisotropy) is the key parameter. The
AT dependence will be discussed in the single crystal section.

Fig. 2. Dendritic morphologies as a function of crystal thickness: a) 17 nm, b) 14 nm,
¢) 11 nm, d) 9.7 nm, e) 8.7 nm, and f) 6.1 nm. Scale bars represent 5 um. Source:
Taguchi (2002)
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Diffusion-controlled growth can be explained by three different
mechanisms:***! 1) thermal diffusion, 2) impurity diffusion, and 3) low-
dimensionality effect. The thermal diffusion mechanism occurs when the
ratio of the thermal-diffusion constant and growth rate is small; however,
in polymer crystallization, the growth rate is slow with a minimal
temperature gradient. This explanation rules out thermal diffusion. For
impurity diffusion, the molecular weight (MW) distribution causes a
fractionation to occur during crystallization. This affects the growth of
bulk spherulites through a high concentration of low-MW components at
the interface. Low-dimensionality appears to be the mechanism from
which these dendrites and seaweeds grow. This is due to the thickness of
the film. As the film gets thinner, the quasi-2D nature induces the low-
dimensionality affect, resulting in dendritic morphologies.

The growth of the branches, and thus the resultant morphology, is
dependent on film thickness® and crystallization temperature.”® In both
of these studies, the branch width, w, was compared to the given
parameter. For the film thickness (d), Taguchi et al.”® showed that the
branch width increases with one over the thickness (1/d). Above 10 nm,
w is constant and then is linearly proportional with 1/d. Zhang and
coworkers” show that the width of CS fingers has an exponential
relationship with crystallization temperature at a film thickness of 50 nm.

2.3. Origin of Crystal Orientation

As was discussed in the previous sections, spherulites contain an edge-on
crystal orientation; whereas, the dendrites have a flat-on orientation.
This orientation is created in the nucleation step and determines the
morphology of the final crystal. Wang et al.’® present the energetic
origin for the crystal orientation.

Starting from the derivation of the crystal free energy,” Wang and
coworkers add the substrate free energy into each term to show its effect
on nucleation:

AG =-a’IAG, +2a’y, +3aly, +al(y,, - 7,,) (1)
AG =—a*IAG, +4aly, +a*(y, + V.. - ¥,.) 2)
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where AG is the overall change in free energy, a is the lateral size, [ is the
crystal thickness, AG, is the free energy change on crystallization, } is
the interfacial energy between the fold surface and the melt, % is that
between the lateral surface and the melt, %, is between the crystal and
substrate, and %, is between the melt and substrate. Equation 1 is for the
case where the chains lie parallel to the substrate (edge-on), and Equation
2 is for the case when the chains are perpendicular (flat-on). From the
minimization of the free energy, the equilibrium sizes can be determined:

a* — 371 + 705 — 7ms l* — 47c (3_4)
AG, AG,
a*= —4}/1 [* = 2(7/5 i} }/CS B }/ms) (5_6)
AG, AG,

Since we know that the fold surface has a much higher free energy than
the lateral surface (% >> %) and we can estimate all other terms, the
conformation of the chains will be edge-on as long as %5 — Js < 0.
Grazing incidence x-ray diffraction (GIXRD) experiments by Cho er al.*’
on isotactic polypropylene (i-PP) showed that the crystallinity at the
polymer-substrate interface increased as the surface energy of the
substrate increased. The orientation of the chains at the interface was
more parallel (edge-on) than in the bulk sample; however, as the surface
energy increased, the chains took on a perpendicular orientation. This
indicates the transition from edge-on to flat-on crystals.

GIXRD results show that the surface, or air-polymer interface, may
also play a role in the crystal orientation.*** GIXRD is sensitive to
depths of tens to thousands of angstroms dependent on the incidence
angle, o, as compared to the critical value, o.. This allows the researcher
to truly probe the surface and bulk of the film. Factor, Russell, and
Toney*"** found that an aromatic polyimide forms a liquid-crystalline or
a crystalline region at the surface of films with varying thicknesses and
thermal treatments. They concluded that this orientation will affect the
morphology throughout the bulk of the film. Similar results were found
for other polymers such as polyflourene,” PET,*** and poly(ethylene
2,6-naphthalate).*® In all cases, the polymer segments (aromatic rings)
showed preferential ordering parallel to the surface in the crystalline
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packing arrangement. In all cases, the ordering appeared to occur before
crystallization of the bulk of the film.

Many experimental results show the effect of film thickness on the
crystal morphology.®” 1In general, as the film thickness decreases, the
morphology goes from spherulites to dendrites. Taguchi e al.” studied
the affect on crystals of i-PS. They found that as the thickness decreases
below 14 nm, a shift from spherulites to diffusion-limited growth exists.
Mareau and Prud’homme®® have shown that PCL exhibits this transition
at a film thickness around 15 nm. The GIXRD results****® also show
that the preferential arrangement at the surface does not affect the bulk
orientation above a certain thickness. If the film is thick, the free energy
of developing edge-on lamellae is lower due to the lateral-surface
interfacial area. The material is supplied to the top of nuclei to promote
growth perpendicular to the surface. In thinner films, it is energetically
favorable to develop flat-on crystals because the fold-surface interfacial
area wants to be maximized. Because of the thickness, it is easier to
supply material parallel to the substrate. Finally, to overcome the
nucleation barrier, thermal and density fluctuations are needed. Because
of the thickness of the film, these fluctuations are different in the parallel
and perpendicular directions, meaning that it may be easier to overcome
the barrier to crystallization in one direction as opposed to the other.
Both interfacial energy and film thickness play an important role in
determining the crystal morphology in crystallizable thin films.

2.4. Special Features

Within the discussed morphologies of polycrystalline samples, there are
few instances where new features arise. In one case, Duan et al.*” and
Wang et al.*® found concentric-ringed structures, similar to banded
spherulites in the bulk and thin films.*** The second case was originally
discovered by Keith and coworkers"? and later revisited by Zhang er al.”
This is the curved or scrolled crystals of PE. These dendritic crystals are
curved along the long axis of the branches.

The concentric rings were discovered in optical microscopy and
compared to those found in bulk banded crystallites. In the bulk, the
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banding is caused by twisting of the radial lamellac.’”> Because the
banded crystals are spherulitic, they are birefringent. The crystals
observed by Duan er al’ and Wang er al.*® were not birefringent;
therefore, they are not spherulites. According to TEM images and ED,
these crystals are flat-on stacks. It is stated by both groups that the high
MW molecules crystallize first; while, the low MW samples diffuse to
the fold surface and branch vertically. As this occurs, a depletion zone is
created, due to the vertical growth, and the concentric rings are a series
of peaks and valleys. Wang er al.*® verified this by changing thickness
and temperature, which effectively changes the growth kinetics. By
varying these parameters, they saw an increase in the periodic spacing of
the rings. This phenomenon was seen over a wide temperature range for
both samples. They also were seen in thickness ranging from 100 nm to
300 nm.

The second morphology of interest is the curved, or scrolled,
lamellae of polyethylene. Work done by Keith er al.”’ showed that PE
crystals grown from films exhibited a unique morphology. Branches of
dendritic lamellae formed sections of curved crystal faces. In addition,
these blade-like crystals had two thicknesses, one along each (200) face.
It was found that the thickness difference as well as the curvature is
related to the chain tilting™ that occurs in PE lamellar crystals. The
curved crystals are actually edge-on and have branched from the flat-on
crystals. The edge-on crystals derive their curvature from the difference
in fold-surface energy. This disparity is from the difference in fold
surface topology due to chain folding.

In the work of Zhang and coworkers,” the curvature occurs in the
flat-on, dendritic branches. These crystals also exhibit two thicknesses
along the (200) direction. The curvature of the PE crystals is in the
direction of the thinner side; however, branching occurs more often on
the thicker side. For the bending in flat-on crystals, it is stated that the
difference in growth rate for each (200) face (verified by the difference
in thickness) is the main driving force for curvature.

Polycrystalline morphologies are the most common form of
polymer crystallization. They are easily obtained with large AT, or
low crystallization temperature. Polycrystalline morphologies provide
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insight into the general growth behavior of polymers. Growth of
spherulites is easy to follow as a function of radius. Dendrites are crucial
in studying the effects of diffusion in crystallization. However, in order
to have a full scope of crystallization of polymers, one must also discuss
the single crystalline morphology.

3. Single Crystal Morphology

The second classification of crystals is single crystals. These are crystals
in which all parts can be related to the microscopic translation lattice.”
They are a single lamella, consisting of two fold surfaces, that have a
characteristic shape based on the growth planes of the translational
lattice. In most cases, this shape is polygonal. The chain direction is
always perpendicular to the substrate (flat-on). Due to the difference in
surface free energy between the fold surface and the lateral surface, the
lateral dimensions are on the order of microns; while, the thickness is on
the order of nanometers. The crystal thickness is still controlled by the
degree of AT. In order to achieve this morphology, the AT must be
smaller compared to that of dendrites. Single crystals themselves do not
have any large defects. Screw dislocations may occur normal to the
lamellar surface. These crystals maintain the same order and symmetry
but are not true single crystals.

In thin films, the molecular mobility and metastable crystal thickness
are important in growing single crystals. The polymer molecules must
crystallize in such a way that the growth of the lateral face and diffusion
to that face are similar. This provides a controlled crystallization process
allowing for the near-perfect crystals to form. Unlike spherulites or
dendrites, there is no branching caused by secondary nucleation or
disparity between diffusion and growth. Thus it is important to have a
sufficient transport layer to supply molecules to the growth front. In
addition, the crystallization process is strong enough to allow for crystals
that are thicker than the original film itself. Studying single crystals in
thin films may provide a look into the crystallization process and help
provide a better understanding.
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3.1. Polygons

Most single crystals are polygonal in shape. This is due to the structure
of the crystalline unit cell. Because a single sheet of polymer crystal is
created, the growth of this crystal resembles the order and symmetry of
the basic building block, which is the unit cell. For instance, a cubic unit
cell will produce a single crystal that has four growth faces, 90° from
each other. In other words, it will have a square-shaped morphology.
There are several different kinds of unit cells; therefore, there are many
different morphological shapes. We will discuss a few of them.

Since we are still looking at the morphological aspects of polymer
crystals, AFM and TEM techniques were the main analytical tools once
again. There are only a few reports of single crystals from thin films in
the literature. These are syndiotactic polypropylene (s-PP),*>* i-PS,>>’
PLLA,*™® PEO,”® and PCL.** Each has a unique morphology. The PP
exhibits a rectangular shape. The i-PS has a hexagonal shape. Some
crystals of PLA, PEO, and PCL have truncated shapes. PEO has a
truncated square shape, and PLA and PCL have truncated lozenge
(diamond) shapes. The truncated shapes are similar to hexagonal shapes;
however, the angles are not all the same. These truncated shapes are
caused by differences in the growth rate of various crystallographic
planes. They will be discussed in more detail below.

Truncated crystals are those that deviate from the normal
quadrilateral shape to a hexagonal shape. This change in shape is due to
a change in the growth rate in the crystallographic planes.”’ For
example, in the case of PE single crystals, the crystal grows with four
{110} faces. When truncation occurs, the growth in the [200] direction
is slower than in the [110] direction. This is manifested in the new
growth faces, {200}, being observed along with four {110} faces, giving
the crystal a hexagonal shape. This change in growth rate has several
parameters that may affect it; however, for thin films, they are molecular
weight and crystallization temperature.

The growth of the single crystals in thin films is similar regardless of
shape. As the crystal grows, there is a small concave area between the
growth face and the amorphous film.”® This is caused by the difference
in density between the amorphous polymer and the crystalline region. It
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is known that there is an amorphous layer above and below the crystal.
This layer can assist in screw dislocation growth because there is an
easily accessible supply of amorphous material.”>**® Also, there can be
overgrowth caused by substrate defects. These overgrowths originate
from a large heterogeneous nucleus from which the basal, or original,
lamella grows. All of these defects can cause the crystal to be thicker
than the original film. The lack of material at the air-film interface can
prevent the overgrowths or dislocations from developing fully in this
case.

In addition to defects normal to the lamellar surface, there have been
some crystals with abnormal facets, or growth faces. These were found
in the PLLA®® and PCL.*® The breaking from the truncated shape in
the PCL (Figures 3b and 3c) was found to be a function of the thickness.
As the film became thinner than the thermodynamic crystal thickness
(~ 15 nm), the {100} growth faces were ruptured. In addition, they have
a lower crystallographic order as shown by ED. Because the crystal is
growing thicker than the film, the molecules’ diffusion to the growth face
is more difficult. The amount of material supplied to the growth face is
lower as well. All of these factors create the irregular shape of the
lamellar crystal.

Crystallization temperature is important in the final crystal form. It
controls both the crystal thickness, regardless of film thickness, and
morphology. Taguchi and coworkers® showed the effect of
crystallization temperature on thickness. They verified that the thickness
of i-PS follows the relationship predicted by the Hoffman-Lauritzen
theory. The crystal thickness increases with increasing 7, or decreasing
AT. The morphology of the single crystal transitions from a single
crystal to a dendrite with an increase in undercooling. At a AT = 32°C
(T,,° = 242°C), the single crystal morphology is formed. At AT = 37°C,
small kinks in the growth faces indicate that a transition towards the
dendritic morphology is occurring. The dendrite forms at AT = 47°C and
eventually reaches the compact seaweed (CS) morphology at AT = 62°C.
If the crystallization temperature was decreased further, the spherulite
morphology would eventually be reached.
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3.2. Helical

One unique morphology that has not been found in many samples is
helical crystals. These crystals have been found in one sample by Li and
coworkers.”®  The sample is a chiral main-chain liquid crystalline
polyester, PET(R*)-9. It consists of benzene rings, an alkyl spacer of
9 methyl groups, and an R chiral center. This polyester exhibits several
different liquid crystalline as well as one crystalline phase. The
crystalline phase can be grown from thin films of the polyester on a glass
substrate. The crystallization of PET(R*)-9 can be found in two forms.
One is a rectangular lamellar shape; the other is a helical crystal where
the lamella is twisted with a regular pitch.

Although the growth of these helical crystals is not well understood,
there are a few features that have been determined. In order to form the
helical structure, as seen in Figure 3, the crystallites must form a double
twist. This means that the crystallite “sheets” rotate around the helical
axis as well as twist along the cross section. These twists are caused by
defects in the crystal to give it a frustrated structure. The formation of
helical crystals as opposed to flat is dependent on several parameters
including film thickness. In thinner films, the flat crystal is dominant
due to the restriction of the molecular diffusion. It has been shown that
in slightly thicker films, the helix can grow from the flat crystal itself,
further indicating that the underlying mechanism is based on defects in
the crystal. Finally, the pitch of the helix may vary, even at a single
crystallization temperature.

The helical crystal of PET(R*)-9 may be the link to the effects of
chirality on higher level structures from the atomic level, the chiral
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Fig. 3. TEM image of a helical crystal of PET(R*)-9.
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carbon itself, to large scale, 3-dimensional helical aggregates, similar to
those found in biological systems. The chirality is transferred from the
atom to the helical structure of one chain. These chains can now
organize themselves through crystallization into a higher lever helical
structure.

3.3. Special Features

Similar to the polycrystalline samples, there are a few special features
that may be found in single crystals as well. One such feature,
truncation, was already discussed. Here we will discuss two more,
undulation, or striations, and differences in sector thickness. The 1-PS,
PLLA, and PCL samples all exhibit striations, or ridges, on the fold
surface of the crystal.”**™® s-PP has been found to have a different
thickness for the two adjacent sectors.”>>*

Striations can be found on the fold surfaces of single crystals. These
undulations are typically perpendicular to the growth face. They can be
seen in Figure 4. There are a few explanations for the undulations which
can be related. Taguchi et al.’’ show through dark field TEM that the
striations in i-PS are not uniform. They conclude that these striations
must be caused by a buckling of the lamellar surface. The buckling
occurs due to surface stresses that occur. They also state that the stresses
cannot be uniform on both sides because scrolling, or twisting, would be
more prominent, so the stresses originate from an inhomogeneity in the
folds.

Fig. 4. AFM amplitude images of PCL with striations, ruptured {100} faces, and
increasingly irregular growth. Source: Mareau (2005)
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The idea of inhomogeneous folds was also discussed by Mareau and
Prud’homme™ as well as Kikkawa and coworkers.™ Both have shown
through melting studies that the sectors, or sections of similar fold
direction that are typically parallel to the growth face, that exhibit
striations melt first. This is an indication of imperfect crystallization.
In fact, the folds within the sector may not all arrange in the same
fashion. They may have different reentry positions. This leads to
inhomogeneities and surface stresses which could cause the striations to
occur.

The second feature to address is differences in height for adjacent
sectors of s-PP, Figure 5. Work done in the Cheng group®** has shown
that the (100) sectors are thicker than the (010) sectors. These elongated
rectangular crystals were grown on carbon-coated glass. The elongation
indicates that the [100] growth rate (short axis, long growth face) is
slower than the [010] (long axis, short growth face). Because the growth
rate is slower, it allows the crystal to perfect itself during crystallization.
The (010) sector must thicken at a slower rate. The difference between
the two thicknesses is dependent on crystallization temperature as well as
time. Both of these play a role in growth rate and thickening. Melting of
the thinner sector first also provided evidence of the imperfection in the
crystal. Interestingly, the bottom surface of the crystal is flat, meaning
that the thickness difference only occurs on the free surface. This also
indicates that the crystal grows on the substrate, unlike the other single
crystals discussed earlier.

Fig. 5. TEM image of s-PP where the B sector is thicker than the A sector. Source: Bu
(1996)
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Single crystals are an important morphology to study to gain
better knowledge of the crystallization of polymers. Using small
supercoolings, the growth rate of the crystal is better controlled. The
shape of the single crystal is the first indication of the underlying
unit cell. It can also show the effective growth rates of different
crystallographic planes. The unique structures such as helices, striations,
and differences in sectors are a rich area of research in order to better
generalize polymer crystallization. We have covered the polycrystalline
and single crystalline forms of crystallizable thin films. The final crystal
type comes from a specific category of thin films. Those are monolayer
films.

4. Monolayer Films

Monolayer films are films that are made of a single layer of polymer
molecules. These are created by an attraction between the end groups of
the chain and the substrate. Adsorption of the molecules is critical in
creating a monolayer film. These films exhibit similar morphologies in
dendrites and single crystals; however, the growth of these films
becomes more interesting since the molecular motion of the chain is
limited. These films are important in studying the fundamentals of
polymer crystallization.

In all of the studies of polymer monolayers, low molecular weight
PEO was used.”’" Films of PEO were cast onto the oxide surface of
silicon wafers or freshly cleaved mica to promote adsorption. This low
MW PEO will crystallize into integer fold crystals with the number
dependent on the 7,. In most instances, when the sample is annealed at
higher temperatures, there is some pseudo-dewetting that occurs.
Pseudo-dewetting is when some excess chains form small droplets on top
of the monolayer. This occurs due to the self-repulsion of the chains.
The monolayer is still adsorbed; therefore, it is not a true dewetting
process. This is important because nucleation cannot occur in films
thinner than 10 - 15 nm."”* These dewetted droplets crystallize first and
act as the nuclei for growth in the monolayer.
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The morphology of these monolayer crystals ranges from dendrites
to single crystals. In most cases, the diffusion-limited aggregates (DLA)
are the dominant morphology, whether dendrites or seaweed. The reason
for this will be discussed in the next section. These crystals have a
thickness that is much larger than the film thickness. Temperature is still
the dominant driving force for thickness determination. In addition, the
molecules undergo other transformations if the temperature is changed
after crystallization. Much like crystals in the bulk, the film crystals also
exhibit a thickening mechanism.

Zhai and coworkers® studied the thickening mechanism of the
DLA’s. They found that by increasing the temperature from 35°C to
60°C (the melting point of PEO) the thickness, as well as the
morphology, changed. At 35°C, the crystals were in the compact
seaweed form. As the temperature increased, the seaweed broke into
several different “islands.” Further increasing the temperature led to an
increase in size of the “islands” until finally an irregularly shaped single
crystal was formed. Throughout this process, certain areas of the crystals
became thicker. The authors found that at lower temperatures, the
thickening was controlled by the breakdown of the morphology. At
higher temperatures, however, the crystals underwent a type of Ostwald
ripening. Thinner crystals, which are less stable, lost material through
melting which then transported to the thickening crystal. This was
verified by AV (change in volume) calculations. They showed that the
AV was equal to zero, proving that the amount of material had not
changed. In the next section, we will discuss the mechanism for material
transport, crystallization, and growth of DLA’s.

4.1. Mechanism of Diffusion-Limited Aggregation (DLA)

Reiter and Sommer®*® were the first researchers to study crystallization

in monolayer films. Using pseudo-dewetted layers of PEQO, they
determined the mechanism of crystal nucleation and growth in these
ultrathin films. They found that the crystallization of the dewetted
droplets acts to nucleate the crystallization of the monolayer. Once the
crystallization is nucleated, the crystals grow through diffusion-limited
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aggregation. Both seaweed and dendritic patterns are obtained based
on AT.

The mechanism of growth was determined using AFM. Reiter
and Sommer® found that at the layer consisted of three regions. They
are the crystalline region, a depletion zone located at the edge of the
crystal, and the amorphous monolayer. The depletion zone is created by
a change in density between the amorphous and crystalline phases. In
order to crystallize, the amorphous molecules must diffuse through the
depletion zone to the growth front. Once at the growth front, there is a
probability of adsorption and desorption. For adsorption, the chain
crystallizes and moves up the crystal face. If it desorbs, the chain returns
to the amorphous region. The combination of the depletion zone, the
adsoption/desorption mechanism, and molecular diffusion causes the
DLA morphology and branching to appear. These factors are controlled
by the crystallization temperature, hence the variability between compact
and fractal seaweeds and dendrites.

In addition to experiments in this area, Reiter and Sommer® also
modeled the crystallization using a modified lattice model. They
approach the problem with several considerations. They are: 1) chains
are considered as points on a lattice, 2) crystallization starts only from a
defined primary nucleus, 3) in the crystalline state, the chain is
perpendicular to the surface, 4) changes into a state of higher internal
order are connected to the entropy, and 5) the maximum occupation
number corresponds to an extended chain conformation. For the primary
nucleation, a line is used to represent the edge of the droplet where
crystallization occurs. Their results exhibited the same morphologies as
the experiments. They also found that the two relevant length scales,
distance between the branches and the width of the branches, had very
different dependences on temperature, thus leading to the different
morphologies.

4.2. Nucleation-Limited versus Diffusion-Limited Growth

The limiting factor in growth has been discussed in various sections.
One is the suppression of the nucleation due to the thickness of the film.
The other is the limitation of the diffusion of the individual chains to the
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growth surface. Using monolayer films with dewetted droplets, it is
possible to determine which of these limitations affects the growth. Zhu
and coworkers’' have used PEO with different end groups to illustrate
the changes in growth rate due to each of these constraints.

Studies on two PEO samples, one with two -OH end groups (HPEO)
and one with an -OH and an -OCH; (MHPEO), were done using in situ
AFM.”" A monolayer of the polymer was deposited onto a mica surface.
During heating, pseudo-dewetting occurred and resulted in several
droplets on a single layer of the PEO. It is assumed that the -OH end
groups interact with the hydrophilic mica surface, meaning that the
HPEO forms loops and the MHPEO forms tethers. When the sample is
held above the melting point, the droplets undergo an Ostwald ripening
type phenomena where the large drops get larger and the small drops get
smaller. The only mechanism for this to occur is the transport of
the molecules through the monolayer. This also supports the idea that
the molecules that move to the crystal growth front travel through the
monolayer as discussed earlier.

Zhu and coworkers’"' found that the two polymers exhibited different
growth rate dependencies. The MHPEO sample showed a two-stage
growth. Single crystals were formed at a AT of 2.5°C, and the growth
along the [100] direction (r) was measured to monitor the growth. Both
stages were linear with time (7 o< #). Due to the facetted shape and linear
growth rates, it can be concluded that the growth is nucleation-limited
(NL). The growth rate is dependent on the attachment of the chain at the
growth front (first stage) and subsequent extension along the lamella
(second stage). The second stage occurs due to an increase in the
nucleation barrier because of the chain extension during crystallization.

At a supercooling, AT, between 2°C and 6°C, the HPEO sample does
not exhibit a facetted, single crystal morphology. They are round in
shape with an extended chain crystal. The first stage is extremely fast
and difficult to follow. To monitor the second stage growth of this
sample, the authors measured the volume change as a function of time.
The volume is linear with time, which means that the growth is
proportional to the square root of time (r o ). This indicates a
diffusion-limited (DL) growth mechanism. Similar to the previous
results, the diffusion of the chains is limited by the depletion zone around
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the crystal growth front. It would be safe to assume that with higher
supercoolings, the morphology would transition to that of the DLA. In
addition, the MHPEO sample shows DL growth at higher supercoolings
(AT =4.5°C). The differences in these two samples are attributed to the
end-group interaction with the surface.

Monolayer films are the best systems for studying the growth
mechanisms of polymer crystals. Using hot-stage AFM, crystallization
growth, Kkinetics, reorganization, and melting are easily studied.
Confining the molecules to these quasi-2D environments induces new
ways to limit the diffusion of the crystallizable chains. Now that we
have discussed the different morphologies that can be found in polymer
thin films, we will address the areas of growth and kinetics. The final
section of this chapter will cover changes in these with temperature,
thickness, and the role of substrate surface energy.

5. Crystal Growth and Kinetics

The last consideration for crystallization in polymer thin films is the
kinetics. Confining the crystallizable polymer in a thin film will affect
its nucleation, growth rate, and kinetics. These issues have been
addressed by studies previously discussed;>” however, most of the
work has been done by Frank et al."”*’™ They have taken several
approaches to study the crystallization kinetics. They have used
different polymers, PEO™® and poly(di-n-hexylsilane) (PDHS)."">"”
Experimental techniques include AFM, FT-IR spectroscopy, and
fluorescence spectroscopy for the PEO samples, and UV spectroscopy
for the PDHS sample. For the spectroscopic techniques, a change in the
peak associated with the crystalline fraction was correlated to the amount
of crystallinity. In situ AFM was used to monitor morphology as well as
growth. In addition, they analyzed their results using the Hoffman-
Lauritzen approach and the Avrami-Evans theory, which relates the
volume percent crystallinity to the crystallization time and two adjustable
parameters:”

v =1—exp(—Kt") (7
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where v is the percent crystallinity, K depends on experimental
conditions, and n depends on the dimensionality of growth.

Using the PDHS sample, the percent crystallinity was monitored
over time using UV spectroscopy.”’>” A low-energy peak at 364 nm
corresponds to the all-trans conformation of the Si backbone. The high-
energy peak at 316 nm corresponds to the disordered state. By
monitoring the absorbance at each peak, it is possible to determine the
percent crystallinity. After quenching to the crystallization temperature,
the percent crystallinity was monitored over time. In thick films,
crystallization reached the maximum shortly after quenching. As the
film got thinner, the crystallinity was decreased; the time to reach the
maximum crystallinity also increased. It was also found that below 10 -
15 nm there was no crystallinity because homogeneous nucleation could
not occur. Similar results were obtained when the crystallinity of PEO
was measured using FT-IR spectroscopy. In both cases, the behavior
was modeled using the Avrami equation (Eq. 7) to determine the role of
thickness on the dimensionality of the crystallization.

Fitting the data with the Avrami equation provided good agreement’
(Figure 6). PDHS exhibited a similar K-value over all thicknesses and
crystallization temperatures. The meaning of this result is complicated
since K is dependent on the shape of the crystallite, the growth rate,
the number of potential nuclei, and the probability of nucleation. The
exponent, n, was found to decrease with decreasing thickness. As the
thickness decreases, n approaches 1. This means that the growth is one-
dimensional and athermal; however, by increasing the A7, the exponent
reaches a value of 3.5 again indicating that a higher supercooling, AT,
greatly affects the mode of crystallization.

The results for the PEO sample are quite different.”> For PEO, the
K-value decreased with decreasing thickness and the exponent stayed
the same, around 4.0. This indicates that the previously mentioned
parameters are quite different for PEO as compared to PDHS. Also, the
crystallization of PEO is between 2D (n = 3) and 3D (n = 4). This
difference may be due to the fact that PDHS crystallizes parallel to the
substrate surface; while, PEO crystallizes with the chain direction
perpendicular to the surface.
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Normalized Crystallinity
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Fig. 6. Avrami fit to the crystallinity vs. time plot with varying film thickness. Source:
Despotopoulou (1995)

5.1. Growth Rate as a Function of Thickness

Equally important to the amount of growth (percent crystallinity) in a
polymer thin film is the growth rate of the crystallization. Studies have
shown that the growth rate is highly dependent on thickness as well as
temperature.”>>%7* In all cases, the growth rate was monitored by
optical microscopy or AFM. Typically, the radial growth of a spherulite
or dendrite was measured as a function of time to determine the rate.
Once the rate was found, it was possible to find the relationships with
thickness and temperature.

In the work done by Sawamura et al.,”* they found that the growth
rate of i-PS could be modeled with the following equation:

G(D)=G(=)(1- d/D) (®)

where G(D) is the growth rate in a film of thickness D, G(w) is the bulk
growth rate, and d is a constant. This relationship held regardless of
substrate (glass or carbon-coated glass) or molecular weight. In all
cases, the value of d was found to be 6 nm. Taguchi et al.® found
similar results; however, their d-value was 7.2 nm, and there was
deviation from the fit below a thickness of 8 nm. Sawamura and
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coworkers’* hypothesized that the change in growth rates was due to the
reptation of the polymer chain as it moves towards the growth face.

In 2003, Massa and coworkers™ provided an entire growth landscape
as a function of thickness for PEO thin films. Figure 5 shows the growth
rate as a function of thickness from the bulk value at thicknesses near
1 wm to the growth rate at a thickness of 14 nm. Their results differ
from those of Sawamura’* and Taguchi.”> They found that there is a
local minimum at D ~ 150 nm, a peak at D ~ 100 nm, and a “kink™ at
D ~ 45 nm. Each of these is explained in the following way. The
minimum corresponds to a change from “edge-on” crystals to “flat-on”
diffusion-controlled growth. The peak at 100 nm is related to a change
in the density of the DLA backbones. Finally, the “kink” is caused by a
change to the CS morphology where the backbone and branch widths are
comparable and tip-splitting occurs. The authors state that these changes
in morphology with decreasing thickness may result in the deviations
seen in the previous studies.
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Fig. 7. Growth rate (G) vs. film thickness (D) for PEO thin films. Source: Massa (2003)

5.2. Growth Rate as a Function of Temperature

As was alluded to in the previous sections, the growth rate is also
affected by the crystallization temperature. When the growth rate is fast,
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the spherulite morphology is apparent. The DLA morphology and
the single crystal morphology appear as the growth rate decreases. This
has been addressed for bulk samples in the theory of Hoffman and
Lauritzen.'® They found that the growth rate, G, is exponentially
proportional to the inverse of the supercooling, exp{-1/AT}, or
exp{-1/(T,’ — T,)}. Schonherr and Frank® and Dalnoki-Varess e al.*
found that the same applies for thin films.

Both groups used PEO to study the affects of 7, on the growth
rate. Their results are quite similar. The data follows a G ~ exp[1/AT]
relationship with slight variation with changing film thickness.
Schonherr and Frank® compared their results directly to the Hoffman-
Lauritzen prediction. They found that the confinement effect creates a
constant offset of the linearized plots; however, by using appropriate
adjustable parameters, the data falls onto a single curve. They
hypothesize that the transport term of the theory does not correct for
either the activation energy for reptation across the melt-crystal interface
or the temperature at which molecular motion ceases. Dalnoki-Varess
and coworkers™ found that their data follows the equation:

G =G exp[-b/T.(T. -T,)] 9)

where G’ is independent of temperature but dependent on thickness. In
contrast, b has a single value for all thicknesses. The fit of a single
b-value indicates that the energy barrier for the addition of another
polymer segment is unaffected by the confinement; whereas, the G’
dependence is indicative of a transport difference in the films.

6. Summary

In this chapter, we have covered several areas of polymer crystallization
in films with a thickness of less than 1 um. The morphology, growth,
and kinetics are all affected by confining the polymer to quasi-2-
dimensional space. At first approximation, one might think that these
affects may only occur once the film thickness is on the length-scale of
the polymer chain (R,); however, we find that in films that are orders of
magnitude larger, there is still a change from the bulk behavior.
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The morphology of the polymer crystals undergoes several
transitions.  Spherulites, diffusion-limited aggregates, which include
dendrites and seaweed patterns, and single crystals have all been
observed in thin films. The transitions from one morphology to the next
are due to the degree of undercooling, or crystallization temperature, or
the thickness. The changes with respect to temperature are similar to
those in the bulk. By confining the polymer in thinner films, the
diffusion is decreased. This change in diffusion with respect to the
growth rate leads to the different morphologies. As the diffusion
constant approaches the growth rate, DLA’s become the dominant
morphology. If the growth rate is much larger than the diffusion, then
2D spherulites can be observed.

In addition to the overall morphology, the crystal orientation can
vary under the given conditions. Crystals can assume an “edge-on”
orientation or a “flat-on” orientation. This orientation is defined by the
chain axis of the crystallized material. If the chain axis is parallel to the
surface, they are “edge-on.” If it is normal to the surface, then they are
“flat-on.” In nearly all cases, spherulites grow with an “edge-on”
orientation; while, DLA’s and single crystals grow with a “flat-on”
orientation. The orientation is determined in the nucleation step. The
surface energy of the substrate and the availability of the material play an
important role in the nucleation.

The growth rate and kinetics are also determined by the temperature
and film thickness. Some films have shown that there is a limiting
thickness for crystal nucleation. In general, the thickness also affects the
final crystallinity of the film. The growth rate decreases with decreasing
thickness as well. The effect of temperature, however, follows a similar
trend as in the bulk. The differences are again attributed to the
limitations on diffusion and available material.

The field of polymer crystallization has gained important obser-
vations from films a monolayer thick to several hundred nanometers. As
technology moves toward smaller scales, the properties of polymeric
materials must be studied to keep at the forefront of research. In
addition, our knowledge of polymer crystallization is ever changing with
better experimental techniques and polymer samples. These thin films
provide an additional method to understand crystallization in the bulk.
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Crystallization in polymer thin films will prove to be an important field
for years to come.
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The modes of attachments, detachments and relaxations of molecules

of rubbers and gels on solid surfaces are keys to understanding their
frictional properties. An early stochastic model of polymer relxations
on surfaces was given by Schallamach, which has now evolved in
various ways. A review of these developments is presented along with
the experimental data that elucidate the kinetic friction of smooth
rubber against smooth surfaces. These soft rubbers exhibit various
types of instabilities while sliding on surfaces. A few examples of these
instabilities are provided.

Introduction

Friction, in both microscopic and macroscopic systems, is dominated by
the processes occurring at or near surfaces, i.e. in a thin film region. The
objective of this chapter is to try to understand some of the molecular
level processes underlying friction by examining the progress that has
taken place over many years with studies involving low modulus
polymers. Aside from its tremendous technological importance, crosslinked
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polymer or rubber is a nice model system for tribological investigations,
as its surface and mechanical properties can be easily controlled by the
appropriate choice of the molecular weight, crosslinking density, and
chemical composition. Another advantage of rubber comes from its low
modulus, which allows it to conform well to moderately rough surfaces.
A large body of early scientific research in friction was carried out with
rubber.'” The questions that intrigued rubber tribologists are: how much
of rubber friction is controlled by interfacial and bulk deformation
processes, how the dynamics of polymer chains are affected by the
interface, what is the mode of relaxation of molecules at the interfaces,
to name a few. The pioneering systematic studies of Grosch'® attempted
to answer some of these questions long ago, by making careful
measurements of sliding friction of various rubbers against varieties of
rough and optically smooth surfaces. His main observation (Figure 1)
was that the friction coefficient of rubber first increases with velocity,
reaches a maximum and then it decreases. In these studies, Grosch'
discovered a remarkable correlation between friction coefficient and the
rheological properties of the rubber. When the velocity corresponding to
maximum friction is divided by the frequency corresponding to
maximum viscoelastic dissipation, a length scale is found that correlates
with the average distance between surface asperities. Based on this
observation, Grosch'® suggested that friction on rough surfaces is
dominated by the energy dissipation within a zone in the rubber that is
deformed by the surface asperities. As the rough surface slides over a
rubber, these zones undergo cyclic compression/deformation cycles, thus
dissipating energy proportional to the loss modulus of the rubber. More
recently, further extending Grosch’s ideas, Persson® developed a rather
comprehensive theory of rubber friction on rough surfaces. After
Grosch,'’ Ludema and Tabor'' carried out careful experiments of rubber
friction in both rolling and sliding modes. These authors came to the
conclusion that while rolling friction is controlled by the viscoelastic
properties of rubber, which gained support from several later studies,'* "
the sliding friction on smooth surfaces does not necessarily correlate well
with the viscoelatic properties. They suggested that the friction and slip
of polymer chain segments against each other is the main mechanism
contributing to sliding friction. On the other hand, Schallamach'
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proposed an adhesion-based theory of rubber friction suggesting that the
cyclic processes of extension, detachment and re-attachment of the
rubber molecules at the interface are the fundamental mechanisms of
friction of rubber on surfaces. Below, we examine these various ideas of
rubber friction in some detail.

Schallamach’s Theory of Rubber Friction

Schallamach’s idea'® was that the interfacial bonds responsible for the
adsorption of the polymer chains of rubber on a solid surface can always
break due to thermal fluctuation. However, when a force is applied, the
bond breaking probability increases exponentially with force. By solving
a kinetic equation of bond rupture, Schallamach argued that the average
force at which a bond breaks increases logarithmically with the rate at
which a load is applied to the polymer chain. Interestingly, these basic
ideas of Schallamach have also been independently discovered in the
biophysics community, where they are frequently used to explain the rate
dependent bond rupture forces in various protein-ligand systems.'®*

Schallamach’s'’ theory has two main aspects. According to one
aspect of the theory, the force needed to detach a polymer chain from a
surface increases with velocity. However, the number of active load-
bearing chains decreases with the sliding velocity as well. The force to
detach the chain, according to the elementary theory of elasticity, is
proportional to the extension of the polymer chain V¢ , f being the
average time a chain remains bonded to a surface before it is detached.
This average time is estimated from the following equation:

t_=

(513, )a (1)

%3

)

where, 3, is the total number of polymer chains per unit area. ¥ is the
areal density of working chain at any given time, which is obtained from
the following rate equation:

Q — _ze—UlkTek\VM/kT (2)
dt T
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where U is the depth of the adsorption potential well, k_ is the spring
constant of the rubber molecule, V is the sliding velocity and A is the
width of the potential well. The last term in equation 2 suggests that the
rate of dissociation of polymer chain from a surface is enhanced due to
the reduction of activation energy by the applied force. Integration of
equation 2 yields the areal chain density, which can be substituted in
equation 1 to obtain 7. The average density of the active load bearing
chain is obtained as:

Y=X.0G/G+7)) 3)

where 7 is the amount of time a chain spends in a detached state before
re-attaching to the surface. Combining equations 1, 2 and 3, the frictional
force per unit area can be obtained from the sum of all the spring forces:
Y k Vi . The theory developed by Schallamach is rather successful in
providing a qualitative picture of adhesion that captures many important
elements of Grosch’s observations. Chernyak and Leonov®' later
provided certain improvements to Schallamach’s model and proposed the
following equation for shear stress:

o~%, M’ﬂg)jp(mdt @)

V(i +7)

where @(r(t)/9) is the elastic energy stored in the polymer chain, p(V,7) is
the transition probability of the polymer chain in going from the bonded
to the relaxed state. The numerator of equation 4 is the work done in
stretching the polymer chain to the breaking point, while its denominator
represents the mean distance traveled by the chain. Using the steady state
stochastic model of bonding-debonding processes, Chernyak and
Leonov’' determined the expressions for the transition probability and
the time spent in the bonded state in terms of the sliding velocity. Their
final expression for the shear stress is:
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el

-1
m+1—exp()
u

u(l+s)

oc=0,(m+1)

where m is the ratio of the lifetimes of the polymer chain in the free and
bound states at zero sliding velocity, s is the ratio of the viscous
retardation time over the lifetime at rest, and u is the dimensionless
‘;T° , where 7 is the lifetime of the
a

polymer chain in the bound state at rest, Jd is the average distance
between the polymer body and the wall and a corresponds to the
cotangent of the maximum angle the polymer chain subtends on the wall
_ kTES
B (1+ m)pr
polymer chain. The resultant shear stress exhibits a bell-shaped behavior
with respect to the sliding velocity (Figure 1). The peak stress decreases
with the molecular weight, and it exhibits a broad maximum for high
molecular weight polymers.

velocity of sliding defined by ;=

at forced breakup. o, , Rr being the Flory radius of the

—
N
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—_
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Fig. 1. (left) Friction coefficients of various rubbers against solid surfaces, as obtained by
Grosch,'® are plotted against the logarithm of speed shifted by the WLF shift factor. On
the same graph, the viscoelastic loss coefficient is plotted against the logarithm of the
frequency, also shifted by the WLF factor. (right) Schematic of the shear stress as
function of a dimensionless velocity for rubber sliding against a solid surface as predicted
by the general theories of Schallamach'” and Chernyak and Leonov.”'
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Experiments of Rubber Friction with Molecularly Smooth Surfaces

Recently, Vorvolakos and Chaudhury**** studied the friction of a PDMS
(polydimethylsiloxane) rubber on a smooth solid surface in the light of
the earlier studies by Grosch. The smoothest surface used by Grosch
was optical quality glass, which does not guarantee molecular level
smoothness. Furthermore, the solid surfaces were rather ill-defined from
today’s surface science standard; therefore, the effects of surface
properties could not be discerned from the older studies of friction. In the
new studies, Vorvolakos and Chaudhury®* used molecularly smooth
PDMS (polydimethyl siloxane) elastomers sliding against a molecularly
smooth self-assembled monolayer of alkyltricholosilanes or a
molecularly smooth polystyrene as a function of the crosslinking density
of the elastomer, sliding speed, and temperature.

In these cases, where the interfacial interaction is dominated by van
der Waals forces, the frictional force increased with sliding velocity sub-
linearly up to a critical velocity, beyond which the rubber exhibited a
stick slip behavior (Figure 2). It was also observed that the frictional
force decreases with the molecular weight of the rubber, and with
temperature, which are qualitatively consistent with the theories of
Schallamach, as well as of Chernyak and Leonov.”' There are certain
differences observed with the SAM-coated silicon wafer and polystyrene,
which we will discuss later in the chapter.
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Fig. 2. (Left) Shear stress of PDMS on SAM-covered Si wafer. The molecular weights of
the polymers of decreasing friction correspond to 1.3, 1.8, 2.7, 4.4, 8.9, 18.7, and 52.1
kg/mol, respectively. (Right) Shear stress of PDMS on Polystyrene: PDMS of decreasing
friction corresponds to molecular weight 4.4, 8.8, 18.7, and 52.1 kg/mol, respectively.
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Persson and Volikitin’s Theory of Rubber Friction on
Smooth Surfaces

Recently, Persson and Volikitin® questioned whether polymer chains can
undergo the cyclic processes of attachment and detachment in a confined
geometry as was suggested by Schallamach. They also questioned
whether Schallamach’s model is suitable for a weakly corrugated
potential, where it may be much easier for the chains to slide than to
break adhesively. Persson and Volikitin® envisioned that the sliding of
rubber against a smooth surface is due to the correlated stick-slip motion
of the patches of rubber elements which they call stress segments
(Figure 3). Applying the method of Langevin dynamics to viscoelastic
rubber, Persson and Volikitin® argued that the fluctuation stress in
rubber segments can be as high as mega-Pascal, which is enough to
depin the rubber segment from the surface. When the rubber slides, the
stress at the stress segments reach a critical value when a localized slip
occurs accompanied with the dissipation of the stored elastic energy in
the rubber.

In their analysis, rubber friction turns out to be closely related to the
frequency-dependent elastic modulus of the rubber. They recovered
(Figure 3) the bell-shaped curve of friction versus sliding velocity as
observed in the experiments of smooth surfaces of Grosch'” as well as of
Vorvolakos and Chaudhury.?

7
_

i

o ¢ (MPa)

Fig. 3 Fluctuation model® of stress segments as proposed by Persson and Volotikin (left).
Computed shear stress™ as a function of sliding velocity is shown on the right.
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Friction Resulting from Stress-Biased Diffusion

Here we describe a model that was used in reference 24, where friction
of rubber was thought to be related to the biased diffusion of the polymer
molecules in contact with the surface. This model is different from that
of Schallamach in the sense that the chains undergo random Brownian
motion in contact with the surface, which is biased when a force is
applied. For small force, the corresponding Fokker-Planck equation for
the dynamics of rubber molecules in contact with the surface is:

Dp_ D,0 0’

P ©
Here, p is the probability density, fis the force the chain experiences that
depends on the chain extension, D, is the diffusion coefficient. The
operator D/Dt indicates a material derivative. At steady state, equation 6
becomes:

2
v __Dodlfp) p d7p 7

dx kT dx 7 dx?

Solution of equation 7 for a linear elastic polymer chain of spring force
kox 1s:

D, 2kT

o0

2
p=p, exp[vx— kox J ®)

The physical significance of equation 8 is that the probability distribution
is Gaussian in the absence of any relative sliding. However, when the
sliding occurs, the distribution is shifted. The average stress at the

interface is:
L +L 9
O':Z[J.fpde/(dex] ©)
-L -L
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where L is the maximum extension of the polymer chain. In equation 9,
the areal density of load bearing chains Y depends on the statistical
segment length a and the number (N) of statistical segment per chain as:
Y =1/+/Na’. Equation 9 in conjunction with equation 8 reduce to

o=V (10)

where, {, =kT /D, is the friction coefficient. This is the low velocity
limit of friction, where the frictional stress is areal density of the load
bearing chains times the average frictional force a chain experiences due
to its diffusive motion. The friction coefficient {,in general, has two
contributions: one resulting from the surface interactions and the other
resulting from viscous friction of the polymer chains with the
surrounding chains near the surface. At the simplest level of
approximation, the bulk contribution to ¢ is proportional to N, while the
surface contribution if proportional to N, so the net friction coefficient
is:

£~ g“o(\/ﬁel“” +N) (11)

where ¢ is the segmental level friction coefficient in the bulk. If the

first term of equation 11 is stronger than the second term, the interfacial

shear stress would be o-zgv_yef””, which is independent of the
a

molecular weight (or modulus) of the polymer. At a simpler, but

somewhat more general level, the kinetic friction force can be described
by an equation”?° of the type:

f=f,sinh"(V/V,) (12)

where, V; is a molecular velocity scale. When f >> f , both the sinh
and cosh functions become exponentials and the force varies
logarithmically with velocity, i.e.

f~fIn(VIVy), and 6 ~ £ fIn(VIVq) (13)
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where, V is a molecular velocity scale. Thus, while at a low sliding
velocity, the shear stress increases linearly with sliding velocity, it varies
logarithmically at high sliding velocity. These results are similar to
Schallamach’s predictions.

Friction, however, does not keep on increasing indefinitely with
velocity. It should saturate when the force reaches the zero temperature
limit of the force: k x ~ U /4. However, at the high velocity range, there
is a subtle interplay of elastic and frictional forces experienced by the
chain. This region may be analyzed using a method proposed by
Persson”’ to study the behavior of adsorbed molecules in the high
velocity limit using Langevin dynamics. We present here the treatment
of Persson”’ that starts with the following Langevin equation:

d’x _dx oU (x)
dx pdv_ o U, p (14)
" éth / ox

Here, U(x) is the depth of the potential well, f is the delta correlated
stochastic force and F is the external force. By considering the

coordinate of the end group of the chain as x =V¢- x_, where x, is the

fluctuation of the end group position and the shape of the potential well
as U(x)=U(I- cos kx), equation 14 can be re-written as in equation 15
after expanding the potential with respect to x,,.

d*x dx
a + a
dt* ¢ dt

m = f —kU sin(kVt)— k*Uu cos(kVt)+ F — (v (15)

Persson®’ presented a solution of equation 15 in the high velocity limit as
follows:

U’
=~V 16
d (1-'_ 2m’v? j (16)

Thus, at the very high velocity limit, the frictional stress is given by
o=>{V with Y ~1/Na® and ¢ ~ N, thus, the friction force
increases with the molecular weight of the polymer.
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Thus, frictional force has three main behaviors. In the low velocity
limit, it is dominated by the surface friction coefficient and increases
linearly with velocity, but being independent of the molecular weight
as a first approximation (the situation may be different if specific
interactions, such as H-bonding interactions act at the interface). As the
velocity increases, the friction force enters a non-linear domain, where
the non-linearity results from the fact that the transition probability from
one potential well to the next increases exponentially with force. In this
range, the frictional shear stress decreases with the molecular weight of
the elastomer. Finally, when the force is much larger than the force of the
potential well, friction increases linearly with velocity and molecular
weight.

It should, however, be pointed out that in a real rubber, some
coupling of interfacial and bulk dynamics may occur. Furthermore, at
high sliding velocities, some of the polymer chains may lose contact with
the counter surface, or the polymer surface may undergo some
roughening, amounting to a decrease of the load-bearing chains with
velocity as was envisaged by Schallamach. When this possibility is taken
into account, one expects the frictional stress to exhibit an S-shaped
curve, where the friction at first increases, then it decreases and finally
increases again with sliding velocity. This is also the form predicted by
Persson and Volotikin (Figure 3) using their fluctuation model of stress
domains and by Leonov™® after correcting the earlier theory of Chernyak
and Leonov by introducing an additional time scale due to Brownian
fluctuation:

ul— (1- m- 1/u)exp(- m- 1/u)
1+ ym—exp(-m—1/u)

7

a

where the additional parameter ¥ is the ratio of the free life time of the
polymer chain to its characteristic time of Brownian motion on the
surface.
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Examination of Experimental Data

The simple analysis presented above suggests that the shear stress is
independent of the molecular weight at low sliding velocity. However,
with increasing velocity the shear stress should vary as the square root of
the elastic modulus. Although there were some hints that friction
decreases with the increase of molecular weight in the studies of Newby
and Chaudhury,” the effect was more clearly demonstrated in the studies
reported in references 24 and 22. Figure 2 summarizes some of the
important results of reference 22. When the sliding speed is in the range
of 107 m/s to 10 m/s, shear stress varies very little with velocity.
However, when the sliding velocity is in the range of 10 m/s to 107 m/s,
shear stress increases logarithmically with the sliding velocity. Then,
above V~107 m/s, sliding becomes unstable followed by stick-slip
friction. Using the velocity corresponding to maximum friction ~107 s
and a characteristic length scale ~ 1 nm, one estimates the relaxation time
of PDMS chains on the order to be about 107's, which is considerably
larger than the viscous relaxation time of the dimethylsiloxane oligomer
(~10"'s). As a crude approximation, the ratio of these two time scales
should be ~e”"*". This leads to an estimate of U of about 22 kJ/mole.
Interestingly, the activation energy of rubber friction from the
temperature dependent™ friction measurements is found to be about
25 kJ/mole, which is close to the above estimate of U.

When friction is measured with PDMS on polystyrene surfaces, it is
found that the shear stress is somewhat higher than on hydrocarbon SAM.
Furthermore, the onset of stick-slip transition for polystyrene occurs at a
lower velocity (~10° m/s). This critical velocity would correspond to a
potential well depth of 27 kJ/mole, which corresponds well to the
activation energy (27 kJ/mole) of friction obtained from the temperature
dependent studies. These differences in friction of PDMS on SAM and
polystyrene exemplify the role of interfacial interaction in friction as was
pointed out by Ludema and Tabor."" Another clear evidence of the role
of surface properties on friction was provided by Vorvolakos et al.”
(unpublished results). In these studies, small amounts of uncrosslinked
PDMS chains of various molecular weights were mixed with a vinyl end-
functional PDMS and the later was crosslinked using the well-known
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hydrosilation chemistry. The free chains were added in such a small
amount (1 weight percent) that the modulus of the network was unaltered.
However, the friction of the surface against a polystyrene coated glass
sphere decreased dramatically with the molecular weight of the free
polymer (Figure 4).
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Fig. 4. (Left) Shear stress of a PDMS elastomer (Mn = 8kg/mole), which was modified
by additives of unreactive PDMS of the following molecular weights 0.7 kg/mole (0),
2 kg/mole (m), 14 kg/mole (o), 49 kg/mole (A), 116 kg/mole (0), 204 kg/mole (A),
308 kg/mole (0), and 423 kg/mole (#). Clearly, the friction decreases with the increase of
molecular weight of additive. (Right) The shear stress data of the left figure are re-
normalized by the thickness of the PDMS (D) that blooms to the surface. The thickness
(D,,) of the reference polymer is that of a 0.7 kg/mole additive.

When the molecular weight of the polymer is lower than that of the
network itself, a slightly increased friction is observed. It should be
mentioned here that the decrease of friction for high molecular weight
polymer has also been observed in the melt/solid interfaces.° Inn and
Wang® suggested that the stress to desorb a polymer chain from a solid
decreases with the molecular weight of the polymer. Hirz et al.*
suggested that the decrease of friction at high molecular weight is related
to the reduction of shear stress because of increased thickness. In order to
examine the effect of the thickness of the free polymer at the surface,
Dave Malotky’> (unpublished results) developed an AFM based
technique. Like the previous experiments of Mate et al.,”> Malotky found
that an AFM tip is pulled towards a substrate by capillary force when it
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Fig. 5. Thickness of thin spin-cast PDMS films on silicon wafer as measured by
Ellipsometry and AFM jump-in distance. Note that the jump-out distance is much larger
than D.

touches the free surface of a thin liquid film. The AFM jump-in distance
(D) correlates well with the thickness of the film obtained by
ellipsometry (Figure 5). However, when the AFM tip is pulled away
from the film, it is held by the liquid bridge over a distance (d) that is
considerably longer than D. These two distances are however linearly
correlated, i.e., D = 0.09d + 3.46. This is a useful relationship as it is
much easier to measure d on a soft polymer than D, which was used by
Malotky to estimate the thickness of liquid contamination films on the
surface of a crosslinked polymer. His results show that the thickness of
the layer for small molecular weight PDMS is comparable to their radius
of gyration. However, for high molecular weight PDMS, the thickness is
considerably smaller than R,. It appears that the large molecular weight
PDMS molecules are entangled with the network and they project only a
small amount outward in the air. It is noticed that friction decreases with
the thickness of this exposed layer. By making a rather crude assumption
that the areal density of this exposed portion of the polymer chain varies
as ~1/D”, we expect that the shear stress of a contaminated network to be
proportional to ~1/D*. However, when the data of Figure 4 (left) is
replotted by multiplying the shear stresses of the polymers with (D/Dy)*
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(D, being the thickness of a reference additive), a good collapse of data
is not obtained. In fact the normalization as shown in Figure 4 (right) of
the shear stress by multiplying with (D/D,)’ yields a better result.
Although the physics of this scaling is not clear at present, the dramatic
decrease of friction with the increase of the molecular weight of the free
PDMS additives suggests the role of interface in friction quite
convincingly.

Now we return to the subject of investigating the relationship
between friction and elastic modulus. First of all, we notice that if the
data presented in Figure 2 are normalized by dividing the friction stress
with the peak stress, a reasonable master plot is obtained where all the
friction data collapse (Figure 6). Furthermore, the peak stress itself
increases with the shear modulus of the rubber as ,u0'75 , where the
exponent is found to be somewhat larger than the expected value of 0.5.
In Figure 1 as well as in Figure 6 (right) we see that the shear stress of
the high molecular weight polymers reaches a plateau value at high
velocity without exhibiting the friction maxima observed with the other
polymers.

Maximum Shear Stress (6 ., 10° N/m?)

;
8 6 4 2 0

B 0 20000 40000 60000 80000
log V, m/s

(u’ N/m2)0,75

Fig. 6. (Left) Normalization of shear stress by dividing it with the peak shear stress. Here
the data for the PDMS elastomers, which only exhibit peak shear stress and not plateau
(see the right figure) are included. (Right) Maximum shear stress varies as u”
expected for high molecular weight polymers.*

s

An interesting parallelism has been found in a recent experiment’™
where a rectangular prism of rigid glass was sheared against thin PDMS
films of different molecular weights at different velocities (Figure 7).
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Fig. 7. Sliding friction of a rectangular prism of hydrophobic glass on 100 um thick
PDMS films of different shear modulus. In this particular configuration, as the glass
prism slides, a tensile force is generated at the trailing edge and a compressive force is
generated at the advancing edge. When the tensile stress reaches a critical value, the cube
comes off the film. The arrows on the right figure indicate when the adhesive fracture
occurs. As can be observed on the figure on the right, this kind of failure occurs for high
modulus polymers, but not for the polymers of lowest modulus or highest molecular
weights. For these highest molecular weight polymers, the normal stress that develops in
response to the shear stress is not sufficient to cause adhesive failure. Thus the glass
prism keeps on sliding even with increasing speed without coming off the PDMS film.
Failure occurs when a defect is encountered. (Adapted from Ref. 34).

The rigid glass fractures adhesively from the low molecular films at
a critical sliding velocity when the normal torque reaches a critical value.
For high molecular weight polymers, however, sliding continues even at
high velocity without showing any sign of adhesive fracture (except, of
course, when a defect is reached). The results of the macroscopic
experiments signify that that not enough normal stress is generated for
the high molecular weight polymers to detach adhesively. It is plausible
that for a related reason at the microscopic level, the areal chain density
of the high molecular weight polymers does not decrease to an
appreciable value at high velocity to exhibit the typical maximum
observed with the low molecular weight polymers. The lack of molecular
weight dependence at the high MW polymer may also mean that the
entanglement crosslinking density takes over the overall behavior beyond
a critical molecular weight.



Friction at Soft Polymer Surfaces 211

Friction in Gel

The subject of gel friction has been elegantly reviewed by Baumberger
and Caroli.™ Here we discuss only a few salient points, which have some
resemblance to rubber friction. Gong, Oshada et al.*** considered three
situations with respect to the friction of a solvated gel against a solid
surface. In the first case, the solvent molecules interact more strongly
with a solid surface than the polymer chains themselves causing a
depletion of the latter at the interface. There is thus a thin solvent layer in
between the gel and the solid substrate, the thickness of which depends
on the external pressure. By estimating this effective layer thickness that
decreases with the applied pressure, Gong et al.*' estimated the viscous
friction between the gel and the substrate as follows:

Fe nv P/E (18)
= o3 1/3 1/3
E**(k,7) " 1+(P/E)/(1+P/E)

rep

At low pressure, equation 18 becomes,"’

VP
PR L — (19)

E 2/3 (kBT)l/3

indicating that the shear stress increases with the applied pressure, but
decreases with the elastic modulus of the gel.

In the second case, the polymer chains are attracted to the surface.
Friction in this regime has two components: one is similar to that of
Schallamach, in which the polymer chains undergo cyclic processes of
attachment and detachment to the substrate, and the other is
hydrodynamic. The shear stress in the regime of adsorption dominated
friction is given by the following expression.*!

O/ E = #‘/T)HS[%"' (1 +§s¢‘“2 J(] + P/E)m} (20)
B
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where € is a measure of the adsorption energy between a monomer unit
and the substrate, and ¢ is the volume fraction of the solvent. At high
sliding velocity, Gong et al. used Schallamach’s argument that the
number of load-bearing polymer chains spends more time in the detached
state than in the attached state causing a decrease of friction with the
sliding velocity. However, as the hydrodynamic friction between the gel
and the substrate picks up again, friction increases with the sliding
velocity. In this limit, the friction stress is given simply in terms of the
viscous shear stress. Thus the stress-velocity diagram of gel friction is, in
many ways, similar to that of crosslinked rubber. Friction first increases
with velocity, it decreases at the intermediate regime and then it
increases again (Figure 8). However, unlike the low and the high velocity

V<<V/-4— ——
v>>v/~

Elastic friction

.~"Hydrodynamic

lubrication 1074 o i v vl e 1
10" 10" 0% 10® 10*
V nwv/P (m)

Fig. 8. Friction of gel showing an S-shaped behavior (left) as expected from the theory.**
(right) Some high velocity results indeed show the second increase of the friction with
velocity.*?

regimes of rubber friction where the friction is dominated by surface and
interchain friction, it is the solvent friction that controls the low and high
velocity regimes in the case of gel friction. The case of increasing
friction of gel in the high velocity region has been demonstrated recently
by Gong et al.** (Figure 8). However, this region has not yet been clearly
identified for rubber.

At this juncture, it is worthwhile to mention an interesting
elastohydrodynamic effect in gel friction that was suggested by Sekimoto
and Liebler” as well as Skotheim and Mahadevan® in the context of a
curved body sliding against a thin soft gel coated substrate (Figure 9).
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The main effect comes from the deformation of the gel layer that
perturbs the parabolic profile of the gap distances close to the contact
region, which affects the hydrodynamic pressure of the liquid that is
sheared in the gap. When the perturbation of the profile is taken into
consideration in the solution of the standard lubrication approximation of
thin film flow in the gap, it is found that the pressure distribution is
asymmetric. Integration of this pressure yields the normal force of the

following form™**:

2v72 p2

where H, is the thickness of the gel, 4, is the gap thickness, and R is the
radius of the cylinder. In the case of gel layers sliding against curved
surfaces, the above normal force can further reduce friction between the
surfaces.
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Fig. 9. This figure shows schematically how asymmetric pressure distribution develops
on soft gel when a circular cylinder slides over it (Ref. 44).

Interfacial Instability and Friction

It has been known for a long time that rubbers exhibit a dynamic
instability when sliding on a surface at high velocities. Systematic
studies by Grosch showed that friction decreases with sliding velocity
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when such instabilities are encountered. A nice theoretical analysis of the
problem has been provided by Ronsin and Coeuyrehourcq.” Recently,
Baumberger et al.***’ made some fascinating observations about the
dynamic response at the interface of a sliding gel. When a force is
applied at a high rate of deformation of a gel, which is in adhesive
contact with a rigid substrate, the force on the gel increases linearly till it
reaches a critical state. At this critical state, the force drops to a lower
value and homogeneous sliding of gel occurs on the surface. The friction
force corresponding to the homogenous sliding exhibits a power law
behavior with velocity with an exponent of about 0.4. At low sliding
velocity, however, homogeneous sliding does not occur. Instead the force
exhibits periodic stick slip dynamics (Figure 10, left). This kind of
instability is not in response to the coupling of the system to a weak
spring, but it reflects a series of events: breaking of certain numbers of
interfacial bonds, transition to a dynamic state, reformation of the bonds
and the repetition of the process. Detailed mechanisms of these events
were ascribed to the propagation of self-healing slip pulses that nucleate
at the trailing edge of the gel slab and propagate to the leading edge. As
the slip pulse propagates, the region behind it goes to a stick region, till
the pulse reaches the leading edge and another slip pulse is nucleated at
the trailing edge to repeat the process (Figure 10).
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Fig. 10. (Left) Stick-slip friction in soft gel. (Right) The propagation of a slip pulse is
depicted. As the pulse propagate, the surfaces behind it re-adhere.*’
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In confined systems, such as thin films of soft rubber sliding against
a rigid substrate, that are prone to instability (Figure 1), bubbles are
formed at the trailing edge that propagate towards the leading edge with
remarkably high velocities. An approximate analysis describing the
propagation of such interfacial bubbles were recently presented in
reference 34. The bubble speed can be estimated by balancing the power
delivered to the bubbles to the rate of dissipation of energy due to
periodic viscoelastic dissipation in the rubber, Chaudhury and Kim**
found an expression for the bubble velocity as:

el

where V,, (~ 10 m/s) is a characteristic velocity, and o; is the applied
shear stress. The equation was verified experimentally for the case of a
rigid block sliding against thin PDMS elastomers (Figure 11). We end
this chapter with the brief discussion of the role of interfacial aging in
sliding instability® in a somewhat remote analogy to its effect in sliding
friction, as discovered by Baumberger et al.***’ These experiments were
designed to study the energetics of hydrogen bond formation at the
interface. To study this effect, an oxidized PDMS rubber hemi-cylinder
was brought into contact with a flat silicon wafer coated with a thin layer
of grafted PDMS chains. The cylinder was rolled against the flat after
different amounts of contact time. From the applied torque, the adhesive
fracture energy was estimated, which starts out with a low value similar
to that of van der Waals interaction, but it increases fast as contact time
progresses and finally reaches to a near plateau value.

An interesting observation is made when the hemicylinder is rolled
on the surface after some period of contact. For a soft cylinder in contact
with a surface, the contact is rectangular with two lines parallel to the
long axis of the cylinder. During rolling, one of these lines moves
forward before the trailing line starts to move. When the trailing line
reaches the boundary of the old and new contact, i.e. at the intersection
of stronger adhesion due to longer contact time and lower adhesion due
to shorter contact time, an elastic instability occurs and the hemi-cylinder
rolls forward with considerable speed.
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Fig. 11. Bubble velocity® in thin soft elastomers increase with the applied shear stress,
but decreases with modulus as predicted by equation 26.
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Fig. 12. (Left) Schematic of the measurement of rolling torque of a PDMS hemicylinder
against the grafted brush of PDMS.*® (Right) The fracture energy (which is expressed as

the ratio of the fracture energy at a given time W(t) to that (W ,) after 12 hours) obtained
48

from the rolling torque measurements.
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Fig. 13. Elastic instability*® observed with the rolling of cylinder on a surface that shows
age dependent adhesion. On the figure marked “Instability”, the trailing edge, which is at
the junction of high and low adhesion regions, undergoes an instability and the
hemicylinder exhibits fast rolling before the trailing edge passes to the region of lower
adhesion.
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These experiments provide evidence that not only sliding friction,
but also rolling friction is affected by interfacial processes and time of
contact.

Summary and Perspective

We have tried to present a brief review of the old and new concepts of
rubber friction that show certain parallelism with the sliding friction of
gels. These results should also be relevant to various thin film studies
involving grafted polymers. Because of somewhat limited focus of the
review, many important studies could not be reviewed here, such as the
studies involving the friction of polymer brush in solvents* or the chain
pull-out effects’>* that play important roles in the friction of grafted
brush against rubbery networks. However, the brief review of the friction
of crosslinked networks against impenetrable surfaces raises several
important questions that have not yet found clear answers. The various
models used to describe rubber friction differ considerably from each
other in their essential physical foundation. For example, the model of
Schallamach considers the cyclic processes of attachment and
detachment of the polymer chains at the interface, whereas Persson’s
model is based on thermally activated fluctuation of the stress segments
that never de-adheres from the surface. Another model” describes
friction as a stress-biased diffusion of polymer chains in contact with the
surface. Definitive experiments are needed to examine the interface and
friction measurements simultaneously, to address the detailed questions
of dynamics of polymer chains as well as its interactions with surfaces.
Some important developments in this direction are taking place,
especially with the advent of sum-frequency generation spectroscopy.’
However, more developments to interrogate the interface are needed. An
important question that needs to be resolved is the aging behavior of
polymer chains at the interface and its relationship to the adhesive and
tribological interactions that prevail at the interface.
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CHAPTER 9

RELATIONSHIPS BETWEEN MOLECULAR ARCHITECTURE,
LARGE-STRAIN MECHANICAL RESPONSE AND ADHESIVE
PERFORMANCE OF MODEL, BLOCK COPOLYMER-BASED

PRESSURE SENSITIVE ADHESIVES
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Pressure sensitive adhesives represent one of the most important
commercial applications of block copolymers. The large-strain tensile
properties of pressure sensitive adhesives play a dominant role in
determining the adhesive properties of these materials. In many cases
changes in the polymer architecture significantly affect the large-strain
properties and the resultant adhesive performance, with little or no
effect on the linear viscoelastic properties. In this chapter we provide
several examples, using model systems based on diblock, triblock,
tetrablock and star-block copolymers of polystyrene and polyisoprene.
We also discuss some examples using model acrylic diblock and
triblock copolymers.
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Introduction

Pressure sensitive adhesives (PSAs) consist of a thin viscoelastic layer
(typically 20-100 pm) of material with a modulus at the experimentally
relevant frequencies in the range of 10° Pa. PSA performance is
determined by an interplay between adhesive/substrate interactions, and
the bulk mechanical properties of the adhesive material." The role of the
interfacial interactions is to support a stress that is sufficiently large so
that the bulk of the adhesive material can be deformed to large strains.
Optimization of a PSA therefore requires that two separate materials
questions be addressed:

1. What controls the stress that the interface can support?
2. What controls the large-strain deformation behavior of the
adhesive material?

These questions are equally important in the overall design of a PSA.
The first question is important in the design of release coatings for PSAs,
for example. These coatings must be designed so that stress required to
remove the PSA from the backing is less than the stress required to
substantially deform the bulk of the material. This review, however, is
concerned primarily with the second question, because this is the issue
where block copolymers have played the greatest role.

The ability to create an adhesive material that sticks well to a variety
of surfaces, but not to the backing with its release liner, arises from the
nonlinearity of the overall response of a PSA. For a given adhesive, the
detailed characteristics of the substrate control the stress that can be
applied to the adhesive prior to detachment. Large strain deformation
mechanisms responsible for most of the energy dissipating ability of a
PSA are invoked when the interfacial stress exceeds a threshold value
that is comparable to the elastic modulus of the adhesive layer. At this
stress level cavitation and the subsequent formation of a fibrillar
structure within the adhesive material take place, without substantially
increasing the driving force for adhesive failure at the adhesive/substrate
interface. Release liners are designed so that the maximum interfacial
stress falls below the threshold value at which these bulk deformation
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mechanisms are invoked. Once fibrillation has taken place, the relevant
properties of the material are related to its behavior under tensile loading
conditions. At sufficiently large tensile strains, the adhesive strain
hardens, resulting in an increased driving force for failure at the interface
with the substrate, allowing a detachment of the PSA from the surface
without leaving any residue. The overall adhesion energy is determined
by the work expended in deforming the adhesive prior to this point of
failure.

Given the obvious importance of the large-strain tensile behavior of
the materials in determining the adhesive performance, it is useful to
understand how this behavior is affected by the underlying materials
structure. Block copolymers, used widely as the basis for commercial
PSAs, are ideally suited for these types of fundamental investigations. In
this chapter we consider two types of block copolymers that are often
used in adhesive applications. The system for which we have the most
information is a styrenic system consisting of styrene/isoprene block
copolymers, although some data is included here for acrylic systems as
well. The mechanical characterization of these materials is discussed in
the following section, followed by a discussion of their adhesive
performance in probe tack experiments. This section is followed by a
brief discussion of the adhesive behavior of these materials, followed by
some concluding remarks.

1. Mechanical Characterization

1.1. Effect of Chain Connectivity on Large Strain Behavior

One of the most interesting features of ordered block copolymer
structures is their ability to introduce a dilute but highly regular density
of crosslink points. We focus here on the type of ordered structure
obtained when the volume fraction of the minority phase is less than
15% and the block copolymers self-assemble in a structure of spheres in
a matrix. From the point of view of mechanical properties and adhesive
applications, the most interesting situation is that of block copolymers
where the A block is glassy and the B block is elastomeric. Extensive
investigations have been carried out for the commercially important case
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where A is polystyrene, B is cis1,4 polyisoprene and the blend is further
diluted with a high T,, low molecular weight molecule that is miscible
with the elastomeric domains and immiscible with the glassy domains.
These low molecular weight diluents are generally referred to as
tackifying resins in the industrial community and are necessary to dilute
the entanglement network, lower the elastic modulus, and transform the
rubbery and non adhesive pure block copolymers in an actual PSA.
Although the microstructure of the blend is mainly determined by the
volume fraction of PS, its mechanical properties are greatly dependent on
the architectures of the block copolymers that are being used. It is the
purpose of this part to explore the effect of copolymer architecture.

The easiest comparison to make is between a pure A-B-A triblock
copolymer and a 50/50 blend of a triblock copolymer with an A-B
diblock with the same polystyrene content but one half the total
molecular weight. Triblock copolymers have the ability to bridge
adjacent PS domains while diblocks do not. In the rest of the chapter we
will refer to bridging chains and pendant chains for these two situations.
For the pure triblock copolymers, mean-field simulations have shown
that about 80% of the midblocks act as bridging chains while the rest act
as loops.”® This result remains true when the blend is diluted with a
tackifying resin to overall concentration of 40 wt%. If diblocks with one
half the molecular weight of the triblock are added to the blend, the
concentration of bridging chains scales linearly with the triblock volume
fraction in the diblock/triblock blend.> We also discuss results using S-I-
S-I tetrablocks, and four-arm star- block copolymers, described in more
detail below. The characteristics of each of the four copolymers
(diblocks, triblocks, tetrablock and 4-arm star block) are listed below in
Table I.

Figure 1 shows the small strain complex shear modulus measured in a
parallel plate rheometer as a function of frequency for the SIS material
and a SI/SIS blend with 54 wt. % SI, relative to the total amount of
copolymer. Each material also contains 60 wt. % resin. The resin (T, =
40°C) is a hydrogenated polycyclopentadiene produced by Exxon Mobil
Chemical under the trade name of Escorez 5380. The introduction of a
diblock copolymer results in a slight decrease in G' at low frequency and
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Table I. Molecular characteristics of the styrene (S) — isoprene (I) copolymers used in the
experiments. The star block can be viewed as 4 diblock copolymers with the molecular
weights indicated in the table, joined together at the polyisoprene ends.

S mol. wt. Imol. wt. | Smol. wt. | ITmol. wt. | Wt. % Wt. %
(kg/mol) (kg/mol) (kg/mol) (kg/mol) S bridgeable
isoprene
SI Diblock 10.8 [ 15 0
SIS Triblock 11.6 131 11.6 | —----m- 15 100
SISI Tetrablock 12.4 60 124 70 16 46
(SI)4 4-arm star 10.8 61 15 100
block
10° pr——rrrrr T T T
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Fig. 1. (a) Storage modulus
G' and (b) loss tangent tan(d)
as a function of frequency at
T = 22°C, for SIS/SI blends
with 60 wt. % resin. Q: 0 wt.
T Y % SI, Q: 54 wt. % SL

tan &

w2r (Hz)

increases the value of the loss tangent. Both effects are only apparent at
frequencies lower than about 1 Hz. If tensile tests are performed up to
several hundreds of percent strains on the same materials, a relatively
weak strain rate dependence is observed (see Figure 2(a)) for a given
blend, and a strong effect of the presence of the diblock on the softening
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behavior is observed at a given strain rate (see Figure 2(b)). Because
these experiments are conducted with a constant crosshead velocity, V,
the actual true strain rate decreases throughout the test. The reported
strain rates correspond to the initial strain rates, &,., obtained by
dividing the crosshead velocity by the undeformed sample length. The
primary effect of the presence of the diblock is to modify the shape of
the stress-strain curve, giving a more pronounced softening followed by
strain hardening (upturn in stress) at higher strains.

08

o (MPa)

04 o Y -
&y =5x107s

02

0.0
0

Fig. 2. Nominal stress as a
function of strain for SIS/SI
blends with 60 wt.% resin.
(a) tensile tests for the 0
wt.% SI blend at initial
strain rates of 5x107, 5x107
and 0.5 s\ (b) tensile tests
at & . = 0.5 s for blends

init

with 0 and 54 wt.% SI.
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0.4
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From the molecular point of view these differences can be
interpreted as follows: the small strain modulus is controlled by the
density of entanglements which act as crosslink points, but progressively
slip and orient in the direction of traction.* The type of softening
observed suggests that the final number of effective physical crosslink
points is significantly different between the pure triblock system and the
50/50 blend.” A quantitative comparison with mean-field predictions can
then be used to further refine the analysis: the softening and hardening
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observed with this entangled triblock is consistent with the presence of a
large fraction of trapped entanglements which actually act as permanent
crosslinks. These trapped entanglements are not present in the 50/50
blend, but strongly contribute to the modulus of the A-B-A blend.

1.2. Effect of Copolymer Architecture: Triblock/Diblock Blend
versus Tetrablock

A more striking example of the role played by the copolymer
architecture is provided by the comparison between a diblock/triblock
blend and an A-B-A-B tetrablock copolymer. In a recently proposed
molecular model of the linear viscoelastic behavior, Gibert et al. reduce
the triblock/diblock blends to a blend of bridging chains and pendant
chains.®” Their model suggests that a properly designed A-B-A-B
tetrablock copolymer could have identical linear viscoelastic properties
to a blend of A-B diblock and A-B-A triblock. Three conditions are
necessary in order for this equivalence to be achieved:

1. The A content needs to be constant in order to maintain the same
thermodynamically stable structure (spheres of A in a matrix
of B).

2. The molecular weight of the B free end-block in the ABAB
chains has to be the same as that of the B sequence of diblock
chains in the ABA + AB blend.

3. The length of the B blocks trapped between two A blocks in the
ABAB chains has to be chosen in order to respect the same
“pendant B chains/bridging B chains” ratio. Therefore, the
length of the equivalent triblock in the ABAB chains could not
be equal to the length of the triblock chains in ABA + AB
blends.

In order to test these ideas, a SISI tetrablock copolymer was
synthesized by ExxonMobil Chemical. The polymer had an overall
styrene fraction of 16 wt. % with 46.2 wt. % of the polyisoprene
corresponding to the ‘bridgeable’ block between styrene blocks. The
molecular weight of the non-bridgeable block is just slightly higher
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than the polyisoprene block of the SI chains. As expected, the linear
viscoelastic properties of a SISI tetrablock, and a SIS/SI blend are nearly
identical, provided that they are formulated according to the 3 criteria
listed above. Room temperature data for the specific blend used by
Roos® is shown in Figure 3. Gibert ef al. have obtained similar results
over a much broader temperature and frequency range, even with the
addition of substantial resin fractions.’

An important difference between the SISI and tetrablock and the
SIS/SI blends is that the tetrablock has a covalent bond linking the
equivalent triblock and diblock chains. Therefore, while no difference is
seen in the linear viscoelastic response, we would expect to see
differences in the large strain mechanical properties, and consequently
on their adhesive properties. The expected differences in the large strain
tensile properties are illustrated by the comparison shown in Figure 4.
The tensile curves of the tetrablock based adhesive and the
corresponding based adhesive are extremely different. We also have
represented for comparison the pure SIS blend data of Figure 2. In both
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Fig. 4. Nominal tensile stress
o8k y N as a function of strain for the

Sk / adhesive blends based on

—&— SISI

SISI, on SIS + SI and on SIS
at €. =0.55s" (T =22°C).
The data is that of Figure 2(b)
with the addition of the SISI
data. Resin content for all

blends is 60 wt. %.
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cases there is a linear increase in the stress at low strains, followed by
strain softening and then strain hardening regimes. Reduction in the
bridging fraction by the addition of the additional polyisoprene block or
by the addition of the SI diblock copolymer increases the strain
softening, but the details depend on the way the decrease in bridging
fraction is achieved. Use of tetrablock chains causes the hardening
to occur at much lower strains (~600% as compared to 1200% for
the SIS/SI blend). A useful way to compare large strain data from
elastomers is to use a reference, neo-Hookean elastic model rather than a
linearly elastic model. For a neo-hookean rubber the stress-strain curve
in uniaxial tension is given by:

oy =G(/1—%), (1)

so that one can define the reduced or Mooney stress, O, as follows:
Cy
1 b
(” i

which reduces to a constant value G for a neo-Hookean material. The
difference between the two adhesives is clearly apparent in the Mooney
stress representation shown in Figure 5 where oy is plotted as a function

Oy = 2
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o Fig. 5. Comparison of the
012 - ] shape of the reduced data
o010t from the tensile experiments
_ o008k for the SISI and the SIS +
© SI blends, both with 60 wt.
o0or % resin. €, =0.5s" (T =
0.04- 22°C). The data is that of
0.02- Figure 4.
%50 012 of4 016 018

1/n

of 1/A. The reduced stress is significantly higher for the SISI block
copolymer at all deformations and the softening is clearly more
pronounced, with a very sharp upturn for the strain hardening.

Although an unambiguous molecular interpretation of these results is
difficult to make, the results clearly show that the architecture-dependent
connectivity between polystyrene domains can only be discerned from
large strain measurements, and not from measurements of linear
viscoelasticity.  Given the large strain involved in the debonding
processes of adhesives, this result implies that it is also difficult to
predict quantitatively the adhesive performance from the linear
viscoelastic properties.

1.3. Effect of Copolymer Architecture: Star versus Linear

Another example of the effect of copolymer architecture is obtained from
a comparison involving a four-arm star-block copolymer, (SI);, which
has the branch point at the ends of the polyisoprene blocks of the
constituent arms. Each arm of the star corresponds to one SI diblock or
to one half of the SIS triblock. Hence the total molecular weight of the
star is twice that of a triblock. Comparison between a (SI),/SI blend and
a SIS/SI blend shows two important differences. First, the (SI),/SI blend
softens for higher levels of stress, indicating a higher density of
crosslinks or trapped entanglements, and the finite extensibility of the
S1/SI blend is apparent for lower values of A. The difference in the finite
extensibility and in the density of crosslink points is very clear from the
tensile tests (see Figure 6(a)). If we say that the finite extensibility of the
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blend should scale as the square root of the molecular weight between
chemical or physical crosslink points, the star tensile curve should
be moved to lower extensions by a factorx/a, which is the case in
Figure 6(b). This result is illustrated by renormalizing the deformation by
the theoretical maximum extension A,,,,. Based on the value of R, in the
melt," Amax 18 equal to 19 and 26 respectively for the SI, and SIS
copolymers.

1.6F T T T T T T T ™

141 @ o Sl, + 8l b

E 1.0+ /
S o8 & Fig. 6. Tensile data for the
° o6k / i SIS/SI and SI4/SI blends for
| | &, =05s" and T =22°C.
o E,?/E’Z/E (a) i\Iomjnal stress vs. A for
02r it 7 the SI/SI blends and the
R TR VRT SIS/SI blends. In both cases
N the percentage of diblocks in

2.0

the copolymer blend is 50%.
(b) Same data plotted as
a function of A/A,.. The
percentages on the figure are
the percentages of diblock in
a the blends. Values of A,y
are 19 and 26 respectively
for the SI4 and SIS.

6 (MPa)

1.4. Large Strain Hysteresis

Because the adhesion energy is determined by the energy expended in
deforming the adhesive material, experiments designed to quantify the
mechanical hysteresis are instructive. Figure 7 and Figure 8 show results
obtained for blends without resin and with 60 wt. % resin at room
temperature. On each graph we show results for successive tensile tests
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Fig. 7. Mullins type tests for
materials without resin: SIS (a) and
a SIS/SI blend with 54% SI (b).

Fig. 8. Mullins type tests for blends
with 60% resin: SIS (a) and SIS/SI
blend with 54% SI (b).
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applied to a given sample. Values for increasing values of the maximum
extension, An.y, are plotted for each material. For the pure SIS material
all the curves can be nearly superimposed: the deformation is practically
reversible. Increasing the diblock fraction increases the dissipation
when successive tractions are performed. Similar results are obtained
for blends containing 60 wt. % resin. At large strains, the parameter
controlling dissipation appears to be the diblock content and not the resin
content. Indeed the blends without diblock are quite elastic regardless the
amount of resin. However the presence of resin in the blend enhances the
dissipative losses when the diblock content is increased.

While the experimental protocol used in these experiments is similar
to the standard tests used to detect the Mullins effect in filled
elastomers,'' no real Mullins effect was identified in our materials.
Indeed the energy dissipation we measured does not seem to be due to
the breakage of an organized structure but more to classic viscoelastic
dissipation at the macromolecular scale. It is interesting however to note
that while the resin substantially increases the glass transition
temperature and the monomer friction coefficient at room temperature,'
it does not greatly affect the measured hysteresis. This result can be
attributed to the fact that the test temperature remains significantly
higher than the T, of the elastomeric domains.

Overall, we observe that, within this range of molecular weights that
are much larger than the average molecular weight between
entanglements, the molecular weight of the midblock has an important
effect on the maximum extensibility and on the softening at intermediate
strains, but it has no discernible effect on the linear viscoelastic
properties. On the other hand the ratio of pendant chains to bridging
chains has a very important effect on the dissipative properties on the
blend, in addition to its effect on the large strain properties.

1.5. Acrylic Systems

An advantage of acrylic systems, including poly(2-ethylhexyl acrylate)
and poly(n-butyl acrylate) (PnBA) is that effective adhesion is often
obtained even without the addition of a tackifying resin, a result that can
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be partially attributed to the high entanglement molecular weight of these
systems. Poly(n-butyl acrylate), for example, has an entanglement
molecular weight of 22,000 g/mol,” compared to 7,000 g/mole for cis
1,4 polyisoprene.'* The molecular characteristics of the different acrylic
copolymers are listed in Table II. Because of the way these polymers are
synthesized, the PnBA blocks contain 2-4 mole % acrylic acid, and the

Table II. Molecular characteristics of the acrylic block copolymer adhesives.

A (PMMA) | B (PnBA) | PMMA (A) Wt. %
mol. wt. mol. wt. mol. wt. PMMA
(kg/mol) (kg/mol) (kg/mol)
Triblock (TB1) 15 136 15 18
Triblock (TB2) 22 180 22 20
Triblock (TB3) 15 330 15 8
Diblock (DB) 18 90 18 17

triblock copolymers are contaminated with small amounts of diblock
copolymers with half the total molecular weight of the triblock
copolymers."” The large-strain properties of these acrylic polymers have
not been measured, but the small-strain viscoelastic properties are shown
in Figure 9. These results were obtained by bringing a hemispherical
glass indenter into contact with the adhesive, and oscillating the indenter
in order to obtain the storage and loss moduli in situ for each adhesive
layer.'® Each of the polymers has a predominantly elastic character,
which is expected for the ordered microphase morphologies that are
obtained for these molecular weights. Triblock TB3 has a very low
PMMA weight fraction, and has the mechanical properties that one
would expect for a matrix of PMMA spheres in a PnBA homopolymer
matrix. The modulus of this material is actually less than the modulus of
~ 10 Pa that corresponds to the plateau modulus of PnBA. We attribute
this result to the fact that adhesive layers were formed by forming the
phase-separated morphology state, where
entanglements are diluted by out by the presence of the solvent. Solvent
is slowly evaporated at room temperature, where the relaxation time

in a solvent-rich gel

associated with molecular exchange is much too long for the structure of
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the dried material to equilibrate.'” In this way we are able to control the
microstructure of the polymer in a controlled way, giving reproducible
mechanical and adhesive properties.'®

2. Adhesive Behavior

As mentioned in the introduction, the block copolymer blends described
in section 2 find interesting applications as pressure-sensitive-adhesives.
An important requirement of a good PSA is that interfacial crack
propagation be limited, even when the adhesive forces are due to
relatively weak van der Waals forces. The material must also maintain a
distinctly solid character, exhibiting minimal creep under a constant low
level of stress. The capability to resist interfacial crack propagation is
typically tested by bringing a flat ended or spherical probe in contact
with the adhesive film and subsequently removing it at a constant
velocity. An example of such a debonding curve for a flat-ended probe
removed from a 100 um thick layer of SIS/SI adhesive blend is shown
on Figure 10. As it can be readily seen, the force displacement curve
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extends with a non- zero force up to distances several times the initial
thickness of the film. The images taken during the debonding process
show that the first initial peak is due to the nucleation of a series of
cavities, with a size comparable to the thickness of the film, and the
subsequent plateau is due to the extension of a fibrillar foam in the
direction of traction until the fibrils detach cleanly from the surface. This
general scenario occurs for all the styrene/isoprene block copolymer
blends discussed in section 2. However the detailed shape of the force
displacement curve varies.

Fig. 10. Schematic of
the debonding of an
SIS/SI PSA blend from a
2 steel surface. The stress
fibrillation represents  the  force
normalized by the initial
area of contact and the
strain is the displacement
of the probe normalized
by the initial thickness of
the PSA film.

cavity growth

/

Fibril detachment

\
o 2 a 6 8 10
E

cavitation

Typical debonding curves are shown on Figure 11 for the different
SI block copolymer blends discussed in section 2. The level of the
plateau in stress during the extension of the fibrillar foam is clearly
related to the large strain tensile test as can be readily seen by comparing
Figure 11(a) with Figure 2(b), Figure 11(b) with Figure 4 and Figure
11(c) with Figure 6. It is particularly noteworthy to see that while the
small strain moduli of the SIS/SI, SISI and SL/SI materials are all very
similar at the typical strain rate applied during these probe tests, the level
of stress required to extend the fibrillar foam varies significantly with the
copolymer architecture. Such differences in the resistance to fibril
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extension during debonding can lead to important differences in the
adhesive properties evaluated by industry-standard methods.’

Figure 1 and Figure 4 show that both in small strain at low strain rate
and at intermediate strain, the presence of pendant chains increases the
level of dissipated energy during stretching of the material. This different
level of hysteresis has an important effect on the adhesive properties.
These differences become increasingly obvious when the adhesive
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blends are detached from surfaces where van der Waals forces are
weaker, such as a polyolefin surface."

Tack curves obtained for the acrylic systems are shown in Figure 12,
along with representative images of the contact area. These curves were
obtained by bringing a glass hemispherical indenter with a radius of
6mm into contact with the adhesive in order to establish a well-defined
circular contact, and then retracting the indenter at a fixed velocity of
2.5 um/s.” The confinement ratio, given by the ratio of the maximum
contact radius to the undeformed adhesive thickness, is between 2 and 3
for the experiments performed on the acrylic systems, a value that is
sufficiently high so that internal cavitation is just beginning to become
important.*® The stress reduction after the initial maximum in Figures 10
and 11 is associated with the release of confinement associated with
cavitation. Because the initial confinement is much lower in the
experiments done with acrylic systems (Figure 12) than for the
experiments done with the styrene/isoprene systems, (Figures 10 and 11),
the stress reduction associated with cavitation in the acrylic systems is
much less pronounced. The findings for the different acrylic polymers
can be summarized as follows:

e (Cavities form near the point of maximum nominal stress for the
DB1, TB2 and TB3 systems.

TB1

b TB2

o (MPa)

TB3

DB1

Fig. 12. Tack curves (a) and corresponding contact images (b) for each of the acrylic
block copolymers. The labels in part (a) indicate points corresponding to the contact
image shown in part (b).
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e The cavitation stress is comparable to Young’s modulus for the
adhesive in each case.

e FEach of the triblock materials fails adhesively at the
copolymer/glass interface.

e Cavity growth is quite rapid for the diblock copolymer. Failure
corresponds to cavity coalescence, and the failure of the
adhesive itself is partially cohesive, results that are all consistent
with the relatively low strength of a block copolymer material
with no PnBA midblocks able to bridge the PMMA domains.

e (avitation is not observed for the TB1 copolymer, which has the
highest elastic modulus. For this material contact area shrinks
uniformly as the glass indenter is pulled away from the adhesive
layer.

Because the contact geometry for the TB1 triblock copolymer is
relatively simple throughout the tack test, this sample is an excellent
candidate for studies of the adhesive failure process. It was shown for
this material that a single relationship existed between the contact radius
and the applied displacement, independent of the load that was actually
being applied to the adhesive material”®. This surprising result illustrates
the complexity of the adhesive failure process for these viscoelastic
materials at large strains. While some important insights have been
obtained about the relationship between the molecular properties of the
adhesive and substrate and the adhesive properties of the interface, there
is no well-defined detachment criteria that can be applied for adhesives
that have been deformed to high strains. The concepts of linear elastic
fracture mechanics, which work well for bulk elastomers and for thin
adhesive layers that detach at low applied strains, cannot be applied in a
straightforward manner to these situations.

3. Conclusions

The focus of this chapter has been on the relationships between the
molecular architecture of block copolymers and block copolymer blends,
the large strain behavior of these materials, and their adhesive
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performance. Examples have been provided to highlight the importance
of factors affecting the large-strain response and the related tack
behavior, but that have little or no effect on the linear viscoelastic
properties. Specific examples for spherical domain morphologies, with
spherical glassy domains in a rubber matrix, are as follows:

e Reducing the bridging fraction by the addition of diblock
copolymer substantially enhances the observed strain softening,
and delays the onset of strain hardening to much larger strains
(Figure 2(b)). The non-recoverable deformation is also
increased (Figures 7 and 8).

e The overall shape of the stress-strain curve is greatly modified if
the molecular weight of the bridging chains is reduced, giving a
more pronounced strain softening at higher stress levels and a
strain hardening at lower strains (Figure 4 and Figure 5).

e (Glassy domains behave in a way that is similar to chemical
crosslinks (Figure 6 and accompanying discussion).

e The stress/strain curves measured during a tack curve
(deformation of a thin film along its thickness direction
by adhesive contact with an indenter) mimic the results ob-
tained from standard tensile tests (comparison of Figure 11 and
Figure 4).

The results obtained with the acrylic systems were more qualitative. The
important point here is that the mechanical response and adhesive
properties can be tuned over a large range from relatively subtle changes
in the molecular architecture of the copolymer, even in situations where
the linear viscoelastic properties do not differ substantially.
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The stability of thin liquid coatings is of fundamental interest in every-
day life. Homogeneous and non-volatile liquid coatings may dewet either
by heterogeneous nucleation, thermal nucleation, or spinodal dewetting.
Wetting and dewetting is explained on a fundamental level, including
a discussion of relevant interactions. This chapter will also address the
various dewetting scenarios and explain how the effective interface po-
tential governs the behavior obtained for various stratified substrates
and film thicknesses.

1. Introduction

coatings.

‘To wet or not to wet’! is the question this chapter tries to answer. It
concerns the fundamental aspects of the stability of thin liquid films or
The liquid in question can be any homogeneous liquid,® such
as, e.g., an aqueous solution, an oil, or a polymer melt. Whether or not

sideration.

aHomogeneous on the length scale set by the thickness of the liquid film under con-
In particular, demixing or segregation effects are thereby assumed to be

negligible.
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a liquid wets a given surface is not only of fundamental interest, but also
of substantial technical importance. The authors have been approached
by numerous companies with interesting problems concerning wettability,
ranging from the automotive industry, the pharmaceutical and chemical
industry, to the food processing, printing, and textile industry. In principle,
the general answer to all wettability problems is simple: a liquid wets a
surface if it can gain energy by enlarging the interface with that substrate.
To provide this answer for a specific system under study, however, may be
quite cumbersome. For the sake of clarity, we restrict our considerations to
liquids on solid, homogeneous substrates.

2. Experimental Model Systems for Simple Liquids

In order to study the basic mechanisms of a certain class of phenomena, it
is of central importance to identify suitable model systems. Since the main
problems in the controlled preparation of thin films and surfaces lies in their
inherent propensity to become contaminated by dust or other impurities,
the first quantitative studies of surface forces in wetting films have been
performed with cryogenic systems, in which impurities are naturally frozen
out.2* However, it has been realized that these systems involve strong
exchange of material between liquid and vapor phase and thus are not
well suited for studies of dynamic aspects, such as dewetting and structure
formation phenomena.

Thin laser-annealed metal films were candidates,>® yet at the same time,
techniques of preparing systems which involve more complex liquids, such
as polymer melts, in a well-defined and clean way became progressively
available. As a result, the numerous benchmark studies of the basic mech-
anisms of dewetting have been performed with polymer melts (see e.g. the
review articles of D.G. Bucknall” and P. Miiller-Buschbaum?®). Systematic
experimental studies were begun around the 1990s? ' inspired by P.-G. de
Gennes’ theoretical work.'#!5 Polymer melts are on the one hand close to
application (coatings, photo resist), yet on the other hand easily controllable
in the experiments. Polymers such as polystyrene (PS) are very suitable
model liquids since they have a very low vapor pressure in the melt, and
mass conservation can safely be assumed. Moreover, they are chemically
inert, non-polar, and their dynamics can be tailored by choosing different
chain lengths and annealing temperatures. For molecular weights below the
entanglement length (~17 kg/mol), the melt can safely be treated as simple

(Newtonian) liquid for the low shear rates in dewetting experiments.!6:17
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Below the glass transition temperature T}, the films are glassy and can be
stored for subsequent analysis.” PS in atactic steric configuration moreover
does not exhibit any tendency for crystallization.

As substrates, Si wafers with their natural amorphous Si dioxide layer
(SiOx) have been widely used. The present chapter thus concentrates on
Si wafers as substrates, which can be purchased with a very small surface
roughness (rms roughness smaller than 0.2 nm). The wettability of these
substrates can be tuned by chemically grafting monomolecular functional
layers onto the native silicon oxide overlayer. For instance, hydrophobiza-
tion is often achieved by grafting a self-assembled monolayer of octadecyl-

25,26 onto the wafer.

trichlorosilane

For dewetting experiments it is necessary to prepare a thin liquid film
in a non-equilibrium state on a substrate. Usually, a thin polymer coat-
ing is prepared from a solvent solution by one of the following standard
techniques: spin coating, dip coating, or spraying.© The solvent evaporates
during the preparation procedure, leaving behind a smooth, glassy polymer
layer. By spin coating a solution of polystyrene in toluene one can easily
achieve a PS layer of thickness in the range of a few nanometers up to
several micrometers. The roughness of the polystyrene layer is then sim-
ilar to the underlying substrate. For experimental details and caveats of
preparation, the reader is referred to the pertinent literature.!0:13:16,27-30
The thickness of the films can be determined by standard techniques, such
as ellipsometry.?! The dewetting process can be studied by optical mi-
croscopy and/or atomic force microscopy (AFM). Most studies use AFM in
non-contact mode operation to avoid any damage of the soft surface, which
even allows to image the dewetting scenario in situ.3%33

To induce dewetting, the films are heated above the glass transition
temperature. Figure 1 shows a series of optical micrographs of an 80 nm
thick PS film of molecular weight of 65 kg/mol (‘PS(65k)’) dewetting a
silanized Si wafer. The series depicts a pattern formation process that
is typical for most dewetting films, whether for a water film on a waxed
surface, or a coating on a dusty substrate.

The process of dewetting can be divided into three stages: in the early

stage, holes are generated by a rupture process, c.f. Fig. 1(a); in the in-

bIt is important to note that Ty of thin films can be substantially different (mostly lower)
than the bulk value.18-24

“For all these techniques, the surface to be coated must be wettable by the polymer
solution. Otherwise, the film must be prepared on another substrate, e.g. mica, and
then transferred to the surface of interest.
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Fig. 1. Pictures series taken by a light microscope: a 80 nm thick polystyrene film of 65
kg/mol molecular weight is dewetting at 135°C from a hydrophobized silicon substrate
for approximately (from left to right) 2 min, 10 min, 30 min, and 100 min.

termediate stage, the radius of the holes increases, leading to hole coales-
cence, c.f. Fig. 1(b)—(c). In the intermediate stage, the focus is on the
dynamics involved in the dewetting process, its impact on the hole pro-
files and on its influence on dewetting patterns. From the dynamics of hole
growth?7:28:3440 a5 well as from the shape of the liquid rim surrounding the
hole one can get information about the slip or no-slip boundary condition of
the liquid close to the solid substrate.!”4142 In the late stage, the straight
ribbons that separate two coalescing holes decay into droplets due to the
Rayleigh-Plateau instability,*® c.f. Fig. 1(c)—(d). Slight differences in the
size of the droplets cause slight pressure differences, leading small droplets
to shrink and large droplets to grow (Ostwald ripening**). Due to the small
vapor pressure and the low mobility of the polymer molecules, the ripening
process is extremely slow. Most experiments are stopped before the ‘final
state’, i.e. one single drop on the surface, is reached. In what follows, we
focus on the initial stage of dewetting: why does the polystyrene film dewet
the hydrophobized Si wafer at all? The next section will be dedicated to
the discussion of the various energy contributions involved and their mutual
balance.

3. The Energy Balance

In a Teflon© coated frying pan, a stable oil layer can only be achieved if
one pours enough oil into the pan. Gravity then stabilizes the thick oil film.
If the oil film thins well below the so-called capillary length A, capillary
(intermolecular) forces dominate over gravitational forces and the film may
dewet.*> The capillary length is given by Acap=+/01,/pg (for olive oil:
Aeap & 1.7 mm, for water: Aqp &~ 2.7 mm), where oy, is the liquid/vapor
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surface tension and p the density of the liquid. Therefore, dewetting of
liquid films driven by intermolecular forces can only occur for ‘thin’ films,
i.e. films thinner than Acqp.

A liquid film can be metastable and then needs a nucleus to induce
dewetting. In the following we will focus on liquid films much thinner than
Acap and discuss under which conditions a thin liquid layer will be stable,
metastable or unstable on top of a substrate.

3.1. The Young equation

Dewetting is a dynamic process that begins in a non-equilibrium situa-
14,46-52 namely the flat film on the surface and ends when reaching an
equilibrium state: one droplet or a set of droplets.? Thus, let us first start
with a droplet, c.f. Fig. 2:

tion,

complete wetting partial wetting nonwetting

Fig. 2. Sketch of a liquid drop atop of a solid substrate. Complete wetting is charac-
terized by a contact angle 6 = 0, partial wetting by 0 < § < 7, and nonwetting by 8 = =
(from left to right)

A droplet on a homogeneous surface usually exhibits the form of a spher-
ical cap and the tangent to the droplet at the three phase contact line in-
cludes an angle § with the substrate. In equilibrium, the angle is given by
a balance of macroscopic forces:

Osy — Osl
cosf) = ———

p— (1)
This is the Young equation®® of 1805, where o4, and oy are the solid /vapor
and solid/liquid interfacial free energies, and oy, is the liquid/vapor inter-
facial free energy (or tension).

For 8 = 0°, i.e. 05y —04 > 0y, the droplet will spread and will completely
wet the substrate. For 0° < 6 < 180° one speaks of partial wetting, and

for 6 = 180° of non-wetting. All three cases are sketched in Fig. 2. In

dEquilibrium situation actually is one single droplet, yet it normally takes too long to
reach this state. Before, a network of droplets is formed.
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case of water (resp. oil), a surface is termed ‘hydrophilic’ (‘oleophilic’) if
0° < 6 < 90° and ‘hydrophobic’ (‘oleophobic’) for 90° < § < 180°.° In
other words, the contact angle in Young’s equation is determined by the
free energies of interfaces between semi-infinite media.

This is, however, not the full story. Although a first glance at Fig. 2
suggests that the free energy of a homogeneous film should be written as
Oflm = Osi + 01y, this approach neglects possible interactions of the two
interfaces (solid/liquid and liquid/vapor) with each other, across the liquid
film. Such interactions come up e.g. by virtue of van der Waals forces
between the involved materials, which may span several tens of nanometers.
In the vicinity of the three phase contact line, the interfaces can thus deviate
significantly from a straight intersection at Young’s angle (cf. Fig. 3). We
will come back to this point later, after having discussed in some detail the
long-range forces of a stratified system.

height [nm]
height [nm]

60
lateral distance [nm] lateral distance [nm]

Fig. 3. Droplet profiles in the vicinity of the three phase contact line as expected for
(a) an unstable and (b) a metastable situation. The profiles have been calculated for
the case of (a) a dgior = 191 nm on Si and (b) a ds;0x = 1.7 nm SiOx layer on Si,
the potentials of which are shown in Fig. 7. The dashed line marks the macroscopic
contact angle § = 7.5° for a PS drop and the arrows mark the equilibrium wetting layer
thickness hegq.

These forces are of similar importance for predicting the stability of a
liquid film. Their dependence on film thickness determines not only the
linear stability against small perturbations of the free surface, but also the
scenario by which the initially uniform film is transformed into its equilib-
rium state, which consists of droplets of contact angle @ on the surface.?3%°
For example, a droplet of photo resist on a semiconductor may exhibit an
equilibrium contact angle § = 20° and therefore wets the surface only par-

€It should be noted that non-wetting has never been observed on flat surfaces, although
some systems (like, e.g., mercury on glass) come quite close.
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tially. What does this mean for a photo resist film that was prepared by
a non-equilibrium technique (spin coating) on top of the semiconductor?
According to Young’s equation, the film is not stable. How will the film
decay into droplets and at what speed will this process take place at a given
temperature? Will there be time to dry or cure the photo resist before it
dewets?

Depending on the thickness of the photo resist, the answers will be
different, though Young’s contact angle 6 is always the same! Macroscopic
and molecular terms describing stability conditions often were mixed up
and have led to confusion. In what follows, we shall discuss which forces
are to be considered, and what typical length scales are involved.

3.2. The effective interface potential

Following the preceding section, we define the so-called effective interface
potential ¢(h) = ofim — 051 — 01y It comprises both short-range and long-
range interactions and is defined as the excess free energy per unit area
which is necessary to bring two interfaces from infinity to a certain distance.
From its very definition, it is clear that ¢(h) — 0 as h tends to infinity.
The excess free energy of an infinitely thick film is thus given by the sum
of the free energies of its two interfaces, in accordance with intuition.

For dielectric systems, there are only two relevant types of interactions,
steric repulsion and van der Waals forces.t

¢(h) = d)(h)steric + ¢(h)vdW (2)

In Fig. 4 three typical curves of ¢(h) are sketched to illustrate the general
principle. Line (1) characterizes a film that is stable on the substrate, since
energy would be necessary to thin the film. The equilibrium film thickness is
infinite. The two other curves exhibit a global minimum of ¢(h) at h = heg:
Curve (2) characterizes a film that is unstable, whereas line (3) describes a
metastable film.

It is readily shown by a linear stability analysis®®®® that if the second
derivative of ¢(h) with respect to h is negative (¢”(h) < 0), unstable modes
exist whose amplitudes grow exponentially according to exp(t/7), where T is
the growth time that is characteristic for the respective mode. Furthermore,
there is a characteristic wavelength A of these modes the amplitude of

fA detailed description for numerous different situations involving e.g. polar molecules
or hydrogen-bonds or the interactions of a colloidal sphere interacting with a metallic
surface can be found in the textbook of J. Israelachvili.*®
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Fig. 4. Sketch of the effective interface potential ¢ as a function of film thickness. Line
(1) denotes the stable case, line (2) the unstable one and curve (3) the metastable case.
The thickness of the stable wetting layer is termed h = heg, and is typically in the order
of some nm, the depth of the global minimum of ¢ is named ¢(heq).

which grows fastest and will therefore dominate the emerging dewetting
pattern.

The linear stability analysis also reveals that the spinodal wavelength A
is linked to the (second derivative of the) effective interface potential:56->7

—8m20y,
As(h) = o) 3)
The spinodal wavelength A is the key to clearly identify a spinodal dewet-
ting process in experimental systems.8
One question is now to be answered: What links the effective inter-
face potential to Young’s contact angle? The effective interface potential
can describe a non-equilibrium situation, yet Young’s contact angle is only
defined for the equilibrium. A. Frumkin has published in 1938 that%°

Plheq)

Olv

=cosf—1. (4)

What is the consequence of Eq. (3) and Eq. (4)? Determining the spinodal
wavelength A; as a function of film thickness h enables us to gain insight

&The name ‘spinodal dewetting’ has been coined due to the analogy to spinodal decom-
position of a blend of incompatible liquids, which occurs if the second derivative of the
free energy with respect to the composition is negative.’? As in dewetting, this mech-
anism is clearly distinct from heterogeneous nucleation, in which randomly distributed
impurities dominate the emerging pattern.!3
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into the course of ¢ (h). By additionally measuring the equilibrium layer
thickness he, and the contact angle 6, it is possible to reconstruct the
complete effective interface potential,2%30 c.f. Fig. 7, as will be shown
later.

The steric and the van der Waals part of the effective interface potential
are characterized by different exponents and different interaction constants,
therefore we will discuss the interactions separately:

Steric repulsion and chemical interactions are relevant only within a
few Angstroms of film thickness, and the resulting force is therefore termed
‘short-range force’. The repulsion is due to overlapping electron shells and
is typically described by a higher-order polynomial function and varies as
1/h'?, where h is the distance between the interacting bodies. Considering
two planar surfaces, this repulsion yields an interaction energy varying as

C
¢(h)steric = ﬁ y (5)

where C'is a constant characterizing the interaction strength.” The reason
for the lower exponent in the flat film geometry lies in fact that mutual inter-
action between all involved atoms or molecules have to be considered. For
an extended derivation of the equations we like to refer to J. Israelachvili’s
approach.!

Van der Waals interactions characterize attractive intermolecular
forces of quantum-electrodynamic origin. They arise from the variations of
the zero-point energies of the collective electromagnetic modes of the system
under study. The van der Waals energy between two molecules turns out
to vary as 1/h® in the non-retarded approximation. This approximation
holds as long as the lateral dimensions of the system are much smaller than
the wavelength of the electromagnetic fields at the dominant excitation
energies. Considering retardation effects, the interaction falls off as 1/h”. In
the following, we use only non-retarded potentials since in the experimental
systems, effects due to retardation are mostly camouflaged by experimental
errors. Nevertheless, in some special cases including cryogenic systems,
retardation effects have been reported? and a recent theoretical study®!
discusses their possible influence on thin films in the context of the full
theory of Dzyaloshinskii, Lifshitz, and Pitaevskii.®?

hThis definition of ¢(h)steric here is such that C is positive and thus the interaction
always repulsive.
iHere, chapter 10 in the textbook of J. Israelachvili® is very helpful.
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Considering again two planar surfaces, the non-retarded interaction
yields*8.63

A
d(h)vaw = TR (6)

where A is the Hamaker constant® and ¢(h) is the energy per unit area.
A retarded interaction is described as ¢(h) ~ A/h3.

The van der Waals forces of two media interacting through vacuum are
always attractive, and A is positive. If the vacuum yet is replaced by a third
medium (e.g. aliquid film), things get more involved: In a system consisting
of three media mj/ms/ms, it may happen that m; attracts ms stronger
than it attracts msy. Thus ms is effectively ‘repelled’ by msg, this means
that the Hamaker constant is negative. To describe the entire system, the
Lifshitz theory®® has to be applied. Here, the interacting bodies are treated
as continuous media and the atomic structure is ignored.8:62:65 Instead,
bulk properties as the dielectric constants and the refractive indices are
used to calculate the Hamaker constant.

For the sake of completeness, we cite here the formula’ for the Hamaker
constants from the book of J. Israelachvili,*® which has proven to be very
useful. It is valid for two media 1 and 2, interacting through medium 3.
All media are taken as being dielectric with a single electronic absorption
frequency v, which is typically in the range of 3-10'® Hz; n is the refractive
index of the medium in the visible and € the dielectric constant (i.e. n? = ¢;,
taken in the visible spectral range)

A= AV:O + Au>0

%§k}T €1 — €3 €9 — €3
4 €1 + €3 € + €3
| Bhre (ni —n3)(n3 —njd)
8v2 /(n? +13)v/(n3 + n3){/(nd +n3) + V(n3 +n3)}
The Hamaker constant A will then give the strength of the van der
Waals forces between the two interfaces solid/liquid and liquid/air.
For air as medium 1, Si as medium 2 and polystyrene as medium 3,
Eq. 7 gives® Ag; = —2.2(5) - 107 J, replacing Si as medium 2 by silicon
dioxide, the Hamaker constant is Ag;o, = 1.8(4) - 1072° J. For a silane

IConfer chapter 11, Eq. 11.13 of Ref. 48.

kThe error of the Hamaker constant is a result of the uncertainties of the optical proper-
ties of the involved materials as found in literature. The error for the last digit is given
in brackets.
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(OTS) covered Si wafer, the Hamaker constant for the interaction with
PS is calculated to be Apors = 1.9(3) - 1072° J. For A < 0 (A > 0), the
system can gain energy by enlarging (reducing) the distance h between the
surfaces, in other words, a polystyrene film of thickness h is stable on Si,
since A < 0.

In Fig. 5, the dotted line represents the van der Waals potential,
d(h)vaw, as given by Eq. 6 for a polystyrene film on a Si wafer, where
Ag; is negative. The potential therefore is positive, purely repulsive! and
the PS film will be stable. However, ¢(h),qw for PS on an infinitely thick
SiOx layer (solid line) is always negative, purely attractive and the PS film
will be unstable, since the Hamaker constant Ag;o, is positive.

'E‘ T ) T T
2 2nm o e
£ o15F T, - EEE |
S A - - - EEEE EEEE
= -- - - EETESIOXN ST
£ 010}
g
8 oos) i
g
T 000
E
[ :
2 005|
g 0.05f 1!
5
0 15

polystyrene film thickness [nm)]

Fig. 5. Long-range part of the effective interface potential ¢(h) as function of PS film
thickness h for different SiOx layer thickness ranging from 0 nm (dotted line) to infinity
(solid line), calculated with the formula given in Eq. (8). The Hamaker constants were
calculated from the optical constants of the involved materials.8

Due to the 1/h? dependence of the potential, the van der Waals forces
are long-range forces and act significantly on distances up to about 100 nm.
In stratified systems with more than one layer between the two half spaces
of media 1 and 2, all mutual interactions have to be considered. The exact
calculation of the van der Waals potential may therefore be quite cumber-

IThe terms ‘attractive’ and ‘repulsive’ can be misleading if thinking of the thin film, yet
the terms are chosen for a system of two media (in our case solid and air) interacting
through a third one, here the liquid layer. Hence attractive and repulsive are meant for
air being attracted to the solid surface or ‘repelled’. In case it is repelled, the effective
interface potential is repulsive for the respective thickness of the liquid layer and the
liquid wets the solid.
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some. This is an important point, since there is a number of publications
that disregard this aspect and claim that theory and experiment do not
match. A system like a PS film in air, spun on a thin silicon oxide layer on
top of a Si wafer involves two thin layers (three interfaces, abbreviated as
air/PS/Si0x/Si) and can be described by two Hamaker constants. So far,
no discrepancies between theory and experiment have ever been observed
when the formulas given above had been used. One of the most impressive
successes is the quite accurate prediction of the critical wetting temperature
of pentane on water.%6

Assuming additivity of forces, the system air/PS/SiOx/Si can be char-
acterized by a summation of the van der Waals contributions of each of the
single layers with thickness h of the PS and dg;o, of the SiOx layer:

_ Asios Asios — Asi
Poaw (h) = =355 1270(h + dgioz)? )

where Ag;o, and Ag; are the Hamaker constants of the respective system
air/PS/SiOx and air/PS/Si. Although not exact,™ the concept allows to
calculate the interaction energies even for stratified systems. With the
help of Egs. (7) and (8), the van der Waals potential of the experimental
system is accessible, if the SiOx layer thickness is known and the Hamaker
constants are calculated as shown before. Figure 5 depicts the van der
Waals potential as gained from Eq. (8). Clearly, the potential is influenced
by the thickness of the silicon dioxide layer.
So the widely used system air/PS/OTS/SiOx/Si can be described by

Aors = Aors — Asiox Agioe — Asi )

v h)=— 3
Goaw (h) = =500 127(h +dors)? | 12n(h + dsios + dors )?

yet the long-range potential ¢,qw is not much different to a system with
an SiOx layer of thickness dors + dsio., since the optical properties of
the OTS and the SiOx layer are very similar. The difference in wetting
behavior will only be obvious if the short-range potential is added.

To conclude so far, ¢(h) combines short- and long-range interactions.
Short-range interactions are difficult to quantify, yet van der Waals inter-
actions can be captured by the optical properties of the involved materials,

™1t should noted here that numerous studies have tried to use only one so-called ‘effective
Hamaker constant’ for stratified systems using combining rules of the form Aj3z =~
(VA22 —v/A11)(v/A22 —/A3s3). However, these rules can only achieve good results under
severe limitations, e.g., if the zero-frequency contribution A,—q in Eq. (7) is negligible.*8
Strictly speaking, they are plain wrong, and should be used, if at all, with utmost care.
It is not surprising that many of the studies which have used them could not reconcile
the theoretical expectation with the experimental results.
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even for stratified systems, where the suitable van der Waals potential must
be taken. If ¢”(h) < 0, spinodal dewetting is possible and a characteristic
wavelength \s should be found in the dewetting pattern.

4. Experiments: Linking the Effective Interface Potential to
Macroscopic Properties

In this section, experimental results shall be compared to the predictions
made by the effective interface potential. Typical experimental dewetting
patterns in the system air/PS/SiOx/Si are shown in Fig. 6. What can
we learn from analyzing the dewetting films? I) By AFM, the contact
angle 0 of droplets in the late stage of dewetting can be measured. II)
The equilibrium film thickness h., can be determined, e.g. by ellipsometry.
IIT) The spinodal wavelength A and IV) the growth time 7 of the spinodal
pattern can be determined. V) The morphology of the pattern. VI) The
growth of the size of the holes and VII) the shape of the liquid front as
function of time.

Fig. 6. (a)-(d) AFM images of dewetting PS(2k) films on Si wafers with variable Si
dioxide layer and PS film thickness. Scale bars indicate 5 pum, z-scale ranges from 0
(black) to 20 nm (white): (a) 3.9 nm PS film on a Si wafer with dg;0, =191 nm. The
inset shows a Fourier transform of the image. (b) 3.9(2) nm PS, (¢) 4.1 nm PS and (d)
6.6 nm PS on Si wafers with dg;0, =2.4 nm. (The statistical analysis of the distribution
of hole sites in cases (b) to (d) was performed on larger sample areas.)

Dewetting patterns like the one in Fig. 6(a) clearly exhibit the spin-
odal wavelength. Figure 7(a) comprises experiments with different PS film
thicknesses on Si wafers with dg;o, = 2.4 nm (open symbols) and with
dsios = 191 nm (filled symbols). From the data of A(h) data points for
¢ (h) can be gained. Now, fitting the second derivative of Eq. (8) to the
data, the Hamaker constants and the short-range interaction constants can
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be obtained as fit parameters and the entire effective interface potential can
be inferred. It is plotted in Fig. 7(b).

The best fits?>?30 are achieved for Ag; rix = —1.3(6) - 107 J and
Asioz. it = 2.2(4) - 10720 J. The values for A nicely match the values
calculated from optical properties of the media involved, as described by
Eq. 7. For C we find Cg;00,7i¢ = 6.3(1) - 10~ Jm® and Cors,fit =
2.1(1) - 1078 Jm®. In the cited references, a detailed description of the
fitting and reconstruction procedure can be found.
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Fig. 7. (a) Spinodal wavelength as function of PS film thickness on Si wafers with dg;04
= 2.4 nm (open symbols) and with dg;0, = 191 nm (filled symbols). (b) The effective
interface potential ¢(h) for three different SiOx layer thicknesses.

The second derivative ¢”(h) is plotted in in Fig. 8(a) for three SiOx
layer thicknesses. An arrow marks the zero in the respective second deriva-
tive, corresponding to the relevant inflection points of the curves displayed
in Fig. 7(b). Spinodal dewetting is possible only for films thinner than in-
dicated by the arrows: PS films on Si wafers with an 1.7 nm (2.4 nm) thick
oxide layer are unstable for PS film thicknesses below 3 nm (4 nm). For
larger thicknesses, the films are metastable and need to overcome a poten-
tial barrier in order to finally reach the global minimum of ¢. The maximum
in ¢, which is visible in Fig. 7(b) for the broken curves, represents only part
of this barrier, since a nucleus for dewetting as it is formed, e.g., by thermal
activation, is a localized structure and thus involves excess surface energy
as well.%® Tt is readily checked that the energy required to form such nucleus
is in almost all cases large as compared to kT, such that thermal nucleation
plays no role in systems of practical interest. This can be illustrated nicely
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Fig. 8. (a) Second derivative of the effective interface potential as function of film
thickness for three different SiOx layer thicknesses as fitted to the data of Fig. 7. (b)
Stability diagram of PS films on top of Si wafers with variable oxide layer thickness.2°

with the PS films, as shown in Fig. 8(b). PS films on thick 191 nm SiOx
(solid line in Fig. 7(a) are unstable for all relevant film thicknesses. On
2.4 nm of oxide, however, a sign reversal is observed at a film thickness of
about 4 nm (white arrow in Fig. 8(a). Only very close to this point, the
height of the potential barrier vanishes, and homogeneous nucleation by
thermal activation is possible.?:68:69 However, nucleation can as well, and
usually does, proceed by means of localized defects in the film. A defect, be
it in the molecular texture of a polymeric film or just a small dust particle,
may remove the potential barrier locally and thus induce dewetting. This
rupture mechanism is termed ‘heterogeneous nucleation’,%?:%7 in analogy to
defect-mediated nucleation in demixing scenarios.

The fact that the effective interface potential can be directly inferred
from macroscopic quantities, such as the spinodal wavelength, is one reason
why experimentalists are seeking for regimes of spinodal dewetting in thin
liquid film systems. However, if a company is asking why their coating does
not stay stable on a surface, it is convenient to rather have a stability dia-
gram which allows to look up where the system will be in a metastable or an
unstable state. A stability diagram for the system air/PS/SiOx/Si is shown
in Fig. 8(b). The solid lines of the diagram are based on Eq. 2 with a long-
range potential as in Eq. 8 and separate the spinodal dewetting (unstable)
regime, where ¢’ (h) < 0, from in the regime of heterogeneous nucleation,
characterized by ¢”(h) > 0 (metastable regime). Thermal nucleation is
possible for ¢”(h) = 0, this line separates the two regimes. Experiments
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that exhibit spinodal dewetting patterns are indicated by open symbols,
those of heterogeneous nucleation (randomly distributed holes) are indi-
cated by solid symbols.” A star marks the set of parameters where thermal
nucleation was observed. Note that in the unstable regime, heterogeneous
nucleation from localized defects is also possible and indeed is sometimes
observed. In fact, it usually dominates if the experiments are not performed
in extremely clean conditions. Spinodal dewetting, however, can only take
place in the unstable regime.

We can state here that the effective interface potential indeed is the key
for wetting properties of liquids on surfaces. It can easily be obtained via
the optical properties of the involved media and by taking into account the
adapted van der Waals potential for stratified systems. It is worth noting
that metastable potentials can only be present if there is more than one
Hamaker constant involved, one with negative and one with positive sign.

Coming back to the company — a stability diagram for their specific
system will reveal the way to a solution of their wettability problem: If their
coating system is located in the metastable regime (in the example shown,
it depends on the silicon dioxide thickness and the polystyrene thickness),
the advice is to reduce the number of possible nucleation centers, e.g. by
creating a cleaner environment. If the coating system yet is in the unstable
regime, the entire composition of the substrate needs to be reconsidered.

As mentioned at the beginning, the shape of a droplet close to the three
phase region is influenced by the long-range intermolecular interactions.
By AFM, this region can be characterized. For a detailed discussion we
like to refer to the work of T. Pompe et al.”" In Fig. 3 two profiles
are sketched that were calculated based on the knowledge of the effective
interface potential. Figure 3(a) is a characteristic curve for an unstable
potential as shown for dg;o, = 191 nm in Fig. 7(a), whereas a profile like
Fig. 3(b) is expected for a metastable potential like for dg;0, = 1.7 nm.
The experimental AFM results (not shown here) corroborate the theoretical
expectations.”™

One question is open up to now: are spinodal dewetting patterns always
as easy to detect as in Fig. 6(a)? The answer is ‘no’: patterns which at
first glance appear like the one shown in Fig. 6(b) can be generated due to
a spinodal process as well.® The next section we will briefly explain how

2 As explained above, thermal nucleation can be only observed if the nucleation barrier
is of order KT. On the scale of Fig. 8(b), this is fulfilled only in a region smaller than
the width of the line denoted ‘thermal nucleation’. Alleged observations of thermal
nucleation in a wider range” appear very questionable.
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to distinguish a dewetting pattern of a system in the metastable state from
one in the unstable regime.

5. Characterizing Experimental Dewetting Patterns

The three rupture scenarios spinodal dewetting, homogeneous nu-
cleation, and heterogeneous nucleation give rise to specific dewetting
patterns. Vice versa, characterizing the experimental dewetting pattern
can help to identify the rupture mechanism and to infer the effective in-
terface potential. Figure 1 and Fig. 6 show experimental examples of films
dewetting via different rupture mechanisms. Theoretically, the distinction
between nucleation and spinodal dewetting appears quite clear: Vrij®® pro-
posed already in 1966 that a spinodal rupture of a free liquid film results
in a dewetting pattern of ‘hills and gullies’ with a preferred distance A4
after a certain rupture time 7.

Experimentally, the rupture time 7 is difficult to measure since the hole
which forms as the film has thinned to zero thickness must have a cer-
tain size to be observable. Experimentalists thus concentrated instead on
the evidence of a preferred wavelength A observable in their systems.® If,
however, the holes are randomly (Poisson) distributed, they are assumed
to stem from heterogeneous nucleation, reflecting the fact that defects
typically exhibit random statistics. Although it was generally accepted
later that (heterogeneous) nucleation from localized defects is the reason
for the dewetting scenario shown in Fig. 1(a), the very nature of the nucle-
ation defect mostly remains unclear: it might be dust particles or any other
chemical or physical inhomogeneities. In some holes, by light microscopy
or atomic force microscopy (AFM), a nanoscopic object could be observed
right in the center of each hole. Assuming the object to be a dust particle,
the first trial was to reduce the number of nucleation centers by improv-
ing the preparation conditions. The number of holes, however, could not
be reduced below a certain level, which suggests that the physics of hole
nucleation in polymer films may be deeper than a mere effect of ‘dirt’. It
has been shown experimentally that stress inside the thin films (stretched

°Note that a preferred hole distance As has to be distinguished from a mean hole distance:
In some studies it was found that the mean hole distance scaled with the film thickness
as expected for spinodal dewetting.1%:74 Therefore, the scenario shown in Fig. 1(a) was
often regarded as a typical spinodal dewetting scenario. However, it turned out later that
this was not correct:13 first of all, the system was metastable for the film thicknesses
studied, as an analysis similar to Eq. 8 would have shown. Secondly, the typical time
scale for spinodal dewetting did not fit the theoretical expectation (rupture time 7 oc h®).
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entanglements™) caused by the preparation of the film out of solution plays
a significant role and can cause holes. Details can be found in the studies
of Seemann et al.”™ and Reiter et al.3*

The experimental distinction between a hole pattern with preferred hole
distance and a pattern with randomly distributed hole sites is far from being
obvious. The thicker the films are, the weaker is the driving force, and the
longer is the growth time 7 of the spinodal mode3%:56-57 (typically, 7 oc h®)
and can easily exceed experimental time scales. For thicker films, dewetting
by heterogeneous nucleation may therefore be quicker and can suppress a
spinodal pattern.”®7” Moreover, chemical heterogeneities can locally cause
a change in ¢ and therefore the rupture conditions of the sample may vary
from spot to spot leading to a less-ordered dewetting pattern. This effect
is more pronounced in thicker films due to the small driving forces and
the large growth time 7. Hence a two-point correlation function (a radial
pair correlation function g(r) or a Fourier transform) might not be sensitive
enough to detect the correlations between the hole sites, or the statistics is
too poor. In this case, more powerful tools have to be applied. Minkowski
functionals — based on integral geometrical methods — have shown to be
a versatile method to track down higher order correlations. There is no
room here to dwell on this method in any reasonable detail. The reader is
referred to the pertinent literature.6:13:32:33,78,79

Let us come back to thermal nucleation once more. As discussed above,
the potential barrier for nucleation of a dry spot may in principle be over-
come by thermal activation, provided the system is sufficiently close to the
sign reversal of ¢”(h). The characteristic feature of this scenario is a con-
tinuous breakup of more and more holes, whereas nucleation from defects
causes holes that emerge only within a sharp time window.?® Figure 6(c)
depicts an example for a 4.1 nm thick PS films on a wafer with a 2.4 nm
SiOx layer: Holes of different sizes are observable. For that system, the
stability diagram of Fig. 8(b) reads out accordingly that ¢” (4.1 nm) = 0.
This is another strong indication that the theoretical predictions corrobo-
rate the experimental observations and are able to capture the wettability
of dielectric systems.

6. Dynamics of Spinodal Dewetting

At the beginning of spinodal dewetting studies, only one system was known
to dewet spinodally: thin gold films on top of quartz substrates.” Metal
films, however, are not so easy to deal with as compared to polymer films,
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c)

Fig. 9. Dewetting morphology of a 3.9(2) nm PS(2k) film on a Si wafer with a 191 nm
thick SiOx layer as recorded by in situ AFM. Up to about 5000 s (e) the temperature
was held constant at 53° and annealing times are given in the pictures. Afterwards,
the temperature was successively increased to 100°. The scan size in (a)-(d) is 1.5 m.
In (e)-(g) larger scans were made to check possible damage of the sample by the AFM
tip. Scan (e) was taken some minutes before scan (d), whereas scan (f) was recorded
some minutes after scan (d). Scan (g) characterizes the end of the dewetting process and
Ostwald ripening of the droplets slowly sets in.

since the films need to be annealed by a laser. Hence, the time scale is in
the nanosecond range, crystallization plays a role and the Hamaker con-
stants are not so easy to calculate. Polymer films such as polystyrene (PS),
however, are dielectric, and Hamaker constants can easily be determined
via Eq. 7.

In situ AFM studies on a dewetting PS film on a Si wafer with a
thick SiOx layer reveal the dynamics of the structure formation process,
c.f. Fig. 9. Figure 10 depicts results of Fourier transforms of the AFM
scans. Clearly, one mode is amplified fastest. The amplitude of the grow-
ing unstable mode, shown in the inset, grows exponentially with time, as
expected from theory. Further investigations show that at the onset of the
dewetting, no mode is specifically selected, rather, the amplitude reflects
the roughness of the film. Comparing the results to deterministic simula-
tions,3? the pattern formation process and the morphology of the dewetting
structures match very well, yet the temporal evolution of the morphology
slightly differs. It turned out that thermal fluctuations accelerate the dewet-
ting dynamics in the experiments.33:6°



262 K. Jacobs et al.

12+ y
= L]
ol E' 2LLE ]
— g o
c = coalescence of
e 8r 3 holes starts
o g 001
:x 6l < X T=RT
zg . " 1000 2000
time [s
g s
2
0
L L L L L
5 10 15 20 25

wave vector g [1/um]

Fig. 10. Results of Fourier transforms giving the power spectral density of in situ AFM
pictures at T" = 53°C, on of which is shown in Fig. 6(a). Note that the time intervals
between the curves are not constant. The inset depicts the amplitude of the undulation
as a function of annealing time. The first data point at t < 0 s gives the roughness of the
PS film surface at room temperature (RT) as revealed from a Fourier transform. The
solid line is a fit of an exponential growth to the data, as expected from theory.?7

7. Conclusion

The wettability of a substrate is a delicate interplay of forces. For dielectric
systems, the wettability can be described successfully by the effective in-
terface potential, which is a sum of short- and long-range interactions. The
latter are dominated by van der Waals interactions. Their strength can be
obtained by calculating the Hamaker constant via the optical properties of
the involved media. For stratified systems, the additivity of forces can be
assumed.

Rupture mechanism, pattern formation, morphology and dynamics of
dewetting are all governed by the effective interface potential and the ex-
periments can corroborate the theoretical expectations. The knowledge of
the effective interface potential therefore allows for tailoring the wettability
on demand and is a great tool for further fundamental or applied studies.
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CHAPTER 11

ANOMALOUS DYNAMICS OF POLYMER FILMS

Ophelia K. C. Tsui

Department of Physics, Boston University
Boston, MA 02215, U.S.A.
E-mail: okctsui@bu.edu

This chapter reviews the recent experiments involving the dynamics of
polymer films with thickness comparable to the gyration radius of the
polymer, which overwhelmingly show that their glass transition
temperature, T,, depends on the film thickness and can sometimes
differ significant from that of the bulk. The greatest mystery is the
onset film thickness of this phenomenon being ~50 nm, much larger
than the typical cooperativity size (~3 nm) of glass transition. While the
sliding chain model [De Gennes, Eur. Phys. J. E (2000)] can qualitatively
explain the results of the high molecular weight (M,,) freely-standing
films, it fails to account for those of the low-M,, freely-standing films
and the supported films. For the latter two, at least two theories, i.e., the
percolation theory [Long et al., ibid (2001)] and surface capillary wave
theory [Herminghaus e al., ibid (2001)] have been proposed that can
account for the observed thickness dependence of thin film 7.
However, experimental data available at this time do not allow the
theories to be distinguished. We briefly outline the physical ideas of
these theories, and delineate how dynamical measurements of
nanometer thick films may provide important insights about the
problem.

1. Introduction

A fundamental understanding of the dynamical and mechanical
properties of polymer thin films is important in many applications
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including organic light emitting devices, protective encapsulations in
microelectronics, and lubricant coatings, efc. There has been mounting
evidence over the past two decades showing that the properties we know
well about polymers in bulk often do not apply when they are made into
thin films, especially when the film thickness is comparable to the
gyration radius of the polymer (typically 2 to 50 nm).'"* Nonetheless, a
large number of these observations remain unexplained, and
understanding the origins of the anomalous dynamics of polymer films
has become one of the most challenging problems of contemporary
polymer physics. The purpose of this chapter is to give a brief account
of this rapidly evolving field of research. At the time when this chapter is
written, several excellent reviews on the subject have been published.'™
Due to limitation of space, the selection of materials in this review may
be skewed to the author’s personal interest. The readers are referred to
the previous reviews'™ for a more thorough view about the subject.

2. Experimental Observations on the 7', of Polymer Films

The study of dynamics of glass forming liquids under confinement at the
nanoscale was first carried out by Jackson and McKenna'*, In that work,
a depression of T, of 8.8K was found in o-terphenyl confined in
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Fig. 1. T, (K) vs. film thickness (nm) of PS supported on silicon with different molecular
weights, M,, of 120K (circles), 500.8K (triangles) and 2,900K g/mol (diamonds). The
solid line is the best fit to Eq. 1. Data by Keddie et al. reproduced from Ref. 19 (copyright
RSC Publishing).
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controlled pore glasses treated with hexamethyldisilazane and have an
average pore diameter of 8.5 nm. Soon afterwards, Reiter found that
polystyrene (PS) films with thickness < 8 nm supported by a glass
substrate could dewet at temperatures below the bulk T, providing
evidence that the 7, of these films can be smaller than the bulk value.” "’
Keddie and coworkers'®'® were the first to systematically measure the T,
of polymer films as a function of the film thickness, 4. Figure 1 shows
their result on PS supported by silicon. The most surprising finding from
this result is the absence of any dependence on the molecular weight, M,,,
of the polymer (120K to 2900K g/mol) in the T, vs. h dependence. The
data for Ty(h) was found to empirically fit the following:

T, (=T, ()[1-(5/M)"], ey

where 8 and v are fitting parameters with values 3.2 nm and 1.8,
respectively, found by Keddie ef al.'*" for PS on silicon. These authors
postulated that Eq. 1 could arise from a low-density, highly mobile layer
at the free surface of the film having an intrinsic thickness of & that
diverges like (1 — T/Tg(oo))’”V as the temperature approaches the bulk 7,
from below. On the other hand, qualitatively different behaviors were
reported by them in the same papers.'" It was observed that the T, of
poly(methyl methacrylate) (PMMA) films could increase or decrease
with decreasing film thickness depending on the substrate material and
surface condition as illustrated in Fig. 2. Specifically, PMMA films on
gold coated silicon showed a decrease in T, with decreasing film
thickness, but those deposited on silicon covered by a native oxide layer
showed an increase in 7, with decreasing film thickness. Later, other
supported polymer films were also found to demonstrate an increase in
T, with decreasing film thickness, such as poly(2-vinyl pyridine) on acid-
cleaned silicon oxide.”

A layered model is one of the earliest models proposed to explain
these observations, and by far the most accepted for the thickness
dependence of the T, of polymer films. The model presupposes that the
molecular motions near the polymer-air interface are much faster than
those in the bulk polymer, which can be due to segregation of chain ends
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Fig. 2. T, (K) vs film thickness (nm) of PMMA films deposited on (a) gold coated silicon
and (b) silicon covered by a native oxide layer. Data by Keddie et al., reproduced from
Ref. 19 (copyright RSC Publishing).

to the surface***

polymer free surface.

or a reduction in the chain entanglement near the
221 On the other hand, the molecular motions
at the polymer-substrate interface can be faster or slower than the
polymer motions in bulk depending on whether the polymer-substrate
interactions are sufficiently weak or strong, respectively. The T, of a film
is a result of the interplay between the effects of the two interfaces. The
x-ray photoelectron spectroscopic (TDXPS) and angle-dependent
XPS measurements of Kajiyama er al®® on poly(styrene-b-methyl
methacrylate) showed that the 7, of the polymer got progressively
smaller than that of the bulk towards the free surface. By using
fluorescence labeling, Torkelson’s group® showed that the local T,
of PS was smaller than the bulk value at the free surface, but
continuously approached the bulk 7, over several tens of nm into the
film. Numerous computer simulation results also support this picture.*™
These findings provide important evidence to the existence of dynamical
heterogeneity — which is indeed a gradient — in the film, and validates

the use of the layered model.
2.1. Experimental Search for Enhanced Mobility at the Polymer-Air
Interface

The idea that there can be a mobile layer at the free surface of a polymer
has fascinated numerous researchers who have devised some most
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ingenious experiments to search for its existence.””****" These
experiments involved a large number of measurement techniques, which
include angle-dependent x-ray photoelectron spectroscopy,” various
kinds of atomic force microscopy (AFM),”* near-edge x-ray absorption
fine structure,”** positron annihilation lifetime spectroscopy,>* optical
birefringence measurement,*® melting of a topographic structure,* and
local T, probe by fluorescence labeling.” Although some of the results
are conflicting, the majority holds that the mobility of PS, for which the
thin film 7, shows the biggest reduction, is enhanced near the free
surface. And between two conflicting results obtained by the same
technique, the more recent one indicates that the surface mobility is
enhanced. For AFM experiments showing a conflicting result, one can
usually find attributes to the specificity of the polymer, inadequacy of the
surface sensitivity of the technique and/or alternative interpretations of
the results. I postpone further discussions until Sec. 5.2. For experiments
involved rubbed PS, studies show that the relaxation phenomenon is rich
and may not be simply related to the glass transition of the polymer.*”**

The search for an enhanced mobility surface layer is connected with
the search for the origin of a reduction in the thin film 7. In contrast, the
search for the origin of an increase in the thin film 7, has not aroused
nearly as much interest. It is attributable to the fact that an increase in 7,
can always be ascribed to the friction between the polymer chains and
the substrate. Furthermore, far more examples have been found for
decreases than increases in the 7, of polymer films, which also makes the
former more appealing.

2.2. Significance of the Polymer-Air Interface and Confinement
Effect Revealed by Freely-Standing Films

The importance of the polymer-air interface in bringing about a reduction
in the 7, of a polymer film can also be perceived from the results of
freely-standing films,”"™" which possess two polymer-air interfaces
(Fig. 3). From the measured 7, of PS freely-standing films (Fig. 4)1
one may readily notice that the magnitude of the shift in T,(h) is twice as
large as that found in supported PS films (Fig. 1). In addition, the data
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Fig. 3. Three configurations commonly employed in the study of polymer films:
(a) freely-standing, (b) supported and (c) capped films. These configurations differ by the
number of polymer-air and polymer-substrate interface, and allow systematic control of
the effect of these two kinds of interfaces on the dynamics of polymer films.
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Fig. 4. (a) T, of freely-standing PS films with M,, from 120 K to 9100 K g/mol obtained
by different techniques. The solid symbols are obtained by ellipsometry. The hollow
symbols are obtained by Brillouin light scattering. The solid lines are fits of the data to
Eq. 2. (b) The same data shown in (a), but for M, > 378 K g/mol only. The fitted lines are
extrapolated above the bulk 7, and are found to meet at a point denoted by (h*,T*) as
shown. The physical meaning of the convergence at (h*,7*) is not known. (Both figures
are reproduced from Ref. 4, copyright Elsevier.)

behave quite differently between the M, > 575 kg/mol films and the
M,, <378 kg/mol films, as a result of which they were referred to as the
high- and low-M,, films, respectively. For the high-M,, films, T,(h) is
equal to the bulk T, at large film thicknesses, but starts to decrease
linearly with the film thickness below some threshold thickness. From
Fig. 4, as M,, decreases the threshold thickness decreases and the slope of
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T,(h) below the threshold gets smaller. The fact that the shift in T,(h)
depends on the comparison between the unperturbed size of the polymer
(~MW“ 2) and the film thickness evidences that chain confinement effect
of some sort exists. For the low-M, films, on the other hand, the
variation of T,y(h) is gradual, showing no M,, dependence as was found in
supported films (Fig. 1). In fact, Eq. 1 that generally fits the data of
supported films provides a good description of the low-M,, data as well
(Please see the solid, curved line in Fig. 4(a)). The fitted value of 8, with
v fixed at 1.8, is 7.8 nm.” It is noteworthy that this value is twice the
value found for the supported films. Since freely-standing films possess
twice the number of polymer-air interfaces as supported films do, this
result reinforces the layered model that the reduction of 7, in polymer
films is caused by a mobile layer at the polymer-air surface. As for the
high-M,, data (Fig. 4(a)), it was found™ that the linear regression lines
through the data actually extrapolate to meet at a single point, (h*,7%) =
(103 nm, 423 K) above the bulk 7, (Fig. 4(b)). This suggests that the
T,(h) of high-M,, freely-standing films can be written as™:

T, - T,* = a(My,)(h — h*). )
Empirically, o(My) = bIn(M/ M,*), 3)

where b = (0.70 + 0.02) K/nm and M,* = (69 £ 4) kg/mol. Forrest and
Dalnoki-Veress argued that the T,(h) dependence described by Eq. 2
should yield to the low-M,, behavior (i.e., the curved line in Fig. 4(a))
when the slope ou(M,,) is decreased to such a point that the corresponding
To(h,M,) line touches the low-M,, curve only at a single point. This
condition is illustrated by the straight line marked by M*** in Fig. 4(b)
(the short curved line depicts a segment of the low-M,, curve). The value
of M*** thus estimated is 300 K g/mol, which agrees well with the
crossover at M,, = 378 K g/mol seen in Fig. 4(a).

Qualitatively the same results were found in freely-standing PMMA
films by the Dutcher group recently’®*” although the magnitude of the T,
reduction is roughly a factor of three less than that found in the PS films.
It points to the importance of the specificity of the polymer on its thin
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film properties, and is consistent with the lack of enhanced surface
mobility often found in acrylate polymers.”*"*

2.3. Effect of Chain Ends

Local enrichment of the chain ends at the free surface of a polymer has
been one of the most cited origins for the surface mobile layer. The
phenomenon was confirmed by Kaijiyma er al.*® who found that the
concentration of surface chain ends diminished as the M,, of the studied
PS was increased and became negligibly small when the M,, is bigger
than the entanglement molecular weight (~30 kDa). Motivated by
these results, we investigated” the thickness dependence of T, of
monodispersed PS thin films with M,, = 13.7 K and 550 K Da (M,/M,, <
1.06 for both polymers) to seek for any effect on the 7,(h) dependence
due to the higher concentration of surface chain ends expected in the
13.7 kDa than the 550 kDa PS films. As seen in Fig. 5 (main panel), the
measured T,(h) demonstrate excellent fits to Eq. 1. In the inset is shown
the same data normalized by the corresponding bulk 7,. Evidently, the
data of both molecular weights almost overlap, indicating that the T,(h)

87 Fig. 5. (main panel) T, vs. h for PS

370 | EIIEE ® films with M,, = 550 kDa (solid

circles) and 13.7 kDa (open
circles). The solid and dashed lines
are fits to Eq. 1. (inset) The same
data but normalized by the
corresponding bulk 7, of the
polymer, T,(e0), determined from
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dependence is independent of M, even below the entanglement
molecular weight’® and hence the surface chain ends cannot constitute an
essential cause for the reduction of T, in PS supported films. This result
is in keeping with the simulation work of Doruker and Mattice™ who
found that the segmental mobility at the free surface was enhanced for
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both linear and cyclic polymer chains. To investigate if there is at all any
influence of the surface chain ends on the T, of polymer films, we
studied the M,, dependence (from 13.7 K to 2.3M Da) of T, of PS films
with fixed thicknesses of 15 and 50 nm, respectively.”* Shown in Fig. 6
are the results plotted as To(M,)/T{(M, = o) vs. M, for the two
thicknesses as well as the bulk polymer, where T,(M,, = 2.3M) was taken
to be To(M,, = o). According to Fox and Flory (FF),%

Tg (MW)/Tg (My=o0) =1—my/M,, 4)

where my ~ (p; — p.) with p; and p, being the mass density of a chain
segment and chain end, respectively. For PS, To(M,, = ) = 373 K and
my = 455.8.% As seen in Fig. 6, Eq. 4 provides fairly good fits to the data
(solid lines), and the M,, dependence of T, weakens as the film thickness
decreases. The fitted value of my for the 15 nm films is 40% less than
that of PS in bulk. A reduction in m, may either be due to an increase in
p. or a decrease in p;. Since the inset of Fig. 5 shows that the reduction
in the T, of a 15 nm film is only ~2% of T,(c0), which puts an upper limit
to the possible reduction in p; of the polymer under confinement in a
15 nm thickness. A 2% reduction in p; would be too small to account for
the 40% reduction in p; — p, deduced above. Therefore, the apparent
reduction in my, is most likely due to an increase in p, as the film
thickness is reduced. A probable explanation to this observation would

Fig. 6. T, (M,,) normalized
by the T, at M,, = 2.3M Da
as a function of M, for

Em samples in bulk (open
; circles) and in thin films
§,§ DSC with 2~ = 50 nm (solid
= 0.97 e 50nm circles) and 15 nm (open
o 15nm squares). Solid lines are fits
0.96 Fox & Flory to Eq. 4.
10 100 1000
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be an enhanced segregation of the chain ends to the surface as the
polymer thickness decreases, resulting in a reduction in the number of
chain ends remaining in the film body that ultimately determines the T,
of the film. To confirm that the change in 7, vs. M,, shown in Fig. 6 is
indeed a reflection of the change in the number fraction of chain ends
in the film body, we studied the T,(h) dependence of a binary blend
of 13.7 K and 550 K PS (in 1:1 wt. ratio).”* For a binary blend of
polymers with disparate molecular weights, Hariharan et al.®' showed
that entropic effect would drive the low-M, component to the film
surface, producing a local enrichment of the low-M,, component. Thus,
one expects the 13.7 K constituent in the blend films to segregate to the
surface. By using Fox and Flory’s (FF) model, the T, of the binary blend
in bulk should be™:

/T, =Y2[1/Ty(M=13.7T K) + 1/T{(M=550 K)]. (5)

In Fig. 7 (solid line) is displayed this dependence assuming the
measured 7, of the respectively monodispersed films. The measured 7,’s
of the blend films are shown by solid squares. As seen, the data agree
with this model line quite well for 4 > ~30 nm, but approaches the T, of
the 550 K PS films when the film gets thinner. Our result strongly
suggests that those chain ends segregated to the surface do not
contribute to the 7, of the film, but instead only those remaining in the
film body do. This reinforces our above observation that the surface
chain ends are not directly related to the reduction of T, observed in
polymer films.

375
g @R e Fig. 7. Comparison between
the 7, of the 13.7 K/550 K
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squares) and that of the pure
constituents reproduced from
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2.4. Effect of the Polymer-Substrate Interface

We have examined yet another popular perception about the thickness
dependence of polymer film T, i.e., the amount of 7, reduction or
increase of a polymer supported film depends on, respectively, how
repulsive or attractive the polymer-substrate interaction is. The 7, of
33 nm thick PS (M,, = 96 kDa, M,/M, = 1.04, bulk T, = 373 K) coated
on random copolymer of PS and PMMA (P(S-r-MMA)) brushes with
M, ~ 10 kDa, M,/M, ~ 1.1 to 1.8 was studied as a function of the
styrene fraction, f, of the brush.” The result, plotted as 7T, vs. f is shown
in Fig. 8. As seen, as f'is decreased from 1, the T, of the films decreases
and reaches ~351 K at f ~ 0.7, showing that the thin film 7, decreases as
the polymer-substrate interaction gets more unfavorable. We examine in
what way the polymer-substrate interaction energy may manifest in this
effect. The transition of a liquid into a glass corresponds to a kinetic
arrest of the liquid as a result of the necessity of cooperative molecular
rearrangement in order for any motion (involving configurational
changes) to be possible.”” Because cooperativity is involved in the
dynamics at the glass transition, 7, should be determined by the total

375
370 + Fig. 8. The measured T,
: ¢ of 33 nm thick PS films
365 spin-coated on P(S-r-
® MMA) brushes as a
3 360 function of the styrene

o

~" 355 fraction, f, of the brush

(solid symbols). The
solid line is a guide-to-
the-eye.

350

345
0.7

1.0

energy, N.&, required to activate all the molecules in a cooperative
region to move simultaneously. By using the published data of PS with
M,, similar to ours,” we estimate that & ~ 130 Jem™>.% To the first-order
approximation, an interfacial energy of %: should produce a change in
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the glass transition temperature, 87, ~ %T,/(&E), where & is the size of a
cooperative region. Based on previous measurements of %; vs. f, °*® the
change in %; when fis changed by 0.3 is 0.43 erg/cm”. Hence, to obtain
the observed change of 20 K in T as f was decreased from 1 to 0.7, §
would have to be 0.6 A, which is unphysically small. This simple
estimate shows that the value of % alone does not provide sufficient
ground to understand the effect of interfacial interaction on the 7, of
polymer films.

At the interface between the homopolymer and the brush, the
specific interactions between monomers and packing constraints would
produce perturbations to the chain conformations. Consider (87,/dp), the
reduction in T, due to a decrease in the mass density, p, because of the
perturbation. (87,/8p) = (8T,/0P)(8P/dp) = (8T,/3P)(1/pK), where, for
PS, the pressure coefficient of 7, is 3.09 X 107 K/Pa,65 the isothermal
compressibility, & = 22 x 10" Pa” ® and p =1.04 g/em’, yielding
(8T,/8p) = 1.35 x 10° K/(g cm™). To produce a 20 K drop in the T, for a
10 nm thick film would require a density decrease of ~1.4%. Such a
large change in the average density of a thin film polymer has not been
observed in experiment.’>*” Thus, a reduced average film density cannot
be used to explain the present observations. A mechanism focusing on
changes at the interface between the polymer and the brush is more
likely to be operative. Consider the following bilayer model for a film
with thickness h: At the polymer-brush interface, the density of the
polymer is p; over a distance { from the interface, but is p, the bulk
density, for the remaining part, i — C of the film. The T, of the film as a
whole would be given by T, = T,™™ + (8T /5p)({/h)(Ap), where Ap =
p—p. For a 10 nm thick film, a 20 K reduction in 7, would be found
when {Ap~ —1.48 x 10°® g/em®. If we take { = 3 nm, several Kuhn
lengths, then Ap/p=-0.05, i.e., a 5% density decrease at the interface.
It should be remarked that Ap { represents the surface excess (or surface
deficit if Ap < 0) of polymer segments at the substrate wall due to the
polymer-substrate interactions. As / is increased, this effect diminishes
according to Ap{/h and explains the decreasing 7, reduction with
increasing film thickness.

The foregoing discussion has focused on cases where the 7,
decreases with decreasing film thickness. By considering favorable
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interactions that make Ap positive, the same model can also describe
systems with enhanced 7, with decreasing film thickness. Under the
special condition where Ap = 0, the T, of a film should remain the same
as the bulk. This is the most closely fulfilled in this experiment with the
f =1 brush. Previous theoretical estimate®® shows that the interfacial
energy for the f = 1 sample would be small but finite ~0.1 erg/cm’. The
observed T, with the f = 1 brush (Fig. 8), being ~5 K below the bulk T,
is consistent with this estimate. This result shows that the effect of
interfacial interaction on the T, of polymer films cannot be formulated
simply in terms of the polymer-substrate interfacial energy, but rather
the surface excess, Ap{, is more suitable. Recently, McCoy and
Curro™® estimated the surface excess of polystyrene sandwiched
between confining walls that are non-wetting, neutral and strongly
wetting, respectively, to the polymer, and found that the surface excess
was negative in the first two cases, but positive in the last one. These
estimates are in keeping with the present experimental and the ideas
proposed thus far about the effect of the surface excess on the sign of the
T, shift.

In comparing our model with the T,() reported by Keddie et al.,'>"
{Ap should be ~1/h"®. Confinement effect may give rise to strong
perturbations to chain conformations.””’" However, the thickness at
which changes in 7, start to occur (~50 nm for PS on SiO,), being
bigger than the gyration radius of the polymer, R, (~15 nm, here), would
be too large to produce any noticeable effect. Computer simulation
studies’”’" show that perturbations to the segment density due to the
interface persist over a distance, &p > ~R,. Insofar, the estimates of the
surface excess had been performed on polymer slabs with Az >> &p. It
would be interesting to estimate the surface excess for polymer slabs
where this does not hold and see if it will demonstrate any thickness
dependence. In particular, one would like to see if it will reproduce the
1/h"® dependence deduced above.

3. A Major Issue

The fact that the 7, of polymer films deviates from the bulk value
when the film thickness is decreased below a certain value suggests that
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finite size effects of some sort must be involved. The biggest mystery
about the problem of thin film T is the origin of such finite size effects.
The onset of the 7, anomaly begins at a thickness that is surprisingly
large (~50 nm for supported films and ~100 nm for low-M,, freely
standing films) compared to the cooperativity size of glass transition,
which is = 1-3 nm.”*”* At the same time, the molecular interactions at
the interfaces — expected to be of the Lennard-Jones type because the
polymers are apolar — are not long-range enough to provide a direct
explanation either. While chain connectivity may account for the chain
confinement effect noticed in the high-M,, freely standing films (Fig. 4),
it must not be relevant for the low-M, freely-standing films nor
supported films since no M, dependence was found in the T,(h)
dependence of these films. In particular, for supported PS films on Si,
the absence of M, dependence in T,(h) was found for 2.3 < M,, <
3000 kDa,'®'***® corresponding to 3.5 < Rgs < 128 nm’’ that embraces
very well the onset thickness of 50 nm for the finite size effect.

4. Theoretical Models

There have been only a few models proposed to explain the 7, anomaly
in polymer films, attributable to the fact that the physics of the glass
transition is not very well understood.” In this section, I shall outline the
ideas of these models. The interested readers are referred to the original
papers for more details.

4.1. Layered Model

The layered model discussed in Sec. 2 is the most popular and can be
used to explain essentially all experimental observations. However, it is
mostly phenomenological at this time and lacks any predictive power.
For instance, the model by itself cannot predict the observed functional
form of T,(h) nor can it predict a priori whether the T, of a polymer
supported film should increase or decrease with respect to the bulk 7.
Nonetheless, it is often a good starting point for constructing further
details to describe the data.'®'"*>**
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4.2. Sliding Chain Model

De Gennes’ proposed the sliding chain model to explain the T, reduction
in freely-standing films. He suggested that it arose from the sliding
motion of loops of polymer chains along their own contour. Only those
loops with the two end points in contact with the polymer-air surfaces as
shown in Fig. 9 were considered so that the barrier to the motion at the
end points could be ignored. By taking into account the cooperativity
size for such motion and arguing that it is those loops that are long
enough to reach the mid-plane of the film that have the most influence on
the T, of the film, he arrived at a glass transition temperature, T,(slide),
that is linear in /4. The glass transition temperature of the film would be
determined by the sliding motion if Ty(slide) < Ty(e0). This condition
occurs when the film thickness is smaller than a threshold value that is of
the order of the end-to-end distance, Rgg, of the polymers. The model
prediction provides a good description for the experimental result of the
high-M,, freely-standing films (Fig. 4). However, it does not predict a
M,,-dependence in the slope of T,(h) as observed in experiment nor does
it predict a crossover from a high-M,, to low-M,, behavior (Fig. 4). The
latter implies there to be an additional mechanism for the enhanced
molecular mobility that competes with the sliding chain mechanism.

5 >e 79 Fig. 9. Ilustration of polymer

loops with various loop lengths,
N\ s, sliding about the polymer-air
surface. Only those loops with s
~g~ (h/a)* and thus extend to
the mid-plane of the film can
have an impact on the T, of the
film. Figure was reproduced
from Ref. 73, copyright EDP
Sciences.
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4.3. Percolation Model

Long and co-worker’®’” proposed a mechanism for the T, reduction for

apolar liquid films based on a percolation model for the glass transition.
The idea is founded on spatial dynamic heterogeneity, i.e., the presence
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of spatially distributed domains with slow dynamics near the glass
transition. In the percolation model, the glass transition occurs when the
slow domains percolate through the sample. This condition defines the
critical value p, for the local mass density of a region above which the
region is reckoned “slow’”:

|, Pa.p)dp=p". (©)

where P(T,p) is the probability density distribution of the mass density p
of the liquid at temperature T, p.” is the three-dimensional (3D)
percolation threshold. (The exact value of p.’” depends on the form of
the percolation network.) If the liquid is made to form a film, and the
interactions between the liquid and the substrate are weak, the condition
for glass transition would be modified to one requiring the slow domains
to percolate in the plane. In the limit where the film thickness is smaller
than the 3D percolation correlation length, the film is 2D and the
percolation threshold on the RHS of Eq. 6 should be the 2D percolation
threshold, pCZD . For an intermediate thickness /, the percolation threshold
pe(h) lies between p.” and p °. Since p”” > p.” in general, p.(h)
increases and thereby T,(h) decreases as h decreases. It can be shown
that"®

pe(h) —po” ~ ", (7)

where 1 (= 0.88 universally) is the critical exponent for the 3D
percolation correlation length. By using Eq. 7 and assuming that P(7T,p)
is Gaussian and sharply peaked at the average mass density of the glass-
forming liquid at temperature T, the authors’® derived an expression for
the T, of the liquid confined in a film with thickness A:

T,(h) =T, (bulk)[1—(a/h)"*], ®)

where a is, within a factor of order unity, equal to the monomer length.
Clearly, the exponent given in Eq. 8, = 1/u = 1/0.88 = 1.136 deviates
from the value of v = 1.8 (in Eq. 1) quoted above.'®"” But as pointed out
by several researchers,” the range of film thickness studied in
experiment, which is usually 10 to 50 nm, is probably too small for the
functional form of Ty(h) to be determined precisely. In fact, our group
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had found v = 1.4 for the same polymer film system.** Kim et al.”>” and
Herminghaus er al.”*® even suggested a different function to describe
T,(h), which is pertinent to the capillary wave model to be discussed
next.

4.4. Capillary Wave Model

In the capillary wave model proposed by Herminghaus,”* a reduction in

the T, of polymer films can arise from the coupling of the viscoelastic
surface capillary modes to the bulk of the film. Correspondingly, the
thickness dependence of 7, is caused by the cut-off in the wavevector, g,
of the surface capillary modes that varies as 1/2 — because only those
modes with wavelengths longer than # can penetrate deep enough into
the film to affect the 7,. With additional physical arguments,”®
Herminghaus simplified the relaxation rate of a film to:

g =L+ ED7 )
noon

where Y and E are the surface tension and elastic modulus of the
polymer, respectively, and F(1) is a constant of order unity. By arguing
that the memory kernel, which accounts for memory effects during
relaxations of strains in the polymer, scales as 1/T (where T is
temperature), and applying the same criterion used in the mode-coupling
framework for the transition of a system to be frozen into a non-ergodic
state, Herminghaus arrived at the following relation for the 7, of thin
films:

“ T (00) 4O 10

T, (h)=T,( )a)(h’l) (10a)
-1

=Tg(oo)(1+%) , (10b)

where hy = F(1)Y/E = y/E by Eq. 9. Kim et al.”® showed that Eq. 10b
could in fact also describe the data of Keddie et al. in Fig. 1 if



284 0. K. C. Tsui

hy = 0.68 nm. Herminghaus et al.”® found that Eq. 10b could describe
their own data better than Eq. 1 if i, was taken to be 0.82 nm. By putting
Y = 31 mN/m and hy = Y/E = 0.82, they obtained E = 44 MPa, which
corresponds to the value of E for PS in the middle of the glass transition
on log scale.”®

5. Dynamical Measurements of Polymer Films

The majority of dynamical studies of polymer films have measured the
thickness dependence of T,. Since all the models discussed above were
constructed to give the T,(h) dependence observed in experiment, more
dynamical information about the films is needed to discriminate these
models. Below I review the dynamical measurements made in the past on
polymer films, and discuss any insights one may draw from those
outcomes about the anomalous dynamics of polymer films.

5.1. Diffusion Experiments

Soon after the reduction of 7, was observed in polymer films,
experiments were carried out to measure the diffusion rate (including
tracer and inter-diffusion) in both supported polymer films*"** and later
also freely-standing films.*** In films showing a reduction of T, with
decreasing film thickness, only bulk-like or slower diffusion rates had
been found. For example, in PS films supported by Si, the in-plane
diffusion rate decreased monotonically with decreasing film thickness
below i = 150 nm.* In freely-standing PS films with M,, = 6900 kDa,
no thickness dependence was found for the out-of-plane diffusion rate
down to a film thickness of 69 nm,** where there should be a T,
reduction of ~40 K according to Fig. 4. This finding corresponds well
with that of a holes growth measurement in freely-standing PS films (for
51 £ h £91 nm) where no significant growth of holes was observed until
the temperature reached the bulk Tg.3 Simple inference from these results
would expect anything but a reduction of thin film 7,, which has caused
some to query the interpretation of 7, reduction in those systems. It is
recently pointed that the results on the thin film diffusion and T,
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measurements can be reconciled: The higher mobility implied by the T,
reduction in polymer films is applicable only to motions on the
segmental length scale; whole chain motions relevant to diffusion and
growth of holes may not occur until temperatures reach the bulk Tg.3'4
This picture was suggested’ to be consistent with Semenov’s analysis.*

5.2. Viscosity or Dynamical Mechanical Measurements

While the measured diffusion rate can be dominated by motions with
length scales irrelevant to the glass transition, viscosity has traditionally
been the dynamical quantity used to define 7, In particular, glass
transition is commonly described as a kinetic transition whereat the
viscosity of a liquid increases by 10" times within a few degrees upon
cooled across the glass transition temperature.*® The information most
often extracted from viscosity (1) measurements is the functional
dependence of M or relaxation time, T, on the temperature, 7. For glass-
formers in general, such dependences have been found to display the
Vogel-Tammann-Fucher (VTF) scaling, which reads:

t(T)=r1, exp( ), (11

T -T,
where Ty is the reciprocal attempt rate of molecular motion, U is related
to the activation energy of the motion, and 7 is the Kauzmann or Vogel
temperature.®” From Eq. 11, it is clear that either a reduction in U or T,
would lead to a decrease in T and hence T,. There have been numerous
efforts to measure the T(7') relation for polymer films at different film
thicknesses. But they are relatively scarce, attributable to the difficulty
generally involved in detecting responses from a small sample. (c.f. For a
1 cm® x10 nm film, the mass of the polymer is only ~1 pg.) Three main
kinds of techniques have been used for the measurement of ©(7") although
other techniques have been used as well.***”® They are atomic force
microscopy (AFM), *** ac dielectric (and capacitance) spectroscopy,®
and x-ray photon correlation spectroscopy (XPCS).”"*® I briefly discuss
the status quo of each of them.
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Atomic Force Microscopy: Dynamical studies employing AFM
techniques generally probe the surface dynamics of the polymer.’”
Because of the large number of factors that can influence the
measurements, the conclusion can often depend on the interpretation
adopted for the data, which may explain the vastly different AFM results
reported by different groups on polystyrene (PS). By using forced
modulation microscopy (FMM), Kajiyama et al.’*”® showed that the
surface of PS was already in a viscoelastic state even at room
temperature, provided M,, < ~30K Da or the polymer contains some M, <
30K Da components. With monodispersed PS with M, = 40K Da,
Hammerschmidt er al.*® observed a modest reduction in the surface T, (<
10 K) by friction force microscopy (FFM), which is consistent with
Kajiyama’s observations. On the other hand, Ge er al.*’ measured no
change or a slight increase in the T, of monodispersed supported PS with
3K < M,, £ 6.7M Da and freely-standing PS films with M,, = 697K Da
and 32 < h < 140 nm by using shear modulation force microscopy
(SMFM). To understand these different results, one should take a closer
look at the experimental details. In the FMM studies of Refs. 36—38 the
AFM cantilever was driven into vertical vibration at a frequency of
4 kHz, the in-phase and quadrature responses of the tip (under an average
load of 25 nN against the sample) were measured at room temperature
and used to deduce the storage modulus and loss tangent of the sample.
The researchers concluded the surface of a polymer to be rubbery at
room temperature on the basis that the loss tangent was an order of
magnitude larger than the corresponding values of the bulk. In SMFM,*
which is similar to FMM in spirit, the cantilever was driven in sideway
oscillations at 1.4 kHz; the resulting amplitude of the tip, under a
constant load of ~12 nN in Ref. 39 and 25 nN in Ref. 40, was monitored
as the temperature was swept from room temperature to above the bulk
T,. The T, of the polymer was determined by drawing linear
extrapolations from the low- and high-temperature asymptotes of the
data and seeking the intersection. Since the response amplitude increases
as the tip penetrates into the sample (as demonstrated by the creep data in
Fig. 2 of Ref. 40), if a surface rubbery existed and expanded with
increasing temperature, the 7, so measured could be dictated by the
expansion of this surface layer. We have estimated*"** the indentation of
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an AFM tip into the surface of a polymer near its glass-to-rubber
transition by using the Johnson-Kendall-Roberts (JKR) model.” The
estimated indentation at loading, 8.4, is represented by the dashed line
in Fig. 10. Assuming the surface rubbery layer to be 10 (or 20 nm)
thick, the creep compliance of this layer only needs to be 3 (or 6) times
of J(0) in order for the tip to penetrate through this rubbery layer. (Note
that if we had used the more popular Hertz model'” to estimate &y,
which ignores the tip-sample adhesion interaction, we would have
overestimated the needed increase of the creep compliance to be ~150 (or
~400) times.) Since the creep compliance usually changes by several
orders of magnitude across the glass transition, this estimate shows that
we may expect an AFM tip to penetrate through the surface rubbery layer
if it exists. In Fig. 11 is shown the 7 dependence of the thickness of
the rubbery layer, 8(7), modeled by Keddie er al,'” ie., =
fS(l—T/Tg(oo))_”V (see Sec. 2). The intercept obtained from asymptotic
linear extrapolations at the two ends of this curve is very near T,(o0)
(Fig. 11). Although the AFM response vs. T curve is strictly speaking
different from this curve due to the finite creep rate for the tip to
penetrate the rubbery layer, one may envision that the position of the
intercept would still be very close to T,(o0) due to the theoretical
divergence of the rubbery layer thereat. Given the vast number of recent
experiments showing the surface dynamics of PS to be enhanced,”****
the scenario portrayed in Fig. 11 is probable.

50

Fig. 10. Calculated tip indentation
into a flat poly(tert-butyl acrylate)
(PrBuA) (M,, = 148 kDa, M,/M, =
17, T, = 50°C) plotted as a function
of measurement probe rate, f. The
data was obtained assuming the JKR
model, and the radius of the AFM
tip to be 50 nm, the applied force at
loading to be 2.5 nN, and the
adhesion data published in Refs. 41
10" 102 10° 10" 10° and 42. The normalized creep

f(Hz) compliance, J(f")/J(0) (dashed line;
left scale) is also shown.
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Fig. 11. Simulated temperature
dependence of the thickness of
the surface rubbery layer
according to the model of
Keddie et al.'®" discussed in
Sec. 2. T,(«0) is 373 K here.
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Dielectric Spectroscopy: Like AFM techniques, dielectric spectroscopy
has been used in a large fraction of the dynamical measurements of
polymer films, and produced some of the most elaborate data for T(7).
In this technique, the ©(T) of a film is typically obtained by measuring
the dielectric loss peak from a frequency (or temperature) scan at
different temperatures (or frequencies). For PS films, it was found that
when the film thickness was decreased, the dielectric loss peak
broadened and at the same time shifted to higher frequencies or lower
temperatures.*”* These results suggest that the dynamics in the film
become more heterogeneous and at the same time more mobile on
average. From the measured T(7), the T, reduction was found to be
largely caused by a reduction of the Vogel temperature with decreasing
film thickness.***° But it is noteworthy that, except for Ref. 99, all
dielectric measurements have been performed on polymer films
sandwiched between metal electrodes as illustrated in Fig. 3(c). To make
these films, the upper electrode was deposited onto the polymer film by
thermal evaporation. Concerns have been raised on whether the
evaporation process might alter the properties of the polymer film. In a
recent experiment, Sharp er al.'’" fused two h/2 thick supported films to
make one / thick capped film. They found that the 7, of these films
remained constant equal to T,(ec) for all thicknesses down to 8 nm,
contrary to the results of previous dielectric measurements.*** This
result reaffirms the significance of a free surface to the reduction of 7, in
polymer films, but at the same time casts doubts to the existing dielectric
results, which had mostly been obtained from capped films.



Anomalous Dynamics of Polymer Films 289

X-ray Photon Correlation Spectroscopy: This is a state-of-the-art
x-ray scattering technique in which a synchrotron x-ray beam is cut
down to ~5° to ~ 20> um” sizes to gain sufficient coherence in the beam
so that a speckle pattern is produced upon scattering from a
sample.”'"*! The relaxation time T of a polymer film is determined
from the exponential decay of the intensity autocorrelation of the x-ray
beam that is totally externally reflected from the film surface. According
to Kim et al.,”® this technique measures the dynamics in the top 10 nm of
the film from the free surface. For PS films on Si,96 the result from XPCS
was found to display the relation, t©(g,) ~ O(g,h)/q, (Where g, is the wave
vector of the fluctuations on the film surface and Q(g,h) is a function of
qyh only), which is consistent with the dynamic capillary wave theory
and hence confirms that XPCS monitors the time variations in the
surface structure of the film due to motions of the surface capillary
waves. The smallest film thickness studied was 84 nm. The authors
found no difference for the viscosity vs. temperature relation, n(7),
between the studied films and bulk PS.”® By analyzing the dynamics of
the surface capillary modes in a dynamically stratified film, the authors
estimated that if the polymer film were composed of a 10 nm thick high-
mobility surface layer with a viscosity 10 times smaller than the bulk
value, resting on the remainder of the film that is “normal”, the total
thickness of the film needs to be ~20 nm in order for the effect to be
reflected in the dynamics of the capillary waves.”

Several other studies have measured the viscosity of polymer films
by analyzing the rate of growth of holes in the films.'**'% In this method,
the number density of holes increases rapidly with decreasing film
thickness.'” A high number density of holes causes the coalescence of
holes at early times and thus prevents the opening of holes to be followed
for an adequate amount of time.''"’

From the above brief overview of dynamical measurements of
polymer thin films, we observe that the smallest thickness of films that
have been studied for the viscosity is 27 nm by the hole-growth
method.'” As for N(T) measurements, the thinnest film that have been
studied with no ambiguity is 84 nm by XPCS.”® Clean measurements of
N(7T) in thin films over the full thickness range of 5 nm < 4 < ~50 nm
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are still lacking, and this is necessary for making connections with the
anomalous T, observed in polymer film.

6. Concluding Remarks and Outlook

In conclusion, the problem concerning the dynamics of polymers
confined in thin films with thicknesses in the nanometer range is more
than two decades old, and has become one of the most challenging
current problems of polymer physics. Due to the widespread application
of polymer films and the drastic thickness dependence of T, that can
sometimes take place, the issue is practical and has significant
technological implications. One difficulty of the problem stems from the
fact that most experiments had measured the glass transition temperature
only, which, however, only represents one facade of the glass transition.
To fully characterize the dynamical behavior would require the
dynamical relaxation curve, T(7) to be measured for films with
thicknesses where the T, anomaly was observed, i.e., 5nm < h < ~50 nm
(Fig. 1). However, dynamical measurements of polymer films in the
< 20 nm thickness range are scarce, attributable to the small amount of
polymer material (~ 1 pg) contained in these films. With the recent
theoretical development, having the knowledge about the 7=(7)
dependence of polymer films with thickness as such can be important:
The capillary wave model discussed in Sec. 4.4 requires the free surface
of the polymer film to be more mobile than the bulk since the fitted value
of E = 44 MPa corresponds to the value of a rubber. From the estimate of
Kim et al.,”® in order to see a reduced viscosity in the surface capillary
modes due to a 10 nm thick mobile surface layer, one must examine
films with thicknesses < 20 nm. If the capillary wave model is operative,
the ©(T) function probed in a sufficiently thin film would be that of the
surface layer and hence should demonstrate a much weaker temperature
dependence than that of the bulk as in a rubber, but the absolute value of
the relaxation time may depend on the film thickness as the coupling
between the surface layer and the rest of the film may vary. On the other
hand, if the percolation model is correct, the functional form of (7))
should vary continuously with decreasing film thickness as the system
approaches the 2D limit with the high-temperature limit of the relaxation
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time remaining the same for all thicknesses. The qualitatively different
behaviors of T(7T) of the two models should enable one to distinguish
which model is at work. One should also mention the recent result of
Fakhraai et al.'” who measured the T, of PS films on Si at different
cooling rates, and found that the cooling rate vs. T, followed the VTF
scaling above bulk T,, but became Arrhenius below it with the activation
energy decreasing with decreasing film thickness. The former is
consistent with a recent viscosity measurement of 18 nm PS films by
time-resolved AFM.'” If this behavior indeed reflects v(T), as
tentatively suggested by the authors,'” the physics of thin film T, may
require ideas different from the ones suggested so far. On the basis of the
above discussions, obtaining a measurement of T(7") for films much
thinner than 20 nm would be important for understanding the anomalous
dynamics of polymer films. With the active pursuit of the problem by
researchers around the globe, and new experiments with better approach
and higher accuracy are designed, it is likely that new breakthroughs in
the understanding of the problem will soon occur.
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