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The editors would like to dedicate this book to the memory of  
Dr. Jules Routbort who provided the impetus and support  
for the first UHTC meeting. Unfortunately, Jules passed  

away in early 2012 before the meeting was held.
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Introduction

1.1  Background

The impetus for this book was the conference “Ultra-High Temperature Ceramics: 
Materials for Extreme Environment Applications II,” which was held on May 13–18, 
2012, in Hernstein, Austria. As the title implies, this was the second conference on this 
topic that has been organized by Engineering Conferences International (ECI). The four 
editors served as the co-organizers of the conference. Both the U.S. Navy Office of 
Naval Research Global and the U.S. Air Force European Office of Aerospace Research 
and Development provided funding for the conference that helped support participation 
of invited speakers and students. The conference brought together about 60 researchers 
from around the world to discuss the latest research related to this remarkable class of 
materials. The first conference in the series was organized by Eric Wuchina and Alida 
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2� Introduction

Bellosi and was held in August 2008 at Lake Tahoe, California, United States. A third 
conference is planned for Australia in April 2015.

The book is our attempt to capture a snapshot of the current state of the art in ultra-
high temperature ceramic (UHTC) materials. The chapters in this volume represent the 
key areas that were discussed in the meeting. The chapter authors are leaders in their 
fields from around the world, and all of the lead authors participated in the conference. 
Rather than a narrow focus on the latest scientific progress as would be expected in an 
article in a peer-reviewed journal, the chapters in this book provide a broader look at 
recent progress and information on the current understanding of this family of materials.

1.2  Ultra-High Temperature Ceramics

Recent interest in UHTCs has been motivated by the search for materials that can with-
stand extreme environments. The extremes can include, individually or in combination, 
the effects of temperature, chemical reactivity, mechanical stress, radiation, and wear. 
Some potential applications for this class of materials include microelectronics, molten 
metal containment, high-temperature electrodes, and wear-resistant surfaces. However,  
a majority of the research has been motivated by unmet material needs for hypersonic 
aviation. Specifically, improved materials are needed to withstand the conditions encoun-
tered by wing leading edges and propulsion system components in hypersonic aerospace 
vehicles as well as the extreme conditions associated with atmospheric reentry and rocket 
propulsion. The combination of extreme temperature, chemically aggressive environ-
ments, and rapid heating/cooling is beyond the capabilities of current engineering 
ceramics. Recent interest in UHTCs has been high as indicated by a number of special 
journal issues [1–3] and review articles [4–9] devoted to the topic. Despite this interest, no 
clear criteria have been established to differentiate UHTCs from other structural ceramics.

Broadly, ceramic materials can be defined as inorganic, nonmetallic solids [10]. This 
definition encompasses most materials that are typically considered to be ceramics such 
as clay-based traditional ceramics, alumina, piezoelectric materials, and silicon carbide. 
However, the definition still leaves some gray areas such as glass, carbon, and interme-
tallic compounds. In some cases, the definition is expanded to include other character-
istics. For example, Barsoum defines ceramics as “solid compounds that are formed by 
the application of heat, and sometimes heat and pressure, comprising at least one metal 
and a non-metallic elemental solid, a combination of at least two nonmetallic elemental 
solids, or a combination of at least two nonmetallic elemental solids and a nonmetal” 
[11]. In other cases, the definition involves characteristics such as melting temperature, 
bonding type, or electrical properties [12]. Likewise, several different definitions have 
been espoused for UHTCs. The three main classifications are melting temperature, ulti-
mate use temperature, and chemical composition.

The most common definition for a UHTC is a material that melts at a temperature 
of 3000°C or higher. As shown in Figure 1.1, very few materials meet this criterion. For 
example, only three elements have melting temperature above 3000°C, W, Re, and Ta, 
all of which are metals. Note that carbon was not included in this group because of the 
complexity of its behavior, which has been reviewed in detail elsewhere [13, 14]. 
Interestingly, ThO

2
 is the only oxide ceramic that has a melting temperature above 
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3000°C. Most of the materials that have melting temperatures above 3000°C are borides, 
carbides, and nitrides of early transition metals. Consequently, most studies on UHTCs 
focus on compounds such as ZrB

2
, HfB

2
, TaC, TaB

2
, ZrC, and HfC. While this definition 

is probably the most common, significant uncertainty exists in melting temperatures for 
these compounds. For example, ZrB

2
 is commonly reported to melt at 3250°C based on 

the phase diagrams reported by Rudy [15] and Portnoi et al. [16], but others report dif-
ferent melting temperatures including 3040°C by Glaser and Post [17] and 3517°C by 
Rogl and Potter [18] The discrepancies indicate that not only are temperatures difficult 
to measure precisely in the ultra-high temperature regime, but also that these com-
pounds may decompose or dissociate before melting, which would also be difficult to 
detect in the experimental setups used for these studies. So, while melting temperature 
is a clearly defined metric, assessment includes uncertainty. Further, the selection of 
3000°C as the criterion was arbitrary and could be set at other temperatures.

A second method that can be used to define UHTCs is the highest temperature for 
use in air. This practical definition fits well with the nature of engineering materials, but 
introduces additional questions. As with melting temperature, the selection of a use tem-
perature to define the ultra-high temperature regime is also somewhat arbitrary. At the 
time of publication of this chapter, a number of choices are available for use in air at 
temperatures up to about 1600 °C including alumina, magnesia, silicon carbide, and 
silicon nitride. Hence, the minimum use temperature for the ultra-high temperature 
regime should be above that level. Many hypersonic applications involve higher temper-
atures, so 2000 °C has been cited as the cutoff of the ultra-high temperature regime 
[5–19]. Despite a seemingly clear definition, both use temperature and duration blur the 
distinction. The application-driven criterion to define UHTCs has obvious attractions as 
a definition for engineering materials, but this metric also has some shortcomings.
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The final method that can be used to define UHTCs is chemistry, which is the least 
quantitative, but probably most widely used. Most UHTC compounds are borides, car-
bides, or nitrides of early transition metals. Hence, any compound containing a transition 
metal such as Zr, Hf, Ta, W, or Nb along with B, C, or N has the potential to be a UHTC.

No one definition has emerged as the way to identify UHTCs. As an example of the 
shortcomings of all of the three definitions described earlier, consider one of the most 
commonly cited UHTC compositions, ZrB

2
–SiC. When compounds with melting tem-

peratures above 3000 °C such as ZrB
2
 are combined intentionally with other phases  

(i.e., sintering aids, grain pinning additives, oxidation-enhancing additives, etc.) or when 
impurities are present, the temperature at which liquid forms or melting occurs can be 
below 3000°C. For ZrB

2
–SiC, the solidus temperature is about 2300°C due to a eutectic 

reaction [20]. Hence, one could argue that one of the most widely researched UHTC 
compositions does not meet any of the criteria defined earlier because: (i) liquid forms 
below 3000°C; (ii) one of the constituents (SiC) cannot be used for extended times above 
1600°C; and (iii) SiC is not a boride, carbide, or nitride of an early transition metal.

Despite the uncertainty in the definition of UHTCs, a close-knit global community 
of researchers who focus on these materials has emerged over the past decade or so. 
Groups in the United States, Italy, China, Australia, Russia, and the United Kingdom, 
have worked competitively and collaboratively to advance our understanding of the 
fundamental behavior of materials that can be used in extreme environments. This book, 
in keeping with the spirit of the ECI conference series, takes a pragmatic approach in 
defining UHTCs and includes the community of researchers who focus on materials 
with the potential for use in extreme environments such as those associated with hyper-
sonic flight, atmospheric reentry, and rocket propulsion. Since the first conference in the 
series in 2008, the community of researchers has grown to include those working on 
materials for nuclear applications and researchers who are investigating new methods 
for characterizing and testing materials under conditions that are representative of the 
extreme environments encountered in use.

1.3  Description of Contents

The sequence of the chapters in this book was selected to represent the progression of a 
typical experimental study. After this introductory chapter, the next chapter provides 
background information on previous research. The chapter focuses on historic studies on 
what we now consider UHTCs that were conducted in the United States in the 1950s, 
1960s, and 1970s. These studies accompanied decisions that were being made about the 
design of the next generation of launch and reentry vehicles. The next group of chapters 
describes synthesis and processing. The third chapter describes synthesis of boride com-
pounds, while the fourth focuses on calculations of fundamental bonding properties. The 
fifth chapter describes aqueous processing and surface chemistry. The sixth is the final 
chapter in the synthesis and processing section, and it describes densification and micro-
structure of UHTCs. The middle section of the book contains chapters describing the 
properties of UHTCs. This section includes contributions focused on thermomechanical 
properties, elevated temperature mechanical properties and deformation, and oxidation. 
The final section is focused on the performance of UHTC materials. The section includes 
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a review of UHTC-based composites. Other chapters focus on TaC, UHTC nitrides, TiB
2
, 

and UHTCs for nuclear applications. The final chapter describes the testing of UHTCs in 
relevant environments. That chapter is based on the conference keynote presentation.
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A Historical Perspective on 
Research Related to  

Ultra-High Temperature 
Ceramics*

2.1  Ultra-High Temperature Ceramics

Historically, the boride and carbide ceramics that we now classify as ultra-high 
temperature ceramics (UHTCs) have been known by a number of different names 
including refractory borides or carbides [1–4], oxidation-resistant diborides [5], cera-
mals or cermets [6, 7], and hard metals [8]. Although the term ultra-high temperature 
was not used in any of these early reports, the aerospace community recognized the need 
for materials that could withstand the extreme temperatures and chemically aggressive 
environments. For example, reports from the late 1950s and early 1960s from the 
National Advisory Committee for Aeronautics (NACA) and its follow-on agency the 
National Aeronautics and Space Administration (NASA) described the need for rocket 
nozzles and thermal protection systems [2, 6, 9, 10]. In particular, Reference [10] iden-
tified heat sources associated with atmospheric reentry and rocket propulsion as well as 
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NASA Technical Report Server (http://ntrs.nasa.gov/search.jsp) or the Defense Technical Information Center 
(http://www.dtic.mil/dtic/).
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Table 2.1.  Selected recommendations for future research and development activities 
related to UHTCs from Reference [10]

Recommendation number Recommendation

10 A systematic investigation on the application of TPS to solid 
propellant rocket motors to include (i) transpiration, (ii) 
evaporation cooling, (iii) chemical reaction cooling, (iv) heat 
sink, (v) radiation, (vi) film cooling, and (vii) ablation.

12 Studies on the materials behavior at extreme temperatures, and 
establishment of thermal and other pertinent material 
properties at extremely high as well as extremely low 
temperatures.

13 Development and introduction of standard test methods for the 
establishment of performance data for TPS.

16 Reduction of efforts in short-time high-heating-rate ablative 
systems for ballistic nose cones, as all present and foreseen 
requirements can be adequately met with achieved capabilities. 
Remaining efforts should be directed toward a wider variety of 
potential material systems.

18 Reduction of present extensive efforts of theoretical treatment of 
TPS in favor of technological approaches as outlined in (12) above

the needs related to leading edges, acreage, and propulsion components. The report 
provided a series of recommendations for future studies, and some of the pertinent rec-
ommendations are summarized in Table 2.1. Interestingly, some of the needs identified 
more than 50 years ago continue to be cited as priorities for current research. The 
Streurer report also defined heat flux and time regimes in which different types of 
thermal protection systems would be most effective [10]. As shown in Figure  2.1, 
convection and radiation cooling could be used for long-duration exposures at heat 
fluxes below about 40 BTU/ft2·s (~45 W/cm2), whereas a heat sink approach could be 
used for short-duration (i.e., <0.3 min) exposures for heat fluxes up to about 1000 BTU/
ft2·s (1130 W/cm2). Either ablative materials or transpiration cooling was recommended 
for heat fluxes above 1000 BTU/ft2·s (1130 W/cm2).

Although the term UHTCs is a recent development, the term extreme associated 
with the application environments began to appear in the ceramic refractories litera-
ture in the late 1950s. Extreme was used to refer to temperatures of 2500°F (~1400°C) 
or higher [11, 12]. The broader term ultra-high temperature emerged in the 1960s 
and found more widespread use in Japanese articles through the 1990s [13–16]. 
Terms similar to ultra-high temperature ceramics started to appear in a series of 
reports and papers when the current wave of interest in these materials started in the 
United States in the late 1980s and early 1990s [17–21]. Reference [20] is notable as 
it clearly defined the ultra-high temperature regime in terms of temperature (above 
3000°F or ~1650°C) as well as providing a minimum strength target (greater than 
~150 MPa) for materials at ultra-high temperatures (Fig.  2.2). The NASA report 
[21] seems to have been particularly influential in solidifying the use of the term 
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UHTC as it clearly identified this class of materials as candidates for hypersonic 
aerospace vehicles. The subsequent Sharp Hypersonic Aerothermodynamic Research 
Probe (SHARP) tests drew significant attention to UHTCs. In particular, the SHARP 
B-1 and B-2 tests as well as the related NASA reports identified UHTCs as potential 
candidates for the hypersonic flight environment despite failure of the UHTC strakes 
due to problems traced back to processing issues [22, 23]. The term UHTC and the 
recent resurgence of interest in research on boride and carbide UHTCs seem to have 
grown from these studies as well as those from a select group of other researchers 
[24–26].

2.2  Historic Research

The synthesis of boride and carbide compounds began to draw the interest of 
researchers in the late 1800s and early 1900s. For the diborides, Tucker and Moody 
reacted elemental zirconium and boron to produce ZrB

2
, although they described the 

compound as Zr
3
B

4
 [27, 28]. McKenna later reported the synthesis of ZrB

2
 by 

carbothermal reduction according to Reaction 1 at 2000°C [29]. In contrast, reports 
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†SciFinder Scholar, accessed June 6, 2012.

of the formation of HfB
2
 were much later, presumably due to the difficulty of 

separating Hf from Zr [30].

	
ZrO B O C ZrB COcr l s cr g2 2 3 25 5( ) ( ) ( ) ( ) ( )+ + → + 	 (2.1)

Henri Moissan was an early pioneer of research on carbide materials with over 
600 scientific publications identified in a literature search.† Even though Acheson was 
the first to report a commercially viable synthesis process for SiC [31], Moissan’s 
research on SiC [32], as well as the carbides of Mo [33], Ti [34], and Zr [35] was notable 
because of its breadth and depth. After the initial reports, scientific publications on 
borides and many of the carbides were sporadic, but progress was made in areas such as 
bonding [36], electrical properties [37], and electronic structure [38] through the first 
half of the 1900s. Although limited in scope, these early studies set the stage for the 
progress that would result from later studies.

103

102

S
tr

en
gt

h 
(1

03 p
si

)

101

500 1000 1500

Temperature (°C)

BeO
W

ZrO2
Bulk

graphite MgO

Space shuttle
C/C

Ta2Be17

SiC

Si3N4

SiC fiber

Graphite
fiber

Boron
filament

Ultra high
temperature

regime

ACC-4 C/C

Pyrolitic
graphite

2000 2500

100 MPa

1000 MPa

Target
range

0 1000 2000 3000

Temperature (°F)

4000 5000

Figure 2.2. S trength as a function of temperature for several engineering materials along 

with a clearly defined Ultra-High temperature regime from Reference [20].



10�A  Historical Perspective on Research

2.3  Initial NASA Studies

In the late 1950s and early 1960s, NASA (and its predecessor agency NACA) began 
to search for materials that could be used in the extreme environments associated 
with rocket propulsion and atmospheric reentry. The agency was exploring supersonic 
flight with vehicles such as the Bell X-1, which was the first plane to fly faster than 
the speed of sound, as well as a variety of concepts for hypersonic aerospace vehicles 
[39]. NASA conceived, studied, and tested both blunt body and lifting body designs 
[40]. Even in the early 1950s, NASA recognized that current materials technologies 
were not adequate to enable their future vehicle needs and began to search for suit-
able candidates [6]. For rocket motors, extreme temperatures were predicted for 
some applications, so the list of candidates of interest was limited to materials with 
melting points above 6000°F (~3300°C) including tungsten, pyrolytic graphite, haf-
nium carbide, and tantalum carbide [2]. In contrast, a wider variety of materials were 
needed for the thermal protection systems of future manned and unmanned vehicles. 
The agency recognized that their array of planned vehicles would present a wide 
variety of thermal loads based on the trajectories and other needs of specific missions 
[10]. For example, significant differences in heat loads were identified based on 
whether vehicles would land vertically as was planned for the Mercury program or 
horizontally as was foreseen for winged vehicles (Fig. 2.3) [41]. Because of the pos-
sible trajectories that were being considered (Fig.  2.4) and the different possible 
wing leading-edge radii [41], a variety of materials were considered candidates 
including refractory metals, ceramics, and cermets [42]. At this point, heat loads 
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could be predicted, and the fundamental design principles used to develop thermal 
protection systems for specific trajectories had been established, but neither stan-
dardized evaluation tests nor design databases populated with candidate materials 
were available [10]. Availability of standardized tests and design data is a problem 
that persist for sharp leading-edge vehicles to the present day. These early studies 
also motivated the U.S. Air Force to explore vehicle designs with higher cross range, 
which motivated interest in transition metal boride compounds. Ultimately, the blunt 
body Space Shuttle Orbiter was selected as the first reusable atmospheric reentry 
vehicle based on cost and mission flexibility [39]. However, the early studies showed 
the potential advantages of hypersonic vehicles with a high lift to drag ratio such as 
substantially higher cross range.

2.4  Research Funded by the Air Force Materials 
Laboratory

Beginning in the early 1960s, the U.S. Air Force funded a series of studies that focused 
on refractory diborides and carbides as candidates for a number of potential future 
aerospace vehicles. For this manuscript, the research has been divided into three main 
categories: (1) initial thermodynamic analysis and oxidation behavior; (2) processing, 
properties, oxidation, and testing studies; and (3) phase equilibria research. Each of 
these areas is discussed in the following subsections.
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2.4.1  Thermodynamic Analysis and Oxidation Behavior

Through the first half of the 1960s, the U.S. Air Force commissioned studies focused on 
the thermodynamic properties of refractory compounds, including the borides, carbides, 
and nitrides. Broad-based studies at AVCO produced fundamental thermodynamic 
property data for an extensive number of borides, carbides, and nitrides [43]. Data gen-
erated as part of that project continue to be cited today in references such as the NIST-
JANAF tables [44]. Building on the AVCO studies, investigations at Arthur D. Little, 
Inc. focused on the preparation and characterization, thermodynamic data, and reaction 
kinetics of ZrB

2
 and HfB

2
 [45]. These investigations had a number of notable outcomes. 

The materials studied in this project were produced using zone melting techniques to 
remove impurities and minimize porosity. As shown in Figure 2.5, both ZrB

2
 and HfB

2
 

exhibited parabolic oxidation kinetics over wide temperature ranges, with HfB
2
 having 
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lower overall rate constants based on lower mass gain. This research resulted in a 
number of scientific publications describing the oxidation of nominally pure diborides 
that continue to be referenced today [46, 47]

.
 This research also provided fundamental 

thermodynamic data including heat capacity values for ZrB
2
 and HfB

2
, which were 

more accurate than previous reports because of the higher purity of the materials exam-
ined in this study. In addition, Arthur D. Little performed early research on the oxidation 
of silicide compounds [48].

The U.S. Air Force also sponsored several projects that examined the thermody-
namic aspects of refractory compounds. Research at the National Bureau of Standards 
(NBS; now the National Institute of Standards and Technology of NIST) examined the 
heats of formation of ZrB

2
, AlB

2
, and TiB

2
 [49]. The NBS report is notable because of 

an extensive literature review of the synthesis of the borides of Al, Ce, Cr, La, Mg, La, 
Mo, Nb, P, Si, Sr, Ta, Th, Ti, W, U, and V. Other research examined the oxidation of car-
bides [50] and the vaporization of refractory compounds including ZrO

2
, HfO

2
, ThO

2
, 

ZrB
2
, and HfN [51]. More than 50 years later, the fundamental research sponsored by 

the U.S. Air Force continues to serve as the basis for understanding the thermochemical 
stability of borides and carbides.

2.4.2  Processing, Properties, Oxidation, and Testing

ManLabs, Inc., a small research and development company located in Cambridge, 
Massachusetts, was the lead contractor on a series of projects focused on boride and 
carbide ceramics. These projects started in the early 1960s and continued into the 1970s. 
A number of notable accomplishments were achieved, which resulted in the publication 
of a large number of highly detailed technical reports as well as a series of publications 
in scientific journals. While the focus was on using commercially available materials, 
the team provided feedback to suppliers such as improving the purity or reducing the 
particle size of the starting powders. In addition, several specialized pieces of equipment 
were produced for processing, characterizing, and testing these materials due to the 
extreme temperatures involved. The projects were divided into three different focus 
areas. In the first series, candidate materials were screened along with the evaluation of 
processing and characterization methods. The second series focused on measuring and 
understanding the properties of ZrB

2
 and HfB

2
 ceramics. The final series of reports 

focused on the evaluation of boride-, carbide-, and graphite-based materials in relevant 
environments. This subsection attempts to capture some of the research highlights from 
each series of reports in roughly the time sequence of the projects.

The first series of studies at ManLabs examined TiB
2
, ZrB

2
, HfB

2
, NbB

2
, and TaB

2
 

as potential candidates for hypersonic flight and atmospheric reentry applications [52]. 
Based on literature reports of melting temperatures and thermochemical stability, 
borides were identified as promising candidates. This first study focused on gathering 
chemical, physical, and thermodynamic property data for candidate materials from lit-
erature sources and then identifying the most promising materials for further study with 
some initial oxidation testing. Based on oxidation rates, HfB

2
 and ZrB

2
 were selected for 

further study. The follow-on study examined the effect of boron-to-metal ratio (B/Me) 
on oxidation behavior, thermal conductivity, emissivity, and electrical resistivity [53]. 
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This study also reported extensive evaluations of the densification behavior of ZrB
2
 and 

HfB
2
. While stoichiometric ZrB

2
 and HfB

2
 could not be hot pressed to relative densities 

of more than 98% with grain sizes of less than 50 µm, altering the B/Me ratio improved 
densification. As shown in Figure 2.6, ZrB

2
 with a B/Me ratio of 1.89 could be hot 

pressed to nearly full density at 2200°C without exaggerated grain growth. The plot also 
shows that hot pressing at 2300°C resulted in a limiting density value of less than 95%, 
which was attributed to entrapped porosity. Further analysis of density as a function of 
grain size and sintering time (Fig. 2.7) was used to elucidate the densification mecha-
nism. Densification was attributed to grain boundary diffusion through a thin liquid film 
where impurities were concentrated. This study also examined the oxidation behavior of 
the nominally pure diborides as well as diborides with additions of Si or MoSi

2
. While 

detailed kinetic studies were completed as part of a project described later, this project 
did define regimes of behavior for protective behavior (i.e., below ~1200°C for nomi-
nally pure ZrB

2
) and linear kinetics that are still in use today. The report ended with 

sections describing the thermodynamic stability and phase equilibria of the diborides 
that were based on literature reports and thermodynamic calculations. The most impor-
tant outcome of the first two studies was that it motivated additional projects that were 
more focused on fundamental research on the processing, microstructure, properties, 
and performance of boride ceramics.

In the second series of studies, borides with carbon and silicon carbide additions 
were examined. As part of this project, a series of ZrB

2
 and HfB

2
 compositions were 

formulated and densified. The addition of SiC was examined to improve the oxidation 
resistance of the diborides while carbon was added to improve thermal shock resistance. 
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The same materials were examined through the entire series of reports, which were 
separated based on the focus. Some of the important compositions that were developed 
are summarized in Table 2.2. These reports were highly influential in later studies by 
narrowing the focus to ZrB

2
 and HfB

2
 and identifying the addition of 20 vol% SiC as the 

optimal composition based on densification, mechanical properties, and oxidation 
behavior.

One of the early reports examined densification behavior and characterization [54]. 
Up to this point, all of the borides examined by ManLabs were densified by hot press-
ing, but plasma spraying, pressureless sintering, and hot forging were examined as 
alternative densification methods. The presence of SiC was determined to be beneficial 
because it not only led to improved oxidation protection, but also inhibited grain growth. 
The results of oxidation testing were published in a series of manuscripts, including one 
that is used to justify SiC additions to diborides [55]. Figure 2.8 shows that the oxidation 

Table 2.2.  Compositions examined in the second series of studies by ManLabs [54]

Designation Major phase Additive(s) Composition range

I ZrB
2

None
II HfB

2
None

III and IV HfB
2

SiC 10 – 50 vol%
V ZrB

2
SiC 10 – 50 vol%

VII ZrB
2

SiC and C 14 vol% SiC, 10 vol% C
XIV HfB

2
SiC and C 14 vol% SiC, 10 vol% C

XII ZrB
2

C 20 vol% C
XV HfB

2
C 20 vol% C
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Figure 2.7. A nalysis of densification behavior of ZrB2 (B/Me ratio = 1.89) as a function of 

densification temperature where t is sintering time and GS is grain size [53].
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resistance of HfB
2
–SiC is superior to that of either HfB

2
 or SiC alone due to the 

synergistic effects of the borosilicate glassy layer.
The next report in the series examined the mechanical properties of the boride com-

positions containing SiC and/or C [56]. For nominally pure diborides, the strength was 
found to increase from room temperature to a maximum at 800°C. Above 800°C, 
strength decreased to a minimum at 1400°C and then increased between 1400 and 
1800°C (Fig. 2.9). The increase in strength up to 800°C was attributed to the relaxation 
of thermal residual stresses that were present after processing, but no experimental con-
firmation was presented to support this assertion. Above 1400°C, the increase in strength 
was attributed to increasing plasticity, which could act to blunt crack tips. The report 
also offers detailed explanations and analysis of the effects of grain size and porosity on 
room and elevated temperature mechanical properties. The addition of SiC was identi-
fied as beneficial to mechanical properties by increasing the elevated temperature 
strength (Fig. 2.10). SiC was found to reduce grain growth during densification as well 
as improve the strength at elevated temperatures. However, SiC was also found to 
increase plasticity due to grain boundary sliding, a mechanism that was proposed based 
on observations of deformation during mechanical testing and supported with compres-
sive creep studies.

The last report in this series focused on the thermal, physical, electrical, and optical 
properties of diborides [57]. In this study, the use of additives was presented as a method 
for controlling properties, and extensive tables of data for heat capacity, thermal expan-
sion, electrical resistivity, and other properties were presented (Fig. 2.11). For thermal 
conductivity, the importance of high relative density and minimal impurity contents was 
discussed.

The final series of studies at ManLabs focused on evaluating the environmental 
response of boride-, carbide-, and graphite-based materials. The overall goal was to 
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correlate the behavior of materials in laboratory-based tests (i.e., furnace oxidation 
termed the material-centric behavior regime in the reports) with tests that simulate 
hypersonic flight or atmospheric reentry (i.e., relevant conditions referred to as 
environment-centric in the reports). The final series of studies resulted in the publica-
tion of nine reports. The reports began with descriptions of facilities, progressed through 
tabulating experimental results, and then concluded with an attempt to correlate 
oxidation response in different test regimes.

The first reports from the final series described the testing methods and facilities 
that were utilized for the study [58, 59]. The research included conventional furnace 
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oxidation (cold gas/hot wall/low velocity) along with more specialized tests including 
high-velocity furnace testing (cold gas/hot wall/high velocity) and simulated reentry 
conditions (hot gas/cold wall/high velocity). To accomplish the testing, specialized 
furnaces were developed for the high-velocity testing in conventional furnaces 
(Fig.  2.12). Arc heater facilities at AVCO and other laboratories were also utilized 
(Fig. 2.13). The facilities, test conditions, temperature measurements, and characteriza-
tion methods are described in detail in the reports.

The second set of reports in the final series focused on experimental results [60, 61]. 
The materials studied included nominally pure diborides, diboride–SiC composites, 
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Figure 2.12. S chematic of the system built for cold gas/hot wall testing at high gas velocities. 

The system consisted of an induction heater and high-velocity gas-handling unit [58].
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carbide–carbon composites, graphite-based materials, and refractory metal-based 
materials (Table 2.3). For furnace testing below 3800°F (~2100°C), the lowest oxidation 
rates were measured for composites containing one of the diborides and 20 vol% SiC. 
Above that temperature, oxidation rates were similar for nominally pure diborides and 
the diboride–SiC composites due to the depletion of SiC from the composites. 
Interestingly, carbides exhibited good oxidation protection, but only above about 3450°F 
(~1900°C). At lower temperatures, the oxide was described as puffy and was not 
protective. Above 3450°F, the scale was more dense and provided protection to the 
underlying boride. In all tests, the performance of Hf compounds was slightly better 
than Zr compounds, presumably due to the higher refractoriness of the HfO

2
 compared 

to ZrO
2
. The temperature limits for oxidation protection for each of the candidate mate-

rials are summarized in Figure 2.14.
To complement the furnace oxidation studies, oxidation behavior was also studied 

in hot gas/cold wall testing. High heat fluxes were selected to be representative of the 
conditions that would be encountered during atmospheric reentry. The conditions were 
severe enough to cause graphite and tungsten to recess on the order of 7–14 in.  
(~18–36 cm), but resulted in recessions of less than 1 mm in the diboride and carbide 
materials [61]. Differences were noted in the behavior of materials in conventional fur-
nace oxidation testing, the high-velocity gas flow described in Figure 2.12. The working 
hypothesis used to explain the results was that different heating methods resulted in 
different temperature gradients across the oxide scale, which are depicted schematically 
in Figure 2.15. Specimens in conventional furnace oxidation testing achieve thermal 
equilibrium. In contrast, the arc heater provides heat to the outside of the specimen, 
which results in a hotter outside and cooler inside. Likewise, induction heating produces 
higher temperatures inside the specimen due to generation of heat inside a specimen 
with an insulating external scale. The materials were tested in a cyclic manner to eval-
uate the reuse potential (Fig. 2.16). From the tests, the nominally pure diborides and the 

Table 2.3.  Summary of compositions studied for the third series of ManLabs projects

Designation Material Major phase Composition

A-2 HfB
2

HfB
2

Nominally pure HfB
2

A-3 ZrB
2

ZrB
2

Nominally pure ZrB
2

A-7 HfB
2
 + SiC HfB

2
HfB

2
 plus 20 vol% SiC

A-8 ZrB
2
 + SiC ZrB

2
ZrB

2
 plus 20 vol% SiC

A-10 ZrB
2
 + SiC + C ZrB

2
14 vol% SiC + 30 vol% graphite

C-11 HfC + C HfC Graphite (C-Hf hypereutectic)
C-12 ZrC + C ZrC Graphite (C-Hf hypereutectic)
D-13 JTA Graphite Graphite + 43 wt% ZrB

2
 + 13 wt% SiC

E-14 KT-SiC SiC SiC + ~9 vol% Si
F-15 JT0992 Graphite HfC + SiC
F-16 JT0981 Graphite ZrC + SiC
H-23 SiO

2
 + W SiO

2
SiO

2
 plus 60 wt% W

I-23 Hf-Ta-Mo Hf-based alloy Hf with 20 at% Ta and 2 at% Mo
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Figure 2.14. S ummary of the results of furnace kinetic studies based on the recession of the 

parent material after 2 h. HfB2 is always marginally better than the corresponding ZrB2 compo-

sition. Carbides are not good at “moderate temperature, but extend temperature to higher 

values. JTA = graphite grade with ZrB2 and Si additions. KT-SiC = Si-rich SiC (9 vol% free Si).  

SiO2 + W = SiO2 + 60 wt% W. JTO992 is C–HfC–SiC and JTO981 is C–ZrC–SiC [60].
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scales for specimens tested in (left) an arc plasma facility that uses hot gas, cold way, and high 

velocity; (center) conventional tube furnace with low velocity flow; and (right) inductively 

heated specimen in cold gas/hot wall/high velocity [61].
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diboride–SiC composites were identified as the only materials capable of meeting the 
requirements for the model trajectory. Even though it did not meet the recession criteria 
established for this project, the merits of JTA graphite (graphite containing a diboride 
and SiC) also exhibited promising behavior.

The final reports focused on correlating the behavior observed in material-centered 
testing in laboratory furnaces with behavior in environment-centered testing that 
simulated atmospheric reentry conditions [62]. The best success was achieved for 
describing the behavior of graphite, including the JTA graphite–boride–SiC composite 
material. For ceramic composites, correlations were more difficult, but some predictive 
capability was achieved. One of the critical aspects of the research was correlating flight 
conditions (i.e., altitude and velocity) with test conditions (i.e., enthalpy and heat flux) as 
shown in Figure 2.17. While the initial goal of correlating behavior in cold gas/hot wall 
tests in the laboratory to hot gas/cold wall simulations of atmospheric reentry was not met, 
the project still had significant success by identifying candidate materials for applications. 
One of the major conclusions of the study was that ZrB

2
 and HfB

2
 along with the compos-

ites with SiC were the only materials studied that were capable of surviving the extreme 
environment associated with atmospheric reentry of a sharp leading-edged vehicle.

2.4.3  Phase Equilibria

In parallel with the efforts underway at ManLabs, the U.S. Air Force also commissioned a 
series of studies on phase equilibria in transition metal–based systems. These projects were 
led by Dr. Edwin Rudy at Aerojet-General Corporation. The overall program resulted in 
the publication of 38 reports that were broken down into five parts: (1) 14 reports on binary 
systems, (2) 18 reports on ternary systems, (3) 2 reports on experimental techniques, 
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Figure 2.16. S chematic with information about a model trajectory for a lifting body reentry 

vehicle showing stagnation pressure and enthalpy along with other information for a vehicle 

with a 3-in. leading-edge radius [61].
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(4) 3 reports on thermochemical calculations, and (5) a compendium of phase diagram 
data. Prof. Hans Nowotny from University of Vienna, who remains one of the most prolific 
authors on transition metal carbide systems, acted as a consultant on the project.

The materials for these projects were produced by the reaction of elemental pow-
ders [63]. Starting with high-purity fine powders, the specimens were produced by rapid 
heating in graphite dies. The total cycle times ranged from 2 to 5 min with a typical heat 
treating temperature of 1900°C. A pressure of ~39 MPa (380 atm quoted in the report) 
was applied. After initial reaction, specimens were heat treated at temperatures ranging 
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from 1550 to 1800°C in a W-mesh element furnace. The heat treatments were conducted 
in sealed tantalum containers under a vacuum of about 7 × 10−3 Pa followed by quench-
ing into a molten tin bath.

Phase diagrams were determined using a modified Pirani-style furnace to melt 
cylindrical specimens (Fig.  2.18) that was constructed especially for Rudy’s experi-
ments [64]. Among the possible designs, the Pirani-style furnace was selected because 
it allowed for controlled atmosphere, precision measurement of temperature, and ele-
vated temperature while minimizing reactions between the furnace and the specimen. 
The design used a cylindrical specimen with a thinned center section that had a black 
body hole that allowed for temperature measurement with a micro-optical pyrometer. 
This design had the advantage that the hottest temperatures were attained inside the 
specimen, which enabled more accurate measurement of melting temperatures. To high-
light the capabilities of the apparatus, one of the first systems examined was the HfC–
TaC binary. A previous study [65] had concluded that a solid solution of HfC and TaC 
had a higher melting temperature than either end member. Rudy, in an effort to clarify 
this point, highlighted the capabilities of the system at Aerojet by examining melting 
temperature across the composition range in this system (Fig. 2.19). Rudy concluded 
that the melting temperature of Ta-rich compositions was nearly constant across the 
composition range of interest and did not show a maximum as described by Agte [65]. 
Interestingly, some researchers continue to disagree on this point.

The culmination of the phase equilibria studies was an immense volume of data 
that was compiled at the conclusion of the project [66]. The compendium is more 
than 700 pages in length and includes data for over 50 binary and 25 ternary systems. 
Not only does the volume show phase diagrams, but it also includes liquidus projects, 
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Figure 2.18. S chematic of the Pirani furnace used for melting point determinations [64].
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three-dimensional images of ternary systems, vertical sections, and isothermal sec-
tions in addition to other information that was collected during the project. For 
example, a tremendous amount of lattice parameter information was analyzed as part 
of the project and used to construct composition–lattice parameter maps such as the 
one shown in Figure 2.20. Many of the diagrams produced by Rudy et al., such as the 
Zr–B–C ternary shown in Figure  2.21, continue to guide researchers working in 
these materials. These diagrams have been widely reproduced in technical papers 
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and student theses. In addition, Volume X of the Phase Diagrams for Ceramists 
compilation is devoted to borides, carbides, and nitrides, and features many diagrams 
from Rudy’s work.

2.5  Summary

The progression of research on boride-based ultra-high temperature ceramic materials 
was reviewed. Although boride and carbide ceramics have been studied for over a 
century, the use of the term ultra-high temperature ceramics is a relatively recent 
development as this term has become popular only in the past 20 years. For the most 
part, boride and carbide ceramics remained a scientific curiosity from their first reports 
in the late 1800s and early 1900s until the 1950s. During the space race, the need for 
materials that could withstand the extreme environments associated with rocket propul-
sion, hypersonic flight, and atmospheric reentry became a national priority. Initial 
studies by NASA identified boride and carbide ceramics as candidates for rocket noz-
zles based on melting temperatures in excess of 3000°C. In the 1960s, research spon-
sored by the United States focused on finding materials for reusable atmospheric 
reentry vehicles with high lift-to-drag ratios. Projections for leading-edge temperatures 
in excess of 2200°C motivated a series of projects that focused on boride ceramics. 
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Initial screening studies confirmed that not only did these materials possess melting 
temperatures above 3000°C, but they had also demonstrated resistance to oxidation. 
Research at ManLabs consisted of three phases that (1) identified HfB

2
 and ZrB

2
 as the 

most promising candidates; (2) studied the processing, microstructure, and properties 
of ZrB

2
, HfB

2
, and their composites with SiC; and (3) evaluated the response of mate-

rials to oxidation and exposure to simulated atmospheric reentry conditions. Although 
the research was not able to correlate performance in laboratory oxidation studies to 
behavior in high-enthalpy flows, HfB

2
- and ZrB

2
-based ceramics were identified as the 

only materials capable of withstanding the combination of heat flux and surface tem-
perature projected for atmospheric reentry. Parallel studies at Aerojet evaluated the 
phase equilibria in UHTC systems. An impressive number of binary and ternary phase 
diagrams resulted from that research, many of which continue to be widely used today.

Acknowledgments

The author wishes to acknowledge funding provided by the Office of Naval Research 
Global office in London (grant number N62909-12-1-1014 overseen by Dr. Joe Wells) 
and the European Office of Aerospace Research and Development (grant number 
FA8655-12-1-0009 overseen by Dr. Randall Pollak) for the conference “Ultra-High 
Temperature Ceramics: Materials for Extreme Environment Applications II” that was 
held on May 13–18, 2012, in Hernstein, Austria.

References

1.  Markovich VI. Boron and Refractory Borides. Berlin: Springer-Verlag; 1977.

2.  Jaffe HA. Development and testing of superior nozzle materials. National Aeronautics 
and  Space Administration Final Report for Project NASw-67. Washington, DC: National 
Aeronautics and Space Administration; April 1961.

3.  Fenter JR. Refractory diborides as engineering materials. SAMPE Q 1971;2:1–15.

4.  Storms EK. The Refractory Carbides. New York: Academic Press; 1967.

5.  Kaufman L,  Clougherty EV. Investigation of Boride compounds for very high temperature 
applications. Air Force Materials Laboratory Report Number RTD-TDR-63-4096, Part II. 
Wright-Patterson Air Force Base, OH: Air Force Materials Laboratory; February 1965.

6.  Freeman JW, Cross HC. Notes on heat-resistant materials in Britain from technical mission 
October 13 to November 30, 1950. National Advisory Committee for Aeronautics Technical 
Memorandum RM51D23. Washington, DC: National Advisory Committee for Aeronautics 
(NACA); May 14, 1951.

7.  Samsonov GV. Refractory Transition Metal Compounds; High Temperature Cermets. New 
York: Academic Press; 1964.

8.  Schwartzkopf P, Kieffer R, Leszynski W, Benesovsky F. Refractory Hard Metals: Borides, 
Carbides, Nitrides, and Silicides. New York: Macmillan; 1953.

9.  U.S. Air Force and National Aeronautics and Space Administration Joint Conference on 
Manned Hypervelocity and Reentry Vehicles: A Compilation of Papers Presented; NASA-
TMX-67563; April 11–12, 1960; Langley Research Center, Langley Field, VA.



References� 29

10.  Steurer WH, Crane RM, Gilbert LL, Hermach CA, Scala E, Zeilberger EJ, Raring RH. 
Thermal Protection Systems: Report on the Aspects of Thermal Protection of Interest to NASA 
and the Related Materials R&D Requirements. Washington, DC: National Aeronautics and 
Space Administration; February 1962.

11.  Loch LD. Above 2500°F: what materials to use? Chem Eng 1958;65 (13):105–109.

12.  Whittemore OJ Jr. Extreme temperature refractories. J Can Ceram Soc 1959;28:43–48.

13.  Sata T. Materials for Ultra-High temperature. Oyo Butsuri 1967;36 (7):537–544.

14.  Noguchi T. Synthesis of Ultrahigh-Temperature ceramic materials. Nippon Kessho Gakkaishi 
1974;16 (4):288–293.

15.  Sata T. Ultra-High temperature materials. Kino Zairyo 1984;4 (1):10–17.

16.  Tanaka T. Development and problem of Ultra-High temperature materials. Shin Kinzoku 
Kogyo 1992;348:83–90.

17.  Hillig WB. Prospects for Ultrahigh-Temperature ceramic composites. In: Tressler RE et al., 
editors. Tailoring Multiphase and Composite Ceramics. New York: Plenum Press; 1986.  
p 697–712.

18.  Vedula KM. Ultra-High temperature ceramic-ceramic composites. Final Report on Project 
WRDC-TR-89-4089. Wright Patterson Air Force Base (OH): Air Force Materials Laboratory; 
October 1989.

19.  Mehrotra GM. Chemical compatibility and oxidation resistance of potential matrix and rein-
forcement materials in ceramic composites for Ultra-High temperature applications. Final 
Report Number WRDC-TR-90-4127. Wright Patterson Air Force Base (OH): Air Force 
Systems Command; March 1, 1991.

20.  Courtright EL, Graham HC, Katz AP, Kerans RJ. Ultra-High temperature assessment study–
ceramic matrix composites. Final Report WL-TR-91-4061. Wright Patterson Air Force Base 
(OH): Wright Laboratory Materials Directorate; September 1992.

21.  Rasky D, Bull J. Ultra-High temperature ceramics. NASA Report RTOP 232-01-04. 
Washington, DC: National Aeronautics and Space Administration; May 2, 1994.

22.  Kolodziej P, Salute J, Keese DL. First flight demonstration of a sharp Ultra-High temperature 
ceramic nosetip. NASA Technical Report TM-112215. Washington, DC: National Aeronautics 
and Space Administration; December 1997.

23.  Kowalski T, Buesking K, Koodziej P, Bull J. A thermostructural analysis of a diboride 
composite leading edge. NASA Technical Report TM-110407. Washington, DC: National 
Aeronautics and Space Administration; July 1996.

24.  Opeka MM, Talmy IG, Wuchina EJ, Zaykoski JA, Causey SJ. Mechanical, thermal, and oxi-
dation properties of refractory Hafnium and Zirconium compounds. J Eur Ceram Soc 1999;19 
(13–14):2405–2414.

25.  Talmy IG, Wuchina EJ, Zaykoski JA, Opeka MM. Ceramics in the system NbB
2
-CrB

2
. In: 

Materials Research Society Symposium Proceedings, Volume 365; November 28–December 
2, 1994; Materials Research Society Meeting, Boston, MA. Materials Research Society, 
Pittsburgh, PA. p 81–87.

26.  Zhang G-J, Deng Z-Y, Kondo N, Yang J-F, Ohji T. Reactive hot pressing of ZrB
2
–SiC com-

posites. J Am Ceram Soc 2000;83 (9):2330–2332.

27.  Tucker SA, Moody HR. The preparation of a new metal Boride. Proc Chem Soc Lond 1901; 
17 (238):129–130.

28.  Tucker SA, Moody HR. The preparation of some new metal Borides. J Chem Soc 
1902;81:14–17.



30�A  Historical Perspective on Research

29.  McKenna PM. Tantalum carbide: its relation to other hard refractory compounds. Ind Eng 
Chem 1936;28 (7):767–772.

30.  Agte C, Moers K. Methoden zur Reindarstellung hochschmelzender Carbide, Nitride und 
Boride und Beschreibung einiger ihrer Eigenschaften. Z Anorg Allg Chem 1931;198 (1): 
233–275.

31.  Acheson EG. Article of carborundum and process of the manufacture thereof. US patent 
645648. 1898.

32.  Moissan H. Volatilisation of Zirconia and Silica at a high temperature and their reduction by 
carbon. C R Acad Sci Hebd Seances Acad Sci 1894;116:1222–1224.

33.  Moissan H. Preparation of tungsten, molybdenum, and vanadium in the electric arc furnace. 
C R Acad Sci Hebd Seances Acad Sci 1894;116:1225–1227.

34.  Moissan H. Titanium. C R Acad Sci Hebd Seances Acad Sci 1895;120:290–296.

35.  Moissan H. A new zirconium carbide. C R Acad Sci Hebd Seances Acad Sci 1896; 
122:651–654.

36.  Samsonov GV. Continuous-discrete character of variation of the type of bonding in refractory 
compounds of transition metals and principles of classification of refractory compounds. In: 
Samsonov GV, editor. Refractory Transition Metal Compounds; High Temperature Cermets. 
Academic Press: New York; 1964. p 1–12.

37.  Samsonov GV, Sinel’nikova VS. Electrical resistance of refractory compounds at high tem-
peratures. In: Samsonov GV, editor. Refractory Transition Metal Compounds; High 
Temperature Cermets. Academic Press: New York; 1964. p 172–177.

38.  Kiessling R. The borides of some transition metals. Acta Chem Scand 1995;4:209–227.

39.  Heppenheimer TA. The Space Shuttle Decision: NASA’s Search for a Reusable Space Vehicle. 
Washington (DC): The National Aeronautics and Space Administration; 1999.

40.  Hallion RP. The NACA, NASA, and the supersonic-hypersonic frontier. In: Dick SJ, editor. 
NASA’s First 50 Years. The National Aeronautics and Space Administration: Washington 
(DC); 2010. p 223–274.

41.  Love ES. Introductory considerations of manned reentry orbital vehicles. U.S. Air Force and 
National Aeronautics and Space Administration Joint Conference on Manned Hypervelocity 
and Reentry Vehicles: A Compilation of Papers Presented; April 11–12, 1960, NASA Report 
TMX 67563. Langley Field (VA): Langley Research Center. p 39–54.

42.  Mathauser EE. Materials for application to manned reentry vehicles. U.S. Air Force and 
National Aeronautics and Space Administration Joint Conference on Manned Hypervelocity 
and Reentry Vehicles: A Compilation of Papers Presented; April 11–12, 1960, NASA Report 
TMX 67563. Langley Field (VA): Langley Research Center. p 559–570.

43.  Schick HL. Thermodynamics of Certain Refractory Compounds: Thermodynamic Tables, 
Bibliography, and Property File. New York: Academic Press; 1966.

44.  Chase MW Jr. Zirconium diboride. In: NIST-JANAF Thermochemical Tables, Fourth Edition, 
Journal of Physical and Chemical Reference Data, Monograph Number 9. Woodbury (NY): 
American Chemical Society and American Institute of Physics; 1998. p 279.

45.  McClaine LA. Thermodynamic and kinetic studies for a refractory materials program. 
Technical Report ASD-TDR-62-204. Wright-Patterson Air Force Base (OH): Air Force 
Materials Laboratory; April 1964.

46.  Kuriakose AK, Margrave JL. The oxidation kinetics of zirconium diboride and zirconium 
carbide at high temperatures. J Electrochem Soc 1966;111 (7):827–831.



References� 31

47.  Berkowitz-Mattuck JB. High-temperature oxidation III. zirconium and hafnium diborides.  
J Electrochem Soc 1966;113 (9):908–914.

48.  Berkowitz-Mattuck JB. Kinetics of oxidation of refractory metals and alloys at 
1000°C-2000°C. ASD-TDR-62-203. Wright-Patterson Air Force Base (OH): Aeronautical 
Systems Division; March 1963.

49.  Domalski ES, Armstrong GT. Heats of formation of metallic borides by fluorine bomb calo-
rimetry. Technical Report APL-TDR-64-39. Wright-Patterson Air Force Base (OH): U.S. Air 
Force Aeropropulsion Laboratory; March 1964.

50.  Janowski KR, Carnahan RD, Rossi RC. Static and dynamic oxidation of ZrC. SSD-TR-66-33. 
Los Angeles (CA): Ballistic Systems and Space Systems Division, Air Force Systems 
Command; January 1966.

51.  Kibler GM, Lyon TF, Linevsky MJ, DeSantis VJ. Refractory materials research. 
WADD-TR-60-646. Wright-Patterson Air Force Base (OH): Air Force Materials Laboratory; 
August 1964.

52.  Kaufman L. Investigation of boride compounds for very high temperature applications. 
Report Number RTD-TDR-63-4096, Part I. Wright-Patterson Air Force Base (OH): Air Force 
Materials Laboratory; December 1963.

53.  Kaufman L, Clougherty EV. Investigation of boride compounds for very high temperature 
applications. Report Number RTD-TDR-63-4096, Part II. Wright-Patterson Air Force Base 
(OH): Air Force Materials Laboratory; February 1965.

54.  Clougherty EV, Hill RJ, Rhodes WJ, Peters ET. Research and development of refractory 
oxidation-resistant diborides part II, volume II: processing and characterization. Technical 
Report AFML-TR-68-190. Wright-Patterson Air Force Base (OH): Air Force Materials 
Laboratory; January 1970.

55.  Clougherty EV, Pober RL, Kaufman L. Synthesis of oxidation resistant metal diboride com-
posites. Trans Metallurgical Society AIME 1968;242 (6):1077–1082.

56.  Rhodes WH, Clougherty EV, Kalish D. Research and development of refractory oxidation-
resistant diborides part II, volume IV: mechanical properties. Technical Report 
AFML-TR-68-190. Wright-Patterson Air Force Base (OH): Air Force Materials Laboratory; 
November 1969.

57.  Clougherty EV, Wilkes KE, Tye RP. Research and development of refractory oxidation-
resistant diborides part II, volume V: thermal, physical, electrical, and optical properties. 
Technical Report AFML-TR-68-190. Wright-Patterson Air Force Base (OH): Air Force 
Materials Laboratory; November 1969.

58.  Kaufman L, Nesor H. Stability characterization of refractory materials under high velocity 
atmospheric flight conditions part II, volume II: facilities and techniques employed for cold 
gas/hot wall tests. Technical Report AFML-TR-69-84. Wright-Patterson Air Force Base 
(OH): Air Force Materials Laboratory; December 1969.

59.  Kauman L, Nesor H. Stability characterization of refractory materials under high velocity 
atmospheric flight conditions part II, volume III: facilities and techniques employed for hot 
gas/gold wall tests. Technical Report AFML-TR-69-84. Wright-Patterson Air Force Base 
(OH): Air Force Materials Laboratory; December 1969.

60.  Kaufman L, Nesor H. Stability characterization of refractory materials under high velocity 
atmospheric flight conditions part III, volume I: experimental results of low velocity cold gas/
hot wall tests. Technical Report AFML-TR-69-84. Wright-Patterson Air Force Base (OH): 
Air Force Materials Laboratory; December 1969.



32�A  Historical Perspective on Research

61.  Kaufman L, Nesor H. Stability characterization of refractory materials under high velocity 
atmospheric flight conditions part III, volume III: experimental results of high velocity hot 
gas/cold wall tests. Technical Report AFML-TR-69-84. Wright-Patterson Air Force Base 
(OH): Air Force Materials Laboratory; February 1970.

62.  Kaufman L, Nesor H, Bernstein H, Baron JR. Stability characterization of refractory materi-
als under high velocity atmospheric flight conditions part IV, volume I: theoretical correlation 
of material performance with stream conditions. Technical Report AFML-TR-69-84. Wright-
Patterson Air Force Base (OH): Air Force Materials Laboratory; December 1969.

63.  Rudy E, Windisch S, Chang YA. Ternary phase equilibria in transition metal-boron-carbon-
silicon systems: part I. related binary systems, volume I. Mo-C System. Technical Report 
AFML-TR-65-2. Wright-Patterson Air Force Base (OH): Air Force Materials Laboratory; 
January 1965.

64.  Rudy E, Progulski G. Ternary phase equilibria in transition metal-boron-carbon-silicon sys-
tems: part III. Special techniques, volume II. A pirani-furnace for precision determination of 
melting temperatures of refractory metallic substances. Technical Report AFML-TR-65-2. 
Wright-Patterson Air Force Base (OH): Air Force Materials Laboratory; May 1967.

65.  Agte C, Alterthum H. Systems of high-melting carbides; Contributions to the problem of 
carbon fusion. Z Tech Phys 1930;11:182–191.

66.  Rudy E. Ternary phase equilibria in transition metal-boron-carbon-silicon systems: part V. 
Compendium of phase diagram data. Technical Report AFML-TR-65-2. Wright-Patterson 
Air Force Base (OH): Air Force Materials Laboratory; May 1969.



Ultra-High Temperature Ceramics: Materials for Extreme Environment Applications, First Edition. 
Edited by William G. Fahrenholtz, Eric J. Wuchina, William E. Lee, and Yanchun Zhou. 
© 2014 The American Ceramic Society. Published 2014 by John Wiley & Sons, Inc.

33

Reactive Processes for 
Diboride-Based Ultra-High 

Temperature Ceramics

3.1  Introduction

From the standpoint of material flow, the life cycle of diboride-based Ultra-High tem-
perature ceramics (UHTCs) consists of two parts: fabrication and application (Fig. 3.1).

During fabrication, transition metal oxides (MeO
2
, such as ZrO

2
 and HfO

2
) or ele-

mental metals (Me, such as Zr and Hf) are combined with boron sources (B, B
2
O

3
, B

4
C, 

etc.) to synthesize transition metal diboride (MeB
2
, such as ZrB

2
 and HfB

2
) powders. 
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Subsequently, MeB
2
 powders are densified using methods such as pressureless sintering 

(PLS), hot pressing (HP), or spark plasma sintering (SPS), to obtain the final UHTC 
components. When using MeO

2
, the synthesis of diborides includes reduction from 

Me4+(O2−)
2
 to Me2+(B−)

2
. In contrast, when using elemental metals, oxidation from Me0 to 

Me2+(B−)
2
 is required. Powder synthesis and densification can be combined to fabricate 

final UHTC products in one step by processes such as reactive sintering. Reactive HP 
(RHP) and reactive spark plasma sintering (R-SPS) are two examples of this technique.

On the other hand, in the application process, UHTCs are used in environments that 
are rich in oxygen at high temperature. Some examples include sharp noses and leading 
edges for atmospheric reentry and hypersonic vehicles, or the corrosive environments of 
acids, alkalis, and molten metals. During application, especially at high temperature, 
MeB

2
 can be oxidized under ablation conditions, leaving products of MeO

2
 and gaseous 

B
2
O

3
. In some respects, the application process is the opposite of the reduction reactions 

used in fabrication. In view of this, the life cycle for diboride-based UHTCs can be 
summarized as a reduction–oxidation reaction cycle, with material flow from MeO

2
  

(or Me) → Fabrication → MeB
2
 → Application → MeO

2
.

Both the fabrication and application processes involve chemical reactions, so 
chemical reactions play important roles during the entire diboride-based UHTC life 
cycle. In this chapter, discussion of reactive processes is limited to the fabrication pro-
cess where reduction reactions dominated, but some oxidations reactions are used to 
convert Me to MeB

2
. In contrast, oxidation reactions that occur during application are 

not included. The discussion of reactive processes focuses on (i) synthesis of MeB
2
 

powders by different chemical reactions in Section 3.2, (ii) oxygen removal reactions 
for sintering UHTCs when using MeB

2
 as starting materials in Section 3.3, and finally 

(iii) reactive sintering processes to fabricate UHTCs in a combined synthesis and 

Me
MeH2

Boron
sources

+

MeB2
powders

Reactive
synthesis

Reactive sintering

Sintering

MeB2
ceramics

Boron
sources

FABRICATION

Life cycle of MeB2

Application

Oxidation,
ablation, erosion...

+MeO2

Figure 3.1. T he life cycle of diboride-based ceramics.
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densification process in Section 3.4. A roadmap for the fabrication of MeB
2
 is shown in 

Figure  3.2. In addition, thermodynamic aspects of the main reactions in Figure  3.2, 
including the temperatures at which the reactions become favorable at standard state and 
under mild vacuum, are shown in Table 3.1.

3.2  Reactive Processes for the Synthesis  
of Diboride Powders

Diboride powders can be synthesized by different approaches that can be divided into three 
main groups: (1) elemental reactions between Me and B, (2) reduction processes using 
MeO

2
, and (3) chemical routes from polymeric precursors. Chemical routes used to synthe-

size borides include solutions, reactions with boron-containing polymers, and pre-ceramic 
polymers. None of these will be discussed in this chapter. This section describes elemental 
reactions between Me and B and reduction processes using MeO

2
 as starting reactants.

For elemental reactions, diboride powders are synthesized from elemental metals 
(Me) or metal hydrides (MeH

2
) and boron. For reduction processes, transition metal 

oxides, MeO
2
, are usually used as the metal source and boron-containing materials, such 

as B or B
4
C or B

2
O

3
, are used as the boron source. Some of the boron sources can also 

act as reducing agents, specifically B and B
4
C. In some cases, reducing boron sources 

are combined with carbon. To prevent oxidation of the powders, reductions can be per-
formed under vacuum or inert atmospheres. During the reduction process, two factors to 
consider are as follows:

B4C, Si

B

B Elemental
reaction

Carbothermal
reduction

Carbo/borothe-
rmal reduction

Borothermal
reduction

Boron carbide
reduction

Me

MeO2

MeB2
powders

Reactive synthesis of
powders (Section 3.2)

Oxygen removing during
sintering (Section 3.3)

MeC

C

B4C, C

B2O3, C

B4C, C

B4C

B

B4C

B

SiC, MoSi2

Reactive sintering

Reactive sintering (Section 3.4)

Fabrication process of MeB2

Reactive sintering

MeB2
ceramics/

composites

Figure 3.2.  Roadmap of the fabrication process of MeB2 discussed in this chapter.
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1.	 Loss and compensation of boron. In reduction processes, gaseous species, such 
as B

2
O

3
 (g), may form during the process, which results in the loss of boron 

source from the powder mixture. Therefore, excess boron is typically added to 
the raw materials to compensate for any boron loss. Evaporation of boron-con-
taining gaseous species is affected by the synthesis conditions (e.g., gas pressure 
in the chamber, synthesis temperature, and heating rate), so the amount of the 
excess boron source is not predictable.

2.	 The balance between purity and grain size. The starting materials unavoidably 
contain impurities. In addition, if the MeO

2
 used in reduction processes is not 

completely consumed, it will remain in the final powders as oxygen impurities. 
Higher synthesis temperatures can remove impurities, such as B

2
O

3
, which 

evaporate at higher temperature. On the other hand, higher temperatures lead to 
increased grain growth, which is contrary to the desire for finer powders. So the 
interplay between the purity and the grain size should be considered. One 
approach to balance them is to choose appropriate synthesis temperatures and 
holding times to prepare high purity and superfine MeB

2
 powders.

This chapter discusses MeB
2
 synthesis by carbothermal reduction, borothermal 

reduction, boron carbide reduction, and carbo/borothermal reduction. Among all of the 
processes for MeB

2
 synthesis, these are the most popular and economical methods, so 

they are used most often.

3.2.1  Elemental Reactions

Elemental reactions such as those shown in Reaction 3.1 are the simplest process for 
MeB

2
 powder synthesis and have been used for the longest time. These reactions are 

highly exothermic (∆ o
rxn,298KG  = −318 kJ for ZrB

2
 and −325 kJ for HfB

2
), so self-propagat-

ing reactions between the precursors can be ignited.  These reactions generate large 
quantities of heat and can promote local melting of the transition metal, which further 
accelerates the reaction. Elemental reactions are beneficial for self-propagating high-
temperature synthesis because the high heating and cooling rates can produce high 
defect concentrations in as-synthesized powders, which can improve subsequent 
densification.

	 Me B MeB+ →2 2 	 (3.1)

3.2.2  Reduction Processes

3.2.2.1  Carbothermal Reduction.  Reaction 3.2 is a carbothermal reduction 
reaction that is commonly used to synthesize MeB

2
 powders. However, the volatility of 

B
2
O

3
 can result in substantial loss of B

2
O

3
 (10–30 wt%), which requires addition of 

excess B
2
O

3
 during the synthesis process. A balance exists between formation of borides 

and evaporation of B
2
O

3
, and, under the right conditions, the rate of reduction of MeO

2
 

and B
2
O

3
 can exceed the rate of evaporation of B

2
O

3
. Minimizing carbon contamination 

is another factor to consider. For the synthesis of ZrB
2
, Karasev [1] observed opposite 



38� Reactive Processes for Diboride-Based Ultra-High Temperature Ceramics

trends for B and C content in the final powders based on the addition of excess B
2
O

3
. For 

an excess of B
2
O

3
 in the range of 10–30 wt%, the reduction rate of ZrO

2
 and B

2
O

3
 

exceeded the B
2
O

3
 evaporation rate. This resulted in a stoichiometric powder composi-

tion with a C concentration of less than 1 wt%. When the B
2
O

3
 excess increased to the 

range of 80–200 wt%, the rate of evaporation of B
2
O

3
 grew, resulting in a higher concen-

tration of C in the final powder. Increasing the excess B
2
O

3
 concentration further to 

300–400 wt% enabled ZrB
2
 to be produced with less C. Unfortunately, using large 

excesses of B
2
O

3
 is not economical. Commercially, synthesis of ZrB

2
 typically uses an 

excess B
2
O

3
 content of 10–30 wt%, which results in pure ZrB

2
 powders with low C con-

tents. Although Karasev synthesized powders at 2000°C, ZrB
2
 powders can be produced 

at lower temperatures (e.g., ~1500°C).

	
MeO B O C MeB CO g2 2 3 25 5+ + → + ( ) 	 (3.2)

3.2.2.2  Carbo/Borothermal Reduction.  Another method used to synthesize 
MeB

2
 powders uses MeO

2
 as the transition metal source and B

4
C as the boron source 

(Reaction 3.3) [2, 3], which may not occur in one step [4] based on thermodynamic 
calculations showing that some intermediate reactions may be more favorable (Fig. 3.3). 
From the thermodynamic calculations, Reactions 3.4 and 3.2 are likely intermediate 
steps for the overall processes described in Reaction 3.3.
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	 2 3 2 42 4 2MeO C C MeB CO g+ + → + ( )B � (3.3)

	
ZrO B C ZrB B O C2 4 2 2 3

5

6

2

3

5

6
+ → + + � (3.4)

The analysis summarized in Figure 3.1 suggests that Reaction 3.4 is predominant below 
1540°C, while above 1540°C, Reaction 3.2 is more favorable.

Several reports have proposed another possible intermediate process as shown in 
Reaction 3.5 [4, 5], which may take place before Reactions 3.4 or 3.2.

	
ZrO B C ZrB B O CO g2 4 2 2 3

5

7

3

7

5

7
+ → + + ( ) 	 (3.5)

Some phases, such as carbon, are both a reactant and an intermediate product, indicating 
that intermediate reactions may take place simultaneously.

Both thermodynamic calculations and experiments demonstrate that the overall 
synthesis process (Reaction 3.3) goes to completion only above 1500°C. Further, the 
loss of B

2
O

3
 at the synthesis temperature affects the overall process and can result in the 

formation of ZrC in the final products by Reaction 3.6.

	
ZrO C ZrC CO g2 3 2+ → + ( ) 	 (3.6)

One method to eliminate ZrC formation is to utilize excess B
4
C. The presence of C in 

B
4
C means that the amount of carbon could be decreased. Guo et al. [5] used 20–25 wt% 

excess B
4
C to produce nominally pure ZrB

2
 after 1 h at 1650–1750°C. Even if ZrC 

forms as an intermediate product, it can be removed in the presence of excess B
2
O

3
 by 

Reaction 3.7 at temperatures above 1650°C.

	
ZrC B O C ZrB CO g+ + → + ( )2 3 22 3 	 (3.7)

Similarly, fine HfB
2
 powders can also be obtained by Reaction 3.8 at 1500–1600°C for 

1–2 h [6].

	
1

5

7
5 1

3

7

5

7
52 4 2 2 3+( ) + + → +( ) + −






 + +






x x x x xHfO B C C HfB B O CO 	 (3.8)

where x can vary from 0 to 3/7. When x = 3/7, Reaction 3.8 reduces to Reaction 3.3, 
meaning that Reaction 3.3 is a special case of Reaction 3.8. In practice, setting x to dif-
ferent values can produce high purity, fine HfB

2
 powders with a quasi-columnar mor-

phology.  The best synthesis conditions seem to be for 0 ≤ x ≤ 1/4 together with 0–10 wt% 
excess B

4
C and 0–15 wt% excess carbon.

3.2.2.3  Borothermal Reduction.  Carbon is used in both carbothermal and 
carbo/borothermal reduction. The problem with both processes is that carbon may 
remain in the final products as an impurity. The use of elemental B as raw material to 
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synthesize MeB
2
 by borothermal reduction could minimize or eliminate carbide or 

carbon impurities. Common borothermal processes are shown as Reactions 3.9 and 3.10 
[7, 8].

	 MeO B ZrB B O g2 2 2 24+ → + ( ) � (3.9)

	
ZrO B ZrB B O g2 2 2 3

10

3

2

3
+ → + ( ) � (3.10)

During reaction, detection of and discrimination between different boron oxides are dif-
ficult. As a result, potential vapor species are typically identified by simulation from 
thermodynamic calculations. For the reaction of 1 mol ZrO

2
 and 4 mol B, a probable 

reaction path is that Reaction 3.10 would take place first, followed by the reaction of 
excess B (i.e., 0.67 mol based on 4 mol for Reaction 3.9 less 3.33 mol for Reaction 3.10) 
with B

2
O

3
(l) to form boron-rich gaseous species such as B

2
O

2
 (g) and BO (g) by 

processes such as those described by Reactions 3.11 and 3.12.

	 2 2 32 3 2 2B O l B B O g( ) + → ( ) � (3.11)

	 B O l B BO g2 3 3( ) + → ( ) � (3.12)

In contrast to carbo/borothermal reduction, B
2
O

3
 is not an intermediate phase, but a final 

product in borothermal reduction. Hence, the starting B can be consumed by reaction 
with B

2
O

3
. Experimental studies have shown that a ZrO

2
/B molar ratio in the range of 

3.33–4 is appropriate to synthesize ZrB
2
. Although carbon impurities are avoided in this 

carbon-free reaction, boron oxides are formed and will be the main source of oxygen 
impurities. The retained B

2
O

3
 can be removed by washing with hot water or vaporiza-

tion at 1500°C or higher with the latter thought to be more effective at producing a pure 
product. Fine HfB

2
 powders have also been obtained by the same method [9].

With respect to the final particle size, higher temperatures lead to coarsening. Guo 
et al. [10] reported a two-step process that included an intermediate water washing (RWR) 
step that included the following: (i) borothermal reduction at approximately 1000°C to 
obtain a mixture of ZrB

2
 powder and boron oxide, (ii) water washing to remove the oxide, 

and then (iii) a second reduction stage at 1550°C to remove residual oxygen. Particle 
coarsening was effectively restrained by the intermediate water washing process, result-
ing in pure, submicrometer ZrB

2
 powders with low levels of oxygen impurities (Fig. 3.4).

3.2.2.4  Boron Carbide Reduction.  Boron carbide reduction is another approach 
to produce transition metal diborides. Using ZrB

2
 as an example, Reaction 3.5 indicates 

that ZrO
2
 will react with B

4
C to form ZrB

2
 plus gaseous oxides [11]. Zou et al. [11] com-

pared ZrB
2
 powders synthesized by three different approaches under vacuum at 1600°C 

for 1.5 h, which are summarized as Reactions 3.3, 3.5, and 3.9. The particle size (~1.0 µm) 
from Reaction 3.5 was larger than that produced by 3.3 (~0.85 µm), but smaller than 
Reaction 3.9 (~1.6 µm). The carbon impurity level for Reaction 3.5 was lower than 
Reaction 3.3. Further, Reaction 3.5 resulted in the lowest oxygen impurity levels, with 
an oxygen content of only 0.46 wt% compared with 0.51 wt% for Reaction 3.3 and 
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1.02 wt% for Reaction 3.9. Furthermore, Reaction 3.5 can take place at lower tempera-
tures than Reaction 3.3. However, the composition must be controlled to avoid Reaction 
3.4 instead of Reaction 3.5 since the latter produces carbon as an impurity in the 
as-synthesized powders.

3.2.3  Synthesis of Composite Powders

In practice, MeB
2
 is usually produced with other phases, such as SiC, to form compos-

ites. The second phase can promote densification and improve properties of the compos-
ites. MeB

2
-based composite powders can be prepared by reaction synthesis. One 

example is combustion synthesis of ZrB
2
–SiC–ZrC composite powders by combustion 

in air according to Reaction 3.13 [12].

	
2 1 2 14 2+( ) + + −( ) → + −( ) +x x x xMe B C Si MeB SiC MeC 	 (3.13)

Using a mixture of Zr, B
4
C, and Si as starting materials, ZrB

2
-based composite powders 

with different ZrC contents can be synthesized by varying x. No combustion occurred 
under vacuum, but in air, the combustion reaction ignited easily. The heat generated from 
Reaction 3.13 was not sufficient for combustion under vacuum. In contrast, when reacted 
in air, Zr first reacted with oxygen to form ZrO

2
, providing sufficient heat to ignite 

combustion with B
4
C and Si. Although the reaction was done in air, the final composite 

powders were homogeneous, fine particles less than 1 µm in size with low oxygen content.
In summary, powder synthesis is an important part of the life cycle and should be 

designed based on the desired properties of the as-synthesized MeB
2
 powders. 

Characteristics such as purity, particle size, and morphology affect densification and 
microstructure of the final ceramics. Dense UHTCs with finer grain sizes have superior 
mechanical properties at both room and elevated temperatures [13].

0.5 μm

Figure 3.4. TEM  image of the submicrometer ZrB2 powder by RWR [10].
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3.3  Reactive Processes for Oxygen Removing  
during Sintering

The strong covalent bonding and low-volume self-diffusion coefficients of MeB
2
 phases 

make densification difficult. Usually, diboride UHTC are prepared by densification 
methods, such as RHP, HP, and SPS. Additives, such as SiC, MoSi

2
, Si

3
N

4
, B

4
C, and C, 

are required for processes such as PLS. Oxygen impurities, which are always present on 
the surfaces of nonoxide ceramic powders, have a negative effect on the densification 
for diboride-based UHTCs.

While it is possible to sinter ZrB
2
 to full density if the starting particle sizes are 

small enough, the synthesis conditions required are not economical for commercial 
processes. Therefore, post-synthesis particle size reduction processes are commonly 
used. Ball milling is an effective treatment method to obtain finer powders, which 
increases the driving force for densification due to higher surface area and the presence 
of defects induced by grinding. At the same time, oxygen impurity content increases 
during the milling process. Oxygen contamination takes the form of MeO

2
 and B

2
O

3
 on 

the particle surfaces as oxygen has very limited solubility in the MeB
2
 lattice. Sintering 

of MeB
2
 is inhibited by the presence of B

2
O

3
 and MeO

2
, because oxygen impurities 

promote coarsening mechanisms, which reduces surface area and the driving force for 
sintering [14].

Boron oxide can be removed from MeB
2
 particle surfaces by evaporation at ele-

vated temperatures according to Reaction 3.14.

	
B O l B O g2 3 2 3( ) → ( ) 	 (3.14)

Zhang et al. [15] studied the vapor pressure as a function of temperature using thermo-
dynamic calculations (Fig. 3.5), indicating that B

2
O

3
 can be removed under mild vacuum 

at elevated temperatures.
In contrast, MeO

2
 impurities are more difficult to remove. Thermal treatments alone 

are not sufficient to vaporize MeO
2
. As a result, MeO

2
 impurities are typically removed 

using reducing additives as sintering aids. In general, the criteria for the selection of 
sintering aids for MeB

2
 include the following: (i) must facilitate removal of MeO

2
 and 

(ii) must form only volatile or high-melting-temperature phases [15]. In this section, 
some examples of reactive processes for removing oxygen during the sintering of MeB

2
-

based UHTCs are discussed.

3.3.1  Oxygen Removal by Reduction Using Boron/ 
Carbon-Containing Compounds

Because MeO
2
 is one of the main oxygen impurities in MeB

2
 powders, the reactions 

used for synthesizing MeB
2
 powders from MeO

2
 can also be used to remove oxygen. As 

a result, B, B
4
C, and C are all effective sintering aids.

3.3.1.1  Boron.  Boron can be used to synthesize MeB
2
 powders by Reaction 3.15 

[16, 17].
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	 3 10 3 22 2 2 3MeO B MeB B O+ → + 	 (3.15)

Hence, B can also be used as a sintering aid to remove MeO
2
 impurities. Boron is more 

effective for PLS processes, since B
2
O

3
 that is formed is more difficult to remove by 

evaporation during pressure-assisted sintering.
Typically, around 1 wt% boron is used to promote densification. Lower amounts 

(≤0.5 wt%) may not be enough to remove the oxide impurities, whereas excess boron 
(≥2 wt%) can form a liquid phase at above 2100°C (the melting point of boron is about 
2092°C). Any boron liquid phase would promote rapid grain growth in the MeB

2
, which 

is detrimental to densification.

3.3.1.2  Boron Carbide.  Boron carbide is also a potential sintering aid for MeB
2
 

based on the removal of oxygen by processes similar to Reaction 3.5 [15, 18–21]. Both 
thermodynamic calculations and experimental results indicate that the reaction can pro-
ceed at temperatures in the ranges of 1200°C–1450°C. The addition of B

4
C enables 

densification in MeB
2
 by facilitating the removal of MeO

2
 at temperatures low enough 

to prevent significant coarsening of the MeB
2
 before densification mechanisms become 

active. B
4
C is an ideal sintering aid for MeB

2
 as it reacts with MeO

2
 to form MeB

2
. 

Furthermore, excess B
4
C can pin grain growth during sintering, resulting in a finer grain 

size in the final ceramics.

3.3.1.3  Carbon.  Carbon removed oxygen from MeB
2
 particle surfaces by classic 

carbothermal reduction, which is also used to synthesize MeB
2
 powders (Reaction 3.2) 
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Figure 3.5. C alculated vapor pressure of B2O3 as a function of temperature in the pressure 

range maintained in the sintering furnace [15].
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[22, 23]. Zhu et al. [22] coated carbon onto ZrB
2
 particle surfaces to densify ZrB

2
. 

Reactions between the C coating and surface oxides on ZrB
2
 particles were proposed to 

include carbothermal reduction by Reaction 3.2. Any loss of B
2
O

3
 would result in excess 

of ZrO
2
, which could lead to ZrC formation by Reaction 3.6. Removal of oxides should 

minimize coarsening of ZrB
2
 and consequently promote densification.

3.3.1.4  Boron Carbide and Carbon.  Compared with a single additive, a combi-
nation of additives can have a synergistic effect on densification. In particular, the combi-
nation of B

4
C and carbon [24–26] has been used to effectively densify ZrB

2
. Reaction 3.5 

is thought to be the main reaction responsible for MeO
2
 removal when MeB

2
 is sintered 

with B
4
C alone. However, this reaction leads to the formation of liquid B

2
O

3
, which can 

promote grain coarsening. Analysis of Reactions 3.2 and 3.3 indicates that both ZrO
2
 and 

liquid B
2
O

3
 can be removed by reaction with carbon. Thus, the combination of C and B

4
C 

may facilitate oxide removal more effectively than either additive alone.

3.3.2  Oxygen Removing by Transition Metal Carbides

In addition to reactions with B, B
4
C, and C, Chamberlain et al. discovered that WC is an 

effective reductant for oxygen impurities in MeB
2
 [27]. Then, Zou et al. revealed that 

other transition metal carbides can remove oxygen [28].

3.3.2.1  Tungsten Carbide.  In the presence of WC, the products with MeO
2
 are 

MeC and W (Reaction 3.16), which are both solid phases with very high melting points. 
The other product, CO, can be removed as a gas.

	
MeO WC MeC W CO g2 3 3 2+ → + + ( ) 	 (3.16)

Zhang et al. [15] revealed that an intermediate phase, W
2
C, could be formed during 

sintering and also facilitate oxygen removal by Reactions 3.17 and 3.18.

	 2 2WC W C C→ + � (3.17)

	 MeO W C MeC W CO g2 2 6 2+ → + + ( ) � (3.18)

In addition to Reaction 3.16, Zou et al. [29, 30] revealed that another reaction with the 
MeB

2
 matrix, the MeO

2
 impurity, and WC was possible (Reaction 3.19).

	
3 6 4 22 2MeB WC MeO MeC WB CO g+ + → + + ( ) 	 (3.19)

Experiment results show that this reaction can take place at temperature as low as 
1450°C. In this case, the impurity phase, MeO

2
, could also serve as a reaction promoter, 

which decreased the temperature at which the reaction became favorable and acceler-
ated the reaction between WC and MeB

2
 [31].

Solid solutions can form between the matrix and additives. Compared with Zr, W 
has a smaller covalent radius (1.57Å for Zr and 1.38Å for W) and goes into ZrB

2
 crystal 

lattice to form a solid solution. Likewise, C (0.84Å) can substitute onto B (0.93Å) lattice 
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positions, also forming solid solutions. Incorporation of C and W into ZrB
2
 produces 

electron deficiencies and/or lattice vacancies. These defects increase densification rates 
by decreasing activation energies and increasing solid-state diffusion rates, which could 
be another mechanism for the enhancement of densification by WC in addition to 
oxygen removal [27, 32]. However, the temperatures for oxygen removal by WC are 
proposed to be more than 1850°C [15, 26], which are higher than other additives such 
as B, B

4
C, and C. Finally, WC has other significant impacts on ZrB

2
 properties, such as 

flexural strength, especially at temperatures above 1000°C.

3.3.2.2  Other Transition Metal Carbides.  Besides WC, a number of other 
transition metal carbides (MeC) have high melting points. Zou et al. [28, 33, 34] per-
formed a systematic study of the effect of MeC additions on the densification behavior 
of ZrB

2
–SiC ceramics. The transition metal carbides investigated were VC, TaC, TiC, 

NbC, and HfC, as well as WC.
First, thermodynamic predictions showed that MeC should react with ZrO

2
; how-

ever, the reactions and the resulting products are different depending on the transition 
metal carbide, as shown in Figure 3.6.

WC and VC remove oxygen in the same way, as discussed earlier. Intermediate 
phases form after the dissociation of MeC during heating by Reaction 3.20, where x can 
vary between 0 and 1 and Me can be W, V, Nb, or Ta.

	
MeC MeC C→ + −( )x x1 	 (3.20)

Most of the MeO
2
 can be removed below 1650°C by the successive reactions with C or 

Me
2
C formed by reaction. For NbC and TaC, the formation of NbC

x
 and TaC

x
 becomes 

favorable during heating, and ZrO
2
 can react with carbon, which is released by decom-

position of NbC and TaC. However, subsequent reactions between residual ZrO
2
 and the 

newly formed NbC
x
 or TaC

x
 are not favorable, namely, Reaction 3.21 is not available for 

Nb or Ta. As a result, some residual ZrO
2
 exists in the final products.

	
3 6 22 2Me C ZrO Me ZrC CO g+ → + + ( ) 	 (3.21)

For TiC and HfC, an exchange reaction occurs between the carbide and ZrO
2
 (Reaction 

3.22) rather than oxygen removal.

	 MeC ZrO ZrC MeO+ → +2 2 	 (3.22)

Experimental results confirmed thermodynamic predictions of the ability to react with 
surface oxides and remove oxygen impurities in the following order:

WC VC NbC TaC HfC TiC> > > > >

The sequence is a guide for selecting transition metal carbides as sintering aids for 
MeB

2
 ceramics based on their ability to react with and remove oxide impurities.

In summary, densification of diboride-based UHTCs requires oxygen impurity 
levels that are as low as possible. Oxygen removal by reaction with reducing agents can 
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promote densification and can have beneficial effects on the mechanical properties of 
the resulting ceramics. Furthermore, additives can help tailor microstructures and 
improve properties. An interesting example is the ZrB

2
–SiC–WC composites prepared 

by Zou et al. In this study, the ZrB
2
 starting powders were synthesized by solid-state 

reduction, and WC was used as a sintering aid. Nearly fully dense ceramics were 
obtained, and they demonstrated high fracture toughness and room temperature strength. 
The improved densification and properties were attributed to the presence of WC, which 
promoted anisotropic growth of ZrB

2
 grains and produced a platelet morphology with 
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Figure 3.6. M olar content of the products calculated by reactions between 3 mole MeC and 

1 mole ZrO2 as a function of the temperature at a vacuum level of 5 Pa: (a) WC, (b) VC, (c) NbC, 

(d) TiC,(e) TaC, and (f) HfC [28].
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an interlocking microstructure (Fig.  3.7) [29]. Further, ZrB
2
–SiC–WC retained a 

strength of at least 675 MPa at temperatures as high as 1600°C, exhibiting elastic, trans-
granular fracture (Fig. 3.8). This is one example of the benefits that oxygen removal has 
on MeB

2
 UHTCs [35].

3.4  Reactive Sintering Processes

Reactive sintering, which combines synthesis and densification, can produce dense 
ceramics from high-purity powders in a single thermodynamically favorable in situ step 
[36–39]. Compared with conventional sintering, some advantages of reactive sintering 
processes and reaction sintered ceramics are as follows:

1.	 Reactive sintering can produce dense UHTCs at a lower temperature (usually 
≤1800°C). Chemical reactions during reactive sintering are highly exothermic 
and thermodynamically favorable, generating enough energy and driving force 
for the densification of the final products under relatively low temperatures; in 
addition, chemical compatibility of the in situ formed phases and uniformity of 
phase distribution can also be achieved [40, 41]. Thermodynamic calculations 
demonstrate that most of the reactions during reactive sintering satisfy the condi-
tions for self-sustaining combustion (T

adiabatic
 ≥ 1800 K and ΔHo

298
/C

p298
 > 2000 K). 

Therefore, low heating rates (e.g., ~1°C/min) and extended holding times (e.g., 
360 min) at selected temperatures (e.g., 600°C) will promote reaction between 
the starting materials without igniting self-sustaining combustion [40, 42]. In 
limited cases, however, combustion reactions are beneficial for densification and 
can promote unique microstructure in the final products [41, 43].

Figure 3.7. SEM  images of indentation crack propagation in ZrB2–SiC–WC ceramics by Zou 

et al. [29]
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2.	 Reactive sintering process can produce diboride-based ceramics with aniso-
tropic microstructures. Phases formed in situ are highly reactive due to small 
size and large surface areas. In addition, transient liquid phases can be 
formed, which promote mass transport and anisotropic grain growth. The 
result can be anisotropic MeB

2
 grains in the final microstructure, either rod-

like or platelet. Because MeB
2
 ceramics have primitive hexagonal crystal 

structures, growth of either rodlike or platelet grains is possible due to pre-
ferred growth along the c-axis (rods) or a and b-axes (platelets). For UHTCs, 
however, only a few reports have described this phenomenon. Anisotropic 
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grain growth mechanisms are still under investigation. Even so, this phenom-
enon can provide for microstructure tailoring and property improvements for 
UHTCs [37, 43–46].

Elemental transition metals (Me) or transition metal hydrides (MeH
2
) are commonly 

used as the transition metal source (Fig. 3.1) to minimize the introduction of MeO
2
 

contamination. The boron source is elemental B or some boron-containing compounds, 
such as B

4
C and BN. Moreover, because MeB

2
-based ceramics can contain other 

phases, such as SiC, ZrC, and MoSi
2
, boron-containing compounds are also C or N 

sources for the final products. Reduction processes that are used to synthesize MeB
2
 

powders using MeO
2
 starting materials, as discussed in Section  3.2, are not viable 

approaches for reactive sintering. One reason is that most of the reduction processes 
are highly endothermic, and the Gibbs’s free energy becomes negative at temperatures 
that would promote densification (e.g., >1500°C). Reduction reactions also lead to 
significant gas release, especially B

2
O

3
, which interferes with densification. In addition, 

the use of MeO
2
 starting powders typically results in the retention of unreacted MeO

2
 

or other oxygen impurities in the final ceramic. As a result, most reactive sintering processes 
use elements or nonoxide compounds as starting materials to minimize introduction of 
oxygen impurities.

In this section, we discuss the fabrication of MeB
2
-based UHTC by reactive sintering. 

Because some MeB
2
 phases formed during the reactive process demonstrate anisotropic 

morphology, textured microstructures will be discussed.

3.4.1  Reactive Sintering from Transition Metals  
and Boron-Containing Compounds

3.4.1.1  MeB2–SiC Ceramics.  MeB
2
–SiC ceramics have an excellent combination 

of properties and have received the most attention among MeB
2
-based UHTCs. Zhang 

et al. [36] prepared ZrB
2
–SiC composites by RHP using Zr, Si, and B

4
C as starting pow-

ders under vacuum at 1900°C for 1 h, according to Reaction 3.23.

	 2 24 2Me B C Si MeB SiC+ + → + 	 (3.23)

A mechanism for the RHP process was proposed as shown in Figure 3.9. During RHP, 
B and C atoms in B

4
C will diffuse into Zr and Si, respectively, and form ZrB

2
 and SiC 

in situ. Because the diffusion of Zr and Si atoms is slow, the as-synthesized ZrB
2
 and 

SiC possess features of the starting powders. The particle size of SiC was generally 
<3 µm, whereas that of ZrB

2
 was larger, in the range of 3–10 µm, compared with starting 

particle sizes of <10 µm for and <43 µm for Zr. The RHP process resulted in relatively 
small grain sizes for both ZrB

2
 and SiC, resulting in an improvement of the mechanical 

properties compared with ZrB
2
–SiC prepared by conventional HP. Subsequently, Zhao 

et al. also prepared ZrB
2
–SiC by R-SPS using the same starting materials [47, 48]. After 

SPS, a fine homogeneous microstructure was obtained with grain sizes of <5 µm for 
ZrB

2
 and <1 µm for SiC. In addition, Zimmermann et al. fabricated ZrB

2
–SiC ceramics 

by RHP using ZrH
2
, B

4
C, and Si as given in Reaction 3.24 [49].
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	 2 2 22 4 2 2ZrH B C Si ZrB SiC H+ + → + + 	 (3.24)

3.4.1.2  MeB2–SiC–(Third Phase) Cramics.  Similar to the production of MeB
2
–

SiC composites, Zr, B
4
C, and Si were used as starting powders to prepare ZrB

2
–SiC–

ZrC composites by RHP according to Reaction 3.25 [37].

	
2 1 2 14 2+( ) + + +( ) → + −( ) +x x x xMe B C Si MeB SiC MeC 	 (3.25)

When x = 0, Reaction 3.25 reduces to Reaction 3.23, which is a special case of Reaction 
3.25. For Reaction 3.25, increasing the amount of Zr and reducing the amount of Si result 
in the formation of a third-phase ZrC, which is also a UHTC. Further investigation of 
Reaction 3.25 revealed that it may consist of two subreactions, Reactions 3.26 and 3.27.

	 3 24 2Zr B C ZrB ZrC+ → + � (3.26)

	 2 2 34 2ZrC B C Si ZrB SiC+ + → + � (3.27)

This means that reactive process could produce ZrC at relatively low temperatures 
(~800°C), and as the temperature increases, ZrB

2
 could become the main phase. In 

addition, SiC appeared, and the amount of ZrC decreased at the same time according to 
Reaction 3.27. In view of these reaction steps, Wu optimized the model of the phase 
formation sequence during RHP of Zr, Si, and B

4
C (Fig. 3.10). The same RHP process 

can also be used to prepare HfB
2
–SiC ceramics using Hf, Si, and B

4
C as starting mate-

rials [50].
To highlight the differences between reactive and nonreactive processes, Zhang 

et al. fabricated ZrB
2
–SiC–ZrC composites in two ways: (1) from ZrB

2
, SiC, and ZrC by 

HP; and (2) from Zr, B
4
C, and Si by RHP [45, 46]. By HP, the ZrB

2
 grains were equiaxed, 

while the RHP composite had a mixture of equiaxed and platelike ZrB
2
 grains. The reac-

tive process enabled the preparation of ZrB
2
-based ceramics with anisotropic grains.

B4C

(a) (b)
Si

SiCZr

ZrB2

Figure 3.9. M icrostructure formation mechanism of the ZrB2–SiC composite in the reaction-

synthesis process, depicting the transformation from (a) the powder compact to (b) the final 

microstructure of the composite [36].
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In addition to ZrB
2
–SiC and ZrB

2
–SiC–ZrC, Wu et al. prepared ZrB

2
–SiC–ZrN and 

ZrB
2
–SiC–AlN composites by adding BN and Al to Zr, Si, and B

4
C (Reactions 3.28 and 

3.29) [51].  Similarly, ZrB
2
–SiC–BN [52, 53] and ZrB

2
–SiC–ZrN [54] composites were 

prepared using Zr, Si
3
N

4
, and B

4
C batched according to Reactions 3.30 and 3.31.

	

1 0 5 0 25 0 5 0 25

0 5 0 25

4

2

+( ) + −( ) + −( )
+ → + −( )
x x x

x x

Zr Si B C

BN ZrB S

. . . .

. . iiC ZrN+ x 	�  (3.28)

	

Zr Si B C BN

Al ZrB Si

+ −( ) + −( ) +

+ → + −( )
0 5 0 25 0 5 0 25

0 5 0 25

4

2

. . . .

. .

x x x

x x CC AlN+ x 	�  (3.29)

	 4 3 4 3 43 4 4 2Zr Si N B C ZrB SiC BN+ + → + + 	�  (3.30)

	 10 3 6 3 43 4 4 2Zr Si N B C ZrB SiC ZrN+ + → + + 	�  (3.31)

Wu prepared these composites by both RHP and R-SPS. The R-SPS process formed more 
homogeneous and finer microstructures because of its high heating rate and short holding 
time, while RHP process produced coarse microstructures due to a holding time that was long 
enough for grain growth to proceed. The short holding time and finer microstructure of the 
final products in the SPS process also improved the densification behavior of the materials.

3.4.1.3  Other MeB2-Based Ceramics.  Johnson et al. used the directed reaction 
of liquid metal with B

4
C to yield platelet-reinforced carbide matrix materials [55–57]. 

ZrB
2
–ZrC

x
–Zr were obtained by the process described by Reaction 3.32.

	
2 2 0 6 1 24 2 0 6. . . .+( ) + → + +x xZr B C ZrB ZrC Zr 	 (3.32)

The composites were composed of ZrB
2
 platelets distributed uniformly in a matrix of 

equiaxed ZrC
x
 grains, while the residual Zr metal was generally situated at the grain 

triple points (Fig.  3.11). These platelet-reinforced ceramics exhibited an attractive 

Zr Si

(b)(a) (c)

SiC

B4C

ZrC

ZrB2

Figure 3.10. M icrostructure formation mechanism of ZrB2–ZrC–SiC composites in the reaction-

synthesis process, depicting conversion from (a) the powder compact to (b) the intermediate 

state, and (c) the final microstructure [37].
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combination of high strength (800–1030 MPa), fracture toughness (11–23 MPa⋅m1/2), 
and thermal conductivity (50–70 W/m⋅K) over the temperature range of 25–600°C, which 
highlights the advantages of the ceramics prepared by reactive process. However, the 
Ultra-High temperature properties of these composites may be affected by the small 
amount of residual Zr metal that remained.

Zhang et al. prepared ZrB
2
–ZrC ceramics using Zr and B

4
C as starting materials, 

according to Reaction 3.33 [58].

	 3 24 2Zr B C ZrB ZrC+ → + 	 (3.33)

Because the diffusion of carbon was much faster than boron in zirconium, only carbon 
reached the center of the large Zr particles, which resulted in a microstructure with large 
ZrC agglomerates surrounded by fine ZrB

2
 and ZrC particles.

Using Zr and BN as starting materials, Zhang also prepared ZrB
2
–ZrN (Reaction 

3.34). Similarly, ZrB
2
–AlN could be prepared by adding Al to those precursors (Reaction 

3.35) [58].

	 3 2 22Zr BN ZrB ZrN+ → + 	�  (3.34)

	 Zr Al BN ZrB AlN+ + → +2 2 22 	�  (3.35)

The final composites had homogeneous microstructures with fine grain sizes. For the 
Zr–BN system, the researchers determined that the diffusion coefficient of N was 
smaller than that of C, but close to that of B. Accordingly, homogeneous microstructures 
were obtained due to the mutual constraint of grain growth for the two phases that 
formed, which restrained abnormal grain growth in both ZrB

2
 and ZrN. In the Zr–Al–

BN system, Al melted at temperatures as low as 660°C and the maximum solubilities of 
Al were 11.5 at% α-Zr and 26 at% in β-Zr. Accordingly, the redistribution of Zr and Al 
was remarkable in this system, producing fine, homogeneous microstructures.

10 μm

(a) (b)

10 μm

Figure 3.11. B ackscattered electron images of the cross section of a typical ZrB2-platelet-

reinforced ZrC product taken approximately 2 mm from the top (a) and bottom (b) of a 

12.7-mm-thick part. The darkest phase is ZrB2, the gray phase is ZrC, and the lightest phase is 

zirconium metal [54].
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3.4.2  Reactive Sintering from Transition Metals and Boron

3.4.2.1  Monolithic MeB2 Ceramics.  Elemental Me or MeH
2
 together with B 

can be used to prepare monolithic MeB
2
 ceramics by Reactions 3.1 or 3.36.

	
MeH B MeB H g2 2 22+ → + ( ) 	 (3.36)

Chamberlain et al. [42, 59] prepared monolithic ZrB
2
 ceramics by RHP of Zr and B and 

studied the reaction mechanism. Analysis concluded that B diffused into the Zr granules 
to form ZrB

2
. This behavior was observed in diffusion couple experiments in which 

polished Zr was heated to 1450°C in contact with B. Given this reaction path, the size 
and shape of the Zr precursor determined the size and shape of the resulting ZrB

2
. 

Attrition milling of the precursors produced nanosized (<100 nm) Zr metal particles, 
which reacted with B at temperatures as low as 600°C. This process produced ZrB

2
 with 

an average particle size of less than 100 nm. The nano-crystalline ZrB
2
 exhibited 

significant coarsening and densification between 600 and 1450°C, which was the result 
of fine particle size and, possibly, a high defect concentration. Significant particle coars-
ening below 1650°C decreased the sinterability of ZrB

2
. As a result, a temperature of 

2100°C was required to achieve full density. Consolidation of ZrB
2
 at 2100°C resulted 

in large grains (∼12 µm), leading to lower strength.

3.4.2.2  MeB2–SiC Ceramics.  The addition of other phases to Me and B can 
enable the production of MeB

2
-based ceramics. Chamberlain et al. used Zr, B, and SiC 

along with small amounts of B
4
C (0.5 wt%, to react with oxygen impurities) to prepare 

ZrB
2
–SiC ceramics by RHP [40]. Samples with relative densities in excess of 95% were 

produced at 1650°C based on Reaction 3.37.

	 Zr B SiC ZrB SiC+ + → +2 2x x 	 (3.37)

In this case, SiC functions not only as an important second phase that improves the 
microstructure and properties of the resulting ceramics, but also as an inert diluent that 
reduces the potential for a self-propagating reaction to ignite.

Using ZrH
2
 as the transition metal source, together with B, SiC, and B

4
C, Ran pre-

pared fully densified ZrB
2
–20 vol%SiC composites by reactive pulsed electric current 

sintering (R-PECS) by the process described in Reaction 3.38 [43].

	
ZrH B SiC ZrB SiC H g2 2 22+ + → + + ( )x x 	 (3.38)

The study revealed that ZrH
2
 first decomposed into metal Zr before reacting with B to 

form ZrB
2
. Since metal Zr is ductile and difficult to mill down to small particle sizes, the 

use of brittle ZrH
2
 was thought to be a suitable alternative, which made it easier to obtain 

small starting particles. The same concept is also used to prepare TiB
2
-based ceramics 

using TiH
2
 as a precursor [60–63].

Besides enhanced densification, Ran’s experiments revealed another interesting 
phenomenon, which was orientation of ZrB

2
 grains. The XRD patterns indicated that the 

(001) peaks had higher intensity than the (100) peaks in ZrB
2
–SiC ceramics, which was 

v
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different from the reference pattern of Figure 3.12. This implied that the hexagonal ZrB
2
 

grains had grown in a preferred direction and the mechanism of orientation of ZrB
2
 

grains was attributed to an anisotropic Ostwald ripening process under pressure [43].

3.4.2.3  MeB2–MoSi2 Ceramics.  ZrB
2
–MoSi

2
 ceramics are another important 

member of the ZrB
2
-based UHTC family. Using elemental Zr, B, Mo, and Si as starting 

materials, Wu et al. prepared ZrB
2
–MoSi

2
 ceramics via RHP, according to reaction 3.39 

[44]:

	 Zr B Mo Si ZrB MoSi+ + + → +2 2 2 2x x x 	 (3.39)

Due to the ductility of MoSi
2
 at temperatures over 1000°C, the MoSi

2
 grains deformed 

to fill the voids in the ZrB
2
 skeleton, thus favoring the formation of a porosity-free 

material. The ZrB
2
 grains had a platelet morphology, which was found only during the 

RHP process, not for materials prepared by PLS, HP, or SPS. The anisotropic grain 
growth was attributed to the in situ formation of ZrB

2
 grains with high chemical activity. 

The difference in surface energy on different planes favored the elongation of ZrB
2
 

grains through Ostwald ripening at higher temperatures [64].
Liu et al. used RHP and subsequent hot forging to tailor the microstructure of ZrB

2
–

MoSi
2
 ceramics [65]. The result was a textured and platelet-reinforced ZrB

2
-based 

UHTC. During hot forging, the platelet ZrB
2
 grains grew and simultaneously, under the 

applied pressure, rotated and rearranged to align along the top surface of the specimen 
(Fig. 3.13). The textured composites showed a remarkable improvement in mechanical 
properties, with flexural strengths as high as 871 MPa after hot forging, compared to 
572 MPa before hot forging [65, 66].
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Figure 3.12.  ZrB2 JCPDS 35-0741 reference (a) and XRD patterns of cross section (b) and 

sintered surface (c) surface of the PECS samples [43].
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Figure 3.13.  (a and b) TEM image of ZrB2 platelet grains at different magnifications; 

(c) selected-area electron diffraction pattern of platelet grains of (b); (d and e) SEM images of 

polished surfaces before and after hot forging; (f and g) SEM images of fractured surface 

before and after hot forging [62].
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In summary, during the MeB
2
 life cycle, reactive sintering process can realize 

the fabrication of MeB
2
-based ceramics from Me and B in one step, which simplifies 

the procedure compared with the two-step processes that separate synthesis and sin-
tering densification. Relatively low densification temperatures are another advantage 
of reactive sintering, which are due to chemical reactions during the process and the 
heat generated from them. The RHP process also provides the opportunity for 
reduced contamination from oxygen impurities due to the removal of an oxide source 
to generate the MeB

2
 powders. Another incomparable strong point is that reactive 

sintering processes provide a chance for anisotropic growth of MeB
2
 grains, which 

is beneficial for the microstructure tailoring and property improvement. Finally, 
optimized microstructure and enhanced performance play important roles and 
increase the life of UHTCs during the application process, which is the other part of 
the MeB

2
 life cycle.

3.5  Summary

This chapter discussed reactive processes for the synthesis and densification of boride-
based UHTCs as part of an overall life cycle. The properties and performances of 
UHTCs are dependent on the powder properties, densification processes, and micro-
structures, so optimization of reactive processes is important for the use of UHTCs in 
the high-temperature structures and other extreme environments. The discussions given 
earlier provide information about fabrication processes, phase formation mechanisms, 
microstructure evolution, and property improvements for UHTCs.
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First-Principles 
Investigation on the 

Chemical Bonding and 
Intrinsic Elastic Properties 

of Transition Metal 
Diborides TMB2 (TM=Zr, Hf, 

Nb, Ta, and Y)

4.1  Introduction

Transition metal borides (TMBs) are characterized by high melting points, high 
hardness, high strength, chemical inertness, effective wear and environmental resis-
tance, and absence of phase changes in the solid state. These properties make them 
promising for applications in extreme environments such as cladding materials in 
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general IV nuclear reactors, nose tip and sharp leading-edge materials for hypersonic 
vehicles, sharp edge and hot structure component materials for scramjet engines [1–4], 
as well as matrix and surface coatings for ultra-high temperature ceramic (UHTC) 
matrix composites [5, 6].

Despite the unique combination of properties, poor thermal shock and oxidation 
resistance are the main barriers to their more extensive applications. Previous studies 
have demonstrated that poor thermal shock resistance of ZrB

2
 and HfB

2
 is resulted 

from their high Young’s moduli [7], while the poor oxidation resistance is resulted 
from the lack of the formation of stable and protective scales on TMBs during high-
temperature oxidation [7–9].

The macroscopic properties of TMBs are related to their electronic structure and 
bonding properties. Quantum mechanical modeling of solids through first-principles 
calculations based on density functional theory (DFT) has proven to be a powerful tool 
to obtain microscopic information that is helpful in understanding the macroscopic 
properties of solids. Predicting functions and properties of materials from first-principles 
is also helpful in scanning the properties of materials and accelerating materials 
development and application processes [10]. Thus, investigation of electronic structure, 
bonding nature, and intrinsic properties of the TMBs is essential to understand various 
properties of TMB

2
 and to design new compositions/composites as well as to stimulate 

the applications of UHTCs.
The electronic structure and bonding properties of TMBs were previously investi-

gated by several research groups [11–13]. Vajeeston et al. [11] calculated the electronic 
structure, chemical bonding, and ground-state properties of AlB

2
-type transition metal 

diborides TMB
2
 (TM = Sc, Ti, V, Cr, Mn, Fe, Y, Zr, Nb, Mo, Hf, Ta) using self-consistent 

tight-binding linear muffin-tin orbital method. Lawson et al. [12] investigated the 
electronic structure, elastic properties, and specific heat of ZrB

2
 and HfB

2
 using the 

plane wave DFT codes VASP [14] and ABIBIT [15]. Shein and Ivanovski [13] calcu-
lated the elastic properties of hexagonal AlB

2
-like diborides of s, p, and d metals using 

first-principles calculations. Despite the contribution of these studies, understanding of 
the anisotropic chemical bonding and anisotropic mechanical properties of TMBs is still 
lacking. Since large-size single crystals of TMBs are not available, theoretical predica-
tions on the anisotropic mechanical properties from DFT computations could be very 
useful in understanding the performance and compositional design of UHTCs. In this 
work, the electronic structure, chemical bonding nature, and mechanical properties of 
some TMBs including YB

2
, ZrB

2
, HfB

2
, NbB

2
, and TaB

2
 were investigated using first-

principles calculations. These borides were selected because of their technological 
importance and because the number of valance electrons systematically changes from  
3 for Y, 4 for Zr and Hf, and 5 for Nb and Ta such that a general trend on the change of 
electronic structure and intrinsic mechanical properties can be obtained. Anisotropic 
chemical bonding nature in YB

2
, ZrB

2
, HfB

2
, NbB

2
, and TaB

2
 was disclosed by studying 

the pressure dependence of lattice parameters and bond lengths, and by analyzing their 
band structure, density of states (DOS), electron density difference maps, and charge 
density. The anisotropic chemical bonding properties resulted in high Young’s moduli in 
x and y directions, but relatively low Young’s modulus in z direction. By comparison of 
the Young’s modulus, YB

2
 is predicted to have better thermal shock resistance. By the 
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comparison of the ratio of shear modulus to bulk modulus, G/B, TaB
2
 is predicted to be 

a possible damage-tolerant UHTC.

4.2  Calculation Methods

The valence states considered in the present calculations are 2s2 and 2p1 for boron, 
4d15s2 for yttrium, 4d25s2 for zirconium, 5d26s2 for hafnium, 4d45s1 for niobium, and 
5d36s2 for tantalum. The first-principles calculations were performed using the CASTEP 
code [16], wherein the Vanderbilt-type ultrasoft pseudopotential [17] and generalized 
gradient approximation [18] (PBE) were employed. The plane wave basis set cutoff was 
360 eV for all calculations. The special points sampling integration over the Brillouin 
zone was employed by using the Monkhorst Pack method with a 9 × 9 × 8 special k-points 
mesh [19]. To investigate the anisotropic bonding nature, equilibrium crystal structures 
were optimized at various isotropic hydrostatic pressures from 0 to 70 GPa. Lattice 
parameters were modified to minimize the enthalpy and interatomic forces. The 
Broyden–Fletcher–Goldfarb–Shanno minimization scheme [20] was used in geometry 
optimization. The tolerances for geometry optimization are different on total energy 
within 5 × 10−6 eV/atom, maximum ionic Hellmann–Feynman force within 0.01 eV/Å, 
maximum ionic displacement within 5 × 10−4 Å, and maximum stress within 0.02 GPa. 
The calculations of the projected DOS were performed using a projection of the plane 
wave electronic states onto a localized linear combination of atomic orbitals basis set.

The full set of single-crystal elastic coefficients were determined from a first-
principles calculation by applying a set of given homogeneous deformations with a 
finite value and calculating the resulting stress with respect to optimizing the internal 
degrees of freedoms, as implemented by Milman et al. [21, 22]. The criteria for conver-
gence in optimizing atomic internal freedoms were selected as follows: difference on 
total energy within 5 × 10−6 eV/atom, ionic Hellmann–Feynman forces within 
0.002 eV/Å, and maximum ionic displacement within 5 × 10−4 Å. The elastic stiffness 
was determined from a linear fit of the calculated stress as a function of strain, c

ij
 = (∂σ

i

(x)/∂ε
j
)

x
. Variations in the stress tensor (σ

i
) due to applied strain (ε

j
) were calculated to 

obtain an elastic stiffness constant (c
ij
). Both positive and negative strains were applied 

in the elasticity calculations. The compliance tensor S was calculated as the inverse of 
the stiffness tensor, [S] = [C]−1. The polycrystalline bulk modulus B, shear modulus G, 
and Young’s modulus E were estimated from the single-crystal elastic constants, c

ij
, 

according to the Voigt, Reuss, and Hill approximation [23–25]. A detailed formula for 
these calculations is given in Section 3.3.

4.3  Results and Discussion

4.3.1  Lattice Constants and Bond Lengths

Transition metal diborides TMB
2
 (TM = Y, Zr, Hf, Nb, and Ta) crystallize in an AlB

2
-

type structure with the space group of P6/mmm (No. 191). Transition metal atoms are 
located at 1a (0,0,0) Wyckoff positions, and boron atoms are located at 2d (1/3,2/3,1/2) 
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Wyckoff positions. Figure 4.1 shows the crystal structure of TMB
2
. Table 4.1 lists the 

experimental and geometry optimized lattice constants a and c, c/a ratios and the bond 
lengths between B and B, and those between B and TM in TMB

2
 (TM = Y, Zr, Hf, Nb, 

and Ta). The data listed in Table 4.1 show that GGA calculations slightly overestimate 
the lattice parameters as expected in any study with generalized gradient approxima-
tions. The calculated lattice constants a and c of YB

2
, ZrB

2
, HfB

2
, NbB

2
, and TaB

2
 are 

close to the experimental lattice constants and also agree with the calculated values 
given in the previous work [11–13], demonstrating the reliability of the present calcula-
tions. It is also interesting to note that the lattice constants depend not only on the atomic 
size but also on the number of valence electrons of the transition metals. As the number 
of valence electrons increases from 3 for Y to 4 for Zr and Hf, and then to 5 for Nb and 

Table 4.1.  Lattice constants and bond lengths of TMB2

Lattice constants

Compound YB
2

ZrB
2

HfB
2

NbB
2

TaB
2

a
exp

 (Å) 3.290 3.170 3.139 3.086 3.074
a

cal
 (Å) 3.326 3.171 3.166 3.107 3.136 This work

3.314 3.197 3.166 3.107 3.115 11
3.17 3.15 12

c
exp

 (Å) 3.835 3.533 3.473 3.318 3.290
c

cal
 (Å) 3.923 3.544 3.515 3.340 3.335 This work

3.855 3.561 3.499 3.328 3.244 11
3.56 3.52 12

c/a 1.179 1.117 1.110 1.075 1.063

Bond lengths

Compound YB
2

ZrB
2

HfB
2

NbB
2

TaB
2

B–B (Å) 1.920 1.831 1.828 1.794 1.811
TM–B (Å) 2.745 2.548 2.538 2.443 2.467

B

TM

Figure 4.1.  Crystal structure of TMB2.
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Ta, the lattice constant c decreases continuously; the lattice constant a, however, 
decreases from Y to Nb, but increases slightly for Ta due to its large atomic size. As a 
result, YB

2
 has the largest lattice constants, ZrB

2
 and HfB

2
 have intermediate lattice 

constants, and NbB
2
 and TaB

2
 have the smallest lattice constants. The c/a ratio also 

decreases continuously when TM changes from Y to Zr and Hf, and then to Nb and Ta, 
that is, c/a ratio decreases with the increased number of valence electrons. The change 
of TM–B, B–B bond lengths shows a similar trend as the change of lattice constant a.

Another feature is that the TM–B bond lengths are longer than the B–B bond 
lengths, indicating the anisotropic chemical bonding characters in TMB

2
 (TM = Y, Zr, 

Hf, Nb, and Ta). To visually illustrate the anisotropic chemical bonding nature and 
elastic anisotropy, the dependence of lattice constants a and c, and the B–B and TM–B 
bond lengths in TMB

2
 (TM = Y, Zr, Hf, Nb, and Ta) on hydrostatic pressure was investi-

gated. Figure  4.2 shows the pressure dependence of lattice constants for YB
2
, ZrB

2
, 

HfB
2
, NbB

2
, and TaB

2
 up to 70 GPa. For all the diborides investigated in this work 

including YB
2
, ZrB

2
, HfB

2
, NbB

2
, and TaB

2
, the lattice constants a and c decrease con-

tinuously with hydrostatic pressure. However, the degree of contraction is different, that 
is, the compressibility of the TMB

2
 compounds is in the order YB

2
 > ZrB

2
 > HfB

2
 > NbB

2
 > 

TaB
2
. In other words, the compressibility of the TMB

2
 compounds decreases as the 

number of valence electrons increases from 3 for Y to 4 for Zr and Hf, and then to 5 for 
Nb and Ta. Careful analysis of the pressure dependence of lattice constants a and c in 
Figure 4.2 shows that for ZrB

2
, HfB

2
, NbB

2
, and TaB

2
, lattice constant c contracts more 

dramatically than lattice constant a in the pressure range examined, that is, ZrB
2
, HfB

2
, 

NbB
2
, and TaB

2
 are stiffer in the basal plane than in c direction; for YB

2
, however, lattice 

constant a contracts more rapidly than lattice constant c, that is, YB
2
 is stiffer in c direction 
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Figure 4.2.  Pressure dependence of lattice constants a and c of TMB2.
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than in the basal plane. This anomalous phenomenon will be explained in later sections 
based on the electronic structure investigation.

The strength of interatomic bonding as a function of pressure was investigated by 
examining changes in TM–B and B–B bond length under various pressures (Fig. 4.3). 
The degree of bond contraction was in the same order as that of lattice constants a and c, 
that is, YB

2
 > ZrB

2
 > HfB

2
 > NbB

2
 > TaB

2
. Similar to the pressure dependence of lattice 

constants a and c shown in Figure 4.2, the change of TM–B and B–B bond lengths under 
hydrostatic pressure can also be divided into two groups. For ZrB

2
, HfB

2
, NbB

2
, and 

TaB
2
, the TM–B bond length contracts more rapidly than the B–B bond length, indicating 

that the B–B bonds in these borides are stiffer, while for YB
2
, the B–B bond contracts 

more rapidly than the Y–B bond. The different responses of bond length to hydrostatic 
pressure reveal different bonding properties in TMB

2
. In ZrB

2
, HfB

2
, NbB

2
, and TaB

2
, the 

B–B bonds are stiffer than TM–B bonds, while in YB
2
, the Y–B bonds are stronger.

4.3.2  Electronic Structure and Bonding Properties

In Section 4.3.1, the pressure dependencies of lattice parameters and B–B, TM–B bond 
lengths were investigated, and different responses of bond lengths to hydrostatic pressure 
were demonstrated. These behaviors are underpinned by the electronic structure and 
chemical bonding nature. The electronic structure of TMB

2
 (TM = Sc, Ti, Cr, Mn, Fe, Y, 

Zr, Nb, Mo, Hf, Ta) was studied by Vajeeston et al. [11] and that of ZrB
2
 and HfB

2
 was 

investigated by Lawson et al. [12]. However, the anisotropic chemical bonding nature 

0 10 20 30 40 50 60 70

0.92

0.94

0.96

0.98

1.00
R

el
at

iv
e 

bo
nd

 le
ng

th
s

Pressure (GPa)

B–B in ZrB2

Zr–B in ZrB2

B–B in HfB2

Hf–B in HfB2

B–B in NbB2

Nb–B in NbB2

B–B inTaB2

Ta–B in TaB2

B–B in YB2

Y–B in YB2

Figure 4.3.  Pressure dependence of TM–B and B–B bond lengths.



66� First-Principles Investigation on the Chemical Bonding

was not emphasized. In this work, the electronic structure and bonding properties of 
TMB

2
 (TM = Y, Zr, Hf, Nb, and Ta) were disclosed based on the analysis of DOS, band 

structure, and distribution of charge density on planes across TM, B parallel to (0001), 
and on (11  ‾20) plane that is across both TM and B atoms.

To visually illustrate the chemical bonding in TMB
2
, the electron density difference 

maps of these compounds are shown first. Electron density differences produce a 
density difference field that shows the changes in the electron distribution due to the 
formation of all the bonds in a system. The electron density difference map illustrates 
the charge redistribution due to chemical bonding in solids. Figure 4.4 shows the elec-
tron density difference maps on planes parallel to (0001) that are across the Zr atoms 
(Fig. 4.4a) and B atoms (Fig. 4.4b), and on the (11‾20) plane that contains both Zr and 
B atoms (Fig.  4.4c). In Figure  4.4a, no localized electrons were observed between 
neighboring Zr atoms, but triangular accumulation among groups of three Zr atoms can 
be seen [12], which is typical metallic bonding [31]. That is, the chemical bonding on 
the Zr plane is mainly metallic. In Figure 4.4b, strong localization is evident between 
two neighboring B atoms forming a graphitic B-plane with six-membered rings, which 
is an indication of σ-type covalent bonding formed by the overlapping of hybridized 
B-sp2 orbitals. This B-sp2 hybridized σ-type covalent bonding is strong and corresponds 
to the incompressibility of lattice constant a and B–B bond in ZrB

2
. In Figure 4.4c, 

strong localization is obvious between the two B atoms, which is the typical π-type 
covalent bonding through the accumulation of p-orbitals. The valence electrons in B are 
2s22p1. The formation of σ-type bonding through overlapping of hybridized B sp2-B sp2 

Figure 4.4.  Electron density difference maps on planes parallel to (0001) that are across Zr (a) 

and B (b) atoms, and on (11‾20) that is across both Zr and B atoms (c).
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orbitals and π-type bonding through overlapping of B 2p
z
-B 2p

z
 orbitals indicates charge 

transfer from Zr to B occurs. Thus, bonding between Zr and B is mainly ionic. However, 
charge accumulates between Zr and B through interactions between Zr 4d orbitals and 
B 2p orbitals, as can be seen in Figure 4.4c. That means besides the ionic bonding gen-
erally accepted by many researchers [11, 12], covalent bonding also contributes to the 
Zr–B bonding in ZrB

2
 so that the bonding between Zr and B is ionic–covalent in nature. 

It is intriguing to see that the Zr–B covalent bonding is through the hybridization of 
Zr-4d (e

g
) and B-2p

z
 orbitals, and the extension of Zr-4d (e

g
) orbitals in the x–y plane 

indicates that covalent bonding is stronger in the x-plane than in the c direction. This 
bonding nature is helpful in understanding the response of lattice constants and bond 
lengths to hydrostatic pressure shown in Figures 4.2 and 4.3, that is, strong covalent 
bonding in the basal plane corresponds to stiffer B–B bonds in the basal plane. These 
results demonstrate that all three types of bonds, that is, metallic, covalent, and ionic 
bonds, contribute to bonding in ZrB

2
. The strong covalent and ionic bonding are respon-

sible for its high modulus and strength, while the metallic bonding underpins its good 
electrical conductivity.

To further understand the electronic structure, band structures of TMB
2
 (TM = Y, Zr, 

Hf, Nb, and Ta) were calculated and are depicted in Figure 4.5. Figure 4.5a shows band 
dispersion curves along some high-symmetry directions in the Brillouin zone of YB

2
. 

The valance bands lying lower than the Fermi level are B 2s, B 2p, and Y 4d-B 2p, 
respectively. The Fermi level E

F
 lies below the valence band maximum at the A point, 

indicating incomplete filling of valence bands. Then, valence and conduction bands 
across the Fermi level in Γ–A, A–H, and Γ–K directions of the Brillouin zone imply the 
presence of metallic bonding and metallic electrical conductivity of YB

2
. The metallic 

electrical conductivity contributes to thermal conductivity, leading to higher thermal 
conductivity, which is of vital importance for UHTCs.

Figure 4.5b shows the band structure of ZrB
2
. Compared to the band structure of 

YB
2
, the Fermi level lies about 2 eV higher than in YB

2
. The valence and conduction 

bands cross the Fermi level in the Γ–A and A–H directions of the Brillouin zone, but the 

Figure 4.5.  Band structure of TMB2: (a) YB2, 
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Figure 4.5.  (Continued ) (b) ZrB2, (c) HfB2, (d) NbB2, 
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valence band in the Γ–K direction is completely filled. Metallic bonding also contribute 
to the bonding in ZrB

2
, and the electrical conductivity in ZrB

2
 is also metallic.

The band structure of HfB
2
 is similar to that of ZrB

2
 as is shown in Figure 4.5c, 

probably due to the fact that Hf has the same number of valence electrons as Zr. However, 
the Fermi level in HfB

2
 is higher than in ZrB

2
 and touches the bottom of conduction 

bands at the A point and in the Γ–K direction. Valence and conduction bands also cross 
the Fermi level in the Γ–A and A–H directions of the Brillouin zone. Since the Fermi 
level is at the minimum of conduction bands at A point and the conduction bands at A 
point are degenerated, the electron transfer from valence to conduction bands across the 
Fermi level in Γ–A and A–H directions might be easier, implying better metallic 
electrical conductivity of HfB

2
.

In the band structure of NbB
2
 (Fig. 4.5d), the Fermi level lies above the conduction 

band minimum at the A point, indicating saturation of valence electrons. Three 
conduction bands are across the Fermi level in the Γ–A and A–H directions, and two 
conduction bands cross the Γ–K direction so that the contribution from metallic bonding 
is higher than that in ZrB

2
 and HfB

2
. The band structure of TaB

2
 is very similar to that 

of NbB
2
, as is shown in Figure 4.5e. The only difference is that the Fermi level in TaB

2
 

lies slightly higher than in NbB
2
. There are also three conduction bands across the Fermi 

level in the Γ–A and A–H directions and two conduction bands across the Γ–K direction.
Details of atomic bonding characteristics of TMB

2
 (TM = Y, Zr, Hf, Nb, and Ta) can 

be seen from the total density of states (TDOS) and projected density of states, as well as 
the decomposed distribution of charge density from different covalent bonding peaks in 
the TDOS. Figure 4.6a shows the total and projected electronic DOS of YB

2
. Two features 

are obvious in the DOS of YB
2
: one is a peak at the Fermi level, and the other is the 

obvious B sp2 hybridization. The presence of the peak at the Fermi level indicates that YB
2
 

is not stable. Strong hybridization between the B-2s and B-2p orbitals is evident because 
the B 2s orbitals are extended and overlapped in a large energy range with B 2p orbitals. 
The overlapping of hybridized B sp2–B sp2 orbitals ranges from −10.6 to −7.1 eV below 
the Fermi level, as can be seen from the distribution of charge density on (11  ‾20) plane of 
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Figure 4.5.  (Continued ) and (e) TaB2.



Figure 4.6.  (a) Total and projected electronic density of states of YB2, and decomposed 

charge density on (11  ‾20) plane in the energy range from −10.6 to −7.1 eV (b), from −6.6 to 

−2.0 eV (c), from −4.3 to 0.45 eV (d), from −2.3 to 0.45 eV (e), and from −0.99 to 2.0 eV (f).
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YB
2
 (Fig. 4.6b). The peaks located from −6.6 to −2.0 eV are mainly from overlapping B 

sp2–B sp2 orbitals and with some from B 2p
z
–B 2p

z
 orbitals, as shown in Figure 4.6c. The 

charge density coming from states in the energy range between −4.3 and 0.44 eV is shown 
in Figure 4.6d, which is mainly from the overlapping of B 2p

z
–B 2p

z
 orbitals with some 

contribution from the overlapping of B sp2–B sp2 orbitals. The states from −2.3 to 0.44 eV 
are dominated by B 2p

z
–B 2p

z
 and Y-4d(t

2g
)–B 2p interactions, as shown in Figure 4.6e. In 

the energy range from −0.99 to 2.6 eV, the charge density shows d(e
g
) symmetry at the Y 

site and 2p-like orbitals at B site, as shown in Figure 4.6f. Thus, the states near the Fermi 
level are dominated by the Y–Y dd interactions and B–B pp interactions.

Figure 4.7a shows the total and projected electronic DOS of ZrB
2
. Besides strong 

hybridization between the B-2s and B-2p orbitals, the presence of a pseudogap is also 
obvious. The creation of the pseudogap is, on the one hand, ionic in origin because of 
charge transfer from Zr to B and, on the other hand, hybridization effects in ZrB

2
. The 

states, which are located between −12.7 and −7.8 eV below the Fermi level, come mainly 
from hybridization of B sp2–B sp2 orbitals, as shown from the distribution of charge 
density in Figure 4.7b. And those at adjacent higher energy levels from −8.7 to −3.1 eV 
below the Fermi level are mainly from hybridization of the B sp2–B sp2 orbitals and some 
from B 2p

z
–B 2p

z
 orbitals (Fig. 4.7c). In the energy range from −6.8 to −1.1 eV, charge 

density on the Zr site has t
2g

 symmetry, and B–B bonds have B sp2–B sp2 and B 2p
z
–B 2p

z
 

character (Fig. 4.7d). The peaks located between −4.1 and −1.1 eV are dominated by Zr 
d(t

2g
)–B 2p

z
 and B 2p

z
–B 2p

z
 orbitals (Fig. 4.7e). The charge density in the range extend-

ing from −2.7 to 0.6 eV exhibits Zr 4d(e
g
)–B 2p hybridizations with high accumulation 

in the x-axis (Fig. 4.7f). Charge density in energy range from −0.03 to 4.0 eV shows e
g
 

symmetry on Zr sites and 2p
z
 like orbitals on B sites (Fig. 4.7g). That is, states near the 

Fermi level are dominated by Zr–Zr dd interactions and B–B pp interactions.
The total and projected electronic DOS for HfB

2
 are similar to ZrB

2
 as shown in 

Figure  4.8a. The energy level of bonding states shifts downward, which indicates 
enhanced chemical bonding in HfB

2
. The peaks located at −13.7 to −9.5 eV below the 

Fermi level are due to overlapping of hybridized B sp2–B sp2 orbitals, as shown in 
charge density distribution in Figure 4.8b. States between −9.4 and −4.1 eV are domi-
nated by B sp2–B sp2 orbitals and some from B 2p

z
–B 2p

z
 orbitals, as shown in the 

charge density distribution in Figure 4.8c. The contribution of B 2p
z
–B 2p

z
 interactions 

increases in states in the energy range of −7.1 to −1.4 eV (Fig. 4.8d). Peaks located bet-
ween −4.8 and −1.4 eV are dominated by Hf d(t

2g
)–B 2p

z
 B and 2p

z
–B 2p

z
 orbitals 

(Fig. 4.8e). The charge density in the range extending from −3.4 to 0.17 eV exhibits Hf 
5d(e

g
)–B 2p interactions with high accumulation in the x-axis (Fig. 4.8f). The charge 

density in energy range from −0.07 to 4.2 eV shows e
g
 symmetry on Hf site and 2p

z
 like 

orbitals on the B site (Fig. 4.8g) so that the states near the Fermi level are dominated by 
the Hf–Hf dd interactions and also B–B pp interactions.

The energy level of bonding states further shifts downward for the DOS of NbB
2
 as 

shown in Figure 4.9a. The overlapping of hybridized B sp2–B sp2 orbitals ranges from 
−14.1 to −10.0 eV below the Fermi level, as is shown in Figure 4.9b. The peaks located 
from −9.8 to −4.7 eV are mainly from the overlapping of B sp2–B sp2 and some from B 
2p

z
–B 2p

z
 orbitals (Fig. 4.9c). In the energy range from −7.7 to −2.4 eV, the contribution 

from B 2p
z
–B 2p

z
 interactions increases, and Nb-4d(t

2g
)–B 2p

z
 hybridization can also be 



Figure 4.7.  (a) Total and projected electronic density of states of ZrB2, and decomposed 

charge density on (11  ‾20) plane in the energy range from −12.7 to −7.8 eV (b), from −8.7 to 

−3.1 eV (c), from −6.8 to −1.1 eV (d), from −4.1 to −1.1 eV (e), and from −2.7 to 0.6 eV (f), and 

from −0.03 to 4.0 eV (g).
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Figure 4.8.  (a) Total and projected electronic density of states of HfB2, and decomposed 

charge density on (11  ‾20) plane in the energy range from −13.7 to −9.5 eV (b), from −9.4 to 

−4.1 eV (c), from −7.7 to −1.4 eV (d), from −4.8 to −1.4 eV (e), from −3.4 to 1.7 eV (f), and from 

−0.07 to 4.2 eV (g).
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Figure 4.9.  (a) Total and projected electronic density of states of NbB2, and decomposed charge 

density on (11  ‾20) plane in the energy range from −14.1 to −10.0 eV (b), from −9.8 to −4.7 eV (c), 

from −7.7 to −2.4 eV (d), from −5.5 to −2.4 eV (e), from −4.4 to −1.2 eV (f), from −1.6 to 1.9 eV (g),
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seen (Fig. 4.9d). The states from −5.5 to −2.4 eV are dominated by B 2p
z
–B 2p

z
 and 

Nb-4d(t
2g

)–B 2p
z
 interactions (Fig. 4.9e) and those from −4.4 to −1.2 eV are dominated 

by Nb-4d(e
g
)–B 2p

z
 interactions with high accumulation in the x-axis (Fig. 4.9f). The 

charge density in the energy range from −1.6 to 1.9 eV shows e
g
 symmetry on the Nb site 

and p
z
-like orbitals on the B site (Fig. 4.9g). The charge density in the energy range from 

−0.7 to 3.5 eV shows e
g
 symmetry on the Nb site and sp2-like orbitals on the B site 

(Fig. 4.9h), while the charge density in the energy range from −0.6 to 3.8 eV shows e
g
 + 

t
2g

 symmetry on the Nb site and sp2-like orbitals on the B site (Fig. 4.9i). Shifts of B–B 
and Nd–B hybridizations to lower energy ranges indicate that B–B and Nb–B bonds in 
NbB

2
 are stronger than other diborides, which is supported by the shorter B–B and 

Nb–B bond lengths as are given in Table 4.1. The enhanced chemical bonding in NbB
2
 

is due to the presence of one more valence electron in Nb and the increased valence 
electron concentration in NbB

2
. States at the Fermi level are mainly from Nb-4d states 

and also from B-2p states, indicating their contribution to metallic conductivity.
Figure 4.10a shows the total and projected electronic DOS of TaB

2
. Compared to 

NbB
2
, the energy level of bonding states in TaB

2
 further shifts downward. The overlap-

ping of hybridized B sp2–B sp2 orbitals ranges from −14.9 to −10.7 eV below the Fermi 
level, which is shown in Figure  4.10b. The peaks located from −10.5 to −5.3 eV are 
mainly from overlapping of B sp2–B sp2 and some B 2p

z
–B 2p

z
 orbitals, as shown in 

Figure 4.10c. The contribution from B 2p
z
–B 2p

z
 interactions increases in energy range 

from −8.3 to −2.5 eV as shown in Figure 4.10d and Ta-5d(t
2g

)–B 2p
z
 interactions can also 

be seen in this energy range. The states from −6.1 to −2.5 eV are dominated by B 2p
z
–B 

2p
z
 and Ta-5d(t

2g
)–B 2p

z
 interactions (Fig.  4.10e) and those from −4.8 to −1.3 eV are 

dominated by Ta-5d(e
g
)–B 2p

z
 interactions (Fig. 4.10f). The charge density in the energy 

range from −1.7 to 2.1 eV shows e
g
 symmetry at the Ta site and p-like orbitals at the B site 

(Fig. 4.10g). The charge density in the energy range from −0.8 to 3.7 eV shows e
g
 sym-

metry at the Ta site and p+sp2-like orbitals at the B site (Fig. 4.10h). The charge density 
in the energy range from −0.6 to 4.0 eV shows e

g
 + t

2g
 symmetry at the Ta site and p + sp2-

like orbitals at the B site (Fig. 4.10i). The states at the Fermi level are mainly from Ta-5d 
states and also from B-2p states, indicating their contribution to metallic conductivity.

The different responses of B–B and TM–B bonds to hydrostatic pressure in TMB
2
 

(TM = Y, Zr, Hf, Nb, and Ta) can be understood from atomistic bonding analysis. The 
TM–B hybridizations in ZrB

2
, HfB

2
, NbB

2
, and TaB

2
 are dominated by TM d(e

g
)–B 2p

z
 

interactions, while the Y–B hybridization is dominated by d (t
2g

)–B 2p
z
 interactions. As 

(i)

Figure 4.9.  (Continued ) from −0.7 to 3.5 eV (h), and from −0.6 to 3.8 eV (i).

(h)
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Figure 4.10.  (a) Total and projected electronic density of states of TaB2, and decomposed charge 

density on (11  ‾20) plane in the energy range from −14.9 to −10.7 eV (b), from −10.5 to −5.3 eV (c), 

from −8.3 to −2.5 eV (d), from −6.1 to −2.5 eV (e), from −4.8 to −1.3 eV (f), from −1.7 to 2.1 eV (g), 
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a result, the lattice constant a is stiffer in ZrB
2
, HfB

2
, NbB

2
, and TaB

2
 than for YB

2
. 

Another reason is that the Y–B pd bond in YB
2
 is partially filled so that it is not as stiff 

as ZrB
2
, HfB

2
, NbB

2
, and TaB

2
.

4.3.3  Elastic Properties

In the last two sections, anisotropic chemical bonding nature has been revealed. 
Anisotropic chemical bonding can be reflected by an anisotropic Young’s modulus [7, 
26]. To evaluate the effect of anisotropic chemical bonding on elastic stiffness, second-
order elastic constants of single crystals and elastic stiffnesses of polycrystalline TMB

2
 

(TM = Y, Zr, Hf, Nb, and Ta) were calculated. The second-order elastic constants were 
calculated using the following relations:
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	 (4.1)

For hexagonal crystals, only five of the constants are independent, c
11

, c
12

, c
13

, c
33

, and 
c

44
. The anisotropic Young’s modulus was calculated from the compliance matrix using 

Equation (4.2).

	
E x iii

s i= =1 1 2 3/ , , , 	 (4.2)

Poisson’s ratios in different directions were calculated using Equation (4.3).

	
ν x x

ij

ii
i j

s

s
i j= =, , , ,1 2 3 	 (4.3)

The polycrystalline bulk modulus B, shear modulus G, and Young’s modulus E can be 
estimated from the single-crystal elastic constants, c

ij
, according to the Voigt, Reuss, and 

(h) (i)

Figure 4.10.  (Continued ) from −0.8 to 3.7 eV (h), and from −0.6 to 4.0 eV (i).
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Hill approximations [23–25]. According to the Voigt approximation [23], the bulk and 
shear moduli are expressed as follows:

	
Bv c c c c c c= + +( ) + + +( )1

9

2

911 22 33 12 13 23 � (4.4)

	
Gv c c c c c c c c c= + + − − −( ) + + +( )1

15

1

511 22 33 12 13 23 44 55 66 � (4.5)

According to the Reuss approximation [24], the bulk and shear moduli are expressed by

	
BR = + +( ) + + +( )

1

211 22 33 12 13 23s s s s s s
� (4.6)

	
GR = + +( ) − + +( ) + + +( )

1

4 4 311 22 33 12 13 23 44 55 66s s s s s s s s s
� (4.7)

The Voigt and Reuss approximations represent the upper and lower limits of the true 
polycrystalline modulus. Hill proposed the arithmetic mean values of the Voigt’s and 
Reuss’s moduli expressed by [25]

	
B B BH R V= +( )1

2
� (4.8)

	
G G GH R V= +( )1

2
� (4.9)

The Young’s modulus E and Poisson’s ratio ν can be calculated using Hill’s bulk mod-
ulus B and shear modulus G using the following equations [27]:

	
E

BG

B G
=

+
9

3
� (4.10)

	
υ =

−
+( )

3 2

2 3

B G

B G
� (4.11)

Table 4.2 lists the second-order elastic constants c
ij
, and bulk modulus B, shear modulus 

G, Poisson’s ratio v of TMB
2
 (TM = Y, Zr, Hf, Nb, and Ta). The computed elastic 

constants for ZrB
2
 and HfB

2
 are close to those calculated by Lawson et al. [12] and 

experimental values for ZrB
2
 [28], demonstrating the reliability of the computed data. 

Analysis of the data in Table 4.2 shows that the elastic constants are consistent with 
bonding. For example, the elastic constants c

11
 and c

33
, which represent stiffness against 

principal strains, are anisotropic, that is, c
11

 is much higher than c
33

. As a result, the 
Young’s moduli are also anisotropic, that is, the Young’s moduli along the x and y direc-
tions E

x
 and E

y
 are higher than in z direction E

z
, corresponding to stronger chemical 

bonding in the basal plane than in the c direction in the crystal structures of TMB
2
 

(TM = Y, Zr, Hf, Nb, and Ta). As the number of valence electrons increases from 3 for Y 
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to 4 for Zr and Hf and then to 5 for Nb and Ta, c
11

, which represents the stiffness against 
principal strains in [100] direction, increases from 361 GPa for YB

2
 to 540 GPa for ZrB

2
 

and 577 GPa for HfB
2
, and then to 599 GPa for NbB

2
 and 592 GPa for TaB

2
, which is 

consistent with the compressibility of the lattice constant a. The elastic constant c
33

, 
which represents the stiffness against principal strains in [001] direction, however, 
increases from 316 GPa for YB

2
 to 431 GPa for ZrB

2
, reaches a maximum value of 

448 GPa for HfB
2
, and then decreases to 437 GPa for NbB

2
 and 426 GPa for TaB

2
. The 

initial increase in c
33

 is due to enhanced TM d–B p bonding (TM = Y, Zr, Hf), when the 
number of valence electrons further increases to 5, the additional electron contributing 
to TM–dd interactions. Similar changes have been observed for c

44
, which represents 

shear deformation resistance in (010) or (100) plane in [001] direction. Table 4.2 shows 
that c

44
 increases from 160 GPa for YB

2
 to 250 GPa for ZrB

2
, then to a maximum value 

of 253 GPa for HfB
2
, and after that decreases to 219 GPa for NbB

2
, and to 189 GPa for 

TaB
2
. The value of c

44
 is closely related to the TM d–B p bonding. The initial increase in 

c
44

 is due to the change from partially filled pd bonding states in YB
2
 to completely filled 

pd bonding states in ZrB
2
 and HfB

2
. Likewise, the decrease in c

44
 for NbB

2
 and TaB

2
 is 

due to the saturation of pd bonding states and the additional electrons in TM (TM = Nb, 
Ta) dd orbitals with t

2g
 and e

g
 symmetry near the Fermi level. Similar phenomena have 

been observed in binary and ternary carbides [32–34] that the enhanced transition metal 
dd bonding has a negative effect on shear resistance c

44
. The bulk moduli of polycrystal-

line TMB
2
 (TM = Y, Zr, Hf, Nb, and Ta) show similar trends. The bulk modulus B, which 

reflects the resistance to volume change, increases continuously when the number of 

Table 4.2.  Second-order elastic constants (cij) and bulk modulus B, Young’s modulus E, 
shear modulus G of TMB2 (TM = Y, Zr, Hf, Nb, and Ta)

c
ij

Second-order elastic constants

YB
2

ZrB
2

HfB
2

NbB
2

TaB
2

c
11

 (GPa) 361 540 577 599 592
c

33
 (GPa) 316 431 448 437 426

c
44

 (GPa) 160 250 253 219 189
c

12
 (GPa) 65 56 95 107 140

c
13

 (GPa) 92 114 129 185 194
E

x
 = E

y
 (GPa) 329 509 534 520 498

E
z
 (GPa) 276 387 398 340 323

ν
xy

 = ν
yx

0.116 0.051 0.107 0.055 0.102
ν

xz
 = ν

yz
0.257 0.252 0.260 0.400 0.408

ν
zx
 = ν

zy
0.216 0.191 0.193 0.262 0.265

Elastic properties of polycrystalline materials

B (GPa) 171 231 256 287 294
G (GPa) 145 228 230 209 189
E (GPa) 339 514 531 505 466
ν 0.169 0.129 0.154 0.207 0.235
S = 0.75 G/B 0.636 0.740 0.674 0.546 0.482
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valence electrons increases from 3 for Y, 4 for Zr and Hf, and 5 for Nb and Ta. The shear 
modulus G, however, increases from 145 GPa for YB

2
 to a maximum value of 228 GPa 

for ZrB
2
 and 230 GPa for HfB

2
, and then decreases to 209 GPa for NbB

2
 and 189 GPa for 

TaB
2
. As in transition metal carbides [32–34], the enhancement of both TM d–B p and 

TM dd bonding is beneficial to bulk modulus B; however, the enhanced TM dd bonding 
has a negative effect on shear modulus G [34].

The relatively high bulk modulus B, but low shear modulus G, indicates that NbB
2
 

and TaB
2
 are potentially damage-tolerant ceramics. In Table 4.2, the solidity index 

S = 0.75G/B of TMB
2
 (TM = Zr, Hf, Nb, Ta, and Y), which can be used as a criterion to 

distinguish brittle and ductile materials [29]. Low–solidity index materials are more 
damage tolerant. For example, the solidity indices for damage-tolerant layered ternary 
carbides (i.e., MAX phases) are less than 0.5 [30]. Among the TMB

2
 compounds, TaB

2
 

has the lowest solidity index (0.482). Therefore, it is expected to be the most damage 
tolerant among the TMB

2
 investigated in the present work. The other possible damage-

tolerant material is NbB
2
 because it also has a low solidity index (0.546). The predicted 

intrinsic brittleness increases in the order TaB
2
 < NbB

2
 < YB

2
 < HfB

2
 < ZrB

2
.

The Young’s moduli of TMB
2
 are strongly related to thermal shock resistance. 

Table 4.2 shows that the Young’s moduli follows the trend HfB
2
 > ZrB

2
 > NbB

2
 > TaB

2
 > 

YB
2
. Since YB

2
 has the lowest Young’s modulus among the investigated TMB

2
, it is 

expected to have the best thermal shock resistance. TaB
2
 has both low solidity index and 

Young’s modulus, it is predicted to have better thermal shock resistance and damage 
tolerance than HfB

2
 and ZrB

2
.

4.4  Conclusion Remarks

The chemical bonding and anisotropic elastic properties of several TMB
2
 including YB

2
, 

ZrB
2
, HfB

2
, NbB

2
, and TaB

2
 were studied. The response of lattice constants and bond 

lengths to hydrostatic pressure was examined as well as electronic structure, second-
order elastic constants of single crystals, and elastic moduli of bulk polycrystalline 
materials. Lattice constants, bond lengths, and compressibility decrease when the 
number of valence electrons increases from 3 for Y to 4 for Zr and Hf, and then to 5 for 
Nb and Ta. The stiffness along the a direction is higher than that along c direction, 
corresponding to the stronger covalent bonding in the basal plane. DOS and band struc-
ture analysis reveal that B–B bonding is strong covalent, TM–B bonding is ionic–
covalent, and TM–TM bonding is metallic. The mechanical properties are anisotropic 
due to the anisotropic chemical bonding nature. The Young’s moduli in the x and y 
directions are much higher than that in the z direction. The bulk modulus increases when 
TM changes from Y, to Zr and Hf, and then to Nb and Ta. The shear modulus, however, 
increases from 145 GPa for YB

2
 to 228 GPa for ZrB

2
 , reaches a maximum value of 

230 GPa for HfB
2
, and decreases to 209 GPa for NbB

2
 and 189 GPa for TaB

2
. The con-

tinuous increase in bulk modulus B is due to enhancement of TM d–B p and TM dd 
bonding, which is beneficial to the enhanced bulk modulus. The initial increase and then 
decrease in shear modulus G can be explained by enhanced TM d–B p bonding, which 
has a positive effect on shear resistance, while excessive occupation of TM dd bonding 
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has a negative effect on shear modulus G. The Young’s moduli of TMB
2
 are in the order 

of HfB
2
 > ZB

2
 > NbB

2
 > TaB

2
 > YB

2
. YB

2
 is predicted to have the best thermal shock 

resistance since it has the lowest Young’s modulus. The brittleness, based on the calcu-
lated solidity index S = 0.75G/B, is estimated in the order TaB

2
 < NbB

2
 < YB

2
 < HfB

2
 < Zr

B
2
. Because TaB

2
 has both low solidity index and Young’s modulus, it is predicted to 

have better thermal shock resistance and damage tolerance.
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Near-Net-Shaping of Ultra-
High Temperature Ceramics

5.1  Introduction

Ultra-High temperature ceramics (UHTCs) are difficult to densify for the same reason 
they have high melting temperatures, namely, strong bonding between atoms. As such, 
diffusion is typically low, and pressureless sintering (PS) of dry pressed components does 
not lead to ceramics with high relative density. Therefore, UHTCs are usually densified 
by hot pressing (HP), hot isostatic pressing (HIPing), or spark plasma sintering (SPS) 
[1–5]. These techniques are more expensive than PS due to the application of pressure 
and/or the use of consumable dies in processing. Furthermore, only simple shapes (gen-
erally limited to axially symmetric shapes of uniform cross section like cylinders or tiles) 
can be produced by HP and SPS. Such shapes are of limited use in most applications 
where complex-shaped components are required. To produce components with complex 
shapes, HPed or HIPed billets need extensive diamond grinding. To avoid diamond 
grinding, shaping components in the green stage followed by PS is preferred [6–9].

Green bodies with uniform and high particle packing density are more amenable to 
densification by PS than green bodies with low particle packing density [10]. High and 
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uniform particle packing can be obtained by consolidation of particles that interact with 
repulsive forces [11]. Conventional dry pressing techniques are not effective because 
dry systems have no mechanism to develop repulsion between particles (only van der 
Waals attraction is active). In contrast, wet (colloidal) processing can be effective in 
producing consolidated green bodies with uniform and high green density [9, 10]. 
Suspending ceramic particles in a liquid is a possible way to control solution chemistry 
and produce repulsion among particles as discussed in the next section. Well-dispersed 
suspensions (particles interacting via repulsion) enable a number of consolidation tech-
niques, which produce high and uniform particle packing. These techniques are described 
in the third section of this chapter. Colloidal forming techniques have three desirable char-
acteristics. First, they allow for enhanced densification without pressure and, potentially, 
at lower sintering temperatures. Second, they can be used to produce complex-shaped 
objects that need little, if any, diamond machining. Finally, they enable deagglomeration 
and allow for removal of flaws, which enhances reliability [9, 10].

The main driving force for sintering is the reduction in surface energy because 
high-energy particle surfaces are replaced by internal interfaces (such as grain bound-
aries) as densification proceeds. As such, fine particles (micrometer or smaller) with 
high surface area are more amenable to sintering than coarse particles (tens to hundreds 
of µm in diameter). Therefore, the use of fine particles is preferred and can produce 
high-density sintered components by PS.

5.2  Understanding Colloidal Systems: Interparticle 
Forces

Fine particles used in colloidal powder processing have a high surface area-to-volume 
ratio. The behavior of fine particles is dominated by surface forces rather than volume 
forces (due to mass) and are called colloids. The relative influence can be understood 
by considering the consequences of being hit in the head with a baseball compared to 
having a cup of flour (same mass as the baseball) thrown on your head. The baseball 
has large mass so you feel the impact, but the surface adhesive forces are small so that 
ball drops to the ground via gravity after the impact. The particles of flour have small 
mass individually, so they cause little pain when they impact your head, but because 
the surface adhesive forces are greater than the force of gravity, the flour sticks to your 
hair and skin.

The mass of colloidal particles is small enough that energy from thermally induced 
vibrations of liquid molecules is transferred to the solid particles, which causes them to 
move within the liquid. This phenomenon is known as Brownian motion. In the absence 
of other forces, Brownian motion will maintain particles in a constantly moving 
randomized structure  [12]. On Earth, particles also experience the force of gravity 
(a body force). Eventually, gravity wins, and particles settle out of suspension. However, 
Brownian motion can dominate for extended periods of time, which may be much 
longer than the processing time. Small particles, such as fine ceramics, will usually be 
stable against sedimentation for periods of an hour or so and up to a few days, if gently 
stirred or rolled.
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For fine ceramic particles, surface forces dominate the behavior in suspension 
rather than Brownian or gravity forces. The surface forces may be either attractive or 
repulsive. Depending on the total of the attraction and repulsion of all the surfaces forces 
operating in a particular situation, either net attraction or net repulsion can result 
(Fig. 5.1). In the case of net repulsion, the particles remain dispersed in the suspension 
as individual particles and then Brownian motion usually dominates over gravity for 
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sufficient time to produce a suspension that is stable against sedimentation. If net 
attraction is the result, the particles will aggregate into larger, more massive aggregates 
or flocs. In these suspensions, gravity dominates, and the large heavy aggregates tend to 
settle out of suspension. The surface forces also control behavior including suspension 
rheology and particle packing as illustrated in Table 5.1.

The most technologically significant interparticle surface forces are van der Waals, 
electrical double layer (EDL), steric repulsion, and bridging flocculation.

The van der Waals interaction between particles is due to the sum of individual 
dipole moment interactions among all of the atoms in the two particles. Every atom in 
each particle acts as a fluctuating dipole. At every instant, a dipole is created by the sep-
aration of the nucleus of an atom (positive) and its electron cloud (negative). That dipole 
moment fluctuates around the atom at a very fast rate. The electric field emanating from 
the instantaneous fluctuating dipole moment of one atom influences the dipole moments 
of the other atoms in both particles. All of the atoms in both particles correlate their 
dipole moments resulting in the minimum energy configuration. In the case of two par-
ticles of the same material interacting across a third medium, the resulting net interac-
tion created by the sum of all of the dipole–dipole interactions is a net attraction [12, 
14]. The magnitude of the interaction depends upon the index of refraction and dielectric 
properties of the particles and intervening medium. Generally speaking, higher-density 
materials have stronger van der Waals attraction. The magnitude of the interaction can 
be characterized by a parameter called the Hamaker constant (A). If particles are dis-
persed in a fluid and no mechanism is present to create repulsion, the particles will be 
attracted to each other and aggregate. The van der Waals attractive force (F

vdW
) between 

two spherical particles can be estimated using the following equation [1]:

	
F

Ar

DvdW = −
12 2

	 (5.1)

where r is the particle radius, and D is the surface-to-surface separation between the 
particles. The negative sign indicates attraction between the particles.

When particles are suspended in aqueous solutions, they can become charged due to 
reaction of the surface with either hydroxide (OH−) or hydronium (H

3
O+) ions in solution 

Table 5.1.  Influence of surface forces on suspension behaviora

Repulsion Attraction

Typical 
behavior

Individual dispersed particles Aggregation
Slow settling Rapid sedimentation
Low viscosity High viscosity and yield stress
High and uniform particle packing Low and pressure-sensitive particle packing

Typical 
causes

Van der Waals attraction
EDL repulsion (high zeta potential) Low zeta potential
Low salt concentration High salt concentration
Steric repulsion Bridging polymer flocculation

aRefs. 12 and 13.
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at high and low pH, respectively (Fig. 5.1a). Surface ionization occurs with the metal 
hydroxyl groups on metal oxide ceramics. In the case of UHTCs, a thin layer of oxide is 
found on the particle surfaces, so their charging behavior in solution is expected to be 
similar. However, their hydrophobic nature affects suspension preparation in aqueous 
solutions, as observed by Leo et al. [17]. For the sake of discussion; it is assumed that 
UHTCs have at least a surface monolayer of oxide. At low pH, the surface becomes pos-
itively charged, and at high pH, the surface is negative. Each type of surface has a 
particular reactivity with acid and base such that the pH where the surface is neutral 
depends upon the surface chemistry of the material. The pH where the material is neutral 
is known as the isoelectric point (IEP) and is shown in Table 5.2 for a range of UHTCs. 
Since the overall system is electrically neutral, the surface charge on the particles is bal-
anced by oppositely charged counterions in the solution (Fig. 5.1b). The counterions 
form a cloud around the particles according to the Poisson–Boltzman distribution. The 
surface charge and cloud of counterions are known as the Electric Double Layer (EDL) 
[12, 14]. When two particles with the same charge approach one another, their coun-
terion clouds overlap. The overlapping of these ion clouds results in increased ion 
concentration in the gap between the two particles. The increased ion concentration pro-
duces an osmotic pressure that pushes the particles apart. This repulsive force increases 
as particles come closer together and is known as EDL repulsion. The magnitude of the 
repulsive force is related to the zeta potential (ζ) of the particle surface, which is related 
to the surface charge (Fig. 5.1b). The zeta potential is zero at the IEP and increases in 
magnitude as the pH of the suspension moves away from the IEP. The EDL force (F

EDL
) 

drops off exponentially with distance between particles and can be estimated by Equation 
(5.2) for spherical particles (with the same zeta potential) under many conditions:

	 F r e D
EDL =

−2 2πεε κζο
κ 	 (5.2)

where ε is the dielectric constant of the solution, ε
o
 is the permittivity of free space, r 

is the radius of the particle, D is the surface-to-surface distance between the particles, 
and ĸ is the Debye screening parameter. The Debye screening parameter depends on the 
ionic strength (salt concentration) of the solution such that

	
κ = [ ] ( )−3 29 1. c nm 	 (5.3)

where c is the molar concentration of monovalent electrolyte (salt) in the solution. 
If a suspension contains two different types of particles with different IEPs such that one 
particle has negative charge and another positive charge, the EDL force will be attrac-
tive. More detail about these type of interactions is available in the colloid and surface 
chemistry texts [12, 14].

The van der Waals force and the EDL force are the two forces that usually dominate 
behavior in aqueous suspensions. Together, these forces are known as the DLVO forces 
(after Derjaguin, Landau, Verwey, and Overbeek). In aqueous solutions, well-dispersed 
suspensions can be produced by adjusting the pH of the suspension to a few pH units 
away from the IEP so that sufficient magnitude of zeta potential (charge) is developed 
that the EDL repulsion dominates over van der Waal attraction. In nonaqueous 
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Table 5.2.  Isoelectric point (IEP) of most commonly used UHTCs and other relevant powders

Powder IEP Supplier Reference

Borides ZrB
2

4 H.C. Starck, Grade B, 2.3 µm, new  
batch powder received July 2013

*

4.7 H.C. Starck [15]
5 H.C. Starck, Grade B, 2.3 µm [16]
5 H.C. Starck, Grade B, 2.3 µm [17]
5.8 Grade ZrB

2
-F, Japan New Metals Co.;  

2.12 µm
[18]

HfB
2

2.4 H.C. Starck, 11.5 µm *
6.4 Alfa Aesar, 2.9 µm [19]

TiB
2

4.5 H.C. Starck, Grade F, 2.9 µm *
Carbides TiC 3.3 Supplier: Zhuzhou Hard Alloy Plant,  

Hunan, China) 0.60 µm
[20]

3.9 Hefei Kaier Nanotechnology  
Development Co., Ltd., China; 40 nm

[21]

4 H.C. Starck, HV120, 3 µm *
4.3 Supplier: H.C. Starck, 1.4 µm [22]
4.3 Synthesized: Whiskers, 30 nm [22]
5 H.C. Starck [15]

ZrC 3.8 H.C. Starck, Grade B, 2.9 µm *
HfC 2.7 Micron Metals (Atlantic Equipment  

Engineers), HF301, -325mesh
*

B
4
C 5.5 HC Starck; Grade HD15; 2.6 µm [17]

6.8 HC Starck; Grade HD15; 2.6 µm *
SiC 3 Aldrich [15]

3.5 H.C. Starck, 2.1 µm *
4 HSC from Superior Graphite [15]
4.8, 
4.2, 
3.3

Grindwell Norton, Bangalore, India [15]

Nitrides TiN 2.2 T20412-20H, Sanhe Yanjiao Xinyu High 
Technology Company for Ceramic 
Materials, Beijing), 2.3 µm

[23]

3.7 Synthesized powder, 15-30 nm [24]
3.9 H.C. Starck, Grade C, 2.8um *
4 H.C. Starck, 1.2 µm [25]
4.3 Supplier: H.C. Starck, 1.05 µm [22]

Silicides MoSi
2

4.3 Chida Materials Co., Ltd., China 2.5 µm [19]

*Measured by C. Tallon for this book chapter; 100 mg/l powder suspensions were prepared in KCl 10−2 M; pH 
was adjusted with HNO

3
 1 M and NaOH 1 M solutions using a Horiba pH meter. Suspensions were sonicated 

(Ultrasonic Horn, Misonix 4000, Farmingdale, NY) for 2 min and homogenized overnight to allow for surface 
equilibrium. The zeta potential measurements were carried out using Zetasizer NanoZS (Malvern, Sydney, 
Australia). The pH was measured just before loading the suspension in the measuring cell.
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suspensions, van der Waals forces are significant, but EDL forces are not usually 
important because the low dielectric constant of nonpolar solvents dramatically reduces 
the magnitude of the EDL forces.

When soluble polymers are added to suspensions, the polymers can adsorb onto 
particle surfaces, which develops other forces (Fig. 5.1c). These forces, known as steric 
repulsion and bridging flocculation (attraction), can be important in both aqueous and non-
aqueous ceramic particle suspensions. When the polymer has a relatively low molecular 
weight (10,000–500,000 Da) and added in concentration to completely cover the particle 
surface, the polymer chains form a cushion that prevents other particles from approaching, 
producing steric repulsion between particles [9, 26]. This mechanism is useful in developing 
well-dispersed suspensions in nonaqueous solvent, since the steric repulsion can over-
whelm the van der Waals attraction in these systems, if the polymer type and dose are 
carefully selected. Steric repulsion can also be important in aqueous systems, but polyelec-
trolytes (charged polymers) can be used in aqueous systems so that both EDL and steric 
repulsion combine to aid in dispersing ceramic particles. If the polymer is only poorly 
soluble in the solvent, steric attraction can develop between particles. This condition is 
usually to be avoided in ceramic powder processing where well-dispersed suspensions are 
desirable. If the soluble polymer has a high molecular weight (greater than about a million 
dalton) and is added in concentrations such that it covers only about half of the surface of 
the particles, the polymer can bridge between two or more particles resulting in attraction 
between particles known as bridging flocculation [27]. Again, this condition is usually 
avoided in ceramic powder processing. Additionally, a special type of attraction could also 
occur between particles in water, if they are not wetted by water. This force, known as 
hydrophobic attraction, causes aggregation between particles that have high contact angle 
with water and can be a reason why some particles are not easily dispersed in water.

As illustrated in Table 5.1, the net particle interaction force has a dramatic effect on 
suspension behavior. Two aspects of suspension behavior, in particular, are important in 
near-net-shaping of UHTC components. The first aspect is suspension viscosity, which 
needs to be maintained as low as possible with a volume fraction of solids that is as high 
as possible. For most colloidal processing methods, viscosity must be kept low (except, 
e.g., in 3D printing of pastes), so that suspension can be poured or injected into a com-
plex shaped die cavity for the near-net-shaping processes described in the next section. 
The volume fraction must be high to produce a high-density green body and enable PS. 
The second aspect is the particle packing during consolidation, which should be as high 
as possible and uniform. High-density green bodies enable PS at as low a temperature 
as possible, and uniformity of particle packing ensures uniform shrinkage to avoid dis-
tortion and stresses during sintering.

Suspension rheology (flow behavior) is related to several factors including particle 
volume fraction, particle size, and interparticle forces [12, 13, 28, 29]. Suspension vis-
cosity increases dramatically as volume fraction increases and asymptotes to very high 
value as a maximum particle fraction (usually around 64 vol%) is approached. The vis-
cosity of concentrated suspensions is shear thinning (viscosity decreases as shear rate 
increases) over most of the shear rate range of interest for ceramic processing. The typ-
ical suspension viscosity as a function of shear rate is shown schematically in Figure 5.2 
for different particle volume fractions. For noninteracting particles or repulsive particles, 
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shear thinning occurs because Brownian motion randomizes particle arrangement at 
low shear rates. As shear rate increases, particles tend to align in the flow direction to 
produce preferred flow structures, which minimize hydrodynamic interactions resulting 
in reduced viscosity as flow rate increases. At very high shear rates, and volume frac-
tions near maximum packing, particles become jammed and viscosity increases dra
matically in a phenomenon known as shear thickening. Smaller particle sizes tend to 
increase viscosity of both repulsive and, especially, attractive particle networks pri-
marily because the number of particle interactions per unit volume increases with 
decreasing particle size. Well-dispersed suspensions of particles with repulsive interac-
tions produce lower viscosities (at any volume fraction) than attractive particle net-
works. This is simply because attractive particle interactions create an additional 
bonding force that must be overcome before particles can rearrange and flow. As such, 
well-dispersed suspensions at the highest volume fraction that is pourable are the desir-
able conditions for suspensions for ceramic processing.

The final volume fraction (or packing) of particles during consolidation by pressure 
depends on the applied pressure and suspension response to applied pressure [11, 13] 
(Fig. 5.3). The suspension response to consolidation pressure is different for well-dispersed 
suspensions and attractive particle networks. Well-dispersed suspensions typically pack to 
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near-maximum packing fraction, and density is insensitive to applied pressure. On the 
other hand, attractive particle networks result in lower final densities (at a particular pressure 
compared to dispersed suspensions), and density depends strongly on applied pressure. 
Pressure sensitivity (or lack thereof) is important because pressure gradients exist in 
complex-shaped dies during consolidation. These pressure gradients lead to density gradi-
ents in the case of attractive particle suspensions, which produce inhomogeneous green 
bodies. Such green bodies shrink nonuniformly during densification, tend to warp, and 
develop stresses, which lead to cracking and lack of shape control. Dry powder systems have 
no mechanism for developing repulsion between particles, so dry pressed components are 
particularly susceptible to green body density gradients, sintering warpage, and cracking.

One of the most important reasons for using the colloidal processing approach is 
that it enables the production of ceramic materials that are more reliable because of the 
reduced number and size of flaws in the final component [9, 30]. Soft agglomerates can 
be broken down by combination of physical action (mixing, milling, etc.) and chemical 
action (creating repulsion between particles) using the colloidal approach. Hard agglom-
erates and inclusions can be removed by filtration or sedimentation of the well-dispersed 
suspension. Removal of these heterogeneities results in more uniform and flaw-free 
green bodies. Once sintered, components produced by colloidal processing will have 
improved strength and reliability.

5.3  Near-Net-Shape Colloidal Processing Techniques

Near-net-shape (NNS) processing techniques are able to produce green (and sintered) 
pieces that resemble the final geometry of the desired component. These methods min-
imize (or eliminate) expensive and costly diamond machining [6, 8].
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NNS forming techniques can be classified as dry, plastic, and wet (colloidal) 
processing methods [31], depending on the water (solvent) content of the initial powder 
mixture (Fig. 5.4). The best-known example of dry NNS processing techniques is cold 
isostatic pressing (CIPping), where the powder is placed into a flexible mold. The mold 
sits inside an oil bath, which transmits hydrostatic pressure homogeneously to produce 
the green body. The main disadvantage is that the use of dry powder can cause problems 
associated with the presence of aggregates and low green density. Plastic NNS tech-
niques include extrusion and the use of thermoplastic injection molding using binders 
that melt, such as paraffin wax, thermoplastic polymeric resins, and polymer mixtures 
for low-pressure injection molding processes. The main drawback is the removal of 
large amounts of polymers/binders (typically filling the entire interstitial space among 
particles), which can cause cracking and undesirable porosity. Paste homogeneity can 
also be a challenge, depending on the particle size of the powder.

The colloidal NNS processing techniques involve the preparation of stable powder 
suspensions, as detailed in the previous section. The suspension is then cast into a mold 
with the desired geometry, and it is consolidated by different mechanisms, such as 
filtration (slip casting), gelation (gelcasting), freezing (freeze casting/ice templating), 
coagulation (direct coagulation casting), or evaporation (3D printing). The dispersion of 
the powder into a solvent offers the advantage of better homogeneity of the final material 
since aggregates are broken down. By controlling interparticle forces, packing of powder 
particles in the green body is more efficient, leading to a higher green density material 
[9, 10] and a more dense material after sintering.

Colloidal processing techniques have been used for several decades, but they are 
finding a second life in the application for the processing of materials that traditionally 
have not been prepared by these techniques, such as UHTCs. Nonoxide ceramics such 
as UHTCs are typically prepared by dry processing techniques in combination with HP 
[1, 2, 32] or, more recently, SPS [3–5], as shown in Figure 5.5. Their strong covalent 
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bonding and low self-diffusion coefficients make the use of extremely high temperature 
and pressure necessary for densification. As a consequence, components are normally 
made in a very simple geometry (cylinders or tiles) that requires machining to achieve 
the final complex shape. The machining of such hard materials is time consuming and 
expensive. Therefore, the use of NNS techniques to produce green bodies in combination 
with PS is likely to be successful in producing UHTC components.

Apart from the benefits of preparing complex shapes without the need for 
machining, colloidal processing offers other advantages as outlined in the previous 
section. Dry processing could lead to the introduction of potential defects in the 
material, such as impurities from grinding, agglomerates after drying the milled 
powder, and the need of sintering aids that could affect the final material, as explained 
in Figure  5.5. Through colloidal processing and control of interparticle forces in 
suspension (Fig. 5.6), better homogenization of particles within a suspension can be 
achieved along with the reduction of aggregates, both of which lead to higher particle 
packing in green bodies and minimization of the need for sintering aids. Enhanced par-
ticle packing in the green body leads to sintering at lower temperatures, removing the 
need for applying pressure.

Most applications of UHTCs need large components of complex shape. Suitable 
colloidal processing techniques to be explored are summarized as follows: 

1.	 Slip casting. This is the oldest and simplest colloidal processing route. A ceramic 
suspension up to 50 vol% solids is cast into a porous mold (made of plaster of 
Paris or porous plastic) [31]. Capillary pressure exerted by the empty pores of the 
mold drives consolidation. The solvent is extracted from the slurry, while parti-
cles are deposited as a layer on the porous mold. The process continues until the 
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Figure 5.5. D ry processing route to prepare UHTC components. The main challenge associ-

ated with current technology for preparing UHTCs is the need for high temperature and pres-

sure to densify the materials. This leads to the use of sintering aids, which reduces the service 

performance and limits shapes to very simple geometries.
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Figure 5.6.  Colloidal processing route to prepare UHTC components. In addition to removing 

flaws related to powder aggregates and improvement in the homogeneity of the sample, the 

control of the interparticle forces leads to higher particle packing that reduces the tempera-

ture for sintering and the need of pressure. In addition, near-net-shaping allows the manufac-

turing of UHTC complex shapes.

cast body consolidates to the volume fraction determined by the applied capillary 
pressure and the compressibility of the sample, which depends upon the particle 
interaction [11, 33] (see Fig. 5.3). The body is then demolded and dried. This 
technique is normally recommended for components with uniform cross sections 
(thicknesses less than a centimeter or two) and for sizes no larger than a few hun-
dred millimeters to ensure homogeneity. However, slip casting can be used for 
complex shaping, if the thickness of the plaster is sufficient to develop capillary 
suction pressure uniformly over the geometry. For complex shaping, a negative 
mold of the desired piece is made out of plaster. The slurry is cast in the cavity 
(Fig. 5.7a). Pressure filtration aids in the shaping of complex geometries, since it 
increases the particle packing density and the rate of filtration.

2.	 Gelcasting. The technique was popularized by researchers at Oak Ridge 
National Laboratory in the 1990s [34–37] and has already become a classic 
approach for complex shape preparation in ceramic processing. Polymerization 
of a monomer in solution in a highly solid-loaded suspension leads to the prepa-
ration of green bodies with outstanding mechanical strength. Gelcast bodies can 
be unmolded, handled, and even green machined if needed, all within a shorter 
consolidation time than other techniques using less than 5 wt% gelcasting addi-
tives [38, 39]. Figure 5.7b summarizes the main steps of gelcasting. The mono-
mer and crosslinkers are dissolved in the solution prior to powder addition. 
After the addition of initiator and catalyst (or activator), which trigger the 
polymerization reaction, the suspension is cast into the desired mold. This reac-
tion initiates the formation of microgels between monomer and crosslinkers, 
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which eventually join into a macrogel network that holds the particles in places, 
keeping the same homogeneity in the green body as in the suspension. Gelcasting 
is very attractive when used in combination with other processing techniques to 
prevent cracking during drying, as in tape casting [40–42], freeze casting  
[43–47], or hydrolysis-assisted solidification [48]. Gelcasting has also been 
combined with particle stabilized foams to make porous materials [49, 50].

3.	 Freeze Casting. Freeze-drying is a very well-known technique for drying that was 
turned into a shaping technique [51–54]. The suspension is frozen inside the 
desired shape mold, and ice crystals formed by freezing the solvent are removed 
by sublimation (Fig. 5.7c). These ice crystals lock the particles in place, maintain-
ing the homogeneity of the suspension through the green body and allowing for 
easy handling and unmolding the piece before the vacuum drying stage. After the 
sublimation, a packed (quickset) [54] or porous (ice templating) [55–57] green 
body is obtained, by adjusting the parameters of the method (freezing rate, solid 
content, cryoprotector addition) [58–60]. Setting times are very short, and drying 
times, depending on the size, make it an alternative to gelcasting. In most of situ-
ations, only 2 or 3 wt% dispersant is needed, minimizing the need for a binder 
burn-out step. Freeze casting has been used in combination with other techniques 
such as tape casting [61, 62], gelcasting, injection molding [54, 63], and electro-
phoresis [64], to aid drying and to create an extra level of porosity in materials.

4.	 Tape casting. In contrast with the other techniques described so far, tape casting 
is used to produce flexible thin films that can be stacked together to produce a 
multilayer structure [31]. The suspension is poured into the reservoir of a doctor 
blade. Upon the movement of the carrier, the slurry is spread over the sheet with 
a thickness determined by the gap between the blade and the carrier sheet (final 
tapes of thickness ranging from 10 to 1000 μm). Solvent is removed by evapora-
tion during drying. To prevent drying cracks and provide flexibility needed for 
handling, a number of polymeric additives, such as dispersant, binder, and plas-
ticizer, are added to the suspension formulation. In addition, a mixture of sol-
vents is recommended [65, 66]. This is the main reason why tape casting has 
been associated recently with gelcasting and freeze casting technologies.

5.3.1  Successful Processing of UHTCs Using Colloidal Routes

The earlier section described some of the most developed colloidal NNS techniques 
that could be put used for processing UHTCs. Several studies have been published 
pursuing the idea of using colloidal processing techniques for developing UHTCs. 
Huang et al. [16] prepared aqueous suspensions of ZrB

2
 for a freeze form extrusion 

fabrication rapid prototyping technique. Their ceramics reached relative densities of 
96% by PS at 2000°C. Medri et al. [67] produced composites of ZrB

2
–SiC–Si

3
N

4
 by 

aqueous slip casting using a commercial dispersant. The bodies were sintered at 
2150°C and produced relative densities of 98%. The preparation of flexible ZrB

2
 

tapes was investigated using aqueous and organic suspensions of ZrB
2
 to produce a 

thicknesses of approximately 250–280 μm with a green tensile strength of 1.21 MPa 
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[68, 69]. He et al. [70] developed aqueous gelcasting formulations using acrylamide 
and HEMA. Their ZrB

2
–SiC green bodies contained B

4
C and C as sintering aids that 

were sintered at 2100°C and 2 h to produce 98% relative density.
The versatility of colloidal processing techniques has led to the preparation of 

porous UHTCs, which opens a new range of applications where full density is not 
required. Landi et al. [71] have reported the preparation of ZrB

2
 materials with aligned 

porosity by ice templating (freeze casting) of aqueous suspensions. By tuning the 
parameters controlling the ice growth, materials with 60–70% porosity and pores rang-
ing from 30 to 180 μm were prepared. Also, Medri et al. [72] produced macroporous 
materials with porosities up to 88% using natural and synthetic foams for replica proce-
dures, and around 70% using ovalbumin as a surfactant for foam preparation. These 
authors used PS at 2100 and 2150°C, respectively, which ensured enough densification 
of the struts to reach strengths of 67 MPa in the case of ice templating. For sacrificial 
templating, higher porosity and larger pore size resulted in a strength of only 4 MPa.

Despite good results, a few issues are still holding back the application of these 
techniques to the UHTC community’s needs. Some of the ongoing issues that need to be 
addressed are the following:

1.	 Oxidation. The most important issue is the oxidation of UHTC powders. 
Oxidation affects the service conditions of UHTC components and can change 
performance from success to failure [2, 73]. The idea of putting UHTC particles 
into water for processing may not seem like the best way forward. However, 
powders supplied by manufacturers are sold in containers that allow contact with 
air. As a result, powders contain some oxygen impurities distributed as the cor-
responding oxide over the surfaces of the particles. Conventionally, the develop-
ment of colloidal processing techniques has taken place using aqueous 
formulations. Nowadays, many different nonaqueous formulations are available, 
which may be more suitable for nonoxide ceramics. Compared to the as-supplied 
powders, no significant increase in oxygen content was measured for a common 
commercial ZrB

2
 powder upon soaking in water or cyclohexane after 2 days of 

immersion and subsequent drying at 80°C for another day in air [74]. Some other 
compounds like HfB

2
 or TaB

2
 may have stronger tendencies to oxidize [2, 75], 

but sintering aids like carbon are commonly used to reduce the oxygen content 
from the starting powders to levels necessary for densification. Colloidal pro-
cessing is the best option to incorporate these additives homogeneously.

2.	 Pressureless Sintering. If an NNS process is to be used, then densification needs 
to be done accordingly. PS can be used to densify materials that have very strong 
covalent bonds and low self-diffusion rates [2, 76]. PS is possible, if the driving 
force for densification is enhanced using sintering aids. Another way to improve 
densification is to improve particle packing or to reduce the starting particle size 
during synthesis [2, 76, 77] or by milling [3, 78–80].

3.	 Particle size. Decreasing particle size is one of the main issues for colloidal 
processing. The term colloidal generally refers to particle sizes below 1 μm, yet 
commercially available ZrB

2
 powders have average particle sizes as high as 

approximately 20 μm. Above a few micrometers, gravity dominates particle 



98� Near-Net-Shaping of Ultra-High Temperature Ceramics

behavior, and stable suspensions cannot be prepared due to sedimentation. 
Below 1 μm, interparticle forces and Brownian motion govern the behavior of 
particles in suspension. This enables creation of repulsive forces to overcome 
attractive forces and produce a stable suspension. Grinding and milling can be 
used to reduce particle size to appropriate values. Lee et al. [18] investigated 
milling of ZrB

2
 using a planetary mill with SiC balls and ethanol as dispersing 

medium. Due to the inherent properties of the powder, size was reduced from 
2.3 µm initially to only 1.9 µm after milling, even after extensive milling times. 
More energetic milling procedures, such as attrition milling can be used, but 
impurities from grinding media [32] affect the purity of the powder and might 
compromise the final service conditions. Also grinding is an expensive opera-
tion. Synthesis of fine UHTC powders [77, 81] could address this problem 
although the amounts produced are typically too small to prepare large quanti-
ties of highly concentrated suspensions.

4.	 Particle density and shape. Finally, the density and shape of particles are also a 
challenge. The smallest particle size available commercially is between 1 and 
3 μm. Due to the higher densities of UHTCs, sedimentation forces in suspen-
sions are a factor to consider. Since most of the small particle size powders avail-
able commercially have been produced by grinding, the shape of the particles is 
angular and irregular, far from the spherical shape that is preferred for high 
particle packing in green bodies to allow for PS.

Next, a case study is presented whereby colloidal processing and PS of ZrB
2
 dem-

onstrate that colloidal processing is a viable option for the preparation of complex-
shaped UHTC materials. In this study, bodies prepared by colloidal processing and PS 
are compared to those produced by dry processing and hot pressing without any sinter-
ing aids.

5.3.2  Case Study: Colloidal Processing and Pressureless  
Sintering of UHTCs

To investigate the feasibility of colloidal processing, zirconium diboride was selected as 
a reference material, since it is well studied and described in the literature. Slip casting 
and PS will be demonstrated to produce materials with near full density and able to sur-
vive extreme temperatures for a few minutes without melting or cracking. The details of 
this work are summarized here and presented in detail elsewhere [74].

5.3.2.1  Suspension Optimization through Rheological Study.  For this 
study, ZrB

2
 Grade B from H.C. Starck was used because it is used by most of the leading 

research groups. The powder is slightly aggregated, with a Dv
50

 of 2.3 μm, and has irreg-
ularly shaped particles. The oxygen content of the as-received powder was 0.90 wt%. 
Particles were suspended in water and an organic solvent (cyclohexane) for 2 days and 
dried at 80°C for 24 h. The oxygen content did not change from that initial value after 
suspension. However, to be conservative and because it produced lower-viscosity suspen-
sions [17, 74], a nonaqueous formulation was selected to prepare the suspensions.
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The first step was to study rheology to determine optimum suspension conditions. 
Suspensions of 20 vol% solids were prepared in cyclohexane using 1, 3, and 5 wt% of a 
commercial dispersant (Hypermer A70, Croda, Australia) with respect to the powder 
weight. This dispersant is a polymer comprised of hydroxyl and amino functional 
groups with a molecular weight of approximately 4.8 × 105 g/mol. The dispersant was 
dissolved in the solvent before adding the powder. Suspensions were sonicated for 2 min 
and rolled for homogenization for 6 h. Rheological behavior was studied using a rheom-
eter (AR-G2, TA instruments) in parallel plate configuration with 40 mm diameter plates 
and a 700 μm gap, using shear rates from 10 to 1000 s−1. The viscosity as a function of 
shear rate behavior (Fig.  5.8) showed that the suspension with 1 wt% of dispersant 
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exhibited shear-thinning behavior, indicating that it was not completely dispersed. With 
3 wt% dispersant, the suspension was nearly Newtonian, indicating that it was well dis-
persed and stable. In contrast, 5 wt% dispersant was excessive, indicating that dispersant 
remained in solution and increased the viscosity of the suspension. Based on these 
observations, 3 wt% dispersant was selected as the optimum amount to prepare ZrB

2
 

suspensions in cyclohexane. A high solid content suspension with a low-enough vis-
cosity to fill the desired mold was desired for producing high green density. Suspensions 
with up to 50 vol% solids were prepared using 3 wt% dispersant. These suspensions had 
appropriate viscosity for slip casting [74].

Lee et al. [18] prepared aqueous ZrB
2
 suspensions up to 45 vol% by adjusting pH 

or adding PEI as a dispersant. Similarly, our group has also been working in aqueous 
formulations using different particle stabilization mechanisms [17]. The maximum solid 
contents and green densities were not as high for aqueous formulations as the ones 
achieved with the nonaqueous formulation because of stronger repulsion forces between 
particles in cyclohexane.

5.3.2.2  Green Body Formation.  Slip casting was selected as the shaping tech-
nique since it is simple and widely used for all types of materials. Also, it does not 
require the addition of any other reagent to consolidate the component, so the effect of 
particle packing on sintering could be studied directly.

Suspensions prepared using the optimized conditions described earlier were ball 
milled with WC media in a very gentle manner for 6 h. The goal was to ensure homog-
enization and a good quality suspension by breaking the aggregates of the initial powder, 
not to reduce primary particle size. The oxygen content in the powder increased during 
milling, as reported by Lee et al. [82]. In our case, the oxygen content was 1.25% after 
milling compared to 0.9 wt% initially. The final oxygen content in our samples at the 
end of the processing was below 1 wt% for all conditions studied [74].

Suspensions were cast into lubricated metallic rings of 50 mm diameter placed on 
top of plaster of Paris. Specimens were covered with plastic film to minimize evapora-
tion during casting. After 24 h, they were unmolded. Slip cast disks (50 mm diameter, 
10 mm height) had an average green density of 63% of the theoretical density. No cracks 
were observed, and the disks had enough strength to be handled and machined. Wang 
et al. [83] reported a green density of 53% after slip casting an aqueous ZrB

2
–SiC slurry 

of 45 vol%. The higher green density achieved in the present study was due to the 
stronger repulsion forces between particles in the nonaqueous solvent, which led suspen-
sions with higher solid loadings. For comparison, the same powder was dry pressed into 
disks of similar dimensions applying a uniaxial load of 50 MPa. The green density of 
these disks was 48%. The ZrB

2
 particles in our slip cast bodies were nearly close packed 

due to the superior quality of the suspension (colloidal processing) and the removal of 
powder aggregates, as compared with the dry pressed powder, which can reach only low 
particle packing densities due to the Van der Waals attraction between the dry particles.

5.3.2.3  Sintering.  Disks produced by colloidal processing (and dry pressing) were 
sintered at 1900, 2000, and 2100°C in a graphite vacuum furnace set up to also run as a 
hot press. The dies, rams, and crucibles used were made out of graphite. Two sintering 
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procedures were performed at each of these temperatures: PS and HP. For PS, disks were 
placed in a crucible outside the die, while disks for HP were loaded inside a die. The 
dwell time was 1 h at each temperature, and the applied pressure in the case of HP was 
40 MPa, which was applied during the dwell at the maximum temperature. Heating and 
cooling ramps were 10°C/min up to 1500°C and 5°C/min above that temperature.

Slip cast disks required calcination stage at 400°C for 2 h in air prior to sintering to 
remove any remaining organic solvent and polymeric dispersant to protect the vacuum 
furnace. Calcination increased oxygen content to 3 wt%, but oxygen content was 
reduced below 0.5 wt% after vacuum sintering in the graphite furnace. The temperature 
for calcination was well below 700°C, which is the temperature above which significant 
oxidation of ZrB

2
 occurs [73, 84, 85].

Sintered samples did not show any signs of cracking for any of the selected temper-
atures or sintering procedures. Densification results are summarized in Figure 5.9. At 
1900 and 2000°C, colloidal processing samples showed only signs of necking between 
particles when PS was selected, with densities around the 70%. However, at 2100°C, the 
disks reached 93% relative density. Although this value does not represent full densifi-
cation, it is more than enough for a wide range of applications for UHTC materials [86]. 
This result is remarkable since the PS of borides to full density is very difficult, espe-
cially without any sintering aids as in this case. Grain coarsening can be faster than 
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densification in borides, resulting in anisotropic growth and entrapped porosity [2]. 
Direct comparisons to other reported studies are difficult because many different starting 
powders have been used. However, in general, PS of ZrB

2
 powder from the same sup-

plier as used in the present work resulted in 70% relative density, after attrition milling, 
cold pressing, CIPping, and sintering at 2100°C [87]. Reaching full density by PS is 
possible with the addition of SiC [83], MoSi

2
 [88], B

4
C [80], C [69], or WC [78]. In the 

case of colloidal processing, the enhanced densification is related to higher particle 
packing in the green body.

Disks prepared by colloidal processing and HP achieved 98% relative density at 
1900°C and full densification at 2000°C without any sintering aids. Densification of 
phase-pure ZrB

2
 by HP is normally achieved at temperatures of 2000°C or higher at 

pressures of 20–30 MPa or at lower temperatures but higher pressures. Monteverde 
et al. [89] reported a sintered density of 87% at 1900°C and 30 MPa under vacuum for 
similar powder as used in the present study, while Chamberlain et al. [32] obtained 98% 
relative density at 1900°C after 32 MPa and 45 min due to the incorporation of a 
significant amount of WC during milling. Reactive HP resulted in full densification of 
ZrB

2
 at lower temperatures such as 1890°C, but with the addition of 27% SiC [90]. In 

this context, results obtained using colloidal processing and HP in the present work have 
already matched and exceeded results previously reported for pure ZrB

2
, due to the 

improved homogeneity and green density of the samples.
Compared to dry pressing and sintering under the same conditions, colloidal 

processing led to higher densities in both PS and HP. Higher particle packing in the 
green body enhanced the densification due to the close contact between particles. The 
as-dry pressed pellet had a relative density of only 48%, versus 63% for the colloidal 
counterparts. Close contact between particles enhances densification process at lower 
temperatures, even in the absence of pressure or sintering aids. In addition, suspension 
formation removed aggregates from the as-received powder, enhancing the homoge-
neity of the green material and, therefore, the final components [10]. To corroborate the 
effect of particle packing on densification, samples prepared by dry pressing were 
CIPped at 400 MPa prior to sintering. The additional pressing of the dry particles in the 
green body led to an increase of 43% in sintered density after PS at 1900°C [74]. The 
same procedure applied to samples prepared by colloidal processing produced only an 
increase of 6% in the sintered density under the same conditions, because of the higher 
particle packing for the colloidal processing ones.

No signs of secondary phases were found by XRD or EDS [74]. The oxygen content 
of sintered samples was below 0.5 wt% in all cases, which is below the content mea-
sured for as-received powders. This demonstrated the suitability of wet processing for 
UHTCs without compromising their performance by oxidation. Since WC grinding 
media were used, WC impurities could have been acted as a sintering aid as reported 
in the literature. Chemical analysis revealed that the gentle milling with WC media left 
an impurity content of only 0.09 wt% W. This percentage was well below the values 
reported in the literature to aid the sintering of ZrB

2
. Therefore, improved particle 

packing was the only mechanism responsible for the enhanced densification.
Microstructures of colloidally processing samples that were sintered at 2100°C are 

shown in Figure  5.10. Pores were observed along with some grain pullout from the 
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Figure 5.10. M icrostructure of ZrB2 after sintering at 2100°C/1 h at different magnifications. 

(a and b) Colloidal processing and PS; (c and d) dry processing and PS; (e and f) colloidal pro-

cessing and HP; (g and h) dry pressing and HP.
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polishing, but the microstructures were generally homogeneous and dense. Even though 
these samples were prepared without any additives or secondary phases, the relative 
density values and microstructures indicate that colloidal processing is a promising way 
to produce bulk UHTCs. The density and microstructure may be suitable for some 
applications where UHTCs are normally used [1, 86, 91, 92].

Linear and volume shrinkage were recorded during densification (Fig. 5.11). In the 
case of the colloidal processing samples, there is an increase in the shrinkage observed 
under pressureless conditions when increasing sintering temperature, in good agreement 
with the final density values. The dry pressed materials showed similar trends, only with 
higher shrinkages due to the lower particle packing in the green bodies (48% green density 
after dry pressing compared to 63% green density for colloidal processing). Linear shrink-
age in the axial direction measured for HP materials seems much higher than for PS, but the 
difference was due to geometry. In HP, the diameter is constrained so all of the shrinkage 
occurs in the height compared to all dimensions for PS. The volumetric shrinkage during 
HP was only slightly greater than for disks prepared by colloidal processing, consistent 
with slightly higher sintered density of the HP materials. Nevertheless, the shrinkage values 
for the dry pressed materials were higher than for the specimens prepared by colloidal 
processing. This finding is relevant because even though the improved sintered densities for 
disks prepared by colloidal processing samples are only slightly higher for disks prepared 
by dry pressing, the reduced shrinkage of the colloidal processed materials translates into 
better tolerance and dimension control of the final object during manufacturing. This is 
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especially significant in the case of complex-shaped components, where the dimension 
control represents a very costly and time-consuming step in their fabrication.

5.3.2.4  Complex Shapes.  The systematic study described earlier confirms the 
viability of NNS of UHTCs by colloidal processing techniques. Using the same formu-
lation and shaping technique, a notional leading edge was produced. A plastic mold was 
manufactured with the required geometry, and a negative plaster of Paris was made 
around it. The suspension was cast in the cavity, and after consolidation, the sample was 
unmolded and dried in an oven at 60°C overnight.

Figure 5.12a shows the as-molded green body, which resembles the desired leading-
edge shape, including the sharp front angle. The green body had a smooth surface finish, 
without any additional machining. The green density was in good agreement with the 
values reported in the previous sections.

Leading edges were densified by PS at 2100°C/1 h under vacuum. Samples did not 
crack upon sintering, as seen in Figure 5.12b. A relative density of 93% was recorded 
for samples sintered at 2100°C. Leading edges were then tested under an oxyacetylene 
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Figure 5.12.  ZrB2 Leading edge. (a) Green body produced by slip casting as-unmolded;  

(b) after pressureless sintering at 2100°C/1 h; (c) after oxytorch testing.
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torch (High Temperature Materials Evaluation Rig (HoMER), developed at DSTO 
Fishermans Bend, VIC, Australia). Wedges were subjected to a very high heat flux for 
3 min, at temperatures above 3000°C, as read by the pyrometer. The flame was located 
at the center of the leading edge. The leading edges survived these extreme conditions 
without cracking or melting (Fig. 5.12c), although the surface was oxidized [93].

5.4  Summary, Recommendations, and Path Forward

Colloidal powder processing was an effective approach to manufacture complex-shaped 
UHTC components. Colloidal processing enabled enhanced reliability by controlling 
the interparticle forces between particles, removing flaws, and improving the particle 
packing in the green body. This resulted in a reduced temperature for densification and 
allowed for PS of as-shaped complex components.

Careful selection of solvent and processing additives is key to developing well-dispersed, 
low-viscosity, high-volume-fraction suspensions required for colloidal processing. To mini-
mize the risk of oxidation of UHTC powders, nonaqueous formulations were selected. 
Further advances will be enabled by the development of polymers/dispersants that produce 
strong steric repulsion in nonaqueous solvents.

Fine powders (in the submicron-size range) are needed for colloidal processing to 
obtain all the benefits inherent to this approach in terms of green body homogeneity and 
improved reliability. In addition, fine powders also play a key role in the reduction of 
densification temperature due to their stronger driving force for densification.

Finally, it is expected that the development of nonaqueous gelcasting and freeze casting 
chemistries suitable for UHTCs will broaden the shaping capability of UHTC materials.
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Sintering and Densification 
MECHANISMS of Ultra-High 

Temperature Ceramics

6.1  Introduction

Ultra-High temperature ceramics (UHTCs) are commonly referred to as a class of 
highly refractory nonoxide compounds characterized by melting points above 3000°C 
[1]. Among UHTCs, transition metal diborides MB

2
 (M = Ti, Zr, Hf, Ta) occupy a 

prominent position of interest and, for that reason, will be treated as a focused case in 
the present chapter.

Sintering of UHTCs is difficult due to their strong covalent bonds and low self-
diffusion rates [2]. For instance, the most common transport mechanisms for solid-state 
sintering of MB

2
 are lattice and grain-boundary diffusion, which involve boron and the 

transition metal atoms. Several sintering studies conducted on MB
2
 have concluded that 

control of surface chemistry during processing is required to achieve dense ceramics 
with desirable microstructures: oxide impurities at the particle surfaces enhance coars-
ening at temperatures below those necessary for densification by the formation of fast 
diffusion paths at the grain boundaries. The real surface chemistry is sensitive to powder 
processing techniques and often very different from what can be predicted by fundamental 
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surface studies in ideal conditions. For instance, an increase in the oxide content in ZrB
2
 

powders was observed after conventional powder processing [3, 4]. X-ray photoelectron 
spectroscopy studies of MB

2
 [5] suggested that a number of B

x
O

y
, MO

y
, and MB

x
O

y
 

stoichiometries may form within MB
2
 ceramics. Extending the effects of these oxygen-

bearing species to other Ultra-High refractory ceramics belonging to group IV–VI 
transition metal carbides (MC), like ZrC, HfC, or TaC, the presence of surface oxides is 
the most important factor hindering densification.

Sintering experiments characterized by peak processing temperatures over 2000°C 
and applied pressures over 30 MPa were routinely conducted to achieve full densifica-
tion in monolithic UHTCs. At very high temperatures, grain coarsening becomes pre-
dominant over densification and leads to poor mechanical properties compared to 
ceramics with refined microstructures. Hence, different strategies to assist UHTC den-
sification have been the focus of continuing research:

•• pure and ultrafine powders synthesized via chemical or solid-state methods [6, 7];

•• refinement of powder particle sizes and/or increasing the defect concentrations 
through mechanical activation, that is, high-energy milling [8];

•• high-temperature reactive sintering of solid precursors [9];

•• the use of sintering additives [10, 11].

The increase in sinterability by using very fine, pure UHTC powders is a well-known 
achievement and is commonly accepted for other class of materials. In the case of coarse 
or low-reactivity UHTC powders, mechanical activation aims to reduce particle size and 
increase defect concentration. Often, this procedure is difficult for UHTC powders, due 
to Young’s modulus being above 400 GPa and fracture toughness between 3 and 
4 MPa√m: the particle size can be reduced by adjusting milling time, solids loading, and 
speed, but most systems show practical grinding limits [12].

UHTCs have been also manufactured using high-temperature solid-state chemical 
reactions [9]: the potential removal of the oxides, very often confined at grain bound-
aries as secondary phases in the sintered microstructure, could provide higher strength 
at elevated temperatures. An additional advantage of this approach is motivated by the 
demand for reducing manufacturing costs, for instance, using cheaper elemental raw 
powders in place of already synthesized single-phase compounds.

Compositional engineering through addition of sintering agents is the most widely 
used approach [10, 11]. Additives can be ceramics or metals, and introduced in various 
amounts and forms (crystalline, precursor, amorphous). As a general rule of thumb, 
additives can either form a liquid phase at the sintering temperature (liquid-phase sinter-
ing) or facilitate removal of the oxides from the powder particle surfaces inducing den-
sification by solid-state sintering. Usually, additives are employed in combination with 
pressure-assisted sintering techniques, with the primary aim of reducing the processing 
temperature as much as possible; however, additives and impurities that form low-
temperature eutectics with UHTCs limit their high-temperature performance.

A list of sintering agents previously explored for hot pressing (HP) of MB
2
 is given 

in Table  6.1, with an indication of sintering temperatures (T
MAX

) that led to full 
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densification. Unpublished data presented here for the first time are referenced “as this 
work.” As a general rule, corresponding temperatures for pressureless sintering (PS) 
cycles are 100–150°C higher. MB

2
, being electrically conductive, are also especially 

suited for spark plasma sintering (SPS), which allows densification to occur at  
100–150°C lower and in shorter times compared to conventional HP.

The purpose of this chapter is to illustrate a variety of sintering experiments applied 
to several different UHTCs, with special emphasis on the sintering aids used, the densi-
fication behavior during HP, and the identification of densification mechanisms. If not 
specified, powder mixtures were processed by wet ball milling. HP runs were conducted 
using induction-heated graphite dies with 15–20°C/min as typical heating rate range, 
under an actively pumped vacuum (1–2 mbar) at temperatures in the range 1550–1950°C 
and a uniaxial pressure range of 30–40 MPa.

The chapter is divided into the following sections: Sections 6.2 and 6.3 are ded-
icated to diborides containing metal and nitride additives, respectively. Section 6.4 is 
dedicated to MB

2
 densified with metal disilicides. Sections 6.5 and 6.6 are devoted to 

carbon and carbide additions. In particular, Section 6.6 deals with the effect of SiC 
particles on densification: is SiC just a reinforcing phase or can be also considered a 
sintering additive? Section 6.7 is focused on MB

2
-SiC composites containing third 

phases. Section  6.8 illustrates important implications of densification on high-
temperature structural stability. Section 6.9 summarizes sintering and densification 
of carbide UHTCs.

6.2  MB2 with Metals

Reactive metals like Ni [13], Mo [25], Nb [26], or Zr [27] were the first sintering 
additives used to densify MB

2
. Densification is assisted by the presence of a liquid 

phase, as it exploits the melting temperature of those metals. The liquid phase causes 
the removal of oxide impurities from MB

2
 particle surfaces and favors particle 

Table 6.1.  Sintering agents and corresponding hot pressing temperature ranges (TMAX) for 
ZrB2 and HfB2

Sintering 
agent

Content 
(vol%) T

MAX
 for ZrB

2
 (°C) Ref. T

MAX
 for HfB

2
 (°C) Ref.

Ni <3 1850 [13]
Si

3
N

4
5 1700 [14] 1800 This work

AlN 5 1850 [15]
ZrSi

2
, HfSi

2
<10 1550 [10] 1600 [16]

MoSi
2

5–15 1750 [17] 1900 [18]
TaSi

2
5–15 1850 [19] 1900 [19]

C, B, B
4
C <5 1900–2000 [20] 1900–2000 [21]

WC 3.3 2000 [22]
SiC 5 1900 [23] 2000 [24]
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rearrangement and mass transfer mechanisms, such as surface and/or volume diffu-
sion [13]. Typical HP temperatures were 1800, 1950, or 1900°C when Mo (5–10 vol%), 
Nb (25 vol%), or Zr (10–20 vol%) were used, respectively, as sintering aids. For Ni 
(3 vol%), a temperature of 1850°C was sufficient to achieve full density [13]. The 
final microstructure sometimes displays (M,Me)B

2
 solid solutions, Me = Mo, Nb. 

High-temperature solubility of MB
2
 into the liquid phase controls mass transfer rate 

and, therefore, the overall densification [25, 26]. Disadvantages of this processing 
route can be excessive grain coarsening and formation of low-melting secondary 
phases at grain boundaries in the final microstructure [28]. As a result, rapid degrada-
tion of flexural strength above 800°C occurs (see Section  6.8), as well as limited 
resistance to oxidation/corrosion. To overcome such problems, ceramic additives are 
preferred over metallic ones.

6.3  MB2 with Nitrides

Ceramic nitrides, like Si
3
N

4
 or AlN, improve the densification of MB

2
, like ZrB

2
 [14, 15] 

or HfB
2
 (this work). With Si

3
N

4
 additions, full densification is achieved at 1700 and 

1800°C for ZrB
2
 and HfB

2
, respectively (see Table 6.1), owing to the formation of a 

liquid phase that not only favors particle rearrangement, but also enhances mass transfer 
kinetics, according to the following sequence: (i) partial dissolution of MB

2
, (ii) volume 

diffusion of the involved species, and (iii) reprecipitation on preexisting undissolved MB
2
 

particles.
The relative density versus temperature curve in Figure  6.1 exhibits the typical 

behavior of liquid-phase sintering: after a short stage of solid-state sintering accompa-
nied by no measurable shrinkage, a steep increase in the densification rate occurs, due 

1

0.9

0.8

0.7

rd

0.6

0.5
1450 1550 1650

T (°C)

1510°C 1585°C

0.98
0.93

ZrB2–AIN

ZrB2–Si3N4

1750 1850

Figure 6.1. R elative density (rd) versus temperature (T) of ZrB2-based compositions using 

5 vol% Si3N4/ or AlN, as sintering aid; onset temperatures and final relative densities are also 

reported on each curve.
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to particle rearrangement in the presence of a liquid. The first effect of the sintering aid 
is to remove surface oxides from MB

2
 powder particles according to:

	
Si N s B O l BN s SiO l3 4 2 3 22 4 3( ) + ( ) → ( ) + ( ) 	 (6.1)

Subsequently, the liquid formed at about 1500°C is very likely due to the reaction of 
Si

3
N

4
 remaining from Reaction 6.1 with SiO

2
 and ZrB

2
. During cooling, BN and ZrO

2
 

pockets precipitate from the liquid phase (Fig. 6.2a), but part of it is retained along the 
grain boundaries in the form of amorphous Si–O–B–N–Zr films (Fig. 6.2b).

AlN was also tested as a sintering aid for pure ZrB
2
 [15]. In Figure 6.1, relative 

density versus temperature for AlN and Si
3
N

4
 additions is compared. AlN is much less 

effective than Si
3
N

4
, causing densification to occur at much higher temperatures (1850 

vs. 1700°C) and with slower rates. In contrast to Si
3
N

4
, no traces of a residual liquid 

phase were found in the final microstructure leading to the conclusion that the main 
effect of AlN addition during HP was to reduce the oxygen content of the ZrB

2
 particles, 

before significant shrinkage started taking place. In the final microstructure, Al
2
O

3
-

based phases were found instead. Refractory nitrides such as HfN [29] and ZrN [30] 
have also been used but only in combination with SiC particles. In both cases, densifi-
cation was accomplished at 1900°C, but without SiC and Si-based species, formation of 
liquid phases is very unlikely. As a matter of fact, among nitrides, Si

3
N

4
 was the most 

effective sintering aid for MB
2
 promoting densification with the highest sintering rate 

and the lowest sintering temperature.

6.4  MB2 with Metal Disilicides

Addition of metal disilicides (MeSi
2
) to TiB

2
 and ZrB

2
 (Me = Ti, Cr, Zr, Mo, Ta, W) was 

first investigated by Pastor and Meyer in 1974 [31] with the purpose of improving the 
oxidation resistance of diborides. In Reference [31], the authors reported significant 

1 μm

(a) (b)

3

1

12

3 nm

Si-O-B-N-Zr

ZrB2

Figure 6.2.  ZrB2 ceramic sintered using 5 vol% Si3N4 as sintering aid: (a) SEM micrograph 

showing ZrB2 (1), ZrO2 (2), and BN (3), (b) high-resolution TEM micrograph of a grain-boundary 

phase.
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chemical interaction and solubility between ZrB
2
 and several MeSi

2
, with the exception 

of TaSi
2
 and WSi

2
. Studies conducted later in the 2000s have instead disclosed them as 

very effective additives for densifying a variety of MB
2
 and through PS [32, 33], HP 

[17, 18], and SPS [18, 34–36]. MeSi
2
 cannot be considered solely as sintering additives, 

like those illustrated in Sections 6.2 and 6.3, since their content can be varied up to 
30 vol% to improve the mechanical properties and oxidation resistance, thus making the 
final material a composite. Table 6.2 summarizes the investigated MeSi

2
 and related 

peak temperatures used during sintering experiments.
Among the disilicides, MoSi

2
 was found to be the most versatile, allowing full den-

sification by PS at temperatures around 1900°C [17, 18, 32–34]. Looking at Table 6.2, 
depending on MoSi

2
 content from 3 to 20 vol%, temperatures for full densification range 

within 1850–1900°C for PS [33], 1750–1800°C for HP [17], and 1750°C for SPS [32]. 
Other MeSi

2
 worth mentioning include ZrSi

2
, TaSi

2
, and WSi

2
.

ZrSi
2
, which has the lowest melting temperature (~1520°C) among those consid-

ered here, has been extensively used by Guo and coworkers for both PS and HP of ZrB
2
 

[37, 38]. TaSi
2
 has been used as a secondary phase in combination with SiC particles, 

due to its ability to improve the oxidation resistance [40]. In comparison, few data are 
available on the densification of ZrB

2
–TaSi

2
 composites. Two studies [19, 41] indicated 

that densification temperatures for MB
2
–TaSi

2
 are close to that of MoSi

2
, but PS is not 

possible, because TaSi
2
 decomposes and volatilizes before significant densification 

starts taking place.
On the other hand, WSi

2
 is the most refractory of the MeSi

2
 compounds examined 

in this work (~2160°C melting point) and requires temperatures above 1900°C for good 
densification of MB

2
. Densification curves of three ZrB

2
-based systems containing 

15 vol% ZrSi
2
, MoSi

2
, or WSi

2
 are shown in Figure 6.3.

According to Pastor and Meyer [31], densification of ZrB
2
 with MeSi

2
 was success-

ful because it was conducted at temperatures close to the MeSi
2
 melting point. Figure 6.3 

shows that the temperature range for densification is affected by the refractoriness of the 
added MeSi

2
, which is lower for ZrSi

2
 (1350–1600°C) and higher for WSi

2
 (1750–

1930°C). The densification curve for ZrB
2
–ZrSi

2
 shows a steep increase in the relative 

density as a function of temperature curve around 1450°C, that is, close to the melting 
point of ZrSi

2
. For MoSi

2
 and WSi

2
, full densification is achieved at temperatures well 

below their melting points (2020 and 2160°C, respectively), but the slopes of the curves, 
and thus the densification rates, are lower.

A distinctive feature of the MB
2
–MeSi

2
 composites is the formation of solid solu-

tions, examples of which are shown in Figure 6.4: (Zr,Mo)B
2
, (Zr,W)B

2
 or (Zr,Ta)B

2
 

shells grow epitaxially onto ZrB
2
 cores. Multiple shells were observed in the case of 

HfB
2
 sintered with ZrSi

2
 (Fig. 6.4c). The core is HfB

2
, the inner shell is a (Hf,Zr)B

2
 solid 

solution with a Hf-to-Zr ratio around 70:30 at%, while the outer shell is a solid solution, 
but with Hf-to-Zr ratio around 95:5 at%.

As far as densification mechanisms are concerned, low dihedral angles of the disili-
cides with MB

2
 suggest that MeSi

2
 compounds have a high affinity for MB

2
 ceramics. 

Moreover, transfer of cations from the diboride matrices into residual intergranular 
Si–O-based films suggests the existence of some liquid phases in which MB

2
 compounds 

are partially soluble [42]. Although some analogies exist, densification mechanisms 
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can be significantly different within this group of metal disilicides. For ZrSi
2
, a liquid 

phase is thought to form due to its melting and/or decomposition. For more refractory 
MeSi

2
 compounds such as MoSi

2
 or WSi

2
, densification was presumed to be assisted by 

a transient liquid phase, due to the reaction between MeSi
2
 and surface oxide impurities 

on the MB
2
 particles. Effects of MoSi

2
 or TaSi

2
 on densification were thoroughly studied 

[41, 43], and several reaction paths were indicated, as suggested by the variety of 
crystalline and amorphous phases identified in the dense microstructures. For MoSi

2
 

additions, the presence of crystalline SiC, MoB, Mo
5
SiB

2
, and pockets of amorphous 

SiO
2
 suggests the following reaction:

	
2 2 2 5 1 52 2 3 2MoSi s B O l MoB s Si l SiO l( ) + ( ) → ( ) + ( ) + ( ). . 	 (6.2)

Reaction 6.2 implies the removal of B
2
O

3
 from boride particle surface and formation of 

Si- or Si–O-based liquids. According to the Mo–Si–B phase diagram [44], liquids could 
form at temperatures as low as 1350°C, which is similar to the temperatures for the 
onset of densification reported for HP and SPS of ZrB

2
. Formation of liquid promotes 

mass transfer mechanisms, by partial dissolution of the MB
2
 matrix. The observed 

formation of epitaxial core–shell structures suggests a solution–reprecipitation mecha-
nism, even if diffusion of Mo into the MB

2
 lattice could also occur. During cooling, the 

transient liquid phase solidifies, resulting in the formation of discrete crystalline phases, 
such as the observed Mo

5
SiB

2
, and in the partial reduction of Si-based species to SiC. In 

the case of TaSi
2
 additions, the starting reaction for densification could be as follows:

	
2 2 2 32 2 3 2 2TaSi s B O l TaB s Si l SiO l( )+ ( )→ ( )+ ( )+ ( ) 	 (6.3)

1

0.95

0.9
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0.8rd
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0.6
1200 1400 1600
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1350°C

0.99 0.99 0.99

WSi2MoSi2ZrSi2

1500°C 1750°C

1800 2000

Figure 6.3. R elative density (rd) versus temperature (T) of ZrB2 sintered with 15 vol% of ZrSi2, 

MoSi2, or WSi2; onset temperatures and final relative densities are also reported on each curve.
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In contrast to the previous case, no pure Ta borides were observed in the sintered 
microstructures implying that the following reaction preferably takes place:

	
1 2 2 1 2−( ) ( )+ ( )→( ) ( )−x x x xMB s TaB s M Ta B s 	 (6.4)

Indeed, the formation of solid solutions in this system was more evident than in the 
previous case (Fig. 6.4d and e), owing to a higher amount of host cations in the MeB

2
 

lattice (Ta ~ 20 at%, Mo ~ 5 at%) and to a higher difference of atomic radii between the 
host and the guest resulting in a more pronounced core–rim interface. The presence of 
intergranular residual films was dependent on the specific MB

2
–MSi

2
 combination and 

on the sintering process. Pressureless sintered ZrB
2
- or HfB

2
–MoSi

2
 were almost com-

pletely free of residual phases [43], and hot-pressed TaB
2
, ZrB

2
, and HfB

2
 with MoSi

2
 or 

TaSi
2
 showed some intergranular film, with TaB

2
 being wetted the most and HfB

2
 being 

the most refractory [41, 45].

5 μm

(a) (b) (c)

(d) (e)

2 μm

ZrB2

ZrB2
[010] 100 nm200 nm

(Zr, Ta)B2

(Zr, Ta)B2
[010]

1 μm

Figure 6.4. E xamples of microstructures of MB2–MeSi2 composites: SEM micrographs showing 

(a) ZrB2–MoSi2, (b) ZrB2–WSi2, and (c) HfB2–ZrSi2 (d) high-resolution TEM image of the interface 

between core and rim in ZrB2–TaSi2 [41] and (e) the same interface showing low angle grain 

boundaries [41].
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6.5  MB2 with Carbon or Carbides

Carbon or carbides are effective sintering aids for MB
2
 compounds at temperatures 

around 1900°C, even in the absence of external applied pressure [20–22, 46–50]. A 
series of publications describe the use of WC [49], B

4
C + WC [50], C + WC [48, 51], and 

C + B
4
C + WC [20] as sintering aids for PS of ZrB

2
 or HfB

2
 [21, 47, 52]. In all these 

studies, WC was usually introduced as a contaminant through powder milling with WC 
media [49], while other additives such as C or B

4
C were deliberately added as sintering 

aids [20, 48, 50]. For instance, a relative density of 98% was obtained at 2150°C for 
attrition-milled ZrB

2
 by Chamberlain et al. [49]. Zhu et al. [20] showed that 99% dense 

ZrB
2
 can be obtained at 1900°C by adding 2 wt% B

4
C and 1 wt% C under the form of 

phenolic resin, after attrition milling of ZrB
2
 powders for 24 h with WC media. These 

contributions also demonstrated that improved densification was unlikely due to the 
reduction of particle size by attrition milling. In contrast, WC contamination (up to 8 
wt% [50]) introduced by attrition milling was disclosed to play an effective role in the 
densification, even in the absence of any other sintering additive [49, 50]. The most 
important mechanism in all of these processes is the removal of surface oxides that 
inhibit the densification by promoting coarsening through evaporation–condensation at 
intermediate temperature. Oxygen contamination on the starting MB

2
 powders takes the 

form of MO
2
 (M = Zr, Hf) and B

2
O

3
 on the particle surface, neither of which is soluble 

in the boride lattice. However, B
2
O

3
 can be removed by evaporation beyond 1500°C 

under active vacuum conditions, even if some amount could remain trapped in the 
powder bed during the early stages of HP. On the contrary, MO

2
 does not evaporate at 

the temperatures needed for the sintering of MB
2
 matrices. These studies confirmed that 

C, B
4
C, and WC reduce the oxygen-carrying chemical species present on the surfaces of 

the MB
2
 powder particles (and here outlined as a mixture of MO

2
 and B

2
O

3
) through the 

following reactions:

	 MO s WC s MC s W s CO g2 3 3 2( )+ ( )→ ( )+ ( )+ ( ) � (6.5)

	 7 5 7 5 32 4 2 2 3MO s B C s MB s CO g B O l( )+ ( )→ ( )+ ( )+ ( ) � (6.6)

	 2 3 2 42 4 2MO s B C s C s MB s CO g( )+ ( )+ ( )→ ( )+ ( ) � (6.7)

	 MO s B O l C s MB s CO g2 2 3 25 5( )+ ( )+ ( )→ ( )+ ( ) � (6.8)

	 MO s C s MC s CO g2 ( )+ ( )→ ( )+ ( ) � (6.9)

Efficient removal of oxides, as described in Reactions 6.5–6.9, depends on vacuum 
conditions. Mild vacuum with a reduced CO(g) partial pressure (P

CO
) reduces the 

temperature at which the reactions become favorable compared to standard state con-
ditions [20, 50]. For instance, in the case of ZrB

2
, Reactions 6.6, 6.7, and 6.8 become 

favorable at 928, 1000, and 1044°C, when the P
CO

 is 25 Pa [20]. After the removal of 
residual oxides, typical transport mechanisms for solid-state densification of MB

2
, like 

lattice and grain-boundary diffusion between boride interfaces, occur. Finally, prod-
ucts in Reactions 6.5 and 6.9 such as W and MC may enter into solid solutions with 
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MB
2
 matrix, and therefore they are not usually detected in the microstructure  [49]. 

Often B
4
C and WC were added in combination with SiC, and as such, they will be 

treated in Section 6.6.

6.6  MB2 with SiC

MB
2
–SiC composites were specifically designed to improve performance compared to 

single-phase MB
2
 in terms of strength and oxidation resistance. Many studies were 

concerned to investigate the effect of varying SiC particulate content [30, 53–69]. Other 
studies were more focused on the introduction of third phases as sintering agents and 
their effects on densification and final properties (see Section 6.7). Recent works explored 
the possibility to improve the fracture toughness through the addition of SiC whiskers 
[70–73] or short fibers [74–76] (Table 6.3).

In this section, SiC is shown to not only to be a reinforcing phase, but also an effec-
tive sintering aid. Indeed, ZrB

2
 containing ultrafine SiC powders (5, 10, 15, and 20 

vol%) and no extra sintering aids, wet mixed with SiC milling media, achieved full 
density for all compositions after HP at 1900°C with 30–40 MPa of applied pressure 
[23, 53]. Reactions 6.10–6.12 were extracted from the chemical equilibria shown in 
Figure 6.5b.

	 3 3 5 3 5 52 2 3 2 2ZrO s B O l SiC s ZrB s SiO s,l CO g( )+ ( ) + ( )→ ( )+ ( )+ ( ) 	 (6.10)

	 SiO l B O l Si O B l2 2 3( )+ ( )→ ( )– – � (6.11)

	 Si O B l SiO g B,O g– – ( )→ ( )+( )( ) � (6.12)

Table 6.3.  ZrB2–SiCW and ZrB2–SiCF composites (W: whisker, F: fiber) sintered by hot pressing 
(HP) using different sintering aids (s.a): peak temperature (TMAX), and final relative density (rd)

s.a type s.a content
SiC content 

and type T
MAX

rd Sintering Ref.

(vol%) (vol%) (°C) (%)
YAG 3 10–30, W 1800 96–98 HP [70]
PCS 10 wt nd, W 1750 >99 HP [71]
YAG 3 20, W 1950 >99 HP [72]
ZrO

2
 fiber 15–25 15–25, W 1850 >99.3 HP [73]

Si
3
N

4
5 15, F 1700 98.7 HP [74]

Si
3
N

4
5 10–30, F 1700 92–100 HP [75]

ZrSi
2

10 15, F 1650 99.9 HP [74]
ZrSi

2
10 20, F 1650 100 HP [75]

MoSi
2

15 20, F 1900 97.6 HP [75]
MoSi

2
15 15, F 1750 99 HP [74]

nd, quantity not declared; PCS, polycarbosilane.
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These are considered the most important reactions driving the removal of oxide impu-
rities from the ZrB

2
 powder particle surfaces. Boron oxide exists as a liquid or vapor 

phase at temperature above 500°C and, according to Figure 6.5a, can be partly removed 
by evaporation beyond 1500°C under active vacuum conditions. Reaction 6.10 is favor-
able under standard conditions above approximately 900°C (see Fig. 6.5b) but switches 
to a thermodynamically more favorable temperature range (i.e., above ~700°C) keeping 
the furnace chamber vacuum level around 1 mbar: this condition facilitates the formation 
of gaseous CO (i.e., the removal of oxides) that can be taken away from the system via 
active mechanical pumping. Similar to the case of carbide additions, the presence of SiC 
creates favorable conditions for changing the surface chemistry of MB

2
 particles, which 

densify significantly before grain coarsening predominates. Also, according to Reaction 
6.11, limited amounts of liquid SiO

2
 prevent, to some extent, the evaporation of boron 

oxide during the early stages of the heating cycle, react with boron oxides, and lead to 
the formation of a borosilicate-based liquid phase between grains, resulting in an 
improved densification (Fig. 6.6).

Unfortunately, the database of the thermochemical solver used (HSC for Chemistry 
v. 6.1) does not include a Si–O–B phase (or similar). The solid products remaining upon 
cooling, zirconia and silica, were mostly found trapped among SiC clusters in the sin-
tered microstructure (Fig. 6.7), which seems to suggest that boron oxide is one of the 
primary inhibitors to the densification process of ZrB

2
 [77].

The densification behavior of various ZrB
2
–SiC compositions in Figure 6.6 implies 

that increasing the amount of SiC leads to shrinkage at progressively lower tempera-
tures, that is, at 1770°C in a SiC-free ZrB

2
 powder (Z0), 1710°C for 5 vol% SiC (ZS05), 

down to 1560°C for 20 vol% SiC (ZS20). In addition, it can be observed that, approach-
ing 1900°C, the densification rate is higher for increasing SiC content (up to 20 vol%). 
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Figure 6.6.  Hot pressing of ZrB2-based compositions (ZSx) with varying SiC particulate content 

(x, vol%), compared to an only milled ZrB2 powder (Z0): relative density (rd) versus tempera-

ture (T). Onset temperatures are indicated for each system.
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Figure 6.8 shows the resulting microstructures of two ZrB
2
–SiC composites, ZS05 and 

ZS20, where it can be clearly seen that, although both were processed at the same peak 
temperature of 1900°C, coarsening of the ZrB

2
 grains was slower as a direct consequence 

of a larger concentration of SiC particulates at grain boundaries. SiC particles hinder 
grain-boundary migration during the final stage of sintering and restrain coarsening of 
the ZrB

2
 matrix, increasing the driving force available for further densification. The 

proof is that, during the isothermal stage at 1900°C and 40 MPa of applied external 
pressure, a longer hold, 25 min, was required for the ZS05 composition to achieve full 
density compared to 15 min for ZS20. These results emphasize the double role of SiC 
as densification activator and grain growth controller for ZrB

2
. On the other hand, a 

milled ZrB
2
 powder sample, that is, Z0, containing no SiC particulates, exhibited a sharp 

drop in densification rate above 1850°C and reached a final relative density of only 87% 

4

3

4

1

1

2

2 μm

2

Figure 6.7. P olished section of a hot-pressed ZrB2–20% SiC: ZrB2- (1), SiC- (2), ZrO2- (3) and 

SiO2-based glassy pockets (4).

(a) (b)

10 μm

Figure 6.8. P olished sections from hot-pressed ZrB2-based ceramics with 5 vol% (a) and 20 

vol% SiC particulates (b).
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because most of the available driving force was consumed by coarsening of the matrix 
during ramping up to 1850°C.

6.7  MB2–SiC Composites with Third Phases

Table 6.4 lists a representative variety of sintering techniques and sintering aids used 
to produce ZrB

2
–SiC composites. Additives range from oxides, like ZrO

2
 [54] and 

Re
2
O

3
 (Re = La, Nd, Y, Yb [55, 56], to nitrides, like Si

3
N

4
 [57], AlN [58], ZrN [30]. In 

addition, metal disilicides, like MoSi
2
 [59], TaSi

2
 [60], and ZrSi

2
 [61], and carbides, 

like B
4
C [62], WC [63, 64], and VC [65], have also been studied. The primary aim was 

to limit peak processing temperatures and holding times, to refine microstructures, 
and, therefore, to improve mechanical properties. Scrolling through the series of 
sintering aids presented in Table 6.4, MoSi

2
 appears one of the most effective during 

densification. In fact, a peak temperature of 1820°C was an appropriate condition to 
reach full density.

Compared to a MoSi
2
-free ZrB

2
–15 vol% SiC (Fig. 6.9), densification is further 

helped by pseudo-binary reactions involving ZrB
2
 and transient Mo borides, similar to 

the MB
2
–MeSi

2
 system analyzed in Section 6.4. The pseudo-binary reactions gave rise 

to a liquid phase that assisted mass transfer through a dissolution–precipitation mecha-
nism: the final microstructure revealed a core–rim structure of the MB

2
 typical of the 

aforesaid mechanism (Fig. 6.9c).
The continuing search of third functional phases to improve both the densification 

process and properties of MB
2
–SiC composites found the use of B

4
C [62, 78] or WC 

Table 6.4.  ZrB2–xSiCP composites (P: particulates) densified by HP, SPS, or PS using 
different sintering aids (s.a): peak temperature (TMAX), and final relative density (rd)

s.a type s.a content x, SiC content T
MAX

rd Sintering Ref.

(vol%) (vol%) (°C) (%)
ZrO

2
5–20 10 1850 >98 HP [54]

Re
2
O

3
3 20 1900 >99 HP [55]

Re = Yb, Nd, Y
La

2
O

3
5 20 1950 >99 SPS [56]

Si
3
N

4
5 20 1870 >98 HP [57]

AlN 10 20 1850 >99 HP [58]
ZrN 4.5 15 1900 >99 HP [30]
MoSi

2
2 15 1820 >99 HP [59]

TaSi
2

10–20 10–30 1600–1800 >99 SPS [60]
ZrSi

2
4–7 17–26 2150 >98 HP [61]

B
4
C 2 20 2000 >99 HP [78]

B
4
C 2–4 20 2200 >99 PS [62]

WC 5–10 20 2000–2200 >99 PS [63]
WC 5 20 1900 >99 HP [64]
VC 5 20 1900 >99 HP [65]
LaB

6
5 15 1900 >99 HP This work
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[63, 64] very effective. Patel et al. [78] very recently explored possible densification 
mechanisms during HP of ZrB

2
–20 vol% SiC–2 vol% B

4
C composite. In Reference [78], 

the authors concluded that particle fragmentation and rearrangement were the only 
mechanisms operating during HP at 1700°C. However, HP at 1850°C was dominated by 
a plastic flow mechanism during densification, while a grain-boundary diffusion-
controlled mechanism was dominant during HP at 2000°C. The benefits of using B

4
C 

can be further understood by looking at the output of the equilibrium compositions in 
Figure 6.10, which incorporates some driving chemical reactions already considered in 
Section 6.6. The great improvement from the complementary addition of SiC and B

4
C 

is the potential not only to fully eliminate the oxide impurities at grain boundaries, but 
also to obtain ZrB

2
 as the only reaction product in the condensed state. This result can, 

in general, be extended to other MB
2
 compounds like HfB

2
. Moreover, as suggested by 

the thermochemical calculations, the reactions involved provide some boron, which is a 
powerful sintering aid for MB

2
.

In a ZrB
2
–15 SiC–5 B

4
C powder mixture (vol%) recently processed by the authors 

of the present chapter, full densification was achieved by HP at 1900°C. No new 
secondary phases were identified in the hot pressed material, but a minor content of 
unreacted boron carbide remained. This carbide was added to react with and remove 
oxides during HP, as illustrated in Figure  6.10. The internal pressure of the furnace 
chamber continuously pumped well below ambient pressure helped chemical reactions 
between oxide impurities and reactive agents (i.e., SiC and B

4
C) to occur at 450–500°C 

lower compared to conditions active during PS (see Fig. 6.10b). Using the latter tech-
nique, peak temperatures have to be increased, with prolonged isothermal holds, to 
achieve equivalent relative densities [62].
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Figure 6.9.  (a) Relative density (rd) versus temperature (T) of ZrB2 + 15 vol% SiC with (ZS15M), 

or without MoSi2 (ZS15): onset temperatures are indicated. Polished sections by SEM from hot-

pressed ZS15 (b) and ZS15M (c) are shown.
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On the other hand, WC as third phase is attracting great attention thanks to its 
ability to improve the performance of MB

2
–SiC-based composites in terms of high-

temperature flexure strength [64, 66] and oxidation resistance [79]. In this respect, 
Zhang et al. [79] recently highlighted the beneficial role of WC in relation to its ability 
to sinter porous external MO

2
 scales when MB

2
–SiC materials, exposed to severe envi-

ronments, loose protection of the external silica-based glasses. The composition (in 
vol%) ZrB

2
–15 SiC–5 WC, experimented by the present authors and here labeled 

ZSWC, was hot pressed at 1900°C and reached a final relative density of about 95% 
(Fig. 6.11). Despite the presence of residual porosity, the potential of this system was 
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disclosed by the measurement of residual flexure strength (measured at 25°C) after 24 h 
of exposure in static air at 1400°C. This composite lost only about 28% of its room tem-
perature strength, decreasing from 540 to 390 MPa. Improvement in the densification 
efficiency is thus strongly recommended to exploit its potential.

Recent advances in powder processing offer practical solutions through high-energy 
grinding methods like planetary or shaker mill, under dry or wet conditions. Ortiz et al. [8] 
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Figure 6.11. R elative density (rd) of ZrB2–15SiC–xWC composition (vol%) using high-energy 

milled (x = 2 for ZSWC–HM up to T1 MAX = 1900°C) or only mixed ZrB2 (x = 5 for ZSWC up to  

T2 MAX = 1930°C): (a) rd versus temperature (T), (b) rd versus time (t) at T1 MAX and T2 MAX. For 

ZSWC, uniaxial pressure was applied at the constant value of 30 MPa from RT, while in three 

steps for ZSWC–HM.
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highlighted the outstanding opportunity that microstructure refinement down to ultrafine 
scale offers for speeding up sintering kinetics of refractory compounds like ZrB

2
. 

To verify the benefits of this approach, ZrB
2
 powder was first comminuted in wet con-

ditions using a zirconia planetary mill and WC beads (this work). Then, in the composi-
tion here labeled ZSWC–HM, 15 vol% SiC and 2 vol% WC were added to the 
comminuted ZrB

2
, and wet ball milled for several hours. Densification began as soon as 

the uniaxial pressure was applied at 1450°C and the powder compact continued to 
densify as it was heated to the final HP temperature (Fig. 6.11). Compared to the con-
ventionally wet ball-milled powder mixture (ZSWC), the composition containing a 
ZrB

2
 powder treated with a high-energy planetary mill (ZSWC–HM) achieved full 

density by HP at 1900°C (Fig. 6.11).
Analysis by X-ray diffraction and scanning electron microscopy (Fig. 6.12) showed 

the formation of (Zr,W)B
2
 solid solution rims around ZrB

2
 cores, and of (W,Zr)B and 

(Zr,W)C as secondary phases. No W silicides were observed. Compared to the ZSWC 
composition, activated sintering in the ZSWC–HM composition can be explained in 
terms of a synergic effect of a shorter diffusion mean free path of Zr and B along a 
greater density of grain boundaries and vacancies available for faster diffusion.

6.8  Effects of Sintering Aids on  
High-Temperature Stability

Proper additions of reactive sintering agents may improve the performance of UHTCs 
through grain refinement. However, these same additives may be deleterious for high-
temperature properties due to residual secondary phases, especially for liquid-phase 
sintering additives. Load–displacement (L–d) curves recorded during flexure strength 
tests at high temperature may provide insight into this issue. Pure ZrB

2
 has L–d linear 

curves up to at least 1200°C [80] while addition of 5 vol% of Si
3
N

4
 leads to a strong 

deviation from linearity [57]. Figure 6.13a shows that the L–d curves of various MB
2
–

MeSi
2
 systems maintain linearity up to 1500°C, while the simultaneous addition of 

1 3 3

2

2
(a) (b) C

C

R

R

4 μm 1 μm

Figure 6.12. P olished regions by SEM of hot-pressed ZrB2–15SiC–2WC composite (see ZSWC–

HM in Fig. 6.11): (a) overall microstructure with ZrB2 (1), SiC (2), (W,Zr)B (3) and (b) magnifica-

tion of ZrB2 cores (C) and (Zr,W)B2 rim (R).
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2 vol% MoSi
2
 and 15 vol% SiC leads to some departure from linearity (Fig. 6.13b). In 

this context, some measurable deviation from linearity is considered by the authors of 
the present chapter to be an indicator of loss in refractoriness and structural stability.

From these results, it can be inferred that, with no optimization of sintering condi-
tions leading to the effective removal of residual oxides, addition of SiC may leave 
residual silica-based amorphous phases upon cooling. This issue can partly be fixed 
with WC or B

4
C additions to ZrB

2
-based systems, as shown in Figure 6.13b: even in the 

presence of a significant amount of SiC, linearity is retained up to 1500°C.
Flexure strength values at high temperature seem to be closely related to the type of 

sintering aid used, as shown in Figures 6.13 and 6.14. Almost all results presented have 
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been obtained at ISTEC in 4-pt bending configuration in air up to 1500°C. Figure 6.13b 
compares different ZrB

2
–SiC systems containing MoSi

2
, WC, and B

4
C as sintering aids. 

On one hand, the ZrB
2
–SiC system with MoSi

2
 as sintering additive (255 MPa of average 

flexure strength at 1500°C) retains 28% of its room temperature flexural strength. On 
the other hand, the ZrB

2
–SiC systems with B

4
C and WC as sintering aids (average 

flexure strengths of 590 and 360 MPa at 1500°C) maintain their RT flexure strength 
more efficiently: 80% for B

4
C additions and 70% for WC additions. Figure 6.14a shows 

the effect of sintering additive in SiC-free materials, with additive content not exceeding 
5 vol%. The most refractory composite is that obtained with MoSi

2
 by PS [33], while 

metals and nitrides lead to reduced performance at high temperature. PS for MB
2
–MoSi

2
 

is indeed the best densification method for the elimination of SiO
2
-based pockets and 

getting non-wetted grain boundaries. The slower sintering rate compared to HP and 
highly reducing atmosphere favored the volatilization of silica to Si–O and C–O species, 
before complete pore closure occurred. The best performance of this system could also 
rely on the formation of refractory phases at the triple junctions [45]. Systems com-
prising HfB

2
-3, 6, 9 vol% MoSi

2
 were tested at 1500°C both in air and in argon, and 

flexure strength values were systematically lower for tests in air than in argon, implying 
that oxidation negatively affected strength [35]. Figure 6.14b shows the effect of differ-
ent silicide additions, in the case of amounts higher than 10 vol%. Again, the most 
refractory composites are those HP with WSi

2
 (560 MPa) or PS with MoSi

2
 [32]. These 

strength values, along with those of the earlier-mentioned ZrB
2
–SiC–B

4
C system (see 

Fig. 6.14b), are among the highest found in the recent available literature for UHTCs.

6.9  Transition Metal Carbides

Transition MC with the formula MC
x
 have a wide composition range for the stability of 

the fcc phase, enabling a great variability of stoichiometric compositions resulting in 
different intrinsic properties [81]. The sintering problems affecting the family of MB

2
 

compounds also apply to the carbides, owing to analogous highly covalent bonds. 
Monolithic carbides of Zr, Hf, and Ta have been densified to almost full density with 
pressure-assisted techniques, HP or SPS, at temperature above 2100°C and with a 
pressure of 70–100 MPa [82–84]. In these conditions, the resulting microstructures con-
sist of coarse grains on the order of 10–20 μm and intragranular trapped porosity, leading 
to poor mechanical properties. To refine the microstructures, different strategies can be 
pursued: the use of ultrafine powders [85], or the addition of sintering additives, similar 
to the case of borides (see Table 6.5).

Table 6.5 summarizes the sintering additives and conditions adopted to densify the 
carbides. Three main categories can be identified: metals [86–88], transition metal sili-
cides (MoSi

2
, TaSi

2
, and ZrSi

2
) [83–85, 89–93], and carbon and carbides [94–98]. The 

addition of refractory metals, such as Mo, Nb, or Zr, eventually resulting in a cermet, 
promotes densification through the formation of a melt. The excess metallic phase at the 
grain boundaries results in poor corrosion resistance and decreased strength at high tem-
perature [87–89]. In better cases, once the solubility limit of the metal into the carbide has 
been achieved, formation of solid solutions or other refractory carbides may occur [88].
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Based on the experience on metal diborides, a wide-ranging scenario has been con-
ceived for carbides sintered with silicides [89–93]. In the case of metal silicides, the 
major effect is the formation of a transient liquid phase upon partial dissociation of the 
silicide and its reaction with oxides covering the starting powders. Both TaSi

2
 and ZrSi

2
 

allow densification to occur at lower temperature than MoSi
2
 (1700–1750°C vs. 1900°C, 

respectively) [90–93], owing to their faster decomposition and formation of liquid Si. 
An example of densification behavior is shown in Figure 6.15, comparing the behavior 
of pure HfC with HfC–15 vol% TaSi

2
. The reducing environment of the hot press, plus 

an additional carbon source coming from the carbide, strongly favors the silicide decom-
position, which is translated in quick formation of liquid phase and enhanced matter 
transfer.

Additional proof of the dissociation of the silicides and the formation of liquid 
phase is the presence of Si–O–C-based compounds at the silicide–carbide interface, 
Figure 6.16a. Analogous to MB

2
 sintering, oxide impurities strongly limit densification, 

probably owing to an increased viscosity of the melt.
The formation of core–shell microstructure has also been observed in transition 

MC sintered with silicides, as the examples in Figure 6.16b and c show. The mecha-
nism of development of such morphologies has been discussed earlier as a result of 
the dissociation of the additive and formation of a Si-based melt, dissolution of the 
matrix, and epitaxial reprecipitation on the original undissolved grains. In general, the 
clear dislocation boundary at the core–shell interface in TaSi

2
-doped composites was 

not observed in MoSi
2
-doped ones [99, 100]. This can be explained in terms of 

a higher content of Ta in the solid solution, that is, approximately 20 at% Ta versus 
5 at% Mo.
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Figure 6.15. R elative density (rd) versus temperature (T) of pure HfC and HfC–15 vol%TaSi2; 

onset temperatures and final relative densities are also reported on each curve.
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Actually, both Ta and Mo have smaller atomic radii than Zr and Hf. In fact, Mo has 
the smallest radius (Zr: 0.160 nm, Hf: 0.156 nm, Ta: 0.143 nm, Mo: 0.136 nm), so the 
substitution of Mo should be more favorable than Ta. Therefore, it appears that the 
greater supply of Ta, which is related to the lower stability of TaSi

2
 than MoSi

2
, may be 

an important factor. The higher content of Ta in the solid solution led to more pro-
nounced differences in lattice parameters and coefficients of thermal expansion between 
core and shell, resulting in 45° grain boundaries in carbides (Fig. 6.16c) and low angle 
grain boundaries in borides (Fig. 6.4d and e). A direct consequence of the presence of 
dislocations and subgrains is the enhancement of impurity or cation diffusion through 
the dislocation core, which might continue even in the last stage of sintering. Diffusion 

2 μm

(a)
(c)

(b)

(d)

(e)

1 μm

3 nm

200 nm

2 μm

SiOC

HfO2

MoSi2

HfC

Hf:Zr = 70:30

Hf:Zr = 85:15

Figure 6.16. E xamples of microstructures of MC sintered with MeSi2: SEM micrographs show-

ing (a) HfC–MoSi2 showing the cleaning effect of the silicide trapping HfO2 and reduced to 

SiOC, (b) HfC–ZrSi2 showing multiple core–shell grains, (c) TEM image showing dislocation 

between core and shell in TaC–TaSi2, (d) TEM image of a complex triple point in HfC–TaSi2, (e) 

HR–TEM showing clean interfaces in ZrC–TaSi2.
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through these discontinuous paths is six orders of magnitude faster than in the bulk 
[100]. This additional phenomenon might enhance the mass transfer as well and improve 
the densification of TaSi

2
-containing materials over MoSi

2
-containing materials [90]. 

The liquid phase at the sintering temperature presumably contains Mo/Ta/Zr–Si–C–O, 
and non-wetted interfaces were found for any silicide added to ZrC, HfC, or TaC 
[92, 93, 99]. It can be hypothesized that the liquid formed in the carbides at around 
1400°C had a high viscosity and tended to precipitate in discrete pockets leaving clean 
grain boundaries (Fig.  6.16d and e) as opposed to the wetted interfaces observed in 
borides (ZrB

2
/HfB

2
 + TaSi

2
, TaB

2
 + MoSi

2
), probably owing to a lower viscosity of the 

glass due to the presence of boron.
As for the effect of carbon on the densification of MC, studies demonstrated that 

introduction of reducing agents (carbon black, B
4
C, or other transition MC) can remove 

oxygen impurities present in the starting ceramic powders [94, 98]. However, coarse 
grains, on the order of 20 μm, were obtained after the introduction of a small percentage 
of B

4
C and/or carbon owing to an enhanced mass transfer, probably boosted by the 

change in M:C ratio [95]. It is reported that the coefficient of diffusion inside the MC
x
 

notably varies with carbon stoichiometry, in particular, grain growth is enhanced in the 
substoichiometric carbide rather than in the stoichiometric carbide [81, 95]. Reaction 
products originating from TaC and B

4
C were identified as TaB

2
 and graphite, which 

effectively enhanced densification and minimized grain growth. These findings origi-
nated a series of mixed carbide composites containing SiC or combination of carbides 
with the boride of the relevant transition metal, both classes possessing refined micro-
structure and improved oxidation resistance [94, 95, 98, 101, 102].

6.10  Conclusions

Although UHTCs are considered to be poorly sinterable compounds, multiple processing 
options are available to achieve fully dense ceramics with controlled microstructures. 
All the possible MB

2
/sintering additive combinations have not been tested for both ZrB

2
 

and HfB
2
, but a tentative rationalization has been devised for the most important densi-

fication mechanisms. Densification can be accomplished by the following:

•• Solid state sintering, in the presence of carbon, B
4
C, and WC, at temperatures 

between 1850 and 1950°C; no amorphous phases are observed along grain 
boundaries. Sintered materials are very refractory, with 600 MPa of flexural 
strength up to 1500°C in air.

•• Liquid-phase sintering in the presence of metals or Si
3
N

4
 at temperatures gener-

ally lower than 1850°C for both ZrB
2
 and HfB

2
. Low-melting metallic phases, 

residual Si–O-based amorphous phases, and low-melting silicides are found 
along grain boundaries upon cooling. At temperatures greater than 1000°C, sig-
nificant strength degradation is observed.

•• Transient liquid-phase sintering, in the presence of MeSi
2
 (Me = Zr, Mo, Ta, W), 

at temperatures 1700–1900°C. A special case is ZrSi
2
 enabling densification at 

1550°C. In all cases, formation of solid solutions and cation interdiffusion are 
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both mechanisms that help densification. By using ZrSi
2
, low-melting silicides 

are found at triple points, while amorphous grain boundaries are often observed 
by using TaSi

2
. In contrast, residual amorphous phases are rarely found in MB

2
–

MeSi
2
 composites (Me = Mo, W), which retained strength values close to 600 

MPa at 1500°C in air, with appropriate tuning of processing and sintering 
conditions.

SiC is the most widely used additive for MB
2
 to improve strength and oxidation resis-

tance. In addition, SiC acts as a sintering aid that promotes ZrB
2
 densification when 

its  content is less than 20 vol%, mainly through activation of grain-boundary 
diffusion-controlled mechanisms. For increasing contents of SiC particles (up to 30 vol%), 
grain-boundary migration of the diboride matrix is progressively limited, refining the 
resulting microstructure.

Transition MC are affected by sintering issues similar to those of MB
2
, but have not 

been studied as thoroughly. Metals, carbides, and MeSi
2
 can be useful for the densifica-

tion of MC, generally in combination with pressure-assisted techniques (HP and SPS). 
In particular, MoSi

2
 is very effective for the densification of various MC even by PS. 

Densification mechanisms are supposed to be similar to those of MB
2
, but for carbides, 

clean grain boundaries and crystalline triple points are generally found.
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UHTC Composites for 
Hypersonic Applications

7.1  Introduction

The development of structural materials for use in oxidizing environments at temperatures 
above 2000°C is of great interest to the defense and aerospace sectors. Materials for 
these environments are currently largely limited to silicon-based ceramics due to the 
beneficial formation of a protective SiO

2
 surface film in a suitably oxygen-rich 

atmosphere [1, 2]. Although SiO
2
 is an excellent oxidation barrier at temperatures below 

1600°C, above this temperature it begins to soften dramatically, and in a low-oxygen 
atmosphere it develops a substantial vapor pressure [1, 2]. Relatively few refractory 
oxides are stable in an oxidizing environment at or above 2000°C, but among these, zir-
conia (ZrO

2
) and hafnia (HfO

2
) have the highest melting points, approximately 2700°C 

[3, 4] and approximately 2900°C [5], respectively. Although they are stable and chemi-
cally inert, they are susceptible to thermal shock and exhibit high creep rates and phase 
transitions at higher temperatures [2, 6].

In recent years, ultra-high temperature ceramics (UHTCs) have been extensively 
investigated as innovative thermal protection systems (TPS) [7–9] and sharp leading-edge 
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components [10–12] for aerospace vehicles as well as for other applications where 
oxidation and/or erosion resistance at temperatures up to 2000°C are required. These 
materials, which include HfB

2
, ZrB

2
, HfC, ZrC, TaC, HfN, ZrN, and TaN, have melting 

temperatures close to or above 3000°C [13–15] and retain strength and thermal shock 
resistance at moderate temperatures. Whilst a “sharp” configuration for the leading 
edges and nose of re-entry vehicles increases aerodynamic efficiency and vehicle maneu
verability [16, 17], it causes higher thermal loads to be applied to the materials com-
pared to a blunt configuration. This makes the thermal and chemical stability of UHTC 
compounds of great importance, causing them to be candidates for use in extreme envi-
ronments including hypersonic flight (1400°C and above in air) and rocket propulsion 
(3000°C and above in reactive chemical vapors) [18].

Carbides and borides of transition metal elements such as Hf and Zr are widely 
studied due to their desirable combinations of mechanical and physical properties, 
including high melting points (>3000°C), high thermal and electrical conductivities, 
and chemical inertness against molten metals [2, 8]. Even though carbides have higher 
melting points than borides, the latter have much higher thermal conductivities making 
them more attractive for ultra-high temperature applications [4, 19]. The use of bulk 
single-phase materials for high-temperature structural applications is limited by their 
poor oxidation and ablation resistance, as well as poor damage tolerance. A multi-phase 
approach has been successfully adopted to improve densification [20–25], mechanical 
properties [26–33], physical properties [33–38], as well as oxidation and ablation resis-
tance of ZrB

2
 [39–54] and HfB

2
 [11, 34, 46, 47, 49, 55–61] ceramics. The mechanical 

and physical properties of these are closely linked with the densification processes, 
compositions, starting powders, microstructures, and intergranular second phases. 
Although these multi-phase materials have many advantages over single-phase mate-
rials, their intrinsic characteristics such as low fracture toughness, poor thermal shock 
resistance, and poor sinterability limit their usage. One approach to overcome some of 
these disadvantages is to introduce reinforcing fibers, mainly as a toughening phase. It 
allows tailoring of the mechanical and thermal properties of the UHTC composites by 
careful selection of fibers, raw materials, and optimization of fiber architecture. 
Continuous-fiber-reinforced ceramic matrix composites have the potential to offer 
excellent toughness, good thermal shock resistance, and defect tolerance, and good 
mechanical properties at high temperatures. Three-dimensional (3D) woven composites 
can overcome the vulnerability of two-dimensional (2D) composites to undergo delam-
ination at higher temperatures and loads. Carbon fibers (Cfs) and silicon carbide fibers 
(SiCfs) are two obvious reinforcement choices because of their relatively high tempera-
ture resistance and availability. Cfs exhibit many advantages compared to other rein-
forcements, including high specific modulus, high specific strength, high stiffness, 
ability to offer exceptional fracture toughness in composites, low density, outstanding 
fatigue properties, excellent weight-to-strength ratio, a negative coefficient of 
longitudinal thermal expansion, and low coefficient of thermal expansion. These fibers 
can be processed into complex-shaped preforms by braiding, filament winding, or nee-
dling, which can then be converted into UHTC composites. Although the poor oxidation 
resistance of Cfs above 500°C potentially limits their high temperature applications 
[62,  63] it has been demonstrated that it is possible to prepare Cf–UHTC powder 
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composites, where the Cfs improve the toughness while the UHTC phase provides 
oxidation resistance [63–67].

Cf-reinforced silicon carbide matrix composites (Cf/SiCs) have been widely studied 
and used in a wide variety of demanding applications such as combustion chambers, 
thruster components and nozzles for rocket engines, and as thermal protection systems 
for space vehicles (including nose and leading edges) with service temperatures less 
than 1600°C, taking advantage of the formation of the protective silica layer referred to 
earlier [2, 4]. More demanding applications require the development of novel UHTC 
composites that can offer excellent high temperature resistance at greater than 2000°C. 
A number of processing routes are viable for the preparation of whisker or short-fiber-
reinforced UHTC composites [53, 54, 68–72], but the discussion here is mainly focused 
on continuous-fiber-reinforced UHTC composites with a small section dedicated to 
whisker or short-fiber-reinforced UHTCs.

7.2  Preparation of Continuous-Fiber-Reinforced  
UHTC Composites

7.2.1  Precursor Infiltration and Pyrolysis

This process involves infiltration of a low-viscosity precursor into a fibrous preform, 
particulate bed or a porous solid followed by pyrolysis to yield the ceramic matrix [73] 
and can be employed for the preparation of large, complex-shaped parts. Sometimes the 
precursor is polymeric and then it is called polymer infiltration and pyrolysis (PIP). This 
is most commonly used for the preparation of SiC matrix composites from polycarbosi-
lanes [74, 75] or Si

3
N

4
 or SiCN matrix composites from polysilazanes [76]. Thermoplastic 

resins or thermosetting resins can be used for the preparation of C matrix composites 
[77]. The number of infiltration and pyrolysis cycles to achieve a particular porosity 
level depends on the ceramic yield of the precursor and the infiltration efficiency 
decreases with the number of infiltrations [78, 79]. The precursor infiltration and pyrol-
ysis approach can also be adopted for the preparation of UHTC composites. A mixture 
of zirconium butoxide (Zr(OC

4
H

9
)

4
) and divinyl benzene (C

10
H

10
) can be used as the 

precursor for preparing ZrC matrix 3D Cf-reinforced composites [78, 80]. Repeated 
infiltration, curing, pyrolysis, and heat treatment of the preforms with the precursor is 
required to obtain a dense matrix. In one case, the final density reported for such a 
composite was approximately 1.98 g cm-3, with a combined total porosity of 34.3% [78]. 
Complete densification was difficult to achieve due to the low ceramic yield, which also 
led to the formation of microcracks. The composites displayed an average room temper-
ature flexural strength of approximately 108 MPa after 3-point bend testing [78]. A sim-
ilar process has been used for the preparation of Cf-ZrC [81] and Cf/SiC-ZrC composites 
[82]; a ZrC powder/precursor–polycarbosilane–xylene slurry was used for the impreg-
nation and pyrolysis. Again, a number of impregnation and pyrolysis cycles and high-
temperature heat treatments were required to obtain the desired density. The use of a 
pyrolytic carbon (PyC) or PyC/SiC interface layer was beneficial for increasing the 
bending strength of the composites [81].
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A precursor solution to obtain SiC–ZrB
2
 matrix composites can be prepared by 

mixing colloidal silica, boric acid, zirconium oxychloride, and sucrose [83]. The ratio of 
the reactants can be adjusted to vary the amount of ZrB

2
 in the final powder from 5 to 

20 wt%. Strength measurements were carried out on minicomposites prepared by infil-
trating this precursor solution into T300 Cf tows that were subsequently heat treated at 
1600 or 1700°C. The formation of an additional ZrC phase was also observed and it was 
ascribed to the loss of boron at higher temperature due to the high volatility of boron 
oxide [83]. The tensile strength of the minicomposites increased with an increase in 
ZrB

2
 content, but decreased with an increase in heat treatment temperature with the 

values ranging from 150 to 270 MPa. The preparation of a sol–gel-based precursor for 
ZrB

2
 and its impregnation into C–C preforms has been reported. [84] Nanosized ZrB

2
 

particles were obtained at the relatively low-heat treatment temperature of 1150°C, but 
the ceramic yield was very low.

For preparing HfB
2
 matrix composites using the PIP process, a polymer-based 

HfB
2
–C precursor has been prepared using HfCl

4
 (hafnium source), H

3
BO

3
 (boron 

source), and phenolic resin (carbon source) using ethanol as a medium [85]. This pre-
cursor was then employed to impregnate SiC preform panels, which were then heat 
treated at 1600°C for 5 h during which the precursor was carbothermally converted to 
HfB

2
 with varying amounts of residual carbon. Microstructural analysis, however, indi-

cated localized sparse coating of poorly adhered HfB
2
 particles due to the very low 

ceramic yield of the polymer.

7.2.2  Chemical Vapor Deposition

Chemical vapor deposition (CVD) involves the deposition of a solid on a heated sur-
face from a chemical reaction in the vapor phase [86]. The deposition species are 
atoms, molecules, or a combination of these. It is a relatively simple technique. CVD 
can be used for producing uniform coatings on complex-shaped material and is versa-
tile in that the whole process can be controlled at an atomistic level. A variant of 
CVD, called CVI (chemical vapor infiltration), can be used to infiltrate fiber preforms 
to produce composites and is largely employed for the preparation of C or SiC matrix 
composites. This method is also viable for preparing UHTC composites by deposition 
of UHTC phases. Only a few reports have described the CVD/CVI of UHTC phases 
for ultra-high temperature applications. The most common system for deposition of 
UHTC carbides such as ZrC and HfC is the reaction of metal chlorides with a hydro-
carbon that is usually methane, propane, propene, or toluene [87]. The chloride is 
generally produced by the in situ chlorination of elemental hafnium. Similarly, ZrB

2
 

and HfB
2
 can be deposited by the hydrogen reduction of the metal halides in the tem-

perature range of 800–1100°C [88]. Diborane can also be used as a source of boron 
instead of BCl

3
.

Continuous-fiber UHTC composites with an HfC matrix have been prepared using 
CVI [65]. 2D woven carbon fabrics were wrapped on a suitable mandrel to produce the 
complex shape required. Using an industrial-scale facility, the fabric was coated with 
5–20 µm pyrolytic graphite prior to deposition of HfC. More details on the deposition 
method are not available. The pyrolytic graphite layer rigidized the fabric and helped it 
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retain the shape of the mandrel. This layer also protected the fibers from reaction with 
the HfC matrix and minimized fiber strength degradation. The composites displayed 
relatively high fracture strains of the order of 1–2%; however, the fracture strengths 
were very low with an average value of just 25 ± 8 MPa for 30 samples, but the samples 
retained this strength after annealing at 2200°C for 4 h under argon.

Cf–HfC/TaC refractory composites for rocket thruster applications have been pre-
pared using CVD [89, 90]. Preliminary deposition was carried out on radio frequency 
(RF) heated graphite. The deposition temperature was kept constant at 1150°C with the 
Hf and Ta burn rates adjusted to obtain deposits with different HfC/TaC ratios [89, 90]. 
CVI was performed using triaxially braided Cf preforms. Hf and Ta metal sponges were 
directly chlorinated and fed into a reaction chamber where they reacted with C from 
CH

4
 to form HfC and TaC. Small amounts of TaC can improve the oxidation performance 

of HfC, but an optimum composition was not reported as there were difficulties 
controlling the deposition rates of the individual carbides.

7.2.3  Reactive Melt Infiltration

Reactive melt infiltration (RMI) is a rapid and low-cost manufacturing process widely 
used for the manufacture of Cf/SiC structural components. The driving force behind 
infiltration is capillary force and the whole process is finished within minutes to a few 
hours. RMI can be used effectively when one of the ceramic matrix elements possesses 
a relatively low melting temperature and readily wets the fibers [91]. As mentioned 
already, UHTC materials are characterized by very high melting temperatures and, 
hence, it is extremely difficult to use them for liquid or melt infiltration because of the 
high temperature requirements and the reactions of the melt with the fibers at the infil-
tration temperatures. The process, in general, also leaves residual metal that could melt 
at higher temperatures and enhance creep or attack constituent phases. In a typical 
RMI process for the preparation of Cf–ZrC UHTC composite, the Cf is coated with a 
suitable interfacial material. The coated fibers are then woven into a 2D fabric pre-
form, which is subsequently deposited with C to form a C/C skeleton. Molten Zr is 
then infiltrated into the porous skeleton using a wicking action. The molten metal 
reacts with the previously deposited C to form a ZrC matrix. Detailed microstructural 
analysis of the matrix phases indicated the presence of ZrC along with α-Zr+ZrC 
eutectic. Some of the ZrC grains contained nanosized α-Zr and/or α-Zr-ZrC eutectic 
inclusions (Fig. 7.1) [91].

A few low melting intermetallic compounds can also be used for the reactive melt 
infiltration of UHTC phases at relatively low temperatures. Two such compounds are 
Zr

2
Cu, which has a melting temperature of 1025°C [92, 93], and 35 wt% Hf 75 wt% Cu, 

which has a melting temperature of approximately 970°C [94]. It can be infiltrated into 
a porous material or composite containing B or C, which can subsequently react together 
to form ZrB

2
, ZrC, HfB

2
, or HfC. The reaction of B with molten Zr

2
Cu is favored at 

temperatures as low as 1100°C [92]. For preparing Cf–ZrC composites using Zr
2
Cu, 

[95] C was introduced into the fiber preform by the infiltration and pyrolysis of phe-
nolic resin. RMI was performed by melting Zr

2
Cu at 1200°C under vacuum and then 

slowly moving the carbon-enriched preform into the melt. The preform was kept at this 
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Nucleation ZrC grains Coalescence of ZrC grains
and trapping of liquid Zr 

ZrC particle with
liquid Zr inclusions

β-Zr+ZrC eutectic α - Zr α - Zr + ZrC eutectic

Growth of ZrC particles Growth of ZrC particles

Figure 7.1. S chematic of the matrix microstructure formation mechanism of an RMI Cf–ZrC 

composite. (a) Heterogeneous nucleation sites of ZrC at 1950°C; (b) growth and grouping of ZrC 

grains at 1950°C; (c) coalescence of ZrC grains and trapping of liquid Zr at 1950°C; (d) growth of 

ZrC particles with liquid Zr inclusions and precipitation of β-Zr at 1950°C; (e) coalescence, growth 

of ZrC, and trapping of β-Zr as temperature decreases (above 1835°C); (f) transformation of 

liquid Zr into the eutectic phase at 1835°C; (g) phase transformation of β-Zr into α-Zr at 1159°C 

and (h) final microstructure at room temperature, showing ZrC particles with α-Zr + ZrC and α-Zr 

inclusions. The eutectic phase composed of α-Zr + ZrC and α-Zr serves as the grain boundaries in 

areas of densely distributed ZrC particles. Reproduced  with permission from 91. © Elsevier.



150�U HTC Composites for Hypersonic Applications

temperature for 3 h to facilitate the infiltration and the reaction of Zr
2
Cu with C to form 

ZrC [95]. No elemental Zr was detected after the RMI process and no damage was 
reported to the fibers. On high-temperature testing under an oxyacetylene flame, the 
samples survived without any surface erosion and this excellent performance was attrib-
uted to the evaporation of copper consuming a large amount of heat [95].

7.2.4  Slurry Infiltration and Pyrolysis

Slurry infiltration has been used by a number of researchers for preparing UHTC com-
posites [63, 66, 85, 96]. Both aqueous and organic slurries can be used and the infiltra-
tion can be carried out using pressureless or pressure-assisted methods.

In the pressure-assisted aqueous slurry infiltration route reported by Tang et al. 
[63], 2D Cf (ex-PAN Toray T700) preforms were infiltrated separately with five differ-
ent formulations of aqueous UHTC powder slurries based on ZrB

2
, SiC, HfC, and TaC. 

Pyrolytic carbon deposition was used to hold the powders in place. The UHTC powder 
was mainly concentrated in an approximately 2 mm surface layer. These hybrid UHTC 
composites were tested using an oxyacetylene flame; different gas ratios were used to 
obtain different temperatures and heat fluxes. At 1800°C and 2380 kW m−2, the compo-
sitions containing SiC demonstrated the lowest erosion depth. However, at the more 
aggressive conditions of 2700°C and 3920 kW m−2, a C/C-ZrB

2
 composite outperformed 

the other compositions (Fig. 7.2) and the superior performance was attributed to the 
formation of liquid ZrO

2
 at the test temperature, which prevented the inward diffusion 

of oxygen.
Researchers at Loughborough University have studied the high-temperature 

oxidation performance of UHTC composites prepared using Cf preforms and a variety 
of UHTC powder combinations [66, 96]. The composites were fabricated using 30 mm 
diameter × 20 mm thick 2.5 D Cf preforms that contained 23 vol% fibers and the UHTC 
compositions included ZrB

2
, ZrB

2
–20 vol% SiC (ZS20), ZrB

2
–20 vol% SiC–10 vol% 

LaB
6
 (ZS20−1La), HfB

2
 and HfC. The Cf preforms were separately impregnated with 

the slurries using either a squeeze or vacuum impregnation, dried, cured, and pyrolyzed 
at 900°C under flowing argon (99.998% pure) and then further densified using chemical 
vapor infiltration of carbon. Benchmark carbon/carbon composites were also prepared 
using chemical vapor infiltration of the preforms without UHTC powder impregnation. 
The powder distribution across the cross section of a Cf–HfB

2
 UHTC composite 

(a) (b) (c) (d) (e) (f)

Figure 7.2. C omparison of C/C–UHTC composites ablated for a 30 s period under a 3920 kW 

m−2 heat flux: (a) C/C–ZrB2, (b) C/C–4ZrB2–1SiC, (c) C/C–1ZrB2–2SiC, (d) C/C–2SiC–1ZrB2–2HfC,  

(e) C/C–2SiC–1ZrB2–2TaC, and (f) C/C. Reproduced with permission from Ref. 63. © Elsevier.
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(Fig.  7.3) revealed that the preforms were fully impregnated from top to bottom, 
although the composites were found to be slightly denser near the circumference 
because of the UHTC powder slurry impregnation from the sides of the preform. Powder 
distribution obtained using chemical analysis on the cross section of UHTC composites 
revealed uniform mixing and distribution of the powder. In general, the vacuum impreg-
nation technique yielded superior results to the squeeze impregnation route.

The high-temperature performance of composites was determined using an oxyacety-
lene torch test facility for various durations ranging from 30 to 300 s. Images of composites 
after 60 s oxyacetylene torch testing are compared in Figure 7.4. The peak front-face tem-
peratures reached by the samples ranged from 2300 to 2650°C even though the gas flow 

3 mm

Figure 7.3. C ross section of a 30 mm diameter × 20 mm thick UHTC composite showing the 

distribution of UHTC powder. Reproduced from Ref. 66. © The American Ceramic Society.

C-C Cf-ZrB2 Cf-ZS20

Cf-ZS20-1La Cf-HfB2 Cf-HfC

Figure 7.4. U HTC composites after 60 s oxyacetylene torch testing. Reproduced with permis-

sion from Ref. 96. © Elsevier.
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rates and ratios were similar. As expected, the CC composite was damaged over a much 
wider area, approximately 20 mm diameter, while the performances of the Cf–ZrB

2
 and 

Cf–ZS20 composites were similar, with the damage being mainly focused over an approx-
imately 5 mm diameter area. More erosion damage was observed for the Cf–ZS20–1La 
composite compared to the other ZrB

2
-containing composites; the high-temperature flame 

penetrated through the impregnated layer and attacked the carbon-rich layer below it.
Cf–HfB

2
 and Cf–HfC composites offered the best erosion protection, even though 

the UHTC powders were oxidized to HfO
2
 as expected. The presence of molten phases 

on all of the impregnated composites independently confirmed the temperature of the 
flame. The amount of melting was much lower in HfB

2
-based composites than in those 

based on ZrB
2
 because of the higher melting temperature of HfO

2
 (~2900°C vs. ~2700°C 

for ZrO
2
) [5]. It was noteworthy that the oxide layer formed on the Cf–HfC composite 

was less adherent than those on the other composites and fell off after the test, possibly 
due to the absence of any glassy phases during the test and the buildup of CO/CO

2
 gas 

below the oxide layer. Hence, subsequent research has been limited to HfB
2
-based com-

posites. With controlled fiber architecture and better impregnation, it is now possible to 
prepare Cf–HfB

2
 UHTC composites that do not show any surface erosion after 60 s at 

ultra-high temperatures (Fig. 7.5).
Chemical mapping of the cross section of one of these composites after 60 s torch 

testing indicated that UHTC particles were oxidized only on the top layer, even directly 
below the flame tip (Fig. 7.6).  Most of the carbon that was detected originated from 
epoxy resin used for mounting, not the tested sample.

Elevated temperature flexural strength was measured for Cf–HfB
2
 composites 

using 140 × 25 × 10 mm test bars at 1400°C under a flowing argon atmosphere in a 
4-point bend configuration. The average strength was approximately 103 ± 25 MPa. The 
coefficient of thermal expansion was measured from room temperature up to 1700°C. 
The values were 1.63 × 10−6 °C−1 along the plane and 4.67 × 10−6 °C−1 perpendicular to it. 
This difference in CTE will require careful consideration when designing components 
using these materials [97].

For preparation of SiC–HfB
2
 composites using slurry infiltration, 5 and 15 vol% 

HfB
2
 slurries were prepared in ethanol using polyethyleneimine as a dispersant and 

Figure 7.5. T he 30 mm diameter × 20 mm thick, Cf–HfB2 composites after 60 s oxyacetylene 

torch testing at >2500°C showing negligible surface erosion.
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500 μm 500 μm

500 μm

(a) (b)

(c) (d)

500 μm

Figure 7.6. E lectron image and EDS mapping on the cross section of a Cf–HfB2 composite 

subjected to 60 s oxyacetylene torch testing. (a) Back scattered electron image, (b) carbon,  

(c) hafnium, and (d) oxygen. The bright top layer in (a) indicates HfO2.

binder [85]. A number of infiltration techniques were investigated, namely (i) 
vacuum infiltration, (ii) pressure infiltration, (iii) vibration infiltration, (iv) vibra-
tion-assisted vacuum infiltration, and (v) vibration-assisted pressure infiltration. 
After infiltration, SiC panels were heat treated at 1600°C under an inert atmosphere. 
Microstructural analysis revealed the presence of a significant amount of porosity 
within the fiber tows. The vacuum and vibration infiltrated samples showed partial 
infiltration, whereas pressure infiltrated panels (using 5 vol% slurry) showed excel-
lent infiltration through the thickness, with most of the porosity present within tows. 
Increasing the slurry concentration to 15 vol% resulted in poorer pressure infiltra-
tion. Jayaseelan et al. [67] reported the infiltration of a porous C/C tube with three 
different types of ZrB

2
 slurries, namely a nonaqueous ZrB

2
 slurry, ZrB

2
 gel and a 

“gel-composite” that contained a ZrB
2
 gel and commercial ZrB

2
 particles. They 

reported the formation of a chemical bond between the fibers and ZrB
2
-gel-derived 

UHTC particles.
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7.2.5  Combined Processes

A combination of one or more of the aforementioned processes can also be used for 
preparation of UHTC composites. SiC-fiber-reinforced ZrB

2
–20 vol% SiC composites 

have been prepared using filament winding, slurry impregnation, and hot pressing [10]. 
The microstructure of such a composite highlighting the fiber distribution and matrix 
porosity is shown in Figure 7.7.

The high-temperature oxidation resistance of such a composite was compared 
against that of non-reinforced ZrB

2
–20 vol% SiC at up to 1927°C for periods of up to 

100 min [10]. Whilst the non-reinforced material showed the best oxidation protection at 
1327 and 1627°C, at 1927°C both compositions underwent severe degradation and bloat-
ing. The authors expressed concerns about the thermal shock resistance of the nonrein-
forced materials in high-heat flux, aeroconvective environments. Attempts to sinter slurry 
impregnated Cf–HfB

2
 composites using SPS at Queen Mary University, London were 

not completely successful, possibly due to the formation of a C coating on the surfaces 
of the HfB

2
 particles during impregnation and pyrolysis. The C coating is also believed 

to have affected the conduction of current through the composite during SPS [97].
A slurry paste process combined with CVI has been used for the preparation of 2D 

Cf/ZrB
2
–SiC [26] and 2D Cf/SiC–ZrB

2
–TaC composites [98]. Cf cloths coated with a 

ZrB
2
 or (ZrB

2
+TaC)-liquid polycarbosilane slurry were stacked, cured under pressure, 

and pyrolyzed to form a 2D composite that was further densified by the CVI deposition 
of SiC using methyltrichlorosilane. The flexural strength of the composites was reported 
to be approximately 237 MPa with an interlaminar shear strength of approximately 
16 MPa. The samples survived 20 s ablation under an oxyacetylene flame and showed 
very low linear ablation rates. The addition of TaC was reported to improve the oxidation 
resistance due to the formation of liquid phases above 1870°C.

A combination of slurry infiltration and precursor infiltration have been used for the 
preparation of Cf/SiC–ZrB

2
 composite with ZrB

2
 content ranging from 0 to approxi-

mately 25 vol% [99]. The porosity of the composites increased from 14 to 23 vol% with 

200 μm 5 μm

(b)(a)

Figure 7.7. M icrostructure of polished sections of ZrB2 plus 20 vol% SiC plus SCS-9a fibers 

composite showing (a) representative fiber distribution and (b) matrix porosity. Reproduced 

with permission from Ref. 10. © Elsevier.
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increasing ZrB
2
 content in the slurry and the room temperature flexural strength 

decreased from approximately 370 to approximately 160 MPa. The addition of ZrB
2
 was 

found to retain the strength at higher temperatures compared to composites containing 
only SiC. At 2000°C, Cf/SiC–ZrB

2
 retained over 32% of its room temperature strength.

7.2.6  Functionally Graded UHTC Composites

Functionally graded composites can be prepared to offer different levels of high-temper-
ature protection at different depths, to gradually adjust the CTE values between two 
different phases or to tailor the bulk density of a composite as per design requirements. 
Certain ultra-high temperature applications may only experience extreme temperatures 
for a few seconds and a relatively thin UHTC composite layer near the surface of the TPS 
may be sufficient to offer the required protection. Only limited studies have reported the 
preparation of functionally graded UHTC composites. In one process, Zoltek Panex® 
30 carbon fabric, allylhydridopolycarbosilane (AHPCS) preceramic polymer, HfB

2
 and 

SiC powders were used to prepare UHTC composites with a graded structure that had an 
HfB

2
-rich surface through to a SiC-rich surface with Si-O-C preceramic polymer 

throughout [64]. This was achieved by stacking carbon fabric coated with either SiC/
AHPCS or HfB

2
/AHPCS and curing under pressure at 400°C and subsequent pyrolysis 

at 850°C. The HfB
2
 side of the composite was then coated with HfB

2
/AHPCS slurry and 

the whole composite was infiltrated and pyrolyzed a number of times with AHPCS 
assisted by vacuum. Microcracks were present in the final composites even after seven 
cycles of repeated infiltration and pyrolysis. Four-point flexural strength measurements 
on the composites showed strengths ranging from 100 to 162 MPa depending on whether 
the SiC side or the HfB

2
 side was in tension, with the former configuration yielding 

higher values. Oxidation testing was carried out in a furnace at 1617°C and using an 
oxyacetylene flame at 1805–2015°C. Following cyclic heating in the furnace, a nonuni-
form HfSiO

4
 and monoclinic HfO

2
 surface was formed on the HfB

2
-rich surface and a 

glassy SiO
2
 layer was formed on the SiC-rich surface. Damage to the Cfs in the furnace 

testing was found to be lower at the HfB
2
-rich surface compared to the SiC-rich surface. 

In contrast, during the oxyacetylene flame testing the HfB
2
-rich surface suffered a greater 

degree of damage during a 4 min test compared to the SiC-rich surface. These results 
highlight significant differences arising from different test methods in which not only 
temperature but also gas flow rates differ and the effect this has upon the surface reactions 
and damage. As a result, direct comparisons between different high-temperature test 
methods are rarely meaningful. This technique demonstrated that the preparation of a 
functionally graded HfB

2
–SiC UHTC composite can be adapted for preparation of other 

UHTC composites by varying the powder combinations.

7.3  UHTC Coatings

Developing a UHTC coating on CC, Cf–SiC or even Cf–UHTC composites is another 
method of improving the high-temperature performance of materials for UHT appli-
cations. A good coating should offer very good adhesion and resist the formation of 
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any cracks due to CTE mismatch at higher temperatures. Recent measurement of the 
CTE values of Cf–HfB

2
 slurry impregnated composites at Loughborough University 

revealed that the CTE values of the composites are widely different from those of 
UHTC monoliths. They were also found to vary depending on the fiber orientation, 
which imposes additional complications for component design. Interface materials 
that can bridge the CTE mismatches while withstanding very high temperature need 
to be identified. SiC has a CTE between those of the composites and the monoliths, 
but the maximum service temperature will be limited by the performance of this 
interlayer. Coatings should also minimize diffusion of oxygen and prevent any spall-
ation. The main disadvantage with this route is that once the coating layer is 
destroyed, the base material will have little protection unless UHTC composites are 
involved.

HfC coatings have been deposited on C/C composites using low-pressure chemical 
vapor deposition [100–102]; hafnium chloride (HfCl

4
) powder, CH

4
, H

2
, and Ar were 

used as feed materials. A special powder feeder was needed to protect the HfCl
4
 from 

moisture, while maintaining a continuous supply. The feed rate of HfCl
4
 required was 

1.15 g min−1 and the gas flow rates of CH
4
, H

2
, and Ar were 160, 800, and 800 ml min−1. 

The deposition was performed at a reduced pressure of 5 kPa and a temperature of 
1500°C for 3 h. A smooth coating free from cracks was obtained using this method, with 
grain sizes in the 100–200 nm range. On oxyacetylene torch ablation, the coatings devel-
oped a three-layer structure with a highly porous outer oxide layer, a dense transitional 
interlayer, and residual carbide layer (Fig. 7.8).

A ZrB
2–

SiC coating was found to be useful for protecting CC composites at tem-
peratures up to 1500°C under static conditions [103]. The coating with approxi-
mately 120 µm thickness was developed by vapor-phase infiltration of silicon in a 
ZrB

2
/phenolic resin precoated CC composite. A similar ZrB

2
–SiC coating was devel-

oped on Cf/SiC composites using a ZrB
2
 powder–polycarbosilane– xylene slurry 

[104]. The latter was applied on top of the composite and then pyrolyzed at 1200°C 
to form the coating. A CVD layer of SiC was deposited on top of this layer, which 
penetrated the gaps between the ZrB

2
/SiC powders forming a ZrB

2
/SiC coating with 

a dense layer of SiC on top. A three-step process for the protection of Cf–SiC com-
posites with a coating of ZrB

2
/SiC/ZrC has been reported by Blum et al. [105] Most 

of the coating development work was carried out using monolithic SiC specimens. In 
a typical process, the preforms were dip coated with a slurry of ZrB

2
 in phenolic 

resin. Both water- and alcohol-based phenolic slurries were used and sometimes a 
mixture of ZrB

2
 and SiC powder was used. The coated specimens were pyrolyzed at 

1000°C. The C formed as a result of pyrolysis was converted to SiC using a molten 
Si infiltration process. An Si top layer was observed after the liquid Si infiltration 
step, which was subsequently converted to SiC by high-temperature (1500°C) heat 
treatment in the presence of a carbon source. Preliminary oxidation studies at 1500°C 
indicated the formation of a 5–10 µm protective silica layer on the surface of the 
specimens.

Other reports described deposition of ZrC [106, 107] and HfC [108, 109], but the 
methods have not yet been applied for the preparation of coatings for UHTC applica-
tions and hence are not discussed here.



Short-Fiber-Reinforced UHTC Composites� 157

7.4  Short-Fiber-Reinforced UHTC Composites

All the methods discussed so far used continuous-fiber reinforcements. It is also possible 
to prepare UHTC composites using chopped or discontinuous fibers as reinforcement. In 
a typical process, the UHTC powder is mixed with short fibers and ball milled in an 
organic solvent to obtain the required distribution. The solvent is removed, preferably by 
rotary evaporation, and then the dried powder is either hot pressed or spark plasma sin-
tered under vacuum to achieve the final composite. Composites of ZrB

2
–SiC containing 

20 vol% chopped Cf were prepared using this approach [110]. The addition of Cf was 
found to improve the fracture toughness of the composites, but a reduction in fracture 
strength was observed. SiC-whisker-reinforced ZrB

2
 composites have also been prepared 

by hot pressing [70, 71] or SPS [72]. In general, the composites displayed superior flexural 
strength and fracture toughness to those of monolithic ZrB

2
 and SiC-particle-reinforced 

ZrB
2
 ceramics. The SiC whiskers were not stable at higher temperatures (1900°C) and 
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Figure 7.8. M icrostructures of the ablated HfC coating on a C/C composite in different 

regions: (a) central; (b) transitional; and (c) outer ablation region. Reproduced  with permis-

sion from Ref. 102. © Pergamon.
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converted to SiC particles. SiC-whisker- or SiC-chopped-fiber-reinforced ZrB
2
 

composites were prepared at relatively lower temperatures of up to 1730°C by hot press-
ing using Si

3
N

4
 as a sintering aid [69]. The whiskers underwent undesirable reactions 

even at this temperature, but the fibers were more stable. The addition of reinforcing 
fibers increased the fracture toughness and high-temperature flexural strength at 1200°C, 
but reduced the room temperature strength, whereas the addition of whiskers increased 
the fracture toughness and high-temperature strength and the room temperature strength 
was largely unaffected. ZrSi

2
 or MoSi

2
 can also be used as sintering aids instead of Si

3
N

4
, 

and SPS can be employed for sintering instead of hot pressing [54]. The selection of 
sintering aid is crucial as it controls the matrix sintering temperature and, more impor-
tantly, influences the reactivity between matrix and fiber. This controls the formation of 
secondary phases and hence affects the high-temperature mechanical and thermal prop-
erties. Both furnace [54] and plasma wind tunnel [53, 54] performance of the composites 
were studied and reported to be similar to those of SiC-particle-reinforced ZrB

2
 compos-

ites. HfB
2
 powder synthesized using a special self-propagating high-temperature syn-

thesis (SHS) technique was used for the SPS sintering of SiC-whisker-containing HfB
2
 

matrix composites [68]. At higher sintering temperatures of approximately 1830°C, the 
whiskers were converted to SiC platelets. Partial conversion was observed at1700°C 
sintering temperature.

7.5  Hybrid UHTC Composites

Hybrid UHTC composites are a novel concept conceived to produce UHTC Cf-based 
composites with a UHTC monolith layer on top. The idea is to utilize the Ultra-High 
temperature capabilities of the UHTC monolithic materials whilst the UHTC composite 
layer beneath it provides longer term protection and thermal shock resistance. Since 
the underlying layer is a UHTC composite and not C/C or Cf/SiC composite, this layer 
can  also provide excellent high-temperature protection while providing a means of 
controlling the total mass of the thermal protection system. In the case of any failure of 
the monolithic layer, the composite layer is designed to provide the required protection 
to enable the function to be completed. However, joining of the UHTC monolith to the 
UHTC composite is very challenging.  A number of approaches can be adopted and SPS 
joining and laser melting have been investigated by the team in collaboration with 
Imperial College and Queen Mary, both in London [97]. Preliminary experiments were 
carried out using ZrB

2
–impregnated Cf composite and ZrB

2
 powder. The impregnated 

and pyrolyzed composite was loaded into a graphite-foil-lined graphite die of the SPS 
press. Cf–ZrB

2
 composites were used without any precompaction or presintering. The 

composite was surrounded by ZrB
2
 powder and the temperature and pressure gradually 

increased to achieve sintering and joining simultaneously. The composite was held at the 
peak temperature for 10 min and then it was cooled naturally after releasing the pressure. 
The ZrB

2
 monolithic layer was found to develop a good bond with the composite, but it 

developed many cracks on the UHTC monolith layer due to the difference in CTE 
values. On cross-sectional analysis (Fig. 7.9) it was found that the monolithic layer had 
many pores and the interface had a finer grain size than the outer layer. This is rather 
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difficult to explain. No fiber degradation was observed and no sintering was observed 
for the ZrB

2
 particles within the preforms. This could be due to the formation of a carbon 

coating on the surface of the ZrB
2
 particles due to the use of phenolic resin during the 

slurry preparation or due to most of the current being conducted through the outer 
UHTC layer, resulting in lower heating for the composite part. The bulk density of the 
UHTC monolith layer was determined to be 76%. Preliminary laser melting and joining 
were not successful due to the oxidation of the molten layer formed.

7.6  Summary and Future Prospects

UHTC composites are promising materials for future hypersonic applications because 
of their advantages, including excellent defect tolerance, high fracture toughness, low 
density, excellent thermal shock resistance, high thermal conductivity, and low coeffi-
cient of thermal expansion. Various processing techniques used for their preparation 
have been discussed. Precursor infiltration and pyrolysis is a useful technique, but suf-
fers from the lack of availability of good precursors for UHTC phases such as ZrB

2
 or 

HfB
2
. Chemical vapor infiltration is an excellent technique for preparing CC and Cf/SiC 

composites and has been used with some success for the preparation of ZrC- or HfC-
based composites, but hardly any reports describe the deposition of ZrB

2
 or HfB

2
 for 

preparing UHTC composites. It is also a very lengthy and expensive process. Reactive 
melt infiltration is limited by the extremely high melting temperatures of the borides and 
carbides and the high temperatures required can destroy the fiber and/or any protective 
coatings. The use of low melting alloys such as Zr

2
Cu is promising, but the presence of 

residual, low melting Cu is a potentially significant disadvantage. Development of 
UHTC coatings on composites is challenging due to the difference in CTE values.

So far the main focus has been on the development of UHTC composites using Cfs 
or, in rare cases, using SiC fibers. None of these can withstand the extreme temperatures 
that the composites have to withstand. So far, very limited efforts have attempted to pre-
pare UHTC fibers, which may be required to realize the application of UHTC composites 

Composite

100 μm 10 μm

MonolithComposite MonolithMonolith

Interface

Figure 7.9. C ross-sectional microstructure of a hybrid UHTC composite. The bonding between 

the composite and monolith layers are fundamentally good as seen in the higher magnifica-

tion image.
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at very high temperatures. Recently, Matech GSM (Matech GSM, California, USA) 
reported the production of HfC fibers based on a patented process [111]. The use of 
short C or SiC fiber composites resulted in very little improvement in flexural strength 
and fracture toughness; there was also an additional complication due to the reaction of 
SiC fibers at higher temperature and their subsequent conversion to SiC particles.

The fiber–matrix interface is another critical area that needs attention. Only limited 
data are available on the room or high-temperature strength of UHTC composites as 
most of the studies so far have been focused on the high-temperature oxidation testing of 
UHTC composites, mainly using lab-scale techniques. Once the required oxidation 
performance is realized, it is likely that demand will increase for design data, including 
mechanical and thermal properties. Strength maximization will require the optimization 
of the matrix–fiber interface to maximize load transfer. There are also constraints with 
the high-temperature strength testing of UHTC composites. Unlike the UHTC mono-
liths, which require very small test bars, UHTC composite test specimens have to be 
sufficiently large to give a true representation of the complete composite. This is more 
crucial for gradient structures. Not many facilities can accommodate reasonably large 
UHTC composite bars and perform strength testing at very high temperature (>1800°C). 
An added complication with UHTC composites compared to UHTC monoliths is the fact 
that most of them have an anisotropic structure. So, for design purposes, the mechanical 
and especially the thermal properties need to be measured across all three axes.

The realization of hypersonic vehicles may also require flexible or shape-morphing 
UHTC parts. As listed by Miles et al. [112], high-temperature shape morphing materials 
could (i) enable continuous variation of the inlet area ratio to accommodate changing 
Mach number and air density associated with climb and descent; (ii) improve engine and 
isolator performance by accommodating area and shape changes associated with engine 
mode transition from subsonic to supersonic compression (RAM to SCRAM); (iii) opti-
mize the compression ramp and inlet contour to minimize shock formation and reduce 
pressure losses; (iv) permit dynamic adaptation to compensate for flight maneuvers and 
correct for distortion due to thermal expansion as well as suppress upstream shock motion 
to reduce the possibility of engine unstart, and if unstart occurs, reduce the recovery time; 
and (v) improve nozzle performance by controlling the nozzle area ratio and contour for 
efficient thrust generation and minimum pressure loss. This can only be achieved through 
the development of continuously shape-morphing composite materials.

In summary, an ideal UHTC composite could be the one based on UHTC fiber rein-
forcement, with excellent high-temperature oxidation and mechanical properties, with 
preferably isotropic thermal properties. A more concerted effort from the UHTC 
research groups all over the world is required for the development of such a material.
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Mechanical Properties of 
Zirconium-Diboride Based 

UHTCs

8.1  Introduction

This chapter focuses on the mechanical properties of zirconium diboride (ZrB
2
)-based 

ultra-high temperature ceramics (UHTCs), including elastic modulus, strength, and 
fracture toughness at ambient and elevated temperatures. The materials covered include 
ZrB

2
 ceramics with additions of various sintering aids, silicon carbide, and transition 

metal silicides. Reporting of carbide, nitride, and oxide additions is limited to instances 
where materials were added in small quantities or as sintering aids.

To produce structures using UHTCs, designers need to have a robust set of 
mechanical property data detailing their elastic properties, fracture toughness, and 
strength. These data will need to include microstructural relations, as well as specimen 
processing and testing procedures. Currently, much of the published mechanical prop-
erty data are not accompanied by microstructural analysis. Further, a wide variety of 
testing methods are utilized for measuring the mechanical properties. Lack of micro-
structural characterization confounds the analysis, which is directly related to the micro-
structural features. Further, the use of various testing standards and specimen preparation 
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methods make comparisons between studies difficult. Microstructural information is 
included in the proceeding discussion, when provided. Differences in testing methods 
will be noted, but only minimally discussed.

The chapter also discusses improvements in mechanical properties that have been 
obtained using modern powders and processing techniques compared to historic studies 
from the 1960s and 1970s. The main contributions to the improvement in properties of 
the modern materials are the use of powder with higher purity and finer particle sizes, 
along with the use of sintering aids and isothermal reaction holds to remove impurities, 
such as surface oxides, from the starting powders.

8.2  Room Temperature Mechanical Properties

Zirconium diboride (ZrB
2
), a transition metal boride compound, is part of a class of 

materials known as UHTCs. This family of compounds is characterized by melting 
points in excess of 3000°C [1]. These ceramics are candidates for applications including 
molten metal crucibles [2, 3], furnace electrodes, cutting tools [4, 5], control rods for 
fission reactors, and wing leading edges on future hypersonic aerospace vehicles. 
Additionally, particulate-reinforced ZrB

2
 matrix composites, especially those with 

silicon carbide (SiC) additives, have displayed enhanced properties. ZrB
2
–SiC compos-

ites exhibit room temperature strengths in excess of 1000 MPa [6–8], fracture toughness 
values as high as 5.5 MPa · m½ [6, 7, 9], and hardness values exceeding 22 GPa [6, 8, 10]. 
These properties are comparable to other commonly used structural ceramics (Al

2
O

3
, 

ZrO
2
, Si

3
N

4
, etc.). In addition, ZrB

2
 offers chemical stability and increased refractori-

ness. The following discussion highlights the room temperature elastic modulus, 
strength, and fracture toughness of ZrB

2
-based UHTCs.

8.2.1  ZrB2

Elastic modulus values reported for selected ZrB
2
 ceramics with and without sintering 

additives are summarized in Table 8.1. Elastic modulus ranges from approximately 350 
to approximately 530 GPa depending on porosity and additives (Fig. 8.1). Fitting the 
data to the Einstein (linear) [42], Spriggs [43], and Nielson [40, 41] models (Table 8.2) 
gives a value for fully dense ZrB

2
 of 511 GPa compared to measured values of 490–

500 GPa in previous studies [38, 44]. However, the materials in the historic studies were 
not fully dense, and fitting the historic data to similar models predicts an elastic mod-
ulus of 519 GPa for dense ZrB

2
. Zhang et al. [45] calculated the elastic modulus of ZrB

2
 

from first principles to be 520 GPa, in good agreement with the fitted data. Recent work 
by Okamoto et al. calculated the polycrystalline elastic modulus of ZrB

2
 from single 

crystal measurements to be 525 GPa [46]. The modulus of 99.8%-dense ZrB
2
 was mea-

sured to be 489 GPa [26]. However, additions of AlN, Si
3
N

4
, B

4
C, and C, as well as 

impurities picked up during powder milling (i.e., WC, ZrO
2
), affect the elastic modulus 

of ZrB
2
 ceramics. Small additions of B

4
C and/or C increase the elastic modulus of ZrB

2
 

[20, 22, 29]. Additions of AlN and Si
3
N

4
 lower the elastic modulus [11, 32]. Additions 

affect the elastic modulus primarily through interactions with impurities on the surface 
of the starting powders. Additives such as C and B

4
C remove low modulus surface 
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oxides, which increases modulus, whereas additives such as AlN (308 GPa) [47] and 
Si

3
N

4
 (310 GPa) promote formation of low modulus grain boundary phases, which 

reduces modulus [44]. The elastic modulus of 99.4% dense ZrB
2
 with 0.5 wt% C added 

as a sintering aid was 524 GPa [29]. This material was nearly phase pure (residual C not 
observed) and the modulus matched Okamoto’s predicted polycrystalline value of 
525 GPa. The reported modulus values for ZrB

2
 are typically impacted porosity and/or 

impurities, but the intrinsic elastic modulus seems to be approximately 525 GPa.
Room temperature flexure strengths for ZrB

2
 ceramics with and without sintering 

aids are also given in Table 8.1. The strength ranges from 250 to 630 MPa depending on 
grain size and additives (Fig. 8.2). In general, the strength of ZrB

2
 follows an inverse 

square root relation with grain size (GS−½), as expected for ceramics free of other larger 
flaws. The line in Figure 8.2 highlights the GS−½ relationship, but is not intended as a fit 

550
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Figure 8.1.  Room-temperature elastic modulus as a function of porosity for ZrB2 (left) with 

and without sintering aids [11–14, 16, 17, 20–23, 25–29, 31–35, 37–39]. Line represents fitted 

relationship of elastic modulus to porosity according to Nielsen’s relationship [40, 41].

Table 8.2.  Summary of various fitted models of elastic modulus as a function of porosity 
for ZrB2

Equation E
0

b R2

E = E
0
(1 − bP) 511 ± 10 2.0 ± 0.3 0.6416

E = E
0
e− bP 512 ± 11 2.4 ± 0.4 0.6614

E E
P

b P
=

−( )
+ −( )−0

2

1

1

1 1
511 ± 11 0.8 ± 0.2 0.6665
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of the data. This relation indicates that flaw-free ZrB
2
 with a fine grain size has improved 

strengths.
The fracture toughness of ZrB

2
 is generally in the range of 3.0–4.5 MPa · m½, with 

most values being reported near approximately 3.5 MPa · m½. Unfortunately, the effects 
of porosity or grain size on fracture toughness have not been investigated. Also, the pos-
sibility of R-curve behavior has not been investigated, even though the CTE mismatch 
between the a-axis (6.9 × 10−6 K−1) and c-axis (6.7 × 10−6 K−1) [49] of the hexagonal unit 
cell leads to residual stresses that could induce R-curve behavior.

8.2.2  ZrB2 with SiC Additions

8.2.2.1  Size Effect of SiC Addition.  The four-point flexure strength of ZrB
2
–

SiC ceramics without additives is shown in Table 8.3. Although ZrB
2
 grain size is a 

factor, the room temperature strength of ZrB
2
–SiC is controlled by the size of the dis-

persed SiC particles or clusters [7–9]. Rezaie et al. [7] and Watts et al. [8] used linear 
elastic fracture mechanics to show that critical flaw sizes correlated to the SiC cluster 
size in ZrB

2
–30 vol% SiC ceramics. This conclusion is consistent with the CTE mis-

match between ZrB
2
 and SiC (for α-SiC: α

a-axis
 = 4.3 × 10−6 K−1, α

c-axis
 = 4.7 × 10−6 K−1) 

[55]. Watts et al. [56] used neutron diffraction to measure the thermal residual stresses 
present in ZrB

2
–30 vol% SiC. They found that the thermal residual stresses begin to 

accumulate at approximately 1400°C, resulting in residual tensile stresses in the ZrB
2
 

and compressive stresses in the SiC at room temperature. Assuming constant strain 
across the interface between SiC and ZrB

2
, the maximum tensile stress in the ZrB

2
 was 

determined to be approximately 1000 MPa [8]. Watts predicted a critical grain size range 
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Figure 8.2.  Room-temperature flexure strength as a function of grain size for ZrB2 (left) with 

and without sintering additives [11–14, 16–29, 31, 33, 34, 36, 37, 48]. Line is not fitted to data, 

and is meant to guide the eye.
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for microcracking between 6.5 and 13.8 μm. This matches well with the critical SiC 
particle size of approximately 11.5 μm observed by Watts experimentally (estimated by 
fitting the major axis of the clusters to ellipses, as discussed later).

Microstructure–mechanical property relationships for ZrB
2
-based ceramics are 

complex. Because the size of the particulate-reinforcing phase controls the strength, 
a uniform dispersion of SiC is required to maximize strength, even for compositions 
and starting particle sizes that should be below the percolation threshold for the 
system. The method of estimating grain size from image analysis data also affects  
the interpretation of microstructure–property relations. Figure 8.3 shows the flexure 
strength of ZrB

2
–30 vol% SiC as a function of cluster size estimated using equivalent 

area diameter, one of the most used methods for reporting grain size. This method 
assumes a spherical particle, and underestimates the critical grain size for micro-
cracking as approximately 3 μm (Fig. 8.3). Figure 8.3 also shows flexure strength as 
a function of the maximum measured equivalent area diameter (EAD

max
). Since failure 

occurs at the largest flaw, a measurement that reports the largest flaw size is more 
useful, but still may not accurately describe the behavior of the material. From 
Figure 8.3, below the critical grain size determined by EAD

max
, the strength shows a 

linear trend with grain size, instead of the inverse square root relationship predicted 
by Griffith analysis.

Figure 8.4 shows flexure strength, elastic modulus, and hardness as a function of 
the SiC cluster size that was estimated using the maximum measured major axis from 
ellipses (ME

max
) fitted to the SiC clusters. All three properties experience a sudden, dis-

continuous decrease at approximately 11.5 μm. Below the critical grain size, the strength 
follows an inverse square root relation with cluster size. Fitting ellipses to the clusters is 
preferred because it more closely resembles the morphology of the clusters. Taking this 
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Figure 8.3.  Room-temperature flexure strength as a function of SiC cluster size (equivalent 

area diameter) for ZrB2–30 vol% SiC ceramics produced by hot pressing [7–9].
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analysis even further, measuring the maximum Feret’s diameter of the cluster, should 
more accurately correlate to the flaw size by freeing the analysis from assumptions of 
circularity.

8.2.2.2  Effect of SiC Concentration.  The effect of SiC concentration on the 
strength of ZrB

2
–SiC ceramics is shown in Figure 8.5. In general, the strength (Table 8.3) 

increases with SiC content. From Chamberlain et al., the strength of ZrB
2
 increases 

from 560 to 1090 MPa with addition of up to 30 vol% SiC [26]. However, the strength is 
still controlled by the size of the SiC inclusions as discussed previously. Chamberlain 
was able to achieve high strengths through dispersion of the SiC particulate during 
processing. When percolation clusters begin to form, or the size of the SiC particles is 
large, strengths will decrease. Liu et al. produced ZrB

2
–SiC ceramics using nanometer-

sized SiC powder [50]. They produced strengths comparable to Chamberlain, except at 
the level of 30 vol% additions, where SiC began to form large percolation clusters, 
resulting in a material with lower strength than expected based solely on the submicron 
SiC particle size. Zhang et al. produced pressurelessly sintered ZrB

2
–SiC that resulted 

in large asymmetric SiC grains from the long isothermal holding times (3 h) required for 
densification [57]. Even though Zhang achieved good dispersion of the SiC particles, 
the resulting SiC grain size (up to 13 μm long) was larger than the critical grain size for 
microcracking of approximately 11.5 μm, thus resulting in reduced strengths (490 MPa).

The fracture toughness of ZrB
2
–SiC ceramics as a function of SiC additions is also 

shown in Figure 8.5. In general, fracture toughness (Table 8.3) increases with increasing 
SiC additions. Chamberlain reported a fracture toughness of 3.5 MPa · m½ for pure ZrB

2
, 
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Figure 8.4.  Room-temperature flexure strength, elastic modulus, and Vickers hardness as a 

function of maximum SiC cluster size (major axis of ellipse) for ZrB2–30 vol% SiC ceramics pre-

pared by hot pressing. The dashed line indicates the microcracking threshold that occurs at an 

SiC cluster size of approximately 11.5 μm [8].



Room Temperature Mechanical Properties� 175

increasing to 5.3 MPa · m½ for ZrB2–30 vol% SiC. Liu’s work [50] showed that toughness 
followed a similar trend to strength for nanosized SiC, increasing from 3.1 MPa · m½ for 
ZrB

2
 to 6.8 MPa · m½ for 20 vol% SiC then decreasing to 5.9 MPa · m½ for 30 vol% SiC 

(along with observed formation of percolation clusters). SiC additions increase the frac-
ture toughness of ZrB

2
 by increasing the tortuosity of the crack path. Figure 8.6 shows a 

polished and etched specimen of ZrB
2
–SiC exhibiting crack bridging and crack deflec-

tion. The ZrB
2
 grains typically fail by transgranular fracture, while cracks deflect at or 
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Figure 8.5.  Room-temperature flexure strength [16, 22, 26, 37, 50, 57] and fracture tough-

ness [16, 22, 26, 37, 50, 57] as a function of SiC concentration for ZrB2–SiC ceramics produced 

by hot pressing and pressureless sintering.
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near ZrB
2
–SiC interfaces. This behavior is consistent with residual stresses resulting 

from CTE mismatch between SiC and ZrB
2
. Further, R-curve behavior has been observed 

in ZrB
2
–SiC, as expected based on the CTE mismatch between the phases. Kurihara et al. 

[59] reported falling R-curve behavior for ZrB
2
–10 vol% SiC and Bird et al. [60] reported 

rising R-curve behavior for ZrB
2
–20 vol% SiC. Further increases in fracture toughness 

will likely require second-phase additions with higher aspect ratios, such as whiskers, 
rods, or platelets (discussed later), or the fabrication of laminate-type architectures [61].

The elastic modulus of ZrB
2
 with SiC (475 GPa) [62] additions follows a simple 

linear volumetric rule of mixtures trend (Fig. 8.7). Small variations in elastic modulus 
from the expected values may be attributed to the impact of processing impurities on 
ZrB

2
–SiC, such as WC from milling media or the effect of thermal residual stresses.

8.2.2.3  Effect of Additional Phases.  The effect of various additions to ZrB
2
–

SiC is summarized in Table 8.4. Additions are typically introduced as sintering aids that 
may be designed to remove surface oxide impurities, as in the case of C and B

4
C, or 

interacting with surface oxides to form softer grain boundary phases, as in the case of 
Si

3
N

4
. ZrB

2
–SiC with other additions has similar room temperature mechanical prop-

erties to ZrB
2
–SiC without additions. Nitride additions typically increase toughness by 

formation of a weaker grain boundary phase that increases crack bridging and deflec-
tion. Han [70] and Wang [71] observed an increased toughness for ZrB

2
–20 vol% SiC 

(from ~4.2 to ~5.5 MPa · m½) with 5–10 vol% additions of aluminum nitride, while 
retaining a room temperature flexure strength of 830 MPa. This increase was likely due 
to improved densification, which resulted in a finer grain size, and the presence of 
weaker grain boundary phases (BN and Al

2
O

3
) that enhanced crack deflection. Small 

additions of oxides (such as YAG [11] and La
2
O

3
 [19]) follow a similar trend to the 

Crack deflection

Transgranular

5 μm

Figure 8.6.  Thermally etched cross section of ZrB2–30 vol% SiC. The image shows the crack 

path from a Vickers indent with arrows indicating predominantly transgranular fracture for 

the ZrB2 grains and crack deflection near the ZrB2–SiC interfaces. Reproduced from [58].
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nitride additions with minimal improvements in toughness. This shows that small addi-
tions of nitrides and oxides can be added to ZrB

2
–SiC to provide additional means of 

controlling densification and microstructure without adversely affecting room tempera-
ture mechanical properties.

In contrast to oxide and nitride additions, the mechanical properties of ZrB
2
–SiC 

ceramics with ZrC (Table 8.4) typically result in mechanical properties similar to ZrB
2
–

SiC without ZrC additions (Table  8.3). This is most likely the result of closer CTE 
match between ZrC (7.6 × 10−6 K−1) [78] and ZrB

2
 compared to SiC and ZrB

2
, resulting 

in the SiC phase still dominating the mechanical behavior. With ZrC additions from 5 to 
30 vol%, the flexure strengths (~500–750 MPa), fracture toughnesses (3.5–6.5 MPa · m½) 
are nominally the same as ZrB

2
–SiC. Similarly, it is reasonable to assume that the same 

microstructural controls used in ZrB
2
–SiC to improve mechanical properties can be 

employed in the ZrB
2
–SiC–ZrC system. Small additions of other carbides (C, B

4
C, VC, 

and WC) have little effect on the mechanical properties of ZrB
2
–SiC. However, these 

additions improve densification of ZrB
2
–SiC in the same manner as when added to 

ZrB
2
, through removal of surface oxides on the starting powders. Thus, small additions 

of carbides can also be used to improve the room temperature mechanical properties by 
allowing greater control of microstructure during sintering.

8.2.3  ZrB2 with Disilicide Additions

8.2.3.1  Flexure Strength.  The flexure strength of ZrB
2
 with additions of ZrSi

2
, 

MoSi
2
, or TaSi

2
 is summarized in Table 8.5. Figure 8.8 shows the effect of MoSi

2
 and 

ZrSi
2
 additives on the strength of ZrB

2
. Guo [17] reported strengths for ZrB

2
–ZrSi

2
 in 
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Figure 8.7.  Elastic modulus as a function of additive content for selected hot-pressed ZrB2-

based composites with SiC [16, 18, 26, 28, 52, 54, 63] , MoSi2 [14, 64–67] , and ZrSi2 [17] addi-

tives. Values have been corrected for porosity using a linear relationship and b = 2.0.
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the range of 380 to 555 MPa depending on ZrSi
2
 content. Chamberlain [27] reported the 

effect of MoSi
2
 on strength of ZrB

2
, increasing from 565 MPa for ZrB

2
 to 1150 MPa for 

10 vol% MoSi
2
, decreasing to approximately 1020 MPa for 20 and 30 vol% additions of 

MoSi
2
. Similarly, Guo [64] also reported the strength of ZrB

2
 to increase from 460 MPa 

for ZrB
2
 [17] to between 750 and 800 MPa for 10–40 vol% MoSi

2
 additions.

The strength of ZrB
2
 with MoSi

2
 additions has been reported by numerous 

researchers. This has resulted in a wide range of reported strengths: ZrB
2
–10 vol% 

MoSi
2
, 560–1150 MPa; ZrB

2
–20 vol% MoSi

2
, 460–1010 MPa; ZrB

2
–30 vol% MoSi

2
, 

550–1030 MPa. These values highlight the importance of microstructure and processing 
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Figure 8.8.  Room-temperature flexure strength and fracture toughness as a function of dis-

ilicide concentration for ZrB2–MeSi2 ceramics produced by hot pressing [17, 27, 64].
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control similar to the ZrB
2
–SiC system. Unfortunately, microstructural effects of 

disilicide additions on the strength of ZrB
2
 have not been thoroughly investigated. This 

is further complicated by the tendency of the ZrB
2
–disilicide systems to form complex 

grain boundary phases and solid solution phases with the ZrB
2
. Silvestroni et al. [84] 

reported the formation of a ZrB
2
 core–(Zr,Mo)B

2
 rim structures during sintering. In 

addition, ZrC, ZrO
2
, MoB, and SiO

2
 were detected in the final microstructures. Further, 

they observed various Mo–Zr–B–Si phases that may have also contained C and O, as 
well as the core–rim structures. These complex chemistries and architectures make anal-
ysis of microstructure–mechanical properties’ effects difficult. Though detailed micro-
structural analysis has not been performed on the other transition metal disilicide 
systems, similar processes presumably occur in these systems as well.

8.2.3.2  Fracture Toughness.  Table 8.5 shows the fracture toughness of ZrB
2
 

with the addition of ZrSi
2
, MoSi

2
, or TaSi

2
. The effect of ZrSi

2
 and MoSi

2
 additions on 

the fracture toughness of ZrB
2
 is also shown in Figure 8.8. In general, MoSi

2
 additions 

result in fracture toughness values in the range of 3.2–4.0 MPa · m½. Chamberlain [27] 
reported indentation strength in bending (ISB) fracture toughness values of 3–4 MPa · m½ 
for ZrB

2
–MoSi

2
, but without a trend with MoSi

2
 content. Guo [64] measured fracture 

toughness of ZrB
2
–MoSi

2
 using the direct crack method (DCM) and reported values that 

decreased from 4.8 MPa · m½ for ZrB
2
 [17] to approximately 2.8 MPa · m½ for additions 

of 20–40 vol% MoSi
2
. Guo [17] also reported DCM toughness for ZrB

2
–ZrSi

2
 as 

3.8 MPa · m½ for 10 vol% additions, increasing to 4.4 MPa · m½ for 20 and 30 vol% addi-
tions, and then decreasing to 3.9 MPa · m½ for 40 vol% ZrSi

2
 additions. Unlike SiC addi-

tions to ZrB
2
, no trend was observed for fracture toughness with disilicide additions.

Using the Griffith criteria and a Y-parameter of 1.99 (long, semi-elliptical surface 
flaw), the ZrB

2
–MoSi

2
 composites produced by Chamberlain and Guo both exhibit criti-

cal flaw sizes that correlated to the observed grain sizes. For example, Chamberlain’s 
ZrB

2
–10 vol% MoSi

2
 has a calculated flaw size of 3.2 μm and a reported grain size of 

approximately 3 μm. However, Guo observed that the calculated critical flaw size was 
much larger than the observed grain size, suggesting that something other than grain 
size was controlling the strength of the ZrB

2
–ZrSi

2
 composites. From the microstruc-

tural analysis of polished cross sections and fracture surfaces, Guo observed that the 
ZrSi

2
 segregated to the grain boundaries during sintering, exhibiting a “string of pearls” 

type morphology and clustering of ZrSi
2
 grains. Further, small amounts of porosity were 

observed in the ZrSi
2
 clusters between the grains. For ZrB

2
–ZrSi

2
, the size and mor-

phology of the ZrSi
2
 phase controls the failure behavior of the composite.

8.2.3.3  Elastic Modulus.  Table  8.5 also summarizes the hardness and elastic 
modulus of ZrB

2
 with the addition of ZrSi

2
, MoSi

2
, or TaSi

2
. The effect of additive 

concentration on the elastic modulus of ZrB
2
–MoSi

2
 and ZrB

2
–ZrSi

2
 is shown in 

Figure 8.7. The dashed lines represent the expected modulus based on linear volumetric 
rule of mixtures calculations assuming moduli of 510 GPa for ZrB

2
, 440 GPa for MoSi

2
 

[85], and 235 GPa for ZrSi
2
 [86]. From Figure 8.7, it can be seen that the ZrB

2
–MoSi

2
 

composites follow the rule of mixtures trend, but the values are consistently 10–20 GPa 
lower than expected. This is likely due to the formation of complex phases and solid 
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solutions during densification ZrB
2
–MoSi

2
 composites. Thermal residual stresses resulting 

from the CTE mismatch between ZrB
2
 (α

a-axis
 = 6.9 × 10−6 K−1, α

c-axis
 = 6.7 × 10−6 K−1) [49] 

and MoSi
2
 (α

a-axis
 = 8.2 × 10−6 K−1, α

c-axis
 = 9.4 × 10−6 K−1) [87] may also play a role in the 

observed difference between the predicted and observed modulus. In the case of ZrB
2
–

ZrSi
2
, the observed modulus is in good agreement with the predicted modulus. Since a 

tendency to form complex phases has not been observed in the ZrB
2
–ZrSi

2
 system, this 

likely explains why the elastic modulus of ZrB
2
–ZrSi

2
 follows predictions while ZrB

2
–

MoSi
2
 has a more complex behavior.

8.2.4  ZrB2–MeSi2–SiC

The flexure strength and fracture toughness of several ZrB
2
–disilicide ceramics with 

SiC additions is shown in Figure 8.9. Guo [64] investigated the effect of SiC additions 
to ZrB

2
–20 vol% MoSi

2
 and ZrB

2
–40 vol% MoSi

2
 ceramics. The strength of both ZrB

2
–

20 vol% MoSi
2
 and ZrB

2
–40 vol% MoSi

2
 increased with the addition of 5 vol% SiC, but 

decreased with SiC contents of more than 5 vol%. Further, toughness increased with the 
addition of SiC, but was relatively insensitive to the amount. The improvement in prop-
erties was the result of a finer grain size for the ZrB

2
 and MoSi

2
, with the addition of 

5 vol% SiC. Further additions of SiC increased the observed average and maximum 
grain sizes for ZrB

2
, MoSi

2
, and SiC. A Griffith-type failure analysis revealed that the 

critical flaw size increased with the SiC content, and is consistent with the maximum 
observed MoSi

2
 grain size. Elastic modulus increased with a 5 vol% SiC addition, then 

decreased with further additions. Additions of SiC to ZrB
2
–TaSi

2
 [88, 89] resulted in 

similar trends in mechanical properties as additions to ZrB
2
–MoSi

2
. Additions of SiC to 

ZrB
2
–5 vol% TaSi

2
 and ZrB

2
–10 vol% TaSi

2
 increased the toughness. In general, addi-

tions of SiC to ZrB
2
 with disilicides results in improved toughness.

8.3  Elevated-Temperature Mechanical Properties

While several studies have reported elevated-temperature mechanical properties of ZrB
2
 

ceramics, most have only reported a single property (i.e., strength) for a limited number of 
temperatures and have not provided a systematic evaluation of the effects of temperature on 
mechanical behavior. The following discussion highlights studies of the elevated-temperature 
elastic modulus, strength, and fracture toughness of various ZrB

2
-based UHTCs.

8.3.1  Elastic Modulus of ZrB2-Based Ceramics

The elevated-temperature elastic modulus of hot-pressed ZrB
2
 with and without additives 

is shown in Figure 8.10. Only limited data on elastic behavior of ZrB
2
 have been pub-

lished for elevated temperatures. Okamoto et al. [49] reported elastic modulus from 
single crystal values as being 525 GPa at room temperature, decreasing linearly to 
490 GPa at 1100°C. Experimental results of bulk ZrB

2
 have resulted in lower values of 

elastic modulus than those reported by Okamoto. The historical work of Rhodes et al. 
[25] provided the only reported values for the elastic modulus of bulk ZrB

2
 tested in inert 

atmosphere. The modern studies by Zhu [20] and Neuman et al. [29] were conducted in 
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air, and thus are affected by the formation of an oxide scale on the test articles. 
Unfortunately, the effect of the oxide scale on the measured elastic modulus was not 
investigated. Regardless, the elastic modulus of bulk ZrB

2
 decreased more rapidly than 

expected based on single crystal measurements presumably due to a grain boundary 
effect. The modulus decreased linearly from room temperature to approximately 1200°C 
(450 GPa). Above this temperature, the elastic modulus decreased more rapidly with 
temperature. The change in slope was thought to be a result of softening of grain boundary 
phases combined with the activation of grain boundary sliding and diffusional creep 
mechanisms [20, 25, 29, 69, 90]. Reported modulus values were similar up to 1600°C 
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Figure 8.9.  Room-temperature flexure strength and fracture toughness as a function of SiC 

content for ZrB2–MoSi2–SiC and ZrB2–TaSi2–SiC ceramics [64, 88, 89].
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(250 MPa), despite the differences in testing methods. To date, Rhodes [25] is the only 
study to report the modulus above 1600°C, where it decreases to 100 GPa at 2000°C.

The elevated-temperature elastic modulus of ZrB
2
–SiC ceramics is shown in 

Figure 8.11. Rhodes et al. [25] observed a steady decrease in modulus from 530 GPa at 
room temperature to 420 GPa at 1400°C. Above 1400°C, the modulus decreased 
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Figure 8.10.  Elevated-temperature elastic modulus of hot-pressed ZrB2 with and without 

additives [20, 25,29].
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Figure 8.11.  Elevated-temperature elastic modulus of hot- pressed ZrB2–SiC with and with-

out additives [25, 69].
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dramatically to approximately 100 GPa at 1600°C. Neuman et al. [69] observed a steady 
decrease from 510 GPa at room temperature to 410 GPa at 1000°C. The slope of the 
modulus then changed, decreasing to 210 GPa at 1500°C, and then more rapidly to 
110 GPa at 1600°C. As with ZrB

2,
 the changes in slope of the elastic modulus are likely 

the result of softening of grain boundary phases, and grain boundary sliding and diffu-
sional creep. In ZrB

2
–SiC, the softening was expected to occur at a lower temperatures 

to the presence of SiO
2
 (surface oxide impurity from SiC) and its interaction with the 

B
2
O

3
 and ZrO

2
 present from the ZrB

2
. Zou et al. [90] measured the internal damping in 

ZrB
2
–SiC prepared by milling with Si

3
N

4
 balls, and found that the damping peaks just 

above 800°C and again around 1400°C. The reduction in modulus with temperature for 
ZrB

2
–SiC ceramics is enhanced by the presence of oxides at the grain boundaries and 

triple junctions as well as the polycrystalline nature of the material.

8.3.2  Strength and Fracture Toughness

8.3.2.1  Strength of ZrB2.  The elevated-temperature four-point flexure strength 
of ZrB

2
 with and without additives is shown in Figure 8.12. In the historical study of 

Rhodes [25], a room-temperature strength of 325 MPa was measured for fully dense 
ZrB

2
 with an approximately 20 μm grain size. Strength increased between room temper-

ature and 800°C (420 MPa), as a result of relief of thermal residual stresses. Strength 
decreased to 145 MPa at 1400°C, increased to 200 MPa at 1900°C, and then decreased 
to 50 MPa at 2200°C. The observed increase in strength from 1400 to 1900°C was 
thought to be caused by stress relief during testing through plastic flow, arising from 
diffusional creep. A general trend was observed that finer grain size, and lower porosity 
resulted in improved elevated-temperature strength, which was offset by enhanced creep 
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Figure 8.12.  Elevated-temperature flexure strength of selected hot-pressed ZrB2 ceramics 

with and without additives in air and argon [11–13, 20, 25, 29, 30].
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in the finer-grained material. Similar results have been observed in other structural 
ceramic systems such as SiC, ZrO

2
, Al

2
O

3
, and Si

3
N

4
.

Since the historical work of Rhodes [25], several modern studies have investigated 
the strength of ZrB

2
 at elevated temperatures. Melendez-Martinez et al. [12] measured 

the flexure strength of an 87%-dense ZrB
2
 (350 MPa at room temperature) up to 1400°C 

in air (220 MPa). Zhu [20] produced dense ZrB
2
 and ZrB

2
–2 wt% B

4
C–1 wt% C with 

grain sizes of 8.1 and 2.5 μm, respectively. At room temperature, the ZrB
2
 had a strength 

of 450 MPa compared to 575 MPa for ZrB
2
–B

4
C–SiC. The ZrB

2
 strength increased up to 

1200°C (500 MPa) before decreasing to 360 MPa at 1500°C. The strength of ZrB
2
–B

4
C–C 

increased to 630 MPa at 800°C, then steadily decreased to 370 MPa at 1500°C. Zhu per-
formed his testing in air, and even though he used a protective SiO

2
 coating, the strength 

above 1200°C was likely controlled by flaws induced by oxidation damage (discussed in 
more detail later). For dense ZrB

2
 ceramic with 0.5 wt% carbon added as sintering aid and 

a grain size of approximately 19 μm [29] the room temperature strength of the modern 
ZrB

2
 was 380 MPa, compared to 325 MPa for the Rhodes material. The strength was 

maintained up to 1200°C before decreasing to a minimum of 170 MPa at 1500°C. Above 
1600°C, the strength was approximately 220 MPa up to 2300°C. Chemical compatibility 
between ZrB

2
 and the graphite test fixture (T

e
 = 2390°C) prevented testing at higher tem-

peratures. The improvement in strength, especially above 2000°C, was most likely due to 
improved purity of modern ZrB

2
 powders (the ZrB

2
 used by Rhodes contained several 

percent ZrC and ZrO
2
). Additionally, the carbon sintering aid helped remove the surface 

oxides present on the ZrB
2
 starting powders [22], presumably leaving less oxide phase at 

the grain boundaries, which would improve high-temperature strength and stiffness.

8.3.2.2  Strength of ZrB2–SiC.  The elevated-temperature flexure strength of sev-
eral hot-pressed ZrB

2
–SiC ceramics with and without additives is shown in Figure 8.13. 

The ZrB
2
–20 vol% SiC studied by Rhodes [25] exhibited an increase in strength from 

390 MPa at room temperature to 420 MPa at 800°C. The strength steadily decreased to 
245 MPa at 1800°C and decreased more rapidly to 115 MPa at 2000°C. Modern ZrB

2
–

SiC exhibited higher strengths at room and elevated temperature compared to Rhodes’ 
material and similarly for all temperatures measured thus far. Zou et al. [90, 91] have 
reported the three-point bend strengths at elevated temperature for several compositions 
up to 1600°C in argon. Zou reported a strength of 550 MPa for ZrB

2
–20 vol% SiC at 

room temperature, increasing to 680 MPa at 1000°C, then steadily decreasing to 460 MPa 
at 1600°C. Zou added 5 vol% WC, which resulted in a room-temperature strength of 
605 MPa that steadily increased to 675 MPa at 1600°C. Interestingly, the composition 
ZrB

2
–20SiC–5ZrC (not shown) exhibited a room-temperature strength of 1100 MPa, 

only slightly decreasing to 1020 MPa at 1000°C. Increasing temperatures resulted in a 
steep decrease in strength to 320 MPa at 1600°C. Grigoriev [15] measured the strength 
of a ZrB

2
–19 vol% SiC composite in air (not shown), reporting a room-temperature 

strength of 500 MPa that was maintained up to 1200°C, decreasing to 430 MPa at 
1400°C. Not only do the room-temperature strengths vary widely for ZrB

2
–SiC, but the 

change in strength with temperature also varies.
Zou showed that the addition of WC to ZrB

2
–20SiC resulted in finer ZrB

2
 and SiC 

grain sizes plus enhanced removal of surface oxides from the starting powders. Reducing 
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the amount of low-melting-point oxides present at the grain boundaries should result in  
a higher stiffness at elevated temperatures, thus also improving strength and resistance to 
creep. Similarly, the increase in strength for ZrB

2
–20SiC–5ZrC at room temperature was 

attributed to grain refinement. The steep drop in strength at elevated temperatures was 
attributed to the softening of residual oxides present at grain boundaries, since no favorable 
reactions with the surface oxides or ZrC were identified up to the sintering temperature. 
Further, creep was observed in the material during testing at 1600°C. Hence, the presence 
of oxide impurities reduces strength and increases creep at elevated temperatures.

Neuman et al. reported the elevated-temperature four-point flexure strengths of 
ZrB

2
–30SiC with 2 wt% B

4
C in both an inert argon atmosphere and air (not shown) [30, 

69]. The strength of ZrB
2
–30SiC–2B

4
C in argon was 680 MPa at room temperature, 

steadily decreased to 540 MPa at 1800°C, then more rapidly decreased to 450 MPa at 
2000°C, and finally reached 275 MPa at 2200°C. In air, the strength increased from 
680 MPa at room temperature to approximately 740 MPa at 800 and 1000°C and 
decreased to approximately 370 MPa at 1500 and 1600°C. The increase in strength bet-
ween room temperature and 1000°C was attributed to the healing of surface flaws from 
the formation of the ZrO

2
–B

2
O

3
 oxide scale. The size of the SiC clusters controlled the 

strength up to 1800°C in the inert atmosphere. In air, the size of the SiC clusters con-
trolled strength up to 1000°C, while oxidation damage controlled strength above 
1200°C, as discussed in the following. The elevated temperature testing performed by 
Neuman was different than other studies in that increasing testing rates were used at 
increasing temperatures to stay in the fast fracture regime and avoid creep effects, which 
is consistent with the methods described in ASTM C1211. The increased testing rate 
typically results in higher measured strengths compared to tests using a slower rate 
where nonlinear-elastic behavior is observed.
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Figure 8.13.  Elevated-temperature flexure strength of selected hot-pressed ZrB2–SiC ceram-

ics with and without additives in argon [25, 69, 90, 91].
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Figure 8.14 also shows the elevated-temperature flexure strengths of some ZrB
2
–SiC 

ceramics with various additives. Rhodes added graphitic carbon to ZrB
2
–SiC to improve 

the thermal shock resistance. The strength increased from 520 MPa at room temperature 
to 640 MPa at 600°C in argon and then steadily decreased to 260 MPa at 1800°C. 
Monteverde [11] added 4 vol% Si

3
N

4
 as a sintering aid to ZrB

2
–20 vol% SiC. The strength 

decreased from 730 MPa at room temperature to 250 MPa at 1200°C due to formation of 
various phases containing Zr, Si, and/or B with O and/or N at the grain boundaries and 
triple junctions. These phases begin to soften at temperatures as low as 800°C, leading to 
strength degradation with increasing temperatures. Bellosi [67] measured the strength of 
a ZrB

2
–10SiC–30ZrC composite in argon, showing a room-temperature strength of 

720 MPa, which steadily decreased to 420 MPa at 1500°C. The decline in strength bet-
ween 1200 and 1500°C was similar to the decline observed by Zou over a similar tem-
perature range. Grigoriev made additions of 4 and 7 vol% ZrSi

2
 to ZrB

2
–18SiC and 

ZrB
2
–17SiC. In the case of the 4% addition, a strength of approximately 480 MPa was 

maintained up to 1200°C, before decreasing to 230 MPa. Adding 7 vol% ZrSi
2
 resulted in 

a decrease in strength from 400 MPa at room temperature to approximately 230 MPa at 
1200 and 1400°C. Grigoriev did not speculate as to the effect of ZrSi

2
 on the response of 

strength at elevated temperatures, but it is likely due to the relatively low melting point of 
ZrSi

2
 of 1620°C and the formation of complex phases at the grain boundaries and triple 

junctions as seen with in ZrB
2
–MoSi

2
 as discussed in the following.

8.3.2.3  Strength of ZrB2 with MoSi2 and TaSi2.  Figure 8.15 shows the four-
point flexure strengths at elevated temperatures in air for several ZrB

2
 ceramics contain-

ing MoSi
2
 or TaSi

2
. ZrB

2
–20 vol% SiC prepared by Rhodes is included as a comparison. 

Silvestroni [79] measured the strength of a pressurelessly sintered ZrB
2
–5 vol% MoSi

2
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Figure 8.14.  Elevated-temperature flexure strength of selected hot-pressed ZrB2–SiC ceram-

ics with various additives in argon [11, 15, 25, 67].
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ceramics, finding that the strength decreased only slightly from 570 MPa at room 
temperature to 490 MPa at 1500°C. Bellosi et al. [67] reported properties for a 
spark-plasma-sintered ZrB

2
–15MoSi

2
 ceramic, finding that the strength remained 

approximately 635 MPa from room temperature up to 1200°C, before decreasing to 
360 MPa at 1600°C. In a follow-up study, Balbo and Sciti [66] reported similar results 
for a hot-pressed material of the same composition, speculating that the decrease in 
strength at 1500°C was the result of softening of silicate phases present in the material. 
Sciti et al. [81] also measured the strength of pressurelessly sintered ZrB

2
–20MoSi

2
 

ceramics, in this case observing an increase in strength from 530 MPa at room tempera-
ture to 655 MPa at 1200°C, declining to 500 MPa at 1500°C. They attributed the increase 
in strength at 1200°C to healing of surface flaws due to formation of an oxide scale. Sciti 
et al. [83] also investigated the properties of hot-pressed ZrB

2
–TaSi

2
, reporting a strength 

of 840 MPa at room temperature that decreased to 375 MPa at 1500°C. This strength was 
slightly higher than they observed for a comparably processed ZrB

2
–15MoSi

2
 (705 MPa 

at room temperature, 335 MPa at 1500°C), but the strength followed a similar trend. The 
increased strength of ZrB

2
–TaSi

2
 was likely a result of the observed increase in fracture 

toughness between the MoSi
2
- and TaSi

2
-containing composites, but no further specula-

tion was offered by the authors.
The ZrB

2
–transition metal disilicide systems show promise for their retention  

of strength at elevated temperatures. Unfortunately, few data are available for these 
systems above 1500°C. In addition, no elastic properties or fracture toughness behavior 
have been reported at elevated temperatures. Chemical stability issues may also restrict 
the use of these composites in the ultra-high temperature regimes. These are discussed 
in more detail later, but should not be meant to diminish the promising properties these 
materials have demonstrated thus far.
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Figure 8.15.  Elevated-temperature four-point flexure strength of selected ZrB2–MeSi2 ceram-

ics in air [25, 65–67, 79, 82, 83].
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8.3.2.4  Fracture Toughness of ZrB2 and ZrB2–SiC.  Measuring the fracture 
toughness allows for the critical flaw size for failure to be calculated using the measured 
strength. Figure 8.16 shows the fracture toughness of ZrB

2
 [30] and ZrB

2
–30 vol% SiC 

[69] determined by chevron notched beam in flexure at elevated temperatures. The frac-
ture toughness of ZrB

2
 with 0.5 wt% C increased from 2.9 MPa · m½ at room temperature 

to 5.2 MPa · m½ at 1200°C, above which toughness steadily decreased to 3.7 MPa · m½ at 
2300°C. Using the Griffith criterion and a Y-parameter of 1.29 (semicircular surface 
crack), the critical flaw size was similar to the maximum grain size for nearly all tem-
peratures. The critical flaw size calculated for the material at 1400°C was slightly higher 
than any features observed in the microstructure. The cause of this discrepancy is cur-
rently unknown, but could be due to a change in the stress state, since Watts [56] found 
that stresses begin to accumulate in ZrB

2
 below 1400°C and Rhodes [25] observed plas-

ticity at 1400°C and higher.
The fracture toughness of ZrB

2
–30SiC with 2 wt% B

4
C, was measured up to 1600°C 

in air [69]. The fracture toughness was approximately 4.8 MPa · m½ from room temperature 
to 800°C, steadily decreasing to 3.3 MPa · m½ at 1600°C. Failure analysis revealed that SiC 
clusters acted as critical flaws below 1000°C, while oxidation damage was the critical flaw 
above 1200°C. While the oxide scale is a logical choice for failure origin in these materials, 
the study by Neuman showed that regions of enhanced ingress of oxide scale were the criti-
cal flaws. Thus, control of the microstructure is only part of the solution to improving the 
performance of these ceramics at elevated temperatures in oxidizing atmospheres. Control 
of the oxidation behavior and the morphology of the oxide scale are also critical for 
improving their performance in structural applications in extreme environments.

Kalish et al. [92] reported an increase in the amount of transgranular fracture in ZrB
2
 

from approximately 20% at room temperature up to approximately 60% at 1000°C. The 
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Figure 8.16.  Elevated-temperature fracture toughness (CNB) of hot-pressed ZrB2 and ZrB2–

SiC ceramics [30, 69].
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amount of transgranular fracture then decreased to approximately 10% at 1200 and 
1400°C. Similarly, Bird et al. [60] observed an increase in the amount of intergranular 
fracture in ZrB

2
–20 vol% SiC from approximately 5% at room temperature to approxi-

mately 95% at 1400°C. The amount of intergranular fracture increased between 800 and 
1000°C. The increase in the amount of intergranular fracture with temperature corre-
sponded to an increase in the observed plateau in toughness, which increased from 
approximately 2.8 MPa · m½ at room temperature to approximately 5.8 MPa · m½ at 1400°C.

8.4  Concluding Remarks

This chapter presented a review of the current state-of-the-art of the mechanical prop-
erties of zirconium diboride-based ceramics. These ceramics offer a combination of 
properties that include high refractoriness, modulus, hardness, strength, and moderate 
fracture toughness. Their mechanical properties are controlled by their microstructures. 
The control of grain size, the dispersion and cluster size of second phases, and impurity 
phases are critical for the production of materials for use in extreme environment appli-
cations. Lack of sufficient control over the microstructure and impurities reduces the 
properties of these materials—for example, exceeding the microcracking threshold. The 
mechanical properties of these materials at elevated temperatures were also reviewed. 
To date, there has been a lack of fundamental research studies of the mechanical prop-
erties of these materials at elevated temperatures. Since the main driver for research into 
the ZrB

2
 system is for use in ultra-high temperature (>2000°C) applications, further 

effort is needed to evaluate the mechanical properties of these materials in relevant envi-
ronments. It was shown that there is currently a lack of robust microstructure—property 
relations for the ZrB

2
-based systems. Microstructure and impurity characterization 

needs to be performed, and controlled, in future studies.
This chapter has shown that ceramics based on ZrB

2
 offer promise for use as struc-

tural materials in extreme environments. It was shown that ZrB
2
 ceramics offer 

mechanical properties at ultra-high temperatures that should allow designers to incorpo-
rate these materials for use in future applications for hypersonic vehicles and in other 
industrial applications where ceramics that can maintain strength (hundreds of MPa) at 
temperatures exceeding 1500°C are needed.
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Thermal Conductivity  
of ZrB2 and HfB2

9.1  Introduction

ZrB
2
 and HfB

2
 are proposed for use in hypersonic vehicles and reentry spacecraft where 

they will be used as thermal management materials for extreme thermal environments. 
These applications typically include sharp control surfaces (leading/trailing edges) as 
well as scramjet engine components [1–5]. Hypersonic control surfaces need thermal 
conductivities (k) that are as high as possible to conduct heat generated from atmo-
spheric friction through the material so that it can be dissipated elsewhere [1, 3]. In 
addition, higher k values increase thermal shock resistance in high heat flux situations. 
Because engine components cannot radiate to the atmosphere, lower k refractory mate-
rials could be beneficial, depending on the cooling capabilities of the vehicle [3]. From 
a materials engineering perspective, the effects of processing, composition (intentional 
additions or from impurities), and the resulting microstructure need to be characterized 
to design materials with appropriate properties. The goal of this chapter is to review the 
state-of-the-art with respect to thermal conductivity for single-phase and composite 
ZrB

2
 and HfB

2
 ceramics.

Gregory J. K. Harrington and Greg E. Hilmas

Department of Materials Science and Engineering, Missouri University of 
Science and Technology, Rolla, MO, USA

9
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9.2  Conductivity of ZrB2 and HfB2

9.2.1  Pure ZrB2

Few nominally phase-pure ZrB
2
 materials (referred to hereafter as “pure ZrB

2
”) have 

been produced for measurement of k. As summarized in Table 9.1, k has been reported 
for fewer than 25 materials starting with the work by Sindeband et al. [6] in 1950, up 
through the publication of this chapter. This is likely due to the difficulty of densifying 
ZrB

2
 without sintering aids and the frequency with which second phases are added to 

ZrB
2
 to improve strength, fracture toughness, resistance to oxidation, and thermal shock 

performance. From this point on, reports before 1980 are referred to as “historic” while 
anything after is considered “current.” Most studies have evaluated k indirectly using the 
bulk density (ρ), thermal diffusivity (D), and the constant pressure heat capacity (C

p
), 

along with Equation 9.1 [8, 10–18, 20–23] (Jason Lonergan, Missouri University of 
Science and Technology, personal communication). However, a few studies have mea-
sured k directly using steady-state methods [7–9] or a direct dynamic method [19]. 
These exceptions have been noted in Table 9.1.

	
k D C= ρ * * p 	 (9.1)

For studies utilizing Equation 9.1, D was evaluated by dynamic methods including 
xenon flash [16, 17], laser flash [8, 10, 13–15, 20–23] (Jason Lonergan, Missouri 
University of Science and Technology, personal communication), or a plane tempera-
ture wave approach [12, 18]. Overall, D is the most important parameter for calculating 
k. Compared to C

p
 and ρ, D is the property that is most affected by changes in grain size 

and purity. In some cases, C
p
 values have either been measured by drop calorimetry [8], 

DSC [14, 15], or one of the flash techniques [13, 16, 17]. More likely, C
p
 values have 

been taken from thermochemical tables [10, 12, 18, 20–23] (Jason Lonergan, Missouri 
University of Science and Technology, personal communication), historic literature by 
either Schick [24] or Bolgar et al. [25], or sources such as the NIST-JANAF [26] tables 
or HSC chemistry [28] (HSC primarily derives its ZrB

2
 equations from the NIST-

JANAF). Figure 9.1 shows C
p
 for ZrB

2
 as a function of temperature from several of 

studies [8, 14–17] as well as the thermochemical tables [24, 26–28].
Figure 9.1 shows obvious discrepancies among reported values. Despite divergence 

at higher temperatures, data from Schick et al., the NIST-JANAF tables, HSC, and a 
more recent DSC data by Zimmermann et al. [15] appear to agree between room tem-
perature (RT) and approximately 200°C (430–550 J/kg-K). In contrast, room-tempera-
ture values reported by Guo et al. [17] and Ikegami et al. [16], which were both obtained 
by a comparison method using xenon flash, are approximately 20 and approximately 
29% higher, respectively. The cause of the discrepancies in the C

p
 values is unclear, but 

it goes without saying that reliable C
p
 values are of utmost importance when calculating 

k. Finally, density is almost always evaluated using the Archimedes method. For cases 
in which density values are corrected for the effects of thermal expansion, tabulated data 
[20–23] (Jason Lonergan, Missouri University of Science and Technology, personal 
communication) or experimental dilatometry results [7, 8, 10, 13–15, 22] were used.
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Most studies have used some type of milling procedure for particle size reduction, 
to mix the starting components, or to blend-in sintering aids. Contamination from 
milling media is common and may affect the properties of the densified ceramics. Only 
the modern reports provide much detail on the types of media used, with WC [15, 20], 
SiC [16, 17], ZrO

2
 [14, 19], and ZrB

2
 [21–23] (Jason Lonergan, Missouri University of 

Science and Technology, personal communication) being the most common media 
types. Pressure-assisted densification techniques such as hot pressing (HP) or spark 
plasma sintering (SPS; also known as field-assisted sintering (FAST) or pulsed electric 
current sintering (PECS)) were most often employed for the densification of ZrB

2
 [7–

11, 14–23] (Jason Lonergan, Missouri University of Science and Technology, personal 
communication), but pressureless sintering (PS) [6, 12], chemical vapor deposition [12], 
and float zone refinement [13] have also been utilized. From these densification tech-
niques, researchers were often successful at producing greater than or equal to 95% 
dense ceramics with several achieving full density. Figures  9.2 and 9.3 summarize 
thermal conductivity data from historic and current literature. All data have been pre-
sented “as published” unless otherwise noted in the figures.

9.2.1.1  Historic ZrB2.  Historically, ceramics with the lowest thermal conductiv-
ities were produced by Sindeband et al. (~25 W/m-K) [6] and Neel et al. (20–46 W/m-K) 
[7], likely due to low relative densities, which were 85 and 70%, respectively. The effect 
of density is especially evident at elevated temperatures where k begins to rise as tem-
perature increases, presumably due to photon heat transport across pores. Despite the 
low density of these ceramics, research by Neel et al. was significant in that ZrB

2
 was 
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tested up to 2200°C, which has since only been equaled by Fridlender et al. [12]. In 
addition to high testing temperatures, Neel et al., along with Samsonov et al. [9] and 
Clougherty et al. [8], are the only researchers to perform direct steady-state measure-
ments of thermal conductivity for any ZrB

2
-based materials.

Other historic k values for ZrB
2
 were obtained for ceramics that were >97% dense 

[10], fully dense [8], or had thermal conductivities corrected for porosity [9, 11, 12]. 
No  clear trend in thermal conductivity as a function of temperature emerges as k 
increases for some and decreases for others as temperature increases. The k values also 
vary widely, from as low as approximately 35 W/m-K at 200°C to approximately 
80 W/m-K at 2000°C. Both ZrB

2
 and HfB

2
 should exhibit k values that decrease with 

increasing temperature because they behave similar to metals whereby heat is trans-
ferred by phonons and electrons, both of which scatter more at elevated temperatures 
due to increased thermal vibrations. Based on this, and in comparison to the other his-
toric literature values in Figure 9.2, values reported by Samsonov et al. are likely not 
representative of ZrB

2
 as k steadily increases from approximately 60 W/m-K at 1000°C 

to approximately 130 W/m-K at 2000°C.
Andrievskii et al. [11] also reported k values that increased with temperature, which 

was not explained. In contrast, Fridlender reported the addition of 1 wt% carbonyl nickel for 
densification of “sintered” ZrB

2
. The presence of Ni most likely caused the relatively low k 

values (50–54 W/m-K) and increasing k with temperature. Fridlender et al. also investi-
gated pyrolytic ZrB

2
 produced by chemical vapor deposition (CVD) that led to a “columnar 

microstructure with semicoherent crystallite boundaries.” No overall temperature trend was 
apparent for k, but the higher conductivity (84–93 W/m-K) compared to sintered material 
was attributed to decreased phonon scattering from more coherent grain boundaries [12].

Finally, ZrB
2
 produced by Branscomb and Hunter [10] and Clougherty et al.1 [8] had 

the highest k values of the historic ceramics and had k values that decreased with temper-
ature. This behavior is consistent with high relative density and purity. Further, Branscomb 
and Hunter reported the highest k at low temperature (105 W/m-K at 200°C) and the 
highest conductivity above 1000°C (~91 W/m-K at 1143°C, excluding Fridlender’s pyro-
lytic ZrB

2
). Branscomb and Hunter analyzed the metallic impurity content and found 

their ceramic to be approximately 99.1 at% pure with the largest impurities being Fe 
(0.7 at%), Si (0.07 at%), and Nb (0.05 at%) with other impurities <0.02 at% [10]. However, 
the analysis did not include Hf (common impurity in Zr), C (typically introduced during 
processing), or O (from native oxide layers), which were likely also present. Despite this, 
their ZrB

2
 was one of the purest historic ceramics resulting in its high k.

9.2.1.2  Current ZrB2  Current studies summarized in Figure 9.3 are similar to 
historic studies (Fig. 9.2) as a large range of values have been reported. However, values 
are consistent with the main factors (i.e., density, purity, and grain size) that control k.

Thermal conductivity at the highest temperatures measured for current ZrB
2
 ceramics 

[15, 20–22] (Jason Lonergan, Missouri University of Science and Technology, personal 
communication) ranged from 43 W/m-K [14] to 75 W/m-K [22]. Room-temperature k values 
are all >85 W/m-K [13, 16–18, 21–23] (Jason Lonergan, Missouri University of Science and 
Technology, personal communication) with one exception at 56 W/m-K [15]. Despite the 
range of k values for ZrB

2
, consensus has not been reached on the intrinsic k of ZrB

2
.

1 The discontinuity at 1000°C for data by Clougherty et al. [6] is likely due to a change in testing method.
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To investigate ZrB
2
 as a lattice-matched substrate for GaN, Kinoshita et al. produced 

single-crystal (SX) ZrB
2
 by float zone refinement (Table 9.1). ZrB

2
 is hexagonal and has 

an anisotropic k. Measurements ranged from 132–145 W/m-K parallel to the a-axis to 
95–102 W/m-K parallel to the c-axis (Fig. 9.3) [13]. Differences can be explained by dif-
ferent phonon and electron scattering behavior for different directions. Phonon scattering 
increases as the ratio of atomic masses increases between constituent elements [29]. 
Therefore, phonon conduction will be highest for the direction with B–B and Zr–Zr 
bonds, which is the basal plane. In addition, the electron contribution to k is higher along 
the basal plane due to electrical conduction in the close-packed planes of Zr atoms [30].

The SX values reported by Kinoshita et al. provided insight into the theoretical 
limits for k of ZrB

2
 ceramics. Equations 9.2 and 9.3 have been used to estimate the 

arithmetic-mean (k
AM

, upper bounds) and harmonic-mean (k
HM

, lower bounds) poly-
crystalline thermal conductivities from SX values [31, 32]:

	
k k k kAM = + +( )1

3 1 2 3 	 (9.2)

	

1 1

3

1 1 1

1 2 3k k k kHM

= + +
æ

è
ç

ö

ø
÷	

(9.3)

Using values from Kinoshita, the theoretical k for ZrB
2
 is between 117 and 131 W/m-

K. These values do not account for grain boundary resistances, which are influenced by 
both grain size and impurities, and would likely decrease thermal conductivity. Therefore, 
the predicted k values should be upper limits for polycrystalline ZrB

2
 ceramics.

The k of one material from Figure 9.3 has a value within the SX bounds [17], while 
three others are within 10 W/m-K of the lower limit [16, 18] (Jason Lonergan, Missouri 
University of Science and Technology, personal communication). To more thoroughly com-
pare these materials, corrections for heat capacity and density have been applied in the 
present analysis. The C

p
 values were corrected because of the uncharacteristically high 

values reported by Guo et al. [17] and Ikegami et al. [16], and for the low relative densities 
(97.2% [17], 95.6% [16], and 92.5% [18]), which were corrected using the Maxwell–
Eucken relation [33, 34]. The modified C

p
 values decreased k considerably, while accounting 

for porosity in the ceramic produced by Zhang et al. [18] increased k to 125 W/m-K at 50°C. 
These corrections left Zhang’s as the only material with a k value that fell in the theoretical 
range, which makes it the best representation of the intrinsic k of polycrystalline ZrB

2
.

The three highest k materials from the corrected values (after C
p
 and ρ corrections) 

were all reaction processed [17] (Jason Lonergan, Missouri University of Science and 
Technology, personal communication). All other current ZrB

2
 was produced from 

commercial ZrB
2
 powder. An obvious division in room-temperature k values occurs at 

approximately 67 W/m-K. Above this value, the reported k values decrease as tempera-
ture increases [18, 21–23] (Jason Lonergan, Missouri University of Science and 
Technology, personal communication). Besides the material by Loehman et al., which 
may be anomalous due to its low density (75%) [14], the two other materials below 
67 W/m-K exhibited an increase in k with temperature [15, 20]. These ceramics contained 
WC impurities from milling and, in both cases the authors indicated that W from the 



conductivity of zrb2 and hfb2� 205

media was a likely cause for the slope and low k values. Despite the differences in room-
temperature k and the change in k with temperature [21, 22] (Jason Lonergan, Missouri 
University of Science and Technology, personal communication), the k values converge 
to a narrow range (within ~10 W/m-K) above 1300°C. This indicates that factors result-
ing in large changes in the k at lower temperatures may give way to a common mecha-
nism that controls k at elevated temperatures.

Purity may be the most significant factor affecting k for current ZrB
2
 ceramics. 

Conductivities for fully dense ZrB
2
 [15, 21], or values for porous ceramics corrected to full 

density [22, 23] (Jason Lonergan, Missouri University of Science and Technology, personal 
communication), span a significant range of k values (more than 50 W/m-K) and appear to 
be independent of grain size. Grain sizes can be divided into two separate ranges, fine with 
average grain sizes below 10 µm [14–18, 20] (Jason Lonergan, Missouri University of 
Science and Technology, personal communication) or coarse with average grain sizes over 
20 µm [21–23]. Fine grains can result in either high k (>107 W/m-K at 25°C) for reaction 
processed ZrB

2
 [17, 18] (Jason Lonergan, Missouri University of Science and Technology, 

personal communication) or low k (<57 W/m-K at 25°C) for conventionally processed 
ZrB

2
 ceramics [15, 20]. Thermal conductivities for coarse-grained materials all fall 

between those values [21–23]. Therefore, the difference apparent in Figure 9.3 is not sig-
nificantly affected by grain size. Differences in purity, which are reported much less often, 
are, therefore, the most likely explanation for the observed variations. Unfortunately, none 
of the current studies report chemical analysis of the final ceramics, although assays of 
starting powders are typically provided [14, 16–18, 22, 23] (Jason Lonergan, Missouri 
University of Science and Technology, personal communication). As a result, analysis of 
the effect of purity is difficult. However, some studies have systematically evaluated the 
effects of solid solution (SS) additions of various species as discussed in the next section.

9.2.2  ZrB2 with Solid Solution Additions

Thermal conductivities from three studies evaluating the effects of SS additions to ZrB
2
 

[21–23] are summarized in Table  9.2 and plotted in Figure  9.4. Values for reaction 
hot-pressed ZrB

2
 ceramics reported by Zhang et al. [18] are included for comparison. 

These studies were self-consistent since similar processing was used for pure, baseline 
ZrB

2
 ceramics and those with subsequent SS additions. However, if SS additions [21, 23] 

were compared to the corrected data for reaction-processed ZrB
2
 [18] instead of the 

baseline material produced in each study, the effects could be misleading.
SS additions decrease the k values of ZrB

2
 ceramics from the respective baselines, 

especially at room temperature. The trend in k as a function of temperature depends on 
both the type and amount of additive. For example, Thompson et al. showed that an SS 
addition of 10 vol% TiB

2
 reduced k resulting in an almost linear trend with temperature. 

In contrast, the addition of 50 vol% TiB
2
 resulted in a decrease in k of approximately 

23 W/m-K at 25°C compared to the addition of 10 vol% TiB
2
 [21]. Both Thompson et al. 

[20] and McClane et al. [23] found that smaller additions of TiB
2
 (data by McClane not 

shown in Figure 9.4) had a minimal effect on k. In contrast, other transition metal addi-
tions such as W or Nb evaluated by McClane had a much larger effect at the same 
concentration [23]. McClane confirmed that SS additions of tungsten in ZrB

2
 decreased 
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k significantly (~53 W/m-K drop at 25°C for 3.1 mol% W). Evaluation of k for different 
SS additions was also shown to correlate to changes in lattice parameters [23].

9.2.3  Pure HfB2

Research on k of HfB
2
 is summarized in Table 9.3. Reports of k for HfB

2
 are more scarce 

than those of ZrB
2
, likely due to the higher cost and density (11.21 g/cm3 [38] vs. 6.12 g/cm3 

[39]) of Hf, which may make it less attractive for aerospace applications. The k values of 
HfB

2
, like ZrB

2
, were typically calculated from D, ρ, and C

p
 using Equation 9.1 [10, 14, 

18, 35, 37], but some direct measurements have been reported [9, 36]. Also similar to 
ZrB

2
, C

p
 was either evaluated experimentally [14, 35], taken from thermochemical ta-

bles (Schick [24]) [10], or an electronic database (HSC [27]) [18, 37] and these values 
are plotted as a function of temperature in Figure 9.5. The tabulated data by Schick and 
values obtained from HSC are nearly identical, but C

p
 values used by Loehman et al. 

[14] and Gosset et al. [35] were lower and may have led to lower k values compared to 
studies using typical values.

Of the studies reporting powder-processing methods, hand mixing (HM) was most 
common [18, 37], while one study used ZrO

2
 media and ball milling [14]. The two 

studies utilizing HM also performed reaction processing using SPS to produce HfB
2
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from Hf and B. All other HfB
2
 studies used commercial HfB

2
 powder and densification 

by hot pressing [9, 14, 35, 36] or evaluated commercially sintered material [10]. Aside 
from HfB

2
 studied by Loehman et al. [14], which had a relative density of 69%, all other 

reports used HfB
2
 that was greater than or equal to 95% relative density.

The k values presented in Table  9.3 are plotted in Figure  9.6. Similarities are 
apparent between trends discussed for ZrB

2
 and HfB

2
. First, both display a wide varia-

tion in k values across the temperature range. Second, k should decrease with increasing 
temperature, porosity, and impurity content.

The k values for HfB
2
 reported by Samsonov et al. [9] increase with increasing tem-

perature from 1000 to 2000°C, as did ZrB
2
 reported in the same study. Again, this trend 

does not fit with other reports. As mentioned previously, Loehman et al. reported k for 
highly porous HfB

2
, resulting in low values (37–31 W/m-K from 250–2000°C) [14]. 

Branscomb and Hunter [10] reported the only other historic HfB
2
, which had a slightly 

negative slope of k with temperature (78 W/m-K at 200°C to 74 W/m-K at 1200°C), but 
k was lower compared to HfB

2
 produced by Zhang et al. [18] and Gasch et al. [37] due 

to lower purity (98.2%) and density (95.2%).
Like the highest k for polycrystalline ZrB

2
, the highest k for HfB

2
 was also a result 

of high purity starting materials (i.e., 99.8% Hf and 99% B) [18, 37]. Zhang et al. also 
produced nonstoichiometric compositions of HfB

1.9
 and HfB

2.1
, but only HfB

2.1
, was 

fully dense. To better evaluate these k values, and estimate a theoretical maximum k for 
HfB

2
, reported values were adjusted for ρ (hollow shapes in Fig. 9.6). The two stoichio-

metric compositions had similar k values of approximately 114 W/m-K at the lowest 
temperatures (30–50°C). The values steadily decreased to approximately 103 W/m-K 
at 400°C. The similarities were likely due to the nearly identical processing procedures 
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Figure 9.5.  Heat capacity as a function of temperature for HfB2 [24, 27, 35].
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(i.e., HM of the constituents and densification via SPS). Unless higher purity starting 
materials were used, the compositions by Gasch et al. and by Zhang et al. are likely the 
best representation of the intrinsic k for polycrystalline HfB

2
.

Interestingly, the change in stoichiometry studied by Zhang et al. had a significant 
effect on k. The k for the boron-rich composition was approximately 6% higher than the 
stoichiometric composition. In contrast, the boron deficient material had k values that 
were approximately 6% lower. No explanation was provided for the reported differ-
ences, but both the electron and phonon contributions to k were higher for HfB

2.1
 [18].

9.2.4  Conclusions Regarding Phase-Pure ZrB2 and HfB2

The k values for nominally pure ZrB
2
 and HfB

2
 were affected more strongly by purity 

than grain size or porosity. Porosity decreased k; however, as these materials are mainly 
intended for use as structural ceramics, densities are typically maximized. Grain size had 
little effect on k for ZrB

2
 as either higher or lower k materials were produced with fine 

grain sizes, with larger-grained material bridging the gap in conductivity. As these mate-
rials are all single phase, changes in purity were due to elements in SS. Reaction processing 
from pure elemental constituents (>99.7% metals, 99% B) has been used to produce the 
highest conductivity polycrystalline ZrB

2
 and HfB

2
. Comparisons with single-crystal 

ZrB
2
 values (117–131 W/m-K after averaging a- and c-axis values) revealed that the k for 

ZrB
2
 produced by reactive SPS were in good agreement with values predicted from sin-

gle-crystal values, which may indicate that grain boundary resistances for ZrB
2
 are low.
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Figure 9.6.  Thermal conductivity as a function of temperature for historic and current HfB2. 
aData corrected for ρ [9, 10, 14, 18, 37, 39, 40].
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Due to their proposed use temperatures, many studies report k values up to 2000°C. 
In contrast, SX ZrB

2
 was only evaluated to 200°C. Evaluation up to 2000°C would have 

been very valuable. Research on transition metal additions indicated the effect of SSs on 
k. Depending on the element (i.e., W has a much larger effect than Ti) and concentration, 
the k values of ZrB

2
 (and HfB

2
 by corollary) can change significantly. With SS addi-

tions, k drops more dramatically at room temperature compared to higher temperatures. 
This results in a change in slope in k versus T from negative to positive. The observed 
changes in k are most likely tied to changes in bonding and distortions in the lattice as 
they have been shown to correlate to shifts in measured lattice parameters.

9.3  ZrB2 and HfB2 Composites

9.3.1  Thermal Conductivity of ZrB2 Composites

Researchers have used additions of secondary, tertiary, and quaternary phases to 
improve densification and important properties (i.e., strength, thermal shock resistance, 
and oxidation performance) of ZrB

2
 ceramics. Along with these possible improve-

ments, the transport properties also influence the thermal management performance 
and further contribute to thermal shock behavior. Therefore, the k of the final ceramic 
is important in its own right and has been studied to understand the effects of additives. 
Table 9.4 (ZrB

2
–SiC), Table 9.5 (other second-phase additions), and Table 9.6 (tertiary 

and quaternary phases) summarize the ZrB
2
 composites that have been evaluated.

9.3.1.1  ZrB2-X Composites.  ZrB
2
–SiC ceramics have been studied by a host of 

researchers (Table 9.4) [8, 14–16, 18, 46–46], along with other ZrB
2
 based composites 

with additions of C [8, 11, 20], MoSi
2
 [48, 49], ZrC [11, 12], or ZrSi

2
 [50] (Table 9.5). 

The compositions span a large range of additive contents. However, the present review 
was limited to additions less than or equal to 50 vol% so the materials may be regarded 
as ZrB

2
-based. Values of k were plotted as a function of temperature for ZrB

2
–SiC 

(Fig. 9.7)2 and ZrB
2
–X (Fig. 9.8), where X is C, MoSi

2
, or ZrC. All of the studies but 

Clougherty et al. [8] measured D and calculated k using Equation 9.1.

ZrB
2
–SiC  As seen in Table 9.4 and Figure 9.7, SiC additions to ZrB

2
 range from 5 

to 50 vol%. In general, k decreases as SiC content increases. Therefore, SiC appears to 
act as a lower k phase (with respect to ZrB

2
). However, whether this is an expected out-

come depends on the inherent conductivity of SiC in the composite.
The room-temperature k of high-purity single-crystal SiC (ppm impurity levels) can be 

as high as 490 W/m-K, with a theoretical upper limit predicted to be as high as 700 W/m-K. 
This high k is attributed to phonon transport since SiC is not electrically conductive [57]. 
Despite high k values at room temperature, k of SiC drops off quickly with increasing impu-
rity content due to phonon scattering [57–62]. When N is present as an impurity, SiC can 
have k as low as 60 W/m-K at room temperature [57, 63]. Further, SSs with elements like 
Be, B, and Al, which are introduced from common sintering aids, can result in SiC ceramics 

2 Values for ZrB
2
 prepared by reactive SPS by Zhang et al. [18] were corrected for porosity.
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Figure 9.7.  Thermal conductivity as a function temperature for ZrB2 with SiC additions rang-

ing from 5 to 50 vol%. (Note: Clougherty changed testing methods at 1000°C.) aData corrected 

for ρ [8, 14, 15, 18, 36, 41–45].
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with k values in the range of 250–270 W/m-K [59, 64], 100–150 W/m-K, and 80–120 W/m-K 
[62], respectively. In addition, k decreases with increasing amounts of each constituent [61]. 
Given the effect of impurities, SiC in ZrB

2
–SiC composites could be below the k of ZrB

2,
 

due to starting impurities or by picking up B from the surrounding diboride.
Other explanations are possible for observed reductions in k values for ZrB

2
–SiC. 

For example, microcracks can form due to residual stresses from SiC particle or cluster 
sizes greater than approximately 11.5 µm [65]. Microcracking is similar to porosity, 
reducing k by decreasing the effective conduction path, thus disrupting phonon and elec-
tron transport. Depending on SiC distribution, size, morphology, and volume fraction, 
microcracks can be present in the final ceramic, but have rarely been discussed. Another 
explanation for a drop in k due to SiC additions is the presence of a second phase at the 
grain boundaries. An SiO

2
-based phase can form at the grain boundaries in ZrB

2
–SiC, 

but appropriate additions of B
4
C and C can remove it prior to densification [66].

Loehman et al. reported one of the best examples of decreasing k with increasing 
SiC content in diborides. As SiC content increase from 5 vol% SiC to 20 vol% SiC, k at 
250°C dropped from 112 to 100 W/m-K [14]. For their ceramic containing 5 vol% SiC, 
k was 112 W/m-K, which is quite high and similar to the value of 110 W/m-K reported 
by Zhang et al. [18] for reaction-processed ZrB

2
. As the ZrB

2
 comprises the majority of 

this material, the high conductivity may be an indication of the diboride purity.
For SiC contents of 20 vol%, a majority of k values [8, 14, 41, 46] lie in a range 

(highlighted in Fig. 9.7) between 88–102 W/m-K at 200°C and 66–70 W/m-K at 2000°C. 
Because reported k values vary for both ZrB

2
 and SiC, it is difficult to define one k value 

for ZrB
2
–20% SiC. This region is likely adequate based on the convergence of multiple 

research efforts into a narrow set of k values. Four ceramics containing 20 vol% SiC fell 
below this region [18, 40, 42, 45] and deserve further discussion. Ceramics produced by 
both Wang et al. [40] and Zhang et al. [45] likely had microcracking. Image analysis by 
both researchers showed that SiC cluster sizes were greater than or equal to 11.5 µm, 
indicating that both materials had SiC inclusions large enough to promote microcrack-
ing. In addition, modulus values reported were lower than expected at 480 GPa 
(~492 GPa if corrected for porosity) for Wang and 374 GPa (~382 GPa if corrected for 
~1% porosity) for Zhang, further supporting the case for microcracking.

Microcracking does not appear to be an issue with the other two lower k compositions. 
Hence, purity may be the cause. Zhang et al. milled the ZrB

2
 and SiC using WC media 

[18]. As discussed earlier, W decreases the k of ZrB
2
. Finally, the material evaluated by Tian 

et al. used lower purity SiC (98.5%) and Si
3
N

4
 media for milling. Nitrogen [57], and spe-

cifically Si
3
N

4
, [67] contamination have been shown to decrease the conductivity of SiC.

Arc melted ZrB
2
–SiC evaluated by Tu et al. may be the least practical material from 

a production standpoint, but it is a unique material from a scientific perspective. The 
material containing 50 vol% SiC had a very fine eutectic microstructure with ZrB

2
 and 

SiC features approximately 100 nm wide [43]. The fine microstructure likely led to a 
higher phonon scattering (compared to other traditionally processed ZrB

2
–SiC compo-

sitions), which may have resulted in a steeper slope in k with temperature.

ZrB
2
-(C, MoSi

2
, ZrC, and ZrSi

2
).  In addition to diboride–SiC composites, k 

has been evaluated for two-phase ZrB
2
-based compositions containing C [8, 11, 20], 
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MoSi
2
 [48, 49], ZrC [11, 12], and ZrSi

2
 [50] (Table 9.5). Figure 9.8 shows k as a function 

of temperature for these materials. Note that the disilicides by Guo [48, 50] were only 
evaluated at room temperature. A broad range of k values were reported depending on 
the specific additive and its amount. For ZrB

2
 containing 20 vol% C, the material from 

Clougherty et al. is the only one with k values that decreased with temperature. Like 
other materials evaluated by Clougherty, this one had a discontinuity at 1000°C where 
the test method switched from a steady-state cut bar method to calculation from D, but 
overall k dropped from approximately 85 W/m-K at 100°C to approximately 64 W/m-K 
at 2000°C [8]. The form of the carbon in the material, either before or after processing, 
is not discussed. Given the small decease in k at room temperature between this material 
and the ZrB

2
 studied by Clougherty, the C is likely to be graphitic in nature. Amorphous 

carbon has a lower k than ZrB
2
 and would have decreased k considerably more than for 

graphitic carbon, which has a k value about the same as ZrB
2
 [68, 69].

Thompson et al. [20] and Andrievskii et al. [11] also investigated ZrB
2
 with carbon 

additions. The k values increased with increasing temperature, indicating that the diboride 
was the primary influence on k. For Andrievskii et al., 26 vol% carbon was added as 
graphite, which reduced the conductivity approximately 10 W/m-K at all temperatures [11]. 
Thompson et al. added carbon in the form of phenolic resin, resulting in 1 and 3 wt% amor-
phous carbon after pyrolysis. After hot pressing, graphitic carbon was identified at the grain 
boundaries. ZrB

2
 containing 1 wt% C had k values lower than pure ZrB

2
. They hypothe-

sized that graphite was aligned, with its basal plane parallel to the grain boundaries, thus 
disrupting phonon transport between ZrB

2
 grains. However, k did not continue to decrease 

when C content was increased to 3 wt% C due to the segregation of W into ZrC after testing 
up to 2000°C. The ZrC phase, produced due to carbon additions, served as a sink for W, 
reducing the W content of the ZrB

2
 grains and boosting the overall k of the composite [20].

The addition of ZrC to ZrB
2
 typically reduces k. Andrievskii et al. evaluated both 5 

and 50 vol% ZrC from 100 to 900°C, while Fridlender et al. added 20, 40, and 45 vol% 
ZrC and tested up to 2150 or 2200°C. The higher ZrC additions resulted in k values bet-
ween 40 and 55 W/m-K, while the lower additions resulted in k values between 64 and 
80 W/m-K, despite the different testing temperatures and compositions. The differences, 
and the decrease in k with increasing ZrC content, were probably due to the variability 
in k values for ZrC (20–45 W/m-K at room temperature and increasing to 30–50 W/m-K 
at 2000°C), which are well below the values for pure ZrB

2
 [70].

Monteverde et al. evaluated ZrB
2
 containing 2.3 vol% MoSi

2
 as a sintering aid. The 

k for this material was approximately 66 W/m-K at 25°C and increased to approximately 
75 W/m-K at 1200°C [49]. If it were only a second phase, this small addition would not 
likely decrease k of the composite much, even though the k of MoSi

2
 is significantly 

lower than ZrB
2
 [70–72]. However, Mo also dissolves into ZrB

2
, which decreases k and 

results in k values that increase as temperature increases [23]. Therefore, even small 
additions of MoSi

2
 have a significant effect on k.

9.3.1.2  ZrB2 Ternary- and Quaternary-Phase Composites.  Several three- 
phase, and even a few four-phase, ZrB

2
-based composites have been produced and evalu-

ated (Table 9.6). One common feature of these multiphase composites is the addition of 
SiC, which was present in varying amounts. Once past this common addition, the tertiary 
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and quaternary phases were MoSi
2
 [48], B

4
C [51], C

g
 [8, 40, 52], CNTs [42], carbon fiber 

(C
f
) [47], SiC whiskers (SiC

w
) [52], Si

3
N

4
 [41, 53], TaSi

2
 [55], or ZrC [41, 56, 73]. Only two 

studies, [8] and [73], evaluated k other than by using Equation 9.1, and all but one study 
([51] performed PS) employed HP or SPS for densification. From Table 9.6, k was evalu-
ated beyond room temperature for 14 of these materials (Fig. 9.9) [8, 40–42, 49, 51–53].3

Because of the complex effects of the addition of two, or even three, phases to ZrB
2
, it 

is difficult to understand how each species affects k. Therefore, instead of evaluating k for 
each composition, more generalities will be surmised with some specific examples brought 
out when clear. Overall, k values presented in Figure 9.9 lie between 80 and 103 W/m-K at 
room temperature. Further, all of k values decrease with increasing temperature, except for 
ZrB

2
 with 15 vol% SiC and 2 vol% MoSi

2
 [49]. This is likely due to the dissolution of Mo 

from the MoSi
2
 into ZrB

2
. At the highest test temperatures (1940–2000°C), the range of 

reported k values increased. This is due to the low k (31 W/m-K) of ZrB
2
 containing 

48.7 vol% SiC and 5.1 vol% B
4
C produced by Speyer et al. [51] The k of this material was 

likely diminished at high temperatures compared to the other materials due to a higher 
SiC  content and the addition of B

4
C, which has a k of approximately 7 W/m-K above 

1700°C [74]. At lower temperatures (<1000°C), the four-phase composite containing 
20 vol% SiC, 5 vol% Si

3
N

4
, and 20 vol% ZrC had the lowest k and a negative slope [41]. 

The presence of ZrC, which has an increase in k with temperature [75], may be the reason 
that this material does not have as negative a slope as Speyer’s composition.

The highest k was reported for a composite containing 18 vol% SiC and 10 vol% C (pre-
sumably graphitic C because of the higher conductivity). At 100°C, k was approximately 

120

110 10.7%SiC + 8.9%B4C [51]

14%SiC + 30%C [8]
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Figure 9.9.  Thermal conductivity as a function of temperature for ZrB2-SiC-based composites 

with additions of, B4C, C (elemental, nanotubes (CNT) and graphite (Cg)), MoSi2, Si3N4, SiCw 

(whiskers), or ZrC. Clougherty changed testing methods at 1000°C. aData corrected for ρ [8, 18, 

36, 41, 43, 48, 60, 72].

3 Corrected values for rxn-SPS ZrB
2
 by Zhang et al. [18] were included for comparison.
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115 W/m-K, which approached the value for the reaction-processed ZrB
2
 by Zhang et al. 

[18]. However, compared to the pure ZrB
2
, k of the 18% SiC–10% C composition dropped 

off much faster with temperature, eventually reaching 74 W/m-K at 2000°C.

9.3.2  Thermal Conductivity of HfB2 Composites

Tables 9.7 and 9.8 summarize k values reported for HfB
2
 composites. Like ZrB

2
 com-

posites (Tables 9.4 and 9.5), HfB
2
 composites were primarily HfB

2
-SiC (Table 9.7). 

[8, 14, 18, 28, 37, 41, 54, 76] The other HfB
2
 composites are two-phase materials with 

additions of boron carbides (B
3
C or B

12
C) [78] or C (graphite) [8], or three-phase mate-

rials containing SiC and C [8], SiC and B
4
C [76], or SiC and TaSi

2
 [54] (Table 9.8). 

Densification was carried out using either HP or SPS for materials in Table 9.7 while 
only HP was used for those in Table 9.8. Besides the steady-state evaluation of k per-
formed by Clougherty et al. [8] (below 1000°C), all of the other researchers evaluated 
D to calculate k. Plots of k as a function of temperature for HfB

2
–SiC composites, and 

the other two- and three-phase materials, are included in Figures 9.10 and 9.11.4

9.3.2.1  HfB2–SiC.  Unlike ZrB
2
–SiC (Fig. 9.7), where increasing SiC additions 

decreased k, HfB
2
–SiC does not show the same trends (Fig. 9.10). Loehman et al. [14] 

and Clougherty et al. [8] evaluated SiC additions of 2, 5, and 20 vol%, and 5, 20, and 
30 vol%, respectively. These systematic studies should be useful for evaluating trends. 
However, despite the variation in SiC content, k values did not vary considerably 
(≤12 W/m-K for Loehman et al. and ≤16 for Clougherty et al.). Further, no distinct 
trends were apparent with respect to SiC content, with both data sets exhibiting several 
crossover points.

Conductivities were reported for three HfB
2
–20 vol% SiC composites in two sepa-

rate studies ([28] and [37]) by Gasch et al. The highest k material was produced for the 
SHARP-B2 flight experiment. At room temperature, k was approximately 107 W/m-K 
and testing was performed up to 1800°C, where k dropped to 69 W/m-K. The other 
material in this study had significantly lower k values at room temperature and showed 
an increase in k with temperature (45 W/m-K at 25°C and 51 W/m-K at 1800°C) [28]. 
From the other Gasch study, k decreased slightly from 79 to 76 W/m-K between room 
temperature and 600°C [37]. Little information was given about the processing condi-
tions for the SHARP-B2 material, so it is hard to say why its k was higher. However, 
powders for the lower k compositions were milled with WC media, which led to marked 
decreases in k for other diborides, as discussed earlier.

Similar to ZrB
2
–SiC materials, microcracking appears to also be a consideration for 

HfB
2
–SiC. The HfB

2
–20 vol% SiC evaluated by Weng et al. has the lowest k of all com-

positions in Figure 9.10 (44–33 W/m-K from 300 to 1800°C) and the reported modulus 
is only 346 GPa (352 GPa, corrected for ρ), which is much lower than expected based on 
the composition [77]. Other researchers report modulus values of approximately 
520 GPa for HfB

2
 [28, 80] and 437–455 GPa for SiC. Conditions for microcracking in 

HfB
2
–SiC composites have not been reported, but based on the modulus, and what 

appear to be cracks, microcracking is a likely contributing factor.

4 Corrected values for rxn-SPS HfB
2
 by Zhang et al. [18] were included for comparison.
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Figure 9.10.  Thermal conductivity as a function of temperature for HfB2–SiC with SiC con-
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The three HfB
2
–SiC composites with the highest k values are all at least as high as 

the pure reaction-processed HfB
2
 evaluated by Zhang et al. [18] Both 5 vol% SiC 

compositions were characterized in the same study as the pure HfB
2
, and the more 

conductive of the two was also produced using reaction processing. The purity of the 
reaction-processed diboride, along with the possibility of SiC sequestering impurities, 
resulted in HfB

2
–5 vol% SiC with a k of 137 W/m-K at 50°C [18]. Overall, the HfB

2
–

20 vol% SiC presented by Mallik et al. was similar to the high k HfB
2
 containing 5 vol% 

SiC at 25°C (141 W/m-K). However, k decreased to that of the reaction-processed HfB
2
 

by 200°C (~110 W/m-K) [41]. Of all the HfB
2
–SiC materials, the material by Mallik is 

surprising based on what was observed for increasing SiC additions to ZrB
2
 (Fig. 9.7) 

(especially given that the material was milled with WC) but no explanation is provided 
for the remarkably high k of this ceramic.

9.3.2.2  Other Secondary and Tertiary Additions to HfB2 .  The k values for 
HfB

2
 with other second and third phases are plotted in Figure 9.11. The k values vary 

from as low as approximately 35 W/m-K to as high as approximately 115 W/m-K. The 
highest k values were reported by Brown-Shaklee et al. [78]. A slight variation in 
the thermal conductivity of these HfB

2
–B

x
C composites was observed, as can be seen by 

the decrease in conductivity of the 12 vol% B
12

C material between 3 and 7 W/m-K 
across the temperature range. The researchers mentioned that the differences in k were 
less than the uncertainty of the test. It was also concluded that the purity of the materials 
in this study led to the high k values, nearly matching the reaction-processed material by 
Zhang et al. [18].

Microcracking was identified in HfB
2
 containing 20 vol% SiC and 10 vol% B

4
C by 

Weng et al. [76]. Therefore, k of this composite should be higher without such flaws. 
The final two compositions characterized by Clougherty et al. (HfB

2
–20 vol% C (pre-

sumably graphite) and HfB
2
–18 vol% SiC–10 vol% C) had similar k values at 100°C 

(84–85 W/m-K). Their k values deviated more at 2000°C (~10 W/m-K), but based on the 
trend for HfB

2
–20% C, and the apparent discontinuity in values from switching testing 

methods at 1000°C, this difference was probably not significant. These materials were 
HfB

2
 analogues to ZrB

2
-based materials evaluated within the same study [8]. A 

comparison with the ZrB
2
 compositions (Figs. 9.7 and 9.8) shows little difference bet-

ween the 20% SiC compositions. At 2000°C the 18% SiC–10% C composites were 
identical (~61 W/m-K) but at 100°C the k values differed by 32 W/m-K with the HfB

2
 

composition having the lower k. This is unexpected since ZrB
2
 and HfB

2
 have similar 

behavior and was likely due to composition (purity) and microstructure, which could be 
evaluated to elucidate the cause for unexpected changes.

9.3.3  Conclusions Regarding Composites

Second-phase additions decrease k for diborides. The same decrease in k with tempera-
ture, as expected for the pure diborides, is observed, but the addition of second and third 
phases with lower k reduced k for the composites. One exception was the addition of 
MoSi

2
, which changed the slope of k as a function of temperature, as observed for dis-

solution of other transition metals in diborides.
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While the addition of SiC could increase the k of composites due to its high intrinsic 
k, all reported SiC additions lower conductivity, likely due to the purity of SiC used in 
the diboride systems. Additions of SiC can also be detrimental to k due to microcrack-
ing. The threshold for SiC particle or cluster size in ZrB

2
 is approximately 11.5 µm. 

Larger sizes lead to microcracking in ZrB
2
–SiC, but no research has been examined 

microcracking in HfB
2
. Overall, the conductivities of the composites are still primarily 

controlled by the diboride. Whereas k may decrease with the addition of other phases, 
densification behavior, strength, thermal shock resistance, or oxidation resistance are 
often improved by these additions. Hence, understanding the factors that control k may 
enable design of compositions to balance the trade-offs for specific applications.

9.4  Electron and Phonon Contributions 
to Thermal Conductivity

The total thermal conductivity of the diborides of zirconium and hafnium, (k
t
, i.e., the 

experimental values discussed to this point) can be separated into the electron (k
e
) and 

phonon (k
p
) contributions. Several researchers have used Equations 9.4 and 9.5 to evaluate 

k
t
 ZrB

2
 [15, 18, 20, 21, 81], ZrB

2
–SiC [15, 18, 46, 81], HfB

2
 [18], and HfB

2
–SiC [18, 81].

	
k k kt e p= + 	 (9.4)

	
k

L T
e

o=
ρ

	 (9.5)

Equation 9.5, the Wiedemann-Franz law, was used to estimate k
e
 from measured 

electrical resistivity (ρ) at temperature (T) using the theoretical Lorenz number 
(L

o
 = 2.45e−8 W/Ω-K−2), which was derived for metals.

9.4.1  ZrB2 and HfB2

Values of k
t
, k

e
, and k

p
 for several ZrB

2
 and HfB

2
 ceramics are plotted as a function of 

temperature in Figure 9.12. Comparing k
t
 and k

e
, the positive or negative trends with 

temperature for k
e
 are identical to those of the k

t
, except for data from Tye and Clougherty5 

[81]. On the other hand, k
p
, in general, shows little variation with temperature.

The relatively small differences between k
e
 and k

t
 (excluding Tye and Clougherty 

and Zimmermann et al. [15]) indicate that electrons are the dominant thermal carrier for 
diborides. No indication is given as to why k

p
 is so much higher and has a positive trend 

(and conversely k
e
 so much lower) for the material studied by Tye and Clougherty. When 

compared with other reports, this does not seem to be characteristic of ZrB
2
. Zimmermann 

et al. found k
p
 values as high as approximately 24 W/m-K below 200°C. However, most 

other research [18, 21], and the ZrB
2
 produced by Thompson et al. [20], indicated that 

k
p
 was less than approximately 12 W/m-K for either ZrB

2
 or HfB

2
.

5 This reference was used for separation of the contributions to thermal conductivity in place of Clougherty et 
al. [8] which is the original reference for the k

t
 data.
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Because k
e
 and k

p
 are estimated using Equations 9.4 and 9.5, this method may be 

prone to error. One assumption that permeates the studies to date is that the theoretical 
Lorenz number is appropriate for diborides. Calculation of negative k

p
 values for 

materials produced by Zhang et al. in Figure 9.12, indicate that a lower value for the 
Lorenz number may be more representative of the behavior of diborides. However, 
research still indicates that k

e
 is the dominant thermal conduction mechanism for ZrB

2
 

and HfB
2
.

9.4.2  ZrB2 and HfB2 Composites with SiC

Figure 9.13 highlights the contributions of k
e
 and k

p
 to k

t
 for ZrB

2
–SiC and HfB

2
–

SiC. Overall, some of the differences observed for materials with SiC additions are 
not explained and some trends appear to contradict prevailing theories. For example, 
k

e
 increases with increasing temperature for ZrB

2
 + 20% SiC reported by Zhang et 

al. despite electrical resistivity values that increase with temperature for metallic 
conductors. Likewise, Tye and Clougherty reported significantly higher k

p
 values 

than other researchers and their k
p
 values increased with increasing temperature. 

The most important observation from Figure 9.13 is the decreasing contribution of 
k

e
 with increasing SiC content. This is expected due to the higher electrical resis-

tivity of SiC (>1000 μΩ-cm) [82] compared to ZrB
2
 (<25 μΩ-cm at 25°C) [15]. 

Based on this difference, electron conduction, which dominated k
t
 for diboride–SiC 

composites, is likely entirely supported by ZrB
2
, with SiC acting as an electrically 

insulating phase.
In general, k

p
 increases as SiC content increases since phonon conduction is the 

primary thermal transport pathway for SiC. One clear exception is ZrB
2
–30 vol% SiC, 

which should have a higher k
p
 due to its higher SiC content. However, as mentioned ear-

lier, factors other than SiC content likely control this behavior since that composition 
contained WC contamination from milling. Hence, a direct comparison to other ZrB

2
–

SiC compositions is not possible without considering purity. Like some pure diboride 
material, such as those evaluated by Zhang et al. [18], the k

p
 of HfB

2
–5 vol% SiC 

dropped below zero, which is unrealistic. This is another indication that the theoretical 
Lorenz number is not appropriate for diborides.

9.4.3  Conclusions Regarding ke and kp Research

The total k of diborides is dominated by electron transport. Therefore, to understand and 
control thermal conductivity of the diborides, factors that influence k

e
 are most impor-

tant. The electron portion of k
t
 is clearly altered by transition metal impurities as indi-

cated by decreased k
e
 values for materials containing W. SiC, which is electrically 

insulating, reduces k
e
 and increases k

p
. The key to evaluating k

e
 and its contribution to k

t
 

is the Wiedemann–Franz law. In some cases, the Wiedemann–Franz law predicts k
e
 

values that are higher than k
t
, resulting in negative k

p
. Not all specimens exhibit this 

behavior, but it is an indication that the theoretical Lorenz number may not be valid for 
the diborides.
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Figure 9.13.  Thermal conductivities as a func-

tion of temperature for ZrB2–SiC and HfB2–SiC, 

including separation of the electron and pho-

non contributions to total conductivity.aData 

corrected for ρ [16, 20, 50, 84].
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9.5  Concluding Remarks

The thermal conductivity of ZrB
2
- and HfB

2
-based ceramics is affected by a number of 

factors, perhaps none more important than processing. In particular, contaminants from 
milling, impurities inherent to starting powders, or intentional additives almost always 
decrease k for ZrB

2
 and HfB

2
. The final microstructure, relative density, and phase dis-

tribution and content are critical and cannot be neglected in the evaluation of k. 
Additional phases or SSs that form during densification also strongly affect k. In 
particular, SSs appear to have the largest impact. Careful reporting of initial powder 
purity, contaminants from processing, and additives along with the resulting microstruc-
ture and phase distribution is necessary for direct comparison of k values among differ-
ent materials. Further, future research on k of diborides would benefit from systematic 
studies designed to isolate specific compositional or processing effects rather than 
drawing conclusions solely based on comparison with reported values. In addition to 
performing more systematic research, separating electron and phonon contributions to 
k

t
 will be critical for gaining insight into what controls conductivity. The field would 

also benefit from experimental or computational investigation of Lorenz numbers to 
improve the accuracy of k

e
 and k

p
. The electron contribution to k

t
 is dominant in ZrB

2
 

and HfB
2
. Therefore, more detailed studies of factors that affect k

e
 would also be 

beneficial.
Research to date on additions of alloying elements or second phases has shown that 

k
t
 is maximized for phase pure diborides. SiC additions, despite their high k

t
 in single 

crystal form, do not increase k for either ZrB
2
 or HfB

2
, especially at higher temperatures. 

Combined with research suggesting that ZrB
2
–SiC has poor oxidation resistance above 

approximately 1600°C [28, 83], SiC additions (as well as other silica formers) will not 
result in improved performance of UHTCs under the conditions they are being proposed 
to operate (i.e., hypersonic flight). Most other second-phase additions also decrease k

t
 of 

the diborides, so their use requires consideration of trade-offs such as improved strength 
or oxidation resistance for lower k

t
. More research may also be useful in the area of 

decreasing k
t
 to produce ultra-high temperature insulators. SS additions such as W have 

been shown to impact k
p
, especially at low temperatures. However, k

e
 dominates k

t
 and 

has the largest potential to be diminished, but is the least understood.
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Deformation and Hardness 
of UHTCs as a Function of 

Temperature

10.1  Introduction

According to Fahrenholtz and coworkers, ultra-high-temperature ceramics (UHTCs) are 
the materials with a melting point above 3000°C [1]. The transition metal carbides, 
nitrides, and borides belong to the group of UHTCs and will be the main focus of the 
discussion.

When crystalline materials are loaded with small forces, resistance to deformation 
stems from bond stretching and a reversible return to the original state when the load is 
released—the elastic response. As the load increases, irreversible deformation mecha-
nisms are eventually activated in which matter is displaced permanently by dislocations 
or diffusion to relieve the applied stress by deformation. Alternatively, if the required 
stresses for such mechanisms are very high, crack propagation can lead to failure of the 
material. All these aspects of the mechanical behavior of crystalline materials are, to 
some extent, temperature dependent, and this dependence will be discussed. Since the 
elastic response is an important precursor to all other mechanisms and often the stresses 
or strains needed scale with the elastic properties, the chapter will start by exploring the 
elastic properties. Following this, the discussion will turn to hardness measurements 

J. Wang and L. J. Vandeperre

Centre for Advanced Structural Ceramics, Department of Materials,  
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and, specifically, the use of hardness measurements as a convenient experiment to inves-
tigate the resistance to plastic deformation. As the temperature increases, deformation 
becomes increasingly easy as a multitude of creep mechanisms aid in the progression of 
deformation. These will be discussed as well. Finally, failure by fracture will not be 
discussed much in this chapter as it has already been discussed in Chapter 9. However, 
the reader will be reminded that fracture is a competing mechanism to deformation, that 
is, deformation will only occur to a large extent if fracture can be avoided.

10.2  Elastic Properties

Bulk ceramics contain many grains in random orientations and can, therefore, be con-
sidered isotropic in their response to elastic loading. However, since this isotropic 
response is a weighted average of the anisotropic response of the single-crystal grains 
from which the body is made, it remains instructive to consider the elastic response of a 
single crystal. The carbides of the early transition metals with melting point above 
3000°C (ZrC, HfC, TaC, and NbC) are all cubic with the rock salt structure (space group 
Fm m3 ). This means that the contracted relationship between stresses and strains
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which describes the elastic response of single crystals, only contains 3 independent 
elastic constants—C
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and all other constants are zero. Zeener defined the anisotropy number, A, of cubic crys-
tals as [2]

	
A

C

C C
=

−
2 44

11 12

	 (10.1)

Calculation of the shear modulus in all possible orientations using the transformations 
given in Ref. [3] shows that for cubic crystals this is the ratio of the extremes of the shear 
moduli and therefore a good measure for the anisotropy in the elastic response.

Experimental values for the elastic constants are reported in bold in Table  10.1 
alongside values reported from first-principles and other theoretical calculations. The 
experimental values show that A is in between 0.71 and 0.95. This means that shear 
across the {100} planes in 〈010〉 directions is easier than shear across the {111} planes 
in any direction and that pulling along <111> directions has the lowest Young’s modulus 
for any direction in the crystal, while pulling in <100> directions gives rise to the highest 
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Young’s modulus. However, the variations are limited to 40% between maximum and 
minimum values.

Theoretical estimates for elastic constants are variable. Clearly, two common sim-
plifying assumptions made to enable the calculation (local density approximation, gen-
eralized gradient approximation) tend to overestimate the anisotropy of crystals. 
Bhardwaj and Singh [4] attribute this to many first-principles calculations ignoring the 
dipole–dipole and dipole–quadruple interactions. However, modified interaction 
potential model with covalency overall does not seem to give much better agreement 
with the experimental values, whereas the three-body force potential does capture the 
anisotropy of the crystals and seems to give estimates closest to experimental values.

The nitrides, which also have a rock salt structure, appear to be more anisotropic 
(see Table  10.2), and here, theoretical calculations appear to capture the anisotropy 
better. Hence, although no experimental information for TaN was found, the theoreti-
cally calculated high anisotropy (A = 0.17), which means the maximum shear modulus 
(384 GPa) is six times larger than the lowest shear modulus (64 GPa), could be true. 
Such high anisotropy is not very common, but it is of the same order of magnitude as in 
the alkali metal group (Li, 9.1; Na, 6.8; K, 6.7; Rb, 6.2; and Cs 7.2) [6] and, therefore, 
well within what has been observed for crystals.

The borides are hexagonal crystals (space group P6/mmm). The lower symmetry 
of hexagonal crystals means that there are five independent elastic constants: C

11
 (=C

22
), 

C
12

 (=C
21

), C
13

 (=C
31

 = C
32

 = C
23

), C
33

, C
44

 (=C
55

). In addition to these independent 
constants, one other value is different from zero but dependent on the value of others 
(C

66
 = (C

11
 − C

12
)/2). The anisotropy number, A, can be defined in analogy with the one 

for cubic crystals by taking the ratio of the maximum to minimum value of the shear 
modulus, but is not defined directly by the elastic constants. It must therefore be evalu-
ated by calculating G for all possible orientations of shear deformation. As shown in 
Table 10.3, calculations and experiments for diborides appear to agree quite well that 
anisotropy is limited (maximum shear modulus 40% higher than the minimum shear 
modulus), which is similar to what was observed experimentally for carbides. Young’s 
modulus is lowest perpendicular to the basal plane, that is, along the c-axis, and the 
highest shear modulus is for shear in the c-direction in a plane perpendicular to any of 
the a-directions.

In summary, near room temperature, the elastic properties of the UHTC materials 
tend to be fairly isotropic. As a rule, UHTCs have a high stiffness with Young’s moduli 
of the diborides (~500–600 GPa) exceeding those of the carbides and nitrides (~300–
500 GPa). Theoretical predictions of the elastic properties are currently reasonable and 
capture the order of magnitude of the stiffness quite well. However, comparison with 
experiments shows that the predictions tend to overestimate elastic anisotropy in these 
materials.

While theoretical predictions for the effect of increased pressure on elastic constants 
and phase stability of UHTCs are available (see, e.g., [4, 14]), no predictions of the var-
iation of the elastic constants with temperature were found. Experimentally, the most 
complete set of measurements are for ZrB

2
 for which Okamoto and coworkers measured 

the variation of all five elastic constants with temperature up to 1400 K [12]. As shown 
in Figure 10.1a, C

11
, C

33
, and C

44
 decrease noticeably with temperature, while C

13
 and 
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Figure 10.1.  (a) Elastic constants for ZrB2 as a function of temperature as measured by 

Okamoto et al. [12] and (b) the average Young’s modulus, Eavg (filled squares); shear modulus, 

Gavg (filled triangles); and bulk modulus, K (filled circles), as a function of temperature using 

the same data. Also shown are the variation of Young’s modulus as measured in flexure by 

Neuman et al. (half-filled diamonds) [16] and Rhodes et al. (open diamonds) [17] and the vari-

ation of Young’s modulus of ZrB2 as measured from the natural resonance frequency (open 

squares) [18].
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C
12

 depend less on temperature. Evaluation of the ratio of maximum to minimum shear 
modulus as a function of temperature shows that the elastic anisotropy remains constant 
with temperature.

Figure 10.1b illustrates that the average shear modulus, obtained by averaging G for 
all possible orientations in 5° steps, decreases more strongly with temperature than the 
bulk modulus, K. Also, the decrease in average Young’s modulus calculated from elastic 
constants agrees with the measured variation of Young’s modulus by means of measuring 
the natural vibration frequency of a bar [18]. Below 1250 K, the data obtained in flexure 
[16, 17] also agrees with the single-crystal data. However, the latter measurements show 
a strong decrease for temperatures in excess of 1250 K. This suggests that the lower 
values are a result of creep influencing the measured slope or other problems. Indeed, 
such a dramatic decrease in elastic properties far away from any phase transition would 
be surprising, and the elastic modulus of ZrB

2
 should really only decrease significantly 

on approaching its melting point.
This interpretation is confirmed when measurements for other borides and carbides 

obtained by measuring the natural frequency of vibration [19] are compared with flex-
ural measurements (see Fig. 10.2). Again, a much more dramatic decrease with temper-
ature is found for Young’s modulus derived from flexural data than for the data obtained 
by impulse excitation of a natural vibration frequency. Especially the data for ZrC, 
which extends beyond 2000 K, indicates only a modest decrease in stiffness up to 
2000 K. The slope by which the elastic modulus decreases with temperature divided by 
the value of Young’s modulus at 298 K is reported in Table 10.4 and in all cases is of the 
order of −0.01% K−1, that is, the elastic properties decay by about 1% every 100 K.
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Figure 10.2.  Young’s modulus versus temperature for a range of UHTCs. Closed symbols are 

measurements based on vibration, whereas open symbols were obtained from flexural tests. 

Data from Refs. [18, 20–23].
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10.3  Hardness

Hardness measurements are often used to characterize mechanical behavior because the 
experiment is relatively easy and can be conducted on small specimens. Typically, a shape 
manufactured out of a very deformation-resistant material is pressed into the surface of 
the sample, and the ratio of the applied load to the size or depth of the (residual) imprint 
is taken as a measure of the hardness. In this chapter, hardness will be defined as the ratio 
of applied force, F, to projected area, A

pr
, of the residual imprint after unloading:

	

H
F

A
=

pr

	 (10.2)

Vickers hardness is the ratio of applied force to pyramidal contact area. Therefore, to 
convert Vickers hardness values to projected hardness, the Vickers hardness needs to be 
divided by 0.9272 to account for the fact that the projected area is smaller than the true 
contact area [24].

While the experiment is easy to conduct, interpretation of hardness values is more 
difficult. Not only do hardness values depend on the method chosen to measure it, but it 
is often observed that the hardness is lower if the applied load is increased [25]. 
Numerous empirical equations and models have been put forward to quantify or explain 
this size effect [25–31]. Many of these explanations were first put forward in the time 
when microindenters became popular and enabled the analysis of small indents. At the 
time, it was assumed that deformation became more difficult when the indentation 
became smaller and, hence, the hardness obtained from larger indentations should be 
the true hardness reflecting the plastic properties. However, progress toward instrumen-
tation, allowing even smaller indents (nanoindenters), suggests that these explanations 
might be incorrect for ceramics—at least at this scale. For example, data for slightly 
porous ZrB

2
 and a dense ZrB

2
 with 20 vol% SiC collected across a wide range of loads 

in Figure 10.3 shows that hardness at low loads is more or less constant and that the 
hardness decreases from this constant level as the load is increased. Interestingly, the 
transition between a constant hardness and a decreasing hardness tends to coincide with 
the onset of cracking around the indentation. Therefore, the data in Figure 10.3 supports 
Quinn’s [31] suggestion that cracking has at least some role to play in explaining size 
effects in indentation of ceramics.

Table 10.4.  Rate of decay of the elastic modulus  
with temperature

Substance 1/E
298 K

 × dE/dT (K−1)

ZrB
2

−0.009%
TiB

2
−0.004%

HfB
2

−0.008%
ZrC −0.012%
TaC −0.015%
NbC −0.014%
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Hence, hardness obtained from small indentations (100–200 mN) is a measure for 
the resistance to plastic deformation, whereas the hardness obtained from larger indents 
is a complex composite of the resistance to plastic deformation and fracture. The idea 
that fracture plays a role is not new and has been exploited in methodologies where the 
toughness of the material is derived from the size of the cracks relative to the size of the 
indents [33–35].

The data in Figure 10.3 also illustrate that at larger loads, the hardness of porous 
materials tends to be lower than that of dense materials in keeping with empiric relation-
ships, which predict an exponential decrease of hardness with porosity [36].

Other microstructural features can play a role in hardness measurements too. 
Especially relevant is measurement of hardness in the case of ceramics containing sev-
eral phases such as in ZrB

2
 with SiC and B

4
C [32]. For small indents, which are of the 

same size as the phases in the microstructure, three distinct hardness groupings with 
hardness values close to the hardness of the different phases can be seen in Figure 10.4, 
whereas for larger indents, a composite hardness is obtained, which is slightly higher 
than that of the ZrB

2
. However, even when an indent is apparently made in a single 

phase, it is difficult to judge what might be present underneath the indentation. The 
TEM cross section through an indent in Figure 10.5 shows how the SiC grain appears to 
have resisted deformation better than the surrounding ZrB

2
 and looks as if it was being 

pushed into the ZrB
2
 grain, which suggests that the hardness measured will have been 

influenced by the SiC grain present underneath the indent.
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Figure 10.3.  Hardness of two types of zirconium diboride (100% dense with addition of 

20 vol% SiC and 90% dense with no additions) as a function of the size of the applied load. 

Data from Ref. [32].
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Figure 10.5 also shows, quite clearly, that tremendous dislocation activity occurs 
underneath the indentation, even at room temperature. Other evidence of dislocation 
activity is the appearance of slip lines on the surface (see Fig. 10.6). Similar slip lines in 
ZrB

2
 have also been reported by Ghosh et al. [38, 39]. This confirms that indentation can 

be used for studies of dislocation plasticity in ceramics, and the methodology will be 
explained further in Section 10.4. To avoid complications due to the microstructure, ide-
ally, large-grained, single-phase materials or single crystals should be used to also elim-
inate any influence of grain size (see [40]).

Before discussing plasticity, the variation of the hardness of UHTCs with tempera-
ture will be described. Figure 10.7a–c shows hardness data collected from the literature 
for borides, carbides, and nitrides as a function of temperature. Many more measure-
ments of room-temperature hardness were reported, but only measurements as a function 
of temperature have been included here for clarity.

Near room temperature, the hardness of all UHTCs is quite high (20–35 GPa). As 
the temperature increases, the decrease in hardness is rapid; by 1000 K, the remaining 
hardness is of the order of 5 GPa. Data for diborides suggests that the hardness decreases 
at a reduced rate between 1000 and 1750 K and reduces more rapidly again thereafter. 
The same trend is not as clear for the carbides. Not enough data for the nitrides is avail-
able to come to any conclusion. The initial rapid decay is related to the resistance of the 
lattice to dislocation motion. Therefore, first, the relation between hardness and yield 
stress will need to be explored before continuing the discussion in terms of the resis-
tance to dislocation flow.
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Figure 10.4.  Hardness as a function of load in a ZrB2 containing SiC and B4C. Data taken from 

Ref. [32]. Where indents were apparently made in a single phase, they have been grouped 

accordingly.
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Figure 10.5. T EM bright-field micrograph of a cross section through a Berkovich indent in 

ZrB2 containing SiC. It appears that the SiC has resisted deformation more and has been pushed 

into the ZrB2 grain above it. Reproduced with permission from Ref. 37. © The American 

Ceramic Society.
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Figure 10.6. S canning electron micrograph of a 50 mN indent in ZrB2 showing multiple slip 

lines in three orientations formed by dislocations surfacing close to the indent.



Figure 10.7.  Hardness variation with temperature of UHTCs: (a) diborides, (b) carbides, and 

(c) nitrides. Data from Refs. [37, 41–47].
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10.4  Hardness and Yield Strength

Tabor showed using slip line theory that the hardness of metals is approximately 
three times the yield strength [24]. Since yield strength is a kinetic property of the 
material that is a function of deformation rate and history, this definition required 
more care in further work. Tabor and Atkins [48] showed that the amount of strain 
hardening varies with the geometry of the indenter. For a Vickers or Berkovich 
indenter, hardness is a measure for the yield strength after 8–10% additional plastic 
strain. This correlation has later been confirmed by extensive finite element calcula-
tions [49].

When Marsh [50] tried to apply the same proportionality to the hardness of glass 
fibers, yield strength was predicted to be below the observed brittle fracture strength, 
which means that glass should deform rather than fracture. Fortunately, he realized that 
the theory derived for metals, which have a relatively modest yield strength, Y, com-
pared to their stiffness, E, might not apply to ceramics where the yield strength is a more 
substantial fraction of the stiffness. As a result in metals, elastic deformation before the 
onset of plasticity is negligible, and the material displaced by the indenter is forced out 
of the indented surface forming a pileup of material next to the indentation. When elastic 
strains preceding plasticity are substantial, the material surrounding the indentation will 
recede by elastic strain and create space into which deformed material can flow. This led 
him to propose that indentation in materials where Y/E is high can be thought of as the 
expansion of a cavity under gas pressure in an infinite body for which Hill had derived 
a theoretical solution [51]. However, Hill’s solution can’t be used directly because 
indentation only produces half a cavity and, therefore, a free surface that can move in 
the direction of indentation. Johnson [52] was the first to propose a theoretical way to 
modify the spherical cavity to account for the free surface but overestimated the effect. 
The treatment by Vandeperre et al. [53] agrees much better with available relationships 
derived by finite element calculations (Fig. 10.8). Their analytical relationship between 
hardness and yield strength is
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where E is Young’s modulus, ν is Poisson’s ratio, α is the included equivalent semiangle 
of the indenter, and E

r
 is the reduced modulus of the contact defined itself as
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ir
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	 (10.7)

with E
i
 and ν

i
 as Young’s modulus and Poisson’s ratio of the indenter.

The key to the success of the latter treatment is that it recognizes that elastic defor-
mation of the surface reduces the amount of material that needs to be displaced by 
plastic flow for a fixed penetration of the indenter. So, for low Y/E (<0.01), no elastic 
surface deformation occurs, and the entire penetration of the indenter must be accom-
modated by plastic flow of material. In contrast, when Y/E becomes high (>0.1), then 
the entire penetration of the indenter into the material is accommodated by deflection of 
the surface. The latter is observed in rubbers in which the relation between hardness and 
yield strength is lost and hardness becomes a measure of E and indenter shape alone. For 
very low values of Y/E, the expanding cavity-based model predicts that hardness would 
be more than three times the yield strength, which shows that the hemispherical flow of 
material would require a higher hardness than the formation of a pileup, thereby explain-
ing the change in flow patterns from hemispherical flow to flow toward the surface 
when Y/E decreases. Once the change in displaced volume is accounted for, the hardness 
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Figure 10.8.  Hardness, H, over elastic modulus, E, as a function of the ratio of the yield 

strength, Y, to the elastic modulus according to the models of Tabor [24], Johnson [52], and 

Vandeperre, Giuliani, and Clegg [53]. For the latter, the effect of Poisson’s ratio is shown with 

the lower curve for ν = 0 and the upper curve for ν = 0.5. Also shown is the finite element calcu-

lation of the relationship taken from Ref. [54–56].
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becomes a smaller multiple of the yield strength for Y/E values typical for ceramics, 
which explains why glass need not be very hard for its yield strength to be well above 
its fracture strength.

10.5  Deformation Mechanism Maps

Plastic flow in ceramics, like in any other crystalline material, is normally carried by the 
movement of dislocations. Although other deformation mechanisms such as twinning 
[57, 58], phase transformations [59, 60], and densification [61] can play a role, these 
have not been reported for UHTCs and are therefore not included in this discussion. 
Deformation mechanisms maps are concise way of representing the dominant deforma-
tion mechanisms as a function of temperature, strain rate, and shear stress. These maps, 
introduced by Ashby and Frost [62], are plots containing lines of constant value of one 
of the three parameters as a function of the two other parameters. The treatment given 
here follows mostly the approach of Ashby and Frost, and their book contains much 
more information. The treatment here differs in that the lattice resistance is described 
slightly differently and more creep mechanisms are considered. To aid the understanding 
of the maps, the equations that govern the different mechanisms controlling deformation 
will be presented and related to hardness data for ZrB

2
. Following this, maps for ZrB

2
 

and ZrC as assessed in the literature [62, 63] will be compared as examples for the 
behavior of diborides and carbides. Unfortunately, for nitrides, experimental data are 
too limited to make a sensible stab at a deformation mechanism map.

10.6  Lattice Resistance to Dislocation Glide

Dislocations can only move if they can at least overcome the resistance of the lattice. 
The process can be described by considering the rate at which dislocations will be able 
to flow. A simple theory can therefore be derived starting from Orowan’s relation bet-
ween the velocity of the dislocations, v, and the strain rate, d𝛾/dt:

	

d

dt
v

γ
ρ= ⋅ ⋅m b 	 (10.8)

where 𝜌
m
 is the mobile dislocation density and b the Burgers vector. The velocity of the 

dislocations will be determined by the rate at which they can overcome the rate-
determining obstacle. Treating the movement of the dislocation as any other kinetic pro-
cess involving an activation energy barrier and activation by stress and by counting both 
the jumps over a distance b in the direction of the applied stress and the jumps over a 
distance b against the applied stress, the following expression for the velocity is obtained:
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where 𝜐
a
 is the attempt frequency by which the dislocation tries the move, Q is the 

activation energy barrier, 𝜏 is the applied shear stress, V is the activation volume, k is 
Boltzmann’s constant, and T is temperature.

The resistance of the lattice, also termed Peierls stress, can be substantial, but the 
activation energy associated with it, Q, is normally not very high so that thermal energy 
alone, kT, can have a substantial influence on the stress required to make the disloca-
tions move [62]. Indeed, fcc metals remain ductile even when tested in liquid nitrogen 
(77 K) because their lattice resistance is limited and reduced to effectively zero very 
rapidly. In contrast, bcc metals, for which the activation energy of the lattice resistance 
is in the range 0.5–1.13 eV [62], show a brittle-to-ductile transition temperature (BDTT) 
caused, in part, by the rapid rise in lattice resistance around the BDTT. Other obstacles 
to plastic flow such as forest dislocations and second-phase particles tend to have fairly 
high activation energy barriers (~6 to 40 eV [62]), and their resistance is, therefore, not 
very temperature dependent [62].

Hence, the high hardness of ceramics near room temperature and the rapid decrease 
in hardness are entirely consistent with it being controlled by lattice resistance.

Since the lattice resistance or Peierls stress is defined as the stress needed to make 
the dislocation move at absolute zero, the activation energy barrier can be equated to

	
Q V= ⋅τ p 	 (10.10)

Substitution of (Eq. 10.4) into (Eq. 10.3) and (Eq. 10.3) into (Eq. 10.2) and solving for 
the flow stress yields
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This expression can be simplified if it is assumed that the movement of the dislocations 
against the applied stress is negligible compared to movement along with the stress and 
that the activation volume can be considered to be independent of temperature. These 
assumptions lead to the following expression:
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which shows that lattice resistance decreases linearly with temperature, in agreement 
with the steep decrease in hardness. The activation volume can be determined from 
measurements of the flow stress for different strain rates at fixed temperature and the 
product 𝜌

m
 ⋅ 𝜐

a
 ⋅ b2 from the slope of the decay in flow stress with temperature for a fixed 

strain rate, and the Peierls stress can be found from the intersection at 0 K from such 
experiments.
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Hence, full characterization of the kinetics of plastic flow controlled by the lattice 
resistance requires measurements as a function of strain rate. Bhakhri et al. [41] discuss 
how this is possible using modern indenters, which record load and displacement during 
an indentation experiment so that the strain rate dependence of hardness can be deter-
mined. In deriving the strain rate for ceramic materials, again, the elastic nature of the 
indentation process needs to be accounted for as only the strain rate due to plastic defor-
mation should be used. Their results for ZrB

2
 are shown in Figure 10.9 and illustrate that 

strain rate does influence the hardness at moderate temperatures (<1000 K) as expected 
for lattice resistance-controlled hardness. They estimate the Peierls stress of ZrB

2
 as 

6.6 ± 0.7 GPa and the activation energy as 1.6 ± 1 eV.
The hardness data available for UHTCs, in general, does not include information on 

the strain rate dependence. However, estimates for the Peierls stress and activation 
energy can still be made by fitting Equation 10.11 to flow stress data derived from the 
hardness. Since standard hardness measurement procedures tend to use larger loads and 
short times (10 s), it was assumed in the analysis that the strain rate was fairly high 
(10−1 s−1), which can affect estimates for the activation energy, but not the Peierls stress. 
Estimates for the Peierls stress, on the other hand, might have been affected by the 
presence of rather limited data, so the values given in Table  10.5 are really only 
estimates.

What is clear is that the Peierls stress is of the same order of magnitude for most 
UHTCs (6–8 GPa). Within one group of materials, this could have been expected. The 
Peierls model for the lattice resistance predicts that it should only depend on the ratio of 
the Burgers vector, b, and the slip plane spacing, d, and the shear modulus [68, 69]. 
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Figure 10.9.  Hardness of ZrB2 as a function of plastic strain rate. Data taken from Bhakhri  

et al. [41].
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Assuming that slip in all the carbides occurs by partial dislocations ½a <1–10> on (111) 
or (110) planes [2, 62], the ratio b/d will be constant, and hence, the Peierls model pre-
dicts that the Peierls stress should only scale with the shear modulus. Since the latter is 
quite similar for all, similar Peierls stresses are to be expected. The exceptionally low 
value for the Peierls stress of TaC is probably lower than it should be as a result of very 
limited hardness data so that the fit is unreliable. Although the nitrides also have rock 
salt structure and, hence, can be expected to behave like the carbides, their bonding is 
more ionic, and therefore, slip along {110} planes is favored over slip along {111} 
planes [70], that is, over planes with large spacing d. This is expected to give a lower 
Peierls stress, but experimentally, their Peierls stress appears to be a larger fraction of 
the shear modulus than the carbides. However, some care is needed as all nitride data 
were obtained from thin films rather than from bulk ceramics and these can be affected 
by residual stresses.

The crystal structure and slip system of the borides are quite different. The Burgers 

vector has been identified as 
1

3
1210a  [65], that is, one of the a vectors of the hexag-

onal unit cell of the crystal, and slip occurs on both the basal plane and the (10-10) prism 
planes [37, 38, 65]. The fact that the ratio of the Peierls stress to the shear modulus is 
different for these materials is, therefore, not surprising, and the boride values are rea-
sonably close to each other as are their shear moduli.

The activation energies are all around 1.6 eV for the simple reason that, without 
strain rate information, it is difficult to estimate this parameter more accurately. However, 
given that the decay in hardness with temperature is similar across all systems, this 
estimate is certainly of the right order of magnitude.

The high values of the shear stress needed to move dislocations even only one 
Burgers vector in the crystal explain why at room temperature plasticity is only observed 
under exceptional circumstances such as during indentation where a compressive stress 
field for small indents suppresses cracking. This is not without significance as loading 
by small particles is quite common in wear and the good resistance to dislocation flow 
can contribute to a high wear resistance [71]. Nevertheless, the stresses needed to grow 
a crack—maximum fracture strengths are of the order of 1 GPa [72]—are much lower 
than those needed to make dislocations move, so in many cases, the UHTCs will be 
brittle at room temperature.

10.7  Dislocation Glide Controlled by Other Obstacles

The dashed lines marked lattice resistance in Figure  10.10 were calculated using  
(Eq. 10.11) and illustrate that the lattice resistance drops so strongly with temperature 
that even at fairly low temperatures (0.1–0.3 T

m
), it becomes insignificant. It would be 

tempting to predict that at relatively low temperature, a transition from brittle to ductile 
should be observed.

However, the lattice resistance is not the only resistance that dislocations must 
overcome to move through a material as otherwise fcc metals would always be extremely 
soft and would not be useful structural materials. Other obstacles to the movement of 
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dislocations include other dislocations forming locks, solute atoms, secondary-phase 
precipitates, and grain boundaries [76]. Hence, when the lattice resistance decays, the 
resistance to dislocation motion becomes dominated by the resistance due to these other 
obstacles. A transition to ductile behavior will, therefore, only be observed if the stresses 
needed to overcome the latter are lower than the stresses needed to activate crack 
growth.

Since dislocation densities underneath indentations tend to be high (see Fig. 10.5), 
it is reasonable to expect that in hardness tests the main strengthening mechanism would 
be strain hardening with an associated shear flow stress given by

	 τ ρ= ⋅ ⋅G b 	 (10.13)

Given that dislocation densities in heavily deformed material easily reach 1014 m2  
[77, 78], 𝜏/G is estimated to be of the order 3 × 10−3, which agrees reasonably with the 
value for the section where the shear flow stress appears to show limited temperature 
dependence in Figure  10.10. Since this corresponds to a uniaxial applied stress of 
1.54 GPa, which is higher than the highest strengths measured, reaching gross plasticity 
is still not expected.

An alternative approach to describing the resistance of other obstacles, taken by 
Ashby and Frost [62], is to use a single descriptive equation similar in nature to the one 
derived for glide controlled by the lattice resistance:
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where 𝜏
obstacle

 as before is the shear stress needed to overcome the obstacle resistance 
without thermal energy. To account for the more a thermal nature of the resistance by 
these other obstacles, the value of the activation energy, Q

obstacle
, is set to a much higher 

value than that of the lattice resistance. For dislocation-strengthened materials, Ashby 
and Frost use 0.2–1 × G.b3. The solid lines for the plasticity region in Figure 10.10 were 
calculated by summing the shear stress needed to overcome the lattice resistance and the 
shear stress needed to overcome the obstacles as flow is only possible if both resistances 
are overcome at the same rate.

10.8  Deformation by Creep

At even higher temperatures, dislocations can escape from obstacles by climb, and, 
therefore, deformation can occur at lower stresses at a rate normally determined by dif-
fusion of vacancies to aid the climb. This regime, termed power law creep, can be 
described effectively by
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where A is a constant and the effective coefficient of diffusion, Deff
, is given by
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The latter accounts for both bulk diffusion through the bulk diffusion coefficient D
v
 

and diffusion along the dislocation core through the second term, which takes into 
account the core area of the dislocation a

c
 and the diffusion coefficient through the 

core D
c.
 Hence, at low temperatures, diffusion through the core of the dislocation 

dominates and the power law has an exponent equal to n + 2, whereas at higher 
temperatures, bulk diffusion dominates and the exponent is only n. As can be seen in 
Figure  10.10, the second region where a strong decrease in flow stress occurs in 
diborides is believed to coincide with the onset of power law creep [63].

Power law creep is not the only creep mechanism. An obvious alternative to mass 
transport by dislocations is mass transport by diffusion under influence of a stress, 
which can be described by [62]
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where d is the grain size, Ω is the atomic volume, and the effective diffusion coefficient, 
D′

eff
, is given by the weighted average of bulk and grain boundary diffusion:

	
D D

d
D′eff v b= +

πδ
	 (10.18)

with 𝛿 as the grain boundary thickness. Again, two mechanisms of creep are captured in 
a single equation: when grain boundary diffusion dominates (Coble creep), the creep 
rate is inversely proportional to the third power of the grain size, whereas if bulk diffu-
sion dominates (Nabarro–Herring creep), the creep rate is only inversely proportional to 
the second power of the grain size. In both cases, the creep rate is directly proportional 
to the stress, that is, the stress exponent can be said to be equal to 1.

Another creep mechanism that is very common in ceramic materials is creep due to 
the presence of viscous material on the grain boundaries [79, 80]. In such instances, 
creep can be caused by dissolution in a region of compressive stress, transport of the 
material through the viscous grain boundary, and precipitation in the tensile regions or 
by viscous flow of the grain boundary glass [81]. Indeed, a stress exponent of 1 is also 
consistent with creep accommodated entirely by viscous flow of the glassy material from 
the compressive to the tensile surfaces of the grains with creep rates given by [80–83].

	
γ

τ
η

δ• = ⋅ ⋅





3

3

d
	 (10.19)

where 𝜏 is the applied shear stress, 𝜂 is the viscosity, 𝛿 is the thickness of the grain 
boundary film, and d is the grain size. Note that in terms of stress and grain size 
dependence, the behavior is similar to what is observed for Coble creep. This mecha-
nism is not recognized as a true deformation mechanism by all because it is not self-sus-
taining: once all viscous liquid has been squeezed out of the compressive regions, 
deformation by this mechanism comes to a halt. However, strains in excess of the typical 
failure strains can be accumulated for quite normal contents of viscous material [81]. 
These viscous mechanisms have not been added to the maps since TEM evidence sug-
gests that such viscous phases are limited in pure UHTCs, provided surface oxides are 
removed during processing [63].

Since each of these creep rates occurs independently, the creep rates from all mech-
anisms should in principle be added, but in the maps shown in this chapter, only the 
dominant mechanism is shown. This only causes small differences to the map as the 
contributions of minor mechanism are only important in the transition regions.

10.9  Deformation of Carbides versus Borides

The deformation mechanism map for ZrB
2
 shown in Figure 10.10 should be contrasted 

with the deformation mechanism map for ZrC as assessed by Ashby and Frost [62] in 
Figure 10.11. The parameters used for constructing both maps are summarized in Table 10.6.
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Two major differences exist. The first is that in the map for ZrB
2
, deformation by 

diffusion is estimated to dominate for much higher stresses than for ZrC. The second is 
that ZrC shows creep deformation at a much reduced temperature with two very distinct 
regions of low- and high-temperature creep. For ZrB

2
, power law creep requires higher 

temperatures, and it is not clear whether much distinction must be made between high- 
and low-temperature creep—in the assessment, only high-temperature creep was 
considered.

The fact that the transition metal carbides have a poor creep resistance is well 
established [62]. The map for ZrB

2
 does not include creep at low temperature because 

the hardness variation with temperature is so different as commented on before: for all 
of the diborides, the hardness is found to almost not decrease between 500 and 1750 K. 
The fact that several authors observed this plateau-like region suggests strongly that the 
creep resistance of the diborides is indeed much better than that of the carbides, whose 
hardness drops almost at a fixed rate until below 1 GPa.

The reasons given for the extended role for diffusion in the ZrB
2
 assessment were 

[63] (i) the fact that ZrB
2
 sinters at 2273 K is evidence that flow by diffusion is possible 

in that region; (ii) that TEM observation of samples from hardness measurements 
showed limited dislocations when deformed at 2273 K, whereas dislocations were seen 
at lower temperatures; and (iii) the fact that the stress exponent in creep measurements 
by Rhodes et al. [17] (~2) was consistent with diffusion creep transiting into power law 
creep and, hence, a transition into diffusional creep at relatively high stress. Of these, the 
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latter was the more important as it strongly confirms that diffusion does play a role to 
much higher stresses. The stress exponent of the creep data from Talmy [75] shown in 
Figure 10.10 was again indicative of creep controlled by diffusion, and therefore, this 
additional data point largely confirms the position of the creep controlled by diffusion 
in the map.

It is worth pointing out that α-Al
2
O

3
 is a trigonal crystal (space group R c3 ) and, 

therefore, has a certain level of structural similarity to the hexagonal diborides. This 
compound shows deformation on similar slip systems to the transition metal diborides 
(on the basal and prism planes) [86]. It also shows a much larger region in which 

Table 10.6.  Parameters used to construct the deformation mechanism maps. Parameters 
for ZrB2 from Ref. [63] and for ZrC from Ref. [62]. Where the treatment deviates from Ashby 
and Frost, parameters were adapted to get coincidence of the maps.

Parameter ZrB
2

ZrC

General information
Melting point, Tm

3505 K 3530 K
Lattice parameters
a 0.317 nm 0.4698 nm
c 0.353 nm (n/a)
Burgers vector, b 0.317 nm 0.334 nm
Atomic volume, Ω 0.0154 nm 0.0264 nm3

Shear modulus at RT, G 257 GPa 173 GPa
dG/dT −0.025 GPa K−1 −0.0139 GPa K−1

Grain size 20 µm 10 µm
Bulk diffusion
Pre-exponential factor D

v,0
5 m2 s−1 1.03 × 10−1 m2 s−1

Activation energy, Q
v

678 kJ mol−1 720 kJ mol−1

Grain boundary diffusion
Pre-exponential factor 𝛿 × Dg

b,0
* 5.0 × 10−12 m3s−1

Activation energy, Q
gb

468 kJ mol−1

Dislocation core diffusion
Pre-exponential factor a

c
 × D

c,0
* 1.0 × 10−21 m4s−1

Activation energy, Q
c

468 kJ mol−1

Power law creep
Dorn constant 1013 1012

Exponent 7.38 5
Lattice resistance-controlled glide
Peierls stress, 𝜏

p
6.6 GPa 6.92 GPa

Activation energy, Q 1.61 eV 1.40 eV
Attempt frequency, ν

a
1011 s−1 1011 s−1

Mobile dislocation density, 𝜌
m

1014 m−2 1014 m−2

Obstacle-controlled glide
Critical shear stress at 0 K, 𝜏^ 1 GPa 578 MPa
Pre-exponential 𝛾

0
108 s−1 108 s−1

Activation energy 51 eV 40 eV

*Not included in assessment.
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diffusion controls the deformation in the map by Ashby and Frost [62], indicating that 
diffusion does play a role to much higher stresses in similar materials too.

Finally, Miloserdin et al. [84] claimed diffusional creep as the mechanism for their 
results, while on the ZrC map, their data is lodged firmly in the power law creep region. 
Ashby and Frost did not include this data in their assessment, and hence, perhaps the 
diffusional region of carbides should extend to higher stresses, which would reduce the 
difference somewhat.

10.10  Conclusions

The carbides, diborides, and nitrides of the transition metals are all reasonably isotropic 
in their response to elastic loading and quite stiff and show only a limited reduction of 
about 1% per 100 K in elastic properties.

Small-scale measurements of hardness (100–200 mN) give a good indication of the 
deformation behavior at moderately elevated temperatures (~600 K) and in combination 
with strain rate-dependent measurements can give good estimates for the lattice resis-
tance to dislocation motion. Measurements of the hardness at higher temperatures can 
also aid in the identification of transitions toward other deformation mechanisms such 
as power law creep and creep by diffusion and therefore are a powerful tool for determi-
nation of deformation mechanism maps. A comparison of maps for carbides and for 
diborides revealed that the latter are much more creep resistant and that diffusion 
appears to play a more important role in their deformation behavior.

References

1.  Fahrenholtz WG, Hilmas GE, Talmy IG, Zaykoski JA. Refractory diborides of zirconium and 
hafnium. J Am Ceram Soc 2007;90 (5):1347–1364.

2.  Kelly A, Groves GW, Kidd P. Crystallography and Crystal Defects. 2nd ed. Chichester: John 
Wiley & Sons, Ltd; 2000. p 470.

3.  Hearmon RFS. Equations for transforming elastic and piezoelectric constants of crystals. Acta 
Cryst 1957;10 (2):121–125.

4.  Bhardwaj P, Singh S. Structural phase stability and elastic properties of refractory carbides. Int 
J Refract Metals Hard Mater 2012;35:115–121.

5.  Srivastava A, Diwan BD. Elastic and thermodynamic properties of divalent transition metal 
carbides MC (M = Ti, Zr, Hf, V, Nb, Ta). Can J Phys 2012;90:331–338.

6.  Landolt H, Elektrische B. Piezoelektrische, pyroelektrische, piezooptische, elektrooptische 
konstanten und nichtlineare dielektrische suszeptibilitaten. Zahlenwerte Funktionen Natur
wissenschaft Technik 1979;Gruppe(III):11.

7.  Weber W. Lattice dynamics of transition metal carbides. Phys Rev B 1973;8 (11):5082–5092.

8.  Lopez-de-la-Torre L, Winkler B, Schreuer J, Knorr K, Avalos-Borja M. Elastic properties of 
tantalum carbide (TaC). Solid State Commun 2005;134:245–250.

9.  Holec D, Friak M, Neugebauer J, Mayrhofer PH. Trends in the elastic response of binary early 
transition metal nitrides. Phys Rev B 2012;85:064101.



References� 263

10.  Chen W, Jiang JZ. Elastic properties and electronic structures of 4d- and 5d-transition metal 
mononitrides. J Alloys Compd 2010;499:243–254.

11.  Chang J, Zhao G-P, Zhou X-L, Ke L, Lu L-Y. Structure and mechanical properties of tan-
talum mononitride under high pressure: a first principles study. J Appl Phys 2012;112: 
083519.

12.  Okamoto NL, Kusakari M, Tanaka K, Inui H, Yamaguchi M. Temperature dependence of 
thermal expansion and elastic constants of single crystals of ZrB

2
 and the suitability of ZrB

2
 

as a substrate for GaN films. J Appl Phys 2003;93 (1):88–93.

13.  Lawson JW, Bauschlicher CH Jr, Daw MS. Ab initio computations of electronic, mechanical 
and thermal properties of ZrB

2
 and HfB

2
. J Am Ceram Soc 2011;94 (10):3494–3499.

14.  Zhang J-D, Cheng X-L, Li D-H. First-principles study of the elastic and thermodynamic 
properties of HfB

2
 with AlB

2
 structure under high pressure. J Alloys Compd 

2011;509:9577–9582.

15.  Waskowska A, Gerward L, Olsen JS, Babu KR, Vaitheeswaran G, Kanchana V, Svane A, 
Filipov VB, Levchenko G, Lyaschenko A. Thermoelastic properties of ScB

2
, TiB

2
, YB

4
 and 

HoB
4
: experimental and theoretical studies. Acta Mater 2011;59:4886–4894.

16.  Neuman EW, Hilmas GE, Fahrenholtz WG. Strength of zirconium diboride to 2300°C. J Am 
Ceram Soc 2013;96 (1):47–50.

17.  Rhodes WH, Clougherty EV, Kalish D. Research and development of refractory oxidation-
resistant diborides. Part II. Volume IV. Mechanical properties. Technical Report. September 
15, 1967–May 15, 1969. Other Information: UNCL. Original Receipt Date: June 30, 1973. 
1970. Medium: X; Size: p. 153.

18.  Wiley DE, Manning WR, Hunter O. Elastic properties of polycrystalline TiB
2
, ZrB

2
 and HfB

2
 

from room temperature to 1300 K. J Less Common Metals 1969;18:149–157.

19.  Roebben G, Bollen B, Brebels A, Van Humbeeck J, Van der Biest O. Impulse Excitation 
apparatus to measure resonant frequencies, elastic moduli, and internal friction. Rev Sci 
Instrum 1997;68 (12):4511–4515.

20.  Wuchina E, Opeka M, Causey S, Buesking K, Spain J, Cull A, Routbort J. Guitierrez-m-
Morea. Designing for ultrahigh-temperature applications: the mechanical and thermal prop-
erties of HfB

2
, HfNx. J Mater Sci 2004;39:5939–5949.

21.  Dodd SP, Cankurtaran M. Ultrasonic determination of the elastic and nonlinear acoustic 
properties of transition-metal carbide ceramics: TiC and TaC. J Mater Sci 2003;8: 
1007–1115.

22.  Jun CK, Shafffer PTB. Elastic moduli of niobium carbide and tantalum carbide. J Less 
Common Metals 1971;23:367–373.

23.  Baranov VM, Knyazev VI. The temperature dependence of the elastic constants of nonstoi-
chiometric zirconium carbides. Probl Prochn 1973;9:45–47.

24.  Tabor D. The physical meaning of indentation and scratch tests. Br J Appl Phys 
1956;7:159–166.

25.  Sangwal K. Review: indentation size effect, indentation cracks and microhardness measure-
ment of brittle crystalline solids—some basic concepts and trends. Cryst Res Technol 2009;44 
(10):1019–1037.

26.  Krell A. A new look at grain size and load effects in the hardness of ceramics. Mater Sci Eng 
1998;A245 (2):277–284.

27.  Krell A. A new look at the influences of load, grain size, and grain boundaries on the room 
temperature hardness of ceramics. Int J Refract Metals Hard Mater 1998;16 (4–6):331–336.



264� deformation and Hardness of UHTCs as a Function of TemperaturE

28.  Li H, Bradt RC. The microhardness indentation load/size effect in rutile and cassiterite single 
crystals. J Mater Sci 1993;28:917–926.

29.  Sangwal K. On the reverse indentation size effect and microhardness measurement of solids. 
Mater Chem Phys 2000;63:145–152.

30.  Chen J, Bull SJ. A critical examination of the relationship between plastic deformation zone 
size and Young’s modulus to hardness ratio in indentation testing. J Mater Res 2006;21 
(10):2617–2627.

31.  Quinn GD, Green P, Xu K. Cracking and the indentation size effect for knoop hardness of 
glasses. J Am Ceram Soc 2003;86 (3):441–448.

32.  Wang J, Giuliani F, Vandeperre LJ. The effect of load and temperature on hardness of ZrB
2
 

composites. Ceram Eng Sci Proc 2010;31 (2):59–68.

33.  Anstis GR, Chantikul P, Lawn B, Marshall DB. A critical evaluation of indentation tech-
niques for measuring fracture toughness: I. Direct crack measurements. J Am Ceram Soc 
1981;64 (9):533–538.

34.  Niihara K, Morena R, Hasselman DPH. Evaluation of K
IC

 of brittle solids by the indentation 
method with low crack-to-indent ratios. J Mater Sci Lett 1982;1:13–16.

35.  Morris DJ, Myers SB, Cook RF. Sharp probes of varying acuity: instrumented indentation 
and fracture behavior. J Mater Res 2004;19 (1):165–175.

36.  Rice RW. Porosity of ceramics. Materials Engineering. New York: Marcel Dekker Inc.; 
1998. p 539.

37.  Wang J, Giuliani F, Vandeperre L. Temperature and strain-rate dependent plasticity of ZrB
2
 

composites from hardness measurements. Ceram Eng Sci Proc 2011;32:137–149.

38.  Ghosh D, Subhash G, Orlovskaya N. Slip-line spacing in ZrB
2
-based ultrahigh-temperature 

ceramics. Scr Mater 2010;62:839–842.

39.  Ghosh D, Ghatu S, Bourne GR. Room-temperature dislocation activity during mechanical 
deformation of polycrystalline ultra-high-temperature ceramics. Scr Mater 2009;61: 
1075–1078.

40.  Rice RW, Wu C, Borchelt F. Hardness—grain size relations in ceramics. J Am Ceram Soc 
1994;77 (10):2539–2553.

41.  Bhakhri V, Wang J, Ur-rehman N, Ciurea C, Giuliani F, Vandeperre L. Instrumented nanoin-
dentation investigation into the mechanical behaviour of ceramics at moderately elevated 
temperatures. J Mater Res 2012;27 (1):65–75.

42.  Bsenko L, Lundström T. The high-temperature hardness of ZrB
2
 and HfB

2
. J Less Common 

Metals 1974;34 (2):273–278.

43.  Chen CH, Xuan Y, Otani S. Temperature and loading time dependence of hardness of LaB6, 
YB6 and TiC single crystals. J Alloys Compd 2003;350 (1–2):L4–L6.

44.  Koester RD, Moak DP. Hot hardness of selected borides, oxides, and carbides to 1900°C.  
J Am Ceram Soc 1967;50 (6):290–296.

45.  Kumashiro Y, Nagai Y, Kato H. The Vickers micro-hardness of NbC, ZrC and TaC single 
crystals up to 1500°C. J Mater Sci 1982;1:49–52.

46.  Koval’chenko MS, Daemelinski VV, Borisenko V. Temperature dependence of the hardness 
of Titanium, Zirconium, and Hafnium carbides. Probl Prochnosti 1969;5:63–66.

47.  Quinto DT, Wolfe GJ, Jindal PC. High temperature microhardness of hard coatings produced 
by physical and chemical vapor deposition. Thin Solid Films 1987;153:19–36.

48.  Atkins AG, Tabor D. Plastic indentation in metals with cones. J Mech Phys Solids 
1965;13:49–164.



References� 265

49.  Cheng YT, Cheng CM. Scaling approach to conical indentation in elastic-plastic solids with 
work hardening. J Appl Phys 1998;84 (3):1284–1291.

50.  Marsh DM. Plastic flow in glass. Proc R Soc A 1963;279:420–435.

51.  Hill R. The Mathematical Theory of Plasticity. Oxford: Clarendon Press; 1950.

52.  Johnson KL. The correlation of indentation experiments. J Mech Phys Solids 
1970;18:115–126.

53.  Vandeperre LJ, Giuliani F, Clegg WJ. Effect of elastic surface deformation on the relation 
between hardness and yield strength. J Mater Res 2004;19 (12):3704–3714.

54.  Cheng YT, Cheng CM. What is indentation hardness? Surf Coat Technol 
2000;133–134:417–424.

55.  Dao M, Chollacoop N, Vliet KJV, Venkatesh TA, Suresh S. Computational modeling of the for-
ward and reverse problems in instrumented sharp indentation. Acta Mater 2001;49:3899–3918.

56.  Mata M, Anglada M, Alcala J. A hardness equation for sharp indentation of elastic-power law 
strain-hardening materials. Philos Magaz 2002;A82 (10):1831–1839.

57.  Giuliani F, Lloyd SJ, Vandeperre LJ, Clegg WJ. Deformation of GaAs under nanoindentation. 
In: McVitie S, McComb D, editors. Electron Microscopy and Analysis. Oxford: Institute of 
Physics; 2003. p 123–126.

58.  Lloyd SJ, Castellero A, Giuliani F, Long Y, McLaughlin KK, Milina-Aldareguia JM, 
Stelmashenko NA, Vandeperre LJ, Clegg WJ. Observations of nanoindents via cross-sec-
tional transmission electron microscopy: a survey of deformation mechanisms. Proc R Soc 
Lond A 2005;61 (2060):2521–2543.

59.  Lloyd SJ, Molina-Aldareguia JM, Clegg WJ. Under nanoindents in Si, Ge, and GaAs exam-
ined through transmission electron microscopy. J Mater Res 2001;16 (12):3347–3350.

60.  Vandeperre LJ, Giuliani F, Lloyd SJ, Clegg WJ. The hardness of silicon and germanium. Acta 
Mater 2007;55 (18):6307–6315.

61.  Suzuki K, Benino Y, Fujiwara T, Komatsu T. Densification energy during nanoindentation of 
silica glass. J Am Ceram Soc 2002;85 (12):3102–3104.

62.  Frost HJ, Ashby MF. Deformation Mechanism Maps: The plasticity and Creep of Metals and 
Ceramics. Oxford: Pergamon Press; 1982.

63.  Wang J. Processing and deformation of ZrB
2
. London: Department of Materials, Imperial 

College London; 2012. p 129.

64.  Vahldiek FW, Mersol SA. Slip and microhardness of IVa to VIa refractory materials. J Less 
Common Metals 1977;55 (2):265–278.

65.  Haggerty JS, Lee DW. Plastic deformation of ZrB
2
 single crystals. J Am Ceram Soc 1971;54 

(11):572–576.

66.  Lee DW, Haggerty JS. Plasticity and creep in single crystals of zirconium carbide. J Am 
Ceram Soc 1969;52 (12):641–647.

67.  Molina-Aldareguia JM, Lloyd SJ, Barber ZH, Clegg WJ. Lack of hardening effects in TiN/
NbN multilayers. Materials Research Society Fall Meeting November 27-December 1; 
Boston, MA; Materials Research Society; 2001.

68.  Cottrell AH. Plastic flow in crystals. In: Fowler RH et al., editors. International Monographs 
on Physics. Oxford: Clarendon Press; 1961. p 223.

69.  Peierls P. The size of a dislocation. Proc Phys Soc 1940;52:34–37.

70.  Oden M, Ljungcrantz H, Hultman L. Characterisation of the induced plastic zone in a single 
crystal TiN(001) film by nanoindentation and transmission electron microscopy. J Mater Res 
1997;12 (8):2134–2142.



266� deformation and Hardness of UHTCs as a Function of TemperaturE

71.  Hutchings IM. Tribology: Friction and Wear of Engineering Materials. London: Edward 
Arnorld; 1992.

72.  Chamberlain AL, Fahrenholtz WG, Hilmas GE. High-strength zirconium diboride-based 
ceramics. J Am Ceram Soc 2004;87 (6):1170–1172.

73.  Xuan Y, Chen C-H, Otani S. High temperature microhardness of ZrB
2
 single crystals. J Phys 

D Appl Phys 2002;35:L98–L100.

74.  Wang J, Feilden-Irving E, Giuliani F, Vandeperre LJ. The Hardness of zirconium diboride 
between 1323 K and 2273 K. Ceram Eng Sci Proc 2013;33 (3):187–196.

75.  Talmy IG, Zaykoski JA, Martin CA. Flexural creep deformation of ZrB
2
/SiC ceramics in 

oxidizing atmosphere. J Am Ceram Soc 2008;91 (5):1441–1447.

76.  Dieter GE. Mechanical Metallurgy. London: McGraw-Hill; 1998. SI Metric edition; p 751.

77.  Barabash OM, Santella M, Barabash RI, Ice GE, Tischler J. Measuring depth-dependent 
dislocation densities and elastic strains in an indented Ni-based superalloy. J Miner Metals 
Mater Soc 2010;62 (12):29–34.

78.  Dragomir-Cernatescu I, Gheorghe M, Thadhani N, Snyder RL. Dislocation densities and 
character evolution in copper deformed by rolling under liquid nitrogen from x-ray peak 
profile analysis. J Int Centre Diffract Data 2005;48:67–72.

79.  Biswas K, Rixecker G, Aldinger F. Creep and visco-elastic behaviour of LPS-SiC sintered 
with Lu2O3-AlN additive. Mater Chem Phys 2007;104 (1):10–17.

80.  de Arellano-Lopez AR, Melendez-Martinez JJ, Cruse TA, Koritala RE, Routbort JL, Goretta 
KC. Compressive creep of mullite containing Y

2
O

3
. Acta Mater 2002;50:4325–4338.

81.  Dryden JR, Kucerovsky D, Wilkinson DS, Watt DF. Creep deformation due to a viscous grain 
boundary phase. Acta Metall 1989;7 (7):2007–2015.

82.  Lofaj F, Wiederhorn SM, Dorcakova F, Hoffmann KJ. The effect of glass composition on 
creep damage development in silicon nitride ceramics. 11th International Conference on 
Fracture; Turin; 2005.

83.  Yoon KJ, Wiederhorn SM, Luecke WE. Comparison of tensile and compressive creep behav-
ior in silicon nitride. J Am Ceram Soc 2000;83 (8):2017–2022.

84.  Miloserdin YV, Naboichenko KV, Laveikin LI, Bortsov AG. The high-temperature creep of 
zirconium carbide. Probl Prochn 1972;3:50–53.

85.  Leipold MH, Nielsen TH. Mechanical properties of hot-pressed zirconium carbide tested to 
2600°C. J Am Ceram Soc 1964;47 (9):419–424.

86.  Lagerlöf KPD, Heuer AH, Castaing J, Rivière JR, Mitchell TE. Slip and twinning in sapphire 
(α-alumina). J Am Ceram Soc 1994;77 (2):385–397.



Ultra-High Temperature Ceramics: Materials for Extreme Environment Applications, First Edition. 
Edited by William G. Fahrenholtz, Eric J. Wuchina, William E. Lee, and Yanchun Zhou. 
© 2014 The American Ceramic Society. Published 2014 by John Wiley & Sons, Inc.

267

Modeling and Evaluating 
the Environmental 

Degradation of UHTCs 
under Hypersonic Flow

11.1  Introduction

Over the past decade, a worldwide interest has grown in developing aircraft that can travel 
at or greater than Mach 6 [1]. Several short-duration flight tests by NASA and the U.S. Air 
Force have shown that a scramjet engine can be used to achieve aircraft speeds of Mach 5 
to Mach 10 [2–4]. Extending these concepts toward the development of a vehicle for reus-
able or sustained flight now awaits the development of novel materials that can handle the 
aerothermal conditions imposed on some of the critical parts [5]. The sharp leading edges 
of the vehicle and cowl at the engine inlet as well as the fuel injection struts in the combustion 
section of the scramjet engine are considered to be critical components with anticipated 
material temperatures that could reach as high as 2000°C through aerothermal heating at 
Mach 8 [6]. These components are required by current design to have a geometrically sharp 
leading edge (762 μm or 30 mil radius of curvature) that must be retained while bearing the 
extreme environment resulting from hypersonic flight. Both material development and 
modeling activities toward such an application were carried out in the 1950s and 1960s.
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The conditions experienced by a sharp body under hypersonic flow were initially 
modeled by scientists at, and/or funded by, NASA [7–12]. Material development and 
modeling efforts were pursued under Air Force funding by Kauffman et al. [13–17]. 
Based on the promising results from prior research and the recent worldwide interest for 
hypersonic aircraft development, a renewed effort has commenced in research and 
development of ultra-high temperature ceramics (UHTCs), which are typically defined 
as nonoxide ceramics with chemical and structural stability above 2000°C [18]. 
Environmental degradation and especially oxidation under hypersonic flow conditions 
are widely recognized as key life-limiting factors for leading-edge applications [18–21]. 
Thus, studying the oxidation kinetics and tailoring compositions to improve oxidation 
resistance have been the focus of the most recent work.

The most studied UHTC compositions are diborides of hafnium and zirconium 
with additives to control grain growth and/or improve oxidation resistance, the most 
common being SiC. The environmental response, especially oxidation, has been evalu-
ated using several different methods. The most common has been the measurement of 
oxidation kinetics in a furnace atmosphere under isothermal conditions [18, 22–31]. 
Methods that also impose realistically high heating rates include arcjet testing [32, 33], 
laser-based heating [34], electric heating [35, 36] or oxyacetylene torch testing [37], 
and exposure inside a direct-connect scramjet engine [38–40]. Among these, arcjet test-
ing is the most widely used historically by the Air Force and NASA for simulating 
reentry conditions. However, none of the tests used to date, including the arcjet test, 
reproduce the actual conditions that a leading-edge material will experience during 
hypersonic flight. Key parameters that represent these conditions with respect to 
material survivability are heat flux, total or stagnation temperature, total or stagnation 
pressure, dynamic pressure, fluid velocity at the material surface, fluid composition, 
degree of dissociation of gaseous elements, and catalytic recombination at the surface 
of the material. In addition, under realistic conditions, resistance to acoustic and 
mechanical vibrations and thermal shock will also be important. Most of the oxidation 
experiments described in the literature are conducted in laboratory furnaces, thus 
assigning total temperature as the key parameter of interest by default with all other 
factors ignored. Tests that use a laser as the heating source focus on reproducing the 
appropriate heat flux and, in some cases, include fluid flow. Arcjet tests generally focus 
on reproducing the heat flux, a significant fraction of which depends on catalytic 
recombination of gases, which itself varies with material surface chemistry and mor-
phology. The scramjet rig reproduces several of the aerothermal conditions predicted to 
be experienced during free flight, but it uses gases that differ in chemistry from air, and 
the actual gas flow velocities are not sufficient to cause dissociation of gases behind the 
bow shock.

The lack of an accepted test to evaluate the suitability of a candidate material for 
hypersonic applications has necessitated the need to develop models to interpret and 
compare experimental data from the various testing techniques. Such models would 
then enable the prediction of performance in actual hypersonic environments. Advances 
toward this objective are presented in this chapter. Figure 11.1 is a schematic that sum-
marizes the approach that has been taken to address this objective. Progress in environ-
mental modeling efforts, their limitations, and possible future directions are discussed.
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Figure 11.1. O verview of the approach used to model and evaluate UHTC leading-edge 

materials under simulated hypersonic flow conditions by Parthasarathy et al. [39, 40, 51–53, 57].

11.2  Oxidation Modeling

The ideal model for oxidation kinetics of UHTCs will be able to include all of the control 
parameters of the experiments as input and predict any of the various parameters mea-
sured as outcomes of the experiments. Further, the model will be able to translate data 
across different testing techniques and use them to predict performance in an actual appli-
cation. Thermodynamic modeling of the oxidation process is the natural starting point in 
the development of such a model, since it will involve the least assumptions and could be 
considered as modeling from first principles. It also provides information on key chemical 
species that will clearly guide kinetic modeling. In the literature, relatively simple yet 
elegant oxidation kinetic models have been identified, such as the classic parabolic scale 
growth model formulated by Wagner with or without accounting for evaporation of scale 
at the surface [41, 42]. However, UHTCs have been found to form a complex scale that is 
heterogeneous and defies the use of simple models. In particular, the complex mor-
phology, chemical composition, and nature of the scale formation require modifications 
to the Wagner model. Further, parameters that affect the kinetics require material prop-
erties that are not readily available or known with certainty. Thus, models for oxidation 
kinetics of UHTCs can be expected to include approximations. Given these difficulties, it 
is best to think of the resulting model as a methodology to interpret data rather than one 
derived from first principles. For this approach, a large database of experimental results 
is useful. Fortunately, a large body of oxidation results is available in the literature from 
the 1960s, which is described briefly before modeling concepts are presented.

The oxidation behavior of transition metal diboride-based UHTCs has been charac-
terized using a variety of methods and approaches. The earliest research identified the 
diborides of zirconium and hafnium as the best performers with respect to oxidation 
in flowing air at temperatures above 1600°C [13, 15, 16]. Later studies included 
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composition modifications, which resulted in the conclusion that HfB
2
–20 vol% SiC 

was the most oxidation-resistant UHTC at the highest temperatures. These studies 
utilized furnaces, forced flow air heaters, and arc heaters [17, 43]. This early research 
also included tests on leading-edge geometries of candidate materials using arc heaters 
[44]. These were followed by more careful studies in air or argon–oxygen mixtures in 
furnaces as well as thermogravimetric analysis (TGA) [22]. Typically, these evaluations 
reported scale thicknesses and sometimes recession rates, while TGA studies reported 
weight gain and weight of oxygen consumed as a function of time and temperature.

Oxidation studies on the most promising diborides were reinitiated in the 1990s [26, 
31]. Much of the data reported on oxidation kinetics since then has been on the zirconium 
and hafnium diborides with SiC and other additions [18, 26, 30, 45–47]. The first mod-
eling efforts were undertaken by Opeka et al. [18] and Fahrenholtz [48, 49]. Opeka et al. 
derived condensed/vapor-phase equilibrium diagrams for the Zr–O, Si–O, and B–O 
systems at 2227°C and assembled them to gain a thermodynamics-based description of 
the oxidation of the ZrB

2
 + SiC composition, which provided insight into the synergistic 

benefit of each oxide in the multicomponent scale. While pure SiO
2
-scale-forming mate-

rials (e.g., SiC) are limited to an approximately 1800°C usage due to the onset of active 
oxidation, the invariant vapor pressure of B

2
O

3
 with pO

2
 was proposed to play a 

significant role by mitigating the active oxidation of the SiO
2
-forming component above 

this temperature. This study was followed by the work of Fahrenholtz who derived the 
volatility diagrams for ZrB

2
 at 1000, 1800, and 2500 K [49] with the P

O2
 calculated for 

the equilibrium coexistence of ZrB
2
, ZrO

2
, and B

2
O

3
, in contrast with the unit activities 

assumed by Opeka et al. His work provided an expanded thermodynamics-based 
description of the Zr–O and B–O condensed/vapor-phase reactions and associated vapor 
pressures as a function of the three selected temperatures (1000, 1800, and 2500 K) and 
showed that B

2
O

3
(g) was the favored gaseous species at temperatures and pressures of 

engineering interest (Fig. 11.2a). He further provided a temperature-dependent, vapor 
pressure-based description of the B–O system to gain insight into the weight fraction of 
liquid B

2
O

3
 retained in the condensed but porous ZrO

2
 scale. The retained B

2
O

3
 was also 

experimentally determined by Talmy et al. [50], and their results are shown in 
Figure  11.2b (graphically) and 11.2c (microstructurally). Fahrenholtz expanded the 
thermodynamics-based analysis to the ZrB

2
–SiC UHTC composition and proposed a 

reaction sequence for the oxidation process, associated scale composition and growth, 
and formation of a depleted zone of the SiC phase in the base ceramic [20]. These largely 
thermodynamics-based efforts were followed by the development of an oxidation kinetic 
model of these refractory diboride UHTCs by Parthasarathy et al. [51–53].

The initial modeling effort on the pure diborides of Zr and Hf by Parthasarathy et al. 
was based on a schematic representation of the experimentally observed microstructural 
observations, as shown in Figure 11.3 [52]. The model assumed that the scale is made of 
two regions, an external glassy layer of liquid boria and an internal region consisting of 
two phases, a solid, but porous oxide of zirconia (or hafnia) with the pores filled with 
liquid boria. The model assumed that the solid oxide phase was impermeable to oxygen 
based on prior experimental observations of very low electronic conductivity, which 
would be required to ensure ambipolar diffusion where the transport of positively 
charged oxygen vacancies are accompanied by an appropriate (neutralizing) current 



Figure 11.2.  (a) Thermodynamic model for the oxidation of ZrB2 by Fahrenholtz [49] plotted 

in terms of phase stability regions for various stoichiometric compounds. (b) Observation by 

Talmy et al. of the decrease in retained boria in the scale with temperature shown replotted 

using data [50] and (c) microstructural cross section of ZrB2 after oxidation at 1500°C in air for 

30 min, presented by Fahrenholtz [49].
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of  holes/electrons. The porous channels within the solid oxide were taken to be 
continuous and open such that oxygen can permeate through these channels to the sub-
strate and oxidizes it. The oxygen permeation will be through a liquid of boria if the 
pores are filled, which happens at low temperatures. The molar ratio of boria to oxide 
formed from oxidation was taken to be proportional to the stoichiometry of the substrate 
diboride. Since the solid oxide was occupying most of the volume of the inner region, 
excess boria must be expelled as an external glassy layer (Fig. 11.3b). At the surface of 
this external boria layer, boria could evaporate by diffusion across a gaseous boundary 
layer whose width is determined by the flow conditions imposed. At intermediate tem-
peratures, the evaporation of boria is sufficiently fast that no external layer forms. In 
fact, some boria from within the oxide pores evaporates leaving behind a partially porous 
oxide scale. Thus, in the intermediate temperature regime, oxygen permeates partially 
through these pores by gaseous diffusion or Knudsen diffusion and then through the 

Figure 11.3.  (a) A schematic of the microstructure interpreted from experimental data and 

used to build the oxidation model for ZrB2. The loss of boria was taken to be limited by diffu-

sion through porous channels in the intermediate temperature regime. (b) At lower tempera-

tures, an external liquid boria forms and remains stable. (c) At very high temperatures, the 

boria evaporates as fast as it can form leading to rapid oxidation. 
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remaining depth by permeation in liquid boria, as illustrated in Figure 11.3a. At very 
high temperatures, the boria is essentially lost by evaporation as rapidly as it forms 
(Fig. 11.3c). Using literature values for oxygen permeability and vapor pressures for 
boria, the model was able to capture oxidation data reported in the literature. In particular, 
the model predicted the temperatures of the transitions as shown in Figure 11.3d, in 
close agreement with experimental observations.

A key complication in both measuring and predicting oxidation kinetics of the 
refractory diborides is the fact that the oxidation product, boria, is a glass with rapidly 
decreasing viscosity with increasing temperature. At temperatures of engineering interest, 
which are 1200–1600°C, the boria viscosity is sufficiently low to cause it to flow under 
gravity [54]. Thus, oxidized samples show significant variation in glass thickness depend-
ing on the orientation of the surface [23]. These effects were included in a modified ver-
sion of the model for oxidation of diborides [51]. In this model, the effect of fluid flow 
was taken into account using a model adapted from models of water flooding from rain-
fall. As liquid boria forms by oxidation, it is added to the surface while gravitational 
forces tend to drain the glass in inverse proportion to its viscosity. The differential rate 
determines the actual thickness that is measured at the end of the experiment. This effect 
dominates in the low temperature regime where boria forms an external layer, but is not 
a factor once boria recedes into the porous oxide scale due to evaporation.

In the final iteration of the model for diboride oxidation kinetics, two more 
assumptions of the prior model were relaxed. First, inclusion of the effect of volume 
change associated with monoclinic to tetragonal phase change of the MeO

2
 phases is 
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Figure 11.3.  (Continued) (d) The transition between the three regimes as a function of 

temperature as predicted by the model of Parthasarathy et al. [52].
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found to rationalize the observations by several investigators of abrupt changes in weight 
gain, recession, and oxygen consumed, as the temperature is raised through the phase 
transformation temperatures for ZrO

2
 and HfO

2
. Second, the inclusion of oxygen per-

meability in ZrO
2
 is found to rationalize the enhancement in oxidation behavior at very 

high temperatures (>1800°C) of ZrB
2
, while the effect of oxygen permeability in HfO

2
 

is negligible. An important outcome of this model was that the pore fraction of the HfO
2
 

and ZrO
2
 selected (0.03 and 0.04, respectively) to rationalize the data was very close to 

the volumetric shrinkage associated with the phase transformations of HfO
2
 and ZrO

2
 

from monoclinic to tetragonal. Based on these considerations, the significant advantage 
of HfB

2
 over ZrB

2
 was credited to the higher transformation temperature and lower 

oxygen permeability of HfO
2
 compared with ZrO

2
. As shown in Figure 11.4, the model 

can rationalize the observed behavior both with respect to recession and with respect to 
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Figure 11.4. T he oxidation model of Parthasarathy et al. [53] was able to rationalize the 

sudden jumps in oxidation kinetics with temperature in the ZrB2 and HfB2 systems, by propos-

ing that the volume change associated with phase transformation from monoclinic to tetrago-

nal oxide (ZrO2 or HfO2) opens the porous channels in the scale. At the highest temperatures, 

the possible effect of unintentional dopant on the electronic conductivity of the oxide and 

thus the oxidation kinetics was estimated and was found to correlate with experimental data.
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oxygen consumed simultaneously. The inclusion of the effect of dopants (impurities) in 
ZrO

2
 or HfO

2
 can rationalize the enhanced oxidation rates seen at the highest tempera-

tures. This arises from the enhanced electronic conductivity of the oxides by permitting 
ambipolar oxygen transport [52, 53, 55]. At the highest temperatures of the tests, it is 
possible that the oxide scales become contaminated by impurities from the furnace 
itself. Such observations have been made by Carney et al. and reported in recent work, 
where significant amount of calcium was found in samples oxidized at the highest tem-
peratures [56]. Finally, the model included the effect of oxygen partial pressure through 
the dependence of permeability in glass and pores on the oxygen partial pressure and 
was able to rationalize the limited data available reasonably well, as shown in Figure 11.5.

The model for pure diboride oxidation was later extended to include SiC-containing 
compositions [57]. In this work, once again, modeling started with recognition of the 
oxidation product morphology and chemistry as shown in Figure 11.6. Opila et al. first 
reported on the observation of a SiC-depleted zone beneath the substrate/oxide inter-
face, during oxidation of ZrB

2
–SiC [20, 31]. This phenomenon was confirmed and 

rationalized using thermodynamic modeling by Fahrenholtz [48]. As shown in 
Figure 11.7, thermodynamic calculations provided justification for the formation of a 
depleted zone. The kinetic modeling by Parthasarathy et al. [57] started with a reduction 
of the reported microstructures to a schematic representation (Fig. 11.8) superimposed 
with reactions known from prior thermodynamic modeling by Fahrenholtz [48]. The 
key conclusion of Fahrenholtz was that the internal depletion zone was due to internal 
active oxidation of SiC to SiO. The extension of this required a transport mechanism 
that is able to transfer oxygen fast enough to cause SiC oxidation faster than the 
oxidation rate of ZrB

2
. This was achieved in the work of Parthasarathy et al. [57] by 

proposing a CO/CO
2
 countercurrent mechanism, as had been derived earlier by 

Holcomb and St. Pierre [58]. The rest of the modeling involved including the effect of 
silica on the viscosity and oxygen permeability of the glassy region. These values are 
available in the literature for pure boria and silica and some but not all intermediate 
compositions. The actual composition of borosilicate glass in the oxidation product is 
difficult to determine due to difficulties in measuring B content. The model assumed 
that the composition is the same as what might be predicted from stoichiometry of 
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SiC-containing ZrB2 sample showing the phases present along with morphology and a depleted 

zone lacking SiC in a matrix of ZrB2 after exposure in air at 1627°C for 100 min [20, 31].

reactants and products and the volume fraction of the phases in the substrate. The 
viscosity and permeability for this composition was, in turn, estimated by assuming a 
logarithmic mean as the composition varied from pure boria to pure silica. With these 
assumptions, the model was able to capture the effect of SiC addition on the oxidation 
kinetics of ZrB

2
–SiC as shown in Figure 11.9. The model was also able to capture 

kinetics of oxidation of HfB
2
–SiC. The weight gain and scale thicknesses were cap-

tured well, except at the highest temperatures. The depletion zone thickness is pre-
dicted to be significant (>1 μm in 2.5 h) at temperatures above 1550°C. The 
experimentally observed depletion zone thicknesses are sometimes significantly larger 
than that predicted, implying an effect not yet captured by the model.

11.3  UHTC Behavior under Simulated  
Hypersonic Conditions

The application of UHTC compositions is at present focused on the cowl leading edge 
and fuel injection struts of scramjet engine for hypersonic flight. These two applications 
involve a unique geometry, thermal loading with large temperature gradients, very high 
fluid velocities with its associated mechanical vibrations, and aerodynamic and aero-
thermal loads. While a number of tests have evolved over the past several decades as 
mentioned in the introduction, this section focuses on a recent study that examined the 
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use of a direct-connect scramjet engine as a wind tunnel to simulate conditions of free 
flight of leading-edge samples of a UHTC (HfB

2
–20 vol% SiC) composition.

The details of the purpose, design, construction, and evaluation of the direct-
connect scramjet engine have been described by Gruber et al. [38, 59, 60]. A brief 
description is given here. Ambient air is compressed before being expanded through an 
isolator nozzle resulting in a supersonic flow at Mach 1.8–2. The cooling that results 
from the expansion is augmented by adding heat using a combustion heater. Oxygen lost 
during combustion heating is compensated by adding oxygen to ensure the correct 
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partial pressure of oxygen in the resulting fluid that enters the supersonic combustor. 
The postcombustion section employs an exit nozzle before reaching a probe housing. It 
is within the probe housing that leading-edge samples were introduced. The gas compo-
sition at this location varies with combustor section but typically includes 5–10% 
moisture with a total static pressure near 1 atm. Samples were mounted on a sample 
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holder, constructed of water-cooled thermal barrier-coated Inconel [39, 40]. The samples 
were visible during the run through quartz windows. The scramjet rig was fully 
calibrated, and important parameters including enthalpy, total temperatures, gas flow 
velocities, gas composition, and pressures were available as a function of time during 
the run. The fluid flow parameters such as velocity (U) and static pressure (p

1
), along 

with static temperature (T
1
) and specific heat ratio of the gas composition (γ), were used 

to calculate the heat flux (Q
w
) experienced by the leading-edge samples [7, 10]:
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In the above set of equations, M is the Mach number, T
t
 is the total temperature, T

wall
 is 

the material surface temperature, p
t2
 is the total pressure behind the bow shock, r is the 

radius of curvature of the leading edge, C
p
 is the specific heat of fluid, h

aw
 is the total 

enthalpy of the fluid (=C
p
T

t
), the h

w
 is the enthalpy of the fluid at the material wall tem-

perature (=C
p
T

wall
). The heat flux varies with orientation of the material wall as well as 

distance from the bow shock. These variations are given by the following:

	
 Q Qθ θ( ) = ( )w cos

�
(11.6)

	



Q x

Q

x
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where θ gives the angle between the direction of fluid flow and the normal to the wall 
surface ( =0 at the tip of the leading edge) and x is the distance from the tip of the leading 
edge. θ

c
 and Q

w
 refer to the orientation and the heat flux at the tangential point where the 

cylindrical surface of the tip meets the slant face of the leading-edge wedge. It must be 
noted that while the Equations 11.6 and 11.7 capture the dependences accurately, they 
are approximations to the actual variation of the heat flux. Further note that the net heat 
flux at any location is a function of the wall temperature and, thus, will vary with time. 
The steady-state material temperature will depend on radiation heat flux back to the 
atmosphere and thermal conduction within the solid. The wall temperature will depend 
on the static temperature of the fluid and material thermal properties. Thus, a thermal 
model that includes the aerothermal heating, radiation, and conduction for a given 
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geometry is required. Using such a model, the thermal profiles were calculated for a 
large (50.8 × 50.8 mm) leading-edge sample under free flight and compared to the 
thermal response of a smaller (12.7 × 12.7 mm) leading-edge sample used in the scram-
jet rig [40]. The results from these calculations are shown in Figure 11.10. An important 
outcome of the thermal model was that the thermal properties of the material signifi-
cantly affect the temperature gradient. Materials based on diboride UHTCs have higher 
thermal conductivities at high temperatures than other ceramics including SiC, poten-
tially making them better material candidates for these applications.

Figure 11.11 shows a typical oxidation scale formed on a UHTC (HfB
2
–20 vol% 

SiC) leading-edge sample after exposure in the scramjet. The microstructural character-
ization of the UHTC showed that the scale was different than what is normally observed 
in samples after furnace oxidation. First, the external glassy layer is absent. Second, no 
depletion layer was observed. Third, silica was absent in the outer regions of the haf-
nium-rich oxide scale. Fourth, the formation of hafnon (HfSiO

4
) was observed in the 

outer regions. While the reasons for these differences are not clear, it is suspected that 
the high flow rate of the environment along with the presence of moisture in the 
atmosphere may be responsible for these differences.

11.4  Comparing Model Predictions to  
Leading-Edge Behavior

The modeling work by Parthasarathy et al. [57] included the effect of fluid flow on the 
evaporation rates of boria and silica. Thus, the model was considered sufficient for pre-
dicting behavior of leading edges exposed to simulated hypersonic conditions. The 
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model, however, did not include the physical shear mechanism by which the external 
glassy layer could be thinned down. Under most conditions of tests, evaporation rates 
were high enough to result in little or no external glassy layer; thus, shear forces were 
irrelevant. The thermal model described in the earlier section was used to obtain the 
thermal profile (time vs. temperature) at the tip of the leading edge and fed into the 
oxidation model to predict the oxidation scale thickness, depletion thickness, and reces-
sion. The aerothermal calculations were used to obtain the total pressure and fluid 
velocity behind the bow shock and used for the model predictions. The results obtained 
showed that predicted oxide thicknesses were close to the experimental results, although 
they were consistently lower. Impurities and moisture in the environment could have 
altered the oxygen permeation across the scales. The formation of hafnon could have 
increased the volume fraction of the porous channels. Finally, the possibility of glassy 
material being drawn out of the porous channels by the high velocity fluid flow was 
suggested.

Based on the reasonable predictions presented above, the model was used to 
estimate the behavior of a UHTC leading-edge behavior under hypersonic free 
flight conditions. Figure 11.12 summarizes the predictions. The results are shown 
as a function of free flight Mach numbers. The leading-edge tip temperatures, 
steady-state heat flux, thermal gradients in the sample, and oxidation thickness with 
time are shown. It must be noted that the results are sensitive to the thermal conduc-
tivity and specific heat of the composition used. A significant variation in thermal 
properties of UHTCs with processing method has been noted by several groups 
[32]. For example, the use of SiC results in higher tip temperatures due to the lower 
thermal conductivity at high temperatures, when compared with nominally pure 
UHTCs.

In closing, the following limitations are worth pointing out with a view to direct 
future work. Oxidation modeling of UHTCs includes some assumptions that are dis-
cussed in the following. First, the refractory oxide, ZrO

2
 or HfO

2
, is assumed to be 

impermeable to oxygen due to low electronic conductivity. This is a good approxima-
tion if the oxide is pure, but impurities can enhance the conductivity significantly espe-
cially at high temperatures (>2000 K). Impurities may be present in the raw materials or 
may be acquired during testing or use. Second, the variation of boria content with dis-
tance in the scale has been approximated, and boria content can significantly affect vis-
cosity and oxygen permeation in borosilicate glasses. Third, the effect of mechanical 
shear on the external glassy layer has been ignored.

The scramjet rig offers a unique approach to evaluate leading-edge candidate 
materials using simulated hypersonic conditions but has some limitations. First, the 
gas chemistry is not that of ambient air. The gas contains a significant amount of 
water and carbon dioxide (about 10% each). In addition, impurities from the com-
ponents of the rig cannot be easily avoided. The use of water as coolant for parts of 
the rig interfered with observation as it collected in the recess of the window; how-
ever, future design changes could alleviate this. The glass windows currently in use 
prevented the use of optical pyrometry. The use of a suitable material such as ZnSe 
for the window will alleviate this difficulty provided the material is stable at the 
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temperatures of the rig walls. The actual velocity of the gases is not hypersonic even 
though the heat content of the gases simulates hypersonic flight conditions. The rig 
used in the reported work is limited to a maximum of Mach 7. Finally, the scramjet 
rig is a unique facility available only to a very limited group of researchers and only 
at periodic intervals. However, if the community recognizes it to be a useful method, 
a dedicated rig might be constructed that is smaller in scale, but it will be 
expensive.

Figure 11.12. T he thermal model for the leading edge (made of HfB2–20 vol% SiC) under 

hypersonic flight conditions when combined with oxidation models can predict parameters of 

interest for design. The temperature at the tip of the leading edge is lower than the total 

temperature often assumed. Similarly, the steady-state heat flux is lower than the cold wall 

heat flux. The thermal profiles show a steep drop in temperature away from the tip, and the 

oxidation rates appear to be tolerable for UHTCs at Mach 6.5 [40].
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11.5  Behavior of UHTCs under Other Test Methods

Various compositions of UHTCs are being studied by different investigators to explore 
the possibility of enhancing the environmental degradation resistance at high tempera-
tures. The evaluations have largely been based on furnace oxidation tests due to the ease 
and low cost of the test method. It is appropriate for initial screening of compositions 
and for understanding mechanisms of oxidation in static laboratory air; however, using 
these data to predict performance under hypersonic flight conditions is not trivial. Using 
a mechanistic model that captures the furnace data in combination with scramjet 
exposure tests shows promise. In the literature, one can find several other approaches 
that have been pursued to evaluate performance of candidate materials for thermal pro-
tection under hypersonic flight conditions. The merits and demerits of these approaches 
are discussed briefly in the following.
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11.5.1  Arcjet Test

The arcjet test is a widely accepted method for evaluating performance of materials 
under reentry conditions, developed and used widely by NASA to design space vehi-
cles. It uses a plasma-generated gas mixture, which contains a high fraction of ion-
ized atoms of oxygen and nitrogen. Recombination of the charged species is catalyzed 
by the sample surface to release heat. The plasma is accelerated to high velocities 
(supersonic but not hypersonic) using an electric field before it is directed onto the 
sample. The enthalpy of the gases per unit area of the sample is reported as well as the 
surface temperature of the sample, which is measured using an optical pyrometer. 
The key advantage of this method is that it provides a simulation of dissociation of air 
that occurs behind the bow shock at hypersonic speeds. The catalytic coefficient for 
recombination varies with sample composition and can also change during the test 
since the surface composition changes as the sample oxidizes complicating interpre-
tation and modeling of test results. Until recently, the test has used mostly flat sam-
ples or large-radius conical samples, and thus, the effect of a sharp leading-edge 
geometry had not yet been captured. Recent works are beginning to study samples 
with sharp geometries, but the aerothermal heat flux distribution during free flight is 
not reproduced in these tests [61–63]. The test is also not best for evaluating materials 
for hypersonic speeds in the range of Mach 5–7, where very little dissociation of 
gases is expected. Finally, the very high cost of the test makes it prohibitive for most 
studies.

11.5.2  Laser Test

The availability of laser facilities at reasonable cost compared to arcjets has resulted in 
tests that evaluate UHTC compositions using lasers as the heat source. These tests use 
a prescribed heat flux, calibrated using optical standards, on a flat geometry of the 
sample for a predetermined length of time. In some cases, an external tangential flow 
of air typically at subsonic speeds is included. The advantage of this method is that it 
requires a short setup and run time and several samples can be tested within a short 
period of time. The ambient fluid composition is nearly exact as its air and material 
surface temperature can be monitored accurately during the test using optical pyrom-
etry. The key disadvantage of the method is that the actual heat flux absorbed by the 
sample varies with composition, wavelength of the laser, and temperature of the sample. 
Thus, laser absorptance and emittance of each sample must be measured as a function 
of temperature and accounted for when interpreting the results. Very few studies report 
these properties of UHTCs, with most studies assuming the absorptance to be unity. 
Emissivity has been reported in some recent work, but factors such as machining 
method can influence emissivity [64, 65]. The laser method also uses a constant heat 
flux, whereas in real flight heat flux varies from nearly the cold wall heat flux to the 
steady-state heat flux gradually as the sample heats. The steady-state heat flux will be 
affected by the emissivity of the material and ambient temperature during flight; this is 
not captured in the laser test.
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11.5.3  Oxyacetylene Torch Test

The oxyacetylene torch has long been used as a heat source and has recently been 
revived as a low-cost alternative to arcjet and laser tests. In this test, a flat sample is 
exposed to hot combustion gases of an oxyacetylene torch by holding the sample at a 
calibrated distance from the torch tip. The calibration is usually made based on the mea-
sured optical pyrometer reading on the hottest section of the exposed sample. The heat 
flux is usually not measured or reported. The advantages of this method are that it pro-
vides high heat fluxes, is very quick and inexpensive, and, as such, can be used as a good 
oxidation screening tool for the relative comparison of material compositional varia-
tions. The disadvantage is the lack of standardization of the test procedure and lack of 
calibration with respect to heat flux. The exact composition of the combustion product 
is also unknown and depends on the initial oxygen–acetylene ratio, as well as on loca-
tion within the flame. Water is present as a major product of combustion, which can 
complicate interpretation of the results.

11.6  Summary

The status of mechanistic understanding of the degradation of UHTC leading-edge com-
ponents under hypersonic flight conditions was reviewed. The oxidation behavior studied 
under conventional methods and reported over the past several decades could be inter-
preted reasonably well using analytical models that assume the glassy regions as the only 
pathway for oxygen permeation. Extension of this model to hypersonic flow conditions 
shows promise, but more experimental and modeling work is required to develop a com-
prehensive understanding. UHTC-based leading-edge samples appear to withstand the 
simulated hypersonic conditions up to Mach 7. However, UHTCs are found to degrade 
much more rapidly under arcjet conditions. The behavior under arcjet appears to be 
unique and different from other test methods and thus the least understood.
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Tantalum Carbides: Their 
Microstructures and 
Deformation Behavior

Tantalum carbides comprise a class of ultra-high-temperature ceramics (UHTCs). These 
particular carbides, along with other carbides of the group V transition metals, exhibit a 
range of high to ultra-high melting temperatures, microstructures controlled by the co-
precipitation of metal-rich carbide phases, and varied mechanical behaviors dependent on 
the phase content. Consequently, tantalum carbides and similar transitional metal carbides 
have been proposed for thermal heat protection, automotive wear resistant liners, and other 
types of thermomechanical loading applications [1–3]. In this chapter, the crystallography, 
microstructures, and mechanical attributes are reviewed for this specific material system.

12.1  Crystallography of Tantalum Carbides

Arguably, Gusev et al. [4, 5] have provided the most thorough phase diagram for the 
tantalum-rich portion of the Ta–C system, as shown in Figure  12.1. For C/Ta ratios 
greater than 1, not shown in Figure 12.1, a two-phase mixture of the TaC phase and 
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graphite has been reported with a eutectic point at approximately 3749 K and at a com-
position of 70 at %C [6]. To the authors’ knowledge, little to no research has been done 
exploring or exploiting microstructures from this portion of the phase diagram. In con-
trast, several papers have been published on the precipitation and phase equilibrium of 
the monocarbide- and tantalum-rich carbide phases.

The monocarbide phase of TaC forms the B1, or rock salt, crystal structure (space 
group Fm m3 ), with a cubic lattice parameter of 0.4457 nm [7]. From stoichiometry, the 
tantalum atoms form a face-centered cubic (FCC) sublattice with the carbon atoms 
occupying all of the octahedral interstitial sites (Fig. 12.2a) [8, 9]. Hence, the carbon 
atoms also form a FCC structure. Similar to other group V transition metal carbides, this 
structure is not a line compound and can accommodate the loss of some carbon, creating 
several site-occupancy defects [10]. The ability to accommodate this change in carbon 
content while maintaining the B1 phase offers one of the first qualitative clues that this 
phase is not dominated by ionic bonding, which is common in other ceramics that 
exhibit the B1 structure, such as MgO, FeO, and NiO. In these ionic crystals, the 
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Figure 12.1.  Ta–C phase diagram. From Ref. [5].
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equivalent loss of cation and anion sites must occur to maintain charge neutrality. The 
monocarbide TaC phase exhibits a sharp maximum in the solidus near 4273 K for 
TaC

~0.89
, which is one of the highest melting substances known at ambient pressure [8]. 

The high melting temperature also qualitatively indicates strong covalent bonding. 
Several computational reports on tantalum carbides [11–14] and experimental measure-
ments on bonding energies [15, 16] have confirmed the dominant covalent bonding 
nature within this monocarbide. This covalent bonding is a result of strong sigma bonds 
that form between the overlaps of the 5d electrons in tantalum and the 2p electrons in 
carbon. Jhi et al. [17] reported density functional theory calculations for the density of 
states (DOS) for NbC, also a group V monocarbide. In their report, a minimum was 
observed in the DOS at the Fermi level for a slight substoichiometric NbC

0.875
 composi-

tion. Such a DOS decrease is indicative of the loss of metallic-like bonding character 
and a shift toward a more covalent nature. Considering that the group V metals have a 
valence of 5 and carbon prefers 4, the loss of carbon in the B1 structure likely offsets 
these electronic differences, yielding the optimal bonding strength configuration. This 
change in DOS may explain why the melting temperature is higher for substoichiomet-
ric group V monocarbide compositions.

With the loss of carbon in TaC
1−x

, a linear increase in lattice parameter with carbon 
content occurs [7] and provides an indirect means of determining chemical composition 
without direct chemical detection methods. The high electrical and thermal conductivity 
of TaC [18, 19] also supports the existence of metallic bonding within the compound. 
This is confirmed by numerous electronic structure theory calculations that show a con-
tinuity of the DOS through the Fermi level, an example of which is shown in Figure 12.3. 
The metallic bonding occurs through the sigma bonds of the valence d-electrons that 
form between neighboring tantalum atoms.

Figure 12.2.  Crystal structures of (a) TaC, (b) ζ-Ta4C3, and (c) α-Ta2C.

(a)

C

Ta

(b) (c)
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Upon closer inspection of the phase diagram in Figure 12.1, at lower temperatures 
and with a loss of carbon, a Ta

6
C

5
 phase can precipitate. This phase, unlike the other 

substoichiometric phases of tantalum carbides reported in the following, is thought to be 
simply derived from cubic TaC

x
 where the vacancies create an ordered structure. In most 

of the experimental literature, this phase is not reported at the temperatures and compo-
sitions seen in the phase diagram of Figure 12.1. The Ta

6
C

5
 crystal symmetry is still 

under discussion as either monoclinic or trigonal [4]. In this same reference, the Nb
6
C

5
 

and V
6
C

5
 compounds have been reported to form. The lack of consistent reporting of the 

Ta
6
C

5
 may be attributed to the larger scattering ratio of tantalum to carbon in comparison 

to these other group V transition metals, where this phase is more readily identified. 
Thus, it is reasonable to expect that this phase does form in the tantalum carbides, if 
present, but is difficult to detect. In addition, M

6
C

5
 phases require very slow cooling 

conditions to precipitate, ~0.5 K/min, indicative of some dependence on vacancy site 
ordering, which likely contributes to the uncertainty in which crystal structure forms. As 
a consequence of the very controlled manner by which this phase must form, the sub-
stoichiometric TaC

1−x
 phase is commonly quenched in and observed.
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structure density function theory using full-potential linearized augmented plane wave plus 
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Fermi level (0 eV) demonstrates that TaC has no band gap and is an electrical conductor. The 

partial density of states (pDOS) shows that the DOS at the Fermi level is mainly due to tanta-

lum d-electrons, which suggests that the metallic nature is associated with the bonding 

between neighboring tantalum atoms through overlap of the d-orbitals. Taken from Ref. [11].
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Unlike the Ta
6
C

5
 phase, the ζ-Ta

4
C

3
 phase has been observed by several groups  

[5, 8, 20, 21]. Similar to the Ta
6
C

5
 phase, some debate continues on the equilibrium sta-

bility. In the pioneering work of Rudy and Harmon [22], they noted that the Ta
4
C

3
 phase 

formed under compressive stresses by epitaxially growing off of the TaC
1−x

 phase when 
the temperature was too low to phase transform directly into Ta

2
C. After 400 h at 1700°C, 

Ta
4
C

3
 decomposed suggesting to them the system was metastable. Arguably, no thor-

ough experimental or computational equilibrium study of this phase has been conducted 
to definitively determine its stability, mechanical attributes, and range of carbon substoi-
chiometry. Regardless of its stable or metastable thermodynamic state, the Ta

4
C

3
 phase 

is commonly observed. It has a rhombohedral structure (R m3 ) with lattice parameters 
of a = 0.3166 nm and c = 3.00 nm [23] (Fig. 12.2b). The very large c-lattice parameter 
would make all but basal slip during deformation energetically unfavorable since a 
<c + a> Burgers vector, b, would be very large because the elastic strain energy scales as 
b2 [24]. Consequently, by the nature of its structure, the Ta

4
C

3
 should be a relatively hard 

phase. Recent reports for tantalum carbides with a high volume fraction of Ta
4
C

3
 have 

shown significant increases in fracture toughness [25, 26] and will be further discussed 
in the mechanical behavior section of this chapter.

In the review article on metal-rich transition carbides and nitrides, Demyashev [27] 
described this Ta

4
C

3
 and similar structures as a sequence of cubic-based and hexagonal-

based stacking faults. Using this perspective, the Ta
4
C

3
 phase forms from a TaC matrix 

by the removal of every fourth {111} carbon plane with a subsequent shear between the 
contacted Ta {111} planes (Fig. 12.4) [28]. As noted by Gusev et al. [4, 5], the tantalum 
carbides have an inherent vacancy ordering behavior, and the condensation of vacancies 
on every fourth {111} plane in TaC is necessary for the correct Ta

4
C

3
 composition but is 

not sufficient to form the observed crystal structure. The correct stacking sequence of 
Ta

4
C

3
 is obtained by passing a Shockley partial dislocation between each of the newly 

formed tantalum–tantalum layers. This transforms the FCC stacking sequence of the 
{111} planes of TaC, AγBαCβAγBαCβAγBαCβAγBαCβ, to the stacking sequence for 
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Figure 12.4.  Left image is a series of {111} planes in TaC viewed along <110>. The right image 

is the removal of a {111} plane of carbon atoms and the subsequent shear along the now formed 

metallic Ta–Ta bonds. Stacking of three sequential highlighted boxes, one on top of another (or, 

alternatively, the loss of every fourth carbon plane with a shear), results in a unit cell of Ta4C3.
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Ta
4
C

3
 as AγBΑγBαCβACβAγBαCBαCβ. The Roman letters represent planes of 

tantalum atoms and the Greek letters planes of carbon atoms. Removal of carbon or, 
alternatively, diffusion of vacancies onto this plane to form this critical loop would 
imply that precipitation is by nucleation and growth rather than a simple martensitic 
shear reaction. This formation is analogous to the nucleation of Frank loops in FCC 
metals with the subsequent precipitation of a similar close-packed-based structure 
classically described in the Al–Ag system [29].

With further reduction in carbon, the Ta
2
C phase is stable. Dependent on tempera-

ture, above or below approximately 1800 K, two similar but distinct structures exist for 
this composition [8, 9]. The low-temperature α phase is a CdI antitype structure, shown 
in Figure 12.2c, with the hexagonal close-packed (HCP) array of metal atoms alterna-
tively separated by filled and unfilled planes of carbon. α-Ta

2
C’s lattice parameters are 

a = 0.310 nm and c = 0.494 nm [30]. Similar to Ta
4
C

3
, this structure allows for direct metal-

to-metal atom bonding between close-packed planes, with the former Ta
4
C

3
 being every 

fourth plane and the latter α-Ta
2
C on every other plane, and the resulting stacking sequence 

for α-Ta
2
C is AγB. The contribution to the cohesive energy for α-Ta

2
C is now equal bet-

ween covalent and metallic bonds. Notably, this direct metallic bonding character is man-
ifested with an order (α) to disorder (β) transition temperature at approximately 1800 K 
and melting temperature of approximately 3573 K for Ta

2
C as compared to no disordering 

behavior and significantly higher melting temperature of approximately 4273 K for TaC. 
The increase in metallic bonding characteristics changes the mechanical properties of 
Ta

2
C by reducing the brittle-to-ductile transition, reducing hardness, and increasing 

plastic flow, all of which are described in detail in the mechanical behavior section. The 
α-Ta

2
C phase is trigonal, P m3 1, though it is often incorrectly referenced as hexagonal 

because the settings, that is, use of the same set of axes, are equivalent. A consequence of 
this loss in symmetry is that equivalent planes in HCP structures, such as 1011{ }  and 
1011{ } , are no longer equivalent in trigonal structures. This asymmetry will have con-

sequences on the nonbasal slip behavior for this phase. The high-temperature β phase 
maintains the same close-packed structure as α phase but the carbon sublattice disorders 
yielding an L’3 structure, which is now hexagonal. This phase melts at approximately 
3573 K. Both phases of Ta

2
C are able to exhibit some range of substoichiometric carbon 

loss while maintaining their structures, as shown in phase diagram in Figure 12.1.
Further loss in carbon does not result in any additional compounds. From Figure 12.1, 

only at high temperatures does tantalum indicate little solubility for carbon. At lower tem-
peratures, the presence of carbon results in a two-phase equilibrium of Ta + Ta

2
C micro-

structure. At C/Ta approximately 0.12 in Figure 12.1, a eutectic is present just above 3273 K. 
The development of an engineered eutectic microstructure processed above or below this 
temperature and composition has not been exhaustively studied to the authors’ knowledge.

12.2  Microstructures of Tantalum Carbides

The crystallography of each tantalum carbide phase can and does have an impact upon 
the microstructure morphology. In single-phase regimes, such as TaC and Ta

2
C, the 

microstructures are nominally equiaxed grains (Fig.  12.5). If precipitation occurs 



Microstructures of Tantalum Carbides� 297

because of a change in the C/Ta ratio, the microstructure can exhibit equiaxed grains 
with secondary-phase laths in a crisscross pattern or acicular grains with secondary-
phase laths parallel to the major axis of the grains, again shown in Figure 12.5. The 
ability to tune a microstructure dependent on phase content provides ample engineering 
opportunities for tailored microstructures for regulating mechanical properties such as 
tensile strength, creep, and fracture toughness.

The processing used to fabricate a bulk ceramic can influence the microstructures 
the ceramic forms. In the context of this chapter, these bulk processing routes are divided 
into two generic categories: bottom-up, which refers to a solid-state reaction between 
powders, or a top-down method, which refers to a solidification of molten powders.  
In the bottom-up process, hot pressing (HP) [32–37], spark plasma sintering (SPS)  
[26, 38–41], and hot isostatic pressing (HIP) [31, 42] of constituent tantalum carbide 

Figure 12.5.  SEM backscattered micrographs of HIP processed tantalum carbides in at%: 

(a) 56Ta44C, (b) 58Ta42C, (c) 60Ta40C, (d) 64Ta36C, and (e) 68Ta32C. Images taken from Ref. [31].
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powders result in relatively the same microstructures for similar compositions. The 
major difference between each process is usually related to the final grain size as the 
powders consolidate. The variation between process parameters such as applied 
pressure, heating and cooling rates, peak temperature, and time at peak temperature is 
critical in controlling densification and grain size. In the top-down method, such as arc 
melting or vacuum plasma spraying (VPS), the microstructure can initially appear very 
different than those in the bottom-up route. This is because the powder has undergone a 
liquid-to-solid transformation. Though SPS has localized melting, this melting is con-
fined at powder contact points (surface) and the entire powder is not molten. Because of 
this distinction, it has been classified a bottom-up route. In contrast, arc melting or VPS 
causes the powders to completely liquefy and undergo solidification. In VPS, this rapid 
solidification results in a splat-like layered microstructure when it is deposited onto a 
substrate surface [2], as shown in Figure 12.6 [43]. Since carbon can be preferentially 
lost during melting because of the large vapor pressure differences between carbon and 
tantalum [44], the final composition may not be equivalent to the starting powder com-
position. Hence, blending in excess carbon with the starting powders helps to retain the 
desired C/Ta ratio. Upon subsequent post-processing of arc-melted or VPS materials 
using sintering or HIP to consolidate and homogenize the as-solidified microstructure, 
Morris et al. [43] reported that the splat-like VPS microstructure reverted to those 
microstructures observed in bottom-up processing.

The C/Ta composition ratio is dominant in determining the morphology of the 
phases within the processed grains using the synthesis routes described earlier. In sin-
gle-phase regimes, such as TaC and Ta

2
C, the microstructures are nominally equiaxed 

grains [31] (Fig. 12.5a and e). If precipitation occurs because of a change in the C/Ta 
ratio, the microstructure reveals either equiaxed grains with secondary-phase laths in a 
crisscross pattern (Fig. 12.5b) or acicular grains with secondary-phase laths parallel to 
the major axis of the grains (Fig. 12.5c and d). Elucidating how composition regulates 

Figure 12.6.  VPS processed tantalum carbide microstructure: (a) schematic of the as-sprayed 

microstructure taken from Ref. [2]. (b) SEM micrograph of an as-sprayed tantalum carbide 

microstructure.
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the secondary-phase morphology within these grains is paramount to tailoring the 
microstructure.

Wiesenberger et al. [45], Morris et al. [31], and Santoro and Probst [9, 46] have 
reported diffusion-based studies to explain the types of microstructures that form as a 
function of C/Ta ratio. Wiesenberger et al. heated tantalum wire next to graphite powder, 
whereas Morris et al. studied hot isostatic pressed Ta powders next to TaC powders. 
Santoro and Probst investigated carburization of tantalum metal through metal–gas 
reactions. In Wiesenberger et al. and Morris et al., other than the Ta

6
C

5
 phase in 

Figure 12.1, all other tantalum-rich carbide phases were observed. Morris et al. reported 
how the sequential precipitation sequence was paramount in controlling the microstruc-
tures. In this study, the carbon depleted from the TaC powder and reacted with the tan-
talum metal powders. The depletion of carbon from TaC resulted in the precipitation of 
Ta

4
C

3
 within the TaC

1−x
 grains. Transmission electron microscopy (TEM) revealed that 

the Ta
4
C

3
 phase precipitated from the TaC {111} planes with an orientation relationship 

of {0001}Ta
4
C

3
 // {111} TaC and 1120  Ta

4
C

3
 // 110  TaC. Since TaC has four variant 

{111} planes, the Ta
4
C

3
 forms a crisscross pattern (Figs. 12.5b and 12.7a) since each 

habit plane is equivalent. An interesting attribute of these Ta
4
C

3
 laths, and similar phases 

noted by Demyashev [27], is that they tend to be very thin and planar. Morris et al. [43] 
conducted electron tomography studies that revealed that these phases tended to be no 
more than a few nanometers thick and spanned large planar surfaces on the TaC {111}
planes (Fig.  12.7a). Often, micrographs of these Ta

4
C

3
 phases, such as the one in 

Figure 12.5b, can lead one to believe that this phase has a range of thicknesses. In reality, 
one must be careful as the thickness of these laths is a two-dimensional viewing artifact 
of inclined laths to the surface. The presence of such a thin vertical direction and wide 
planar direction is suggestive of significant interfacial energy differences between the 
side and top surface energies of Ta

4
C

3
 in TaC in controlling the Ta

4
C

3
 morphology.

Figure 12.7.  (a) TEM bright-field micrograph showing the Ta4C3 crisscross lath pattern in TaC. 

(b) Scanning TEM high-angle annular dark-field (HAADF) micrograph revealing a series of 

parallel Ta4C3 laths (gray contrast) parallel to Ta2C (bright contrast).
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The acicular morphologies (Fig. 12.5c and d) were seen predominately when the 
composition was within the Ta

2
C + Ta

4
C

3
 phase field. Similar to TaC, the Ta

4
C

3
 phase 

desires to maintain a close-packed plane and direction orientation relationship with the 
Ta

2
C phase. This has been reported to be {0001} Ta

4
C

3
 // {0001} Ta

2
C and 1120  Ta

4
C

3
 // 

1120 Ta
2
C [43], but unlike precipitation from TaC, which has four close-packed plane 

variants, the trigonal Ta
2
C phase has only one close-packed plane, which is the basal 

plane. Consequently, the Ta
4
C

3
 and Ta

2
C phases form a single, parallel planar arrangement 

(Fig. 12.7b). A consequence of the single variant orientation relationship contributes to 
acicular grains having the laths parallel to each other and along the major axis of the grain. 
The parallel orientation appears to influence the grain growth morphology to be acicular.

12.3  Mechanical Properties of Tantalum Carbides

12.3.1  Elastic Properties

In untextured polycrystalline form, TaC exhibits elastic isotropy at the macroscopic 
level and is characterized by two independent elastic constants, E (elastic modulus) and 
ν (Poisson’s ratio). However, since the monocarbide has a range of substoichiometry 
(Fig. 12.1), this generates the possibility of a large number of atoms having a different 
chemical coordination environment. This alteration is manifested by the slight varia-
tions in the elastic properties as a function of carbon content within the monocarbide 
phase. Table 12.1 is the experimentally reported elastic constants for TaC

1−x
 determined 

using acoustical measurements at room temperature.
Besides carbon content, the porosity within an experimentally tested bar will also 

influence the elastic constant measurements. Jun et al. [47] reported the isotropic elastic 
constants of TaC

0.99
 as a function of porosity and temperature. Under these controlled 

conditions, the elastic constants varied linearly for both porosity, changed from 6 to 
12%, and temperature, from 300 to 1400 K.

In its single-crystal form, TaC is elastically anisotropic and is characterized by the 
three cubic elastic constants: c

11
, c

12
, and c

44
. A limited number of experiments have 

determined these constants with reliability, and these values are listed in Table 12.2. 
However, a large number of theoretical studies have computed these constants using 
electronic structure density functional theory (Table 12.2). In order to facilitate compar-
isons between the single-crystal data in Table 12.2 and the polycrystal data in Table 12.1, 
the Voigt and Reuss average Young’s modulus is listed with the single-crystal elastic 

Table 12.1.  Experimentally determined elastic constants of polycrystalline TaC

Comp E nu Bulk modulus Reference

TaC0.99 560 0.21 329 [47]
TaC0.90 477 0.152 229 [48]
TaC0.994 537 0.24 344 [49]
TaC0.98 567 ± 68 332 [50]
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constants. To the authors’ knowledge, the elastic constants, whether experimental or 
simulated, have not been published for the metal-rich carbide phases.

12.3.2  Plastic Properties of TaC

The plastic deformation of tantalum carbides, and other transition metal carbides, may 
appear confusing given the small amount of literature and complicated bonding behavior 
previously alluded to in the crystallography section of the chapter. For example, the FCC 
symmetry of the B1 phase indicates two possibilities for slip, depending on the bonding 
characteristics. If the bonding is dominated by either covalent or metallic character, 
{111} slip planes in the 〈110〉 directions would be expected at low temperatures [53]. 
Only at elevated temperatures would slip on the {110} and {100} planes be suspected. 
In contrast, if the bonding has more ionicity, slip on the {110} would be probable at low 
temperatures as is observed for typical B1-structured ionic compounds [53].

Most of the plastic properties of TaC are attributed to dislocation motion, whether 
by dislocation glide or climb. Hardness anisotropy has shown that 〈110〉{111} slip 
occurs at room temperature [54, 55] confirmed using TEM dynamical electron diffraction 
[56] and etch pit analysis [57]. In this regime, the dislocations were straight screw seg-
ments, which are indicative that the motion is restricted by high lattice friction. These 
results support the notion that any ionic nature of the bonding is minimal. However, etch 
pit analysis of Rowcliffe and Warren [57] showed that dislocations may also move on 
planes other than {111}, which they interpreted to be {110} or {100}. Substantially, 
more experimental work is needed as these observations occurred near inclusions dur-
ing cooling and the conditions for deformation are not readily established. Furthermore, 
the test temperature of 1573 K was estimated; this is the temperature at which the inclusions 

Table 12.2.  Cubic elastic constants and lattice constants of TaC single crystals obtained 
from experiments and simulation

Method Comp a
0

C
11

C
12

C
44

EV ER Reference

Phonon dispersion TaC0.9 500 90 80 327 266 [51]
Neutron data TaC 550 150 190 474 474 [51]
Ultrasonics TaC 595 153 [52]
DFT/NCPP–LDA TaC 740 165 176 549 523 [13]
DFT/USPP–LDA TaC 4.424 611 243 160 440 439 [12]
DFT/USPP–PBE TaC 4.564 466 224 120 320 319 [12]
DFT/HGHPP–GGA TaC 4.525 621 155 167 480 470 [52]
DFT/USPP–PBE TaC 4.39 704 110 170 538 498 [14]

All of the reported simulations are performed under the framework of electronic structure density functional 
theory (DFT) with different pseudopotentials (PP) and exchange-correlation (XC) functions used to 
approximate the nucleus–electron and electron–electron interactions.

DFT, density functional theory; NCPP, norm-conserving pseudopotential; USPP, ultrasoft pseudopotential; 
HGHPP, Hartwigsen–Goedecker–Hutter pseudopotential; LDA, local density approximation exchange-
correlation function, GGA, generalized gradient approximation exchange-correlation function; PBE, 
Perdew–Burke–Ernzerhof exchange-correlation function.
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solidify, further complicating the behavior of the material. At intermediate temperatures 
(1473–1973 K), Kim et al. [56] reported the slip system to be 〈110〉{111} and deforma-
tion comprised of curved dislocations. Thus, from these experiments, it is reasonable to 
state that slip in TaC occurs on {111} planes with the potential of additional slip systems 
becoming active at higher temperatures.

While the prevalence of 〈110〉{111} slip in TaC is generally agreed upon, no clarity 
exists in determining the temperature dependence of plastic flow and dislocation 
mobility. A number of theories have emerged to explain the temperature dependence of 
hardness measurements, bending stresses, and tensile stresses [56, 58–62]. If one 
assumes that TaC is a ceramic that behaves like a metal stabilized by the presence of 
carbon, then the natural assumption is to associate the strong temperature dependence 
of plastic flow on a Peierls mechanism. In this case, the strong metallic–covalent 
bonding in TaC creates an intrinsic lattice resistance that must be overcome by both 
stress and temperature for flow to occur [53]. If thermal activation is not sufficient to 
support bulk plasticity, brittle fracture is likely, which would result in a classic brittle-to-
ductile transition. This transition is observed in TaC [63–65]. The argument for the 
importance of simple lattice resistance is perhaps best supported by the observations of 
Kim et al. [56] of long screw dislocations under room-temperature indents, which is 
indicative of strong lattice resistance similar to observations of low-temperature defor-
mation in body-centered cubic metals [66].

While the Peierls resistance certainly must contribute to the resistance to plastic 
flow, a number of authors [59–62] have argued and presented evidence to support the 
notion that plasticity under noncreep conditions is governed by the diffusion of carbon. 
While this can be viewed as part of the Peierls resistance, this type of resistance is dis-
tinct from the Peierls resistance associated with direct slip between Ta and C bonds. 
This idea of carbon diffusion-limited plasticity starts with the premise that dislocations 
on {111} planes in TaC split into partials, which has been reported in a limited number 
of experiments [67–69], and requires the diffusion of carbon through the dislocation 
core for dislocation glide [60, 70, 71]. To understand this idea, consider Figure 12.8, 
which shows a schematic of the stacking of the {111} planes in TaC. The stacking 
sequence shown is …AγB… where the Latin letters represent the tantalum atoms and 
the Greek letters are the carbon atoms. The A atoms are gray, the B atoms are white, and 
the γ (carbon) atoms are black. If we consider the B layer to slip relative to the A layer, 
then motion associated with a perfect dislocation is shown by the black arrow in 
Figure 12.8a. Alternatively, the perfect dislocation could split into Shockley partials and 
the associated motion is shown by black dashed arrows in Figure 12.8a. Slip by either 
of these mechanisms would be limited by the Peierls resistance to the glide mechanism. 
If glide is assumed to be unfavorable such that metal atoms slide over one another, then 
slip of the B atoms must occur through the c sites (black dashed arrows in Fig. 12.8b), 
which are occupied by carbon atoms. This is presumably even more unfavorable than 
slip of metal atoms over metal atoms discussed previously. However, if carbon atoms 
move in a coordinated fashion, as shown in Figure 12.8b by gray dashed arrows, then 
glide would be easier. This can occur if carbon atoms diffuse out of these sites; hence, 
dislocation motion would be limited by the rate of carbon diffusion and the substoichio-
metric carbon content or, alternatively, the number of available site defects created on 
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the carbon sublattice. This mechanism is commonly referred to as synchroshear [10]. 
However, if carbon atom motion actually occurs via another dislocation, then two sets 
of partial dislocations glide together, one between the A and γ layers and one between 
the γ and B layers. These dislocations are termed zonal dislocations [72] and have been 
proposed in the case of TaC by [73].

The evidence in support for carbon diffusion-controlled plasticity in TaC is pre-
sented in terms of the temperature/time dependence of hardness [58] and bending 
stresses [61]. Fitting of experimental data (hardness and yield stresses) to an appropriate 
Arrhenius law results in an activation energy that is argued to be the activation energy 
of carbon diffusion [58, 61, 71]. Specifically, Kumashiro et al. [58] determined the 

Carbon atom (γ)

(a) (b)

12

2

Tantalum atom (A)
Tantalum atom (B)
Perfect slip of Ta atom
Partial slip of Ta atom
Motion of C

1

Figure 12.8.  The potential mechanisms of dislocation glide on {111} planes in TaC. In this 

figure, the slip occurs between two tantalum layers, A and B, whose stacking is shown as white 

open circles and gray circles. The carbon atoms are shown as solid black circles and sit in the 

octahedral interstices between the tantalum layers. In this simple example, it is assumed that 

layer B will slip relative to layer A by a perfect dislocation, a/2<110>. (a) The large black arrow 

represents the slip of layer B relative to A along the <110> direction, that is, a perfect disloca-

tion. If it is assumed the dislocations split into Shockley partials, the atoms at B will move first 

from its original position over the atom at site A and then back to a position at B, which is 

illustrated by the shorter dashed black arrows. (b) Under the assumption that the motion of 

the B tantalum atom over the A tantalum atom is unfavorable, then it is possible for the B 

atom to move to the C position, which is occupied by the carbon atoms. This motion is cer-

tainly less favorable than even the motion to the A position. This can be favorable if the car-

bon atom moves in a coordinated fashion with the A atom. The black dashed arrows show the 

slip associated with these new partial dislocations, and the dashed gray arrows represent the 

coordinated motion of the carbon atoms. If the material is substoichiometric, then the carbon 

atoms in B may not be present, making slip even easier and explaining the loss of hardness 

with decreasing carbon content for single-phase TaC1−x materials.
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activation energy associated with indentation between 1473 and 1573 K as 4.8 eV 
(464 kJ/mol). This activation energy is not considerably different from Kim et al. [56] 
who found a value of 4.3 eV in creep studies at similar temperatures. Both of these 
values are much smaller than the values determined by Steinitz [64], who reported 
7.4 eV. Martin et al. [61] analyzed their four-point bend data in temperature ranges from 
1473 to 2473 K and found an activation energy of 5.8 and 6.2 eV with activation vol-
umes of 48b3 and 52b3 depending on the fit used, where b is the magnitude of the 
Burgers vector. Numerous studies of the diffusion of carbon in TaC provide a range of 
activation energies between 3.7 and 4.3 eV [74–78]. The activation energies of most of 
the deformation experiments are too high to represent diffusion of carbon, especially if 
one considers the reduction in energy for diffusion near the dislocation core. The only 
exception to this is possibly the creep experiments of Kim et al. [56], which resides at 
the upper end of the diffusion data.

Alternatively, both Kim et al. [54] and Steinitz [62] argued that plasticity in 
creep conditions is controlled by dislocation climb, which would require diffusion of 
both carbon and tantalum. The activation energy for diffusion of Ta in TaC has not 
been measured, but is estimated to be 7 eV, which agrees with the measurements  
of Steinitz, but such conclusions are tentative given that estimated activation energy 
of TaC is based on analogies with properties of FCC metals. Clearly, discrepancies 
between measured activation energies are prevalent in the literature and may be a 
result in the experimental difficulties of consistent samples between different research 
groups in terms of carbon content, porosity, and testing environment where (de)car-
burization could occur from heating or the heating source itself, if graphite filaments 
are used. It is also worth pointing out that the activation energies associated with the 
Peierls mechanism have not been estimated and cannot be compared with these 
values. Thus, this collection of data provides some evidence for the resistance of dis-
location glide by diffusion; however, it is not conclusive and further work is 
warranted.

12.3.3  Ductile-to-Brittle Transition

TaC exhibits a classic ductile-to-brittle transition (DBT) in its bulk polycrystalline form, 
as reported in several comprehensive studies [59, 63–65]. These different studies each 
used a different test method—Kelly and Rowcliffe [63] used four-point bending, 
Johansen and Cleary [65] used a cantilever bend test, and Steinitz [59, 64] used standard 
tensile bars. From the collective observations of these authors, it is reasonable to assign 
a ductile-to-brittle transition temperature (DBTT) of 2123 ± 100 K.

While the DBTT observed is around 2123 K, significant plastic flow is typically not 
observed until temperatures around 2373 K. While Kelly and Rowcliffe reported a DBT, 
they did not observe any measureable ductility in their specimens, but they did not test 
above 2273 K. Steinitz found appreciable ductility in TaC at temperatures at 2433 K and 
above with elongation to failure of 33%. From this, a tensile stress–strain curve was 
extracted, shown in Figure 12.9, which may be the only in existence.

The work of Johansen and Cleary [65] determined the effect of carbon content on the 
DBTT, which linearly decreased with carbon content. The carbon content of TaC

x
 included 
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x = 1.26, 0.98, 0.90, 0.84, and 0.73 with all the specimens containing the rock salt TaC 
structure except x = 1.26, which had graphite, and x = 0.73, which contained Ta

2
C.

Despite the consistency of these studies regarding the DBT, it is important to note 
that plastic flow occurs at room temperature in TaC [54, 56] under microindents. 
Additionally, plastic flow also occurs at elevated temperatures below this measured 
DBTT in creep experiments [56]. Thus, the DBT may be dependent on many factors 
including the type of loading, surface conditions, and presence of flaws, as well as the 
number of grains in the volume being tested. It is important to bring into discussion the 
brittle-to-ductile nature of tungsten, the most refractory metal that is brittle in polycrys-
talline form but ductile in polished single crystals at low temperatures [79–83]. Thus, 
the agreement seen here may be largely related to the similarity of the test conditions: 
polycrystals largely subjected to tensile and compressive normal stresses.

12.3.4  Creep

Creep tests on TaC have been performed by both Steinitz [59] and Kim et al. [56]. 
Steinitz conducted tests at temperatures of 2233, 2313, and 2373 K with carbon content 
varying between 0.85 and 0.98. Kim et al. conducted creep tests at 1573, 1973, and 
1773 K at stresses that ranged from 60 to 300 MPa. From these creep tests, Steinitz and 
Kim et al. were able to determine the stress exponent, n, for creep, ε :

	 ε σ= C n 	 (12.1)

Steinitz reported it to be between 2 and 4. The range is suggestive that no reliable 
number was established, likely because of potential carbon loss during the experiment. 
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Figure 12.9.  Stress–strain curve for TaC at 2433 K. Taken from Ref. [59].
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Steinitz also reports a decrease in creep rate with decreasing carbon content, suggesting 
that decarburization improves creep resistance. Kim et al. determined the stress expo-
nent at 1773°C and found a value of 2.05. Both authors reported activation energies, Q, 
using the Arrhenius relationship between the strain rate and temperature given as

	
ε = −






A

Q

kT
exp 	 (12.2)

where k is Boltzmann’s constant, T is temperature, and A is a temperature-independent 
pre-exponential factor. Steinitz activation energy value was 7.37 ± 1.3 eV (711 kJ/mol), 
and Kim et al. reported an energy of 4.34 eV (420 kJ/mol). Steinitz interpreted his mea-
sured activation energy to be associated with diffusion of tantalum in the lattice. 
However, the values of Kim et al. are too low for tantalum diffusion (as estimated by 
Steinitz [59]) and are at the upper end of carbon diffusion (3.7–4.3 eV, 360–420 kJ/mol). 
Kim et al. suggest that at their intermediate temperatures, creep is accomplished by 
grain boundary sliding controlled by dislocation climb. If this is the case, dislocation 
climb would require both carbon and tantalum diffusion. Further work in the area of 
creep needs to be conducted to clarify these issues, and better estimates for the activation 
energy of Ta diffusion would further help establish the operant mechanisms.

12.3.5  Hardness of Tantalum Carbides

Hardness measurements are probably the most common mechanical measurements made 
on transition metal carbides and TaC in particular. Knoop hardness is the most common and 
potentially the most reliable measurements for these hard materials, though some values 
are reported with a Vickers indenter. These result in a large number of hardness measure-
ments with values in the range of 150–5200 kg/mm2 with dependence on carbon content, 
porosity, temperature, and the orientation of the surface indented. The highest hardness 
reported corresponds to indents on single-crystal faces of TaC

0.83
 at room temperature [20], 

and the lowest hardness values correspond to indents in polycrystals at 2173 K [84].
As discussed in the crystallography section, we might expect that the hardness of 

tantalum carbides should continually decrease as a function of carbon content if one 
assumes that the covalent bonding character is decreasing. This is what is observed by 
Samsonov and Rukina [85], as shown in Figure 12.10a, which includes carbon contents 
that span compositions that include TaC, Ta

4
C

3
, and Ta

2
C. However, Santoro [46] and 

Steinitz [59, 64] and Gusev et al. [5] have measured hardness values above TaC
0.75

 and 
found that hardness increased nearly linearly with a decreasing carbon content until C/
Ta = 0.8, which is in direct contrast with Samsonov and Rukina. The reason for this 
increase in hardness with a decrease in carbon content is difficult to explain, though it has 
been argued to be related to the optimal filling of the d-bands [57] or by dislocation–
vacancy hardening [17, 65, 71] or may be related to the ordered Ta

6
C

5
 structure [86, 87]. 

To further complicate this issue, TiC, arguably the most widely studied group IV transition 
metal carbide with a rock salt structure, exhibits a continual decrease in hardness with 
decreasing carbon content. It can be safely stated that below C/Ta = 0.8, the hardness of 
tantalum carbides decreases with the trends above this threshold not well understood.
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The hardness of TaC decreases with temperature, as shown in Figure  12.10b, as 
expected. The data of Kumashiro et al. [55, 58], which are Vickers hardness measurements 
on a {001} TaC surface, shows a knee in the hardness data near 1473 K. This may be indic-
ative of a transition in deformation mechanisms. However, the data of Koester and Moak 
[84], which is a Knoop hardness on polycrystalline TaC, does not show such a transition.

Figure 12.10.  Hardness variation as a function of C/Ta composition and temperature. (a) The 

hardness at room temperature from various groups plotted as a function of carbon content. 

All hardness measurements are presumed to be made on polycrystals [5, 46, 59, 85]. (b) The 

hardness of TaC plotted as a function of temperature. The data of Kumashiro [58] is for inden-

tation on a {001} surface, while the data of Koester and Moak [84] represent the hardness of 

a polycrystalline surface.
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12.3.6  Strength

The strength of tantalum carbide is difficult to establish because of its brittleness at low 
temperatures and its high DBTT. The strength of TaC below the DBTT should be 
statistical in nature with a strong dependence of flaw distributions, but no study to date 
has explored this issue. Above the DBTT, the high temperatures required for significant 
plasticity further limit the available data since few mechanical testing facilities are able 
to exceed 2373 K. Only a very small number of tensile tests have been conducted on 
TaC, one of which is shown in Figure 12.9, which reveals no well-defined yield point 
and only the ultimate tensile strengths (UTS) were reported by Steinitz [59]. The values 
of the UTS range from 109 MPa (15,800 psi) to 89 MPa (12,900 psi) for temperatures 
that range from 2153 to 2473 K [59]. In this temperature range, the ductility ranges from 
2 to 39% and the carbon content was C/Ta = 0.98.

The strength in bending has also been reported as a function of temperature and 
carbon content. For TaC

0.98
, Johansen and Cleary [65] found the strength to range bet-

ween 89.6 MPa (13,000 psi) and 158.6 MPa (23,000 psi) for temperature between 2173 
and 2423 K. As a function of carbon content, the authors showed that the bending stress 
at the BDTT has a minimum around TaC

0.9
 with the strengths of TaC

0.8
 and TaC

0.98
 being 

similar. Santoro [46] performed experimental studies using TaC wires under three-point 
bending at room temperature and reported strengths between 360 MPa (52,000 psi) and 
460 MPa (67,000 psi) for C/Ta from 0.70 to 0.95. The extrapolated strength to TaC

1.0
 

would be 520 MPa (75,000 psi). The minimum strength was at C/Ta = 0.8. Martin et al. 
[60, 61] measured bending stresses in polycrystalline TaC

0.98
 formed through carburiza-

tion of Ta sheets using four-point bending. They found that bend strengths depended on 
both strain rate and temperature, with strength values leveling off around 50 MPa 
(7250 psi) at high temperatures (typically above 2473 K) and rising to over 1780 MPa 
(25,000 psi) for temperatures around 1473 K. It is very interesting to note from these 
tests that bending strength has a local minimum either around C/Ta = 0.8 or 0.9. This 
stoichiometry is also where a maximum occurs in hardness (Fig. 12.10a). The creep 
resistance reported by Steinitz [59] also increases with decreasing carbon content 
through C/Ta = 0.85. Thus, one must be cautious in developing a consistent model that 
explains experimentally observed changes in hardness, creep resistance, or bending 
strength alone, assuming that the trends observed are accurate.

12.3.7  Fracture Toughness

By varying the C/Ta ratio, not only are hardness and strength varied but also fracture 
toughness. K

IC
 values in tantalum carbides have been reported with values that range 

from approximately 2 to 13 MPa√m [26–28]. The unusually high fracture toughness in 
some reports is associated with compositions near Ta

4
C

3
. Though no detailed study has 

been done on the mechanisms that lead to this increase in fracture toughness, it is most 
likely associated with the intrinsic microstructure and mechanical attributes of the 
phases present.

Additional toughness in these ceramics could be obtained from the increased 
metallicity of the bonds. As already discussed, in TaC, room-temperature dislocation 
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activity has been reported around indents [56, 57]. This indicates some intrinsic 
strengthening behavior. Though no room-temperature dislocation activity has been 
reported in the Ta

4
C

3
 and Ta

2
C phases, one could speculate that it would behave simi-

larly to TaC, which is a much more carbon-rich phase, via dislocation motion on close-
packed planes. These two metal-rich phases have basal planes made of metal-on-metal 
bonds (Fig. 12.2), which could accommodate dislocation motion much easier than that 
already observed for {111} planes of TaC, which has alternating metal and carbon 
close-packed layers.

The additional metallic bonds are not likely to provide the observed toughening in 
these ceramics, and the large improvement is likely to occur from the microstructure 
itself. As discussed in the section on microstructure, the microstructure of the high K

IC
 

compositions would contain a crisscross pattern of Ta
4
C

3
 thin laths in a TaC matrix. 

Consequently, the multiple directional laths, with limited slip confinement to the basal 
plane, provide extrinsic barriers for crack propagation through crack deflection, 
contact shielding, and zone shielding [88]. The emission of dislocations in these mate-
rials would also provide additional intrinsic strengthening contributions. In general, 
ductile materials are intrinsically toughened by impeding crack propagation with 
obstacles in front of the crack, while brittle materials are extrinsically toughened by 
impeding crack propagation via resistance in the crack wake [89, 90]. The combined 
intrinsic and extrinsic characteristics of this multiphase material likely contribute to 
the high K

IC
, which is one of the highest values reported for a monolithic ceramic [25]. 

Clearly, a more detailed investigation that understands the mechanical strength of 
these high K

IC
 properties is needed to elucidate the mechanisms by which these 

increases are achieved.

12.3.8  Plasticity of Ta2C

Much of the discussion has focused on the mechanical behavior of the monocarbide. To 
date, little is known about the mechanical attributes of metal-rich carbides. Clearly, 
from the fracture toughness, these phases can exhibit interesting strengthening charac-
teristics whether as a single phase or precipitated within a matrix phase. As discussed 
previously, the hardness of Ta

2
C is about 33% lower than TaC [85]. This is to be expected 

because of the increase in localized metallic character of the bonding in Ta
2
C. Four-

point bend tests of DiPietro [91] showed that Ta
2
C is brittle at room temperature but 

quite ductile at 2200 K, much more ductile than TaC. This result was confirmed by De 
Leon et al. [92] who provided dynamical electron diffraction quantifying the deforma-
tion mechanism of Ta

2
C and found 1123 1011{ } pyramidal slip activity. Unfortunately, 

the presence of stacking faults caused by excess carbon uptake during the test prevented 
imaging of basal plane dislocations. However, theoretical studies of generalized stack-
ing fault energy curves in Ta

2
C by Wang et al. [93] demonstrated that basal slip should 

be favored. Wang et al. also showed that pyramidal slip, observed in De Leon et al.’s 
[92] experiments, would be the second most likely activated slip planes. The trigonal 
symmetry of Ta

2
C also would regulate slip behavior between the different 1011{ }  and 

1011{ } planes, and the interatomic spacing, not necessarily a local metal-on-metal 
bond, dictated the lowest stacking fault energy.
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12.4  Summary

Tantalum carbides comprise a class of UHTC with a range of melting temperatures and 
phases dependent on the C/Ta ratio. The phase structures and precipitation sequence of 
these materials are paramount in regulating the microstructure morphologies. 
Microstructures can range from equiaxed grains to equiaxed grains with secondary laths 
in a crisscross pattern to acicular grains with secondary laths all parallel to the major 
axis of the grain. These microstructures have been shown to regulate the mechanical 
responses, particularly increasing the fracture toughness to approximately 13 MPa√m 
with a high volume fraction of Ta

4
C

3
. Most of the mechanical property work has been 

done on the monocarbide TaC phase. The mechanical behavior of this carbide shows a 
range of responses, dependent upon carbon content, porosity of the test specimen, and 
the testing means or environment. Because of these issues, reported mechanical data 
show variations. For example, agreement can be found in certain areas, such as decreasing 
hardness with decreasing carbon content below C/Ta = 0.8, whereas other tests show 
wide variations, including the reported activation energies in creep experiments. This 
demonstrates the challenges in studying these classes of materials. It is imperative that 
any conclusions based on literature reports carefully consider the intrinsic and extrinsic 
characteristics of the tantalum carbide sample tested. Regardless of these issues, the 
range of mechanical properties with corresponding varied microstructures offers several 
exciting opportunities to tailor phases together that couple ultra-high melting tempera-
ture capability with metallic-like and ceramic-like mechanical responses.
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Titanium Diboride

13.1  Introduction

Ceramics with melting points in excess of 3000°C are classified as ultra-high-
temperature ceramics (UHTCs) [1–3]. In the last two decades, different transition metal 
borides (especially those with melting points higher than 3000°C) have received wide 
attention for a range of technological applications including extreme environment 
aerospace applications such as wing leading edges and nose cones of hypersonic vehi-
cles, scramjet propulsion, rocket propulsion, and atmospheric reentry vehicles [1–14]. 
More recently, TiB

2
-based materials have been deemed to be promising UHTCs due to 

the attractive combination of mechanical, tribological, thermophysical, and chemical 
properties [1–4, 14–29]. The lower density and coefficient of thermal expansion (CTE) 
of TiB

2
 are advantageous for applications demanding higher property to weight ratios. 

The properties of monolithic TiB
2
 are summarized in Table 13.1 and compared to the 
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corresponding properties of the other transition metal borides. The strength and directional 
nature of the primary covalent bonds are the basic factors responsible for such prom-
ising properties of the transition metal diborides. However, covalent bonding is also a 
cause for some of the shortcomings of these materials.

Although TiB
2
 possesses excellent mechanical, physical, and chemical properties, 

it is difficult to densify [1–14]. Additionally, TiB
2
 lacks fracture toughness [1–4, 15, 16]. 

Research on this material is complicated by the difficulty evaluating properties at 
extremely high temperatures and under harsh environments [1, 2, 5, 7, 11–13, 27–29, 
20, 30]. For example, measurements of flexural creep are typically limited to less than 
equal to 1500°C, owing to reactions between fixtures and specimens. Recently, a novel 
noncontact method of mechanical testing at high temperatures was developed to study 
high-temperature creep and fatigue properties of electrically conducting materials [21]. 
Research dating from the 1960s, and continuing today, has failed to resolve issues lim-
iting implementation of these materials [1–5].

In the recent past, considerable research has addressed the high sintering tempera-
tures of TiB

2
. Metallic and ceramic additives, new sintering techniques (conventional 

and advanced), and optimized processing parameters have been studied [1–4, 24–29, 20, 
30–50]. However, incorporation of secondary phases can have serious drawbacks. For 
example, metallic additives degrade the high-temperature properties and corrosion 
resistance of diborides [4]. Ceramic additives like MoSi

2
 and TiSi

2
 have been introduced 

to improve densification and mechanical properties [4, 22–27]. Another important aspect 
is improving the fracture toughness of UHTCs by microstructural tailoring and incorpo-
ration of various reinforcements. However, composition and microstructural design 
should not have negative impacts over the high-temperature performance.

The present chapter starts with an introduction to processing and mechanical, physical, 
and chemical properties before ending with a description of applications of TiB

2
. Research 

results concerned with some critical issues have been highlighted. Section 13.2 introduces 
the phase diagram, crystal structure, and bonding of transition metal diborides. Issues 
related to the synthesis and productions of nanopowders are presented in Section 13.3. 
Conventional and advanced sintering techniques used to produce dense borides are reviewed 
in Section 13.4 with the influence of ceramic additives on sintering temperature, densifica-
tion, and properties highlighted along with the effects of processing conditions on micro-
structure and high-temperature mechanical properties. Section 13.5 describes the effect of 
temperature on hardness, elastic modulus, flexural strength, and thermal shock resistance 
(TSR). Thermophysical properties and oxidation behavior are reviewed in Sections 13.6 
and 13.7, respectively. In Section 13.8, the tribological properties are discussed. The var-
ious applications and future prospects of TiB

2
-based ceramics are discussed in Section 13.9. 

Finally, Section 13.10 concludes with a brief overview of the present status of TiB
2
-based 

ceramics and raising important issues that remain unresolved despite the extensive research.

13.2  Phase Diagram, Crystal Structure, and Bonding

Attempts have been made to correlate transition metal diboride equilibrium phase dia-
grams to crystal chemistries [16]. The binary Ti–B phase diagram (Fig. 13.1a) shows 
three intermetallic phases: orthorhombic TiB, orthorhombic Ti

3
B

4
, and hexagonal TiB

2
. 
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Both TiB and TiB
2
 have narrow homogeneity ranges, whereas Ti

3
B

4
 has a fixed stoichio-

metric composition. The TiB and Ti
3
B

4
 phases decompose peritectically at 2180 and 

2200°C, respectively, whereas TiB
2
 melts congruently at 3225°C. As evident from the 

phase diagram, the high melting point and stability make TiB
2
 an important material for 

Ultra-High-temperature applications. Similarly, ZrB
2
 has a high melting point of 

3250°C, but unlike TiB
2
, slight fluctuations in composition lead to the formation of 

liquid phase in the Zr–B system.
Transition metal diborides including TiB

2
, ZrB

2
, HfB

2
, and TaB

2
 possess primitive 

hexagonal crystal structures of the AlB
2
 type (Fig. 13.1b and c). The hexagonal unit cell 

of TiB
2
 belongs to the P6/mmm space group with lattice parameters: a = b = 3.029Å, 

c = 3.229Å (α = β = 90°, γ = 120°). The layers of B atoms form two-dimensional (2D) 
graphite-like rings that alternate with the Ti layers (Fig.  13.1c) [1, 4]. In hexagonal 
close-packed (hcp) structures, the stacking sequence is ABABAB. The AA stacking 

Figure 13.1.  (a) Ti–B binary equilibrium phase diagram [17]. (b) Schematic representation of 

AlB2 crystal structure of TiB2 [76]. (c) Illustration of the hexagonal network of boron atoms, 

with metal atoms situated above and below the boron network [1].
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sequence of Ti planes is represented in Figure 13.1b. The boron (B) atoms are located 
interstitially between the Ti layers, forming a strong covalently bonded hexagonal net-
work structure. For the unit cell, a Ti atom is located at (0,0,0), while B atoms are at (1/3, 
2/3, 1/2) and (2/3, 1/3, 1/2). Each Ti atom is surrounded by six equidistant Ti neighbors 
in its plane and 12 equidistant B neighbors (6 above and 6 below the Ti layer). Each B 
is surrounded by three B neighbors in its plane and by six Ti atoms (three above and 
three below the B layer). Bond strengths and the combination of bond types in the Ti–B 
system determine most of the properties. In other structures, B often forms octahedra or 
icosahedra consisting entirely of boron. Due to the high strength of the covalent B–B 
and Ti–B bonds, these intermetallic compounds are very hard and refractory. In addition 
to high melting points (~3225°C for TiB

2
), room-temperature hardness, elastic modulus, 

and chemical resistance of diborides can be attributed to the crystal structure and atomic 
bonding. Hence, atomic bonding in TiB

2
 is reflected in its high elastic modulus 

(~560 GPa), hardness (~32 GPa), and flexure strength (~700–1000 MPa). In addition to 
mechanical properties, the thermal conductivity can be of the same order of magnitude 
as highly conducting metallic materials, such as Cu or Al. The properties reported in 
papers and discussed in this chapter (Table 13.1) are for polycrystals, where the prop-
erties are isotropic, unlike those for single crystals.

13.3  Synthesis of Titanium Diboride Powders

This section focuses on synthesis routes for fine TiB
2
 powder, including reduction 

processes, reactive processes, and chemical routes. Limiting factors for commercial fab-
rication of TiB

2
 powders are the relatively high costs of elemental boron and low pro-

duction rates.
The most common synthesis route is reduction processes, which use reducing 

agents (carbon, boron, boron carbide or aluminum, silicon, magnesium) or a combination 
of them [1, 4, 16]. One solid-state reaction is borothermic reduction (Eq. 13.1), which 
can result in particle sizes as fine as approximately 1 µm (Fig. 13.2a); [4]

	 2 3 2 42 4 2TiO B C C TiB CO+ + → + ↑ 	 (13.1)

Nanocrystalline diboride powders (10–20 nm) have been synthesized by reacting anhy-
drous chlorides with sodium borohydride (NaBH

4
) above 500°C under pressure 

(Fig. 13.2b): [53–56]

	 MCl NaBH MB NaCl HCl H4 4 2 22 2 2 3+ → + + + 	 (13.2)

Gu and coworkers [57] processed nanocrystalline TiB
2
 (Fig. 13.2c) using a solvothermal 

reaction of metallic sodium with amorphous B and TiCl
4
 at 400°C:

	 TiCl B Na TiB NaCl4 22 4 4+ + → + 	 (13.3)

Self-propagating high-temperature synthesis (SHS) has been used to produce nanosized 
TiB

2
 using NaCl as a diluent [49]. As the amount of NaCl increased, the TiB

2
 particle 
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size decreased, reaching 26 nm for 20 wt% NaCl. The SHS method is advantageous for 
synthesizing TiB

2
-based composites. High heating and cooling rates in SHS produce 

high defect concentrations in the resulting borides, which have been linked to improved 
densification. Submicron TiB

2
 powders can also be produced by mechanical alloying of 

elemental Ti and B powders [44]. Similarly, high-energy ball milling (HEBM) has been 
used to produce nanocrystalline diboride powders (Fig. 13.2d) [51, 52]. However, the 
major problem associated with HEBM is contamination from the milling media and 
container. Furthermore, precise control and variation of stoichiometry are not possible 
with HEBM, unlike wet-chemical synthesis routes.

Figure 13.2.  Varying sizes and morphological features of TiB2 powder, synthesized via differ-

ent routes. (a) Nanocrystalline TiB2 powder prepared by the reaction of TiCl4 with NaBH4 [55]. 

(b) TiB2 powders synthesized via benzene–thermal reaction of metallic sodium with amor-

phous boron powder and TiCl4 at 400°C [57]. (c) High-energy ball-milled and mechanical 

alloyed Ti–67B nanocrystalline TiB2 powder [52]. (d and e) Sol–gel-synthesized nanocrystalline 

TiB2 powder [115].

(a)

100 nm

(b) (c)

0.17 μm

(d) (e)
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A number of laboratory-scale routes have been developed to synthesize submicron 
diboride powders. Researchers have also devised sol–gel routes, which are energy-efficient 
and cost-effective ways to produce high-purity nanocrystalline TiB

2
 powder [115]. 

Temperatures above 1400°C produce highly faceted hexagonal TiB
2
 crystals, whereas 

TiC is present in the form of spherical particles (Fig. 13.2e and f) [115]. Irrespective of 
the synthesis route, attention has to be paid to controlling powder characteristics such as 
initial particle size, particle size distribution, agglomeration, and purity as they influence 
densification.

13.4  Densification of Transition Metal Borides

Monolithic transition metal diborides, such as TiB
2
, are difficult to densify primarily 

due to a low self-diffusion coefficient, extremely high melting points, and high vapor 
pressures, which are due to the strong covalent bonding (Table 13.2). To obtain good 
densities (>95% relative density), sintering temperatures need to be at least approxi-
mately 0.7T

m
, where T

m
 is the melting point. Hence, extremely high sintering tempera-

tures (≥2000°C) and long durations are necessary to obtain near-theoretical sinter 
densities for TiB

2
 and other transition metal borides. However, high-temperature sinter-

ing is also associated with grain coarsening, including abnormal grain growth, which is 
detrimental to mechanical properties.

To improve densification of bulk TiB
2
 for structural applications, sintering addi-

tives, external pressure, and advanced sintering techniques have been employed. Even 
though metallic additives are usually effective at reducing the sintering temperature of 
TiB

2
, they have not been included in this chapter because their presence in as-sintered 

TiB
2
 degrades the high-temperature properties and corrosion resistance.

13.4.1  Pressureless Sintering

Pressureless sintering (PS) is the most commonly used conventional sintering tech-
nique. PS can be used to consolidate ceramic powders to near-net shape with complex 
geometries of large size using standard methods [1, 48–50]. For PS, TiB

2
 requires tem-

peratures (>0.7T
m
) on the order of 2000–2300°C to promote grain boundary and volume 

diffusion. Furthermore, in the case of monolithic TiB
2
 and other diborides, the hexag-

onal crystal structure allows for anisotropic grain growth and concomitant retention of 
residual porosity after PS [1]. The major approaches used for improving the densities by 
PS of TiB

2
 are the reduction of starting powders’ particle size and the use of sintering 

additives. Sintering additives influence the microstructure of TiB
2
, both in terms of 

phase evolution and grain size. However, among the possible additives, metallic addi-
tives are not preferred for high-temperature applications.

In addition to low self-diffusion coefficients and refractoriness, native oxide layers 
and other impurities are present on the surfaces of TiB

2
 particles, which are introduced 

during synthesis or subsequent processing. Oxides and impurities increase surface diffu-
sivity (not bulk), which promotes in particle/grain coarsening rather than densification 
[1, 3, 4, 61]. To achieve higher density and inhibit abnormal grain growth, oxygen content 
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of the starting powder must be less than 0.5 wt%, or reducing agents need to be incorpo-
rated to remove TiO

x
 below the coarsening temperature, which is approximately 1600°C.

Achieving high relative densities in TiB
2
-based composites, such as TiB

2
–TiC, by 

conventional PS is extremely difficult without additional powder processing steps [44]. 
HEBM can increase the powder reactivity, internal energy, and surface area, all of which 
favor densification. In the work of Wang et al., [134] nanosized TiB

2
 and TiC powders 

obtained after 48 h of ball milling produced uniform microstructures and, more impor-
tantly, greater than 98% relative density by PS (Fig. 13.3). The pressureless sintered TiB

2
 

had moderate room-temperature mechanical properties, with hardness of 14–18 GPa, 
fracture toughness of 3–5 MPa·m1/2, and flexural strength of 325–570 MPa (Table 13.2).

13.4.2  Hot Pressing

Application of pressure during sintering improves densities at lower temperatures com-
pared to PS [1, 3, 48–50]. Simultaneous application of temperature and pressure (typi-
cally uniaxial from 20 to 50 MPa) is called hot pressing (HP). Hot-pressed diborides 

Figure 13.3.  SEM images of pressureless sintered TiB2–TiC composites sintered at (a) 1700°C 

without HEBM, (b) 1750°C without HEBM, (c) 1700°C with HEBM for 48 h, and (d) 1750°C with 

HEBM for 48 h [134].

TiC

(a)

TiB2

320.0 kV 9.4 mm x5.00k BSE 10.0 μm

(b)

TiC
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(c)

TiC

TiB2
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(d)

TiC

TiB2

3 20.0 kV 9.5 mm x5.00k BSE 10.0 μm
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exhibit better properties compared to PS diborides, even for similar relative densities. 
However, the major limitation of HP is the inability to produce complex shapes.

Fully dense TiB
2
 ceramics can be obtained by HP between 1650 and 1900°C for 1 h, 

depending on the type and amount of additives (Table 13.2). Recent work revealed that 
dense (up to 98%) monolithic TiB

2
 (i.e., without additives) was obtained by HP at 1800°C 

for 1 h [25]. The TiB
2
 ceramics exhibited a maximum hardness of 32 GPa, fracture toughness 

of 6.8 MPa·m1/2, and flexural strength of 810 MPa [26]. Higher relative density by HP is one 
of the notable advantages of TiB

2
, with respect to the other transition metal diborides. For 

instance, HP at 1900°C only produced 87% relative density for ZrB
2
 without additives [34].

Some additives react with oxides (MO
x
 or B

2
O

3
) that are present on the starting 

powders. Reactions can lead to liquid-phase sintering. For example, some of the 
reactions reported for sintering of TiB

2
 with Si

3
N

4
 are noted below [35]:

	
3 3 3

1

22 3 4 2 2TiO Si N TiN SiO N+ → + +
� (13.4)

	 2 3 32 3 3 4 2B O Si N BN SiO+ → + � (13.5)

	
TiB N TiN BN2 2

3

2
2+ → +

�
(13.6)

More recently, MoSi
2
 and TiSi

2
 additions can also enhance the sinterability of TiB

2
 at 

lower HP temperatures of 1650–1700°C [24, 26, 36, 70, 133]. In the TiB
2
– MoSi

2
 

system, sintering reactions take place during HP to produce Ti
5
Si

3
 and Mo

5
Si

3
 (Fig. 13.4). 

Detailed analysis revealed that surface oxides (TiO
2
 and B

2
O

3
) reacted with MoSi

2
 to 

form the secondary phases, as shown below [26]:

	 5 5 714 1 143 52 2 5 3 5 3 2TiO MoSi Mo Si Ti Si SiO+ → + +. . � (13.7)

	 2 5 5 1 5 2 53 2 2 5 3 5 3 2. . .Ti O MoSi Mo Si Ti Si SiO+ → + + � (13.8)

Figure 13.4.  STEM bright-field images of hot-pressed TiB2–MoSi2, showing the phase assem-

blage (Ti5Si3, Mo5Si3) and grain structure [26].
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Thermodynamic calculations revealed that Reactions 13.7 and 13.8 were feasible at typical 
HP temperatures (negative ∆G°). Near-theoretical density (~99.6%) was obtained by 
HP at 1650°C for incorporation of TiSi

2
, compared to 94.6% obtained for monolithic 

TiB
2
 for HP under similar conditions. The beneficial effect of TiSi

2
 was attributed to 

liquid-phase sintering due to its lower melting point (1540°C). Secondary phases, such 
as Ti

5
Si

3
, were observed, which was initially attributed to direct reaction (Reaction 13.9) 

between TiB
2
 and TiSi

2
 during HP [37];

	 3 32 2 5 3 6TiB TiSi Ti Si SiB+ → + � (13.9)

However, thermodynamic analysis (Fig. 13.5) revealed that Reaction 13.9 was not ther-
modynamically feasible (positive ΔG°) under typical HP conditions. Similar to other 
ceramic additives, reactions among TiSi

2
, surface oxides (TiO

2
), and carbon (present 

as  contamination) were also explored (Reactions). Analysis revealed that only few 
Reactions were thermodynamically feasible (Fig. 13.5): [37]

	 2 22 2 2 5 3 2 2 2TiO TiB TiSi Ti Si SiO B O+ + → + + � (13.10)

	 7 8 3 72 2 5 3 2TiO TiSi Ti Si SiO+ → + � (13.11)
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Figure 13.5.  Variation of Gibbs free energy change (ΔG) of sintering reactions taking place 

during hot pressing of TiB2 with TiSi2 [37].
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	 5 5 2 3 7 22 2 5 3 2TiO TiSi C Ti Si SiO CO g+ + → + + ( ) � (13.12)

	 Ti O TiSi Ti Si SiO3 2 2 5 3 22+ → + � (13.13)

	 2 8 2 2 1 42 5 3 2. . .TiO TiSi Ti Si SiO+ → + � (13.14)

It is plausible that ceramic additives can form secondary phases during HP due to reac-
tion with surface oxides on TiB

2
 particles or contamination and not due to direct reac-

tion with TiB
2
. Changes in microstructures, high relative densities, minimal grain 

growth, and formation of secondary phases during HP influence the mechanical prop-
erties including hardness (23–25 GPa), indentation toughness (4.2–5.9 MPa·m1/2), 
4-point flexural strength (338–426 MPa), and thermal conductivity (122.1 Wm−1k−1) of 
TiB

2
–TiSi

2
 composites [24, 37]. Overall, HP TiB

2
-based composites exhibit better 

room-temperature mechanical properties and oxidation resistance compared to mono-
lithic TiB

2
 [25, 26, 36, 37].

13.4.3  Reactive Processing

Reactive processing (RP) is a two-step process during which reaction of precursor pow-
ders and densification occur in situ. RP is a potential route to develop second phases 
within a TiB

2
 matrix. Compared to conventional processes, RP has advantages including 

lower impurity levels and higher density at lower sintering temperatures. It can also 
decrease formation of grain boundary phases [1, 3, 48]. Proper selection of precursors 
can lead to formation of transient liquid phases that facilitate densification. For in-
stance, compositions such as 3Ti–B

4
C and 4.8Ti–B

4
C reach nearly full density between 

1700°C and 1800°C due to liquid-phase formation but contain only TiB
2
 and TiC

0.5
 

after processing (Fig. 13.6) [62]. Reaction-processed TiB
2
 exhibited a good combination 

of room-temperature mechanical properties (hardness from 18 to 30 GPa, fracture 
toughness from 4 to 12 MPa·m1/2, and flexural strength from 390 to 770 MPa), which 
was attributed to absence of secondary phases (Table 13.2). The absence of deleterious 
secondary phases, along with the platelet morphology of the TiB

2
 grains, helped 

improve the high-temperature strength and fracture toughness of the TiB
2
–TiC 

composite.

13.4.4  Spark Plasma Sintering

Spark plasma sintering (SPS) is an advanced sintering technique that utilizes simulta-
neous application of uniaxial pressure and pulsed direct current to densify materials 
more quickly than conventional processes [65–69]. SPS can produce nearly full density, 
even for the difficult to sinter materials such as monolithic transition metal borides, 
within 10 min at the sintering temperature. Enhanced densification is due to faster 
heating (up to 1000°C/min), breakdown of the surface films, possible formation of 
plasma between the powder particles, and electromigration-induced mass transport. 
Shorter sintering times also minimize grain growth. More detailed descriptions of the 
mechanistic aspects and various applications of SPS are available elsewhere [133].
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The effects of sintering time and temperature on SPS densification of TiB
2
–6 wt% 

Cu and ZrB
2
–6 wt% Cu are shown in Figure 13.7. Relative densities of up to approx-

imately 99% were obtained for TiB
2
–6 wt% Cu at 1500°C for 15 min [34]. A 

significant increase in density occurred between 1200 and 1500°C. Microstructural 
features of SPS TiB

2
–6 wt% Cu are presented in Figure 13.8. The densification rate 

was comparatively higher for the TiB
2
-based composite than a ZrB

2
-based composite, 

which reached approximately 95% density under identical conditions. This is in 
agreement with poorer densification obtained with ZrB

2
 by HP. Similar to HP, ceramic 

additives such as MoSi
2
 result in high relative density (∼98%) at lower SPS temper-

atures such as 1400°C [34]. TiB
2
-based materials produced by SPS were had finer 

Figure 13.6.  TEM micrographs of 4.8Ti–B4C hot pressed at 1800°C, showing (a) well-distrib-

uted TiB2 and TiC grains, (b) platelike TiCx grain, (c) triangular TiCx, and (d) irregular TiCx [62].
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Figure 13.7.  Variations of sinter densities of (a) TiB2–6 wt% Cu and (b) ZrB2–6 wt% Cu, 

processed using SPS [34].
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microstructure scale and concomitantly excellent properties (Table 13.2). Interestingly, 
the fracture surface of the TiB

2
-based composite showed predominantly intergranular 

fracture (Fig. 13.8), whereas ZrB
2
 exhibited mixed mode fracture. Replacement of 

MoSi
2
 with TiSi

2
 resulted in improved densification behavior [70]. Also, multistage 

Figure 13.8.  (a, b) SEM micrographs of TiB2–6 wt%Cu, processed using SPS (c) fracture surface 

showing a small amount of porosity for the same. By contrast, for ZrB2–6 wt% Cu composite, 

prepared under identical conditions, (d) irregular morphology and (e) (fractured surface) 

greater porosity can be observed [34].
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SPS (MS-SPS, which involves constant temperature holds before reaching the final 
temperature) [34, 70] led to more uniform, finer microstructures for TiB

2
–TiSi

2
 

(Fig. 13.9) [70].
Despite the advantages of SPS, recent work showed possibility of phase instability 

during SPS of monolithic TiB
2
, which resulted in the formation of TiB that was not 

observed for HP of the same powder [133]. The presence of TiB after SPS resulted in 
inferior hardness, even with slightly higher relative density. Reactions of TiB

2
 with 

either residual oxygen present in the SPS chamber or with a surface oxide layer (TiO
2
) 

were thermodynamically feasible under the SPS conditions. The corresponding reactions 
are noted in the following text, and the change in Gibbs free energy change is presented 
in Figure 13.10. It must be noted here that even though the optical pyrometer shows 
1400°C during SPS, the actual temperature within the die could be higher by  
200–300°C, which renders Reaction 13.15 also feasible [133]:

	 4 3 4 22 2 2 3TiB O TiB B O+ → + � (13.15)

	 TiB TiO C TiB CO g2 2 2 2 2+ + → + ( ) � (13.16)

13.5  Mechanical Properties at Ambient and Elevated 
Temperatures

Materials with favorable combinations of mechanical properties and good chemical 
stability are needed for Ultra-High-temperature structural applications. Properties, such 
as hardness and stiffness, are important for dimensional stability at elevated tempera-
tures. TiB

2
-based materials have superior room-temperature mechanical properties, 

such as Young’s modulus of 560 GPa, hardness of up to 32 GPa, and flexural strengths 
as high as 1000 MPa (Table 13.1). However, the extent to which such properties are 
maintained at elevated temperatures is probably more important. The elevated-temperature 
properties of polycrystalline TiB

2
 strongly depend on microstructural features 

such  as  grain size, composition, grain boundary segregation, and overall phase 

Figure 13.9.  (a) Lower and (b) higher magnification TEM micrographs of multi-stage spark 

plasma sintered TiB2–5%TiSi2 (at 1450°C) [70].
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assemblage, which are dependent on the processing route. The following discussion 
highlights results on elevated-temperature hardness and strength of monolithic TiB

2
 

and TiB
2
-based composites.

13.5.1  Hardness

Hardness is a basic mechanical property, typically measured by indentation. Temperature 
dependence of hardness is a standard analytical tool to evaluate high-temperature 
mechanical behavior. The varying indentation behavior can be correlated to service 
temperature, microstructure, porosity, and density [71–76]. Hot hardness values for 
TiB

2
 and other diborides are presented in Figure 13.11a. The hardness of diborides, 

like most materials, decreases with increasing temperature. At high temperatures, soft-
ening enhances deformation during indentation, which is responsible for decrease in 
hardness.

Figure 13.10.  Temperature variations of (a) hardness of different borides with different 

additives, (b) elastic modulus, (c) room temperature hardness of TiB2-based ceramics [24], and 

(d) flexural strength of monolithic TiB2 and TiB2–TiSi2 [75].
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The hardness of TiB
2
-based materials can be improved with ceramic additives, such 

as TiSi
2
 and MoSi

2
, albeit only up to an optimal content. For example, the reported 

increase in hardness between monolithic TiB
2
 (7.2 GPa) and TiB

2
–TiSi

2
 (8.9 GPa) at 

900°C is primarily due to higher relative density. Interestingly, TiB
2
 with 2.5 wt% TiSi

2
 

has higher hardness due to the formation of a smaller amount of soft second phase and 
higher relative density. Even larger improvements in room- and elevated-temperature 
hardness of TiB

2
–MoSi

2
/TiSi

2
 ceramics can be obtained by MS-SPS due to finer grain 

sizes and enhanced homogenity [70]. The reduction in Vickers hardness of TiB
2
–TiSi

2
 

composite with temperature is presented in Figure  13.11a [24]. Comparison of the 
hardness of TiB

2
-based ceramics sintered with different additives is presented in 

Figure 13.11c. Among diboride ceramics, HfB
2
 exhibits the highest room-temperature 

hardness of 38 GPa and retains a maximum hardness of 8.5 GPa up to 1000°C [74]. This 
further highlights the importance of characterization of high-temperature hardness, which 
might or might not vary with composition in line with room-temperature hardness. 
Table 13.3 summarizes the high-temperature hardness of the various TiB

2
-based ceramics.

13.5.2  Elastic Modulus

Strain measurement, resonance, and ultrasound are three methods that are commonly 
used to determine elastic modulus [78], although indentation has also been used to com-
pute elastic modulus from the initial slope of unloading curve [24]. Elastic modulus is 
an intrinsic material property but depends strongly on porosity and composition. Among 
the different transition metal diborides, TiB

2
 exhibits the highest room-temperature 

elastic modulus (560 GPa), which only decreases slightly, approximately 510 GPa at 
1000°C [113]. The typical trend for decreasing elastic modulus with increasing 
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Figure 13.11.  ΔG as a function of temperature for two possible reactions leading to the 

formation of TiB during SPS of TiB2. The dotted line shows ΔG = 0 [133].
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temperature (above 900°C) for diborides is presented in Figure  13.11b [76]. Even 
though all of the diborides follow similar trends, the elastic modulus of TiB

2
 is higher 

than ZrB
2
 or HfB

2
 at all temperatures. The elastic modulus of TiB

2
–MoSi

2
 (460 GPa) 

decreased with the addition of MoSi
2
 due to the lower stiffness of MoSi

2
 and the other 

secondary phases compared to TiB
2
. Effects of MoSi

2
 or other additives on elevated-

temperature elastic modulus have not been investigated comprehensively.

13.5.3  Fracture Strength

For polycrystalline ceramics including transition metal diborides, strength typically 
refers to flexural (fracture) strength and is usually measured using 3-point or 4-point 
bending. Elevated-temperature strength is sensitive to microstructural phase assem-
blage, grain boundary phases, and additive content [1, 3, 4, 75]. Hence, for Ultra-High-
temperature applications, it is necessary to ascertain whether additives are detrimental 
to elevated-temperature strength.

Table 13.4 compares the room- and elevated-temperature strengths of TiB
2
 with other 

transition metal borides, in terms of composition (type and amount of additives), processing 
conditions, densification, and test conditions (type of test, sample dimensions, environ-
ment, etc.). The composition of TiB

2
-based ceramics (i.e., appropriate additives in optimal 

amounts) influences elevated-temperature strength. For TiB
2
, high relative density (>99%), 

high hardness (23–31 GPa), moderate fracture toughness (~4–6 MPa·m1/2), and flexural 
strength (>500 GPa) can be obtained through small additions (1–2 wt%) of metallic binders, 
such as Fe, Cr, or Ni. However, metallic additives are detrimental to strength retention at 
elevated temperatures. For monolithic TiB

2
, the strength of PS TiB

2
 increases to a maximum 

value of approximately 470 MPa at 1200°C, whereas hot-pressed TiB
2
 exhibits a higher 

strength of approximately 550 MPa at around 1000°C. In general, the trend for TiB
2
-based 

systems (Table 13.4) is that flexural strength is higher at approximately 500°C compared 
to room temperature due to relief of internal stresses generated during cooling from the 
sintering temperatures [75]. The optimal amount of ceramic additives, about 2.5 wt% for 
MoSi

2
 and TiSi

2
 [24, 26, 27, 70], does not degrade the strength at elevated temperatures, in 

contrast to metallic additives. Greater amounts of the same additives lead to deterioration 
of strength compared to monolithic TiB

2
 by more than a factor of 2. At 1000°C, degrada-

tion of strength occurs (Fig. 13.11c) for TiB
2
-based materials containing 5 wt% or more 

TiSi
2
 due to grain pullout, grain boundary sliding, and microcracking [75]. For other dibo-

rides, ZrB
2
-based has better mechanical properties than TiB

2
 at room temperature.

13.5.4  TSR

TSR must be considered during the design of TiB
2
-based ceramics for applications 

where materials are exposed rapid temperature changes [80]. Rapid heating or cooling 
cycles generate transient tensile stresses due to instantaneous temperature gradients bet-
ween the surface and inner parts of a component. Fracture occurs when thermal stresses 
exceed the strength. Thermal shock behavior is influenced by parameters like elastic 
modulus, flexural strength, fracture toughness, thermal expansion, thermal conductivity, 
and heat transfer rate [1, 80, 81].
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The common parameters used to describe TSR can be divided into two categories: 
(i) crack initiation (R, R′, and R″) and (ii) crack propagation (R″′ and R″″). Resistance 
to crack initiation is maximized by increasing flexural strength and decreasing elastic 
modulus, whereas crack propagation resistance can be increased by increasing elastic 
modulus and decreasing flexural strength. TiB

2
-based materials retain strengths up to 

high temperatures, possess appreciable Young’s modulus (~560 GPa), and have high 
thermal conductivity (k ∼ 60–120 Wm−1K−1), which render them excellent materials for 
resisting thermal shock. TSR can be further improved by making composites, with tai-
lored microstructures that can promote crack tip blunting, crack deflection, and crack 
bridging.

13.6  Physical Properties and Oxidation Resistance

For a material to be useful under extreme conditions, physical properties and oxidation 
resistance are equally important to chemical and mechanical properties. In this respect, 
TiB

2
 possesses attractive physical properties compared to the other transition metal 

diborides. For instance, TiB
2
 has lower density (4.53 g/cm3) along with high thermal 

conductivity (60–120 Wm−1K−1) and melting point (3225°C). By contrast, even though 
HfB

2
 possesses a higher melting temperature of approximately 3380°C, along with 

favorable mechanical, tribological, and oxidation properties, its higher density (11.2 g/
cm3) may limit its usage. The following subsections discuss various physical prop-
erties and oxidation resistance of TiB

2
 and compare them with other transition metal 

diborides.

13.6.1  CTE and Thermal Conductivity

Lower CTEs lead to less problems with dimensional changes and stress development 
during heating and cooling cycles. The CTE of TiB

2
, as measured by dilatometry, is 

approximately 6.5 × 10−6/°C [109], which is less than those of other diborides, such 
as ZrB

2
 (~7 × 10−6/°C) [109]. The temperature dependence of CTE is an important 

consideration (Fig. 13.12a) [37, 158], especially when materials are subjected to a 
wide temperature window. A good correlation between CTE and temperature has 
been reported for TiB

2
 [109]. Incorporation of TiSi

2
 into TiB

2
 ceramics produces a 

secondary phase (Ti
5
Si

3
) that has a larger CTE (∼10.8 × 10−6/°C) than TiB

2
 [37]. This 

leads to development of compressive residual stress in the TiB
2
 matrix, which can 

improve fracture toughness [37, 70]. Murthy et al. [158] reported that CTE varies 
with temperature and that TiB

2
–TiSi

2
 possesses a lower CTE (∼5.8 × 10−6/°C) than 

monolithic TiB
2
, possibly due to a new phase that hinders dimensional changes. 

During use, temperature gradients can develop between the surfaces and interior, 
which can lead to the development of residual stresses. Figure 13.12b and c show the 
position of peak tensile stress (as indicated with red color) and the stress gradient for 
a cross section of rocket nozzle during the early stages of firing, as determined using 
finite element modeling [107]. The surface temperature of the components can be 
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balanced through heat conduction through the materials and radiation to the 
atmosphere (Fig. 13.13a), as expressed by Equation 13.17 [121]:

	 Q Q Qconv cond rad= + 	 (13.17)

where Q
conv

 is the convective heat flux to the surface and Q
cond

 and Q
rad

 are the conduction 
and radiation heat fluxes out of the surface.

The high thermal conductivity of TiB
2
 (60–120 Wm−1K−1) helps transport heat to 

equilibrate temperature and concomitantly reduce thermal gradients and stresses. As 
compared to stoichiometric TiB

2
, slight nonstoichiometry and the resulting defects (such 

as vacancies) in TaB
2
 and ZrB

2
 lead to lower thermal conductivities (16–35 Wm−1K−1 and 

60–110 Wm−1K−1, respectively) [1–4] due to phonon scattering [4, 104].

Figure 13.12.  (a) The variation of CTE as a function of temperature for TiB2–TiSi2 [158]. 

(b) Schematic representation of sharp wing leading-edge component [110]. (c) Finite element 

modeling results showing the generation of stress gradient across the cross section in rocket 

motor nozzles during the early stages of firing [107]. Red (or darker shade) signifies position 

of the peak tensile stress.
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The addition of 2.5 wt% MoSi
2
 increases thermal conductivity from approximately 

60 Wm−1K−1 to approximately 75 Wm−1K−1 (Table 13.5) [113]. Hence, MoSi
2
 not only 

improves densification and mechanical properties but also physical properties of TiB
2
. 

Since thermal transport depends on scattering mechanisms, the addition of 2.5 wt% 
MoSi

2
 reduces phonon scattering compared to monolithic TiB

2
 (Fig. 13.14). However, 

higher amounts of MoSi
2
 (up to 10 wt%) reduce thermal conductivity due to lower 

thermal conductivity of MoSi
2
 and higher thermal resistance at TiB

2
–MoSi

2
 grain 

boundaries. Additionally, higher volume fractions of secondary phases such as Ti
3
Si

5
 

and Mo
5
Si

3
 also affect thermal conductivity for higher MoSi

2
 contents. Even though 

advanced sintering techniques, such as SPS, can improve densification and reduce grain 
size, which are beneficial for mechanical properties, the presence of more grain bound-
aries might negatively affect thermal conductivity, irrespective of composition [47, 120]. 
The negative effect of increased grain boundary area would compete with enhanced 
density, and the combined effect would dictate thermal conductivity.

13.6.2  Effects of Physical Properties on TSR

This subsection attempts to establish a correlation between TSR and physical prop-
erties. Thermal shock arises during applications involving cycling and sudden variations 
in temperature and loading. Rather than only depicting the effects of mechanical prop-
erties on TSR (Eq. 13.18), the effects of physical parameters, such as thermal conduc-
tivity and CTE (α) on the TSR, can be depicted using the following relation [122]:

	
TSR f=

σ
α
k

E
	 (13.18)

where σ
f
 is fracture strength and E is Young’s modulus. As described previously, the 

high thermal conductivity of TiB
2
 (up to 120 Wm−1K−1) can readily dissipate heat from 

hotter to cooler regions while at the same time the low CTE would minimize dimensional 

Figure 13.13.  (a) Schematic representation of the heat flux of sharp leading edges of hyper-

sonic vehicles [121]. (b) Plot showing dependence of thermal conductivity with temperature 

for different diboride-based composites [109].
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changes during thermal cycling. The combined effect reduces the mismatch strain and, 
therefore, improves resistance to damage under sudden temperature fluctuations [121]. 
Introduction of Cu in particulate form and SiC in the form of whiskers has been reported 
to further improve the TSR of TiB

2
-based composites [132].

13.7  Oxidation Resistance

The oxidation rate of TiB
2
 depends on oxygen partial pressure, temperature, and com-

position (i.e., amount of additives/reinforcements). For monolithic TiB
2
, oxidation 

begins below 400°C by initially forming TiBO
3
, which subsequently oxidized to form 

B
2
O

3
 by Reactions 13.19 and 13.20 [123]:

	 4 9 4 2 400 0 052 2 3 2 3 2TiB O TiBO B O at C and ppm O+ → + °~ . � (13.19)

	 4 4 2 400 900 103 2 2 2 3 2TiBO O TiO B O at Cand ppm O+ → + − ° � (13.20)

Even though B
2
O

3
 initially forms a protective layer, it evaporates above 900°C, leaving 

behind porous TiO
2
. Thus, a compact, protective oxide scale is not present on unrein-

forced TiB
2
 under application conditions.

Poor oxidation resistance of monolithic TiB
2
, especially above 900°C, has been con-

firmed by observing the surface morphology of oxide layers formed at different temper-
atures (Figs. 13.15 and 13.16). Crystalline TiO

2
 and amorphous B

2
O

3
 are present after 

exposure at temperatures between 800 and 900°C (Fig. 13.16a and b). However, above 
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Figure 13.14.  Thermal conductivities of hot-pressed TiB2–MoSi2, containing varying amounts 

of MoSi2 [113].
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900°C, B
2
O

3
 evaporates and the oxide scale becomes highly textured crystalline rutile 

(TiO
2
) at long exposures (~30 h) at 1100°C (Figs. 13.17a and b, and 13.18). Upon further 

exposure, the TiO
2
 layer thickens, which leads to intergranular cracking due to volume 

expansion, making the oxide layer nonprotective [4]. The mass change during oxidation 
of monolithic TiB

2
 is usually parabolic up to 900°C since B

2
O

3
 acts as a protective layer 

to limit diffusion of oxygen to the boride surface. At higher temperatures, the oxide scale 
becomes nonprotective and oxidation kinetics become linear (Fig. 13.18) [4, 50].

The poor oxidation resistance of monolithic TiB
2
 at elevated temperatures can be 

improved by adding silica-forming agents such as Si or MoSi
2
, which can also act as 

sintering aids. These additives lead to formation of borosilicate glasses, which are more 
stable at elevated temperatures and form more effective diffusion barriers. For example, 
adding 2.5 wt% Si

3
N

4
 to TiB

2
 maintains parabolic oxidation kinetics up to 1200°C.

Another route to improve oxidation resistance of TiB
2
 is to add other transition 

metal borides or silicides, which form complex immiscible glasses that reduce the 

Figure 13.15.  SEM images of the surfaces of monolithic TiB2 after oxidation at 850°C for (a) 

1 h and (b) 4 h [4].
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oxygen diffusion rates. Such additions increase the service life by up to a factor of 10 
[126, 127]. With increasing WSi

2
 content, rate of weight gain due to oxidation decreases 

(Fig. 13.18). Mass gain kinetics is still linear for additions up to 5 wt% WSi
2
 but becomes 

parabolic with additions of 10 wt% or more.
One of the more common additives that improves oxidation resistance of borides is 

SiC [127]. Incorporation of SiC in TiB
2
 reduces mass gain significantly compared to 

monolithic TiB
2
, at least up to 1200°C [131]. By comparison, the linear kinetics of pure 

ZrB
2
 shifted to parabolic for ZrB

2
–SiC, even at temperatures as high as approximately 

1700°C [126–130]. Similar to WSi
2
, SiC content also influences oxidation behavior. 

Contents of SiC in the range of 20–25 vol% appear to be optimum up to approximately 
2000°C [78]. The overall reactions taking place during oxidation of transition metal 
diborides (MB

2
) and SiC-reinforced MB

2
 can be summarized as follows [126]:

	 MB O MO B O l2 2 2 2 32 5+ → + ( ). � (13.21)

Figure 13.16.  Internal cracking in oxide layer and highly textured rutile phase on the surface 

of monolithic TiB2 oxidized at 800°C for (a) 10 h and 1000°C for (b) 30 h [4].

10 μm

(a)

15 μm

(b)

Figure 13.17.  Cross-sectional SEM images showing the surface and subsurface layers after 

oxidation at (a) 800°C for 10 h and (b) 1000°C for 2 h. Note the absence of B2O3 at high tem-

perature [128].
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B O l B O g at above C2 3 2 3 1100( ) → ( ) ° � (13.22)

	
SiC O SiO l CO g+ → ( ) + ( )1 5 2 2. � (13.23)

	
B O l SiO B SiO O above C2 3 2 2 3 2 1100( ) + → + ° � (13.24)

The addition of silica-forming agents such as SiC or WSi
2
 is more beneficial for the 

oxidation resistance of ZrB
2
 than TiB

2
. This may be due to disintegration and cracking 

of the surface oxide layer, which is more prevalent for TiB
2
. For ZrB

2
–SiC, a borosilicate 

glass forms that effectively covers and passivates the surface. The overall oxide scale is 
comprised of different layers on top of the ZrB

2
–SiC bulk including (i) an outer 

borosilicate glassy layer and (ii) an inner layer composed of ZrO
2
 [128]. Presence of 

ZrO
2
 in the surface layer is believed to add to the mechanical integrity and stability of 

the overall scale on ZrB
2
–SiC, but this is less effective in TiB

2
–SiC. However, the 

presence of SiO
2
 improves the oxidation resistance of diborides (Fig. 13.19a and b).

13.8  Tribological Properties

TiB
2
-based materials are candidates for tribological applications because of high 

hardness, elastic modulus, and wear resistance [4, 135]. Tribology involves interacting 
surfaces in relative motion, commonly known as friction, wear, and lubrication sci-
ence [136]. Studies on wear behavior of hard materials like ceramics, cermets, and 
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Figure 13.18.  Specific weight gain with respect to time during isothermal oxidation at 850°C 

for TiB2–WSi2 composites with different WSi2 loadings [131].
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ceramic composites have been widely reported, but limited research has been reported 
on wear behavior of transition metal borides [4, 135–142]. Tribological performance 
depends on parameters including fracture toughness, hardness, microstructural charac-
teristics, coefficient of friction (COF), and the test environment. In general, the wear of 
brittle ceramics involves fracture or grain pullout along with tribochemical reactions, 
which dominate tribological interactions in sliding couples involving nonoxide ceramics. 
The tribolayer chemistry and its protectiveness under dynamic sliding conditions are 
important factors in the wear of ceramics. In particular, TiB

2
-containing materials have 

great potential for triboapplications for two reasons: high hardness and the lubrication 
efficiency of the boric acid film produced at the tribological interface [4].

13.8.1  Wear Properties of Bulk TiB2-Based Ceramics

The friction and wear behavior of monolithic TiB
2
 and TiB

2
 containing cermets and 

ceramic composites were studied by fretting [22, 23, 143–148]. Fretting is small-ampli-
tude (below 300 µm) relative reciprocal displacement and sliding motion. Basically, fret-
ting is a form of adhesive or abrasive wear, where the normal load causes adhesion 
between asperities and oscillatory movement causes rupture, resulting in the formation 
of wear debris [23, 146, 148, 149]. The other damaging aspect is fretting fatigue. These 
forms of damage can arise in any assembly of engineering components/machinery, if a 
source of vibration is present. Among the various modes, mode I fretting wear has been 
studied widely for various engineering materials [23, 139, 141]. Basu and coworkers 
performed fretting tests on TiB

2
 with 5 vol% SiC and TiB

2
 with 16 vol% Ni

3
(Al, Ti) 

Figure 13.19.  SEM images of ZrB2–SiC showing (a) 2 µm thick layer of B2O3 and 6 µm thick 

ZrO2-rich layer formed on the surface of ZrB2–SiC after exposure to air at 1000°C for 30 min and 

(b) SiO2 outer layer and second layer composed of ZrO2 above of ZrB2–SiC layer after exposure 

to air at 1200°C for 30 min [128].
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binder against different counterbody materials (alumina, steel, tungsten carbide, cobalt, 
and SiAlON) under identical fretting conditions (Fig. 13.20a) [135, 143, 144]. Depending 
on the counterfaces, the COF varies from 0.3 to 0.7. An interesting observation is that a 
combination of lower COF (up to 0.5) and lower wear rate (in the order of 10−5 mm3/N·m) 
can be obtained during unlubricated fretting of TiB

2
 against alumina or SiAlON counter-

faces. Also, both COF and wear rate are lower in the case of water or oil lubrication, as 
compared with unlubricated fretting (Fig. 13.20a). Fretting in water resulted tribochemi-
cal reactions coupled with mild abrasion, which played a major role in the wear behavior. 
In the case of the fretting tests in paraffin oil, the worn surfaces on all of the flats and 
balls were covered by an adherent carbon-rich (graphite) tribochemical lubricating layer. 
Tribodegradation of the paraffin oil was the major source for the carbon deposition.

The wear behavior of monolithic TiB
2
 and other structural ceramics against different 

counterbodies is summarized in Figure 13.20b. Wear data were based on unlubricated 
sliding tests (plate-on-plate configuration) at rotation speed of 220 revolutions/min with 
sliding speeds of 0.2 m/s and a load of 214 N [147]. The material removal rate of the tribo-
couples falls under the mild wear regime and is approximately 10−5mm3/N·m. A comparison 
of the wear data of different ceramics reveals that wear resistance of mullite is relatively 
high when compared to TiB

2
, SiC, or Al

2
O

3
 ceramics [147]. Such differences in the wear 

rates are attributed to hardness and the nature of the tribofilm formed during the test. TiB
2
 

ceramics exhibit good wear resistance against TiB
2
, SiC, or Al

2
O

3
 counterbodies. Wasche 

et al. [148] investigated the influence of relative humidity on friction and wear behavior of 
PS TiB

2
 against SiC and Al

2
O

3
 balls under unlubricated conditions at room temperature. 

TiB
2
 exhibited low wear rates (<1 × 10−6 mm3/N·m), that is, high wear resistance.
As a case study, we present work on fretting wear of TiB

2
 and TiB

2
–5 wt% TiSi

2
 

against bearing grade steel and WC–6 wt% Co [23]. The TiB
2
–5 wt% TiSi

2
 ceramic 

showed better wear properties compared to monolithic TiB
2
 as it exhibited very good 

mechanical properties and high density. This study also revealed that TiB
2
 ceramics 

exhibited negative wear behavior when fretted against steel but normal wear against 
WC–Co. The wear volumes of TiB

2
 ceramics were estimated using laser surface pro-

filometry. A typical 3D profile of a worn surface of TiB
2
–5 wt% TiSi

2
 is shown in 

Figure 13.21, revealing peaks instead of troughs. This indicates negative wear for TiB
2
, 

when fretted against steel, indicating that 2D profiles, if taken at various places on worn 
surfaces, showed hills instead of valleys that are commonly observed for worn surfaces. 
In contrast, the fretted surfaces on TiB

2
 ceramics, after testing against WC–Co, show 

regular 3D or 2D profiles, as typically observed for worn material (Fig. 13.21c and d).
Based on the SEM–EDS of fretted TiB

2
 surfaces, the oxide layer formed mainly 

from steel and it transformed to TiB
2
 flat (Fig. 13.22a and b). Possible tribochemical 

reactions involved for TiB
2
–steel system are as follows:

	 2 5 2 22 2 2 2 3TiB O TiO B O+ → + � (13.25)

	
Fe O FeO+ ( ) →1 2 2/ � (13.26)

	
2 3 2 2 2 3Fe O Fe O+ ( ) →/ � (13.27)

	 3 2 2 3 4Fe O Fe O+ → � (13.28)
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Figure 13.20.  (a) Variations in wear rate with COF for TiB2 and TiB2-based cermet against dif-

ferent counter bodies. (b)The TiB2-cermet has a composition of TiB2-16 vol% Ni3(Al,Ti); while 

that of monolithic TiB2 has TiB2-5 vol% SiC. Fretting parameters include: load of 8N for 100,000 

cycles with a frequency of 10 Hz and a displacement of 200 µm [139, 147, 148]. Wear of differ-

ent ceramics after sliding against each other. The sliding wear test conditions : (plate-on-plate 

configuration) at rotation speed of 220 revolutions/min with sliding speed of 0.2 m/s and a 

load of 214N under unlubricated conditions.
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In the case of TiB
2
/WC–Co, SEM images revealed that worn surfaces had mild 

abrasive scratches, grain pullout, and polishing (Fig. 13.22c and d). For TiB
2
, adhesion, 

abrasion, and three-body wear mechanisms were observed for both TiB
2
–steel and TiB

2
/

WC–Co. The third body was predominantly a tribochemical layer for TiB
2
–steel and 

loose wear debris particles for TiB
2
/WC–Co [23].

13.8.2  Tribological Properties of TiB2 Coatings

The tribological properties of TiB
2
 coatings have also been investigated [151–156]. The 

tribological behaviors of TiB
2
-coated cemented carbide (CC) cylinders were evaluated 

in dry sliding contact against an Al cylinder and compared with uncoated and  

Figure 13.21.  (a) Three dimensional topographical view of the worn surface of TiB2-5 wt% 

TiSi2/steel at 10 N load, (b) the maximum wear peak profiles obtained at various loading condi-

tions of the TiB2 composite after fretting against steel counterbody, (c) three dimensional 

topographical view of worn surface of the TiB2-5 wt% TiSi2/ WC-6 wt% Co at 10 N load and (d) 

the maximum wear depth profiles obtained at various loading conditions of the TiB2 compos-

ite after fretting against WC-6 wt% Co counterbody. Fretting conditions: 4 Hz frequency, 

100,000 cycles and 100 µm stroke length.

At 10N

At 5N

At 2N

(b)(a)

(c)
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TiN-coated CC [153]. No wear, adhesive detachment, or chemical dissolution was evi-
dent for TiB

2
 coatings under low stress conditions, whereas the reference TiN coating 

suffered wear loss due to both chemical degeneration and mechanical decohesion/
detachment. The TiB

2
 coating had a reduced tendency to pick up Al from the counter 

surface compared to TiN and uncoated CC, which correlated to a lower COF. Another 
study compared the tribological properties and counter material pickup for physical 
vapor deposited (PVD) TiB

2
 coatings in dry sliding with commercial PVD titanium 

nitride (TiN), titanium aluminum nitride (TiAlN), and titanium carbonitride (TiCN) 
[152]. The adhesion of counter material to the coating was initially observed for all 
combinations. The TiB

2
 coating outperformed the others in sliding contact against Al, 

with respect to friction, resistance against pickup of counter material, and smoothness 
in the contact area. This was attributed to the chemical stability of TiB

2
 against Al. 

Figure 13.22.  (a) Worn surfaces of TiB2-5 wt% TiSi2 after fretting against bearing steel ball, (b) 

the magnified image of  the worn surface along with the EDS reveals the tribochemical layer. (c) 

The worn surfaces of TiB2-5 wt% TiSi2 after fretting against WC-6 wt% Co ball and (d) the magni-

fied image of the worn surface along with the EDS. Fretting conditions: 10 N load, 4 Hz fre-

quency, 100 µm stroke length and 100,000 cycles. (Arrow marks indicate the fretting direction.)
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Magnetron-sputtered TiB
2
 showed lower abrasive wear rates than TiN [154]. The use of 

a hard TiB
2
 coating was reported to increase the wear resistance by a factor of 10 com-

pared to bulk TiB
2
 [154]. The low wear rate of the TiB

2
 coatings is due to extremely high 

hardness (45–53 GPa).

13.9  Applications of TiB2

The preceding sections highlight the suitability of TiB
2
 and its composites for extreme 

environments. One such application, which has led to widespread research on the 
borides as structural materials, is thermal protection system (TPS) of space vehicles 
[1–7, 11–15]. The thermophysical and thermomechanical properties of TiB

2
, as com-

pared to the other transition metal borides, render it suitable for this application. 
Furthermore, the lower density of TiB

2
 also lends additional support toward use of this 

material for aerospace applications. On a different note, the low density and high thermal 
conductivity of TiB

2
 also make it attractive for engine components in airborne struc-

tures. TiB
2
-based materials are also attractive for defense applications such as armor.

TiB
2
-based materials are used as cutting tools and high-temperature wear-resistant 

parts. Furthermore, the chemical inertness and low electrical resistivity of TiB
2
 render it 

suitable as an electrode material for aluminum electro-smelting and vacuum metal 
deposition equipment [1, 2, 4, 7, 8]. TiB

2
-based materials also have potential applica-

tions in renewable energy. Their low neutron absorption cross sections make them suit-
able for control rods in nuclear reactors.

13.10  Conclusions

This chapter focused on the processing, thermophysical, thermomechanical, and 
oxidation properties of TiB

2
-based ceramics. The combination of properties including 

refractoriness, high hardness, elastic modulus, and chemical resistance is attributed to the 
crystal structure and atomic bonding. The low self-diffusion coefficient and high melting 
points of monolithic TiB

2
 necessitate sintering at high temperatures for long periods, 

which can deteriorate the mechanical properties due to grain growth. To mitigate these 
issues, advanced sintering techniques and additives have been employed to attain high 
relative densities at lower temperatures and shorter times. Ceramic additives such as SiC, 
Si

3
N

4
, MoSi

2
, and TiSi

2
 are more suitable than conventional metallic additives for reten-

tion of mechanical properties at higher temperatures. Among the advanced sintering 
techniques, SPS limits grain coarsening, resulting in superior mechanical properties. The 
effects of different processing routes and additives on the microstructure and properties 
of TiB

2
 were described. In addition to the mechanical properties, thermal conductivity, 

TSR, oxidation behavior, and wear properties were reviewed. TiB
2
 is suitable for a variety 

of applications in extreme environments. To realize the suitability of these diborides for 
specific Ultra-High-temperature applications, the relevant properties must be further 
characterized at elevated temperatures and under harsh conditions. Comprehensive 
investigation is still lacking, and simulation of response to such conditions is still needed.
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361

The Group IV Carbides and 
Nitrides

14.1  Background

Ultra-high-temperature ceramics (UHTCs) are a family of materials that display a 
unique set of properties including extremely high melting points (>3000°C), low vapor 
pressures, chemical stability, high hardness, and high-temperature strength and are 
typically the group IVB and VB carbides, nitrides, and borides. This combination of 
properties postures these materials as candidates for high-temperature applications 
including aerosurfaces for hypersonic vehicles, propulsion system components, plasma 
arc electrodes, furnace elements, high-temperature shielding, and cutting tools [1]. The 
hypersonic vehicles and propulsion systems (such as for missiles) are the primary appli-
cations in view at this time.

Current interest in hypersonic flight provides a strong impetus for research on 
UHTCs. At the velocities associated with hypersonic flight (>Mach 5), the deceleration 
of the air at the vehicle surface produces a very high-temperature flow field, which 
yields stringent requirements on the thermal protection system. The highest heating 
rates are found on the nose tips and leading edges of the wings and engine inlets, and as 
a result, these locations will experience the highest surface temperatures on the vehicle. 
Vehicle performance is maximized with sharp nose tips and leading edges, but the 
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heating rates and resulting surface temperatures also increase steeply with decreasing 
radii. Thus, a major material selection criterion for nose tip and leading-edge aerody-
namic control materials (ACMs) is the melting point. Since these components operate 
in air, oxidation resistance and ablation resistance at high temperatures are secondary 
material selection criterion to sustain optimum vehicle aerodynamic performance [2, 3].

At the present time, structural materials and coatings for use in high-temperature 
oxidizing environments are based almost exclusively on SiC. For example, the US Space 
Shuttle nose tip and wing leading edges were constructed from carbon–carbon (C–C) 
composite with a SiC coating. Silicon-containing materials such as SiC, Si

3
N

4
, and MoSi

2
 

are highly oxidation resistant because they form a SiO
2
-based coating that is protective 

(known as passive oxidation) due to its very low O
2
 diffusivity [4]. However, the SiO

2
-

forming materials have a temperature limit of approximately 1700°C. This limit is due 
to the onset of active oxidation, a condition where the protective SiO

2
 coating scale is 

unable to form and instead SiO vapor is formed on the surface with resultant high abla-
tion (thermally induced mass loss) rates [5]. The transition temperature from passive to 
active oxidation is further reduced as ambient pressure decreases, therefore stringently 
limiting the hypersonic vehicle trajectory envelope. Further, oxidation rates of SiO

2
-

forming materials increase in moisture-containing environments [6]. Since the 1700°C 
limit holds for all SiO

2
-forming materials, higher-temperature-capable materials (e.g., 

2000°C or higher) are desired for next-generation hypersonic vehicle ACMs. The benefit 
and incentive for research on the Zr- and Hf-based UHTCs is the formation of a solid and 
ablation-resistant high-temperature oxide scale. As will be discussed later, these materials 
can be used at temperatures above which active oxidation occurs with SiO

2
 formers such 

as SiC. As seen in other chapters in this book, one of the primary goals of current research 
is to optimize UHTC compositions to minimize oxidation rates at relevant temperatures.

Missile propulsion combustion temperatures with solid propellants are typically in 
the range of 2200–3500°C depending on propellant chemistry. Since these rocket motors 
operate uncooled, very stringent demands are placed on motor components. Current 
materials such as graphite, carbon–carbon composites (C–C), and phenolic composites 
(carbon phenolic, silica phenolic, etc.) exhibit significant ablation at these temperatures, 
which decrease the rocket motor performance [7]. UHTCs could provide a significant 
improvement in missile performance, if ablation-resistant materials are used.

The significant difference exists between very short-duration, single heating 
exposure experienced by missile propulsion system components and much longer-
duration, cyclic heating exposure experienced by hypersonic vehicle components. This 
distinction could result in different material selection paths among the family of UHTCs, 
which are listed in Table 14.1 [3, 8–10].

Other compounds may also be members of this set since refractory nitrides have 
pressure-dependent melting points. For example, the melting point of HfN is 3390°C at 
0.1 MPa and 3810°C at 8.0 MPa. Similar pressure dependence is known for TiN and 
ZrN [11–13]. Rare earth metal nitrides (GdN, T

m
 > 2900°C at 0.1 MPa) [14] are also 

likely to have highly pressure-dependent melting points (which may exceed 3000°C), 
but this has not been verified experimentally. Rocket motor combustion pressures are 
very high (10–20 MPa), so these rare earth nitrides may be candidates for such 
components.
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Hypersonic ACM and rocket motor propulsion materials are exposed to oxidizing 
environments at high temperatures and pressures. Because of this, the refractoriness of 
oxidation products is a key consideration for material selection. Elements such as Ti, Nb, 
and Ta, and their compounds, are not candidates since the condensed oxides that form 
in  situ have melting temperatures that are too low (Ta

2
O

5
 has the highest of these at 

1887°C) to be used in high-shear environments. Liquid oxidation products would be 
removed from the surface by shear, resulting in unacceptable ablation rates. For solid 
rocket propellant environments, refractory metals such as Ta, W, Re, and Os, along with 
their carbides and nitrides, may be candidate materials, but these materials are addressed 
elsewhere and are excluded from this chapter [8]. Boron nitride forms the very low melting 
point oxide B

2
O

3
 (T

m
, 450°C) and, therefore, is an ablator similar to carbon (graphite, 

C–C, etc.). Thorium oxide is perceived to have an unacceptable radioactivity risk, which 
removes it from serious consideration. Thus, UHTCs based on Zr and Hf (borides, 
carbides, and nitrides) are considered the most promising candidate materials for propul-
sion and hypersonic leading-edge components due to the refractoriness of the base com-
pounds and their respective oxides ZrO

2
 (2700°C) and HfO

2
 (2800°C). While oxides may 

also be considered candidates for these applications, since they are stable in oxidizing 
environments, poor thermal shock resistance (due to high thermal expansion and Young’s 
modulus and low thermal conductivity) typically introduces significant design problems 
that eliminate them from consideration for most aerospace applications.

Recent research on UHTCs has been substantially focused on ceramics based on 
the ZrB

2
–SiC and HfB

2
–SiC systems due to their potential for use on hypersonic vehi-

cles. However, they have relatively low eutectic temperatures with many adjoining 
structural materials of interest, such as C–C and W. As shown in Table 14.2, the eutectic 
temperatures of boride–SiC ceramics are relatively low (2270 and 2350°C, respectively). 

Table 14.1.  Materials with melting temperatures above 3000°C

Group IVB Group VB Elements Other

C BN (high P
N2

)
TiC, TiN, TiB

2

ZrC, ZrN, ZrB
2

NbC, NbB
2

HfC, HfN, HfB
2

Ta
2
C, TaC, TaN, TaB, TaB

2
W, Re, Os, Ta ThO

2
, Re

2
Hf

Table 14.2.  Selected eutectic temperatures (°C)a

ZrB
2

ZrC ZrN HfB
2

HfC HfN

C 2390 2910 Reaction 2515 3180 Reaction
SiC 2270 2410 Reaction 2350 2640 Reaction
ZrC 2830 — SS >2830 SS SS
ZrN 2780 SS — >2780 SS SS
W 2250 2800 <2800 2280 2890 2800
Re 2100 2670 2500? 2140 2720 >2500

aFrom Refs. [15–21].
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Pure diborides also have similarly low eutectic temperatures in contact with C–C and 
W, introducing significant design complexities for rocket motor components. However, 
Zr and Hf carbides and nitrides have high eutectic temperatures in contact with these 
structural materials and may be more suitable for the highest temperature applications.

Other physical, thermal, and mechanical properties such as density, thermal expan-
sion coefficient, thermal conductivity/diffusivity, stiffness, strength, creep, and so on, at 
ambient and elevated temperatures must be also considered during the material selec-
tion process. These properties, however, can be modified to varying degrees with com-
position variations and fabrication processes. Many properties can be suitably tailored 
for specific hypersonic vehicle and rocket propulsion system designs so that acceptable 
performance can be achieved.

In summary, the Zr and Hf carbides and nitrides are good candidates for missile 
propulsion and hypersonic applications. By meeting three major material selection cri-
teria of high melting point, high oxide melting point, and high eutectic temperature in 
contact with C–C and W-based structural materials, these UHTCs are of high interest 
for the hypersonic and propulsion communities.

14.2  Group IV Carbides

Group IV metal carbides have been known for over 150 years. For example, metal car-
bides were known to steelmakers in the mid-1800s. They identified and extracted Fe

3
C, 

TiC, and WC from steels as strength-limiting brittle phases. By 1900, Moissan had syn-
thesized refractory carbides in an arc furnace, later focusing his research on SiC [22]. 
Westbrook and Stover [23] investigated TaC while working on light emitters with longer 
life and higher brightness than W. The high hot hardness of ZrC and HfC motivated 
investigations for cutting tool applications. As early as 1950, ZrC was explored for 
potential gas turbine applications [24]. Zirconium carbide coatings on graphite were 
investigated for nuclear applications due to the very high stability of ZrC in high vacuum 
[25]. Hafnium carbide and ZrC cermets (with W) were evaluated as bearing materials in 
liquid Li environments also for nuclear power generation [26]. Regarding nuclear appli-
cations, one of the most striking differences between Zr and Hf is the neutron transpar-
ency of Zr and the high neutron absorptivity of Hf. The corrosion of graphite by H

2
 at 

high velocities has led to the study of ZrC coatings for space solar propulsion [27]. 
Hafnium carbide has also been investigated for electrodes in arcjet thrusters [28]. Large 
programs to identify oxidation-resistant coatings for C–C composites, including HfC, 
were conducted in the mid-1980s to early 1990s by various defense agencies. Hafnium 
carbide was proposed as an oxidation-resistant coating for 2000°C carbon–carbon 
composite gas turbine components due to its low-carbon transport properties and its in 
situ formation of a protective refractory oxide (R.A. Rapp, Personal communications).

The properties of transition metal carbides including Zr and Hf have been reviewed 
extensively. Perry [29–31] and others [14, 22, 25, 32–37] compiled summaries of the 
literature on HfC. In addition, the binary and ternary phase equilibria associated with 
these carbides have been compiled [15–17].

The transition metal carbides are materials of interest due to their extremely high 
melting points, hardness, and stiffness (e.g., Young’s modulus). The monocarbides of Ta 
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and Hf are of particular interest because they possess the highest melting temperatures 
of any known compounds (3980 and 3930°C, respectively). A melting point maximum 
between the two was reported in the initial melting point determinations by Agte [38], 
but later work by Rudy [39] did not confirm this and determined that HfC and TaC form 
a continuous solid solution. The extremely high melting point, hardness, and stiffness of 
the Hf and Zr carbides (and nitrides) are due to their complex combination of metallic, 
covalent, and ionic bonding. While the most significant component to the interatomic 
forces is speculated to be covalent bonding, the precise nature of bonding in these com-
pounds is not well understood, as discussed by Davis [40].

The group IVB and VB monocarbides all exist in the NaCl-type face-centered cubic 
(fcc) crystal structure. While the chemical formula is generally written as MeC, a wide 
homogeneity region exists for the monocarbides, as shown in the Hf–C phase diagram 
in Figure 14.1 [41]. Due to this wide homogeneity region, the formula MeC

x
 is more 

appropriate where x is the C/Me ratio. Many transition metal carbides have potentially 
tailorable thermomechanical and thermophysical properties due to the large, substoi-
chiometric phase stability field associated with vacancies in the C sublattice.
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Figure 14.1. H f–C phase diagram [41].



366� The Group IV Carbides and Nitrides

14.3  Preparation and Processing

The carbides may be prepared by the direct carburization of the metal:

	 Hf C HfC+ → 	 (14.1)

However, carbides are typically produced by carbothermal reduction of the corresponding 
oxide, according to the reaction

	 HfO C HfC CO2 3 2+ ↔ + ↑ 	 (14.2)

The P
CO

 has been measured in the temperature range of 1300–1650°C [42]. Using these 
reactions, carbide powders are obtained by grinding and milling the reaction product 
using traditional techniques. High-purity materials are also produced using gas-phase 
synthesis (condensation) and self-propagating high-temperature synthesis (SHS). High-
purity films and coatings can be prepared by direct carburization of metals, physical 
vapor deposition, molten salt synthesis (electrolysis), and chemical vapor deposition 
(CVD). For CVD, an in situ chlorination of hafnium sponge to produce hafnium tetra-
chloride, followed by a subsequent reaction with methane, is typical:

	 Hf Cl HCl+ →2 2 4
� (14.3)

	 HfCl CH HfC HCl4 4 4+ → + � (14.4)

Densification of powders is typically carried out at high temperatures by sintering, hot 
pressing, hot isostatic pressing (HIP), spark plasma sintering, or vacuum plasma spray-
ing. Air plasma spraying cannot be utilized due to the high affinity of these compounds 
to oxygen. Vacuum plasma spraying has the advantage of being able to produce near-
net-shape articles, but stoichiometry control is difficult due to preferential loss of C at 
extremely high melt temperatures. The HIP process is used when control of carbon 
content is of high importance. A metallic encapsulation provides an effective barrier for 
the inward diffusion of C from the heating elements and outward diffusion of C and N 
from the compounds being densified, allowing the control of stoichiometry and purity 
during the pressure-aided sintering process.

14.4  Mechanical and Physical Properties

Measurement of mechanical properties of these extremely high-melting carbides 
requires the fabrication of dense samples, which is difficult due to the extremely high 
sintering temperatures. Chiotti [43] cold pressed Zr or ZrO

2
 and C powders and sintered 

at 2550°C, but did not report density, final composition, or microstructure characteris-
tics. He described the ceramics as dense and having appreciable strength, but did not 
quantify these. Gangler [24] prepared ZrC by hot pressing, but did not describe the 
starting powders. He reported a density of 97.8% and a free carbon content of 4% 
residing at the grain boundaries, but no grain size was given. Tensile strengths at 
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1000  and 1200°C were 99.6 and 109.3 MPa, respectively. Leipold et al. [44] also 
prepared ZrC by hot pressing and reported 1–2% of free C located at grain boundaries. 
Tensile strengths at 20, 1600, 2000, 2200, 2400, and 2600°C were measured. The 
strength at 20°C was over 207 MPa, while at 2600°C it was 18.5 MPa. Creep measure-
ments revealed over 30% elongation at 2600°C. Based on these data, Leipold concluded 
that ZrC had little structural usefulness as a high-temperature material. However, he 
recognized that impurities such as N, O, and free C played a significant role in the high-
temperature properties.

Sanders [45] prepared HfC ceramics from powders (3.1 µm average particle size) 
that were 95–97% dense with very low O, N, and free C (0.03 wt%) contents. He mea-
sured flexural strengths of 235 MPa at room temperature and 109 MPa 1315°C for 
ceramics having an average grain size of 30 µm. A second powder with a smaller 1.3 µm 
starting particle size, yet larger O, N, and free C (0.3 wt%) impurity contents, yielded 
HfC ceramics with a 12.7 µm average grain size. The resulting relative densities were 
91–96%, but strength was lower. Sanders compared HfC flexural strength with TiC data 
from Glaser [46], who measured TiC strength as a function of density. With relative den-
sities of 95, 99.8, and 100%, Glaser obtained room-temperature strengths of 393, 634, 
and 855 MPa, respectively.

Kendall [47, 48] prepared hypo- and hypereutectic arc-cast ZrC–C and HfC–C 
compositions. The ceramics contained excess carbon by design and had excellent 
thermal shock resistance in arc-heater testing. While flexural strengths were not reported 
for the ZrC–C and HfC–C materials, it was inferred that the strengths would be 
similar—a strength of 240 MPa measured for TiC–C. Gangler [24] reported strengths 
of nearly 700 MPa for HfC and ZrC cermet compositions, which contained 8–17 at% 
W and Mo.

Plastic deformation was observed at elevated temperatures for these carbides, as 
was cited previously for ZrC [44]. The ductile-to-brittle transition temperatures (DBTTs) 
have been identified for stoichiometric and substoichiometric compositions using flex-
ural strength testing. For the HfC

0.98
 composition, the DBTT was approximately 1900°C 

but dropped to 1000°C for HfC
0.67

. Above these temperatures, significant plastic defor-
mation was observed but reached the deformation limit of the apparatus, and the strength 
could not be measured [49]. Hypereutectic HfC compositions exhibited ductility only 
above 2100°C [50]. Thus, these carbides behave as metals with very high DBTTs, and 
the DBTTs decrease with decreasing C content.

In the 1960s, research on single crystals was conducted to understand the nature of 
the bonding and deformation in NaCl-type cubic carbides. Most of the research was con-
ducted on TiC and only limited work on ZrC and HfC. However, no difference in the 
fundamental physics was identified. Williams and Schaal [51, 52] and Hollox and 
Smallman [53] recognized that the Ti–Ti interatomic spacing in TiC is only 2% larger 
than that in Ti metal, and both teams concluded that the deformation mechanisms were 
likely governed by the metal lattice. This was found to be true, yet only at temperatures 
high enough that the Peierls stress from the ionic and covalent bonds would be suffi-
ciently relaxed and dislocation mobility increased. In single crystals tested in flexure and 
compression, plasticity was observed at temperatures as low as 800°C. Lower C contents 
did reduce this onset further. A flexural strength of 5.5 GPa has been reported for 
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TiC [52]—this astonishing value was measured by Williams at room temperature using 
an electropolished single-crystal sample of stoichiometric TiC. Williams [54] recognized 
the exponential drop in the critical resolved shear stress (CRSS) with increasing temper-
ature and found a significant retention of the CRSS with a boron addition of a few tenths 
of a percent. Extremely fine TiB

2
 platelets developed coherently in the TiC matrix parallel 

to {111} planes since the close-packed Ti planes of both phases have the interatomic 
spacing difference of only 1%. The result was a fivefold increase in the CRSS at 1600°C. 
An extensive review of the physical properties and solid-state physics of transition metal 
carbides was compiled by Davis et al. in 1985 [55]. Williams [56] also published a sum-
mary of his work on solid-state physics of transition metal carbides in 1988.

DePoorter and Wallace [57] provided an extensive review of the literature up to 
1970 on the self-diffusion rates of C in refractory carbides including ZrC and HfC and 
also on the chemical diffusion constants of the binary carbides. X-ray diffraction (XRD) 
studies of mixed HfC–TaC ceramics sintered at 1900C for up to 200 h showed a higher 
intrinsic diffusivity of Hf versus Ta [58].

14.5  Oxidation of the UHTC Carbides and Nitrides

At temperatures up to 2000°C, especially for long-duration applications in oxidizing 
environments, pure HfO

2
-forming materials (or Zr-based) such as elemental Hf [59] and 

Hf–Ta alloys [60] exhibit oxidation rates lower than carbide, nitride, or boride UHTCs. 
The oxidation rates of these pure HfO

2
-forming materials are governed by diffusion of 

O2− through the dense HfO
2
 scale. The UHTCs form gaseous phases in the oxidation pro-

cess, such as B
2
O

3
, CO, CO

2
, or N

2
, resulting in a nondense network of interconnected 

porosity from gas outward diffusion from the interface through the crystalline HfO
2
 scale. 

As has been implied previously, even relatively rapid oxidation is acceptable in rocket 
propulsion applications, if the oxide scale remains intact and ablation does not occur. 
Thus, the primary requirement for the rocket nozzle application is that the HfO

2
 or ZrO

2
 

scale forms at a sufficiently low rate and remains adherent such that ablation does not 
occur. While the oxidation behavior of HfB

2
 (and ZrB

2
) has been extensively researched, 

the oxidation of the Hf and Zr carbide and nitrides has been much less studied.
Four considerations regarding the oxidation of materials should be noted. First, ref-

erence to the Pilling–Bedworth ratio (the ratio of oxide volume to the substrate material, 
or matrix volume), or R

PB
, has often been made relative to protective versus nonprotec-

tive oxidation. The material scope for which this ratio is relevant is not clear since it was 
based on the protective or nonprotective behavior of a limited number of pure metals. 
Nevertheless, it may be useful to consider it for the behavior of UHTCs. A R

PB
 ratio bet-

ween 1 and 2 is considered favorable for forming a protective oxide scale [61]; a ratio 
above 2 leads to spalling and a nonprotective scale [62], while ratios below 1 are con-
sidered to form a scale that do not provide sufficient surface coverage [63]. The R

PB
 can 

be related to the formation and development of stresses in the oxide scale—a R
PB

 greater 
than unity indicates a lower-density oxide scale relative to the matrix density; hence, 
in-plane compressive stresses develop in the scale. For the oxidation of HfC and ZrC, 
the R

PB
 is 1.44 and 1.43, respectively, based on the density of the low-temperature 
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monoclinic phases of the HfO
2
 and ZrO

2
. It is also important to note that hafnium oxide 

has three polymorphs, which are α-HfO
2
 (monoclinic P2

1
/c), β-HfO

2
 (tetragonal 

P4
2
/nmc) above approximately 1600°C, and δ-HfO

2
 (cubic Fm 3m) above approxi-

mately 2700°C [64]. The same polymorphs exist for zirconium oxide, with transfor-
mation temperatures of 1050 and 2370°C, respectively. These phases yield different 
values for R

PB
; thus, in principle, compressive stress states will be different depend-

ing on the oxide polymorph formed. Transformations also confound the under-
standing of microstructures since phase transformations occur upon cooling and 
may introduce features (e.g., microcracking) not present at test temperatures.

Second, these carbides and nitrides form CO and/or CO
2
 and N

2
, which must vent 

in some way through the oxide scale since the solubility of these gaseous oxides in the 
crystalline oxide structure is extremely low or negligible. Thus, the oxidation process 
may include generation of porosity.

Third, these oxides are n-type semiconductors, and O2− ions are formed at the 
external surface of the oxide and diffuse inward from the oxide surface to the matrix/
oxide interface. This process sustains very strongly bonds between the oxide scale and 
the matrix material.

Fourth, since the crystal structures of ZrC, HfC, ZrN, and HfN are the same (cubic 
NaCl type) and the structures of the oxides are also the same, very strong similarities 
should be observed in the oxidation behavior of the two carbides and the two nitrides. 
One of the significant differences between the Zr and Hf compounds is that while the 
oxide phases and transformations are the same, the transformation temperatures are 
different, with those of HfO

2
 occurring at higher temperatures than those of ZrO

2
.

14.6  Oxidation of the UHTC Carbides

The initial oxidation study on Hf and Zr carbides was conducted by Bartlett [65] in 1963 
in the temperature range of 450–580°C with an O

2
 pressure range of 6.5 Pa up to 100 kPa. 

Zirconium carbide powder was utilized, but the purity was only described as Hf-free and 
having 1% total impurities and “less than 0.1% on any single impurity constituent”. Free 
carbon was present in the initial powders but was removed by a flotation technique. The 
oxidation kinetics were initially diffusion controlled followed by reaction rate-controlled 
process. He observed elemental C remaining in the oxidation product and a rapid 
oxidation rate above 500°C. He speculated that a ZrC

x
O

y
 phase may play a role but 

lacked evidence for the phase. He also noted an increased oxidation rate when water 
vapor was introduced into the O

2
–He gas mixture used for the experiments. Kuriakose 

[66] used electron-beam melted ZrC samples and found rapid, linear oxidation in the 
range of 554 to 654°C. Shimada [67] also investigated the low-temperature oxidation of 
ZrC using well-characterized powders and observed parabolic oxidation from 380 to 
550°C at O

2
 pressures of 1.3, 2.6, and 7.9 kPa and a total pressure of 39.5 kPa. He spec-

ulated that formation of ZrC
x
O

y
 was initially rapid followed by diffusion-controlled 

formation of an amorphous ZrO
2
 scale with embedded hexagonal nuclei. Shimada [68] 

obtained similar results in his oxidation study of HfC powders from 480 to 600°C. He 
also speculated that the initial step was uptake of oxygen to form a HfC

x
O

y
 phase and 
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observed a two-layer oxide scale composed of a dense inner layer and a cracked outer 
layer, both containing ZrO

2
 and amorphous C.

Using single crystals of HfC, Shimada [69] reported linear oxidation kinetics at 
600°C but parabolic kinetics from 700 to 900°C in O

2
–Ar with a P

O2
 of 8 kPa. Samples 

were oxidized to a total extent of 20%. In this temperature range, a two-layer oxidation 
zone was again observed. Wavelength-dispersive spectroscopy (WDS), X-ray micro-
analysis (XMA), and Raman spectroscopy were used to quantify the elemental compo-
sitions of the scale layers. Both the inner and outer layers were HfO

2
 with inclusions of 

carbon. In the dense and crack-free inner layer, very steep carbon and oxygen gradients 
were identified. During oxidation, the inner layer increased in thickness but then reached 
an equilibrium value—an additional scale growth occurred in the outer layer. The 
cracked outer layer of HfO

2
 contained 7–14% of elemental C (amorphous). Shimada 

claimed that cracks did not form in situ but rather from the thermal expansion mismatch 
of HfO

2
 with HfC during cooling. The presence of HfC

x
O

y
 was inferred, but was not 

clearly identified. While not explicitly stated, Hf was preferentially oxidized at the 
HfC–HfO

2
 interface, resulting in C remaining in the scale. Even in the outer scale, P

O2
 

was not high enough to fully oxidize the C, but no thermodynamic analysis was provided 
[70]. Using ZrC samples hot pressed at 2500°C, Shevchenko [71] observed oxidation 
rate kinetics with an exponent of 1.4–1.6 in the temperature range of 500–700°C. Free 
carbon was identified in the scale and attributed to preferential oxidation of the Zr. At 
750 and 800°C, linear kinetics were observed and attributed to the significantly acceler-
ated C combustion rate. The powder composition included 0.3 wt% free carbon, and the 
mean grain size of the hot-pressed specimens was approximately 10 µm.

Berkowitz-Mattuck [72] studied the oxidation of ZrC and HfC from 1130 to 2160 K 
at P

O2
 from 0.5 and 2.6 kPa. Samples of the ZrC were cut from zone-refined bars, which 

contained 11.2 wt% C, while the HfC was arc melted and a composition of HfC
0.952

 was 
stated. No grain sizes were identified. Linear kinetics were observed throughout the entire 
temperature range with preferential oxidation occurring along grain boundaries. Below 
1560 K, intergranular fracture was observed. Similar grain boundary disintegration has 
also been observed in arc-melted Hf–N ceramics (Talmy I. Unpublished data, 2012). 
Above this temperature, stresses developed during oxidation were sufficiently relieved and 
the samples did not fracture. Voitovich [73] found that hot-pressed ZrC and HfC oxidized 
differently in the range 500–1200°C, with HfC showing almost no oxide scale at lower 
temperatures. This was attributed to the rise in the vacancy concentration in the metallic 
sublattice of hafnium oxycarbide compared to that in the zirconium analog. He reported 
that both ZrC and HfC form oxide and free carbon and the C then oxidizes to CO and CO

2
.

Shimada [69] used zone-refined HfC single crystals and determined the oxidation 
kinetics from 700 to 1500°C with P

O2
 values of 0.08 and 80 kPa for 4 h exposures. Linear 

kinetics were reported for all temperatures, but at longer hold times, the rates at 1000 to 
1500°C decreased (no rate exponent provided). This was attributed to the closing of 
pores by sintering of the oxide scale. At 1500°C, the uptake of oxygen in the HfC lattice 
was only 1.4%, and the composition of the oxycarbide phase was approximately 
HfC

0.99
O

0.01
. He observed a two-layer oxide scale with 23–25 at% C in the inner layer 

and 6–11 at% C in the outer layer, both as amorphous carbons. The layer junctions 
exhibited steep oxygen and carbon gradients. The HfC-scale interface probably acted as 
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the O and C barrier during oxidation. The residual C in both layers points to preferential 
oxidation of Hf. At the P

O2
 of 80 kPa, oxidation was so rapid that analysis could not be 

performed. Similar results were observed for ZrC [67].
Bargeron [74, 75] determined oxidation kinetics of HfC prepared by CVD at 1400 and 

2060°C and a P
O2

 of 7.2 kPa in Ar with a total pressure of 100 kPa. Based on lattice constants 
determined by XRD, a composition of HfC

0.5
 was calculated. Parabolic rate kinetics were 

reported for both temperatures. Although parabolic kinetics transitioned to linear for 
long-term 2060°C exposure, insufficient data were collected to conclude the same at 
1400°C. Using SEM with energy-dispersive X-ray spectroscopy (EDS), a two-layer scale 
was observed (Fig. 14.2). The outer layer was identified by XRD as HfO

2
. The inner layer 

was stated to be HfC
x
O

y
 with NaCl structure. Although the two layers exhibited the same 

O/Hf ratio, the sharp interface was interpreted as a difference in crystal structure.
Holcomb [76] identified the oxidation kinetics of HfC, HfC–25 wt%TaC, and 

HfC–7 wt%PrC
2
 from 1200 to 2200°C at O

2
 pressures of 2, 18, and 100 kPa for expo-

sures up to 75 min. The samples were prepared by hot pressing mixtures of the respec-
tive powders, with phase identification by XRD. The TaC addition was intended to 
mimic Hf–Ta alloy compositions known for good oxidation resistance [60]. The PrC

2
-

containing composition was an attempt to form the pyrochlore-phase Hf
2
Pr

2
O

7
 in situ, 

which has an anionic mobility and an order of magnitude lower than HfO
2
. However, 

the kinetics for the HfC–PrC
2
 composition could not be obtained due to catastrophic 

(or runaway) oxidation. The HfC and HfC–TaC compositions exhibited parabolic rate 
kinetics over the entire temperature range, and rate constants for the HfC–TaC 
composition were higher than for HfC. Rate constants decreased from 1200 to 1800°C 

Figure 14.2. O ptical micrograph of HfC0.5 oxidized at 1865°C for 600 s. Showing the bilayer 

carbide–oxide scale with sharp interface boundary [74].
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and then increased to 2200°C. A two-layer oxide scale structure was observed 
throughout the temperature range. The inner scale was black, relatively pore-free, and 
dense with cracks oriented normal to the oxide growth direction. The inner layer was 
proposed to be O-deficient HfO

2
; however, it was not verified. A white, porous outer 

layer was confirmed by XRD to be pure HfO
2
. Below 1800°C, a gas transport model 

was used to explain the kinetics. The formation of CO would occur at the carbide–
oxide interface but would be oxidized by incoming O

2
 to form CO

2
 in the scale where 

the morphology abruptly changed. The CO
2
 acted as a shuttle for oxygen transport 

through the inner layer of the scale, as shown schematically in Figure 14.3. Courtright 
[77] correlated oxidation kinetics to anionic diffusion rates in HfO

2
 above 1800°C. 

The scale substantially densified, yet remained sufficiently porous to allow escape of 
CO. This raises questions about the relative magnitudes of gaseous transport versus 
ionic diffusion.

As shown in the Hf–C phase diagram [41], hafnium carbide is not a line compound, 
but has a range of carbon stoichiometries (from 37.5 to 50 at% carbon or from HfC

0.6
 to 

HfC
1.0

). If it is assumed that the activity of hafnium approaches one near the left side of 
the HfC

x
 stability region in the phase diagram and the activity of carbon approaches one 

toward the right side of that region, then the equilibrium P
CO

 at the oxide/carbide inter-
face can be calculated for each condition, creating upper and lower bounds for the sub-
stoichiometric carbides.

Wuchina [78] conducted furnace oxidation testing of near-stoichiometric HfC
0.98

 
and substoichiometric compositions of HfC

0.82
 and HfC

0.67
 in air at 1500°C and found 

significant differences in oxidation rates based on weight gains measured after 15 min. 
Weight gains of 21, 14, and 1 mg/cm2, respectively, were measured for these three com-
positions as shown in Figure  14.4. Posttest optical photographs also revealed the 
significant difference in the scale thicknesses as shown in Figure 14.5. Since CO gener-
ation at the HfC

x
–HfO

2
 interface was believed to be a significant factor, the CO pressure 
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Courtright–Holcomb gas shuttle model [76, 77].
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Figure 14.4.  Weight gain for HfCx oxidized at 1500°C for 15 min.

Figure 14.5. O ptical micrographs of HfC0.67 (left) and HfC0.98 (right) samples oxidized at 1500°C 

for 15 min showing oxide scale thickness [78].

at the interface for the limiting conditions of unit Hf and C activities was calculated and 
shown in Figure 14.6a. For the case of unit C activity, Reaction 14.5

	 HfC CO HfO C+ ↔ +2 32 	 (14.5)

yielded a P
CO

 of 101 kPa at 1580°C. For the case of unit Hf activity, Reaction 14.6

	 3 2 22Hf CO HfO HfC+ ↔ + 	 (14.6)

yielded a P
CO

 of 101 kPa at 2850°C. (These equations were not provided in the 
original reference.) The P

CO
 values seem to follow the trend in oxide thickness shown 
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Figure 14.6.  (a) Calculated CO pressure at the HfCx–HfO2 interface for x = 1.0 and 0.5 [78]. (b) Free 

energies of formation for CO and HfO2 as a function of temperature (Opeka M. Unpublished data).
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in Figure 14.5 for the different carbon stoichiometries. It was also recognized that C 
could be formed at the HfC–HfO

2
 interface through Reaction 14.7:

	 HfC O HfO C+ ↔ +2 2 	 (14.7)

and both HfO
2
 and C were identified in the scale by WDS and FTIR as found by Shimada 

[67–70] and Wuchina [78]. Thermochemically, the presence of C at the interface can be 
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shown graphically (Fig. 14.6b) from the free energy versus temperature Ellingham-type 
diagrams of the hafnium and carbon oxidation reactions (Opeka M. Unpublished data). 
Additions of TaC, TaB

2
, WB, and WC, in amounts of 1, 2.5, 5, 10, and 25 mol%, which 

largely resided at grain boundaries, did not enhance the oxidation resistance of any HfC 
compositions at 1500°C. For samples tested in the arc heater with surface temperatures 
in the range of 2000–2400°C and Po

2
 of approximately 10 kPa (total pressure was 

58 kPa), an interlayer of Hf C
x
O

y
 was proposed as the composition between the HfC and 

HfO
2
 layers. The oxycarbide phase was identified with SEM–WDS, and the absence of 

electroluminescence and elemental carbon was cited as evidence that the interlayer was 
not HfO

2
. The precise composition of the oxycarbide was not identified [79].

14.7  UHTC Nitrides

The UHTC nitrides ZrN, HfN, and TaN are less well known than the respective carbides 
and borides, but they do have some advantageous properties. Chiotti [43] cites six 
reviews on these compounds dating back to 1933. Blocher [80] cites significant research 
on these transition metal nitrides conducted in the 1940s for the Manhattan Project. Air- 
and moisture-stable crucible materials were sought, and successfully identified, for the 
melting of metals including Ce, Fe, and Be. Additional uses for TiN and ZrN coatings 
include inert surfaces for melting of Zr, Al, and radioactive metals. The most significant 
body of reported research and development on transition metal nitrides has focused on 
hard coatings for cutting tool and machining applications. While TiN hard coatings for 
tool steels became commercially available in the early 1980s, ZrN was also investigated 
for its higher oxidation resistance [81]. Leverenz reported the benefit of using HfN coat-
ings on WC–Co tools over TiC or TiN due to a higher hot hardness and oxidation resis-
tance, a closer match in thermal expansion coefficient, and chemical inertness [82].

At least two significant literature reviews of the properties of the nitrides have been 
published [83, 84]. The Hf–N phase diagram [85] is shown in Figure 14.7. Pure Hf 
exists in the hexagonal close-packed (hcp) structure (α-Hf, P6

3
/mmc) from room tem-

perature up to 1743°C and transforms to the body-centered cubic (bcc) structure (β-Hf) 
phase, which exists up to the 2230°C melting point. While the β-Hf phase has only a 
3 at% solubility of N, the α-Hf phase is strongly stabilized by N with a solubility up to 
29 at% and increases the melting point up to the peritectic temperature of 2910°C. At 
room temperature, from 46 to slightly above 50 at% N, the mononitride δ-HfN exists 
with the B1 or cubic Fm 3 m NaCl-type structure, and the substoichiometry range is 
smaller than for the corresponding NaCl-type monocarbides. Under a N

2
 pressure of 

100 kPa, HfN has a melting temperature of 3387°C. The melting point dramatically 
increases with N

2
 pressure, and at 6.0 MPa, the melting point is 3800°C. Because of the 

preferential loss of nitrogen, the use temperatures of the nitrides are lower than the 
corresponding carbides. TaN is considerably less stable than HfN, with a significantly 
lower melting point and decomposition temperature.

From 29 to 46 at% N, the rhombohedral phases ϵ-Hf
3
N

2
 and ζ-Hf

4
N

3
 are stable, with 

each phase having the R 3 m point group symmetry. They were initially identified as a 
single phase with the hcp Hf

2
N structure [86].
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The ordered phases in the Hf–N system were studied by Rudy [87] who found that 
Hf

2
N did not exist, but identified Hf

3
N

2
 and Hf

4
N

3
 as distinct phases. The particular stoi-

chiometries of the two ordered phases can be understood from their structural similar-
ities to the hcp M

2
X and fcc (NaCl-type) δ-HfN structures  [87, 88]. This becomes 

evident from the crystallographic (110) sectional cut of both unit cells. The ζ-Hf
4
N

3
 

structure is formed by adding a cubic metal layer (c) after every third layer in the ϵ-Hf
3
N

2
 

structure, leading to the sequence (hhcc)
3
 in ζ-Hf

4
N

3
 from ϵ-Hf

3
N

2
’s (hhc)

3
 [87]. Both 

phases are rhombohedral and structurally similar to the hcp M
2
X phase in the group VB 

carbides, which led to uncertainty and confusion about the existence of Hf
2
N [87–90].

14.8  Preparation, Diffusion, and Phase Formation

Lengauer [91] heated Hf sheet and wedges at 1160–1800°C at N
2
 pressures from 0.1 to 

3.0 MPa to study phase formation in the Hf–N system. He found that during diffusion of 
N into hafnium metal, an outer layer of HfN

1−x
 was formed, followed inward by the 

ζHf
4
N 

3−x
 phase, with ηHf

3
N 

2−x
 above the nitrogen-saturated alpha-hafnium (α-Hf(N)) 

and the base hafnium. He also measured diffusion activation energies [92]. Edwards and 
Malloy [93, 94] found that the reaction rate of nitrogen with hafnium metal follows a 
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simple parabolic law over the range of 876–1034°C within a N
2
 pressure range of 

5,000–53,000 kPa. An activation energy of 57 kcal/mol was identified.
Lyutaya and Poroskaya [95] used 30 µm hafnium powder to study phase formation 

at 600–1200°C in nitrogen and ammonia streams. They reported the formation of 
α-Hf(N) and HfN, as well as hafnium nitrohydrides when using ammonia. The rate of 
nitridation was lower in ammonia. Dating back to the 1960s in the Soviet Union, SHS 
[96] was developed and used to prepare a wide variety of refractory materials. 
Borovinskaya and Pityulin [97] studied combustion of Hf and Zr in nitrogen. They 
found differences, with Zr having a combustion front that propagated by formation of a 
solid solution of N in Zr, while the main stage of combustion for Hf was direct formation 
of HfN

x
, making it a slower combustion process. Desmaison-Brut [98] densified HfN 

powder by HIP at 1950°C and 195 MPa for 1 h, with the resultant ceramics having a 
Vickers hardness of 14.5 GPa, a bend strength of 350 MPa, and fracture toughness of 
4.5 MPa/m1/2. Alexandre et al. [99] studied the densification behavior of ZrN powder by 
hot pressing and found that its rate depended on the surface area and shape of starting 
powders. They also measured mechanical properties as a function of porosity.

Pshenichnaya [100] studied densification of ZrN for use in heating elements and 
resistors. The starting powder had surface area of 1.35 m2/g (<1 µm particle size), and 
she showed the loss of N as sintering temperature increased and that isothermal holds 
not only increased densification but also contributed to grain growth. In vacuum sinter-
ing studies, a postsinter annealing in N

2
 was used to return to the original composition. 

An increase in sintering density in vacuum was attributed to loss of N.

14.9  Mechanical and Physical Properties

Few data have been published on the properties for ceramics in the Hf–N system. Opeka 
et al. [49] reported a thermal expansion coefficient for HfN

0.92
 that was almost identical 

to those of HfB
2
, HfC

0.98
, and HfC

0.67
, but deviated to higher values above 1250°C. 

Room-temperature thermal conductivity for HfN
0.92

 was 15 W/m·K and increased slowly 
with temperature—the data very closely matches those of the respective carbide. A value 
of 28 W/m·K was determined for stoichiometric HfN (Opeka M. Unpublished data).

Desmaison-Brut et al. [98] obtained a flexural strength of 350 MPa and Young’s 
modulus of 420 GPa at room temperature for HfN with 5% porosity. Room-temperature 
strength of 290 MPa and modulus of 420 GPa were also obtained for stoichiometric HfN 
of unknown porosity. In the same study, elevated-temperature properties were acquired. 
The onset of plastic behavior was just under 1600°C. At the highest test temperature of 
2315°C, strengths of 60 MPa and Young’s modulus of 55 GPa were recorded. For ZrN 
with 2% porosity, Alexandre et al. [97] measured a room-temperature flexural strength 
of 330 MPa and Young’s modulus of 380 GPa.

Johannson [101] studied the hardness and electrical resistivity of reactively sput-
tered Hf–N films. Both increase with N content. The highest hardness value for the HfN 
films was 35 GPa, much higher than that reported for bulk material. While film thick-
ness or substrate data were not reported, the authors claimed that the high hardness was 
due to a high defect density, primarily dislocations. Straumanis [102] studied the 



378� The Group IV Carbides and Nitrides

dissolution of nitrides in HF with characterization of structures by XRD and electrical 
conductivity measurements.

While the thermomechanical properties of alpha-Hf have been described [101], 
relatively little has been published on this phase with N additions. As was shown in the 
Hf–N phase diagram in Figure 14.7, α-Hf can dissolve up to 29 at% N. The addition of 
N to pure Hf significantly increases the melting point, but also embrittles it. Only one 
study has reported ductility and strength of α-Hf(N) ceramics [103]. While the N-free 
Hf exhibited a yield point of ≈395 MPa at 20°C (without fracture in compression test-
ing), the addition of 5 at% N (Hf–5N) resulted in a fracture stress of 535 MPa at 20°C 
and was independent of strain rates between 10−3 and 10−6·s−1. For this composition, 
the brittle-to-ductile transition temperature was ≈500°C. The Hf–5N also exhibited a 
temperature-dependent yield stress of 463 MPa at 600°C, 422 MPa at 700°C, and 
376 MPa at 800°C. The stress exponent was equal to ≈3.2, indicative of a dislocation 
deformation mechanism. The addition of greater percentages of N increased the 
DBTT—yielding occurred at 800°C and 1000°C for Hf–10N and Hf–30N composi-
tions, respectively.

14.10  Oxidation of Nitrides

Relatively little research has been published on the oxidation of ceramics in the Zr–N 
and Hf–N systems compared to the number for the corresponding carbides and borides. 
Suni and coworkers [104] reported the oxidation of 2500Å thickness sputtered films of 
HfN in dry and wet conditions at 450–800°C. The oxidant was described as O

2
, but the 

Po
2
 was not reported. The wet condition was produced by bubbling the O

2
 through hot 

deionized water. The oxide film thickness was measured using the backscattering yield 
spectra from 2 MeV 4He+ ions. Parabolic rate kinetics were observed for dry condition 
throughout the temperature range, and the oxide layer composition was identified as 
monoclinic HfO

2
 by XRD. Rate constants at test temperatures followed a simple 

Arrhenius relationship, which indicated a diffusion-controlled process throughout this 
temperature range. A complex oxidation response was seen for wet conditions with 
severe pitting observed in the oxide film.

Caillet and coworkers [105] used 30 µm thick ZrN coatings produced by nitriding 
Zr samples in ammonia and evaluated oxidation kinetics from 550 to 700°C with a Po

2
 

range of 50–500 torr. Linear rates were observed at all temperatures and pressures and 
rates increased with Po

2
. However, significant, initial mass losses were observed at 550 

and 576°C before proceeding to linear kinetics. The scale included the hcp α-Zr phase, 
as well as the monoclinic and cubic ZrO

2
 phases. A mechanism was proposed in which 

oxidation began with rejection of nitrogen from ZrN, resulting in an oxygen-saturated 
α-Zr layer that formed prior to ZrO

2
.

Desmaison and coworkers [106] prepared HfN by HIP with a relative density of 
96%. They evaluated oxidation kinetics by thermal gravimetric analysis. Testing was 
performed from 755 to 950°C in dry O

2
 with a pressure range of 20–100 kPa. Oxidation 

initiated at 800°C, and a linear, nonprotective response was observed under all test con-
ditions. Rates increased with increasing Po

2
. At lower temperatures, a powdered oxide 
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product was formed, while at higher temperatures, an attached, but porous, Maltese 
cross scale morphology resulted. The scale product was identified as monoclinic HfO

2
.

Voitovich et al. [107] conducted a comprehensive study of the oxidation kinetics 
of ZrN and HfN from 400 to 1200°C. However, the study was marred by a lack of 
description of the sample fabrication process and details of test procedures. Since 
hardness was measured across the scale, it seems that solid samples were used, rather 
than powders. A test gas mixture of O

2
 and N

2
 suggests that oxidation experiments were 

conducted in air. Significant quantitative and qualitative differences were found for the 
responses of the two compositions. Significant oxidation began for ZrN above 500°C 
and above 600°C for HfN. For ZrN, the oxidation rates increased significantly up to 
700°C yet could be construed as semiprotective since rates decreased with time. From 
800 to 1000°C, weight losses were observed, as was found by Caillet [105] at 550 and 
576°C, yet it was not clear from the published plots whether Voitovich also observed 
this between 500 and 800°C. A rapid, linear weight gain was exhibited at test tempera-
tures of 1100 and 1200°C. The oxidation scale products included α-Zr, monoclinic 
ZrO

2
, and cubic ZrO

2
, which were claimed to have been stabilized by nitrogen. The 

HfN exhibited no weight reductions and very low oxidation rates below 700°C, and 
after an initial rise, the rates increased negligibly at 1000–1200°C. The 700 and 900°C 
tests revealed high and linear oxidation rates. A significant difference in the stoichiom-
etry ranges of the ZrN

x
O

y
 and HfN

x
O

y
 phases was explained by the very different 

oxidation responses, and these phases were proposed as the source of the rate-limiting 
diffusion steps in the oxidation process. Hardness measurements were used to support 
this claim. No micrographs of samples or oxidation products were provided to support 
the conclusions, nor was the method used to quantify O and N contents described.

In oxidation experiments described by Wuchina and Opeka [108], furnace oxidation 
testing of HfN at 1500°C was conducted using the same procedure as was described for 
the HfC materials. The oxidation of HfN proceeded according to the overall reaction

	 HfN O HfO N+ → +2 2 2 	 (14.8)

Similar to the oxidation of carbides, a gaseous product is expected to form at the base 
material/oxide scale interface. Furnace oxidation testing revealed similarities in oxidation 
between the HfN

x
 and HfC

x
 ceramics. In furnace testing at 1100–1500°C, all nitride 

compositions formed a porous scale and had a temperature region in which pesting was 
observed (Wuchina E, Opeka M. Unpublished data). Whiles nitrides did not show significant 
pesting, the scale was not protective and showed evidence of porosity and cracking 
(Wuchina E, Opeka M. Unpublished data).

High-temperature arc-heater testing was conducted with these materials at NASA 
Ames. A nominal 2000°C surface temperature was obtained with a 58 kPa stagnation 
pressure and test duration of 3 min. The samples were 1.9 cm in diameter and 6.3 mm 
thick. Three Hf–N compositions were included in the test series: Hf(33N), HfN

0.75
, and 

HfN
0.95

. The latter two compositions were within the HfN
x
 phase stability field, while 

the Hf(33N) was α-Hf near the limit of N solubility in the α-Hf region.
The change of stoichiometry in HfN

x
 yielded significant differences in oxidation 

response. The multilayer scale that formed on the near-stoichiometric composition 
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Figure 14.8. O ptical photograph of HfN0.95 after 3 min arcjet exposure at 2000°C showing an 

adherent oxide scale [78].

(HfN
0.95

) was porous and very similar to that observed on the corresponding carbide as 
shown in Figure 14.8 (Wuchina E, Opeka M. Unpublished data).

A dense oxide scale was formed on the Hf(33N) and HfN
0.75

 specimens. For both 
compositions, the scale was a wavy bubble across the entire surface and was only 
attached at the sample periphery. The dense scale allowed accumulation of gas beneath 
it, and surface temperatures exceeded the yield point of the oxide, resulting in bubble 
formation. For Hf(33N), the bubble remained intact as shown in Figure 14.9. For the 
HfN

0.75
 composition, the bubble bust during the test as shown in Figure 14.10. As also 

shown in Figures 14.9 and 14.10, the scale exhibited plastic deformation in the substoi-
chiometric samples. It was deduced that lower N contents yielded lower N

2
 gas volumes 

and/or gas generation rates at the base of the oxide scale, resulting in fewer and smaller 
pore channels.

This behavior was not observed in arc-heater testing of the respective substoichio-
metric carbide compositions despite the similarity of forming a gaseous product at the 
interface between the base compounds and their respective oxide scale. This revealed a 
qualitative difference in the oxidation of both carbides and nitrides at this test condition, 
yet the mechanisms are not known.

Rocket nozzle tests of HfN
.0.95

 were conducted with a 2000°C nonaluminized pro-
pellant at relatively high (vs. furnace and arc-heater testing) total pressures of 3.43 and 
10.3 MPa with exposure times of 5, 10, and 20 s. For the 20-s exposures, 25 and 
55 µm-thick scales were formed at the 3.43 and 10.3 MPa conditions, respectively, as 
shown in Figure 14.11 [109]. The nitride ceramics were considered to have the better 
performance compared to HfC

0.67
, HfC

0.98
, and HfB

2
 compositions.
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Figure 14.9.  (a) Posttest micrograph of Hf(33N) showing wavy oxide scale (Wuchina E, Opeka 

M. Unpublished data). (b) SEM micrograph of Hf(33N) showing a cavity within the oxide scale 

(Wuchina E, Opeka M. Unpublished data).

(a)

(b)

14.11  Conclusions and Future Research

While a substantial body of research has been conducted with group IVB carbide and 
nitride UHTCs, multiple gaps remain in both the theoretical and practical arenas that 
need to be addressed. Significant research was dedicated to the nature of interatomic 
bonding and associated properties of carbides during the 1960s, especially with TiC. 
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Very high flexural strength (85.5 GPa) at room temperature was observed in TiC single 
crystals. The elevated-temperature strength was substantially improved by very small 
additions (tenths of a percent) of boron, which yielded coherent precipitates on grain 
boundaries. Plasticity in single crystals tested in flexure and compression was observed 
at temperatures as low as 800°C. In comparison, plasticity in polycrystalline samples 

Figure 14.10. P osttest micrograph of HfN0.75 showing oxide scale disruption (Wuchina E, 

Opeka M. Unpublished data).
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was observed at approximately 1700°C, which decreased with substoichiometric 
compositions. While less research has been conducted on ZrC and HfC, no differences 
in the fundamental physics were found or expected. Significantly less research has been 
carried out on the group IV nitrides than the carbides. Some properties of nitrides, such 
as mechanical, may be expected to be similar to carbides since both possess the same 
NaCl structure. The differing electronic structure should result in differences in associ-
ated properties.

Relatively modest room-temperature strengths were measured for polycrystalline 
HfC and ZrC ceramics (maximum of ~250 MPa) and for HfN and ZrN ceramics 
(maximum of 350 MPa). Composition, purity, density, and grain size all play a major 
role in governing the mechanical properties of ceramics, but these have not yet been 
optimized for carbides or nitrides. In addition, very little data exist for these ceramics 
with second phase additions. Finally, elevated-temperature flexural strength data are 
insufficient for design of components that operate above the onset of plasticity. Stress–
strain data gained from tensile and compressive testing are required.

Conclusions regarding the oxidation of the group IV UHTC carbides and nitrides 
may be made although the behavior is complex and significant questions remain. The in 
situ formation of gaseous products CO, CO

2
, and N

2
 yields a porous oxide scale under 

virtually all testing conditions. For carbides, the kinetics were typically linear followed 
by parabolic rates yet with large rate constants (e.g., k

p
 = 10−7·g2cm4/s for HfO

2
 on HfC 

at 1500°C [76, 77]) relative to ceramics forming a slow-growing scale (k
p
 = 10−11·g2cm4/s 

for SiO
2
 on SiC, and extrapolated to 1500°C [3]). A multilayer scale was observed with 

significant porosity and cracking found in the outermost layer. A poorly adherent or 
pesting scale was observed for HfC oxidation, but the data of Shimada and others indi-
cate that this behavior is observed at temperatures only below 1200°C and that at higher 
temperatures the oxide densified and remained adherent. The innermost layer typically 
consisted of amorphous or graphitic carbon indicating preferential oxidation of the Zr or 
Hf. The outer layer (or layers) revealed the presence of C within the oxide, yet it was not 
always clear that an oxycarbide phase had formed. An oxycarbide layer was reported by 
both Courtright [77] and Wuchina [79] at the oxide/carbide interface after exposures to 
higher temperatures, although the exact composition was not confirmed. The combustion 
model by Holcomb is persuasive in understanding the multilayer scale. The CO formed 
at the surface of the carbide diffuses outward to form CO

2
 at the midscale location, 

where O
2
 diffusion inward yields the combustion reaction. Wuchina observed lower 

oxidation rates in substoichiometric carbide compositions at 1500°C, but this distinction 
vanished in arc-heater testing at 2000–2400°C. It is speculated here that the higher dif-
fusivity rates of C and O at very high temperatures negated the potential benefits of the 
substoichiometric compositions. For nitrides, linear oxidation kinetics were always 
observed, except for the apparent surface sintering observed in arc-heater testing for the 
substoichiometric compositions. This sintering behavior was not observed for the sub-
stoichiometric carbides under the same test conditions.

The oxidation of the group IV UHTC ceramics is still not well understood, and addi-
tional investigations of a number of aspects are warranted. First, a rigorous analysis of the 
relative thermodynamic stability of carbide, nitride, oxide, gas-saturated metal, and C 
condensed phases and the gaseous phases CO, CO

2
, N

2
, O

2
, and O could provide insight 

into the oxide scale morphology and attendant oxidation rate. The solid-state and gaseous 
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diffusion rate contributions have not been fully addressed. For example, Courtright 
correlated HfC oxidation kinetic rates above 1800°C with oxygen ion diffusion rates in 
the HfO

2
 scale. This implied that the ordinarily much more rapid gaseous transport was 

not the rate-limiting step, but that the scale was dense, which then raised questions about 
the mechanism for C transport outward. While formation of the bilayer (or trilayer) scale 
has been observed from under 600 up to 2700°C, the composition and structure of the 
layers were not fully characterized. Only limited comparisons with the significant body 
of Hf and Hf–Ta oxidation research, especially considering time-dependent changes in 
the rate constants, have been made. The oxidation rate reduction associated with substoi-
chiometric carbide compositions has been observed in furnace testing, but not in arc-
heater testing, and is not understood mechanistically. The apparent surface densification 
of the substoichiometric nitrides in arc-heater testing, but not in furnace testing, is also 
not understood. Finally, the scale morphology development of both the carbides and the 
nitrides formed under very high pressure and oxidizing rocket motor environments is not 
understood relative to lower pressure furnace and arc-heater oxidizing environments.

Special attention in future research has to be paid to an increase in the oxidation 
resistance of these ceramics by the introduction of additives, which can modify the 
composition of the oxide scale leading to its densification and adhesion at use temper-
atures. Especially important is optimization of processing of carbide and nitride 
ceramics with special emphasis on composition and particle size of the starting pow-
ders, development of pressureless sintering, and the use of HIP for densification. The 
latter is particularly promising for significantly reducing densification temperatures, 
compared to conventional hot pressing, and control of the composition, which is 
essential in processing nitrides with their tendency to lose nitrogen at high tempera-
tures. The smaller grain size would lead to a significant increase in strength of the final 
ceramics. HIP, as well as pressureless sintering, presents an opportunity to process 
ceramic articles in near net shape. Important is also the use of carbides and nitrides in 
multiphase materials including cermets with Mo or W as a metallic component. 
Research in these areas should significantly increase the potential of carbides and 
nitrides in high-temperature applications.
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Nuclear Applications for 
Ultra-High Temperature 

Ceramics and MAX Phases

This chapter begins with a brief presentation of future nuclear reactors. Next, current 
uses of ceramics in the nuclear industry are reviewed, which, with the exception of 
graphite moderators and B

4
C control rods, rely largely on oxides or silicates. Then, the 

potential for using non-oxide Ultra-High Temperature Ceramics (UHTCs) and MAX 
phases1 in future (so-called Generation IV) fission and fusion reactors is discussed.

15.1  Future Nuclear Reactors

The feasibility and performance capabilities of next generation nuclear energy systems 
have been established via the Generation IV International Forum (GIF). GIF, which is a 
cooperative international endeavor, has identified four main nuclear energy systems that 
employ a variety of reactor, energy conversion, and fuel cycle technologies. It had to 
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allow sustainable development of the nuclear sector [1], to increase its economic com-
petitiveness and to reinforce the reliability and safety of future nuclear reactors. These 
concepts are described in detail in this section.

The Very high temperature reactor (VHTR) concept is a graphite-moderated 
reactor with a once-through uranium fuel cycle. The VHTR is a type of High-Temperature 
Reactor (HTR) that can conceptually have an outlet temperature of 1000°C. The reactor 
core can be either a “prismatic block” or a “pebble-bed” core. The high temperatures 
enable applications such as process heat or hydrogen production via the thermochemical 
sulfur–iodine cycle. Helium is the coolant because it is an inert gas, so it will generally 
not chemically react with any nuclear fuel or cladding material. Additionally, exposing 
helium to neutron radiation does not make it radioactive, unlike most other possible 
coolants. Super Critical Water Reactors (SCWRs) are one of the three types of Light 
Water Reactor (LWR), the other types being Boiling Water Reactors (BWRs) and 
Pressurized Water Reactors (PWRs). A SCWR usually operates at higher pressure and 
temperature, with a direct once-through cycle like a BWR, and the water is always in a 
single, liquid state as in the PWR. The SCWR is a promising advanced nuclear system 
because of its high thermal efficiency (~45% vs. ~33% for current LWRs) and simple 
design. A Molten Salt Reactor (MSR) is a class of nuclear fission reactor in which the 
primary coolant, or even the fuel itself, is a molten salt mixture. MSRs run at higher 
temperatures than water-cooled reactors for higher thermodynamic efficiency, while 
staying at low vapor pressure. In many designs, the nuclear fuel is dissolved in the 
molten fluoride salt coolant as uranium tetrafluoride (UF

4
). The fluid becomes critical 

in a graphite core, which serves as the moderator. Solid fuel designs rely on ceramic fuel 
dispersed in a graphite matrix, with the molten salt providing low-pressure, high-
temperature cooling.

Fast Neutron Reactors (FNRs) are a technological step beyond conventional power 
reactors. They offer the prospect of vastly more efficient use of uranium resources and 
the ability to burn actinides, which are otherwise the long-lived component of high-level 
nuclear wastes. The fast reactor has no moderator and relies on fast neutrons alone to 
cause fission, which for uranium is less efficient than using slow neutrons. Hence, a fast 
reactor usually uses plutonium as its basic fuel, since it fissions sufficiently with fast 
neutrons to sustain the reaction. The coolant is a liquid metal (normally sodium or lead 
for future reactors) or gas (helium) to avoid any neutron moderation and provide a very 
efficient heat transfer medium.

In this class, the Gas-cooled Fast Reactor (GFR) (i.e., FNR using helium as cool-
ant) is a nuclear reactor design that is currently under development. It features a fast-
neutron spectrum and closed fuel cycle for efficient conversion of fertile uranium and 
management of actinides. The reference reactor design is a helium-cooled system 
operating with an outlet temperature of 850°C. Several fuel forms are being considered 
for their potential to operate at very high temperatures and to ensure retention of fission 
products (FP): composite ceramic fuel, advanced fuel particles, or ceramic clad elements 
of actinide compounds.

The International Thermonuclear Experimental Reactor (ITER) program is the next 
step in studying the fusion reaction, which will be achieved in a tokamak device. 
Tokamaks use magnetic fields to contain and control the hot plasma in which the fusion 
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reactions occur. The fusion between deuterium and tritium will produce one helium 
nuclei, one neutron, and energy. The helium nucleus carries an electric charge, which 
will respond to the magnetic fields of the tokamak and remain confined within the 
plasma. However, some 80% of the energy produced is carried away from the plasma by 
the neutron that has no electrical charge and is, therefore, unaffected by magnetic fields. 
The neutrons will be absorbed by the surrounding walls of the tokamak, transferring 
their energy to the walls as heat. Consequently, the wall materials will be submitted to 
extreme working conditions with the temperature reaching 1300°C (under normal con-
ditions) and the fast neutron energy being 14 MeV.

Nuclear fuel and cladding materials that are of interest in these different nuclear 
reactor concepts are given in Table  15.1 which also summarizes the usual reactor 
working conditions and the corresponding nuclear fuel materials.

15.2  Current Nuclear Ceramics

Ceramics have properties that make them particularly useful to the nuclear industry, 
where they are currently used predominantly as fuels and waste forms [2]. They may 
contain fissionable species and have sufficient thermal conductivity, refractoriness, 
phase stability, and radiation resistance in fuels. In waste forms, they have the ability to 
accommodate radionuclides and other waste species, are relatively easy to process, and 
are durable including against radiation damage. Table 15.2 lists some current nuclear 
ceramics and their key properties.

Uranium dioxide ceramic is the main fuel used in nuclear reactors. UO
2
 is highly 

stable, the high symmetry fluorite structure demonstrating good corrosion resistance to 
water and steam making the fuel pellets free from anisotropic effects, with no phase 
transformations occurring up to a melting point of 2865°C. Fluorite structured UO

2
 

(space group Fm3̄ m) exhibits a broad range of stoichiometry (UO
2±x

) facilitated by 
oxygen defects (vacancies or interstitials), where the O/U ratio can reach 1.7 at approx-
imately 2700 K on the oxygen-deficit side and over 2.2 by approximately 2000 K on the 
oxygen-excess side (see Fig. 15.1).

The major disadvantage of uranium dioxide as a fuel is its poor thermal conduc-
tivity (Table 15.2), which is exacerbated by the presence of oxygen defects. Due to the 
low thermal conductivity of UO

2
, the interior of the pellets may reach much higher tem-

peratures during reactor operation than the edges (center line temperatures are often 
1100°C, while a few millimeters away at the edge of the pellet, the temperature will be 
approximately 380°C). To try to account for this, pellets are “dished” at each end to 
accommodate the increased thermal expansion of the pellet interior relative to that of the 
edges (Fig. 15.2).

In addition, like most ceramics, the vapor pressure of uranium dioxide increases 
rapidly with increasing temperature and it displays poor thermal shock resistance at low 
temperatures, behaving in a brittle manner at temperatures less than 1200°C. However, 
at temperatures above 1200°C, UO

2
 is no longer brittle, which leads to further discrep-

ancy between the behavior of the pellet interior and edge, although only during abnormal 
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or transient temperature circumstances. This leads to cracking in UO
2
 fuel pellets; the 

cracks form on initial ramp to power but will evolve further as fuel burnup proceeds.
Mixed Oxide (MOX) fuel was first developed in the late 1950s through research 

programs in reprocessing, as a mechanism to separate Pu from spent fuel, and in the 
development of fast reactor systems, to burn Pu as fuel. With the shutdown of the 
majority of fast reactor programs over the last 30 years, the only remaining option for 
the recycling of Pu was based upon the burning of Pu in LWRs. Drawing on the fuel 
research undertaken for fast reactor systems, this has led to the use of MOX fuel 
assemblies in LWR systems. In general, MOX fabrication involves blending UO

2
 and 

PuO
2
 powders with a higher content of plutonium (around 30%). Then the final pluto-

nium enrichment (3–10%) is reached by dilution with uranium dioxide. This step is 
followed by pressing and sintering at temperatures of approximately 1700°C to pro-
duce MOX fuel pellets. These pellets are then loaded into fuel rods, which are then 
grouped together to form a MOX fuel assembly, in much the same way as for conven-
tional UO

2
 fuel (Fig.  15.2). After sintering, the final relative density of the pellets 

approaches 95%. This process is commonly called MIcronization MASter blend 
(MIMAS) [9]. In the future, the fabrication process may involve co-milling UO

2
 and 

PuO
2
 powders to directly provide the targeted Pu enrichment, ensuring better homoge-

neity in the nuclear fuel. Whatever the elaboration process, diffusion data are needed 
to achieve optimized heat treatment and develop a homogeneous Pu distribution within 
MOX pellets [10].
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Choosing a suitable waste form to use for radioactive waste immobilization is not 
easy and durability is not the sole criterion [11]. A variety of matrix materials and tech-
niques are available for immobilization. The main immobilization technologies that are 
available commercially and that have been demonstrated to be viable are cementation 
and vitrification, the latter using borosilicate glasses capable of hosting a range of radio-
nuclides in the open glass structure. Ceramication, in which a range of crystals capable 
of hosting radionuclides in their structures, such as zirconolite, perovskite, and zircon, 
is close to commercial application [12]. Single phase systems have been examined pre-
dominantly for Pu immobilization while more complex waste streams need multiphase 
systems such as the Synroc ceramics developed in Australia.

While oxides/silicates are the predominant ceramics used by the nuclear industry, 
currently several non-oxides find key applications. Graphite is used as a moderator in 
many fission reactors operating today, although most are in the United Kingdom 
(Advanced Gas-cooled Reactors, AGR) and the countries of the former Soviet Union 
(water-cooled Reaktor Bolshoy Moshchnosti Kanalniy, RBMK, high power channel-
type reactor). The role of graphite, in addition to mechanically supporting the fuel, is to 
facilitate the nuclear chain reaction by moderation of the high energy (~2 MeV) neutrons. 
Graphite is well suited to this role as it efficiently slows the neutrons, while being 
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Figure 15.2. S chematic of a 17 × 17 PWR Fuel assembly with inserted control cluster, fuel pin, 

and dished pellet.
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inexpensive, easily fabricated in large quantities, and compatible with the other core 
materials. Nuclear graphite consists of a classic grain-and-bond microstructure with a 
filler, binder phase, and controlled porosity. Overall porosity ranges between 14 and 
21% with a few large pores constituting the majority of the overall porosity, which also 
has preferred orientation. Graphite remains the subject of extensive study due to its 
potential use as a moderator as well as a structural material in the VHTR. Boron carbide 
(B

4
C) control rods are used in all current BWRs and fast reactors to slow neutrons, 

enabling control of fission reactions. B
4
C is used because it is refractory, light weight, 

and chemically stabile to 2400°C, along with a large neutron absorption cross-section.

15.3  Future Nuclear Ceramics

While non-oxides are inherently more difficult to fabricate than oxide ceramics due to 
the need for atmosphere control, they find niche applications when they provide prop-
erty benefits. UHTC properties of interest to the nuclear industry include that they may 
be fissile, and that they have high thermal conductivity, refractoriness, and phase sta-
bility. As a result, future nuclear ceramics will potentially include UHTCs, for example 
as non-oxide fuels (U/Pu carbides and nitrides) and fuel cladding (TaC, ZrC, HfC). 
The family of ternary compounds M

n+1
AX

n
, where M is an early transition metal, A is 

an A group element, X is either C or N, and n is from 1 to 3, are known as MAX phases. 
MAX phases are also likely to find applications in fuel cladding, so we include them 
here, even though they are strictly not UHTCs. ZrB

2
 has already been examined as a 

potential neutron poison [13]. The main physical properties of these UHTCs are reported 
in Table 15.3.

MAX phases are attractive in nuclear structural applications in Generation IV fission 
and fusion reactor applications including for the former in near core fuel coating and 
cladding uses, so-called Accident Tolerant Fuels (ATFs). Such applications require 
materials able to function in extreme environments of high temperature, oxidation, 
stress, irradiation flux, and energy including, for example, above 1000°C in fast neutron 
environments. While such conditions are not those in which UHTCs are typically 
designed to operate, we include MAX phases here since they are advanced ceramics that 
will find application in future nuclear systems. They also, due to their unique crystal and 
microstructures, have excellent mechanical properties including high strength and 
toughness at elevated temperatures (Table 15.4).

15.4  Non-Oxide Nuclear Fuels

The high melting temperatures of Pu and U carbides and nitrides make them de facto 
UHTCs. Recent developments of non-oxide nuclear fuels have been reviewed for car-
bides by Sengupta et al. [26] and for nitrides by Arai [27]. Fabrication of non-oxide 
ceramics is inherently more difficult than oxides since it cannot be carried out in air and 
the products are often susceptible to oxidation. Add the additional complication of 
radioactivity and in some cases pyrophoric behavior and the complexity of non-oxide 
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nuclear fuel fabrication become apparent. Nonetheless, carbide and nitride fuels are 
ideally suited for use in FNRs and GFRs due to their improved performance at high 
temperatures relative to oxide and metal fuels. Their higher fissile density gives them 
superior breeding characteristics, which, together with their high specific power opera-
tion, provides increased Pu production and reduced fuel cycle and power costs, with a 
gain in power levels over oxide fuels by a factor of 3 for carbide fuels and a factor of 
4 for nitride fuels. Both fuel types can be fabricated either with a small He-bonded fuel/
cladding gap or with a large Na-bonded fuel/cladding gap since interactions between 
fuel and cladding are problematic. These allow the fabricated fuel to be tailored to 
specific reactor/fuel temperature regimes to manage temperature gradients, fission gas 
retention, and fuel swelling in a way that effectively combines the most desirable char-
acteristics of both oxide and metal fuels.

Thermodynamic and thermophysical properties of actinide carbides and nitrides 
have been recently reviewed [26, 27]. Carbide and nitride fuels exhibit higher melting 
points and thermal conductivity leading to lower temperature gradients within the fuel 
compared to oxide or metal fuels. This, in turn, leads to a reduction in the migration of 
fuel constituents and FPs through and out of the fuel. As a result they have been consid-
ered for higher linear power applications (up to 70 kW/m). Table 15.5 compares and 
summarizes the properties of carbide and nitride fuels.

Nitride fuel refers to a solid solution of UN and PuN, namely (U, Pu)N, in which 
the Pu/(U + Pu) molar ratio ranges from approximately 0.15 to −0.25. In addition, UN 
was developed as a potential fuel for space reactors in the United States. While interest 
in such fuels subsided with the demise of the global fast breeder reactor (FBR) programs 
in the 1980s, the solid solution of UN, PuN, and minor actinide (MA = Np, Am, and Cm) 

Table 15.4.  Typical properties of MAX phases

Ceramic properties Ti
3
SiC

2
Ti

3
AlC

2
Ti

2
AlC

Theoretical density (g/cm3) 4.48 [18] 4.25 [19] 4.42
Melting point (°C) 3000 Decomposes at  

1460 [20]
Decomposes at 
1400 [21]

Thermal conductivity  
(W/m·K) 25°C

43 40 [22] 46

Strength (MPa)
RT 580 760 [23] 763
1200 °C 260 195 270 [24]
Toughness (MPa·m1/2)
RT 10 [25] 9.1 6.5
1200°C 5
Crystal structure Hexagonal Hexagonal Hexagonal
Handling Air Air Air
Processing capability Moderate,  

research scale
Moderate,  
research scale

Moderate, 
research scale

Fabrication/irradiation 
experience Low Low Low
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mononitride (U, Pu, MA)N has been proposed as a candidate fuel for Generation IV fast 
reactors. In addition, U-free nitride fuel (such as (Pu, MA)N diluted by ZrN) for MA 
transmutation has been extensively studied in Japan.

Compared to oxide fuels, nitride fuels, in particular, have only one moderating 
atom per molecule and are compatible with existing established oxide fuel fabrication 
and reprocessing methods, with easier dissolution in the Plutonium and URanium 
Extraction (PUREX) process compared to carbide fuels.

Although the nitride fuels show a higher gain in power levels, they have some dis-
advantages over carbides. First, they sublime or dissociate into liquid U and N

2
 gas at 

temperatures below their melting point if N
2
 overpressure is not maintained. Increased 

pressure from the build up of N
2
 gas can cause the fuel cell to swell and liquid U is 

highly corrosive to the fuel cell cladding; both factors can cause fuel assemblies to fail 
and have led to the use of additives such as Zr, Ti, and W to form a more stable fuel [28]. 
Second, the thermal neutron absorption cross-section of 14N (resulting in 14C) is high 
enough to reduce the breeder ratio of the fuel, although this can be addressed by enrich-
ing the 15N content of the natural N

2
 used in the fabrication, albeit at additional cost. The 

reprocessing of nitride fuels fabricated using natural N
2
 is also a concern as it yields 

significant volumes of 14C, which is biologically hazardous, although again this could be 
addressed by enriching in 15N. Nitride fuel is less hygroscopic than carbide fuel making 
processing easier, and its better dissolution in nitric acid without any Pu oxalate 
formation makes it compatible with hydrochemical reprocessing technology such as the 
established PUREX process.

Initially, melting and casting techniques or hydridation processes were used for 
the fabrication of carbide fuels, but they ultimately proved too expensive and pro-
duced coarse-grained pellets, not as desirable as the fine-grained pellets resulting 
from powder-metallurgy processes. Later, at the end of 1960s, carbothermic reduction 
and internal gelation routes were examined. In the carbothermic method, uranyl and 
plutonium oxalate feedstocks (or uranium dioxide that has been previously reduced) 
are converted to UO

2
 and PuO

2
 by heat treatment to decompose the oxalate and 

thereby remove water and carbon oxides. UO
2
 and PuO

2
 powders are then blended to 

Table 15.5.  Properties of carbide and nitride fuels (Adapted from Sengupta et al. [26])

Properties (U
0.8

Pu
0.2

)C (U
0.8

Pu
0.2

)N

Theoretical density (g/cm3) 13.58 14.32
Melting point (°C) 2477 2797
Thermal conductivity (W/m·K)
727°C 18.8 15.8
1727°C 21.2 20.1
Crystal structure Rock salt Rock salt
Handling Inert atmosphere Inert atmosphere
Dissolution and reprocessing 
capability

Dissolution not simple. 
Not yet demonstrated 
on industrial scale

Dissolution easy but risk 
of 14C in waste 
management

Fabrication/irradiation experience Limited Very little
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an enrichment level of typically 20% Pu and mixed with carbon in the form of either 
carbon black or graphite. To encourage formation of a homogeneous product, the 
mixed powder is consolidated by briquetting before undergoing carbothermic 
reduction, typically by heating for several hours between 1400 and 1700°C under 
vacuum or inert gas because of the high carbide reactivity in air (formation of oxides) 
or in nitrogen (formation of nitrides) atmospheres. The (U, Pu)C product is 
mechanically crushed and milled to produce a powder of particle size less than 44 µm, 
which is pressed under approximately 410 MPa. Then, pellets are sintered in Ar/H

2
 at 

temperatures higher than 1650–1700°C to reach relative density values between 
80 and 90% [29].

The method of internal gelation uses colloidal carbon in a co-conversion process to 
produce spherical carbide particles from nitrate feedstocks, thereby bypassing the 
mechanical milling, crushing, and blending processes employed in carbothermic 
reduction [30]. A homogeneous solution of the uranyl and plutonium nitrates is mixed 
with hexamethylenetetramine, urea and dispersed carbon black, and dropped into hot 
silicone oil to decompose the hexamethylenetetramine to ammonia. This precipitates 
ammonium diurinate (or plutonate) as microspheres within droplets that are washed, 
dried, and calcined to remove the silicone oil, solvents, and any volatiles. Sintering for 
8 h at 1950°C under Ar produces carbide microspheres of greater than 95% theoretical 
density, which can be loaded directly into fuel pins.

Carbide fuel is a multiphase mixture of (U,Pu)C and (U,Pu)
2
C

3
 to avoid metal phase 

formation and to improve in-pile behavior. Indeed, a (U,Pu)C
1,00

 single phase cannot be 
elaborated from the carboreduction route because the kinetics of carbon monoxide release 
during the carburizing treatment are dependent on those of the densification. Furthermore, 
effective oxygen removal from the carbide structure requires an increase in the carbo-
reduction temperature or the use of severe atmospheres (vacuum). These conditions 
promote the volatilization of species such as metallic plutonium and make compositional 
control difficult [31, 32]. Finally, production of biphasic carbides with very low oxygen 
contents (<100 ppm) is possible for low Pu/(U + Pu) atomic ratios (around 20 wt%).

Carbide fuels have been used in test reactors in, for example, the United States 
(EBR-II), Russia (BOR60), Japan (JFR 2), and France (RAPSODIE). The Indian FBR 
program started with Pu-rich mixed U,Pu carbide as the driver fuel in its loop-type fast 
breeder test reactor that went critical in 1985 and remains the only reactor operating on 
a full core of carbide fuel.

As with carbides, nitride fuels can be fabricated via a carbothermic reduction pro-
cess. In the fabrication of nitride fuels, following the carbothermic reduction of the 
oxide to the carbide, a further reduction step is performed by soaking the carbide in  
N

2
-6% H

2
 gas to form the nitride and liberate the carbon in the form of methane gas  

[33, 34]. This nitride powder is then mechanically crushed and milled to form the feed 
powder for pressing as in carbide fuel fabrication. Nitride fuels have also been fabri-
cated through a hydride-dehydride-nitride process and other sol-gel and pyrochemical 
processes described by Arai [27]. Before non-oxide fuels can be used in commercial 
reactors, further research is needed, in particular, on both hydrochemical and pyrochem-
ical reprocessing methods, fuel-clad interaction, effects of burnup, and irradiation 
performance.
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15.4.1  Composite Fuels

Composite fuels consisting of a fissile phase dispersed in an inert, nonfuel matrix have 
been developed for high temperature and/or high power density applications such as 
material test reactors, isotope producing reactors, and reactors developed for both power 
generation and propulsion in space. The two main composite fuels are CERamic METal 
composites (CERMETS) consisting of ceramic fuel particles dispersed in a metal matrix 
and CERamic CERamic composites (CERCERS) consisting of ceramic fuel particles 
dispersed in a ceramic matrix. In particular, a composite with a Mo metal matrix and 
(Pu, Np, Am, Cm)O

2−x
 fuel particles represents a promising CERMET fuel candidate 

dedicated to transmutation of MA accumulated in spent fuel from LWRs [35]. Indeed, 
this composite fuel reduces the reactivity swing and increases the energetic efficiency of 
MA transmutation.

CERCER fuels in the form of pellets are often considered as replacement materials 
for conventional uranium dioxide pellets. Their robust nature and high burn-up 
performance has encouraged research on composite fuels since the 1950s, but the larg-
est current use of composite fuels is in research and test reactors where high power 
density is required, often at high burnup. Composite fuels are distinguished from the 
usual fuel types by the localization of fuel material within an inert matrix (as opposed to 
a solid solution of fissile material in an inert matrix). Indeed, an advantage of the 
composite design is that radiation damage is primarily localized in the dispersed phase, 
in which case the inclusions are greater than 100 µm in size [36]. A composite fuel is 
shown schematically in Figure 15.3.

Fuel particles are, in effect, individually clad in the matrix material (Fig. 15.3a), 
or  the particles can be coated with a buffer layer (Fig. 15.3b). Encapsulation of fuel 
particles in a matrix prevents transport of fission gas and solid FPs outside of the local 
environment. Suitable matrix/buffer materials provide mechanical resistance to  
radiation-induced swelling. Particle dispersions are further classified as macro- and 
microdispersions. The particle size distribution in a macrodispersion (typically 
50–200 µm) is selected to retain most of the fission fragments inside the fuel particles, 
leaving the majority of the matrix undamaged. Microdispersions of particles with diam-
eters of a few microns have been considered for some concepts because of the convenience 
of fabrication or prevention of matrix cracking in CERCER fuels during irradiation. 
Macrodispersed particles may be fabricated with or without a coating layer. The simplest 
concept consists of a fuel particle embedded in an inert matrix. The particle may incor-
porate a thin barrier coating to prevent fuel-matrix chemical interaction on processing 
and irradiation. Such dispersions have proven effective in combination with ductile 
matrices such as steel or niobium. A buffer layer can be used to more effectively isolate 
the fuel particles from the matrix (Fig. 15.3b). The buffer layer may provide free volume 
for fission gas accumulation or fuel particle swelling without stressing the matrix. It may 
be free space, a coating, or a series of coatings. The most highly developed variants of 
coated particle fuel are the TRistructural ISOtropic (TRISO)2-coated fuel particles, which 
evolved from Bistructural ISOtropic (BISO) pellets and are  discussed later. However, 

2The fuel kernel is coated with four layers of three isotropic materials.
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variants such as the QUADRISO (QUADRuple ISOtropic) concept have been suggested 
that incorporate an additional layer of burnable poison such as Eu

2
O

3
 [38].

TRISO fuel particles are envisaged for VHTRs considering two main fuel element 
concepts [39]: (1) the spherical fuel element used in the pebble-bed concept in Germany, 
Russia, China, and South Africa and (2) the block-type fuel element applied in the pris-
matic core in the United States, the United Kingdom, and Japan.

As reviewed by Sawa [40] and Petti et al. [41] the spherical fuel element is a 
graphitic sphere with a diameter of 60 mm composed of a fuel zone of 50 mm in 
diameter with around 104 coated ~0.5 mm diameter particles. The particles are over-
coated with a matrix graphite layer with a thickness of around 200 µm to prevent 
direct contact of the particles and then dispersed uniformly in the same matrix 
graphite material. The outermost 5 mm of the fuel sphere is a shell of matrix graphite 
without any particles. The block-type fuel element in the U.S. design is a hexagonal 
graphite block (793 mm in length and 360 mm wide across the flat surface) contain-
ing 102 coolant channels and 210 fuel holes which are filled with fuel compacts and 
sealed. The fuel compacts are a mixture of TRISO-coated fissile and fertile particles 
and graphite shim particles bonded by a carbonaceous matrix. A fuel compact made 

Fuel kernels

(a)
Matrix

Cladding

Coating

Figure 15.3. S chematic representations of (a) composite fuel and (b) composite fuel using a 

multilayer-coated fuel particle in which the coating acts as a buffer layer between the fuel 

particle and the matrix material. Reproduced from Meyer [37].

(b)

MatrixCladding

Outer “pressure vessel”

Porous “buffer”
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of graphite matrix powder with the shape of an annular cylinder contains 13,500 
TRISO-coated fissile particles. For operational and economic reasons, the preferred 
fuel kernel is low-enriched uranium dioxide for the pebble bed reactors and uranium 
oxycarbide for the prismatic designs.

Fuel designs for the VHTR, even though they are being developed in various 
countries, use the same generic refractory coated fuel particles. So, in TRISO, the acti-
nide fuel is distributed in thousands of tiny spherical particles (Fig. 15.4).

In TRISO, the fuel kernel is a 300–500 µm diameter sphere of UO
2
, UC

2
, or a mix-

ture of the two which has been termed uranium oxycarbide or UCO. Kernels based on 
Pu or Th are also possible. The kernel is the first barrier to FP release, as FPs must first 
diffuse to its outer surface. Kernels are coated by chemical vapor deposition in a 
fluidized bed reactor. The first coating is a 60–100 µm thick buffer layer of porous 
pyrolytic carbon, with acetylene as the carbon source and argon as the fluidizing gas. 
The buffer accommodates fission gases and allows for thermal expansion mismatch 
between the kernel and dense coatings. The key barrier to FP diffusion is a 35–40 µm 
thick layer of silicon carbide, sandwiched between two dense pyrocarbon layers, each 
40 µm thick. The dense pyrocarbon layers are derived from propylene in argon, while 
SiC is obtained from methyltrichlorosilane in hydrogen and argon. The coated 
TRISO particle is 0.7–0.9 mm in diameter. The SiC layer acts as a load-bearing 
pressure vessel and is impermeable to FP release. The inner pyrocarbon layer protects 
the kernel from chlorine attack during SiC deposition and the SiC from carbon 

Emitting

Uncoated/
single coating

Fuel elements

Spherical Cylindrical Annular

60 mm 12 – 26 mm 12 – 26 mm

BISO TRISO

Retaining

QUADRISO

Fuel kernel 350 – 500 μm: Fertile or fissile provides
energy retains short lived products.

Kernel coating 5 – 20 μm: Experimental layer as
neutron poison or O2 getterer (not typical in TRISO).

Porous pyrcarbon buffer 50 – 100 μm: Void volume for
fission gases attenuates fission fragment recoil.
Inner pyrcarbon 20 – 50 μm: Gas-tight secondary
fission barrier, provides substrate for SiC/ZrC
deposition and protects from Cl attack.

Outer pyrcarbon 20 – 50 μm: Protection during
handling and compaction and provides bonding
surface. Also a further fission barrier.

Fission product barrier 25 – 40 μm (SiC or ZrC): Dense
pressure retaining primary fission product barrier.

Figure 15.4. E volution of the coated fuel particle from uncoated to the standard TRISO and 

proposed QUADRISO as well as common fuel element compacts.
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monoxide generated in the kernel upon fission, while the outer pyrocarbon layer adds 
structural support and is a substrate for bonding to the matrix when compacted into 
fuel elements.

TRISO fuel fabrication routes have been reviewed by Sawa [40]. Much research 
is being performed on TRISO fuels for Generation IV reactors focused on extending 
the fuel capabilities to higher burnups (10–20%) and operating temperatures. The 
higher temperatures envisaged in the VHTR (fuel temperature of 1250°C) compared 
to the Pebble Bed Modular Reactors mean that the SiC retention layer will be ineffi-
cient and alternatives (such as ZrC) are being examined. Minato and Ogawa [42] 
describe advanced concepts in TRISO fuel including developments in ZrC and TiN 
coatings while potential fuel recycling and MA burning in these fuels are also being 
examined.

15.4.2  Inert Matrix Fuels

At present, the only method for the commercial recycling of Pu is as MOX fuel. Current 
strategies for burning MOX in LWRs are not fully optimized in terms of Pu burnup. One 
option to improve Pu consumption rates is to optimize reactor design to accommodate a 
100% MOX core. An alternative strategy is to replace the UO

2
 component of the fuel 

with a neutron inactive or neutron transparent material—the “inert matrix”—thereby 
substantially reducing the capacity of the fuel for Pu production.

Strictly, an inert matrix fuel (IMF) refers to any nuclear fuel that does not contain a 
“fertile isotope” so that no conversion of fertile to fissile material takes place and only the 
initially present fissile atoms are burnt. This concept was originally aimed at improving 
fuel properties or to save U resources [43]. Thus, in the plutonium cycle, IMFs are those 
that are free from 238U, and an inert material that does not contain a fissionable or fertile 
isotope is used as the matrix with a plutonium-bearing material. Spent IMF is much less 
radiotoxic than spent MOX and so disposal is easier. IMF is also used in the context of 
U-free fuels for transmutation of MA, although in many cases this is inappropriate as the 
fissile content is inadequate for fuel purposes and it is more correct to call these systems 
transmutation targets. Actinide-bearing fuels and transmutation targets, including those 
made by adding MAs to (U,Pu)O

2
 at a low enough content that the performance of the 

fuel and core is unaffected, were discussed by Pillon [44]. The MAs form solid solutions 
with each other over large compositional ranges so that they are generally introduced in 
this form. However, the properties of actinide carbides and nitrides may make them more 
suitable than oxides as transmutation targets. Possible ceramic or metallic candidate 
materials can be chosen as IMFs using the following criteria [45]: (i) the inert matrix 
must be transparent to neutrons, its neutron cross-section must, therefore, be low and no 
FPs should be generated; (ii) specific physical properties are required such as high 
melting temperature. In the case of a phase transformation, the temperature must be at a 
value well above the operating temperature of the fuel; (iii) compatibility with neigh-
boring materials is also a concern (cladding, coolant, fissile phase, and FPs). Indeed, new 
phases formed as a result of chemical reactions between the matrix and the fissile phase 
may lower the fuel melting temperature; (iv) the last criterion concerns the behavior 
under irradiation. Three main areas are of concern: the behavior of materials with respect 
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to irradiation damage, and the thermomechanical and thermochemical behaviors. 
Considering these different criteria, IMFs fall into three categories [46]:

•• Homogeneous fuels, in which the Pu forms a solid solution with the inert matrix. 
Principle candidate materials of this type of inert matrix are ceramic oxides such as 
ZrO

2
, (Y,Zr)O

2
 (YSZ), and CeO

2
. These ceramics were chosen because of the small 

neutron cross-section of their components, high melting points, and low reactivi-
ties with the Zircaloy cladding and reactor water [47]. A major disadvantage of 
these matrices is their relatively low thermal conductivities compared to UO

2
 at 

room temperature, which could induce large thermal gradients within the fuel.

•• Heterogeneous particle fuels, in which the Pu particles are embedded in an inert 
matrix, such as MgO.

•• Hybrid or composite fuels, which can either be CERCERS such as a (Y,Pu,Zr)
O

2−x
 solid solution embedded in a YSZ matrix, or CERMETS, where the metal 

could be Mo, Cr, Al or certain ferritic steels.

Much of the key work in this area has been performed by the CEA in France and at the 
European Institute for TransUranium elements (ITU) in Karlsruhe, Germany. The primary 
concern for any potential inert matrix material is its neutronic properties; to be consistent 
with the definition of an IMF, it must remain neutron transparent, typically with a thermal 
neutron absorption cross-section smaller than 0.2 × 10−24 cm−2. Beyond this, typical prop-
erties for an IMF are the same as those for any fuel: suitable thermal conductivity and 
acceptable thermal expansion coefficient, phase stability over large temperature ranges 
and high irradiation doses, and inactivity with respect to FPs, reactor water, and cladding. 
Much like composite fuels, fabrication of IMF pellets may be achieved through one of the 
three routes: coprecipitation of the oxy-hydroxides from concentrated nitrate solutions of 
all components, a dry powder mixing/milling route, or via a sol-gel process [48].

15.4.3  Other Fuel Cladding Applications

SiC
f
/SiC composite ceramics (which like MAX phases are not UHTCs) are being exam-

ined as refractory cladding systems (e.g., in future GFRs as ATFs) to avoid the sort of 
problem that occurred at Fukushima where melting of the zircalloy cladding led to 
hydrogen generation and the explosions that destroyed the reactor buildings [49]. Indeed, 
SiC

f
/SiC composites show toughness six times as high as the corresponding silicon 

carbide monoliths. Nevertheless, the significant porosity of typical SiC
f
/SiC composite 

ceramics leads to a decrease in the thermal conductivity and to permeability to the FPs 
[50]. To enhance the density of composites, promising methods of synthesis being inves-
tigated include the Nanopowder Infiltration and Transient Eutectoid (NITE) process. In 
the same manner, replacement of SiC-based composites by high thermal conductivity 
ceramics such as TiC or ZrC is being examined. These latter materials show an excellent 
ability to retain the FPs under GFR severe accident scenarios [51].

The cladding material in GFRs is made of non-oxide ceramics but also of metallic 
liners (W-Re, Mo-Re, or Nb-Zr) that surround the ceramics. The inner liner is located 
between the nuclear fuels and ceramics and is dedicated to fission production retention 
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[52]. The outer liner avoids migration of the helium coolant in the cladding ceramics. 
Increasing the number of interfaces in the fuel assembly with additional liners may lead 
to damaging reactions between the liner and (U, Pu)C, leading to liquid phases from 
1880°C or to reactions between the SiC-based cladding materials and liner (Mo, W, Re) 
causing formation of low melting mixed phases at approximately 1200°C.

Hoffmann [25] examined the potential of the MAX phases Ti
3
SiC

2
, Ti

3
AlC

2
, and 

Ti
2
AlC for such applications. Many Al-containing MAX phases are stable in inert 

atmospheres up to >1500°C. Ti
3
SiC

2
 is stable up to 2200°C. However, on exposure to 

oxidizing atmospheres at high temperature, MAX phases form oxide scales, the 
nature of which varies with the composition of the MAX phase. In Ti

2
AlC, the scales 

are protective to 1350°C for 8000 cycles, enabling their commercial application in 
furnace heating elements. The oxide scales of dense polycrystalline Ti

2
AlC and 

Ti
3
AlC

2
 in air are comprised of Al

2
O

3
 and TiO

2
 layers at temperatures below 1200°C. 

At higher temperatures, Al
2
TiO

5
 forms, which has a high thermal expansion coeffi-

cient and causes cracking of the protective oxide, limiting oxidation resistance above 
1400°C.

A key factor in using materials in nuclear applications is activation during use, 
making waste disposal challenging due to transmutation reactions leading to formation 
of long-lived and highly radioactive species. MAX phases were predicted and empiri-
cally observed to behave well when exposed to idealized fast and thermal reactor 
neutron spectra, behaving similarly to SiC and much better than potential metal alloys 
as they are composed of low Z elements that exhibit no long-term activation. Ti

3
SiC

2
 

and Ti
3
AlC

2
 have also been observed to have high tolerances to radiation damage due 

to the nature of their bonding and structural ability to recover from atomic displace-
ment damage. The combination of oxidation resistance to 1400°C, tolerance to radia-
tion damage, good mechanical properties, ease of fabrication, and lack of activation 
make MAX phases strong candidates for future reactor structural applications including 
fuel cladding.

15.5  Other Possible Future Fission and Fusion Applications

Advances in waste separation technology [53] afford the opportunity to develop ceramic 
targets containing separated wastes (e.g., Minor Actinides, MA), which can then be 
bombarded with neutrons in a reactor or accelerator to induce transmutation and remove 
difficult radionuclides. International partitioning and transmutation (P&T) programs 
have examined ceramic transmutation targets. The differences between IMFs for 
burning in a reactor and P&T targets are somewhat diffuse. P&T aims at separating 
long-lived isotopes, followed by their nuclear transformation into shorter-lived 
nuclides—based in part upon the precept that this has a safety benefit with respect to 
waste management. Reprocessing of spent nuclear fuel when the aim is to recycle acti-
nides as fuel (e.g., as MOX) is effectively a form of P&T (in that it reduces the proportion 
of radionuclides with long half-lives in the resulting waste stream). Transmutation tar-
gets come in two main forms: homogeneous actinide-containing solid solutions (e.g., 
(Y,Zr,Cm)O

2−x
 and (Am,Y)N made by sol gel routes) or heterogeneous composites of 
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sol-gel infiltrated actinide-containing particles (e.g., (Y,Zr,Cm)O
2−x

, (Pu,MA,Zr)O
2
 and 

(Pu,MA,Zr)N mixed with inert matrix phases such as MgO, MgAl
2
O

4
, TiN, and ZrN, 

then pressed and sintered). Heterogeneous fuels have the benefit of minimizing radia-
tion-induced property changes by localizing fission heavy ion damage to isolated 
regions containing the MA.

While graphite moderators have been used in some reactor designs (e.g., UK AGR) 
and B

4
C control rods in others (e.g., BWRs), other large volume applications of non-

oxide ceramics in current fission reactors have been limited. However, due to the far 
higher temperatures that will occur in, for example, the VHTR, large volumes of non-
oxide, particularly graphitic and carbon-fiber reinforced carbon matrix composite (C/C) 
ceramics will be needed. For example, C/C composites are being examined for control 
rod elements in the VHTR with a focus on the impact of temperature and irradiation 
damage on properties and dimensional change. It has been shown that graphite material 
databases can be used to support evaluation of graphitised C/C [54]. In addition, SiC/
SiC and C/C composites are potential candidates for blanket structural applications in 
Magnetic Confinement Fusion (MCF) tokamaks. The possibility of using monolithic 
and composite SiC thermal insulation for both fission and fusion systems is under inves-
tigation, although clearly oxidation behavior in service and in accident scenarios must 
be well understood [55].

Such applications require materials able to function in extreme environments 
including of high temperature, oxidation, stress, and irradiation flux and energy 
including, for example, above 1000°C in fast neutron environments. Hoffman et al. [25] 
examined the potential of Ti

3
SiC

2
, Ti

3
AlC

2
, and Ti

2
AlC for such applications. UHTCs 

are typically defined as ceramics designed to operate at temperatures above 2000°C, and 
since the U and Pu carbides and nitrides illustrated in Table 15.5 typically melt at tem-
peratures above 3000°C they are de facto UHTCs. Significant challenges remain 
including understanding neutron irradiation damage and its impact on dimensions and 
thermal conductivity, physical sputtering, chemical erosion, radiation-enhanced subli-
mation, and joining of carbon fiber composites to heat sink materials. Radiation damage 
is a key issue in all materials that will be used in fusion reactors.

Uses of ceramics in fusion reactor systems will be both functional (such as the 
ceramic superconductors in the magnet systems for controlling the plasma) and struc-
tural in various locations outside of the first wall in MCF including use of single-crystal 
sapphire in diagnostic windows and ports. A recent review [56] emphasized that the 
plasma facing components, first wall, and blanket systems of tokamak-based fusion 
power plants arguably represent the single greatest materials engineering challenge of 
all time. Wirth et al. [56] highlighted the numerous multiscale modeling grand chal-
lenges, in particular the plasma materials interactions, the extreme heat and particle 
flux environments and complexity of extracting the tritium from breeder blankets, and 
the large and time-varying thermomechanical stresses in structural materials all subject 
to 14.1 MeV neutrons causing extensive irradiation damage, which has significant 
effects on thermal, mechanical, and electrical properties. Snead and Ferraris [57] high-
light the current use and future potential for carbon as a plasma facing material in toka-
maks. Potential fusion applications of UHTCs include tokamak diverters and plasma 
facing materials.
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15.6  Thermodynamics of Nuclear Systems

Determination of accurate phase equilibria and thermochemical behavior in such fuels 
is challenging for several reasons: (i) 60 elements are generated by actinide fission, 
(ii)  complex metals and oxide solid solutions are formed, (iii) thermally and 
compositionally driven transport processes result in compositional inhomogeneities, 
and (iv) radiation effects in such complex phases are not well understood. Relationships 
among components in these complex and radioactive phases are defined only for a few 
systems. To begin to address such problems, an assessed database of phase equilibria 
and thermochemical values is required, as have been developed via the European Actinet 
and F-Bridge programs leading to the FUELBASE database for advanced nuclear fuel 
materials systems such as U-Pu-O-C, U-Pu-Am-Np-O, and U-Pu-Si-C [58].

The FUELBASE thermodynamic database is based on critical assessments and on 
the modeling of binary and ternary systems using the calculation of phase diagrams 
(CalPhaD) method, allowing further developments of higher order systems. This method 
relies on the Gibbs energy evaluation of each phase, as simple in appearance as pure 
elements [59], stoichiometric compounds (SSUB, SGTE) [60], and solid solutions. The 
Gibbs energy function of a specific phase is evaluated as polynomial expressions of the 
temperature. Various models are used for the chemical description of the considered 
phase (mainly related to crystallographic and ordering considerations) [61].

This database could be used for equilibrium calculations, representative of differ-
ent steps in fuel processing from the fabrication to the behavior in operation, the inter-
actions between the fuel and the selected cladding material, and also for different 
scenarios (nominal and off-normal operating conditions). It also allows selection of 
different materials based on possible interactions (solubility, formation of an unde-
sired compound or a liquid phase). Besides the systems concerning U- and Pu-based 
kernels themselves, this database includes ceramic systems for cladding or structural 
materials and takes into account possible interactions between all these constituents 
with the fuel kernel.

This thermodynamic database represents an important modeling effort that allows 
the selection of materials for specific operating conditions without dedicated hazardous 
and difficult experiments (radioactivity, use of shielded cells, etc.). Currently, 
fundamental understanding of irradiated fuel chemistry as a function of temperature and 
burnup is not possible. FPs are not included, and minor actinide (Am, Np, Cm) introduc-
tion to the database is on-going.

The CalPhaD method reveals the stability domains of GFR reactor fuels. For 
example, the multiphase carbide fuel (U,Pu)C + (U,Pu)

2
C

3
 appears to be the most stable 

with no trace of free carbon and liquid phase under argon up to 1973 K. This last tem-
perature could be correlated to that of the incidental conditions or could be related to the 
presence of heat points. From this temperature, a liquid phase could be evidenced in 
equilibrium with the two carbides (Fig. 15.5).

From thermodynamic calculations, the interactions between fuel and cladding 
materials in the GFR context could be studied. For a UC fuel embedded in a SiC inert 
matrix, phase diagram modeling has confirmed that no interaction occurs at the usual 
operating temperature, or at a higher temperature of 1600°C for a C-rich UC fuel 
(Fig. 15.6).
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In contrast, for a nitride-based fuel like UN and a SiC cladding material, the ther-
modynamic approach shows that a U-Si intermetallic phase appears at 1723 K. At higher 
temperature, a liquid phase appears, thus prohibiting the use of this UN/SiC cladding 
couple [63].

15.7  Conclusions

The melting temperatures of current oxide and future non-oxide nuclear fuels make 
them de facto UHTCs. Other UHTCs as well as non-UHTCs such as MAX phases and 
SiC/SiC will undoubtedly find application in future fission and fusion reactor systems 
due to their ability to survive severe conditions of temperature, atmosphere, and radia-
tion damage. Development of complex composite ceramics and careful consideration of 
thermodynamic aspects will be key to their development.
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UHTC-Based Hot 
Structures: 

Characterization, Design, 
and On-Ground/In-Flight 

Testing

16.1  Introduction

Passive thermal protection systems (TPS) for hypersonic vehicles are essential to pro-
tect cold structures from high heat fluxes during the reentry phase into the Earth’s 
atmosphere. TPS materials fall into two broad categories: ablative and reusable.

Ablative materials as TPS were employed in the Apollo program [1–3]. Thermal 
protection is achieved through endothermic chemical processes such as melting, subli-
mation, or pyrolysis of ablative materials, which are usually low thermal conductivity 
insulators such as carbon phenolic composites. Reusable TPS must withstand aerody-
namic loads at very high operational temperatures reached during reentry. Among reus-
able TPS are monolithic ceramics and ceramic matrix composites such as carbon fiber 
reinforced silicon carbide composites (C/SiC) [4, 5]. Ceramic compounds based on the 
metal borides, such as zirconium diboride (ZrB

2
) and hafnium diboride (HfB

2
), are 
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commonly referred to as Ultra-High-Temperature Ceramics (UHTCs). This class of 
materials is promising for use in extreme environments, such as sharp leading edges hot 
structures on future-generation slender-shaped reentry vehicles, because of their high 
melting points (ZrB

2
 3040°C, HfB

2
 3250°C) and relatively good oxidation resistance in 

reentry conditions [6–10].
In the framework of the unmanned space vehicle (USV) project funded by the 

Italian Aerospace Program (PRORA) and within various other European programs, 
since 2000 the Italian Aerospace Research Centre (CIRA) has studied, developed, and 
tested monolithic UHTCs to employ as passive structural TPS [11–14], henceforth 
referred to as hot structures. In Figure 16.1 CIRA’s roadmap of experimental activities 
performed on hot structures in the last 10 years is summarized.
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Figure 16.1. C IRA activities on UHTCs for thermal protection systems.
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16.2  TPS: Test Articles and Prototypes

In the framework of the internal CIRA project named sharp hot structure (SHS), three 
full scale nose caps characterized by small curvature radii for vehicle reentry from LEO 
(low Earth orbit) were designed, manufactured, and then tested at high stagnation point 
heat flux. The nose caps were identified as Nose_0, 1, and 2.

The test article Nose_0 was a cone relatively small in size (height 174 mm and 
diameter 127 mm) constructed with a graphite core and an external layer of C/SiC 
(thickness 5 mm) applied by chemical vapor infiltration. The oxidation resistance of 
the structure was improved by a plasma-sprayed ZrB

2
-based UHTC coating. Plasma 

deposition was carried out by an 80 kW plasma torch, which allows depositions in the 
pressure range 10–400 kPa under air or inert atmosphere. The protective coating was 
obtained starting from a mixture of ZrB

2
 and SiC powders with 75 and 25 wt%, 

respectively (more details on deposition process are described in Refs. [15–17]). That 
composition was selected to obtain a coating with good oxidation resistance. Previous 
studies have described how the addition of SiC, used also as sintering aid, provides 
significant improvement to the oxidation resistance of monolithic ZrB

2
-based UHTCs 

[18]. Although Nose_0 only employs UHTC materials in form of a coating, its man-
ufacturing allowed CIRA to familiarize with the fabrication of C/SiC components, 
the deposition of UHTC by plasma spraying on axially symmetric structures, the 
design and manufacturing of a mechanical interface with a cold structure, and then 
with the testing of a SHS in the plasma wind tunnel (PWT) “Scirocco” (see 
Section 16.3).

Noses_1 and 2 were manufactured to obtain and then study more complex test arti-
cles wherein topics such as the attachment of massive UHTCs and C/SiC composites to 
substructures or the deposition of UHTC-based coatings on relatively large and complex 
shaped structures were faced.

Nose_1 and Nose_2 consisted of a monolithic ZrB
2
-based UHTC conical nose tip 

with height of 100 mm attached to a truncated cone base (height 404 mm and diameter 
304 mm) with a graphite core and an external layer of C/SiC (Fig.  16.2). The same 
UHTC coating (ZrB

2
 and SiC with 75 and 25 wt%) was deposited by plasma spray on 

the truncated cone bases of both prototypes in order to improve their oxidation resis-
tance. In the case of Nose_1, coating adhesion to the C/SiC substrate was not uniform 
due to the relatively large coating thickness of about 1 mm. These adhesion problems 
were not observed on the C/SiC base of Nose_2 where the coating thickness was reduced 
to about 300–500 µm.

The chemical composition of the monolithic nose tips is the main difference bet-
ween Nose_1 and Nose_2: ZrB

2
 + 15 vol% SiC + 2 vol% MoSi

2
 (ZS) in the former and 

ZrB
2
 + 10 vol% HfB

2
 + 15 vol% SiC + 2 vol% MoSi

2
 (ZHS) in the latter.

SiC addition was found to improve the processing by lowering sintering tempera-
tures of diborides-based UHTCs [19–21] and improving the oxidation resistance. In 
fact the oxidation of pure ZrB

2
 above 1200°C produces B

2
O

3
 which, being character-

ized by intensive volatility, is not able to form a stable and protective oxide scale 
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[22–28]. The addition of SiC enhances resistance to the oxidation of diborides-based 
monolithic ceramics up to 1600°C through the formation of borosilicate glass 
[18, 24–26, 29–43].

Nose cone tips were manufactured by uniaxial hot-pressing in vacuum starting 
from powder mixtures containing MoSi

2
 as a sintering aid. Peak temperatures, dwell 

times, and applied pressures were 1820°C/15 min/30 MPa for material ZS, and 1900–
1940°C/45 min/40 MPa for material ZHS, with an average heating rate of 20°C/min. 
The relatively high electrical conductivity of ZS and ZHS compositions allows the final 
shapes in both nose tips to be fabricated from sintered billets by electrical discharge 
machining (EDM). Although EDMed surfaces had a higher roughness with respect to 
diamond-loaded tooled (DLTed) ones [44], EDM has proven to be an effective and flex-
ible technique to machine UHTC sintered pieces into complex components. 
Thermomechanical and physical properties of ZS and ZHS formulations obtained by 
CIRA are summarized in Table 16.1.

For use as hot structures, parameters such as emissivity (ratio of surface radiance to 
blackbody radiance at the same temperature and wavelength) and catalicity need to be 
evaluated in addition to characterizing the conventional thermomechanical properties 
measurements. Emissivity can become the main mechanism for heat dissipation at high 
altitudes during reentry phase, when convection is low. Catalicity is also important since 
while crossing the atmosphere, a space vehicle creates a shock wave leading to very 
high temperatures from recombination of excited and ionized species (atoms, mole-
cules, ions, and electrons).

C/SiC
frame

Nose tip
(monolithic ceramic)

ZrB2/SiC
Plasma sprayed

Base

Figure 16.2. C onfiguration of test articles. Nose_1: breaking of nose tip during the plasma test.
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Table 16.1.  Thermomechanical and physical properties of ZrB2 + 15 vol% SiC + 2 vol% 
MoSi2 (ZS) and ZrB2 + 10 vol% HfB2 + 15 vol% SiC + 2 vol% MoSi2 (ZHS) formulations [45]

Property ZS ZHS

Density (kg/m3) 5610 ± 10 6060 ± 15
Porosity (%) <1 <1
Specific heat T (K) CP (J/g·K) T (K) CP (J/g·K)

298 0.46 ± 0.01 298 0.52 ± 0.02
500 0.60 ± 0.02 500 0.67 ± 0.02

1000 0.70 ± 0.02 1000 0.76 ± 0.02
1500 0.75 ± 0.02 1500 0.81 ± 0.02
2000 0.79 ± 0.02 2000 0.84 ± 0.02

Total hemispherical 
emissivitya (measurement 
performed on EDMed 
sample at 200 Pa)

T (K) Emissivity T (K) Emissivity
1037 0.77 ± 0.04 1144 0.56 ± 0.10
1169 0.71 ± 0.03 1434 0.73 ± 0.07
1250 0.72 ± 0.04 1733 0.72 ± 0.10
1319 0.73 ± 0.04
1485 0.75 ± 0.04
1681 0.72 ± 0.04

Total hemispherical 
emissivitya,b (measurement 
performed on EDMed 
samples at 10 Pa)

T (K) Emissivity T (K) Emissivity
1099 0.53 ± 0.03 1171 0.50 ± 0.03
1170 0.66 ± 0.03 1366 0.74 ± 0.04
1418 0.81 ± 0.04 1533 0.81 ± 0.04
1609 0.76 ± 0.04 1720 0.75 ± 0.04
1865 0.66 ± 0.03

Atomic oxygen 
recombination coefficientb,c 
(γ) (measurement 
performed on EDMed 
sample at 200 Pa)

T (K) γ ×10−2 T (K) γ ×10−2

850–1200 0.8 ± 0.2 1000 3.0 ± 0.9
1400 1.6 ± 0.5 1200 5.4 ± 1.6
1600 1.7 ± 0.5 1400 6.5 ± 1.9
1800 1.9 ± 0.6 1600 9.2 ± 2.8
2000 2.9 ± 0.9 1800 9.7 ± 2.9

Total hemispherical 
emissivitya,b (measurement 
performed on DLTed 
sample at 10 Pa)

T (K) Emissivity T (K) Emissivity
1188 0.53 ± 0.03 1168 0.49 ± 0.02
1397 0.71 ± 0.04 1422 0.62 ± 0.03
1595 0.76 ± 0.04 1600 0.70 ± 0.04
1720 0.73 ± 0.04 1701 0.71 ± 0.04

Atomic oxygen 
recombination coefficientb,c 
(γ) (measurement 
performed on DLTed 
sample at 200 Pa)

T (K) γ ×10−2 T (K) γ ×10−2

1000 2.4 ± 0.7 1000 1.6 ± 0.5
1200 4.4 ± 1.2 1200 4.0 ± 1.2
1400 5.6 ± 1.7 1400 6.9 ± 2.1
1600 7.7 ± 2.3 1600 10.5 ± 3.1
1800 9.5 ± 2.8 1800 11.5 ± 3.4

Thermal conductivity 
(uncertain 7%)

T (K) λ (W/m·K) T (K) λ (W/m·K)
303 62.47 303 79.87
523 64.02 523 83.14

1023 64.83 1023 83.88
1473 65.18 1473 85.03
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The key parameter for describing surface catalicity is the recombination coefficient, 
𝛾, which is defined as:

γ =
N

N
r

where N
r
 is the number of atoms that recombine on a surface per unit area and time, and 

N is the number of atoms striking the surface per unit area and time.
Since 2005, hemispheric emissivity and atomic oxygen recombination coefficients 

of UHTCs were obtained through different experimental campaigns carried out at 
PROMES-CNRS laboratories [44, 46, 47] using MEDIASE (Moyen d’Essai et de 
DIagnostic en Ambiance Spatiale Extrême) [48, 49] and MESOX (Moyen d’Essai 
Solaire d’Oxydation) [50, 51]. Nose_1 and Nose_2 prototypes were tested in PWT 
“Scirocco” wherein heat flux up to 4.5 MW/m2 was reached for a total duration of about 
4 min. Details and results from these plasma tests are described in Section 16.3.

From the perspective of chemical reactions and thermodynamics, on-ground quali-
fication and characterization of aerospace materials cannot reproduce all aspects of the 
hypersonic flight environment. Hence, to close the loop between scientific knowledge 
and the mutual relationship among theoretical, on-ground, and flight research, materials 
must be tested in real flight conditions. For this purpose, the Nose_1 and Nose_2 formu-
lations were also used to manufacture test articles for the technological projects EXPERT 
(European eXPErimental Reentry Test-bed) and SHARK (Sounding Hypersonic 

Table 16.1.  (Continued  )

Property ZS ZHS

Vickers hardness HV
1.0

 (GPa) 17.7 ± 0.4 18.2 ± 0.5
Fracture toughness K

IC
 

(MPa·m1/2)
4.07 ± 0.03 at 298 K 4.1 ± 0.7 at 298 K
2.5 ± 0.2 at 1773 K

Young modulus (GPa) 480 ± 4 506 ± 4
Flexural strength (MPa) 8.9 ± 1.2 E + 02 at 298 K 7.6 ± 0.7 E + 02 at 298 K

2.5 ± 0.2 E + 02 at 1773 K 2.4 ± 0.2 E + 02 at 1773 K
Poisson’s ratio 0.13 0.13
CTE (cm/cm⋅K) T (K) CTE (×10−6) T (K) CTE (×10−6)

1073 6.67 1073 6.74
1173 6.79 1173 6.85
1273 6.95 1273 7.00
1373 7.02 1373 7.09
1473 7.01 1473 7.20
1573 7.11 1573 7.24

a Total hemispherical emissivity: values obtained by angular integration (0°–80° by 10° step) of the 
directional emissivity measured in the wavelength range of 0.6–40 µm (for more details  
see References [48, 49]).
b Data from Reference [44].
c Atomic oxygen recombination coefficient: method and experimental set-up are described in Refs. [50, 51].
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Atmospheric Reentering “Kapsule”). These two projects provided a means of evaluating 
UHTC-based thermostructural components under real flight conditions.

In the frame of the European Space Agency (ESA) Program EXPERT, CIRA devel-
oped a scientific payload to test a UHTC structure in flight. The objective was to design, 
manufacture, and test a structural subcomponent. Two small winglets were made of ZS 
(same composition of Nose_1 tip). They were in a dimension of 5 × 10 cm and mounted 
on the external surface of the capsule where they would be exposed to the high energy 
air flow of the suborbital reentry trajectory [52], which is described in more detail in 
Section 16.4.

SHARK is a small capsule designed and built at CIRA under an ESA contract. The 
aim of the project was to prove the viability of a low-cost experimental space platform 
and execute a reentry test flight by dropping a capsule from a sounding rocket. The cap-
sule comprised of a stainless steel frontal shield with a UHTC nose tip machined from 
the Nose_2 (ZHS) prototype after its ground test in the PWT “Scirocco.” The technical 
details of this flight experiment and the experimental findings are described in 
Section 16.5.

In the frame of the Advanced Structural Assembly (ASA) project, funded by 
Agential Spaziale Italiana (ASI), a full scale technological demonstrator (the forepart of 
a wing leading edge) was designed, manufactured, and then tested in the PWT. The base 
formulation was a ceramic material lighter than the UHTCs used in nose prototypes. 
The composition had a higher damage tolerance (a requirement for large-scale mono-
lithic ceramic components), but with lower chemical stability at high temperatures, 
which was improved by a UHTC coating.

A wide characterization campaign was performed on different ceramic composi-
tions to select the formulation with higher values of fracture toughness and thermal 
shock resistance. These properties were evaluated through the measurement of four-
point residual flexure strength [53] after quenching in water (thermal shock up to 
900°C). Based on materials requirements defined by ASA project, the compositions 
listed in Table 16.2 were selected and then characterized.

Processing conditions for pressureless sintering were flowing inert gas, a heating 
rate of 10°C/min, and temperatures up to 1900°C. For hot pressing, the heating rate was 
about 20°C/min up to 1900°C at a pressure of 30 MPa.

The selected composition for the bulk ceramic part of the leading edge was 
Si

3
N

4
 + 35 vol% MoSi

2
 + 2.5 vol% Y

2
O

3
 + 1 vol% Al

2
O

3
 (RAY2535M). Compared to the 

other formulations, this composition had the highest flexure strength values that were 

Table 16.2.  Ceramic formulations and related densification processes: hot-pressing (HP) 
and pressureless sintering (PLS)

ID Basic composition (vol%) Densification process

Z3M ZrB
2
 + 3 MoSi

2
HP

RAY2535M Si
3
N

4
 + 35 MoSi

2
HP

Z20M ZrB
2
 + 20 MoSi

2
PLS

ASM30 AlN + 30 MoSi
2
 + 15 SiC PLS
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retained even after a thermal shock temperature drop of 650°C. In Table 16.3, the values 
of some thermomechanical properties of RAY2535M are reported.

The leading edge was shaped by EDM starting from a monolithic ceramic billet. To 
increase oxidation resistance of the monolithic ceramic, a coating of ZrB

2
 + 30 vol% 

SiC + 10 vol% MoSi
2
 with a thickness of about 150 µm was applied by plasma spray on 

the leading edge surface. That composition was selected among different coating formu-
lations after a wide experimental characterization campaign in which morphological 
structure, adhesion to the selected massive ceramic substrate, and oxidation resistance 
(assessed by plasma torch test under high enthalpy flow conditions—maximum temper-
atures reached were about 1750°C) were evaluated.

At the same time as technology research in prototype manufacturing, base material 
research was conducted on the reference UHTC composition (ZrB

2
-SiC), with the aim 

to improve its sinterability and oxidation resistance. In this study, LaB
6
 was considered 

as a ceramic additive. The presence of LaB
6
 could potentially increase the oxidation 

resistance ZrB
2
 through the formation of a refractory oxidation by-product, lanthanum 

Table 16.3.  Thermomechanical properties of massive Si3N4 + 35 vol% MoSi2 + 2.5 Y2O3 + 
1 Al2O3 (RAY2535)

Properties Si
3
N

4
 + 35 vol% MoSi

2
 + 2.5 Y

2
O

3
 + 1 Al

2
O

3

Density (kg/m3) 4200 at 298 K
4216 at 873 K
4235 at 1573 K

Specific heat T (K) CP (J/g·K)
298 0.567
573 0.717
1073 0.787
1573 0.832

Thermal diffusivity T (K) DTH (cm2/s)
298 0.131
573 0.073
1073 0.048
1573 0.039

Thermal conductivity T (K) KTH (W/m·K)
298 31.2
573 22.0
1073 15.8
1573 13.7

Elastic modulus (GPa) 328
Microhardness (GPa) 15.8 ± 0.2
Fracture toughness K

IC
 (MPa·m1/2) 6.0 ± 0.2 at 298 K

CTE (10−6/K) 6.5; 298–1573 K
Flexural strength (MPa) 915 ± 65 at 298 K

755 ± 90 at 1273 K
250 ± 28 at 1573 K
148 ± 7 at 1773 K
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zirconate (La
2
Zr

2
O

7
, LZ), to limit the inward diffusion of oxygen [54–56]. This 

compound has cubic pyrochlore structure [57] and is thermodynamically stable up to 
the melting point (at about 2300°C) [58]. Monolithic samples with 15 vol% SiC and 
different loadings of LaB

6
 (from 10 to 20 vol%) were sintered by hot pressing under a 

rough vacuum of 0.2–1 mbar. The hot pressing cycle included heating up to 1930°C with 
an applied pressure of 30 MPa and a heating rate of 20°C/min, followed by an iso-
thermal hold at 1930°C for 15 min under a pressure of 40 MPa. Oxidation tests on ZrB

2
-

LaB
6
-SiC based UHTC formulations were carried out by arc-jet experiments on EDMed 

hemispherical-shaped samples for at least 6 min at a specific total enthalpy of about 
10 MJ/kg to reproduce the typical experimental conditions during the hypersonic reentry 
phase. Microstructural characterization showed that surface damage increased with 
increasing ratios of LaB

6
/ZrB

2
, making the formulation with 10 vol% of LaB

6
 the most 

resistant to oxidation. In any case, ZrB
2
-LaB

6
-SiC based ceramic formulations are char-

acterized by lower oxidation resistance than ZS UHTCs, because a protective lanthanum 
zirconate layer did not form [59]. Thermomechanical properties of ZrB

2
 + 15 vol% 

SiC + 10 vol% LaB
6
 are summarized in Table 16.4.

16.3  Plasma Tests of Nose Test Articles

The test article Nose_0 withstood three sequential runs in the PWT “Scirocco,” with a 
heat flux of about 1100 kW/m2 on the stagnation point and an overall exposure time of 
about 140 s. After the tests, negligible changes to the external surfaces were observed. 
The test article Nose_1 was tested at a heat flux of 1200 kW/m2 on the stagnation point 
and was intended to last for 72 s. The coating sustained the thermal load, while an unex-
pected failure occurred to the monolithic tip. After 28 s, the monolithic tip broke into 
two large parts and produced several pieces of debris (Fig.  16.2). After the test, the 
causes of the failure were studied to identify corrective actions aimed at reproducing a 
second test article that would be able to sustain the thermal loads. In particular, attention 

Table 16.4.  Thermomechanical properties of massive ZrB2 + 15 vol% SiC + 10 vol% LaB6 [59]

Properties ZrB
2
 + 15 vol% SiC + 10 vol% LaB

6

Density (kg/m3) 5500 at 298 K
Porosity (%) <0.1
Thermal conductivity T (K) KTH (W/m·K)

300 129.0
1073 106.7
1773 97.8

Elastic modulus (GPa) 465
Fracture toughness K

IC
 (MPa·m1/2) 2.8 ± 0.4 at 293 K

CTE (10−6/K) 6.95; 293–1573 K
Flexural strength (MPa) 608 ± 103 at 293 K

405 ± 30 at 1573 K
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was focused on the threaded hole manufactured by EDM in the monolithic nose tip 
to attach the nose tip to the C/SiC base using a titanium screw. Optical and electron 
microscopic analyses performed on the broken fragments revealed the presence of 
microcracks localized on the surface of the thread due to the EDM process. The low 
temperature at the moment of failure and the microscopic analyses led to the conclusion 
that the failure was caused by the concentration of micromechanical loads on micro-
cracks present inside the tip that were in contact with the titanium screw.

As a result of the Nose_1 test results, Nose_2 fabrication was delayed and the 
attachment concept between tip and base was redesigned. In particular, the mechanical 
interface between the monolithic tip and the C/SiC base was changed to a metallic 
fastener preloaded with a spring, which avoided the use of any threaded pivot or hole 
[60]. The concept of the coupling pin is as follows: the pin is introduced into the hole 
and then rotated by 90° to ensure contact. The spring allows control of the applied pre-
load even in presence of thermal expansion, minimizing stresses induced by heating. 
Moreover, the possibility of removing the tip allowed carrying out subsequent 
machining of the test article: the monolithic tip was retro-fitted with two temperature 
sensors and one deformation transducer based on fiber optics, without inducing stress 
on the ceramic tip.

Three plasma tests were performed on Nose_2. The first one was executed at the 
same conditions used for the test on Nose_1 and the test article sustained the heating 
load for the duration of the test. The second consecutive test was successfully carried 
out increasing the heat flux up to 2.1 MW/m2 for 108 s. The measured temperature on 
the stagnation point of the tip was about 1800°C; no damage was detected at the end of 
the test. Finally, the third run pushed the heat flux up to 4.5 MW/m2. After 30 s of 
exposure the test article failed dramatically.

16.4  EXPERT Project: Computational Fluid Dynamics 
Computations and Plasma Tests

The ceramic monolith winglet from the EXPERT capsule is shown in Figure 16.3.
Computational fluid dynamics (CFD) simulations of a winglet on a flat surface sim-

ilar to the capsule were carried out for the maximum peak heating foreseen during the 
reentry phase (altitude = 34 km, Mach = 14). The simulations used the conservative 
assumption of an isothermal 3D winglet (T

wall
 = 300 K) and imposed the appropriate inlet 

boundary conditions and axis-symmetric field computations at the winglet locations. 
Figure 16.4 shows the distribution of heat flux and pressure values at the maximum heat 
flux conditions under the assumption of a fully catalytic wall. Evaluation of the winglet 
temperature was performed combining CFD analysis with a thermal model of the struc-
ture. The maximum value of temperature reached on the leading edge surface, evaluated 
at time of 78 s starting from an initial altitude of 100 km, was about 2130 K for a fully 
catalytic wall and about 1700 K for an inert wall (Fig. 16.4). In any case, the temperature 
of the metallic support did not exceed its maximum allowable value of about 1500 K.

To evaluate the interaction of the shock wave from the winglet with the flaps, the 
pressure distributions on two planes (located at 1.5 cm and at 4.5 cm from the capsule 
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Figure 16.3.  (a) Monolithic ceramic winglet flight models mounted on the EXPERT TPS and 

the (b) EXPERT capsule.

(a)

Zexpert(b)

YexpertXexpert
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Figure 16.4. C FD analysis: (a) surface heat flux (W/m2), (b) pressure (Pa), (c) temperature (K) 

distributions in fully catalytic conditions, (d) heat fluxes (W/m2), and 
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surface) were calculated. Also, the pressure distributions on the capsule wall and on the 
plane located 10 cm from the winglet front region were evaluated. Disturbances were 
found to be relatively low in pressure (15 kPa) in a limited region very close to the cap-
sule (Fig. 16.4).

One of the most challenging aspects of a flight experiment is to produce a mechanical 
interface that allows coupling the UHTC winglet, which is subjected to large heat fluxes 
and mechanical loads, to the metallic structure of the capsule. Mechanical loads are gen-
erated from the thermal expansion of the subcomponents that are due to the hot environ-
ment and the load factor during reentry deceleration. Although UHTCs have a high 
coefficient of thermal expansion (CTE) compared to some ceramic materials, these 
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Figure 16.4.  (Continued  ) (e) pressure (Pa) disturbances around the winglet. 

values are still very different from the CTE of the metallic materials of capsule surface. 
To address this issue, the parts of the winglet directly interfaced with the capsule surface 
were made of the same metal, that is, PM 1000 ODS Nickel Alloy. The 2D thermal 
expansion analysis and 3D FEM models showed how the expansion of the metallic 
structures was isolated so that no themomechanical load was produced on the ceramic 
components. The winglets were equipped with five C-type thermocouples and four 
pressure lines to measure, during plasma tests, temperature and pressures, respectively. 
The required passing holes were the most critical issues tackled during the manufac-
turing phase.

Qualification tests for all the equipments that will fly on the capsule were required 
by ESA. In addition to the standard mechanical tests (vibration and shock), a plasma test 
was performed in the CIRA PWT “Scirocco” to reproduce the flight thermal loads to 
which the winglet will be subjected. Reproduction of the flight conditions needed a long 
design process that assessed the possibility of reproducing the thermal load, heat flux, 
and temperature on the UHTC within a 10–20% margin of accuracy. The design started 
from the consideration that the winglet could not be tested by itself, but an instrumented 
model holder was required. This model holder supported the winglet qualification 
model in the same way in which the flight models will be supported on the capsule and 
had to provide an aerothermodynamic field around the winglet able to generate the 
needed heat flux values and distributions. To have meaningful indications about temper-
ature and heat flux levels reached on the winglet surface and about the reproducibility 
with respect to the one obtained in flight, preliminary two-dimensional (2D) analysis 
was matched with 2D computations on the winglet both in flight and in PWT condi-
tions. Then, 3D CFD simulations on the complete model holder and winglet assembly 
were also conducted in PWT conditions.

During the test performed in December 2008 on the qualification model named 
as EXPERT PL15, wall pressures were measured at four points of the winglet leading 
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edge by an electronic pressure scanning transducer (32HD type) while two Infrared 
thermo-cameras monitored the test article (TA) both from the top (emissivity 0.8, 
temperature range 250–3000°C, spatial resolution 5 mm/pixel) and from the side 
(emissivity 0.72, temperature range 250–3000°C, spatial resolution 1.65 mm/pixel). 
The test was executed but, after 35 s under the plasma flow, the holder fractured and 
the run was stopped. Nevertheless, flow total pressure, total enthalpy, stagnation 
pressure, and heat flux measured on the PWT hemispherical and cooled calibration 
probe were collected both during the first 15 s at constant enthalpy (plateau phase) 
and during the ramp at increasing enthalpy just before the facility shut down 
(Table  16.5). IR thermography images recorded 32 s into the test are shown in 
Figure 16.5.

The first European UHTC payload named EXPERT PL15 was on-ground qualified 
for the flight on a scientific space capsule by passing all of the demanding mechanical 
qualification tests—sinusoidal, random, and shock—based on increased test require-
ments and levels with respect to those expected in the real flight. The same qualification 
model was tested in the “Scirocco” PWT and the winglet performed as expected, match-
ing CFD predictions until the failure of the model holder. PL15 has also proven that a 
small UHTC component can survive the foreseen conservative ground qualification 
tests, if great attention is used in the design of the mechanical interface with metallic 
structures of the capsule.

16.5  In-Fling Testing of the Capsule “SHARK”

SHARK is a small capsule (Fig.  16.6) designed and realized at CIRA under ESA 
contract and mounted on the European sounding rocket MAXUS 8 launched on March 
26, 2010, from the Swedish space base ESRANGE, near Kiruna, in the far north of the 
country. Ninety seconds after launch and at 192 km of altitude, SHARK was released 
when the vehicle was flying at 3 km/s with an 88° flight path angle. The ballistic flight 
reached over 700 km altitude. Data acquisition was performed with an onboard com-
puter, and the survival of the data in the memory unit was successful due to the design 
of the hull that protected the internal systems during all flight phases. The system was 

Table 16.5.  Experimental flow conditions during plasma test on the qualification model 
EXPERT PL15

Test phase

Reservoir conditions Calibration probe

Total pressure 
P

0
 (bar)

Total enthalpy H
0
 

(MJ/kg)
Stagnation 
pressure P

s
 

(mbar)

Stagnation 
heat flux 

Q
s
 (kW/m2)

Plateau (0 –15 s) 9.6 8.8 94.5 ± 1.1 1776 ± 90
Heating ramp 
(instant of fracture  
at t = 35 s)

10.7 13.4 104.6 ± 1.1 2435 ± 90



Figure 16.5.  IR thermography images recorded during the test and before the holder fracture 

(t = 32 s) (a) test article in centerline and (b) predicted CFD wall temperature in test conditions.
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Figure 16.6.  3D model and image of SHARK wherein the gray UHTC tip is visible.

able to acquire data from 15 thermocouples and 16 analogical channels. Each temperature 
channel was connected to type-K thermocouple: three were installed inside the UHTC 
tip, some in the fore region close to the external surface aiming to measure the effect of 
the aerothermal heating, and some inside the vehicle to evaluate the effects of heating 
on the internal systems.

The accuracy of the predicted trajectory was improved by utilizing a landing point. 
The retrieval of the capsule on July 1, 2010, was carried out through a satellite emergency 
locator system, operating at 406 MHz. The metallic structure was found in good 
condition while the UHTC tip was broken into four parts, of which only three were 
recovered. The paint on the front stainless steel shield was totally removed by the aero-
dynamic heating, while it was intact on the backside, proving that the reentry attitude 
was nominal (i.e., it did not tumble).

Post-flight analysis showed that the UHTC tip ruptured during flight. The thermo-
couple inserted in the tip measured an abrupt temperature increment and then the signal 
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was lost. At the same time, pressure transducers just downstream the UHTC tips 
measured a pressure variation, due to the different aerodynamic characteristics of the 
capsule after fracture of the tip. The mechanical interface was designed to crush inside 
the capsule allowing part of ceramic tip to survive the impact and offering the possibility 
of post-flight analyses on the UHTC.

Accelerometers sensed the reduction of the drag coefficient that occurred during 
the transition from the supersonic to the subsonic regime. During the reentry phase, the 
UHTC tip was exposed to about 9 MW/m2 heat flux and the whole capsule sustained 
more than 40 g deceleration. The fracture of UHTC tip was triggered by a small defect 
introduced during machining of the component or during the last ground tests. On the 
basis of the recovered UHTC parts, extensive analyses of the mechanism of failure and 
its possible causes were performed. Two kinds of fractures were identified: the main one 
caused the loss of extreme tip and the secondary one resulted in a division of the recov-
ered ceramic piece into three separated fragments. Both fractures seem to have occurred 
at the bottom hole, manufactured by EDM, in which the thermocouples were located. In 
Figure 16.7, the fracture surface of the nose tip with all fractographic findings and the 
hole for thermocouples are shown.

Figure 16.7.  Fracture surface of SHARK Nose tip wherein the three separated fragments are 

also indicated.
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16.6  Future Work

The most CIRA research activities on UHTCs were focused on increasing fracture 
resistance. This goal will be achieved by employing ZrB

2
-based composites 

reinforced by discontinuous SiC whiskers or SiC fibers. Starting from laboratory 
scale, addition of up to 15 vol% fibers to ZrB

2
 is being studied to evaluate the impacts 

on sintering process, mechanical properties, and oxidation resistance. Interesting 
preliminary results drove CIRA to use reinforced ZrB

2
-SiC chopped fibers compos-

ites in the manufacturing of subsequent prototypes and, following the experience 
gained within the ESA project EXPERT, CIRA has designed, manufactured, and 
installed two UHTC winglets as passenger payload onto a free-flying scramjet 
(SCRAMSPACE), a project led by the University of Queensland (Australia),  which 
flew in September 2013.

In parallel, CIRA is also developing and improving the features and the capabilities 
of UHTC coatings produced by plasma spray. Coatings are deposited on metals using 
metallic interlayers with the aim to permit use of metal alloys in the most severe ther-
modynamic conditions and at higher temperatures.
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